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Preface 


The  Third  European  Conference  on  Silicon  Carbide  and  Related  Materials  (ECSCRM2000), 
held  September  3-7,  2000  in  Kloster  Banz,  Germany,  developed  into  a  truly  important  forum 
in  the  field  of  wide  bandgap  semiconductors.  All  continents  -  some  320  participants  from  21 
different  countries  -  were  represented  and  15  exhibitors  maintained  booths  and  demonstrated 
the  increasingly  industrial  interest  in  and  the  economic  impact  of  the  wide  bandgap 
semiconductors.  Scientists  from  Universities  and  Industry  discussed  the  exciting  progress  in 
the  fields  of  SiC  and  El-Nitrides.  Many  young  scientists  have  been  among  the  participants; 
they  are  regarded  as  the  guarantee  to  successfully  solve  the  forthcoming  tasks. 

These  proceedings  reveal  the  present  experimental  and  theoretical  knowledge  on  the  growth 
of  bulk  crystals  and  epitaxial  layers,  the  mechanical,  thermal  and  electronic  properties  of  the 
grown  material,  the  development  of  suitable  processes  and  electronic  devices,  which  will  have 
a  profound  effect  on  society’s  ability  to  better  utilize  its  strategic  resources  in  the  future. 

Contained  in  these  proceedings  are  184  contributed  and  10  invited  papers.  The  Program 
Committee  recommended  to  avoiding  parallel  sessions,  to  put  emphasis  on  plenary  sessions 
and  to  make  the  poster  sessions  as  comfortable  as  possible.  Based  on  these  recommendations, 
three  plenary  sessions  and  two  extended  poster  sessions,  which  attracted  intensive  discussions, 
were  organized.  In  addition,  emphasis  on  the  strengthening  of  the  interaction  between 
scientists  from  Universities  and  Industry  has  been  facilitated  by  organizing  events  like  the 
’’Defect  Forum”  and  the  session  on  ’’Special  Industrial  Contributions”.  Social  events  (the 
Opening  and  Get-Together,  the  Conference  Banquet  in  the  wine  cellar  of  the  Staatliche 
Hofkellerei  in  Wurzburg  and  the  Barbecue  Party)  provided  good  opportunities  to  trigger  and 
to  stengthen  personal  ties  amongst  this  international  group  of  researchers. 

The  success  of  ECSCRM2000  was  due  to  a  smooth  team  work  by  many  committed  people. 
The  Steering  Committee  made  many  valuable  proposals  regarding  the  scientific  content  of  the 
conference,  the  Program  Committee  has  carefully  reviewed  and  selected  the  scientific 
contributions  and  put  together  the  technical  program.  The  session  chairmen  took  care  that  the 
oral  presentations  ran  smoothly  and  on  time.  All  the  reviewers  deserve  great  appreciation  for 
carefully  reading  the  manuscripts  during  the  conference  to  guarantee  a  high  scientific  standard 
of  the  proceedings. 

An  outstanding  portion  of  the  success  was  due  to  the  careful  assistance  and  the  enthusiasm  of 
the  members  of  the  local  Organizing  Team;  we  wish  to  thank  Michel  Bockstedte,  Kai 
Christiansen,  Florin  Ciobanu,  Thomas  Frank,  Jurgen  Gajowski,  Hans  HeiBenstein,  Oliver 
Klettke,  Michael  Krieger,  Michael  Laube,  Gabi  Loy,  Alrun  Pensl,  Horst  Sadowski,  Konrad 
Schneider,  Norbert  Schulze,  Kurt  Semmelroth,  Achim  Seubert,  Ulrich  Starke  and  Michael 
Weidner.  We  would  especially  like  to  express  to  Gabi  Loy  our  deepest  appreciation  for  her 
expert  leadership  in  all  the  financial  affairs  and  in  organizing  the  registration  and 
accomodation  for  the  participants.  In  many  hopeless  situations,  Gabi  never  lost  track  of  things 
and  always  discovered  an  optimal  solution.  We  are  very  grateful  to  Michael  Krieger,  who 
developed  the  computer  program  for  the  complete  organization  of  the  conference,  to  Michael 
Laube,  who  designed  and  took  care  of  the  outstanding  home  page  on  the  internet,  to  Thomas 
Frank,  Oliver  Klettke  and  Michael  Weidner  for  their  dedicated  help  in  preparing  the 
manuscripts  for  the  Conference  Proceedings.  Last  but  not  least  we  would  like  to  thank 
Michael  Moslein  and  Lucia  Giefi  of  the  Hanns-Seidel-Stiftung  for  their  professional 


commitment  to  creating  an  elevating  atmosphere  and  for  taking  care  of  all  the  organizational 
matters  at  Kloster  Banz. 

The  generous  support  of  the  many  industrial  and  government  sponsors  enabled  the  organizers 
to  provide  funding  for  young  scientists  and  for  participants  from  Eastern  European  countries 
and  to  keep  the  conference  fee  at  an  affordable  level. 

The  next  conference  in  this  series  will  move  to  the  nothem  part  of  Europe.  It  will  be  held  in 
Linkoping,  Sweden  in  2002.  General  Chairman  will  be  Prof.  Erik  Janzen.  We  wish  the 
organizers  of  the  next  conference  much  success. 


Erlangen,  November  2000 


Gerhard  Pensl 
Dietrich  Stephani 
Martin  Hundhausen 
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Abstract.  Realization  of  the  full  potential  of  semiconductor  SiC  for  electronic  and  optical 
applications  is  critically  dependent  on  the  production  of  large  diameter  SiC  single-crystals  of  high 
crystalline  quality  and  controlled  impurity  content.  In  this  paper,  recent  empirical  results  reflecting 
the  current  state  of  the  art  of  SiC  bulk  growth  are  presented.  Recent  progress  in  monocrystalline  SiC 
bulk  crystal  growth  is  characterized  by  the  attainment  of:  substrate  diameters  up  to  100-mm; 
residual  impurities  in  the  1015  cm'3  range;  thermal  conductivity  approaching  5.0  W/cmK;  near 
colorless  6H-SiC  at  crystal  diameters  up  to  75-mm;  and  micropipe  densities  as  low  as  1.1  cm'2  over 
an  entire  50-mm  diameter  4H-SiC  wafer  and  8  cm'2  for  75-mm  diameter  6H-SiC.  Additionally,  the 
recent  interest  in  SiC  for  the  production  of  a  unique  near  colorless  gemstone  material,  moissanite, 
increases  the  demand  for  high  quality  SiC  bulk  material. 

Introduction 

Within  the  last  several  years  SiC  semiconductor  device  technology  for  electronic  and  optoelectronic 
applications  has  made  tremendous  progress  resulting  primarily  from  the  commercial  availability  of 
SiC  substrates  of  ever  increasing  diameter  and  quality.  Examples  of  current  state  of  the  art  devices 
exploiting  the  unique  electrical  and  thermophysical  properties  of  silicon  carbide  include  [1]:  high 
brightness  blue  and  green  InGaN-based  LEDs  which  take  full  advantage  of  the  electrical 
conductivity  of  the  SiC  substrate  by  employing  a  conductive  AlGaN  buffer  layer;  microwave 
MESFETs  on  semi-insulating  4H-SiC  substrates  with  power  densities  as  high  as  4.6  W/mm  at  3.5 
GHz  and  total  CW  output  power  of  80  W  at  3.1  GHz  from  a  single  chip;  12.3  kV  p-i-n  diodes 
fabricated  on  high  quality  SiC  epitaxial  layers;  thyristors  conducting  12  A  at  6.5  V  with  2600  V 
blocking  voltage;  and  GaN/ AlGaN  HEMTs  fabricated  on  semi-insulating  SiC  substrates  with  power 
density  of  6.9  W/mm  at  10  GHz.  Throughout  the  technical  evolution  of  semiconductor  SiC,  the 
fabrication  of  SiC  crystals  exhibiting  the  desired  electrical  and  crystalline  properties  has  played  a 
central  role  in  the  realization  of  the  full  potential  of  this  important  semiconductor  material.  This 
paper  gives  an  overview  of  the  current  state  of  the  art  of  bulk  SiC  growth  at  Cree,  Inc.  by 
highlighting  recent  advances  in  the  fabrication  of  large  diameter  SiC  crystals  of  improved  quality. 

Diameter  Enlargement 

6H  and  4H-SiC  single  crystals  are  grown  using  the  technique  of  physical  vapor  transport  (PVT)  via 
seeded  sublimation.  This  technique  has  been  recently  reviewed  [2]  and  is  currently  the  preferred 
method  for  the  bulk  growth  of  monocrystalline  SiC.  Production  volumes  of  6H  and  4H-polytypes 
are  now  available  at  diameters  up  to  75-mm.  Increasing  the  wafer  diameter  is  crucial  for  reducing 
the  cost  of  SiC  devices  through  economies  of  scale  and  the  use  of  Si  or  GaAs  device  fab  equipment. 
SiC  substrate  development  has  been  characterized  by  the  continuous  increase  in  crystal  diameter 
from  less  than  25-mm  in  the  early  part  of  this  decade  to  crystals  with  diameters  up  to  100-mm,  first 
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announced  in  1999  [3].  Figure  1  illustrates  the  increase  in  wafer  diameter  for  4H-SiC  R&D  wafers 
grown  at  Cree,  Inc.  since  1992.  Early  R&D  prototype  75-mm  diameter  wafers  suffered  from 
excessive  low-angle  grain  boundaries,  near  the  wafer  periphery.  This  problem  was  later 
circumvented  allowing  extension  of  the  PVT  technique  to  the  fabrication  of  fully  single-crystal 
substrates  with  diameters  up  to  100-mm,  as  shown  in  Figure  2.  Crack-free  growth  of  large  diameter 
SiC  crystals  requires  increased  attention  to  system  design  and  optimization  of  the  thermal 
distribution  in  the  growth  environment  to  minimize  excessive  mechanical  and  thermoelastic  stresses 
[2].  This  significant  development  in  wafer  enlargement  represents  a  major  step  toward  bringing  SiC 
to  parity  with  III-V  compound  semiconductors,  such  as  GaAs,  in  available  wafer  area  for  device 
fabrication. 


Figure  1.  Increase  in  R&D  4H-SiC  wafer 
diameter  vs.  year  at  Cree,  Inc. 


4  0  '>()  r>o  10  ftO  90  100 

Figure  2.  100  mm  6H  SiC  wafer 


Defects 

In  parallel  with  efforts  to  enlarge  crystal  diameter,  efforts  have  been  directed  toward  improvement  in 
overall  crystal  perfection.  These  improvements  have  focussed  on  reduction  of  stress,  reduction  in 
micropipe  density,  and  the  elimination  of  low  angle  boundaries.  The  significant  overall  quality 
improvement  of  75-mm  diameter  4H-  and  6H-SiC  wafers  is  illustrated  in  Figure  3  where  the 
reduction  of  stress  birefringence  in  recent  wafers  is  compared  to  earlier  75-mm  wafers.  Micropipe 
defects  occurring  to  varying  extent  in  all  SiC  wafers  produced  to  date  are  seen  by  many  as 
preventing  the  commercialization  of  many  types  of  SiC  devices,  especially  high  current  power 
devices.  The  dislocation  content  of  micropipes  is  indicated  by  the  existence  of  growth  spirals 
originating  from  micropipes,  characteristic  stress  patterns  around  micropipes  visible  in  stress 
birefringence  [4]  and  by  the  results  of  synchrotron  white  beam  X-ray  topography  (S  WBXT) 
experiments  [5]  and  their  interpretation  based  on  kinematical  diffraction  theory  [6].  Mounting 
evidence  supports  the  Frank-model  of  hollow  dislocation  cores  which  allows  a  quantitative 
correlation  of  the  micropipe  radius  with  the  Burgers  vector  of  a  screw  dislocation  associated  with 
the  pipe  [7].  Regardless  of  the  various  fundamental  and  technological  reasons  for  micropipe 
formation,  we  have  identified  empirically  several  mechanisms  or  combination  of  mechanisms 
causing  micropipes  in  SiC  boules  grown  by  the  seeded  sublimation  method.  Our  investigations  have 
resulted  in  a  steady  decrease  in  the  micropipe  density  over  the  past  several  years  indicating  that 
micropipes  may  be  totally  eliminated  in  the  next  few  years.  The  analysis  of  KOH  etched  4H-SiC 
wafers  from  low  micropipe  density  4H-SiC  boules  has  determined  micropipe  free  material  at  a 
diameter  of  25-mm  and  densities  as  low  as  1.1  cm'2  for  an  entire  50-mm  diameter  wafer,  suitable  for 
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Figure  3.  Quality  improvement  of  75-mm  4H-SiC  substrates  as  indicated  by  stress  birefringence:  a) 
early  R&D  wafer,  b)  recent  wafer. 


the  production  of  large  area  devices.  In  addition,  we  have  recently  produced  75-mm  diameter  6H- 
SiC  wafers  with  micropipe  densities  as  low  as  8  cm 2  over  the  entire  75-mm  diameter  (Figure  4). 

Even  more  important  than  the  “best”  wafer  results  are  trends  in  production  averages  for 
micropipe  densities.  Figure  5  shows  the  rapid  improvement  in  micropipe  density  for  Cree’s 
production  4H-SiC  wafers  during  the  time  period  when  production  was  being  transitioned  from  35 
mm  to  50 -mm  diameter  wafers. 


Figure  4.  75-mm  diameter  KOH-etched  6H-SiC 
wafer  with  micropipe  density  of  8  cm'2. 


Figure  5.  Trend  in  average  MPD  for  production 
4H-SiC  wafers  during  transition  from  35-mm 
diameter  to  50-mm. 


Concomitant  with  the  growth  of  large  diameter  crystals  is  the  tendency  of  the  crystal  to  form 
low  angle  boundaries  near  the  crystal  periphery  which  occur  under  non-optimized  process 
conditions.  In  SiC  substrates,  low  angle  boundaries  are  visible  as  linear  crystallographic  features 
extending  radially  inward  from  the  wafer  edge  and  generally  following  low-index  crystal  planes. 
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They  may  sometimes  extend  through  the 
entire  thickness  of  the  wafer.  Recent  work 
has  resulted  in  a  dramatic  reduction  in  these 
defects  to  <  3  with  a  length  of  <  3  mm  each 
for  production  50-mm  wafers  (Figure  6), 
while  they  are  totally  eliminated  in  our 
current  R&D  wafers  up  to  diameters  of  100- 
mm.  Superimposed  on  the  micropipe 
distribution  in  etched  wafers  is  an  additional 
Figure  6.  Elimination  of  low  angle  boundaries  in  large  distribution  of  shallow  etch  pits  at  densities 
diameter  SiC  substrates:  a)  early  wafer,  b)  current  wafer,  typically  in  the  104  cm'2  range,  associated 

with  the  general  dislocation  background  in 
the  wafer.  The  radial  distribution  of  etch  pits  across  the  crystal  diameter  exhibits  a  characteristic  W- 
pattem  (Figure  7).  This  spatial  variation  is  consistent  with  predictions  of  the  radial  dependence  in 
resolved  shear  stress  stemming  from  excess  thermoelastic  stresses  during  growth  [2].  These  results 
suggest  that  thermal  stresses  play  a  key  role  in  the  generation  of  dislocations  during  SiC  growth. 


Figure  7.  a)  Radial  dependence  of  the  resolved  shear  stress  in  the  (0001)<1 12  0>  glide  direction  as  a 
function  of  distance  from  the  growth  interface  (z=0);  b)  Radial  variation  of  the  local  etch  pit  density  within 
areas  of  949  pm  x  714  pm  on  a  6H-SiC  wafer. 
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Abstract :  4H-SiC  ingots  with  diameter  up  to  30mm  were  grown  by  the  Modified  Lely  Method.  A  combined 
approach  of  this  sublimation  technique,  involving  heat  transfer  modeling  and  experimental  results  is 
presented.  Different  geometric  modifications  of  the  reactor  and  process  parameter  are  studied.  Their  relation 
with  defect  occurrence  and  polytype  change  are  discussed.  Calculations  show  that  the  modifications  have  an 
influence  on  the  radial  and  axial  temperature  differences  inside  the  growth  cavity.  It  results  from  a 
combination  of  experiments  and  calculations  that  the  material  characteristics  are  sensitive  to  small  parameter 
variations,  and  that  they  can  be  deteriorated  by  minor  variations  compared  to  the  working  temperatures. 

1.  Introduction 

Significant  improvements  in  both  SiC  wafer  size  and  quality  are  still  necessary  to  achieve  its  full  potential 
for  high  power,  high  frequency  and  high  temperature  applications.  A  better  understanding  of  the  SiC 
sublimation  growth  technique  has  to  be  pursued  to  improve  the  material  quality.  The  purpose  of  this  study  is 
to  propose  some  correlations  between  the  ingots  features  and  the  process  parameters  by  combining 
fabrication,  characterization  and  process  modeling.  In  a  first  part,  the  experimental  set-up  and  modeling  of 
the  sublimation  growth  process  will  be  briefly  described.  In  a  second  part,  different  geometric  modifications 
of  the  reactor  and  process  parameters  will  be  studied.  Their  relations  with  defect  occurrence  and  polytype 
change  are  presented.  Combining  process  modeling,  fabrication  and  characterization  allows  to  quantify  the 
impact  of  these  design  and  parameters  modifications  on  the  material  quality. 

2.  Experimental  set-up  and  modeling 

4H-SiC  ingots  with  diameter  up  to  30mm  have  been  grown  by  the  Modified  Lely  method  [1].  The 
experimental  configuration  of  the  reactor  has  previously  been  described  in  [2].  The  crucible  is  heated  by 
electromagnetic  induction.  It  is  surrounded  by  a  thermal  insulating  graphite  foam  which  is  fitted  with  holes  at 
the  top  and  the  bottom,  thus  allowing  pyrometric  measurements.  The  growth  occurs  by  transport  of  SiC 
vapour  species  from  the  powder  surface  to  the  seed  surface.  Values  of  the  temperatures  measured  by  a 
pyrometer  at  the  top  of  the  crucible  vary  from  2273  to  2473K  in  our  experiments.  The  growth  takes  place  in 
an  inert  atmosphere  of  argon  with  pressure  ranging  from  2  to  10  Torr  depending  on  the  experiment.  The 
modeling  of  the  SiC  sublimation  growth  has  been  undertaken  on  the  basis  of  this  experimental  configuration. 
The  temperature  distributions  inside  the  crucible  are  calculated  by  heat  transfer  simulation  [3,4].  Heat 
transfer  simulation  includes  conduction,  convection,  radiation  and  induction  heating  as  well  as  the  heats  of 
crystallization  and  sublimation  at  the  crystal-vapour  and  source-vapour  interfaces.  Some  correlations 
between  the  ingots  features  and  calculated  temperature  gradients  inside  the  deposition  cavity  are  proposed. 

3.  Results  and  discussion 

3.1.  Influence  of  the  radial  temperature  difference 

A  graphite  foam  is  always  used  around  the  crucible  to  ensure  a  good  thermal  insulation.  Some  experiments 
have  been  conducted  with  two  different  insulating  foam  thicknesses.  The  other  parameters  for  both  kinds  of 
experiments  were  kept  the  same.  Processes  that  have  been  carried  out  with  a  reduced  foam  thickness 
(reduction  of  about  30%  compared  to  the  stabilised  process)  have  led  to  crystals  displaying  the  same 
characteristics  :  the  single  crystal  initially  grows  with  the  4H  polytype  and  then  switches  to  the  6H  polytype. 
The  vertical  slice  of  such  a  crystal  is  presented  in  Fig.l : 
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6H  polycrystalline, 
always  present  all 
around  our  4H 
single  crystals 


Figure  1:  Vertical  slice 
of  a  single  crystal 
displaying  4H  to  6H 
polytype  switching 


By  only  increasing  the  insulating  material  thickness  by  about  40%,  the  4H  polytype  has  been  stabilised 
again.  The  effect  of  the  insulating  material  thickness  has  been  simulated.  The  results  are  presented  in  Fig.2. 
By  increasing  the  thickness  of  about  40%,  the  heat  transfer  simulation  predicts  a  decrease  of  the  radial 
temperature  difference  along  the  seed  (25mm  in  diameter)  of  about  30%.  It  drops  from  60  K  with  a  poor 
insulation  to  40  K  in  the  second  case.  These  results  indicate  that  a  small  increase  of  the  radial  temperature 
difference  (in  comparison  with  the  working  temperature)  is  sufficient  to  change  the  growth  mode  and 
strongly  deteriorate  the  material.  Seed  region 


Gas  phase  -  Gas  phase 


. r _ 

l;  / 

\  V 

Powder 

-  Powder  ~ 

— 

\ 

Figure  2 :  Heat  transfer 
modeling  showing  the  influence 
of  an  increase  of  the  thermal 
insulation  thickness  (right  part) 


Some  hypothesis  can  be  given  to  explain  why  the  growth  has  switched  from  a  4H  polytype  to  a  6H  polytype. 
One  of  them  may  be  that  the  increase  of  the  radial  temperature  difference  gives  rise  to  an  increase  of  the 
lateral  growth  rate  component.  The  6H  polytype  is  always  present  around  the  growing  4H-single-crystal  in 
our  configuration.  It  can  reach  the  edge  of  the  seed,  and  finally  continue  to  grow  by  the  step  flow  growth 
mechanism.  The  occurrence  of  the  6H  polytype  and  its  reproduction  by  step  flow  growth,  lead  to  the 
formation  of  a  0°/(0001)  interface  between  the  4H  and  6H  polytype,  as  seen  in  Fig.  1  and  as  explained  in  Fig. 
3.  Another  explanation  could  be  the  following:  the  increase  of  the  lateral  growth  rate  component  can  give 
rise  to  a  strong  “step  bunching”  mechanism,  leading  to  the  formation  of  a  large  terrace  corresponding  to  the 
basal  plane.  The  original  misorientation  being  lost,  the  process  of  4H  polytype  reproduction  by  step  flow 
growth  becomes  strongly  limited.  In  this  case,  and  if  the  growth  conditions  (pressure,  temperature,  Si/C 
ratio..)  near  the  surface  are  propitious,  nucleation  of  6H  polytype  can  take  place  on  the  basal  plane  [5]. 

6H  occurrence  ^ 

4H  seed :  on  an  edge  3 

8°  off  axis  1  the  4H  single  Elementaiy  cellular 

crystal  0°  containing  according 

4H  step  2  6H  step-flow  interface  to  the  c  axis,  the 

flow  growth  growth - 4  stacking  sequence  to 

reproduce 

Figure  3  :  Formation  of  the  6H  polytype  and  0°  interface 
3.2.  Influence  of  the  axial  temperature  difference 

The  hole  in  the  graphite  foam  at  the  top  of  the  crucible  is  known  to  have  a  strong  influence  on  the  axial 
temperature  difference  [4].  A  relationship  between  the  hole’s  modification  and  the  defect  occurrence  in 
terms  of  secondary  inclusions  has  been  established.  The  SiC  boules  generally  contain  two  kind  of  inclusions: 
graphite  inclusions,  and  inclusions  which  looks  like  droplets,  usually  associated  in  the  publications  with 
silicon  droplets.  Their  density  is  characterized  by  image  analysis  techniques.  Numerous  experiments  show 
that  the  inclusion  density  (graphite  particles  and  droplets)  is  about  ten  times  higher  when  both  the  hole 
diameter  in  the  insulating  material  at  the  top  of  the  crucible  is  increased  by  about  15%,  and  the  growth 
temperature  is  decreased  by  100  K  (measured  by  pyrometers  at  the  top  of  the  system).  Simulations  have  been 
carried  out  in  order  to  quantify  the  differences  resulting  from  these  modifications,  the  other  parameters  being 
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the  same.  The  results  are  presented  in  Fig.  4  for  different  diameter  of  the  pyrometer  hole.  Simulation  predicts 
that  the  axial  temperature  difference  is  increased  by  40%  (90  K  to  130  K  between  the  seed  and  the  powder 
surface  separated  from  20mm)  with  this  experimental  modification.  Once  again,  one  can  notice  that  a  small 
temperature  variation  inside  the  cavity  (in  comparison  with  the  working  temperature)  can  strongly  influence 
the  defect  density. 

A  T  u:„u  •  I  I 

Figure  4  :  Influence 
of  the  diameter  of  the 
hole  used  for 
pyrometric 

measurements  on  the 
temperature  of  the 
different  part  of  the 
reactor  along  the 
svmmetrv  axis 


y 

r 
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Graphite  particles  and  silicon  droplets  probably  come  from  two  different  mechanisms:  graphite  particles 
occurrence  is  most  likely  related  to  a  “mechanical  effect”,  whereas  silicon  droplets  occurrence  is  most  likely 
related  to  physico-chemical  phenomena.  The  inertia  force  corresponding  to  the  interfacial  fluxes  (Stefan 
flow)  can  be  exerted  on  fine  graphite  particles  coming  from  the  crucible  and  from  the  source.  It  can  be 
sufficient  to  overcome  the  gravity.  By  this  way,  they  can  be  incorporated  into  the  growing  crystal.  The 
magnitude  of  this  flow  is  directly  proportional  to  the  growth  rate  which  is  in  its  turn  linked  to  the  axial 
temperature  difference.  This  “mechanical  effect”  can  explain  the  increase  of  the  graphite  particle  density 
when  the  axial  temperature  difference  is  increased.  Equilibrium  thermodynamic  calculations  have  shown  that 
a  temperature  difference  can  cause  the  formation  of  silicon  droplets[3].  It  shows  that  condensation  of  silicon 
droplets  is  possible  and  that  it  is  favoured  by  a  high  axial  temperature  difference.  An  investigation  on 
graphite  and  silicon  inclusions  occurrence  is  also  presented  by  Hofmann  et  al.  in  Ref  [6].  According  to  the 
authors,  unstable  growth  conditions  (i.e.  with  inclusions)  can  be  predicted  for  a  temperature  gradient  of 
AT/AZ^OK.cm'1,  with  a  process  temperature  of  2500  K.  A  concept  of  constitutional  supersaturation  is 
considered  (CS)  for  silicon  droplets  occurrence  [6]. 


3.3.  Evolution  during  a  growth  run 

Crystal  growth  is  mainly  controlled  by  the  temperature  distribution  inside  the  cavity.  As  previously 
discussed,  the  material  quality  is  strongly  dependant  on  the  temperature  gradients.  The  thermal  field  changes 
during  the  sublimation  growth  of  the  crystal :  the  distance  between  the  source  and  the  crystal  surface  changes 
and  the  properties  of  the  SiC  powder  are  also  modified.  An  experiment  has  been  carried  out  in  order  to  get 
information  on  these  evolutions.  The  ciystal  has  been  marked  by  nitrogen  injections  every  10  hours  during  a 
growth  run  of  62  hours.  The  growth  rate  calculated  from  the  doping  marks  changes  from  0.30  mm/h  to  0.18 
mm/h  between  the  beginning  and  the  end  of  the  process.  The  decrease  of  the  growth  rate  with  increasing  the 
growth  duration  is  also  reported  in  the  literature  [7].  One  can  also  observe  from  the  doping  marks,  the 
evolution  of  the  growth  front  shape  during  time.  Based  on  this  result,  the  simulation  gives  a  quantification  of 
the  evolution  of  the  axial  temperature  difference  inside  the  cavity  and  inside  the  crystal  (see  Fig.5). 


K 

1=2650 

Figure  5:  temperature 

distribution  at  the  end  of  the 

5=  2690 

growth  (on  the  left)  and  at  the 

10=2740 

beginning  (on  the  right) 

15=2790 

Inside  the  cavity,  the  simulation  shows  that  the  axial  temperature  difference  decreases  from  80K  to  40K 
between  the  beginning  and  the  end  of  the  growth.  This  decrease  of  the  axial  temperature  difference  inside  the 
cavity,  and  therefore  the  decrease  of  the  growth  rate,  involves  a  gradual  decrease  of  the  inclusions  density. 
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This4  may  be  the  result  of  the  lowering  of  the  Stefan  flow  for  graphite  particles  and  of  the  Si/C  ratio  for 
silicon  inclusions.  Fig.  6  presents  the  inclusions  density  calculated  by  image  analysis,  versus  the  substrate 
position  along  the  crystal.  The  inclusions  density  are  calculated  from  the  centre  of  each  substrates 
corresponding  to  different  positions  along  the  crystal,  from  the  seed  region  to  the  crystal  surface.  Results  are 
presented  for  four  crystals  fabricated  in  different  experimental  conditions. 


x 

Substrate  near  the  seed 


— *■  Crystal  1 
Crystal  2 

— + 

Crystal  3 

^2  Crystal  4 
Substrate  near  the  crystal  surface 


Figure  6  :  Inclusions  density 
versus  the  crystal  length 


As  shown  in  Fig.  6,  the  material  quality  is  gradually  improving  during  growth  in  terms  of  inclusions  density. 
The  decrease  of  the  growth  rate  should  also  involve  a  gradual  improvement  of  the  material  quality  in  terms 
of  crystalline  quality.  Stresses  linked  to  the  growth  itself  are  expected  to  be  weaker  for  lower  growth  rate. 
But  one  must  also  take  into  account  the  thermo- elastic  component  of  the  stresses.  The  increase  of  the 
temperature  gradient  inside  the  growing  crystal  leads  to  more  and  more  important  thermo-elastic  stresses  [7]. 
We  have  undertaken  topographic  analysis  at  the  ESRF  to  gain  information  on  the  stress  pattern  along  entire 
ingots.  Many  ingots  have  been  observed  by  X-Ray  topography  in  transmission  with  vertical  and  horizontal 
slices.  Most  of  the  time,  we  have  noticed  a  better  crystalline  quality  in  the  centre  of  the  boules  (lighter 
regions  in  Fig.7).  The  darker  regions  are  essentially  observable  at  the  edge  of  the  boule  and  at  the  beginning 
of  the  growth  (Fig.7).  However  it  is  very  difficult  to  conclude  on  the  evolution  of  the  crystalline  quality 
during  growth  as  many  reasons  can  explain  the  formation  of  stress  and  misoriented  areas  (reproduction  from 
the  substrate,  instabilities  at  the  initials  steps  of  the  growth,  crystal  enlargement...). 


Figure  7  :  as-grown  ingot  observed  by  X-ray  topography  in  transmission;  vertical  slice,  (seed  region  at  the 
top  of  the  image;  crystal’s  surface  at  the  bottom). 


4.  Conclusion 

By  combining  experimental  and  simulation  results,  we  have  given  examples  of  correlation  between  material 
quality  and  macroscopic  fields  simulated  inside  the  cavity.  These  first  results  show  how  the  material 
characteristics  are  sensitive  to  small  parameters  variations,  and  how  it  can  be  deteriorated  (polytype 
switching,  droplets.. )  by  minor  variations  of  temperature  compared  to  the  working  temperatures.  This  paper 
also  show  a  constant  compromise  between  growth  rate  and  material  quality.  Concerning  graphite  inclusions, 
silicon  droplets,  or  even  polytype  stability,  better  results  are  obtained  when  decreasing  the  axial  and  radial 
temperature  gradients,  in  detriment  of  the  growth  rate. 
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Abstract 

We  have  investigated  the  impact  of  morphological  changes  of  the  source  material  during 
physical  vapor  transport  growth  of  silicon  carbide  on  the  crystal  growth  process,  i.e.  global 
temperature  field  and  vapor  transport  between  source  material  and  crystal,  has  been  studied.  Digital 
x-ray  imaging  was  performed  for  monitoring  of  the  ongoing  processes  inside  the  SiC  source 
material.  Numerical  modeling  was  carried  out  to  study  the  effect  on  the  crystal  growth  process. 
Three  different  SiC  sources  with  varying  grain  size  were  investigated.  While  the  SiC  source 
material  undergoes  fundamental  transitions  during  growth  (i.e.  evolution  from  powder  to 
compressed  SiC  block)  it  is  found  that  the  global  growth  process  is  more  stable  than  one  would 
expect.  A  key  role  is  played  by  a  condensed  disk  like  structure  on  top  of  the  source  material  which 
is  present  for  all  SiC  sources. 

Introduction 

Physical  vapor  transport  (PVT)  growth  is  currently  the  most  feasible  technique  for  the 
preparation  of  silicon  carbide  (SiC)  bulk  crystals  and  wafers  for  commercial  applications.  Usually 
the  growth  is  carried  out  in  an  inductively  heated  graphite  crucible  at  elevated  temperatures 
(T=2200°C...2400°C)  [1-4].  The  crystal  quality  (i.e.  low  defect  density,  homogenous  doping,  etc.) 
is  known  to  depend  sensitively  on  the  temperature  field  inside  the  growth  cell.  In  this  paper  we  will 
investigate  the  impact  of  the  SiC  source  material  and  its  morphological  changes  during  growth  on 
the  temperature  field  and  vapor  transport.  The  analysis  is  based  on  an  interchange  of  experimental 
monitoring  of  the  morphological  changes  during  growth  time  and  numerical  modeling  of  the 
corresponding  heat  transfer  processes  and  the  mass  transfer  between  source  and  crystal  seed.  For 
this  reason  different  SiC  sources  with  varying  grain  size  have  been  studied.  Finally,  the  impact  of 
the  temporal  evolution  of  the  SiC  source  material  on  the  global  growth  process  is  discussed. 

Experiments 

We  have  grown  6H  SiC  single  crystals  using  the  PVT  method  at  about  T=2200°C...2400°C.  The 
typical  single  crystal  diameter  was  35mm. ..40mm  and  the  micropipe  density  was  below  200cm  . 
We  have  studied  three  different  SiC  sources.  Source  A  was  a  fine  SiC  powder  with  a  grain  size 
<5pm  and  source  B  contained  SiC  powder  with  grains  of  10pm. ..50pm  in  size.  Source  C  was  built 
out  of  macroscopic  SiC  pieces  with  a  size  in  the  range  of  5mm. ..20mm.  All  sources  were 
synthesized  from  elemental  high  purity  Si  and  C  in  our  lab.  The  evolution  of  the  SiC  source 
material,  i.e.  its  consumption  and  morphological  changes  (density,  grain  size,  etc.)  during  growth 
time,  was  monitored  using  the  digital  x-ray  imaging  technique  which  has  been  described  in  detail  in 
[5,6].  From  the  x-ray  image  contrast  it  is  possible  to  determine  the  average  density  of  the  source 
material  [6].  The  x-ray  image  pattern  is  a  measure  of  the  granular  structure  and  allows  the 
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estimation  of  the  SiC  powder  grain  size.  Both,  the  average 
density  and  the  grain  size,  determine  the  porosity  of  the  source 
material.  The  porosity  is  one  of  the  fundamental  parameters  of 
the  effective  heat  conductivity  in  a  porous  media  and  serves  as 
input  parameter  for  numerical  modeling  of  the  heat  transfer  in 
the  SiC  source  material. 


Numerical  modeling 

Numerical  modeling  of  the  global  temperature  field  was 
carried  out  taking  into  account  heat  transfer  by  conduction, 
radiation  and  convection  [7].  To  account  for  its  morphological 
changes  the  SiC  source  was  divided  into  three  blocks:  (i)  disk 
A, 


SiC  consumption/graphitization  area 

Fig.  1:  Calculated  temperature  field 


inside  PVT  growth  cell.  The  SiC  source 
has  been  divided  into  3  blocks:  SiC 
source  disk,  SiC  source  core  and  SiC 
consumption/  graphitization  area. 


like  structure  on 
top  of  the  source, 

(ii)  core  part  and 

(iii)  graphitiza¬ 
tion  area  close  to 
the  crucible  walls  (Fig.  1).  Data  from  Kitanin  et  al.  [8] 
and  Muller  et  al.  [9]  were  used  to  correlate  the  various 
morphological  in  the  distinct  source  areas  (determined 
in  the  experiment)  with  an  effective  thermal 
conductivity  which  acts  as  input  parameter  for  the 
numerical  model.  The  calculation  of  the  SiC  vapor 
flow  between  SiC  source  and  seed  were  carried  out 
using  a  model  which  included  mass  transfer  and 
surface  chemistry  of  the  Si-  and  C  containing  gas 
species  (i.e.  Si,  Si2C,  SiC2)  [7]. 


Results  and  discussion 

Fig.  2  illustrates  the  morphology  of  the  three  SiC 
sources  (source  A  -  <5 pm  SiC  powder,  source  B  - 
10pm.. .50pm  SiC  powder,  source  C  -  5mm. ..20mm 
SiC  pieces)  after  8  hours  of  growth  using  the  digital  x- 
ray  imaging  technique.  In  all  three  cases  the  formation 
of  a  needle  like  disk  is  observed  on  top  of  the  source. 
An  analysis  of  the  x-ray  image  contrast  indicated  a 
compression  of  the  disk  of  source  A  and  B  (both 
powder  sources  with  large  porosity)  by  a  factor  of 
about  2  in  comparison  to  the  initial  source  density.  The 
average  density  of  the  core  part  of  source  A  and  B 
remained  almost  constant  during  growth  (increase  of 
about  20%),  however,  the  SiC  grain  size  rose. 
Independent  of  the  initial  grain  size  (source  A  -  <5pm 
and  source  B  -  10pm. ..50pm)  of  the  two  powder 
sources,  a  value  of  100pm. ..250pm  is  observed  after  8 
hours  of  growth.  The  average  density  and  grain  size 
determine  the  effective  thermal  conductivity  in  porous 

Fig.  2:  Comparison  of  SiC  source  morphology  of  source  A(<5pm 
SiC  powder),  source  B  (10pm... 50pm  SiC  powder)  and  source  C 
(5mm.. .20mm  SiC  pieces)  after  8  hours  of  growth  visualized  by 
x-ray  imaging. 
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media.  Recently  Kitanin  et  al.  [8]  and 
our  group  [9]  have  presented  heat 
transfer  analysis  in  porous  SiC.  We  have 
used  these  data  in  order  to  correlate  the 
experimentally  determined  evolution  of 
the  SiC  source  morphology  with  an 
effective  thermal  conductivity  which 
itself  is  used  as  input  parameter  for  the 
calculation  of  the  heat  transfer  and  hence 
temperature  field  inside  the  growth  cell. 
The  effective  heat  conductivity  of  the 
SiC  disk  and  core  was  varied  in  the 
range  of  10W/(K-m)...18W/(K-m)  and 
2W/(K-m)...8W/(K-m),  respectively.  The 
formation  of  the  disk  like  structure  of 
compressed  SiC  powder  (increased 
thermal  conductivity)  causes  an  increase 
of  the  temperature  on  top  of  the  source 
of  15K...20K  and  a  significant  reduction 
of  the  lateral  temperature  gradient  in  the 
vicinity  of  the  crucible  walls  (solid  and 
dashed  line  in  Fig  3a).  Morphological 
changes  in  the  core  part  lead  to  a  further 
increase  of  the  absolute  temperature 
value  (5K...10K)  but  without  impact  on 
the  temperature  gradient  (dashed  and 
dotted  lines  in  Fig.  3a).  The  formation  of 
a  disk  and  dens  core  in  the  SiC  powder 
source  also  increase  the  temperature  in 
front  of  the  SiC  crystal  (about  10K), 
however,  no  significant  changes  of  the  temperature  gradient  were  observed  (Fig.  3b). 

The  evolution  of  the  powder  source  into  a  compressed  SiC  block  has  a  significant  impact  on  the 
sublimation  process.  Especially  in  the  vicinity  of  the  crucible  walls  the  Si  flux  drops  and  leads  to  a 
more  homogeneous  lateral  evaporation  (Fig.  3c).  The  C/Si  ratio  of  the  gas  phase  composition  in 
front  of  the  entire  growing  SiC  crystal  rises  by  about  10%.  This  could  be  a  growth  stabilizing  factor 
in  the  case  of  4H  SiC.  Due  to  Tairov  and  Tsvetkov  [10]  the  growth  of  "hexagonal  rich"  SiC 
polytypes  (4H  SiC  versus  6H  SiC)  is  favored  for  large  C/Si  ratios  (=lower  Si  content). 

However,  in  general  it  should  be  pointed  out  that  the  morphological  changes  of  the  SiC  powder 
source  described  above  occur  mainly  in  the  initial  growth  stage  (first  3  to  8  hours)  and  could  be 
interpreted  as  "short  time"  instabilities  of  the  growth  process.  From  the  experimental  point  of  view 
it  is  basically  impossible  to  compensate  the  mentioned  temperature  (and  related  sublimation) 
changes  by  a  control  of  growth  parameters  like  RF  heating  power. 

The  average  density  of  source  C  with  macroscopic  SiC  pieces  remained  over  the  whole  growth 
time  constant  at  the  value  of  a  SiC  crystal.  Only  minor  morphological  changes  were  observed  in  the 
source  core  part;  the  macroscopic  SiC  pieces  sintered  together.  To  account  for  this  observation,  the 
effective  thermal  conductivity  for  numerical  modeling  was  chosen  as  constant  over  growth  time  and 
its  value  was  set  to  20W/(K-m)  which  is  below  25W/(K-m),  the  value  of  a  SiC  single  crystal. 

In  all  three  cases  (source  A,  B  and  C)  the  formation  a  SiC  consumption  area  close  to  the  hot 
crucible  walls  is  observed  (Fig.  2).  In  this  area  residual  graphite  is  found.  However,  it  is  of  such  a 
low  density  that  it  does  not  show  up  as  a  image  contrast.  Weighting  of  this  residual  graphite 
confirms  the  x-ray  image  analysis  that  the  total  amount  is  less  than  5%  of  the  initial  graphite  content 


Fig.  3:  (a,b)  Temperature  field  on  top  of  the  SiC  source  at  different 
morphological  stages,  (c)  Si  and  C  flow  on  top  of  the  SiC  source 
for  two  morphological  stages,  (d)  Composition  of  gas  phase  in 
front  of  SiC  crystal  growth  interface  for  two  morphological  stages 
of  the  source. 
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in  the  SiC  powder  or  SiC  pieces.  This  graphitization  area  acts  as  a  heat  transfer  insulation  (low 
effective  thermal  conductivity)  between  the  hot  crucible  walls  and  the  SiC  source  core.  The  latter  is 
confirmed  by  numerical  calculations  which  showed  that  the  temperature  field  on  top  of  the  SiC 
source  dropped  by  about  5K...10K  if  graphitization  was  considered  in  the  model  (Fig.  3a). 

Conclusions 

In  the  case  of  the  SiC  powder  source  A  (grain  size  <5 pm)  and  source  B  (grain  size 
10pm. ..50pm)  the  growth  process  is  improved  by  the  fundamental  morphological  changes  like 
formation  of  disk  structure,  compression,  etc.  due  to  a  homogenization  of  the  temperature  field  and 
SiC  sublimation  process.  Although  the  growth  regime  improves,  the  initial  growth  time  during 
which  most  of  the  morphological  changes  occur  can  be  interpreted  as  instability  for  the  seeding 
process.  From  this  point  of  view  source  C  with  macroscopic  SiC  pieces  would  be  advantageous.  For 
the  latter  the  effect  of  SiC  consumption  and  graphitization  dominates  the  evolution  of  the 
temperature  field  (T  drops).  This  "long  term"  effect  could  be  compensated  by  a  control  of  growth 
process  parameter  control,  i.e.  increase  of  rf  heating  power. 
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Abstract  The  influence  of  changes  to  the  crystal  growth  system  was  examined  by  an  experimen¬ 
tal  verification  of  results  from  numerical  simulation.  From  elementary  tests  correlation  between 
growth  defects  and  thermal  boundary  conditions  was  established.  A  significant  improvement  of 
crystal  quality  was  achieved  by  a  conversion  of  the  results  to  the  standard  growth  process. 


Introduction  The  outstanding  material  properties  of  silicon  carbide  make  it  attractive  as  substrate 
material  for  electronic  and  optoelectronic  semiconductor  devices.  Despite  the  continuous  improve¬ 
ments  of  the  growth  technique  [1-4],  that  lead  to  an  increase  in  crystal  size  and  quality,  some  re¬ 
strictions  hinder  a  faster  development.  An  indispensable  prerequisite  for  the  growth  of  high  quality 
silicon  carbide  is  the  precise  control  of  substantial  process  parameters  like  temperature  and  tempera¬ 
ture  gradients.  This  aim  is  not  easily  achieved,  however,  because  the  commonly  used  interior  parts  of 
the  growth  container  are  opaque  and  therefore  inaccessible  for  temperature  measurement  by  optical 
pyrometry.  A  recently  published  X-ray-imaging  technique  [5],  which  is  sensitive  to  the  absorption  of 
the  parts  of  the  container,  allows  in-situ  imaging  of  the  growth  process,  but  there  is  still  a  lack  of  infor¬ 
mation  about  temperature  and  temperature  distribution  inside  the  crucible.  Without  imposing  severe 
changes  to  the  system,  the  only  possibility  to  know  more  about  the  thermal  conditions  is  calculation 
by  numerical  modelling. 

Simulation  Numerical  calculations  were  carried  out  by  using  the  code  FASTEST-CVD  [6,7],  which  is 
based  on  a  finite  volume  method,  that  works  on  a  block-structured,  non-orthogonal  grid.  By  solving 
the  Maxwell-Equations,  the  Joule  heat  sources  are  calculated  in  dependence  of  the  electric  field  and 
the  electrical  resistance  of  the  materials.  The  temperature  distribution  inside  a  reactor  is  obtained  by 
the  numerical  calculation  of  heat  transfer  by  conduction,  convection  and  radiation  in  an  axis  sym¬ 
metrical  configuration.  For  this  work  emphasis  was  laid  on  the  calculation  of  heat  transfer,  whereas 
species  mass  transport,  growth  rates  and  stress  distribution  inside  the  crystals  were  not  taken  into 
account  and  remain  topics  for  our  further  investigations. 

Due  to  the  fact  that  the  thermophysical  data  for  the  interior  materials  of  the  reactor  are  insuffi¬ 
ciently  known  at  temperatures  greater  than  2000  °C,  we  carried  out  a  comprehensive  study  of  mea¬ 
sured  and  calculated  temperatures  at  two  fixed  spots  of  a  test-geometry.  With  the  information  from 
these  experiments,  the  thermophysical  data  for  the  used  materials  were  adjusted.  After  that  calcu¬ 
lations  for  a  simplified  crystal  growth  setup  were  carried  out.  The  setup  was  not  designed  for  the 
growth  of  large  crystals  at  high  growth  rates,  but  enabled  a  plain  comparison  between  experiment  and 
simulation,  especially  when  significant  changes  were  made  to  the  system.  In  two  series  the  influence 
of  the  relative  position  of  crucible  to  induction  coil  and  the  cooling  of  the  crystal  were  investigated 
separately.  All  other  process  parameters  were  kept  constant.  For  the  silicon  carbide  crystal  a  flat 
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Figure  1:  Variation  of  (a)  axial  and  (b)  lateral  temperature  gradients  with  crucible  position  and  crystal  cooling. 


phase  boundary  and  a  constant  crystal  length  was  assumed.  The  distance  between  source  and  crystal 
was  approximately  an  order  of  magnitude  larger  than  the  crystal  length. 

The  cooling  of  the  crystal  was  altered  by  changes  in  the  heat  losses  due  to  radiation  and  conduction 
at  the  backside  of  the  crystal.  This  is  expressed  by  the  so-called  crystal-cooling  factor  (CCF),  which  is 
determined  by  the  geometry  of  the  reactor/crucible  and  can  vary  between  0  and  1 .  An  increasing  CCF 
corresponds  to  an  increased  heat  loss  at  the  backside  of  the  crystal,  especially  in  the  central  region. 

For  evaluation  of  effects  caused  by  the  above  discussed  changes,  the  temperature  gradients  at 
the  phase  boundary  crystal/gas  were  analysed.  The  axial  gradient  was  determined  at  the  symmetry 
axis  and  the  lateral  gradient  at  half  of  the  crystal  radius.  In  Fig.  1  the  calculated  axial  and  lateral 
temperature  gradients  are  shown.  As  can  be  seen,  the  temperature  distribution  inside  the  crystal  can 
be  changed  significantly  by  these  alterations.  The  calculations  also  show  that  with  both  changes  the 
increase  in  the  lateral  gradients  is  higher  than  in  the  axial  direction. 

Experiments  Several  growth  experiments  (polytype  6H)  were  conducted  under  different  thermal 
gradients,  as  expected  from  the  calculations.  Although  it  is  clear  that  a  precise  separation  of  the 
temperature  field  in  axial  and  lateral  temperature  gradients  is  not  possible,  it  is  appropriate  to  address 
specific  phenomenons  of  crystal  growth  to  them. 


Influence  of  axial  temperature  gradients  The  driv- 


axial  temperature  gradient  in  K/cm 


ing  force  for  mass  transfer  between  source  and  crystal 
material  is  their  temperature  difference.  The  estima¬ 
tion  of  the  axial  thermal  gradient  from  temperature 
measurements  at  the  bottom  and  top  of  the  crucible  is 
not  accurate,  because  the  powder  source  has  a  much 
lower  thermal  conductivity  than  other  parts  of  the  cru¬ 
cible  [8].  To  get  better  accuracy  we  took  the  calcu¬ 
lated  thermal  gradient  between  the  crystal  surface  in 
the  gaseous  spacing.  In  Fig.  2  a  linear  dependence 
of  the  experimental  growth  rate  on  axial  temperature 


Figure  2:  Dependence  of  experimental  growth  Srac^ien^  illustrated.  Choosing  process  conditions 
rate  on  axial  temperature  gradient.  caused  an  increase  of  the  axial  temperature  gra¬ 

dient  by  the  factor  of  three  resulted  in  the  growth  of 
crystals  at  a  three  times  higher  average  growth  rate.  The  linear  dependence  would  represent  condi¬ 
tions  of  diffusion  limited  crystal  growth.  For  the  rising  of  the  growth  rate  a  high  axial  temperature 
gradient  is  desired,  but  also  severe  consequences  to  the  crystal -quality  have  to  be  expected,  which  are 
discussed  in  the  following. 


Materials  Science  Forum  Vols.  353-356 


17 


Omega  (deg.) 


Figure  3:  Growth  islands  on  an  as-grown 

(000  l)-surface  at  early  stage  of  growth.  Figure  4:  Rocking  curve  of  crystal  from  Fig.  3. 


Under  certain  circumstances  kinetic  limitations  were  observed.  Fig.  3  shows  the  as-grown  surface 
of  a  crystal  at  the  initiating  stages  of  the  growth  process,  where  two-dimensional  growth  of  separated 
islands  prevails.  We  assume,  that  at  the  beginning  of  the  growth  the  system  is  not  in  equilibrium 
and  supersaturation  is  high.  One  reason  for  this  enhanced  supersaturation  could  be  the  higher  axial 
temperature  gradient,  which  was  applied  to  this  growth  run.  From  [9, 10]  it  is  known,  that  at  the 
beginning  of  the  growth  the  conditions  with  the  highest  axial  gradient  are  found,  whereas  later  on 
a  decrease  of  the  thermal  gradient  is  expected.  In  addition  the  formation  of  a  crystal  facet  has  a 
stabilising  effect  on  growth.  In  Fig.  4  the  rocking-curve  of  the  X-ray-diffraction  measurement  of 
the  as-grown  surface  shows  multiple  peaks,  that  indicate  a  slight  misorientation  of  the  separated 
islands  [11],  known  as  mosaic  structure. 

A  further  increase  of  thermal  gradients  and  supersaturation  leads  to  3D-nucleation,  which  is  the 
most  unfavourable  growth  mechanism  and  distorts  the  entire  crystalline  structure  (see  Fig.  5)  of  the 
bulk.  In  principle  two  mechanism  could  explain  the  3D-nucleation:  Exceeding  a  critical  supersatura¬ 
tion  for  2D-growth  on  the  growing  crystal  surface  or  constitutional  supersaturation  ahead  of  the  phase 
boundary. 


Influence  of  lateral  temperature  gradients  The  lateral 
temperature  gradient  at  one  spot  is  only  a  reduced  tes¬ 
timony  of  its  thermal  status  of  the  crystal,  thus  in  our 
investigations  the  value  for  the  lateral  gradient  is  used 
as  approximation  for  the  curvature  of  the  temperature 
field,  that  gives  rise  to  thermal  stress  and  successive 
the  generation  of  dislocations.  The  effect  of  the  lat¬ 
eral  gradient  is  easily  observed  at  crystal  boules.  The 
higher  the  lateral  gradient  the  more  convex  the  crys¬ 
tal  shape.  Inspection  of  the  surface  morphology  by 
the  optical  microscope  showed  that  numerous  distur¬ 
bances  on  the  surface  hindered  the  lateral  movement 


Figure  5:  3-dimensional  growth, 
of  the  surface  steps  on  the  crystal  shoulder 


(Fig.  6).  With  KOH-etching  we  found  out  that  large  disturbances  correspond  to  screw  dislocations 
or  micropipes  and  the  small  disturbances  correspond  to  dislocations.  The  density  of  the  dislocations 
varies  with  the  crystallographic  orientation  and  has  a  maximum  in  the  [1 120] -directions,  which  sug¬ 
gests  a  crystallographic  glide  mechanism.  An  overview  of  dislocations  in  SiC  is  given  in  [12, 13]. 
The  etch  pit  density  (EPD)  can  vary  significantly  from  excellent  values  of  1 ...  5  *  103  cm-2  in  good 
areas  to  1 ...  5  *  105cm-2  in  the  worse  outer  regions.  If  dislocations  are  screw  dislocations  with  a 
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Figure  6:  Pinning  of  surface  steps  by  ob-  Figure  7:  Stress  birefringence  image  of  a  35  mm 

stacles  (micropipes;  dislocations).  Lateral  6H  wafer  grown  under  high  lateral  gradients  (test 

growth  direction  marked  by  arrow.  geometry). 


large  burgers  vector,  additional  micropipes  could  be  generated  [14].  The  results  from  the  microscopic 
inspection  are  underlined  by  stress  birefringence  images  of  wafers  from  this  crystal  (Fig.  7),  where 
a  six-fold  symmetry  of  high  stress  contrast  is  seen.  The  maximum  of  stress  contrast  in  the  periphery 
of  the  crystal,  where  the  calculations  predict  a  high  lateral  gradient.  Crystals  grown  under  conditions 
with  reduced  lateral  temperature  gradients  showed  to  a  more  flat  phase  boundary  an  almost  perfect 
movement  of  the  surface  steps  (Fig.  8). 

Besides  the  negative  effect  of  high  lateral  tem¬ 
perature  gradients  on  crystalline  quality,  they  are  still 
needed  in  the  case  of  enlargement  of  the  crystal  area. 
The  overgrowth  of  non-monocrystalline  material  is 
only  satisfactory,  when  the  lateral  growth  velocity  is 
fast. 


Discussion  Our  experiments  showed  that  -  even  in  a 
simplified  geometry  -  a  precise  control  of  the  growth 
determining  parameters  is  indispensable,  especially  at 
the  seeding  period  of  the  growth,  where  generation  of 
additional  defects  has  to  be  avoided.  We  found  out 
Figure  8:  Free  movement  of  surface  steps.  Lat-  that  defects  caused  during  the  seeding  procedure  and 
eral  growth  direction  marked  by  arrow.  the  early  stages  of  growth,  determine  the  crystalline 

perfection  of  the  subsequent  grown  crystal  volume. 
Later  on  these  defects  could  not  be  eliminated  completely.  The  axial  and  lateral  temperature  gradients 
that  are  imposed  on  the  crystal  and  its  surroundings  are  of  major  impact  on  the  defect  generation.  The 
above  described  results  show  that  for  different  stages  and  aims  of  crystal  growth  different  thermal 
boundary  conditions  are  convenient.  This  demands  a  growth  system,  that  is  capable  of  establishing 
varying  thermal  boundary  conditions  (as  shown  in  Fig.  1)  in  different  stages  of  growth. 

With  an  experimental  verification  of  results  from  numerical  modelling,  we  were  able  to  establish 
growth  conditions  that  support  defect-reduced  growth.  The  results  we  achieved  by  using  a  test  ge¬ 
ometry  could  be  transferred  to  the  more  sophisticated  crucible  geometry,  that  is  used  to  grow  crystals 
with  diameters  of  2"  and  larger.  For  R&D  2"  6H  wafers  values  for  the  average  micropipe-density 
below  20  cm  are  reached.  From  this  elementary  improvement  an  positive  reflection  on  production 
has  been  noticed.  Fig.  9  shows  the  stress  birefringence  image  of  a  stress-reduced  2"  6H  wafer  and  its 
rocking  curve  that  has  a  symmetrical  shape  and  a  FWHM  of  37  arcseconds. 
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(a)  Stress  birefringence  image  of  a  2"  6H 
wafer  grown  under  stress-reduced  condi¬ 
tions. 


17.6  17.7  17.8  17.9  18  18.1 

Omega  (deg.) 

(b)  Rocking  curve  of  a  wafer  from  Fig.  9(a). 


Figure  9:  Defect  reduction  in  wafers,  achieved  by  improved  thermal  field. 
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Abstract  4H-SiC  ingots  with  diameter  up  to  35  mm  have  been  grown  by  the  Modified  Lely  Method 
with  «  in  situ  »  etching.  The  influence  of  the  crystal  shape  on  the  cracking  of  SiC  crystals  has  been 
investigated.  The  original  source  design  allowed  to  maintain  an  excess  of  Si  above  the  growing 
crystal  to  decrease  defect  density. 

Introduction  Growth  of  large  ingots  with  a  low  defect  density  is  the  most  important  problem  of 
SiC  technology.  An  important  factor  affecting  defect  formation  is  the  ingot  shape  which  depends  on 
the  design  of  the  crucible  assembly  and  on  the  growth  conditions.  A  change  of  design  allows  to 
grow  the  crystals  with  a  convex,  concave  or  flat «  as  grown  »  surface.  It  is  important  to  notice  that 
a  change  of  the  ingot  shape  during  growth  can  cause  additional  defects. 

Enlargement  of  SiC  crystal  diameter  takes  place  if  the  crystal  grows  in  conjunction  with  poly-SiC 
due  to  radial  temperature  gradient.  In  this  paper  the  problem  of  SiC  crystal  enlargement  without 
cracking  is  discussed.  The  problem  of  defect  density  reduction  is  presented. 

Experimental  details  4H  crystals  with  diameters  up  to  35  mm  have  been  grown  by  the  Modified 
Lely  Method  with  «  in  situ  »  sublimation  etching  [1-3,  5].  An  experimental  setup  with  RF  heating 
and  graphite  crucible  was  used.  The  crucible  was  wrapped  in  graphite  felt  for  thermal  insulation, 
and  the  whole  assembly  was  placed  inside  a  water  cooled  quartz  reactor.  The  growth  temperature 
(measured  on  the  top  of  graphite  lid)  was  about  2200°C  and  the  argon  pressure  was  about  2  Torr. 
Under  these  experimental  conditions  we  obtained  4H  single  crystals  with  a  thickness  of 
approximately  10  mm.  The  growth  rate  was  between  1.1  and  1.3  mm/h. 

The  SiC  source  powder  was  loaded  both  between  a  dense  graphite  crucible  and  a  thin-walled  inner 
graphite  cylinder  (as  in  the  design  of  the  Lely  Method)  and  inside  of  the  inner  cylinder.  This 
allowed  to  reduce  the  influence  of  the  leakage  of  Si  and  the  reaction  of  Si  from  the  main  central 
source  with  the  walls  to  maintain  excess  of  Si  over  the  seed. 

The  seed  was  fixed  at  the  top  of  the  crucible.  The  distance  between  source  and  seed  was  15-20  mm. 
The  temperature  gradient  within  the  growth  cell  was  changed  during  the  growth  process  [1,2].  The 
inversion  of  the  temperature  gradient  resulted  in  a  etching  of  the  seed.  The  temperatures  of  the  top 
and  the  bottom  of  the  crucible  were  measured  by  pyrometers. 

Results  and  discussion 

«In  situ»  etching  Under  a  positive  temperature  gradient,  even  at  high  argon  pressure  of  650  Torr, 
growth  was  observed  at  temperature  as  low  as  1900°C.  To  suppress  nucleation  at  a  low 
temperature,  which  would  result  in  undesirable  crystal  growth,  we  started  the  growth  process  with 
a  reverse  temperature  gradient.  At  temperature  of  about  1800°C  sublimation  etching  of  the  seed 
was  observed  when  the  Si  vapor  pressure  over  the  substrate  was  maintained  close  to  the  equilibrium 
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vapor  pressure  over  SiC.  To  obtain  SiC  surfaces  with  a  regular  step  structure  it  was  necessary  to 
eliminate  the  loss  of  Si  vapor  from  the  seed  surface  which  can  result  in  carbon-rich  and  low-quality 
surface.  The  material  supply  from  the  source  at  the  periphery  of  the  crucible  allowed  to  reduce  the 
influence  of  the  leakage  of  Si  vapor  from  the  growth  cell.  The  control  of  temperature  gradient  and 
argon  pressure  became  important  factors  to  obtain  a  high  quality  SiC  surface.  A  higher  reversed 
temperature  gradient  and  a  higher  than  1800°C  temperature  increased  the  etch  rate,  but  also 
increased  the  probability  of  the  seed  carbonization.  At  an  argon  pressure  of  less  than  10  Ton  the 
step  bunching  on  the  seed  surface  increased  drastically.  Sometimes,  even  a  carbonization  of  the 
seed  surface  was  observed.  After  etching  the  sign  of  temperature  gradient  was  changed,  and  the 
pressure  was  increased  to  start  the  growth  at  a  slow  rate. 

The  influence  of  «in  situ»  etching  conditions  and  the  initial  stage  of  the  growth  on  the  defect 
formation  have  been  investigated.  A  system  of  pyramidal  holes  [1,2]  was  found  at  the  interface. 
The  size  and  the  shape  of  the  holes  depended  on  the  etching  conditions  and  were  greatly  affected 
by  the  seed  orientation.  The  optimization  of  etching  and  the  initial  stage  of  the  growth  allowed  to 
reduce  both  the  number  and  the  size  of  holes.  Defects  were  usually  found  at  the  periphery  of  the 
seed  only  (Fig.l). 


The  interface  morphology  of  material  grown  on  on-  and  off-axis  substrates  was  different. 
Interfaces  of  the  seed-crystal  grown  on  on-axis  seeds  were  continuous  on  the  SEM  photo  as  distinct 
from  the  crystal  grown  on  off-axis  seeds.  (Fig.2).  It  is  important  to  notice  that  the  ingots  without 
pyramidal  holes  at  the  seed-boule  interface  contained  pinholes. 

Cracking  of  SiC  crystal  Excessive  mechanical  and  thermoelastic  stresses  results  in  cracking  of  the 
crystals.  To  reduce  these  stresses  it  is  necessary  to  optimize  the  shape  of  the  growth  surface.  The 
shape  depends  on  the  flux  of  SiC  vapor  and  the  temperature  distribution  in  the  growing  crystal. 
Both  vapor  flux  and  the  temperature  distribution  can  be  changed  during  the  growth  process 
resulting  in  a  change  of  the  shape  of  the  growth  surface  during  the  growth.  Depending  on  the  design 
of  the  crucible  and  the  thermal  isolation  the  shape  of  the  «  as  grown  »  surface  can  be  convex, 
concave  or  flat.  Optimal  shape  of  the  surface  is  flat  because  it  allows  to  grow  the  crystal  with 
uniform  doping.  But  with  an  increase  in  diameter  up  to  30  mm  the  crystals  trend  to  crack  (Fig.3). 
In  our  case  the  cracking  of  the  crystal  with  flat  «  as  grown  »  surface  can  be  explained  by  excessive 
mechanical  stresses  from  poly-SiC  growing  in  conjunction  with  the  boule.  The  surface  of  poly-SiC 
was  above  the  growing  crystal.  With  increase  in  diameter  of  the  crystal  the  stresses  from  poly  -SiC 
increased  too  due  to  an  enlargement  of  the  crystal. 

On-axis  and  8°  off-axis  substrates  were  used  as  seeds.  In  the  case  of  a  flat  «  as  grown  »  surface 
grown  on  off-axis  seed  the  facet  was  located  at  the  periphery,  close  to  poly-SiC,  under  an  angle 
of  8°,  to  the  surface.  An  increase  of  the  diameter  of  the  crystal  resulted  in  the  formation  many 
facets  which  occupied  the  surface  from  the  periphery  of  the  crystal  towards  the  center.  In  the  case 
of  an  on-axis  seed  the  crystal  was  symmetrical  and  the  facet  was  located  in  the  center. 

Due  to  the  low  thermal  conductivity  of  the  SiC  source  powder  the  flux  of  SiC  species  at  the 
periphery  of  the  growth  cell  was  higher  than  in  the  center,  especially  at  low  temperature  and 
pressure.  In  order  to  grow  the  crystal  with  a  convex  shape,  it  was  necessary  to  increase  the  cooling 
in  the  center  of  the  crystal.  This  can  be  done  by  increasing  the  diameter  of  the  hole  for  the 
pyrometer  measurements.  The  variation  of  the  size  of  this  hole  allowed  to  change  the  shape  of  the 
crystal.  The  crystals  with  a  convex  shape  had  cracks  only  at  the  periphery,  close  to  the  poly-SiC 
where  the  conditions  for  the  growth  were  not  optimal  due  to  a  high  radial  gradient. 

Other  reasons  formation  cracks  and  microcracks  is  the  growth  of  different  domains  which  can  not 
coalesce.  To  prevent  the  formation  of  cracks  it  is  necessary  to  facilitate  growth  from  one  island  in 
the  middle  of  the  seed.  The  surface  of  poly-SiC  has  to  be  under  the  growing  crystal  surface  to  avoid 
excessive  mechanical  stresses. 
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Fig.2  SEM  photo  of  the  interface  of  4H-SiC  ingot  grown  on  off-axis  seed. 


Fig.l.  SEM  photo  of  the  interface 
(growth  on  off-axis  seed) 


Fig.  3.  Photo  of  the  wafer  with  the  cracks 
(30  mm  diameter). 
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6H-S1C  inclusions  Inclusions  of  6H-SiC  in  the  crystals  grown  on  on-axis  substrates  were  often 
found  near  the  interface  between  the  crystal  and  the  seed.  Double  transformations  of  the  polytype 
(4H-6H-4H)  was  observed  in  the  first  millimeter  of  the  crystal.  To  avoid  this  effect  it  was  necessary 
to  increase  the  time  of  the  pressure  ramp  from  40  min  to  several  hours.  In  the  crystals  grown  on  off- 
axis  substrates  double  transformations  of  the  polytype  existed  too,  but  were  observed  under  8°  to 
the  growing  surface.  This  can  be  explained,  like  in  the  case  of  CVD  epitaxial  growth,  by  the 
formation  of  terraces  with  on-axis  orientation. 


Morphology  Examining  the  ingot  morphology  was  a  useful  way  of  assessing  the  crystal  quality. 
The  morphology  of  the  ingots  is  greatly  affected  by  the  C/Si  ratio  in  vapor  phase.  Crystals  with 
low  defect  density  exhibited  specular,  smooth  “as-grown”  surfaces.  Such  crystals  were  grown  at  a 
low  C/Si  ratio  which  was  achieved  by  a  special  design  of  the  source  and  by  the  use  of  a  tight 
crucible.  The  material  supply  from  the  source  at  the  periphery  allowed  to  suppress  the  reaction  of  Si 
from  the  central  main  source  with  the  graphite  walls  and  the  loss  of  Si,  which  would  have 
increased  the  C/Si  ratio.  The  vapor  transport  is  controlled  by  the  main  source  in  the  center. 
Graphitization  of  the  source  at  the  periphery  resulted  in  fast  degradation  of  the  main  source  and 
consecutively  to  a  degradation  of  the  morphology  and  quality  of  the  growing  crystals.  In  this  case 
microinclusions  were  observed  in  the  grown  crystals. 

Macrodefects  Macrodefects  were  often  present  in  the  crystals  grown  at  a  temperature  higher  then 
2300°C  [4,1-3].  These  are  holes  with  an  enlargement  at  the  end,  which  start  at  the  interface  between 
seed  holder-seed  and  which  can  penetrate  deep  into  the  growing  crystal.  The  formation  of  these 
defects  is  explained  by  a  local  sublimation  of  the  seed  and  then  of  the  growing  ingot  [4].  This  is  due 
to  the  temperature  gradient  created  in  the  crystal  during  the  growth.  Lower  growth  temperature  and 
lower  temperature  gradient  with  optimization  of  the  seed  attachment  technique  allow  to  achieve  the 
growth  of  ingots  without  macrodefects. 
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Abstract  In  this  work  4H-SiC  bulk  growth  experiments  have  been  performed  to  study  the 
generation  of  three  types  of  polytype  instabilities  during  4H  crystallization  from  the  vapor  phase: 
Island  growth  of  other  polytypes  during  the  initial  stage,  circular  ring  sector  inclusions  generated  at 
the  edge  of  the  facet  and  complete  conversion  from  4H  to  6H  growth  generated  on  the  facet. 

The  dependence  of  these  instabilities  on  the  process  parameters  seed  surface  temperature,  inert  gas 
pressure  and  axial  temperature  gradient  have  been  investigated. 

Types  i  and  ii  of  polytype  instabilities  (6H/15R)  were  observed  to  be  not  stable  and  overgrown  by 
4H.  Furthermore  type  i  could  be  avoided  by  a  seeding  procedure  with  low  supersaturation.  No 
dependence  on  pressure  or  axial  temperature  gradient  was  noticed  for  the  type  ii  polytype 
generation  mechanism.  Concerning  the  complete  conversion  to  6H,  4H  stability  showed  no 
correlation  with  the  argon  pressure  but  we  found  a  critical  temperature  for  conversion,  which 
depends  on  the  axial  temperature  gradient.  For  low  axial  T-gradients  the  critical  temperature 
decreased. 

Introduction  Currently  4H~  and  6H-SiC  are  both  commercially  available  in  high  crystal  quality. 
However,  while  the  growth  of  the  6H-polytype  is  known  to  be  stable  for  a  wide  range  of  process 
conditions,  4H  crystallization  is  stable  only  in  a  narrow  range  of  growth  parameters.  Therefore  it  is 
of  particular  interest  to  better  understand  the  origin  of  4H  to  6H/15R  polytype  transformations  in 
order  to  improve  the  stability  of  the  4H-SiC  crystal  growth  process. 

About  the  complete  conversion  to  6H  it  is  stated  in  literature  [1,2]  that  an  upper  critical  temperature 
value  for  stable  4H  region  exists.  In  our  experiments  we  investigated  the  dependence  of  this 
temperature  on  other  process  parameters.  Additionally  we  examined  the  occurrence  of  other 
polytype  instabilities  in  4H  crystals  and  possible  correlations  with  growth  conditions. 

Experiments  More  than  20  4H-SiC  crystal  growth  experiments  in  a  conventional  PVT  reactor  [3, 
4]  with  different  global  temperatures,  system  pressures  and  axial  temperature  gradients  were 
performed.  For  all  runs  we  used  4H  C-face  and  on-axis  orientated  seed  wafers  with  a  micropipe 
density  of  about  200cm'2  and  a  diameter  of  35mm.  The  temperature  on  top  of  the  crucible  (seed 
position)  was  set  to  a  constant  value  T>2100°C  and  a  system  pressure  in  the  range  of  pclOOmbar 
was  applied.  The  axial  temperature  gradient  was  changed  by  modifications  of  the  cooling  channel 
on  top  of  the  crucible. 

Since  the  thermal  conditions  inside  the  growth  chamber  are  not  accessible  by  direct 
measurement  we  used  a  2-DIM  heat  transfer  program  [5]  to  calculate  the  axial  temperature  gradient 
and  the  temperature  on  the  seed  surface  based  on  the  experimental  set-points  (temperature  on  top  of 
crucible,  power). 

After  growth  the  crystals  were  prepared  either  as  vertical  cut  or  wafers  and  the  polytype  distribution 
was  detected  by  optical  microscopy  and  absorption  measurements. 
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The  temporal  and  local  formation  of  polytype  instabilities  could  be  determined  through  the 
intentionally  introduced  doping  striations  [6]  (see  Fig.  1),  which  mark  the  phase  boundary  at 
defined  periodic  time  steps. 


Results  and  Discussion  In  the  grown  crystals  we  were  able  to  distinguish  three  types  of 
disturbances  of  the  4H  growth.  In  the  beginning  of  growth  several  polytype  inclusions  with  isle  like 
geometry  were  observed  in  the  outer  parts  of  the  crystal.  These  inclusions  are  pushed  out  of  the 
crystal  during  further  growth  (4H  region  increases  with  number  of  doping  striations,  Fig.  1).  As  the 
surface  of  the  seed  is  flat  containing  facetted  and  quasi-rough  crystal  faces  and  does  not  correspond 
to  an  isotherm  according  to  simulations  of  heat  and  mass  transfer  [5]  a  wide  range  of  crystallization 
conditions  with  different  supersaturations  are  present  along  the  radius  and  therefore  the  nucleation 
of  parasitic  polytypes  is  possible.  In  addition  non-stationary  process  conditions  might  still  be 
present  due  to  the  seeding  procedure  (lowering  of  system  pressure).  Two  factors  explain  the 
disappearance  of  these  polytype  instabilities  during  further  growth  (see  Fig.  2i  and  3i): 

The  considerable  faster  lateral  growth  on  the  facetted  4H-regions. 

The  increased  mass  transport  towards  the  central  facetted  area  as  evident  from  the  shape  of 
the  doping  striations  in  Fig.  1. 

During  the  whole  growth  process  an  other  type  of  polytype  instability,  mainly  15R  and  only 
sometimes  6H,  can  be  present.  The  transformation  always  starts  at  the  edge  of  the  facet  (see  Fig.  1, 
Fig.  2ii,  Fig.  3ii)  and  develops  into  a  circular  ring  sector  geometry  if  viewed  upright  to  the  c-axis 
(see  Fig.  2ii).  After  their  nucleation  these  seeds  are  able  to  transmit  their  polytype  information 
mainly  laterally  while  transmission  in  growth  direction  is  suppressed.  Therefore  they  are  overgrown 
again  by  lateral  growth  from  the  facet  (see  Fig.  3ii). 

If  the  growth  conditions  allow  the  generation  of  a  6H  seed  on  the  4H  facet  this  seed  will  transmit 
its  polytype  information  laterally  and  axially  and  overgrow  the  4H  part  completely  perpendicular  to 
the  c-axis  (see  Fig.  1,  Fig.  2iii,  Fig.  3iii). 


Fig.  1:  Axial  cut  (bottom:  seed;  top:  growth  surface)  through  a  SiC  bulk  crystal  with  complete 
conversion  of  4H  to  6H  and  polytype  inclusions  (growth  islands:  15R  parts  on  the  edge  of  the  seed; 
circular  ring  sectors:  15R  parts  on  the  right  hand).  The  bright  convex  lines  mark  the  phase  boundary 
at  defined  equal  time  steps.  Changes  of  growth  rate  in  the  central  area  during  the  first  hours  are  due 
to  an  adjustment  of  the  phase  boundary  to  its  equilibrium  growth  shape.  The  integral  mass  flux  to 
the  crystal  surface  remains  constant. 
i-  h.  iii. 
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Fig.  2:  Scheme  of 
polytype  instabilities 

observed  during  the  4H- 
SiC  PVT  process: 
i.  Island  growth  of  other 
polytypes  and  ii.  Circular 
ring  sector  regions  (both 
axial  cut  and  wafer)  iii. 
Complete  conversion 

(axial  cut) 
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Fig.  3:  Models  of  the 
generation  and 

elimination  for  three 
types  of  polytype 
instabilities  (time  steps 
indicated  by  arrow  on 
the  left)  observed 
during  the  4H-SiC  PVT 
process:  i.  Island 

growth  (dark)  on  the 
seed  (black)  and 
overgrowth  by  the 

central  growth  spiral  (bright).  ii.  Circular  ring  sector  inclusion  (black)  generated  on  the  edge  of 
the  facet  (bright)  and  overgrowth,  iii.  Complete  conversion  of  growing  4FI-polytype  by  6H 
nucleation  on  the  facet  and  lateral  overgrowth. 
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The  inclusions  in  the  initial  stage  are  not  critical  for  the  main  part  of  the  4H  crystal  because  they 
are  overgrown  by  the  central  4H-growth  after  approximately  1mm.  Furthermore  they  can  be 
avoided  through  an  initial  growth  phase  with  low  supersaturation,  which  is  also  desirable  due  to 
defect  formation  (micropipes,  dislocations)  generated  at  the  polytype  transformations. 

Concerning  the  circular  ring  sector  polytypes  we  found  no  correlation  with  the  process 
parameters  T  and  p.  This  phenomenon  might  be  correlated  with  the  local  concentration  field  near 
the  edge  between  facet  and  quasi-rough  interface  (Variation  of  supersaturation  due  to  the  Berg 
effect  [7])  and  is  under  investigation. 


normalized  axial  temperature  gradient 


Fig.  4:  Influence  of  seed  temperature  and 
temperature  gradient  on  4H-  and  6H  polytype 
formation  (complete  conversion).  The  circle 
area  indicates  the  number  of  experiments  with 
same  process  conditions  (T,  axial  gradient,  p 
is  not  constant). 

Fig.  4/Fig.  5:  The  filled  circles  show  4H  growth, 
to  6H. 


normalized  system  pressure  p/p0 


Fig.  5:  Influence  of  seed  temperature  and 
system  pressure  on  the  4H-  and  6H  polytype 
formation  (complete  conversion)  at  a  constant 
axial  temperature  gradient.  The  circle  area 
indicates  the  number  of  experiment  with  same 
process  conditions  (T,  p,  axial  T-gradient). 
open  circles  stand  for  complete  transformation 
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For  the  transformation  to  6H  on  the  facet  we  found  a  critical  process  temperature,  which  depends 
on  the  axial  temperature  gradient  (see  Fig.  4).  The  critical  temperature  is  decreasing  with  lower 
axial  temperature  gradients.  Therefore  one  has  to  deal  with  two  problems  if  lower  axial  gradients 
should  be  applied.  The  growth  rate  is  decreasing  for  both  reduced  axial  gradients  and  a  lower  4H- 
growth  temperature.  As  we  can  see  in  Fig.  5  we  observe  no  decrease  of  the  critical  temperature  with 
falling  system  pressure  for  a  constant  axial  temperature  gradient.  This  fact  opens  the  possibility  to 
reach  acceptable  growth  rates  for  4H-SiC  through  a  decrease  in  pressure  without  approaching  the 
critical  temperatures  for  6H-  instabilities. 

Finally  the  following  comments  are  made  concerning  the  interpretation  of  results  on  4H  growth 
instability  with  complete  conversion  to  6H: 

a.  The  existence  of  a  critical  temperature  for  polytype  transition  is  a  fact  which  has  been 
discussed  by  several  groups  [1,  2].  It  should  reflect  the  effect  that  the  thermodynamic 
preference  of  the  6H  polytype  at  increased  process  temperatures  overrules  promotion  of  4H 
crystallization  due  to  growth  kinetics. 

b.  The  observation  that  a  reduction  of  system  pressure  (increase  of  growth  rate)  did  not  cause  a 
decrease  of  critical  temperature  was  unexpected  as  an  impact  of  growth  rate  on  polytype 
stability  is  discussed  in  literature  [8,  9]. 

c.  The  evident  correlation  of  critical  temperature  with  the  axial  temperature  gradient  is, 
according  to  the  knowledge  of  the  authors,  reported  for  the  first  time.  Analysis  of  this  topic 
are  under  work.  But  one  might  speculate  that  a  decrease  of  the  temperature  gradient  has  a 
negative  effect  on  stable  growth  considering  the  classical  criterion  of  constitutional 
supersaturation/supercooling  [10]. 

Conclusions  We  have  shown  that  the  4H-SiC  growth  can  be  disturbed  by  different  kinds  of 
polytype  instabilities.  In  the  beginning  of  growth  the  nucleation  of  parasitic  polytype  inclusions  on 
the  outer  parts  of  the  seed  surface  could  be  excluded  by  applying  lower  supersaturations.  The 
generation  of  polytype  transformations  on  the  edge  of  the  facet  resulting  in  circular  ring  sectors  was 
not  affected  by  variation  of  growth  parameters.  The  complete  transformation  to  6H  growth 
generated  on  the  4H-facet  is  depending  on  process  temperature  and  axial  temperature  gradient  but 
not  on  the  system  pressure.  Therefore  the  process  parameters  should  be  set  to  values  under  the 
critical  temperature  while  a  lower  system  pressure  can  adjust  the  growth  rate. 
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Abstract 

To  understand  and  control  the  mechanism  of  defect  generation  is  a  fundamental  aspect  of  crystal 
growth.  The  formation  of  grown  in  defects  like  misoriented  regions  respectively  micropipes  may  be 
correlated  with  second  phase  inclusions  such  as  silicon  droplets  or  carbon  particles.  Inclusions 
could  be  identified  as  carbon  particles  by  SEM  and  EELS.  Their  distribution  along  the  growth 
direction  and  at  the  phase  boundary  were  investigated  by  Optical  Microscopy.  It  was  found  that 
their  density  varies  in  axial  as  well  as  radial  direction.  The  dependence  of  the  carbon  particle 
concentration  on  growth  parameters  such  as  temperature  stability,  time  and  the  distance  between 
source  and  seed  is  shown.  A  concentration  model  will  be  discussed.  Therefore  any  change  of  the 
vapour  phase  composition,  characterised  by  the  loss  of  silicon  and  caused  by  changing  of  a  growth 
parameter,  may  result  in  a  drastic  local  increase  of  the  carbon  particle  concentration.  The  lattice 
information  of  the  substrate  is  lost  and  defects  may  be  formed  if  a  critical  value  is  exceeded. 

Introduction 

The  quality  of  large  diameter  6H-SiC  single  crystals  is  strongly  influenced  by  the  composition  of 
the  vapour  phase  and  the  thermal  conditions  inside  the  growth  chamber.  Beside  the  seed  quality  the 
grown  in  defects  like  misoriented  regions  and  micropipes  determine  the  yield  [1].  Their  formation  is 
often  correlated  with  second  phase  inclusions,  such  as  silicon  droplets  or  carbon  particles  [2] -[4]. 
The  origin  of  the  inclusions  and  their  role  regarding  the  generation  of  defects,  especially 
microdefects,  is  controversially  discussed.  The  appearance  and  distribution  of  the  inclusions  in  the 
crystal  in  dependence  on  selected  growth  parameter  are  not  well  understood  and  were  investigated 
in  this  paper.  A  model  was  proposed  to  explain  the  effect  and  methods  were  discussed  to  avoid 
them. 

Experimental 

Using  an  inductively  heated  furnace  6H-SiC-crystals  up  to  35mm  diameter  have  been  grown  by  the 
Modified  Lely  Method  on  the  (OOOl)silicon  face  of  a  seed  in  a  temperature  range  between  2100°C- 
2400°C  and  an  Ar-pressure  from  5-50  hPa.  The  distribution  of  inclusions  was  investigated  in 
dependence  on  the  seed  temperature,  the  growth  time,  the  system  pressure  and  the  distance  between 
source  and  seed.  The  influence  of  nitrogen  doping  striations  on  the  inclusions  was  also  analysed 
using  a  marking  technique  [5].  Crystals  were  cut  and  polished  parallel  to  the  <000 1>  growth 
direction.  Density  and  distribution  of  the  inclusions  along  axial  and  lateral  direction  were 
investigated  by  Optical  Microscopy.  To  identify  the  nature  of  the  inclusions  Scanning  Electron 
Microscopy  (SEM)  with  BSE-contrast  and  with  EDX-mode  was  used.  Investigations  were  done  on 
polished  wafers  and  at  cleaved  surfaces.  Measured  intensities  were  related  to  particle  free  areas. 
Additionally,  Electron  Energy  Loss  Spectroscopy  (EELS)  as  a  TEM-mode  was  used. 
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Results  and  discussion 

In  dependence  on  the  growth  parameters  inclusions  of  different  size  were  found  in  the  volume  of  a 
grown  crystal  under  a  facet  close  to  the  surface  (Fig. la)  as  well  as  in  a  cut  parallel  to  the  growth 
direction  (Fig. lb)  using  Optical  Transmission  Microscopy.  These  inclusions  could  be  identified  as 
particles  consisting  of  carbon  (Fig.2a).  Measurements  on  polished  wafers  using  Scanning  Electron 
Microscopy  (SEM)  with  BSE-contrast  and  with  EDX-mode  showed  that  the  C/Si-ratio  was 
increased  up  to  seven  times  regarded  to  a  particle  free  reference  area  (Fig.2b). 


Fig.  1  a  Inclusions  from  the  top  view 
(large  black  areas  are  graphite 
residues  on  the  rear  of  the  seed) 


Fig. lb  Inclusions  parallel  to 
<0001> 


Different  penetration  depths  by  variation  of  the  exciting  energy  and  investigations  at  cleaved 
surfaces  could  exclude  the  detection  of  residual  diamond  grains  from  the  polishing  process. 
Additionally,  Electron  Energy  Loss  Spectroscopy  (EELS)  was  used  to  identify  the  consistence  of 
the  particles.  Fig  2c  shows  the  spectra  with  the  near  edge  fine  structure  of  the  C-K-edge  with  a 
distinct  sp2-  hybrid  structure  caused  by  graphite  and  in  the  surrounding  matrix. 


1  jam 


Fig.2a  C-particle  in  BSE-contrast 


Energy  Loss  (eV) 
Fig.  2c  EELS-spectra~ 


No  indication  for  silicon  droplets  was  found.  It  can  be  explained  by  the  surplus  of  carbon  species  in 
the  atmosphere  and  the  loss  of  silicon  vapour  from  the  growth  system.  Inclusions  of  graphite  are 
formed  during  the  near  equilibrium  growth  and  have  a  size  between  1-50  micrometers. 

They  are  usually  irregular  shaped  and  can  be  classified  by  3  types  (  statistical  distributed,  layer-or 
stripe  shaped,  inclusions  which  are  decorating  defects). 
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Fig.2b  relative  concentration  of  carbon 
inclusions  at  different  exciting 
energies  (EDX-mode  in  SEM) 


Fig.  3  axial  and  radial  distribution  of 

inclusions  (cut  parallel  to  <000 1>  ) 
MP-Micropipes  HP  -  Hollowpipes 


Furthermore,  an  inhomogeneous  distribution  of 
the  particle  density  in  radial  as  well  as  axial 
direction  was  found.  The  density  is  increased 
under  the  facet  close  to  the  centre  of  the  crystal. 
The  edges  are  nearly  particle  free  although  there 
are  higher  temperatures  and  therefore  the  Si/C- 
ratio  in  the  vapour  phase  should  be  more  shifted 
to  the  C-side  than  in  the  centre  part.  Otherwise,  a 
stronger  supersaturation  in  the  central  part 
because  of  the  stronger  cooling  (higher  axial 
gradient)  was  estimated  by  thermal  modelling.  In 
axial  direction  (Fig. 3)  the  crystal  growth  starts 
nearly  particle  free  independent  of  their  concentration  in  the  seed.  With  advancing  process  time  the 
particle  concentration  increases  mostly  funnel-shaped  following  the  facet.  This  can  be  explained  by 
the  change  of  the  vapour  phase  composition,  mainly  by  the  loss  of  silicon  and  a  decrease  of  axial 
and  radial  gradients  with  increased  crystal  length.  Additionally,  a  strong  dependence  of  the  particle 
density  on  the  growth  temperature  and  the  distance  between  source  and  seed  was  revealed.  With 
increasing  temperature  the  content  of  the  carbon  species  in  the  vapour  increases  in  relation  to  the 
silicon  species  [6]  and  the  silicon  loss  will  be  enhanced.  If  for  a  given  axial  temperature  gradient, 
which  is  decisively  defined  by  the  geometry  of  the  growth  chamber,  the  supersaturation  of  the 
vapour  species  at  the  phase  boundary  at  a  given  temperature  exceeds  a  critical  value,  the  appearance 
of  particles  is  promoted.  The  supersaturation  itself  is  defined  mainly  by  the  temperature  difference 
between  source  and  seed  which  can  be  influenced  by  changing  the  coil  position  and  the  heat  loss 
conditions.  The  number  of  inclusions  could  be  reduced  or  avoided  under  comparable  growth 
conditions  if  a  proper  ratio  between  temperature  gradient  and  supersaturation  is  given.  In  the  same 
context  the  stability  of  the  growth  conditions  is  important.  Fluctuations  of  growth  conditions  (e.g. 
temperature,  system  pressure,  doping  etc.)  may  initiate  the  formation  of  inclusions  (Fig  4a,  4b). 
Grain  boundaries  and  polytype  changes  (Fig.4c)  are  favoured  for  the  generation  of  inclusions.  Local 
fluctuations  of  the  particle  density  can  support  the  formation  of  grown  in  defects  like  misoriented 
regions  (Fig.4d)  and  micropipes.  Otherwise,  the  presence  of  inclusions  of  any  kind  does  not 
inevitable  generate  micropipes  in  accordance  with  the  literature  [4]. 
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To  explain  the  occurrence  of  C-particles  different  models  are  discussed.  In  our  opinion  the  so  called 
“  convection  model  ”,  which  favours  the  transport  of  C-particles  by  convection  from  the  source  or 
the  chamber  walls,  can  be  neglected  because  of  the  low  pressure  range  used  and  the  small  Stephan 
flux.  The  arrangement  of  shields  in  the  growth  chamber  could  not  avoid  the  generation  of  particles. 
The  so  called  “  diffusion  model  which  prefers  the  generation  of  precipitates  behind  the  phase 
boundary  during  the  cooling  of  the  crystal,  cannot  explain  the  inhomogeneous  distribution  (e.g. 
striation-shaped).  We  postulate  the  so  called  “  concentration  model  ”  where  any  change  of  the 
species  ratio  in  the  vapour  phase  may  result  in  inclusions  like  C-particles.  This  is  strongly  coupled 
to  the  change  of  growth  parameters  including  the  crucible  geometry.  Furthermore,  any  change  of 
composition  of  the  vapour  phase  results  in  a  change  of  the  particle  density.  It  can  be  found  in  a  long 
term  range  by  permanent  silicon  loss  and  increasing  graphitisation  with  the  process  time  as  well  as 
in  a  short  term  range  by  fluctuations  of  temperature,  system  pressure  or  during  doping.  The  absence 
of  inclusions  in  the  first  growth  period  can  be  explained  by  a  relative  constant  composition  of  the 
vapour  phase  caused  by  additionally  silicon  added  to  the  source  to  compensate  the  silicon  loss  and 
the  absence  of  a  graphitisation  layer  at  the  top  of  the  source. 

Another  way  to  reduce  or  avoid  the  silicon  loss  at  the  growth  phase  boundary  is  to  use  a  tantalum 
container  [7].  To  lower  the  growth  temperature  is  also  a  suitable  measure  to  avoid  inclusions. 


i 


M  P 


Fig.  4a  layer  or  stripe-shaped  arrangement 


Fig.  4b  inclusions  on  doping  striations 
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Fig.  4c  decoration  of  polytype  changes  Fig.  4d  generation  of  misoriented  regions 

from  stripe-arranged  inclusions 

Acknowledgements 

The  authors  would  like  to  thank  Dr.  Schneider  from  the  Humboldt-University  for  EELS-measurements  and 
acknowledge  the  support  by  Siemens  AG  and  by  the  BMBF  under  the  project  number  01 M2952B 
References 

[1]  R.C.Glass,  D.Henshall,  V.F.Tsvetkov,  C.H.Carter,Jr.,  Phys.  Stat.  Sol.  (b)  202  (1997)  p.149 

[2]  M. Dudley  et  al.,  A.Powell  and  S.Wang,  P.Neudeck,  M.Skowronski,  Appl.  Phys.  Lett.,  Vol.75,  784  (1999) 

[3]  M.Tuominen,  R.Yakimova,  A.Vehanen,  E.Janzen,  Mater.  Sci.  Engng.  B57  (1999)  p.228 

[4]  D.Hofmann  et  al.,  J.  Crystal  Growth,  198/199  (1999)  p.1005 

[5]  S.G.Muller  et  al.,  Mater.  Sci.  Engng.  B44  (1997)  p.392 

[6]  S.K.Lilov,  Diamond  and  Related  Materials  4  (1995)  p.1331 

[7]  Y.u.A.Vodakov,  A.D.Roenkov,  M.G.Ramm,  E.N.  Mokhov,  Y.u.N.Makarov,  Phys.  Stat.  Sol.  202  (1997)  p.177 


Materials  Science  Forum  Vols.  353-356  (2001)  pp.  33-36 
©  2001  Trans  Tech  Publications,  Switzerland 


Investigation  of  a  PVT  SiC-Growth  Set-up  Modified 
by  an  Additional  Gas  Flow 

T.L.  Straubinger,  P.J.  Wellmann  and  A.  Winnacker 

Department  of  Materials  Science  6,  University  of  Erlangen-Nurnberg, 
Martensstr.  7,  DE-91058  Erlangen,  Germany 


Keywords:  Doping,  Inclusions,  Micropipe  Closing,  Modified-PVT 


Abstract:  We  have  investigated  a  new  type  of  a  so  called  "modified  PVT  setup”  with  an  additional 
gas  flow  into  the  growth  cell.  The  motivation  was  an  improvement  of  the  parameter  control  for 
doping  of  SiC  using  gas  sources,  i.e.  homogenization  of  doping  levels.  Since  an  additional  gas  flow 
inside  the  growth  cell  could  cause  severe  distortions  of  the  vapor  flow  we  have  performed  basic 
investigations  of  the  influence  of  an  inner  argon  gas  stream  on  thermal  field  and  structural 
properties  of  the  growing  crystal.  We  have  studied  the  impact  of  the  extern  gas  flow  towards  the 
surface  of  the  growing  crystal.  Strong  evidence  for  micropipe  closing  in  the  initial  growth  stage  and 
reduction  of  second  phase  inclusions  was  found. 

Introduction 

As  the  doping  of  PVT  grown  SiC  crystals  is  often  inhomogeneous  because  of  varying  crystal 
surface  temperature  or  source  depletion  during  growth  time  it  would  be  advantageous  to  supply 
doping  gases  directly  to  the  crystal  growth  interface  for  better  incorporation  control  [1].  However, 
the  implementation  of  an  additional  gas  stream  into  the  PVT  setup  ("modified  PVT"  or  "M-PVT") 
as  indicated  in  Fig.  1  causes  severe  distortions  of  the  crystal  growth  process;  i.e.  modification  of 
temperature  field,  etc.  In  this  paper  we  will  introduce  the  experimental  realization  of  a  modified 
PVT  setup  with  an  additional  gas  stream.  We  will  discuss  the  necessary  steps  to  optimize  the 

growth  conditions  and  the  potential  for  high  n-type  of  SiC 
doping  with  nitrogen.  In  addition  we  will  present  first  results  on 
an  improvement  of  the  crystal  growth  process  in  the  modified 
PVT  regime,  i.e.  strong  evidence  for  micropipe  overgrowth  in 
the  initial  stage  of  growth  and  reduction  of  second  phase 
inclusions  (i.e.  graphite  particles). 

Experiments 

For  introduction  of  the  gas  flow  into  the  growth  cell  we 
modified  the  conventional  PVT  setup  [2,3]  by  a  second  gas 
source  according  to  Fig.  1.  A  tube  running  through  both  the 
isolation  and  the  SiC  powder  source  supplied  inert  gas  (argon  or 
helium)  and/or  the  doping  gas  (e.g.  nitrogen)  directly  in  front  of 
the  growth  boundary.  In  additional  an  outlet  for  the  gases  was 
realized  by  a  partly  permeable  diffusion  barrier  indicated  by  two 
arrows  on  top  of  the  growth  cell  in  Fig.  1. 

After  we  obtained  a  suitable  thermal  field  inside 
Fig.  1:  Schematic  M-PVT  setup  with  the  growth  cell  by  adjusting  the  crucible  geometry 
graphite  crucible  (black),  SiC  powder  and  the  inner  gas  flow  we  were  able  to  grow  crystals 
source  and  SiC  seed  crystal  (both  gray)  comparable  in  shape  and  growth  rate  to  those  grown 
and  graphite  tube  inside  the  powder. 
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by  conventional  PVT  process  (d>35mm;  L>10mm),  while  no  blocking  of  the  gas  outlet  was 
observed.  The  growing  polytype  was  mainly  6H  for  both  carbon  and  silicon  side  experiments.  The 
ambient  gas  for  pressure  control  was  pure  argon  like  it  is  common  in  the  conventional  PVT  growth 
regime.  In  the  following  we  will  call  it  the  "outer  gas  flow"  in  order  clearly  distinguish  it  from  the 
additional  and  new  "inner  (doping)  gas  flow"  of  the  modified  PVT  setup. 

The  microstructure  was  analyzed  by  optical  microscopy  and  the  doping  concentrations  were 
determined  by  absorption  spectroscopy  [4,5]. 


Results  and  Discussion 

Establishment  of  proper  growth  conditions: 

We  used  a  computer  program  for  2-dim  heat  transfer  calculations  [6]  to  minimize  the  impact  of 
the  geometrical  modifications  (gas  supplying  pipe)  on  the  thermal  field  [Fig.  2,  left]  inside  the 
growth  cell.  The  main  problem  was  the  suppression  of  concave  isotherms  over  the  powder  surface 
[Fig.  2,  middle]  caused  by  radiation  heating  out  of  the  tube  that  is  running  through  the  hot  powder 
core.  By  using  a  suitable  tube  shape  this  effect  could  be  limited  to  a  small  area  while  the  isotherms 
in  the  part  of  the  growing  crystal  remained  convex. 


Fig.  2:  Schematic  set-up  with  SiC  powder  source  (gray,  bottom),  SiC  seed  (gray,  top),  crucible 
(black,  top)  tube  (black,  bottom),  gas  flow  (arrow)  and  isothermals  (lines). 

Left:  conventional  T-field;  middle:  T-field  with  tube  and  without  gas  flow;  right:  T-field  with  high 
gas  flow  carbonized  seed  and  polycrystalline  growth  in  the  corners. 


SiC 


Fig.  3:  Graphite  seed  holder  with 
carbonized  seed  and  polycrystalline  SiC  in 
the  outer  parts. 


In  additional  to  geometrical  influences  the  T- 
field  was  also  disturbed  by  the  inner  gas  flow 
itself.  The  gas  species  are  heated  up  while  flowing 
through  the  hot  core  area  of  the  crucible  and  enter 
into  the  growth  cell  as  hot  stream.  As  a 
consequence  the  central  parts  and  especially  the 
seed  are  heated  up.  The  thermal  field  [Fig.  2,  right] 
changes  dramatically  and  the  "cold"  points  in  the 
seed  area  migrate  to  the  edges.  Therefore  the  seed 
sublimes  and  polycrystalline  SiC  growth  is 
observed  in  the  outer  parts  [Fig.  2,  right;  Fig.  3].  If 
the  value  of  the  inner  gas  flow  is  lowered  the 
shape  of  the  T-field  is  maintained  according  to 
Fig.  2  (middle)  and  crystal  growth  is  possible. 

Furthermore  one  has  to  take  into  account  that 
the  inner  gas  flow  also  has  a  significant  influence 
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on  the  global  temperature.  The  gas  entering  the  reactor  at  room  temperature  has  to  be  heated  up  to 
around  2000°C  and  therefore  more  power  (about  lkW  for  typical  flow  values)  is  necessary  to  reach 
the  growth  temperature.  Especially  if  the  inner  gas  flow  is  varied  during  the  experiment  this  energy 
loss  must  be  compensated  by  a  variation  of  the  external  power  input. 

Doping: 

If  only  inert  gas  without  doping  atoms  was  introduced  into  the  growth  cell  the  doping 
concentration  was  lower  than  during  the  conventional  PVT  process.  In  the  best  case  doping  levels 
as  low  as  n=6*10I6/cm3  nitrogen  atoms  were  incorporated  into  the  SiC  crystal  although  no  extra 
efforts  were  made  to  minimize  residual  impurities  in  the  isolation,  crucible  material  and  SiC  source 
powder.  A  strong  correlation  between  residual  nitrogen  doping  and  growth  rate  was  observed:  a 
factor  two  higher  growth  rate  of  700pm/h  showed  a  low  doping  concentration  of  n=6*10  /cm' 
while  an  experiment  at  a  growth  rate  of  350pm/h  exhibited  a  doping  level  of  n=l*1017/cm3.  If 
nitrogen  gas  was  supplied  through  the  inner  gas  tube  (same  amount  as  in  conventional  PVT 
experiments  through  the  "outer  gas  flow")  a  high  doping  concentration  of  n>l*1020/cm'  was 
observed  (conventional  PVT  counterpart:  n=6*10l7-l*10l9/cm3).  The  difference  is  monitored  in 
Fig.  4  where  one  can  compare  the  difference  in  optical  transmission  between  a  conventional  PVT 
(lower  part;  seed)  and  a  M-PVT  crystal.  This  demonstrates  that  M-PVT  is  a  suitable  and  efficient 
method  to  supply  doping  atoms  in  front  of  the  crystal  growth  interface. 

Micro  pipe  reduction: 

On  the  interface  between  seed  and  crystal  (Fig.  4),  clearly  determined  by  the  change  in  doping 
concentration  we  observed  a  tendency  of  micropipe  closing.  This  effect  is  significant  (30%), 
reproducible  in  several  crystals  and  applies  for  both  micro  and  macro  pipes.  Up  to  now  several 
reasons  are  under  discussion.  A  reasonable  explanation  could  be  a  "smoothing"  effect  of  the  inner 
gas  flow  on  the  temperature  field  in  front  of  the  seed  surface.  Low  lateral  temperature  gradients 
(may  also  be  achieved  in  PVT)  would  cause  step  growth  in  a  large  seed  areas  with  lateral  crystal 
overgrowth  of  the  pipes. 

Fig.  4:  Transmission  Light  Microscopy 
picture  of  the  interface  between  seed  and 
crystal. 

Crystal  (top):  M-PVT;  no  carbon  inclusions 
and  fewer  pipes.  More  Absorption  according 
to  higher  nitrogen  content. 

Seed  (bottom):  grown  by  conventional  PVT 
with  carbon  inclusions  and  micro/macro 
pipes;  less  Absorption  according  to  lower 
doping  concentration. 


Inclusions: 

In  M-PVT  experiments  carried  out  at  process  conditions  comparable  to  conventional  PVT 
(without  additional  gas  flow  but  equal  temperature,  pressure  and  temperature-gradients)  we 
observed  no  carbon  inclusions  (Fig.  4,  crystal)  in  the  central  crystal  parts  for  both  low  and  high  n- 
doped  crystals.  At  normal  growth  rates  (350pm/h)  the  inclusion  free  area  (Fig.  5a)  extended  over 
the  whole  seed  (d=36mm)  and  only  in  the  outer  parts  (36mm<d<41mm)  inclusions  were  present.  It 
is  believed  that  this  kind  of  inclusions  are  carbon  particles  [7,  8],  which  migrate  from  the  powder 
source  to  the  crystal  surface,  driven  by  the  pressure  difference  of  the  gaseous  silicon  and  carbide 
species  along  the  temperature  gradient.  It  seems  that  the  particles  which  are  homogeneously 
distributed  over  the  entire  crystal  diameter  in  conventional  PVT  are  pushed  out  of  the  mono 
crystalline  part  by  the  inner  gas  flow  (M-PVT).  As  the  growth  rate  was  increased  up  to  700pm/h 
also  the  mass  transport  increased;  the  particles  obtained  more  kinetic  energy  and  prevailed  against 
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the  inert  gas  flow.  Thus  the  inclusion  free  area  decreased  and  inclusions  appeared  inside  the  seed 
diameter  (d<36mm,  Fig.  5b). 

As  a  result  the  powder  source  can  be  determined  as  one  origin  of  carbon  inclusions. 


□  0 
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Fig. 5:  Inclusion  density  of  low  doped  SiC-Wafers  grown  by  M-PVT  in  l*106cm'3. 

a.  Growth  rate  350pm/h;  d=41mm:  Inclusions  b.  Growth  rate  700pm/h;  d=36mm:  Inner  part 

only  at  the  edge.  without  inclusions  is  decreasing. 

Conclusions/Summary 

We  have  developed  a  modified  PVT  process  setup  in  which  we  were  able  to  grow  crystal  at  the 
presence  of  a  gas  flow  introduced  directly  into  the  growth  cell.  We  demonstrated  the  possibility  to 
control  the  doping  concentration  inside  the  crystal  with  the  additional  gas  flow.  We  observed  micro 
pipe  healing  at  the  seed  to  crystal  interface  in  the  initial  M-PVT  growth  stage  and  we  have  shown 
that  carbon  inclusions  which  originate  from  the  SiC  powder  source  could  be  avoided  through 
extrusion  by  the  gas  flow. 
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Abstract.  In  this  paper  we  study  mass  transport  in  SiC  powder  charge,  employed  as  a  source  of 
reactive  species  in  SiC  bulk  crystal  growth,  coupled  with  the  species  transport  in  the  clearance 
between  die  powder  and  the  seed.  The  study  is  aimed  at  finding  correlation  between  growth 
conditions  and  powder  evolution  during  a  long-term  growth  process.  We  also  examine  how  the 
growth  conditions  and  the  powder  properties  (porosity  and  mean  size  of  SiC  granule)  influence  SiC 
growth  rate  at  the  seed.  The  theoretical  results  are  compared  with  available  experimental  data. 

Introduction 

Growth  of  high-quality  SiC  bulk  crystals  suitable  for  substrate  fabrication  is  a  challenge  for  modern 
high-temperature  and  high-power  electronics.  To  grow  SiC  bulk  crystals  the  sublimation  method  is 
found  to  be  most  suitable.  This  technique  requires  an  accurate  control  of  a  thermal  field  in  the 
crucible  during  the  long-term  growth  process,  which  is  influenced  by  changes  in  the  crystal  shape, 
deposit  formation,  SiC  powder  source  degradation  with  time,  etc.  The  latter  factor  is  still  little 
understood  because  of  difficult  in  situ  powder  examination.  Only  limited  information  on  the  powder 
evolution  is  available  at  the  moment  [1-3].  In  these  publications  the  following  processes  occurring 
in  the  powder  during  SiC  growth  are  distinguished: 

•  Graphitization  of  SiC  granules  resulting  in  formation  of  a  low-density  graphite  foam  in  the  hot 
zones  of  the  powder  charge; 

•  Densification  of  the  powder  in  the  cold  zones,  related  to  secondary  SiC  crystallization  from  the 
supersaturated  vapor  species; 

•  Directional  gas  flowing  through  the  powder  charge.  In  particular,  it  results  in  a  shape 
modification  of  SiC  granules  due  to  their  sublimation  and  secondary  crystallization  of  the 
reactive  species. 

However,  effects  of  growth  conditions  on  the  processes  and  the  influence  of  the  powder  properties 
on  the  species  transport  and  SiC  growth  on  the  seed  are  still  open  questions  requiring  further 
examination.  Due  to  evident  difficulties  in  experimental  monitoring  of  SiC  powder  evolution, 
modeling  can  be  a  powerful  tool  to  find  correlation  between  the  growth  conditions,  temporal 
changes  in  powder  properties  and  SiC  growth  rate  on  the  seed. 

In  this  paper  we  suggest  for  the  first  time  a  model  of  species  transport  through  a  SiC  powder 
charge  coupled  with  an  analysis  of  sublimation  and  graphitization  of  individual  granules.  Using  the 
model  we  investigate  how  growth  conditions  and  powder  properties  influence  SiC  growth  rate  on 
the  seed.  We  also  show  that  the  processes  occurring  in  the  powder  can  be  effectively  controlled  by 
adjustment  of  the  temperature  distribution  in  the  crucible. 
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Model 

Here  we  employ  a  simplified  one-dimensional  approach  for  modeling  of  transport  of  the  reactive 
species  (Si,  Si2C  and  SiC2)  in  the  powder  charge,  their  transfer  in  the  clearance  between  the  powder 
and  the  seed,  and  SiC  growth  on  the  seed.  Porosity  e  and  mean  granule  diameter  S  are  chosen  to  be 
the  basic  properties  of  the  powder.  The  mean  granule  diameter  is  assumed  to  be  comparable  to  the 
mean  size  of  an  individual  pore  in  the  powder.  Both  diffusive  and  convective  mechanisms  of 
species  transport  in  the  pore  space  are  taken  into  account.  The  Hertz-Knudsen  relations  modified  to 
take  into  account  the  diffusive  resistance  of  the  pore  are  used  to  describe  the  mass  exchange 
between  the  granule  surface  and  the  pore  space.  The  phase  state  of  the  granule  surface  is  analyzed  in 
every  point  of  the  powder  charge  and  the  corresponding  type  of  heterogeneous  equilibrium  [4-5]  is 
assumed  to  calculate  the  granule  sublimation  rate  R  .  We  distinguish  between  two  types  of  the 
granule  phase  states  and,  accordingly,  between  two  types  of  heterogeneous  equilibria:  (i)  stoichio¬ 
metric  SiC  surface  (SiC-vapor  equilibrium),  and  (ii)  the  surface  of  SiC  granule  covered  with  the 
porous  graphite  foam  (SiC-C-vapor  equilibrium).  The  local  granule  evaporation  rate  was  then 
related  to  the  local  rate  of  the  porosity  change  assuming  the  granule  concentration  in  the  powder  to 
be  constant:  de/dt  =  3R  (l  -e)/8 .  In  more  detail  the  model  will  be  published  elsewhere. 

Results  and  discussion 

The  computations  have  been  carried  out  with  the  parameters  close  to  those  experimentally  used:  gas 
pressure  of  25  mbar,  initial  mean  granule  diameter  of  1  mm,  initial  porosity  of  0.9,  powder  charge 
height  of  2  cm,  clearance  between  the  powder  and  the  seed  of  2  cm.  First,  we  assigned  a  constant 

axial  temperature  gradient  in  the 
clearance  and  a  parabolic  temperature 
profile  inside  the  charge  as  shown  in 
Fig.l. 

The  computations  predict  appearance 
of  several  zones  in  the  powder  source 
with  very  different  character  of  chemical 
interaction  between  the  gas  mixture  and 
the  granule  surfaces  (see  Fig.2).  Intensive 
granule  sublimation  occurs  in  the  hot 
region  near  the  bottom  of  the  powder 
charge.  Here  the  granule  size  and  the 
porosity  decrease  with  time  and 
eventually  an  empty  cavity  is  formed 
with  €  »  1  filled  by  low-density  graphite 
foam  (zone  1).  The  transition  zone  where 
the  porosity  gradually  varies  from  unity 
down  to  about  initial  value  is  indicated  in 
Fig.l.  Schematic  view  of  the  crucible.  Different  zones  in  Fig.l  as  zone  2.  The  phase  state  analysis 
the  powder  charge  are  indicated:  (1)  empty  cavity  filled  by  predicts  here  graphitization  of  the 

low-density  graphite  foam;  (2)  zone  of  intensive  granule  surface.  So,  the  major  part  of 

sublimation;  (3)  quasi-equilibrium  zone;  (4)  zone  of  gaseous  species  produced  by  the  source 

secondary  SiC  crystallization  (see  text  for  details).  is  formed  just  in  thc  region  where  sic 

and  graphite  coexist  in  the  powder.  SiC 
sublimation  in  zone  2  results  in  a  gas  flow  acceleration  along  the  axis  of  the  crucible.  A 
heterogeneous  equilibrium  between  the  granule  and  the  reactive  vapor  in  the  pore  space  is  nearly 
reached  in  zone  3.  The  porosity  and  the  granule  diameter  practically  do  not  vary  here  with  time  and 
are  close  to  the  initial  values.  Finally,  secondary  SiC  ctystallization  is  predicted  in  the  cold  zone  of 
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the  source  near  the  top  of  the  charge  (zone  4).  In  this  zone  the  porosity  decreases  with  time  and  then 
vanishes.  This  leads  to  blocking  of  the  gas  flow  pathways  in  the  powder  and,  as  a  result,  to  drastic 
SiC  growth  rate  reduction  on  the  seed. 

In  Fig.3  we  show  by  solid  circles  the 
temporal  evolution  of  SiC  growth  rate  on 
the  seed  predicted  by  our  model.  Notice 
that  the  growth  rate  reduction  occurs 
despite  a  lot  of  material  in  the  powder 
charge  is  still  available  for  sublimation. 
This  result  allows  better  understanding 
the  processes  occurring  in  the  growth 
system  with  a  realistic  two-dimensional 
temperature  distribution  in  the  crucible. 
In  such  a  system,  hot  zones  are  located 
not  only  at  the  crucible  bottom,  but  also 
near  its  side  walls.  So,  additional  empty 
Height  (cm)  cavities  filled  by  low-density  graphite 

foam  are  expected  to  appear  along  the 
Fig.2,  Evolution  of  the  powder  porosity  computed  for  the  crucible  walls.  A  secondary  crystalliza- 
parabolic  temperature  profile  in  the  powder  charge.  tion  zone  formed  at  the  top  of  the  charge 

must  result  in  blocking  of  the  gas  flow 
pathways  in  the  powder  bulk  but  the  gas  transport  through  the  empty  cavities  near  the  crucible  walls 
is  still  possible.  Thus,  we  expect  the  blocking  effect  to  result  (i)  in  a  considerable  enhancement  of 
mass  transport  at  the  periphery  of  the  growing  crystal,  (ii)  in  a  remarkable  reduction  of  the  growth 
rate  after  the  secondary  crystallization  zone  is  formed,  and  (iii)  in  a  lower  utilization  efficiency  of 
the  powder  charge  due  to  dominating  periphery  sublimation. 

Evolution  of  SiC  powder  during  sublimation  growth  has  been  recently  studied  experimentally  by 
P.Wellmann  et  al  [3].  The  authors  of  the  paper  reported  on  a  dense  disk  formation  at  the  top  of  the 


charge  after  several  hours  of  growth  and 
on  considerable  powder  consumption 
and  graphitization  near  the  hot  walls 
and  the  bottom  of  the  graphite  crucible. 
In  addition,  a  drastic  reduction  of  the 
growth  rate  after  about  2  hours  of 
growth  was  observed  in  [3].  All  these 
observations  agree  well  with  the 
theoretical  predictions. 

To  optimize  utilization  efficiency  of 
the  source  we  examine  the  effect  of  the 
temperature  profile  on  the  processes 
occurring  inside  the  powder  and  on  SiC 
growth  on  the  seed.  The  computations 
carried  out  for  a  uniform  temperature 


Time  (h) 


distribution  in  the  charge  (with  50  K  Fig.3.  Growth  rate  evolution  computed  for  different 

difference  between  the  source  and  the  temperature  distributions  in  the  powder  charge, 

seed)  show  that  use  of  the  uniformly 
heated  SiC  powder  avoids  its 

densification.  The  granules  sublime  in  this  case  both  at  the  bottom  and  at  the  top  of  the  charge  (see 
Fig.4),  and  the  reactive  species  flow  easily  through  the  pores  in  the  powder  bulk.  Almost  complete 
sublimation  of  the  granules  occurs  over  the  whole  charge.  It  results  in  a  higher  powder  utilization 
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efficiency  for  the  uniform  temperature  distribution  due  to  prolonged  growth  (see  Fig.3,  squares). 
Vanishing  of  the  growth  rate  after  13  hours  of  growth  seen  in  Fig.3  is  caused  by  surface 
graphitization  of  SiC  crystal.  The  latter  is  related  to  the  changes  in  the  vapor  composition  due  to 
gradual  depletion  of  the  powder  material.  As  previously,  the  SiC  growth  rate  reduces  significantly 
during  the  first  ~1.5  hours  although  the  variation  range  is  much  more  narrow  compared  to  the  case 
of  the  parabolic  temperature  profile.  The  variation  of  the  growth  rate  is  directly  related  to 
stratification  occurring  in  the  SiC  powder  at  the  initial  stage  of  growth.  For  two-dimensional 
temperature  distribution  in  the  crucible  we  expect  more  uniform  growth  rate  distribution  over  the 
seed  as  compared  to  the  axial  parabolic  temperature  profile  discussed  above. 


Conclusions 

In  this  paper  a  model  of  species  transport 
inside  SiC  powder  source  is  suggested 
taking  into  account  chemical  interaction 
of  the  reactive  species  with  SiC  granules. 
Within  one-dimensional  approach  the 
model  has  been  applied  to  analyze 
correlation  between  the  growth 
conditions,  the  processes  occurring  in 
the  powder  charge  and  SiC  growth  on 
the  seed.  Predicted  stratification  in  the 
powder  and  significant  reduction  of  the 
growth  rate  are  in  good  agreement  with 
the  experimental  observations. 

Two  regimes  of  SiC  powder  source 
operation  are  found  theoretically  -  with 
and  without  appearance  of  a  zone  where 
secondary  crystallization  results  in 
blocking  of  the  gas  flow  pathways  in  the  powder  bulk.  The  blocking  effect  should  lead  to  a  lower 
powder  charge  utilization  efficiency,  to  enhancement  of  the  reactive  species  transport  at  the 
periphery  of  the  seed  and  to  a  poorer  growth  rate  temporal  stability.  This  effect  can  be  suppressed  by 
a  proper  adjustment  of  the  temperature  distribution  inside  the  powder  charge. 
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Fig.4.  Evolution  of  the  powder  porosity  distribution 
computed  for  uniform  temperature  distribution  in  the 
charge. 
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Abstract 

The  aim  of  the  present  work  is  to  analyze  some  parameters  of  SiC  crystals:  shape,  surface 
morphology  and  residual  stresses.  The  shape  of  the  crystals  depends  on  the  construction  of  growth 
cavity.  The  change  of  geometry  allowed  to  grow  crystals  with  convex,  concave  or  flat  growth  front. 
It  is  shown  that  a  flat  growth  front  should  be  used  for  excluding  radial  non-homogenity  of  doping 
impurities.  The  presence  of  considerable  temperature  gradients  in  the  bulk  crystals  during  their 
growing  leads  to  arising  mechanical  stresses  after  cooling  these  crystals.  By  means  of  Raman 
scattering  we  estimated  respective  strain  values  that  reach  approximately  0.3  Gpa  at  the  centre  of 
the  crystal. 

Introduction 

Silicon  carbide  is  promising  material  for  power  high-temperature  and  microwave  electronics. 
However,  the  main  factor  limiting  development  of  SiC  device  technology  is  deficiency  of  high- 
quality  substrates  of  large  diameter  with  low  concentration  of  structural  defects.  Growing  bulk 
crystals  of  silicon  carbide  by  the  modified  Lely  method  or  Physical  vapour  transport  (PVT)  method 
was  offered  more  than  20  years  ago,  nevertheless,  despite  a  plethora  of  works  performed  along  this 
direction,  several  aspects  of  the  method  remain  undeveloped.  This  work  was  focused  on 
investigations  of  effects  of  a  growth  front  shape  and  conditions  on  crystal  parameters,  namely:  ingot 
shape,  homogeneity  of  doping  impurity  distribution  and  presence  of  residual  strains. 

Methods  of  growing  crystals  and  discussion  of  results 

To  grow  bulk  crystals,  we  used  the  PVT  method.  Applied  was  the  industrial  furnace  REDMET-30 
with  a  resistive  graphite  heater  [1].  As  seeds,  crystals  6H-SiC  with  n-type  conductivity,  grown  by 
the  Lely  method,  or  PVT  crystals,  were  used.  The  seeds  had  a  form  of  plane-parallel  plates 
orientated  along  the  plane  {0001}.  These  were  etched  in  KOH  melt  (T=600°C,  t~3  -  5  min.).  It 
enabled  us  to  determine  orientations  of  (0001)Si  and  (000 1)C  planes.  As  a  vapour  source  (charge) 
we  used  polycrystalline  silicon  carbide  of  n -  or  p-type  conductivity.  To  synthesize  charge,  we  used 
graphite  and  silicon  powders  of  semiconductor  purity  grade.  The  synthesis  was  carried  out  in  argon 
at  the  temperature  2000°C. 

Crystals  were  grown  at  charge  temperatures  2350-2550°C  in  Ar  atmosphere  and  pressures  from  2  to 
15  mbar.  The  average  growth  rate  along  the  c-axis  was  changed  from  0.3  to  1.5  mm  per  hour.  To 
study  growth  peculiarities,  the  crystals  were  cut  into  plates  according  to  different  crystallographic 
directions  that  were  parallel  and  perpendicular  to  the  c-axis.  Thickness  of  the  plates  varied  within 
the  range  of  0.5- 1.5  mm.  The  plates  were  polished  by  diamond  pastes  and  etched  in  molten  KOH. 
The  shape  of  crystals  prepared  by  the  PVT  method  is  mainly  determined  by  a  growing  cell  design. 
Its  change  enables  to  control  a  growth  front  and,  accordingly,  a  crystal  shape.  We  used  several 
variants  of  growing  cell  designs,  which  enable  us  to  prepare  crystals  with  convex,  concave  or  flat 


42 


Silicon  Carbide  and  Related  Materials 


growth  fronts.  Application  of  a  heat  field  with  symmetry  close  to  the  spherical  one  enables  to  carry 
out  growing  crystals  along  a-  and  c-directions  simultaneously  [2].  Fig.l  shows  a  schematically 
crystal  structure  with  a  convex  growth  front  and  a  photo  of  a  typical  ingot.  The  ingot  consist  of 
several  parts:  the  monocrystalline  one  having  a  conical  shape  (1),  the  seed  (2)  and  the 
polycrystalline  outgrowth  (3). 

The  diameter  of  an  ingot  monocrystalline  part  was  as  large  as  25  mm  when  using  the  seed  diameter 
up  to  10  mm  and  growth  duration  about  10  hours.  Increasing  the  seed  diameter  up  to  20  mm  we 
were  able  to  produce  the  monocrystalline  part  with  35  mm  diameter. 


Fig.l. The  crystal  with  a  convex  growth  front:  a)  crystal  cross-section  with  a  plane  parallel  to  oaxis, 
where  cipher  1  denotes  monocrystalline  part,  2-seed  crystal,  3  -  polycrystalline  outgrowth;  b)  a 
crystal  cross-section  with  a  plane  perpendicular  to  c-axis;  c)  an  ingot  picture. 

Studying  cuts  perpendicular  to  c-axis  showed  that  growth  in  a  heat  field  of  a  quasi-spherical  form 
leads  to  radial  distribution  of  impurities  in  the  ingot  due  to  vapour  composition  change  in  the  course 
of  growing.  It  is  obvious  that  at  presence  of  different  impurities  in  the  vapour  source,  more 
volatilizing  components  are  continuously  driven  off  during  the  growth  process.  It  causes  non- 
homogeneous  doping  substrates  owing  to  the  change  of  the  concentration  of  impurities  in  vapour 
during  the  whole  growing  process.  Fig. lb  shows  in  ingot  section.  As  seen,  the  plate  has  non- 
uniform  colour  caused  by  non-homogeneous  distribution  of  doping  impurities.  The  plate  colour 
depends  on  the  type  of  outgrowing  plane  (000 1)C  or  (0001)Si  and  impurities  incorporated  into  the 
source  (  aluminum,  boron  or  nitrogen). 

Fig. 2  shows  pictures  and  crystal  structures  obtained  in  a  case  of  concave  and  quasi-flat  growth 
fronts.  When  using  a  flat  growth  front,  outgrowing  is  insignificant,  but  it  enables  to  grow  crystals 
with  a  form  close  to  the  cylinrical  one  and  practically  excludes  any  radial  nonhomogenity  of 
growing  crystals.  Thus,  from  a  commercial  viewpoint,  usage  of  a  flat  growth  front  is  preferable  [3]. 
A  concave  growth  front  leads  to  a  decrease  in  diameter  of  the  monocrystalline  part,  and  therefore  is 
not  effective. 

The  crystal  surface  morphology  was  investigated  using  an  optical  microscope  coupled  with  a 
videocamera.  It  was  ascertained  that  crystals  with  convex  growth  front  can  be  characterized  by  the 
presence  of  growth  macrosteps  disposed  in  the  form  of  concentric  circles  (Fig. 3a).  Heights  of  these 
steps  decrease  from  the  periphery  to  the  crystal  centre.  In  pictures  one  can  see  outlets  of  micropipes 
on  the  crystal  surface.  Causes  of  these  defect  formation  are  connected  with  inclusions  of  small 
carbon  particles. 
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Fig. 3.  Pictures  of  central  part  of  the  crystals  with  concave  (a)  and  flat  (b,c)  growth  fronts 
and  their  structure. 

With  a  flat  growth  front,  the  central  part  of  the  crystal  has  a  rather  smooth  surface  (Fig.3b),  and, 
only  when  using  the  (0001)Si  plane,  in  some  cases  we  observed  spiral  structres  (Fig.3c). 

Side  outgrowing  provides  increasing  crystal  dimensions,  however,  in  this  case  radial  and  axial 
gradients  cause  considerable  strain.  In  [4]  was  reported  a  frequency  change  of  TO  and  LO  phonons 
in  6H-SiC,  observed  by  the  Raman  spectroscopy  when  applying  hydrostatic  pressure.  The  authors 
ascertained  that  a  frequency  difference  of  TO-bands  for  compressed  and  free  crystals  is  in 
proportion  to  applied  pressure  value: 


vTo-V°to=  3.53cm_1x  P(GPa) 


(1) 
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where  P  is  the  pressure  value  expressd  in  GPa  units.  Fig.4  represent  Raman  spectra,  measured  by  us 
in  a  crystal  prepared  by  the  Lely  method  and  in  two  parts  of  a  bulk  crystal  with  convex  growth  front. 


v,  cm’1 


Fig.4.  The  Raman  spectra  of  6H-SiC  crystals:  1  -Lely  crystal,  2  -  periphery  part,  3  -  central  part  of 
the  bulk  crystal. 

It  was  assumed  that  any  mechanical  strain  was  absent  in  the  Lely  crystals.  The  spectra  show  that  the 
maxima  of  Raman  bands  for  the  bulk  crystal  are  shifted  into  high-frequency  side  as  compared  to  the 
Lely  one.  This  fact  indicates  that  there  is  compression  strain  in  the  bulk  crystal,  which  has  a 
tendency  to  increase  from  periphery  to  centre.  Using  the  formula  (1)  we  estimated  respective  strain 
values  that  reach  approximately  0.3  Gpa  at  the  centre  of  the  crystal. 

Conclusions 

The  investigation  is  focused  on  ascertaining  the  influence  of  a  growth  shape  on  the  structure  of  6H- 
SiC  bulk  crystals  grown  by  the  PVT  method.  It  is  shown  that  a  flat  growth  front  should  be  used  for 
excluding  radial  nonhomogenity  of  doping  impurities.  The  presence  of  considerable  temperature 
gradients  in  the  bulk  crystals  during  their  growing  and  high  curvature  of  the  temperature  field  [5] 
leads  to  arising  mechanical  strain  after  cooling  these  crystals. 
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Abstract.  Aluminum-  (A1-)  doped  6H-SiC  crystals  have  been  grown  by  the  modified  Lely  method. 
AI4C3  is  used  as  A1  source  during  the  growth  and  was  put  into  a  separate  container  which  was  kept 
at  temperatures  about  250  K  lower  than  the  SiC  source  material.  Highly  aluminum  doped  p-type 
6H~SiC  crystals  (Al-concentration  ca.  1  •  1 019  cm'3)  could  be  grown  showing  no  microscopic 
aluminum-containing  precipitates.  The  resistivity  (at  room  temperature)  is  1.4  Qcm  measured  on  a 
wafer,  which  is  prepared  from  a  region  close  to  the  seed  crystal.  The  Hall  scattering  factor  for  holes 
rH(p)  at  temperatures  T  >  250  K  is  estimated  to  be  smaller  than  one;  its  value  at  700  K  is  determined 
to  be  about  0.5. 

Introduction 

High  conductivity  p-type  SiC  substrate  material  is  required  for  the  production  of  vertical  electronic 
power  devices  [1].  Since  A1  is  the  acceptor  with  the  lowest  ionization  energy  which  is  known  at  the 
present  [2],  it  is  desirable  to  grow  highly  Al-doped  SiC  single  crystals.  The  simple  attempt  to  mix 
A1  containing  compounds  among  the  SiC  source  powder  fails  because  of  the  high  partial  pressure  of 
A1  [3]  for  all  the  suitable  Al-compounds.  Frequently,  a  considerable  incorporation  of  A1  during  the 
initial  growth  stages  forms  A1  containing  precipitates  [4].  Furthermore,  the  crystals  show  a  strong 
axial  decrease  of  the  A1  content  with  continuing  growth  duration;  in  some  cases,  the  conductivity 
type  even  switches  from  p-  to  n-type  due  to  the  overcompensation  by  residual  nitrogen  (N)  donors. 
In  our  growth  experiments,  we  put  the  A1  source  (AI4C3)  in  a  separate  container  and  kept  it  at  lower 
temperature  than  the  SiC  source  material  resulting  in  precipitate-free  p-type  SiC  crystals.  The 
comparison  of  secondary  ion  mass  spectroscopy  (SIMS),  capacitance-voltage  (C-V)  and  Hall  effect 
results  enabled  us  to  give  an  estimate  for  the  unknown  Hall  scattering  factor  for  holes  in  6H-SiC. 

Experimental 

6H-SiC  bulk  single  crystals  have  been  grown  by  sublimation  physical  vapor  transport  (PVT)  (or  so- 
called  modified  Lely  method).  The  growth  system  used  as  well  as  the  preparation  of  the  graphite 
parts,  the  source  material,  and  the  seed  prior  to  the  growth  run  are  described  in  [5].  The  hot  zone  of 
the  growth  system  has  been  altered  in  such  a  manner  that  the  A1  source  (AI4C3  powder)  was  kept  in 
a  separate  graphite  container  providing  diffusion  channels  (drilled  holes)  for  the  A1  into  the  growth 
crucible.  Fig.l  shows  a  detailed  drawing  of  the  hot  zone  of  the  PVT-system  used  for  the  growth  of 
Al-doped  SiC  crystals.  The  separate  container  was  kept  at  temperatures  significantly  below  the  tem¬ 
perature  of  the  SiC  source  (TAi  =  1850°C-1930°C).  Its  temperature  distribution  has  been  measured 
with  an  arrangement  of  several  W/Re-thermocouples.  The  determined  temperatures  are  indicated  in 
Fig.l  (full  dots).  The  growth  experiments  reported  in  this  paper  have  been  conducted  according  to 
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the  near-thermal-equilibrium  process  [6].  The  source  temperature,  the  seed  temperature  and  the 
argon  pressure  inside  the  growth  cell  have  been  established  to  be  Tsource  =  2150°C  -2180°C, 
Tseed  =  2150°C  and  pArgon  =  1  mbar  -  820  mbar,  respectively.  The  exact  course  of  the  growth  process 
is  described  elsewhere  [6].  The  seed  faces  have  been  prepared  with  on-axis  orientation  relative  to 
the  c-axis. 

The  incorporation  of  A1  and  N  has  been  investigated  by  secondary  ion  mass  spectroscopy 
(SIMS),  capacitance-voltage  (C-V),  and  Hall  effect  measurements. 
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Fig.l .  Hot  zone  of  the  PVT-system  used  for  the  growth  of  Al-doped  SiC  single  crystals.  The  parts 
are  made  of  solid  graphite  or  graphite  felt  (thermal  insulation).  The  temperature  range  TAi  along 
the  Al  depot  was  determined  hy  an  arrangement  of  WIRe-thermocouples;  it  is  indicated  in  the 
figure  (full  dots).  The  temperature  at  the  lid  and  bottom  of  the  growth  crucible  Tseed  and  Tsource, 
respectively y  was  measured  by  two-color  pyrometers . 


Results  and  Discussion 

6H-SiC  growth  (p-type).  We  succeeded  in  growing  p-type  6H-SiC  boules  on  the  Si-face  of  an 
n-type  6H-SiC  seed  crystal  up  to  a  length  of  about  1  cm.  In  contrast,  the  conductivity  type  of 
crystals  grown  on  the  C-face  always  switched  from  p-type  to  n-type  with  ongoing  crystal  growth. 
This  observation  can  be  understood  with  the  polarity  dependence  of  the  incorporation  of  Al  and  N. 
While  N  is  incorporated  about  twice  as  much  on  the  C-face  as  on  the  Si-face,  Al  (and  boron  (B)) 
behaves  vice  versa  (see  e.g.  [7]).  SIMS  analyses  taken  on  6H-SiC  crystals  grown  on  the  Si-face 
revealed  a  decrease  of  the  Al  concentration  in  the  axial  direction  from  initially  1*1019  cm"3  to 
2#1017  cm'3  at  the  tail.  However,  the  conduction  type  did  not  switch  to  n-type  as  examined  before. 
We  could  not  observe  any  Al-inclusions  or  Al-precipitates  by  Nomarski  interference  contrast 
microscopy  as  has  been  reported  in  [4].  The  growth  rate  has  not  been  influenced  by  Al  doping;  it  is 
about  0.2  mm/h  as  has  been  observed  for  the  near-thermal-equilibrium  process  [6]  in  former 
experiments  without  Al-doping. 

Electrical  characterization.  The  grown  6H-SiC  p-type  crystals  were  electrically  characterized 
by  Hall  effect  measurements.  Fig.2  shows  the  temperature  dependence  of  the  free  hole  concen- 
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tration  p  (circles)  taken  on  a  sample  from  a  region  close  to  the  seed  crystal.  The  Hall  scattering 
factor  for  holes  rH(P)  is  so  far  not  known;  for  the  Hall  effect  analysis  it  has  been  assumed  to  be 
rH(P)  =  1.  A  least-squares-fit  of  the  neutrality  equation  to  the  experimental  data  (solid  line)  results  in 
an  acceptor  concentration,  an  ionization  energy  of  the  acceptors,  and  a  concentration  of  the  com- 
pensation  of  N(A1)  =  5.O1019  cm'3,  AE(A1)  =  177  meV,  and  N(Comp)  =  1.1-1019  cm'3,  respectively. 
The  density  of  states  (DOS)  effective  mass  of  holes  used  for  the  fit  is  taken  from  [8],  The  maximum 
value  of  the  hole  Hall  mobility  has  been  measured  to  be  (tiH(P)  =  25cm2/Vs  (at  T  =  265  K). 

SIMS  (see  Table  1)  and 
C-V  measurements  conducted 
on  the  same  sample  lead  to 
about  1.0*1019cm‘3  for  the  A1 
concentration  and  the  net 
doping  concentration, 

respectively. 

The  Al-concentration  deter¬ 
mined  by  SIMS  and  C-V  is 
smaller  by  a  factor  of  five 
compared  to  the  corresponding 
value  obtained  from  the  Hall 
effect  analysis.  We  attribute 
this  contradiction  to  an  in¬ 
correct  assumption  for  the 
value  of  rH(P)  used  for  the  Hall 
effect  analysis.  It  is  known  for 
silicon  that  rH(P>  is  temperature  dependent  and  significantly  smaller  than  one  at  high  temperatures 
[9].  Due  to  the  similarity  of  the  valence  band  structure  of  silicon  and  silicon  carbide  we  expect  that 
the  value  of  rn(P)  significantly  deviates  at  high  temperatures  from  one  for  SiC. 


Table  1.  Al-acceptor  parameters  and  concentration  of  the 
compensation  determined  by  Hall  effect  and  SIMS  ( identical 
p-type  6H-SiC  sample  as  investigated  in  Fig. 2).  AE(Al),  N(Al) 
and  N(Comp)  denote  the  Al-ionization  energy ,  the  total 
Al-acceptor  concentration  and  the  concentration  of  the 
compensation,  respectively.  With  respect  to  the  SIMS  data,  we 
have  assumed  that  the  chemically  determined  Al-  and  N- 
concentration  is  completely  electrically  active. 


AE(A1) 

N(A1) 

N(Comp) 

[meV] 

[cm'3] 

[cm'3] 

Hall 

177±10 

(5.0+1. 0)*1019 

(1.1±0.5)*1019 

SIMS 

- 

(1.0±0.2)»1019 

(2.0±0.5>1018 

Fig. 2.  Free  hole  concentration  p  as  a 
function  of  the  reciprocal  tempera- 
jj  ture.  The  experimental  data  (dots) 
^  are  obtained  from  a  Hall  effect 
S  measurement.  The  solid  line  corres- 
q  ponds  to  a  least-squares-fit  of  the 
5‘  neutrality  equation  to  the  ex- 
*2,  perimental  data.  The  fit  parameters 
o  are  given  in  Table  1. 

°  The  dashed  line  is  the  solution  of  the 
o’  neutrality  equation  based  on  the 
g  SIMS  data  listed  in  Table  1  and 
g  A E(Al)  ~190  meV  for  the  Al-ioni- 
.p  zation  energy  [10].  The  ratio  of 
~  p-values  taken  from  the  dashed  line 
and  the  experimental  values  (dots) 
determines  the  Hall  scattering  factor 
for  holes  rH(p)  ( triangles );  see  right 
y-axis. 


Hall  scattering  factor  for  holes.  In  order  to  estimate  the  Hall  scattering  factor  for  holes,  we 
used  the  experimental  results  obtained  from  SIMS  and  Hall  effect.  The  temperature  dependence  of 
free  holes  has  been  calculated  by  setting  the  acceptor  concentration  and  compensation  equal  to  the 
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Al-concentration  and  N-concentration,  respectively,  as  determined  by  SIMS.  In  addition,  the 
Al-ionization  energy  AE(A1)  was  taken  to  be  equal  to  (19G±20)  meV  [10]  and  the  DOS  effective 
mass  according  to  [8].  This  estimate  is  based  on  the  assumption  that  the  chemically  determined  Al¬ 
and  N-concentration  (SIMS)  are  completely  electrically  active.  We  know  from  former  investiga¬ 
tions  of  n-type  SiC  crystals  that  the  chemically  detected  nitrogen  atoms  are  all  electrically  active  as 
donors;  we  propose  that  this  observation  is  also  valid  for  Al-atoms,  which  act  as  acceptors  since  no 
Al-containing  precipitates  could  be  detected.  Our  assumption  is  confirmed  by  C-V  investigations 
which  result  in  almost  identical  concentrations  as  those  determined  by  SIMS.  The  dashed  curve  in 
Fig.  2  reveals  the  calculated  temperature  dependence  of  the  free  hole  concentration  based  on  the 
parameters  given  above.  The  ratio  of  calculated  and  experimentally  determined  values  of  the  free 
hole  concentration  at  corresponding  temperatures  provides  an  estimate  of  the  Hall  scattering  factor 
for  holes  th(P)  in  6H-SiC.  The  calculated  rH(P)-values  are  displayed  in  Fig.2  (triangles)  in  the 
temperature  range  where  the  measured  free  hole  concentration  is  not  significantly  affected  by 
impurity  conduction  (T  >  250  K). 

Within  the  considered  temperature  range  the  Hall  scattering  factor  for  holes  rn(P)  ranges  from  0.5 
to  0.8  similar  to  the  case  of  silicon  [9]. 

Summary 

We  have  grown  p-type  6H-SiC  substrate  material  with  low  resistivity  (p  =  1.4  Qcm  at  room 
temperature)  in  a  Lely  furnace  providing  a  separate  container  for  the  Al-dopant.  We  did  not  detect 
any  Al-containing  inclusions  or  precipitates  in  the  grown  crystals.  SIMS  and  C-V  investigations 
revealed  an  aluminum  concentration  of  N(A)  =  (1. 0+0.5)*  1019  and  a  net  doping  concentration  of 
N(A)-N(D)  =  (1.0±0.5)*1019,  respectively.  We  determined  empirically  the  Hall  scattering  factor  for 
holes  rH(P).  The  values  of  rH(P)  for  temperatures  from  250  K  to  700  K  are  in  the  range  of  0.5  to  0.8. 
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Abstract.  The  incorporation  of  the  acceptor  boron  during  vapor  growth  (PVT)  of  6H-SiC  bulk 
crystals  has  been  studied.  The  chemical  segregation  coefficient  of  boron  (ratio  between  B  content  of 
the  grown  crystal  and  of  the  source)  has  been  determined  to  be  0.4+0. 1  for  a  wide  range  of  B 
concentrations  in  the  starting  material  (0.3-300  ppm  wt).  For  reference  purposes  the  impurity 
concentrations  in  nominally  undoped  SiC  crystals  have  been  analyzed.  Whereas  both  source  and 
SiC  crystals  exhibit  a  high  purity  in  regard  to  p-type  (Al,  B)  and  deep  level  (V,  Ti)  impurities,  a 
considerable  amount  of  residual  nitrogen  was  detected  resulting  in  carrier  concentrations  n  =  lxlO16 
to  1.5xl017  cm'3.  Carrier  concentrations  in  the  p-type  B  doped  crystals  were  found  to  range  from 
2xl014  to  2x10 16  cm'3  for  starting  B  concentrations  between  3  to  300  ppm  wt.  Axial  non¬ 
uniformities,  i.e.  carrier  concentration  in  SiC:B  increases  with  crystal  length,  depend  on  the  com¬ 
pensation  ratio.  At  higher  B  content  the  homogeneity  improves.  Compared  with  segregation  in  Al 
doped  SiC,  results  indicate  that  SiC:B  powder  acts  as  infinite,  SiC:Al  powder  as  finite  dopant 
source.  The  lateral  distribution  of  carrier  concentration  in  SiC:B  crystals  (wafer  mapping)  has  been 
measured  showing  a  good  homogeneity  of  electrical  properties. 

Introduction.  The  preparation  of  p-type  SiC  bulk  crystals  with  low  defect  densities  is  an  important 
issue  for  the  future  development  of  SiC-based  power  and  high  frequency  electronics.  Defined  p- 
doping  is  a  prerequisite  for  both  the  growth  of  highly  conductive  and  semi-insulating  (s.i.)  SiC 
crystals  where  deep  donor  levels  like  vanadium  compensate  the  residual  acceptors.  P-conduction  is 
commonly  realized  by  Al  or  B  doping.  Difficulties  in  p-type  doping  arise  from  the  lack  of  a  suited 
gas  source  which  will  provide  homogeneously  doped  crystals,  as  can  be  seen  in  n-type  doping  with 
nitrogen.  Furthermore,  the  knowledge  of  the  amount  of  incorporated  vapor  species  and  related 
electrical  activity  of  p-dopants  under  PVT  conditions  as  well  as  the  understanding  of  dopant  non¬ 
uniformities  in  the  grown  crystal  is  deficient. 

In  this  paper  we  focus  on  the  dopant  incorporation  of  boron  during  PVT  growth  of  SiC  crystals. 
Whereas  several  groups  reported  on  Al  doping  during  SiC  bulk  growth  [1,2]  B  doping  was  not 
studied  in  detail  up  to  now.  Several  aspects  are  addressed  in  the  present  work.  First  the  impurity 
content  of  nominally  undoped  SiC  has  been  investigated  for  reference  purposes.  Then  the  B  related 
chemical  segregation  behavior  between  source  and  grown  crystal  has  been  measured.  Central  topic 
is  the  determination  of  the  lateral  and  longitudinal  non-uniformities  of  electrical  properties  in  B 
doped  SiC  with  a  comparison  to  the  situation  in  Al  doped  SiC. 

Experiments.  1.4“  6H  SiC  bulk  crystals  have  been  prepared  from  the  vapor  phase  (PVT  technique) 
in  the  temperature  range  of  2200°C-2300°C  [3].  Growth  was  conducted  on  on-axis  seeds  using 
different  polarity  (Si  or  C  side).  Boron  and  aluminum  have  been  added  in  different  amounts  to  the 
SiC  powder  source.  Nominally  undoped  crystals  have  been  grown  for  reference  purposes.  Special 
care  was  applied  to  establish  process  conditions  with  reduced  impurity  content  in  the  growth  system 
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(preheating  of  the  growth  set-up  at  high  temperature  and  low  pressure  over  long  durations,  use  of 
pure  starting  materials,  etc.).  For  material  analysis  wafers  and  axial  cuts  were  prepared  from  the 
boules.  Electrical  and  optical  properties  were  determined  by  Hall  effect  and  absorption  measure¬ 
ments.  Chemical  analysis  of  SiC  source  material  and  as-grown  crystals  were  performed  by  glow 
discharge  mass  spectrometry  (Shiva  Technologies,  France). 

Results  and  Discussion. 

Nominally  undoped  SiC 

Table  1  shows  the  chemical  analysis  by  GDMS  of  the  most  relevant  impurities  in  synthesized  SiC 
powder,  the  starting  material  for  our  growth  experiments,  and  in  an  as-grown  nominally  undoped 
6H  SiC  crystal.  P-type  (Al,  B)  and  deep  impurities  (V,  Ti)  are  found  at  rather  low  concentration 
levels.  These  levels  decrease  considerably  in  the  grown  crystal  showing  a  pronounced  purification 
effect  during  vapor  transport.  In  comparison  to  recent  studies  [4,5]  on  the  impurity  content  of  SiC- 
powder/CVD  sources  the  purity  of  our  starting  material  seems  superior  even  to  CVD  sources.  The 
by  far  highest  impurity  level  in  the  crystal  was  measured  for  nitrogen  with  2-8  ppm  wt.  As  the 
quantitative  determination  of  nitrogen  by  GDMS  in  powder  material  is  restricted  to  values  >  500 
ppm  wt  we  have  presently  no  information  about  the  nitrogen  content  of  our  source  material.  With 
regard  to  the  other  impurities  in  the  crystal  we  see  no  need  for  measures  reducing  these  levels,  also 
considering  the  preparation  of  semi-insulating  SiC. 


B 

N 

Al 

s 

Ti 

V 

Cr 

Co 

Ni 

source  [ppm  wt] 

0.28 

— 

0.5 

1.5 

0.13 

0.02 

0.5 

<0.05 

0.62 

crystal  [ppm  wt] 

0.08 

2.. .8 

0.02 

0.11 

0.015 

<  0.005 

0.5 

<  0.005 

0.04 

Table  1:  Chemical  analysis  (GDMS)  of  impurities  in  SiC  powder  (sublimation  source)  and  as- 
grown  nominally  undoped  6H  SiC  crystals. 


For  receiving  additional  information  about  the 
origin  of  nitrogen  contamination  during  our  PVT 
growth  process  we  investigated  the  variation  of 
carrier  concentration  n  with  the  crystallized 
volume  fraction.  An  exponential  decrease  of  n 
along  the  boule  in  the  order  of  one  magnitude 
(1,5x10 17  cm'3  to  lxlO16  cm'3)  was  detected. 
Recent  measurements  confirmed  that  under  the 
chosen  process  parameters  the  crystallization 
rate  is  essentially  constant  during  the  whole 
growth  run  [6].  The  carrier  concentration  varies 
exponentially  with  process  time.  This  result 
indicates  that  the  nitrogen  is  provided  by  a  finite 
source  which  may  be  correlated  to  desorbed 
nitrogen  in  the  source  or  in  the  graphite  envi¬ 
ronment.  Further  analysis  on  the  nitrogen-related 
contamination  is  presently  under  work. 
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Fig.  1:  Measured  correlation  between  boron 
content  in  the  source  material  and  in  the  as- 


Boron  doped  SiC 


grown  6H  SiC  crystal  (detected  by  GDMS). 


Boron  was  added  in  different  amounts  to  the  source  material.  Concerning  the  generation  of  doping- 
related  imperfections  during  growth  an  upper  limit  of  approx.  300  ppm  wt  in  the  source  was  found 
under  the  established  process  conditions  to  degradate  the  crystalline  properties  (formation  of  inclu¬ 
sions,  polycrystalline  growth).  The  incorporation  of  boron  in  the  grown  6H  crystals  in  dependence 
of  the  B  content  of  the  source  material  have  been  determined.  Fig.  1  shows  the  correlation  between 
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the  B  concentration  in  the  initial  powder  and  the  respective  chemical  amount  in  the  crystal.  In 
addition  measurements  of  Hobgood  et  al.  [4]  are  included.  The  results  reveal  that  the  boron  segrega¬ 
tion  coefficient  kB  (B  content  in  the  crystal/initial  B  content  in  the  source)  does  not  depend  signifi¬ 
cantly  on  the  B  concentration  of  the  starting  material  and  amounts  to  0.4+0. 1 . 

As  a  next  step  we  investigated  the  uniformity  of  B  incorporation  during  PVT  growth.  For  a  fast, 
non-destructive  determination  of  the  axial  and  radial  B  distribution  in  the  grown  boules  and  wafers 
optical  absorption  mapping  [7]  was  applied.  A  calibration  curve  has  been  created  which  gives  a 
linear  correlation  of  the  B  related  absorption 


peak  at  >.=730  nm  with  the  carrier  concentra- 
tion  p  evaluated  by  Hall  effect  measurements 
(Fig.  2). 

The  carrier  concentration  p  versus  the  £  2.0 
crystallized  volume  fraction  for  SiC  crystals  ^ 
with  different  boron  content  of  the  source  n  1  0 
and  grown  with  different  seed  polarity  (Si/C  ^ 
side)  is  shown  in  Fig.  3.  For  comparison,  the 
axial  distribution  of  p  in  an  Al-doped  SiC  °-° 
crystal  is  inserted.  The  plots  reflect  the  B  8  Absorption  coefficient^  @  730  nm  [cm'1] 

variations  in  the  source  material  although  the 

absolute  magnitude  of  dopant  variation  in  Fig.  2:  Calibration  curve  for  the  correlation  of 
the  source  is  not  reproduced  by  the  electrical  optical  absorption  (>.=730  nm)  and  carrier  concen- 
properties  in  the  grown  crystals.  The  low  p  tration  p  at  300  K  measured  by  Hall  effect  in  B 
concentration  in  comparison  to  the  original  doped  6H  SiC  crystals. 

B  content  of  the  source  (5xl017-5xl0I8cm'3) 

is  related  to  the  small  amount  of  ionized  B  acceptors  due  to  the  relatively  deep  position  of  the  B 
level  in  the  energy  gap.  The  reduced  p  concentration  in  the  crystal  grown  on  the  C-side  seed  agrees 
with  the  observations  of  Ohtani  et  al.  [8]  reporting  that  the  boron  content  decreases  and  the  nitrogen 
incorporation  increases  if  growth  in  the  (0001)  orientation  is  performed. 

The  hole  concentration  in  the  boron  doped  samples  exhibits  axial  non-uniformities,  p  increases 


with  crystal  length.  This  effect  is  less  pronounced  in  the  crystal  with  higher  B  content.  As  we 
proceed  from  the  assumption  that  boron  is  incorporated  more  or  less  uniformly,  the  increase  of  the 

hole  concentration  is  attributed  to  the 


0.0  0.2  0.4  0.6  0.8  1.0 

Crystallized  volume  fraction  g 


decrease  of  the  nitrogen  contamina¬ 
tion  with  crystallized  volume  frac¬ 
tion.  This  has  a  stronger  influence  in 
crystals  with  lower  boron  content  as 
they  are  more  compensated  (decrease 

ofNA-ND). 

Al  doped  SiC  exhibits  a 
fundamentally  different  behavior  in 
regard  to  axial  segregation.  In  that 
case  the  carrier  concentration  p 
decreases  considerably  with  process 
time.  A  comparison  of  the  electrical 
non-uniformities  in  Al  and  B  doped 
SiC  indicates  that  the  SiC:B  powder 
acts  as  an  infinite  dopant  source 


Fig.  3:  Carrier  concentration  p  (determined  by  optical  whereas  the  Al  supply  from  the  SiC 
absorption)  versus  crystallized  volume  fraction  in  B  doped  powder  is  exhausted.  This  behavior 
6H  SiC  crystals  with  different  doping  level  and  seed  is  most  likely  due  to  the  higher  vapor 
polarity  and  in  an  Al  doped  6H  SiC  crystal.  pressure  of  Al  at  growth  conditions. 
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For  the  reduction  of  axial  electrical  inhomogeneities  in  SiC:Al  studies  are  presently  being  con¬ 
ducted  in  our  group  to  introduce  A1  in  alternative  ways,  (i)  from  a  SiC:Al  source  which  is  kept  at  a 
lower  temperature  and  (ii)  via  a  gaseous  source. 

Fig.  4  shows  the  lateral  distribution  of  the  carrier  concentration  p  in  two  B-doped  6H-SiC  wafers. 
Whereas  the  non-uniformity  of  the  carrier  concentration  in  the  main  area  of  the  wafers  is  as  low  as 
Ap/p  ~  10-20%,  considerable  inhomogeneities  can  occur  in  the  central  part  (Fig.  4a).  The  increased 
B  incorporation  is  due  the  presence  of  the  (0001)  growth  facet,  which  did  not  form  in  all  of  our 
growth  experiments.  The  reason  for  the  reduced  concentration  at  the  periphery  of  the  facet  is  still 
under  discussion. 


Fig.  4:  Mapping  of  the 
radial  distribution  of 
carrier  concentration  p 
(determined  by  optical 
absorption  at  730  nm) 
in  boron  doped  1.4“ 
6H-SiC  wafers,  grown 
on  the  Si  face. 


Conclusions.  The  incorporation  of  boron  and  aluminum  during  PVT  growth  of  SiC  crystals  has 
been  studied.  Chemical  analysis  reveals  that  the  segregation  coefficient  of  B  between  source  and 
crystal  is  relatively  constant  over  a  wide  range  of  starting  concentrations  (0.3  -  300  ppm  wt)  and 
amounts  to  0.4±0.1.  B  incorporation  was  found  to  be  much  higher  during  growth  on  the  Si  face  than 
on  the  C  face.  Axial  non-uniformities  of  the  carrier  concentration  in  SiC:B  crystals  depend  on  the 
compensation  ratio,  i.e.  at  higher  B  content  the  homogeneity  improves.  A  comparison  of  SiC:B  and 
SiC.Al  crystals  indicates  that  SiC:B  powder  acts  as  an  infinite,  SiC:Al  powder  as  a  finite  dopant 
source.  Results  on  wafer  mapping  of  the  carrier  concentration  p  in  SiC:B  have  been  presented 
showing  a  good  homogeneity  of  electrical  properties. 
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Abstract.  The  problems  of  obtaining  of  insulating  properties  in  the  bulk  single-crystal  silicon 
carbide  by  vanadium  and  aluminium  doping  under  the  LETI  method  growth  process  are  considered. 
It  was  defined  that  the  solubility  limit  of  vanadium  in  SiC  makes  10 19  cm'  .  The  resistivity  of 
obtained  SiC:V,Al  material  exceeds  107  Ohm-cm  at  20  °C.  It  can  be  applied  as  a  semi-insulating 
substrate  material  for  extreme  electronics  based  on  silicon  carbide  or  nitrides.  The  grown  crystals 
exhibit  visual  spectrum  photoconductivity  with  long-time  relaxation. 

1.  Introduction 

The  semi-insulating  silicon  carbide  is  required  as  a  basic  substrate  material  for  the  next-generation 
extreme  electronics  devices  and  sensors,  based  on  large  bandgap  semiconductors  (SiC,  GaN,  AIN). 

Today  the  basic  method  of  bulk  silicon  carbide  single-crystals  preparation  is  the  LETI 
method,  based  on  physical  vapor  transport  (PVT)  growth  on  seeds  [1,2]. 

In  the  present  study  the  growth  of  semi-insulating  bulk  single-crystal  silicon  carbide  by  the 
LETI  method  in  vacuum  from  vanadium  and  aluminium-containing  source  is  considered. 
Experimental  data  on  the  electrical  resistivity  and  photoconductivity  of  the  grown  crystals  are  also 
presented. 

2.  Features  of  semi-insulating  crystal  growth 

The  obtaining  of  semi-insulating  properties  of  a  SiC  material  depends  on  two  issues. 

1)  obtaining  a  high-resistivity  material  by  lowering  the  impurity  concentration  and  compensation, 

2)  overcompensation  of  the  residual  impurities  by  deep  impurity  centres. 

*  The  problem  of  high-resistivity  material  obtaining  is  mainly  determined  by  the  control  of 
residual  nitrogen  donors  and  shallow  acceptors  (B  and  Al).  The  aluminium  alternative  is  more 
preferable  since  it  exhibits  significant  anisotropy  effect  of  doping  (i.e.  influence  of  crystallographic 
orientation  of  growth  front  onto  a  concentration  level),  that  allows  effectively  to  control  the  doping. 

The  physico-chemical  features  of  polytypes  impose  certain  requirements  on  growth 
conditions,  which  in  turn  determines  the  level  of  doping  and  overcompensation.  As  we  have  shown 
[3]  the  growth  in  vacuum  ( 1 0 3 ...  1 0 5  Torr)  under  the  LETI  method  of  4H-SiC  single-crystals  on  the 
(000 1)C  facet  from  aluminium  containing  source  allows  to  obtain  high-resistivity  crystals  with  the 
lowest  difference  concentration  of  residual  impurities  (<  10  cm  ).  It  should  be  marked  that  Al 
doping  requires  usage  of  previously  doped  by  aluminium  silicon  carbide  powder  as  a  growth  source 
instead  of  introduction  metallic  Al  into  the  growth  cell. 

The  analysis  of  parameters  of  known  impurity  centres  in  silicon  carbide  [4]  has  shown  that  the 
most  appropriate  of  them  for  obtaining  insulating  properties  is  vanadium.  Being  an  electrically 
amphoteric  impurity,  vanadium  forms  both  deep  donor  D°/D+  (Vsi4+(3^)A^si5+(3tr))  and  acceptor 
levels  A°(A~  (Vsi3+(3</)A^Si4+(3^))  located  accordingly  at  1.35...  1.47  and  0.68... 0.97  eV  below  the 
conduction  band  bottom  in  6H  and  4H  (Fig.  1).  The  usage  of  vanadium  donor  levels  is  the  most 
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preferable,  especially  in  4H  polytype. 
Therefore,  initial  relevant  conditions 
of  growth  and  A1  doping  should  ensure 
obtaining  of  p-type  4H  material  at  the 
absence  of  vanadium  dopant  in  the 
growth  cell. 

Doping  of  such  crystals  by 
vanadium  at  growth  allows  to 
compensate  the  dominant  residual 
impurities  (aluminium  and  nitrogen) 
completely  and  to  obtain  a  semi- 
insulating  material  [5].  Its  electrical 
properties  in  a  wide  temperature  range 
would  only  be  determined  by 
activation  energy  of  vanadium. 


Fig.  1 .  Bandgap  states  of  vanadium  in  4H  and  6H  SiC 


The  solubility  limit  of  vanadium  in  silicon  carbide  was  not  previously  set,  but  should  be  close 
to  the  solubility  limit  of  titanium  and  chromium,  which  according  to  [6]  makes  ~3-1017cm'3 
However,  basing  on  thermodynamic  properties  of  SiC  and  VC  phases  it  is  possible  to  assume  that  it 
is  much  higher.  The  theoretical  studies  on  vanadium  impurity  in  silicon  carbide  practically  miss. 

A  thermodynamic  analysis  of  the  SiC-Al  system  was  explicitly  considered  in  [3],  The  SiC-C- 
V  system  displays  an  opportunity  of  formation  of  an  additional  condensed  phase  VC  in  the  growing 
crystal  at  substantial  concentrations  of  vanadium  in  the  vapor  phase.  Vanadium  silicides  are  not 
taken  in  consideration  since  they  do  not  exist  in  the  presence  of  C  and  at  temperatures  >2010  °C. 
Fig. 2  is  a  consideration  of  a  cut  phase  diagram  at  a  given  temperature  for  the  vapor  phase.  As 
against  aluminium,  the  partial  pressure  of  vanadium  vapors  is  much  smaller  than  for  silicon,  and 
thus  it  should  not  be  observed  exhausting  on  vanadium  in  the  crystallizing  cell  at  sublimation 
growth  and,  accordingly,  inhomogeneity  of  vanadium  doping  by  the  length  of  ingots. 

As  we  have  previously  set  dense  graphite  (15%  porosity)  growth  cell  is  the  most  preferable 
for  the  growth  of  Al-doped  SiC  in  vacuum  by  the  LETI  method.  Since  vanadium  transfers  only  by 
elementary  vapors,  its  presence  should  not  influence  Si,  C  and  A1  mass-transfer  process  and  thus  the 
graphite  material  requirements  remains  invariable. 


It  is  possible  to  control  the  concentration  level  by  variation  of  growth  temperature  and 
composition  of  growth  source  mixture.  In  the  present  study  metallic  vanadium  was  directly 
introduced  into  the  growth  cell  in  the  limits  from  0.01  up  to  1  mass.%  of  the  growth  source 
contents.  However,  vanadium  as  well  as  aluminium  should,  apparently,  be  inlet  as  a  previously 
doped  SiC  powder  (synthesis  of  vanadium  doped  powders  described  elsewhere  [7]),  since  there  was 


AI4C3-AI 


ps\  I  SiC-Si 


observed  a  deterioration  of  crystals  quality  at 
the  incipient  stage  of  growth.  It  is  necessary  to 
mark,  that  the  transport  coefficient  of  vanadium 
AI4C3-C  makes  0.3... 0.8,  that  exceeds  a  similar  one  for 
aluminium  [2]. 

As  it  was  supposed,  the  experimental 
SiC-C  investigations  on  the  influence  of  growth  plane 
orientation  on  obtaining  of  semi-insulating 
properties  of  silicon  carbide  at  vacuum 
VC-C  sublimation  growth  from  vanadium  (0.01 

- ^  mass.%)  and  aluminium  containing  source  has 

lgPc  shown,  that  only  growth  on  (000 1)C  facet 


Fig.  2.  Pressure  of  Si,  C,  A1  and  V  in  the  Si-C-Al-  allows  to  ensure  a  semi-insulating  material  on 

V  system.  the  whole  length  of  ingots.  The  usage  of 
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(0001)Si  growth  plane  leads  to  a  /?-type  conductivity  6H  material.  The  growth  on  a  lateral  face 
(1010)  ensures  obtaining  semi-insulating  SiC  only  to  the  end  of  ingot  due  to  the  crystallizing  cell 
exhausting  on  aluminium. 

3.  Crystal  characterization 

All  the  samples  were  fabricated  by  cutting  into  wafers  of  the  grown  bulk  c-axis  4H  and  6H-SiC 
single-crystals,  which  possess  semi-insulating  properties  (p  >  107  Ohm- cm  at  20  °C).  The  polytype 
structure  of  the  grown  crystals  was  investigated  by  X-ray  diffraction  methods.  The  presence  of 
vanadium  and  its  concentration  in  the  samples  were  defined  by  a  X-ray  spectral  microanalysis 
(XSMA).  The  solubility  of  vanadium  has  appeared  on  two  order  above  expected  and  has  made 
~1019  cm'3  at  2500  K.  The  presence  of  vanadium  was  also  confirmed  (without  values  definition  of 
concentration)  by  SIMS.  The  presence  of  other  transition  metals  (e.g.  Ti,  Cr)  was  less  than  1017  cm'3 
and  therefore  these  impurities  were  electrically  insignificant  At  high  temperatures  all  the  obtained 
samples  demonstrated  a  weak  rc-type  conductivity,  that  was  defined  by  the  sign  of  the  thermopower 
effect.  It  verifies  the  donor  state  of  vanadium  centres  in  the  grown  crystals. 

The  electrical  resistivity  of  the  obtained  SiC:V  samples  was  investigated  in  the  open  air  by 
means  of  lateral  MSM  structures  with  0.8  mm  gap  and  rectangular  Pt  contacts.  The  pulsed  electric 
field  was  applied  up  to  10  kV/cm,  depending  on  the  ambient  temperature  and  the  maximum  current 
density.  The  obtained  I-V  characteristics  were  fairly  linear,  indicating  the  ohmic  character  of  the 
electrical  response. 

To  determine  the  activation  energies  from  the  resistivity  data  the  last  squares  fits  for 
resistivity  versus  temperature  were  performed  on  the  basis  of  the  electrical  conductivity  equation 
and  the  complete  electrical  neutrality  equation  for  several  types  of  centres  in  a  compensated 
semiconductor.  The  data  on  band  structure  parameters  were  taken  from  [8].  The  mobility 
temperature  dependence  was  assumed  to  be  identical  for  vanadium  undoped  initial  single-crystals 
[3]  and  was  approximated  by  the  following  expression:  p=(l/280+7^  5/3.5-108)"\ 

Experimental  data  on  electrical  resistivity  versus  inverse  temperature  for  SiC:V,Al  samples 
are  presented  in  Fig.  3.  In  the  result  of  the  performed  temperature  investigations  of  resistivity  of  the 
grown  SiC:V,Al  samples  in  the  range  20... 800  °C  the  activation  energy  was  determined  at  the  level 
of  1 .4...  1 .6  eV  for  4H  and  1 .2. . .  1 .3  for  4H/6H  (Table  1),  which  could  be  attributed  to  the  ionization 
energy  of  vanadium  donor  state.  Besides  for  a  part  of  the  samples  (No  4—6)  the  region  with  an 
activation  energy  ~0.6. .  .0.9  eV  was  observed. 


Table  1.  Properties  of  grown  semi-insulating  SiC:V,Al  single  crystals 


Sample  No. 

Crystal  polytype 

Activation  energy  (eV) 

Vanadium  concentration  (cm*3) 

p(T)fit 

XSMA 

1 

4H 

1.4 

9-1018 

MO19 

2 

4H 

1.4 

M018 

11018 

3 

4H 

1.5 

2-1019 

MO19 

4 

4H 

mEMm m 

31017 

<1018 

5 

4H/6H 

iBpi 

MO17 

<1018 

6 

4H/6H 

■SUM 

5-1017 

<1018 

Irradiation  of  the  specimen  during  a  specific  resistance  measuring  with  light  (10  mW/cm2)  of 
a  visual  spectrum  area  200. . .  1200  nm  (1 . .  .5  eV)  has  revealed  the  presence  of  the  photoconductivity 
effect.  The  obtained  photoconductivity  spectrums  for  the  different  investigated  samples  are 
represented  in  Fig.  4.  The  essential  distinction  of  spectrums  is  stipulated  first  of  all  by  the  presence 
of  a  peak  at  2  eV.  As  the  Fermi  level  is  pinned  near  to  the  middle  of  the  bandgap  at  vanadium  donor 
level,  the  defect  responsible  for  these  peaks  should  be  completed  with  electrons,  which  under 
activity  of  light  transfer  into  the  conduction  band.  It  means,  that  the  viewed  defects  are  the  donors 
with  ionization  energy  about  2  eV,  or  acceptors  with  ionization  energy  about  1.1  eV.  Nevertheless 
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iooo/r  (i/K) 


Fig.  3.  Resistivity  versus  inverse  temperature  for 
SiC:V,Al  grown  by  the  LETI  method. 


Fig.  4.  Photoconductivity  spectrum  for  SiC:V,Al 
grown  by  the  LETI  method. 


nature  of  the  observed  defects  yet  does  not  set.  The  common  double  peak  located  at  2.9  eV  is 
apparently  stipulated  by  participation  of  residual  aluminum  and  nitrogen  impurities.  As  it  is  visible 
from  electrical  resistivity  data  versus  inverse  temperature,  the  difference  between  the  samples 
consists  in  the  presence  of  the  region  with  smaller  activation  energy  at  low  temperatures  for  the 
samples  No  4-6,  where  vanadium  concentration  is  less  than  1 018  crn'^. 

2  ft  *s  necessary  also  to  mark  the  considerable  quantity  of  the  photoconduction  response  time: 
10  ...10  s  at  300  K.  As  it  was  recently  shown  [9,10]  such  abnormal  increase  by  several  orders  of 
magnitude  in  the  lifetimes,  the  photoconduction  and  specific  dark  resistance  are  common  effects  for 
semiconductors,  intensively  compensated  by  deep  recombination  impurities. 


4.  Conclusion 

The  single-crystals  of  silicon  carbide  possessing  semi-insulating  properties  can  be  grown  by 
physical  vapor  transport  (the  LETI  method)  under  the  following  conditions: 

1)  growth  environment  -  vacuum  (pressure  range  1  O'3. . .  10*5  Torr); 

2)  growth  cell  material  -  dense  graphite  (15%  porosity); 

3)  growth  source  composition  -  previously  sintered  silicon  carbide  powder  doped  specially  by 
vanadium  and  aluminium; 

4)  growth  plane  orientation  -  (0001)  C 

The  solubility  of  vanadium  makes  up  to  1  •  1019cm‘3  at  growth  under  2500  K. 

Semi-insulating  SiC:V,Al  could  possess  significant  photoconductivity  effect  in  visible 
spectrum  with  long-time  relaxation,  that  should  necessarily  be  taken  into  account  and  can  render 
negative  influence  on  properties  of  semi-insulating  SiC  as  a  substrate  material  for  high  temperature 
power  microwave  integrated  circuits  based  on  large  bandgap  semiconductors. 

Nevertheless  the  obtained  results  prove  the  viability  of  application  of  semi-insulating  4H- 
SiC:V  as  a  substrate  material. 
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Abstract.  In  the  recent  years  modeling  was  found  to  be  beneficial  for  growth  system  design  and 
optimization  of  SiC  bulk  crystal  growth  by  sublimation  technique.  In  this  paper  we  describe  a 
special  software  tool  called  “Virtual  Reactor”  (VR),  which  can  be  operated  by  user  of  the  code  as  an 
actual  crystal  growth  system.  VR  accounts  for  major  specific  features  of  sublimation  growth  and 
includes  advanced  models  for  the  most  important  physical  processes  occurring  in  the  growth  system 
as  well  as  the  database  for  properties  of  SiC  crystal  and  powder,  graphites  and  thermal  insulation. 
The  software  simulates  global  heat  transfer  in  the  whole  system  and  inside  the  crucible,  coupled 
with  reactive  species  mass  transport.  Virtual  characterization  of  the  growing  crystal  at  various 
stages  of  growth,  in  particular,  analysis  of  thermo-elastic  stress  and  dislocation  density  distribution 
is  provided  by  VR.  In  this  paper,  we  discuss  basic  principles  of  the  VR  operation  and  demonstrate 
some  results  of  SiC  crystal  growth  simulation  using  this  software. 

Introduction 

Sublimation  growth  of  SiC  bulk  crystals  is  the  primary  method  to  obtain  high  quality  large-size  SiC 
single  crystals.  The  quality  of  the  grown  material  is  controlled  by  a  particular  temperature 
distribution  in  the  growth  system,  which  affects  simultaneously  many  factors  like  crystal  shape, 
powder  source  graphitization,  parasitic  deposition  on  the  crucible  walls,  etc.  Experimental 
optimization  of  the  growth  process  takes  normally  much  effort  and  is  time-consuming.  Thus, 
modeling  can  be  quite  beneficial  for  growth  system  design  and  finding  optimal  growth  condition  if 
the  models  used  allow  for  important  features  of  the  process. 

Many  studies  of  the  recent  years  were  aimed  at  the  development  of  a  comprehensive  model  of 
SiC  sublimation  growth.  Most  of  the  approaches  consider  SiC  sublimation  growth  to  be  a  steady- 
state  process.  However,  non-stationarity  is  evidently  an  inherent  feature  of  this  growth  technique, 
since  several  factors  result  in  a  gradual  change  of  SiC  growth  rate  and  properties  of  the  powder 
charge.  Temporal  evolution  in  the  sublimation  growth  was  the  subject  of  the  recent  studies  [1-4]. 
An  extensive  experimental  analysis  made  in  [1]  was  focused  on  the  powder  source  degradation.  The 
crystal  evolution  during  sublimation  growth  was  first  modeled  in  [2,3].  We  should  mention  that 
important  feature  of  sublimation  growth  -  poly-SiC  deposition  on  the  reactive  crucible  walls  -  was 
ignored  in  these  theoretical  studies.  Self-consistent  prediction  of  deposit  formation  during  the 
growth  was  reported  in  [4]. 

To  date  only  separate  aspects  of  sublimation  growth  like  heat  or  mass  transfer  have  been 
modeled  systematically.  However,  to  be  important  for  practice,  all  factors  should  be  considered  in 
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combination  and  allowed  to  interact  with  each  other.  In  this  paper,  we  discuss  general  concept  of  a 
software  tool  -  “Virtual  Reactor”  -  specially  developed  for  simulation  of  SiC  bulk  crystal  growth 
using  sublimation  technique.  The  VR  serves  for  simplifying  and  accelerating  optimization  of  both 
growth  system  design  and  process  conditions  and  is  intended  to  be  exploited  by  the  growth 
engineers  for  R&D  and  production. 

Concept  of  the  “Virtual  Reactor” 

A  key  feature  of  the  VR  is  that  it  can  be  operated  by  the  user  of  the  code  like  an  actual  growth 
system.  Fig.l  summarizes  the  stages  of  the  virtual  growth  process  included  into  the  software  tool. 
At  the  first  stage,  geometry  of  a  growth  system  considered  is  generated.  It  can  be  done  either 
manually  or  by  using  CAD  files  containing  detailed  information  on  the  growth  system  design.  At 
the  second  stage,  the  user  should  program  the  growth  process  by  prescribing  inductive  heating  of 
the  system  (temporal  changes  in  power  supply  and  inductor  coil  position)  and  variation  of  gas 
pressure  during  the  whole  growth  process.  This  stage  is  followed  by  automatic  generation  of  the 
initial  computational  grid.  Material  properties  necessary  for  the  following  computations  are 
automatically  transferred  into  the  code  from  the  database. 

At  the  third  stage,  heat  transfer  coupled  with  the  reactive  species  (Si,  Si2C,  SiC2)  transport  in  the 
crucible  is  simulated.  The  heat  transfer  is  modeled  accounting  for  both  conductive  and  radiative 
mechanisms.  Transport  equations  are  solved  using  a  finite-volume  technique  and  unstructured  grids. 
The  homogeneous  chemical  reactions  are  neglected,  whereas  the  heterogeneous  ones  are  considered 
to  proceed  under  near-equilibrium  conditions.  An  advanced  model  of  heterogeneous  processes  on 
the  growth  surface  and  reactive  crucible  walls  is  implemented  based  on  the  Hertz-Knudsen 
approach  extended  to  multi-component  vapor.  This  model  allows  one  to  account  for  possible 
kinetics  of  heterogeneous  chemical  reactions,  especially  important  for  low  pressures.  A  special 
phase  analysis  is  then  performed  in  every  point  of  all  reactive  surfaces  to  predict  parasitic  poly-SiC 
deposition  on  the  crucible  walls  [4].  Corresponding  boundary  conditions  are  chosen  accounting  for 
the  deposition  or  for  thermal  etching  of  the  graphite  wall  (considering  the  etching  effects  has  been 
shown  to  be  important  for  adequate  prediction  of  SiC  growth  rate  [2,3]).  The  boundary  conditions 
are  analyzed  and  properly  modified  until  self-consistency  with  the  species  concentration  fields  in 
the  crucible  is  achieved.  As  a  result  of  mass  transport  modeling,  growth  rate  distribution  over  the 
vapor-crystal  interface  is  obtained. 

VR  is  based  on  a  quasi-steady-state  approach  to  simulation  of  a  long-term  growth  process.  Since 
growth  duration  is  much  larger  than  the  transient  time  of  heat  and  mass-transfer  processes,  the  SiC 
growth  can  be  considered  within  a  quasi-steady-state  approximation.  To  model  the  growth,  we 
actually  replace  an  original  process  with  slow  parameter  variation  by  a  number  of  coupled  steady- 
state  steps  with  constant  parameters.  In  particular,  changes  in  SiC  crystal  shape  at  the  next  step  is 
calculated  through  the  growth  rate  obtained  at  the  previous  step. 

All  temporal  changes  in  the  system  are  made  by  VR  automatically  including  re-generation  of  the 
computational  grid  accounting  for  geometry  modification.  The  VR-software  allows  also  continuous 
“virtual  characterization”  of  the  growing  crystal  by  calculating  thermo-elastic  stress,  dislocation 
density  distribution,  predicting  graphite  inclusion  formation  in  the  crystal  during  growth,  etc.  The 
software  is  PC-compatible  with  computing  time  lying  in  the  range  of  a  few  hours. 

Example  of  application 

To  illustrate  VR  capabilities,  we  have  chosen  a  growth  system  similar  to  that  reported  in  [5].  The 
system  is  shown  schematically  in  the  left  side  of  Fig.2.  The  right  side  of  Fig.2  displays  typical 
unstructured  computational  grid  generated  by  VR  for  simulation  of  the  initial  growth.  The  inset  in 
Fig.2  demonstrates  the  grid  near  the  seed.  We  focus  on  the  interplay  between  growth  of  the  main 
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SiC  crystal  and  deposition  of  parasitic  poly-SiC  on  the  lid  near  the  seed.  The  latter  factor  is 
recognized  to  affect  significantly  the  shape  of  the  grown  crystal. 


1st  stage 


2nd  stage 


3rd  stage 


4th  stage 


Fig.l.  Stages  of  SiC  crystal  growth  by  “Virtual  Reactor”. 
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Fig-3  shows  computed  crystal  profiles  obtained  with  account  of  the  poly-SiC  deposition  on  the 
graphite  lid.  The  profiles  correspond  to  2  hours  (left)  and  10  hours  (right)  of  growth.  One  can  see 
that  the  main  SiC  crystal  and  poly-SiC  deposit  merge  with  each  after  approximately  3  hours  of 
growth.  The  boundary  between  them  tends  to  move  at  the  periphery  of  the  crystal.  This  is 
advantageous  for  getting  high-quality  SiC  boule. 

To  understand  possible  ways  for  avoiding  parasitic  deposition  we  carried  out  a  parametric  study. 
It  has  been  found  that  the  deposit  formation  is  practically  independent  of  the  seed  temperature  and 
gas  pressure  in  the  crucible.  However,  poly-SiC  deposition  can  be  considerably  reduced  by 
optimization  of  the  inductor  coil  position,  which  controls  the  temperature  gradients  in  the  growth 
crucible. 


Fig.3.  Evolution  of  crystal  shape  and 
powder  surface  profile,  and  poly-SiC 
deposition  simulated  for  two  instants 
of  the  long-term  growth.  Isotherms 
are  indicated  by  contours. 


Conclusions 

A  special  software  tool  called  “Virtual  Reactor”  has  been  developed  for  simulation  of  a  long-term 
SiC  bulk  crystal  growth  by  sublimation  technique.  It  includes  advanced  physical  models  for  heat 
and  mass  transport  in  the  crucible,  for  analysis  of  parasitic  deposition  on  the  crucible  walls,  as  well 
as  for  prediction  thermo-elastic  stress  in  the  crystal,  gliding  dislocation  density,  etc.  VR  can  be  easy 
supplemented  by  additional  models  to  be  developed  in  the  future.  The  software  tool  is  expected  to 
be  useful  for  growth  engineers  involved  in  R&D  and  production. 
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Abstract.  Evaporation  coefficients  of  SiC  have  been  introduced  in  the  simulation  of  SiC  growth  by 
the  Physical  Vapor  Transport  (PVT)  method.  The  total  pressure  of  the  reactive  species  in  the  gas 
phase  over  solid  SiC  changes  compared  to  previous  calculations,  where  equilibrium  conditions  were 
considered  at  the  source  powder  surface.  With  these  new  boundary  conditions  we  simulated  the 
growth  of  SiC  single  crystals  for  two  different  total  pressures  (4  mbar  and  13  mbar),  The  shape  of 
the  growing  crystal  is  flat  at  higher  pressure  and  convex  at  low  pressure.  This  behavior  as  well  as  a 
growth  rate  of  0.6  to  2.0  mm/h  are  comparable  to  the  experimental  observations,  indicating  the 
potential  of  this  approach. 

Introduction 

Silicon  carbide  SiC  has  several  properties  which  makes  it  an  interesting  semiconductor  material  for 
high  temperature,  high  frequency  and  high  power  electronic  devices.  However,  the  lack  of  large  area 
substrates  with  low  defect  densities  has  been  the  major  drawback  until  now  for  a  further 
development. 

SiC  single  crystals  are  classically  obtained  by  the  physical  vapor  transport  (PVT)  process  by  the 
modified  Lely  method  [1].  Pure  polycrystalline  SiC  powder  is  evaporated  under  argon  atmosphere 
in  a  semi-closed  inductively  heated  graphite  crucible.  The  resulting  gas  species  travel  through 
transport  phenomena  to  the  cooler  seed  where  crystallization  takes  place.  The  temperature  at  the 
powder  surface  ranges  in  our  configuration  typically  from  2700K  to  2900K  with  an  axially  gradient 
of  5K/mm  towards  the  seed  surface.  Direct  measurement  or  control  of  the  process  conditions  is 
difficult  due  to  the  high  temperature  conditions.  Numerical  modeling  of  the  process  is  therefore  an 
important  way  to  provide  additional  information  to  the  experimental  knowledge.  During  the  last 
years,  significant  progress  has  been  made  in  the  field,  as  summed  up  in  a  review  by  Pons  et  al.  [2] 
and  by  the  recent  work  of  Selder  et  al.  [3]  and  Ramm  et  al.  [4].  This  modeling  effort  is  primarily 
motivated  by  the  need  of  a  better  control  of  the  local  temperature  field  inside  the  crucible.  The 
computed  temperature  distribution  can  help  to  quantitatively  obtain  the  growth  history  related  to  the 
process  parameters  and  the  geometry.  The  global  heat  transfer  generation  mechanisms  include 
conduction,  convection,  radiation  and  induction  heating  as  well  as  the  heats  of  crystallization  and 
evaporation  at  the  crystal-vapor  and  the  source-vapor  interface. 

The  determination  of  the  growth  rate  and  the  shape  of  the  growing  crystal  can  only  be  achieved 
by  combining  mass  transfer  to  local  thermodynamic  equilibrium  or  kinetic  calculations  for  a  given 
temperature  distribution  inside  the  growth  cavity.  In  order  to  obtain  a  good  quantitative  information, 
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the  precision  of  the  underlying  material  properties,  especially  the  thermal  conductivity  of  all  reactor 
material  parts  and  the  vaporization  and  condensation  behavior  of  the  SiC  source  powder  is  crucial. 

The  vaporization  of  SiC  possesses  several  peculiarities.  The  thermodynamic  data  of  the  Si-C 
solid  and  gaseous  species  have  been  critically  assessed  recently  by  Rocabois  et  al.  [5].  The  gas 
phase  over  solid  SiC  is  mainly  constituted  of  Si|(g),  Si2C(g),  SiC2(g),  Si2(g)  and  C3(g)  at  high 
temperature.  The  vaporization  of  SiC  is  not  congruent  for  temperatures  lower  than  3000K  leading  to 
a  slow  graphitization  of  the  source  powder  [6].  The  other  interesting  point  is  the  fact  that 
equilibrium  partial  pressures  given  by  thermodynamic  calculations  are  not  reached.  The 
vaporization  is  retarded  due  to  kinetic  barriers  and  this  phenomenon  can  be  modeled  by  introducing 
evaporation  and  condensation  coefficients  to  describe  the  Hertz-Knudsen  flows  from  the  SiC 
surface.  We  have  determined  recently  the  evaporation  coefficients  of  Sii(g),  Si2C(g)  and  SiC2(g)  by 
high  temperature  mass  spectrometry  as  a  function  of  temperature  [7]. 

The  purpose  of  this  contribution  is  to  show  the  influence  of  the  introduction  of  evaporation 
coefficients  in  the  modeling  of  the  SiC  boule  growth. 

Coupled  thermodynamics  -  mass  transfer  simulation 

The  introduction  of  evaporation  coefficients  a  changes  the  gas  phase  composition  over  solid  SiC 
during  evaporation.  The  values  for  a  used  in  this  study  are  :  0.07  for  Sij(g)  and  SiC2(g)  and  0.02  for 
Sl2C(g),  Si2(g),  Si3(g)  and  C3  (g)  (the  last  three  ones  are  only  estimated,  because  their  respective 
partial  pressure  is  too  small  for  a  reasonable  measurement  [7]).  As  a  consequence,  the  total  pressure 
of  all  reactive  species  lowers  by  an  order  of  magnitude  from  4  mbar  to  0.3  mbar  at  2600K  and  from 
170  mbar  to  10.5  mbar  at  3000K  (Fig  L).  The  imposed  argon  pressure  inside  the  growth  chamber, 
typically  between  3  mbar  and  20  mbar  is  therefore  mainly  diluting  the  system.  The  second  change  is 
the  relative  mass  fraction  of  the  reactive  gas  species,  because  the  evaporation  coefficients  are  not 
identical  for  the  different  molecules. 


Fig.  1.  Total  pressure  of  reactive  gas  species  over  solid  SiC  as  a  function  of  temperature  with  (o) 
and  without  (•)  evaporation  coefficients. 
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The  mass  fractions  for  the  three  major  species  Sii(g),  SiC2(g)  and  Si2C(g)  are  reproduced  in  Fig.2 
with  and  without  evaporation  coefficient  as  a  function  of  temperature.  The  overall  behavior  remains 
the  same  for  all  the  species,  but  SiC2(g)  becomes  more  dominant  and  the  relative  amount  of  Si2C(g) 
falls  to  a  value  of  around  10%  only.  Therefore,  the  molar  ratio  Si/C  in  the  gas  phase  over  solid  SiC 
also  changes  from  3.3  to  3.17  at  2600K  and  from  1.8  to  1.5  at  3000K. 


Temperature  (K) 


Fig.  2:  Calculated  mass  fraction  of  the  reactive  gas  species  Sii(g),  SiC2(g)  and  Si2C(g)  over  solid 
SiC+C  as  a  function  of  temperature,  with  and  without  evaporation  coefficients  (it  should  be 
noted  that  the  total  pressure  is  not  constant,  but  increasing  considerably  with  temperature) 


The  growth  rate  and  the  shape  of  the  growing  crystal  for  the  initial  steps  of  the  growth  have  been 
modeled  by  a  coupled  thermodynamic  -  mass  transport  simulation  which  is  described  elsewhere  [8]. 
The  calculations  have  been  performed  for  a  fixed  growth  geometry  and  temperature  profile.  Two 
total  pressures  have  been  simulated  (4  mbar  and  13  mbar)  corresponding  to  the  sum  of  the  reactive 
species  partial  pressures  plus  the  corresponding  partial  pressure  of  argon  gas.  The  growth  rate  is 
determined  by  the  total  carbon  flux  normal  to  the  surface.  This  carbon  flux  is  drawn  for  an  axis- 
symmetric  configuration  in  Fig.3.  On  the  left  side  of  the  schematic  drawing,  the  total  pressure  in  the 
chamber  is  13  mbar  and  on  the  right  side  it  is  adjusted  to  4  mbar.  The  carbon  flux  profile  for  the 
higher  pressure  is  almost  flat  at  the  early  stage  of  single  crystal  growth.  Almost  all  the  arrows  are 
normal  to  the  surface.  The  growth  rate  is  around  0.6  mm/h  which  is  also  observed  experimentally. 
The  profile  changes  for  the  lower  growth  pressure.  It  is  much  more  convex,  especially  close  to  the 
edge  of  the  seed  surface,  where  the  flux  is  directed  under  a  45°  angle  relative  to  the  seed  surface. 
The  growth  rate  is  3  to  4  times  higher.  This  behavior  of  an  increased  growth  rate  has  been 
confirmed  experimentally.  Because  the  crucible  geometry  and  the  temperature  profile  are  identical 
in  both  cases,  the  diffusion  of  the  reactive  species  towards  the  seed  surface  is  the  main  the  origin  of 
this  different  behavior. 
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Seed 


4  mbar 


Fig.  3:  Carbon  flux  on  the  seed  surface  for  two  different  total  pressures:  left  side  13  mbar,  right  side 
4  mbar.  The  normal  component  of  the  arrows  is  identical  to  the  shape  of  the  growing  crystal. 

Conclusion 

We  have  simulated  the  growth  of  single  crystalline  SiC  by  the  PVT  method  introducing  evaporation 
coefficients  measured  by  high  temperature  mass  spectrometry.  For  a  given  crucible  geometry  and 
temperature  profile,  the  initial  growth  of  the  single  crystal  has  been  calculated  for  two  different  total 
pressures  by  a  coupled  thermodynamic-mass  transfer  approach.  The  growth  rate  of  a  few  mm/h  as 
well  as  the  calculated  crystals  shapes  are  in  good  agreement  with  the  ones  observed  experimentally. 
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Abstract.  The  thermal  stress  distribution  in  growing  SiC  bulk  single  crystals  is  analyzed  by  a  Finite 
Volume  solution  approach  using  anisotropic  elasticity  theory.  The  stress  calculations  are  based  on  a 
global  simulation  of  heat  and  mass  transfer  during  the  SiC  bulk  growth  process.  The  temporal  evolution 
of  the  thermal  stress  distribution  inside  the  growing  crystal  is  studied.  It  is  found  that  the  conditions 
for  thermal  stress  formation  at  fixed  positions  in  the  crystal  vary  significantly  during  growth.  The 
impact  of  the  stress  boundary  conditions  (free/fixed  surfaces)  on  this  behaviour  is  investigated.  The 
calculated  stresses  exceed  considerably  the  critical  resolved  shear  stress  in  SiC  which  indicates  that 
the  observed  dislocation  formation  under  the  established  growth  conditions  should  be  caused  at  least 
partly  by  thermal  stresses. 


1  Introduction 

To  use  SiC  wafers  as  substrate  material  for  electronic  and  optoelectronic  devices  in  industrial 
scale,  the  production  of  high  quality  large  diameter  SiC  single  crystals  at  low  cost  has  to  be 
realized.  At  the  moment,  the  standard  technique  to  prepare  SiC  bulk  single  crystals  is  physical 
vapour  transport  (PVT)  growth  in  inductively  heated  growth  reactors  by  the  modified  Lely 
method.  The  quality  of  the  crystals  depends  sensitively  on  the  thermal  field  inside  the  growth 
cell.  This  is  at  least  partly  due  to  the  fact  that  temperature  inhomogeneities  inside  the  crystal 
cause  thermal  stresses.  Stress,  in  turn,  is  considered  to  be  a  main  reason  for  a  variety  of  crystal 
defects  (e.g.  micropipes,  dislocations)  [1,  2]. 

While  the  numerical  simulation  of  heat  and  mass  transfer  problems  related  to  SiC  bulk 
crystal  growth  has  been  discussed  in  a  variety  of  publications  during  the  last  years  (e.g.  [3,  4]), 
only  few  studies  on  the  numerical  modeling  of  thermal  stress  formation  during  growth  have 
been  published  so  far.  First  investigations  in  this  field  have  been  performed  in  [5,  6]. 

In  this  work,  we  analyze  the  thermal  stress  formation  in  the  growing  SiC  single  crystal. 
The  stress  calculations  are  based  on  a  global  simulation  of  the  SiC  bulk  crystal  growth  process. 
Analyzing  the  main  heat  and  mass  transfer  processes,  we  determine  the  thermal  field  inside  the 
growth  cell  and  the  temporal  evolution  of  the  growing  crystal.  The  stress  distribution  in  the 
crystal  at  different  stages  of  the  growth  process  is  studied. 

2  Experiment  and  Numerical  Procedure 

6H-SiC  crystals  were  grown  in  an  inductively  heated  PVT  growth  reactor.  The  growth  process 
was  controlled  experimentally  by  optical  pyrometers.  Some  details  concerning  the  experimental 
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set-up  are  reported  in  [7].  After  growth,  the  crystals  were  analyzed  by  stress  birefringency  [2]. 

The  simulation  of  the  SiC  bulk  growth  process  is  based  on  a  Finite  Volume  solution  algorithm 
for  the  governing  equations  of  the  main  heat  and  mass  transfer  mechanisms.  The  modeling 
approach  has  been  introduced  partly  in  [8].  To  calculate  the  thermal  stress  distribution  in 
the  growing  crystal,  our  simulation  code  has  been  added  by  the  basic  equations  of  anisotropic 
elasticity  theory.  Details  of  the  approach  will  be  the  subject  of  a  forthcoming  publication  [9]. 

As  there  are  no  studies  on  the  elastic  constants  of  6H-SiC  at  high  temperatures  available, 
the  room  temperature  values  given  in  [10]  were  used  for  the  calculations  presented  in  this  work. 
We  assumed  that  the  crystal  is  fixed  at  the  seed  holder.  The  growth  surface  moves  freely.  The 
influence  of  the  boundary  condition  at  the  side  wall  (fixed  or  free)  is  analyzed. 

3  Results  and  Discussion 

Fig.  1  and  2  show  exemplarily  results  on  the  stress  status  in  a  SiC-crystal  obtained  using 
experimental  and  numerical  methods,  respectively:  The  variations  of  the  residual  stress  within 
a  6H-SiC  wafer  visualized  by  stress  birefringency  are  given  in  Fig.  1,  the  calculated  distribution 
of  temperature  and  stress  component  crrz  in  a  plane  containing  the  symmetry  axis  of  the  crystal 
are  presented  in  Fig.  2.  In  the  experimental  stress  pattern,  bright  contrast  indicates  regions 
with  higher  stress  levels.  Both  experiment  and  calculations  point  to  increased  stress  levels  at 
the  crystal  periphery.  (On  the  correlation  of  residual  stress  in  crystals  and  thermal  stress  at 
higher  temperatures  during  growth,  see  e.g.  [11].) 

Experimental  investigations  of  stress  in  wafers  cut  at  different  axial  locations  revealed  that 
the  stress  variations  mainly  appeared  at  the  periphery  of  the  wafers  with  the  trend  to  increase 
with  increasing  distance  from  the  seed.  Performing  calculations  for  identical  growth  conditions, 
we  found  a  similar  axial  and  radial  dependence  for  the  stress  component  arz  (Fig.  3) .  The 
component  arz  is  considered  to  be  of  importance  for  dislocation  formation  due  to  glide  in  the 
basal  (0001)  plane  [5]. 

The  assumption  that  the  crystal  is  fixed  at  the  side  wall  might  be  questionable  as  an 
interaction  of  the  growing  crystal  with  the  crucible  wall  depends  strongly  on  the  established 
growth  conditions.  We  compared  results  obtained  using  this  boundary  condition  to  calculations 


Fig.  1.  Stress  variation  in  a  SiC- wafer  visualized  Fig.  2.  Calculated  distribution  of  temperature 

by  stress  birefringency  (bright  contrast:  high  (left)  and  stress  component  arz  in  a  SiC  crystal 

stress  level).  after  60  hours  of  growth.  The  difference  between 

two  neighboring  isolines  is  4  K  and  2.7  MPa,  re¬ 
spectively. 
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Fig.  3.  Calculated  radial  variation  of  the  stress 
component  aTZ  taken  at  increasing  distances 
from  the  seed. 


Fig.  4.  Calculated  radial  variation  of  the  stress 
component  <rrr  for  different  boundary  conditions 
at  the  side  wall. 


for  a  free  surface  at  the  side  wall.  The  radial  profiles  of  the  normal  stress  component  arr  for 
these  two  cases  are  given  in  Fig.  4.  Using  the  free  surface  boundary  condition,  the  absolute 
stress  level  is  significantly  lower  near  the  side  wall,  while  in  the  inner  part  of  the  crystal,  the 
general  behaviour  and  the  absolute  values  are  only  slightly  influenced.  A  similar  trend  is  found 
for  the  components  azz  and  <jrz. 

To  analyze  the  temporal  evolution  of  stress  formation  during  growth,  we  have  investigated 
the  distributions  of  temperature  and  stress  in  a  plane  perpendicular  to  the  growth  direction  at 
different  points  in  time  (distance  plane  -  seed  holder:  4  mm).  The  radial  temperature  profiles 
and  the  radial  profiles  of  the  axial  temperature  gradient  given  in  Fig.  5  show  that  the  thermal 
conditions  in  this  crystal  plane  approximately  remain  unchanged  during  growth.  The  different 
heat  transfer  mechanisms  (radiation  and  conduction)  obviously  balance  in  a  manner  that  real¬ 
izes  a  nearly  stationary  temperature  field  within  the  crystal  during  the  major  part  of  growth. 
In  contrast,  the  distribution  of  stress  in  the  same  plane  undergoes  remarkable  changes  (Fig.  6). 
At  a  first  glance,  this  temporal  variation  of  stress  distribution  at  constant  thermal  conditions 
seems  to  be  contradictory,  but  this  behaviour  may  be  explained  by  the  varying  influence  of  the 
stress-relevant  boundary  conditions:  The  distance  of  the  considered  plane  to  the  seed  holder 
(fixed  boundary)  remains  constant,  while  the  distance  to  the  free  surface  is  increasing  during 
growth. 


Fig.  5.  Radial  profiles  of  temperature  (solid 
lines)  and  axial  temperature  gradient  (dashed 
lines)  at  the  same  position  for  three  different 
points  in  time. 


Fig.  6.  Radial  von-Mises  stress  profiles  at  the 
same  position  for  three  different  points  in  time. 
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Our  calculations  of  both  the  shear  stress  crrz  and  the  von-Mises  stress  reveal  high  stress  levels 
up  to  30  MPa  during  growth.  These  values  exceed  considerably  the  stress  level  of  1  MPa  which 
is  discussed  to  be  the  critical  resolved  shear  stress  crc rs  at  T  =  2200°C  -  2300°C  [12]  in  SiC. 
^crs  represents  an  indicator  for  the  start  of  plastic  deformation,  i.e.  formation  of  dislocations. 
Therefore  the  dislocation  density  in  our  crystals  (>  1000  cm-2)  should  be  at  least  partly  due 
to  the  thermal  stresses.  For  a  quantitative  determination  of  dislocation  densities  from  stress 
calculations,  advanced  models  [11]  have  to  be  used  including  generation  and  multiplication  of 
dislocations  according  to  the  Alexander/Haasen  theory.  The  application  of  this  approach  is 
presently  limited  because  relevant  material  data  for  SiC  are  not  available  up  to  now. 

4  Conclusion 

We  have  analyzed  the  thermal  stress  distribution  in  growing  SiC  bulk  single  crystals  using 
anisotropic  elasticity  theory.  The  temporal  evolution  of  the  stress  distribution  was  analyzed.  It 
was  shown  that  the  stress  depends  significantly  on  the  stress-related  boundary  conditions  at 
the  transition  crystal/crucible.  The  assumption  of  a  free  surface  leads  to  a  reduced  magnitude 
of  stresses  compared  to  the  fixed  condition  at  the  crystal  periphery.  It  was  demonstrated  that 
the  conditions  for  stress  formation  at  a  position  in  the  crystal  vary  significantly  during  growth 
although  the  thermal  field  remains  relatively  unchanged.  The  predicted  stress  levels  at  the 
established  process  conditions  are  considerably  higher  than  the  critical  resolved  shear  stress  of 
approximately  1  MPa  which  is  considered  as  the  critical  magnitude  for  formation  of  dislocations. 
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Abstract.  Though  15R-SiC  has  a  large  mobility  for  MOSFET  devices,  15R-SiC  wafers  are  difficult  to 
obtain.  In  addition,  a  1 5R-SiC  substrate  is  said  to  be  essential  for  the  15R-SiC  growth.  In  this  paper, 
crystal  growth  of  15R-SiC  on  the  more  common  4H-SiC  and  6H-SiC  substrates  is  discussed.  15R- 
SiC  could  be  grown  on  the  C-face  of  4H-SiC  and  the  Si-face  of  6H-SiC.  In  the  case  of  1 5R-SiC  and 
6H-SiC  substrate,  growth  temperatures  lower  than  2000°C  are  important.  However,  in  the  case  of 
4H-SiC,  still  lower  temperature  (1700~1800°C)  were  needed.  To  examine  the  thermal  stability  of 
15R-SiC,  the  grown  crystal  was  annealed  at  Tb=2300~2650°C.  However,  definite  polymorphic 
transformation  was  not  observed.  Stacking  faults  in  the  crystal  grown  on  the  (1120)  plane  were 
investigated  by  molten  KOH  etching.  Stacking  faults  in  the  15R-SiC  were  less  than  in  6H-SiC. 
Several  stacking  faults  in  the  15R-SiC  terminated  inside  the  crystal. 


1.  Introduction 

One  of  the  most  serious  problems  in  SiC  MOSFET  devices  is  the  low  channel  mobility.  15R- 
SiC  is  said  to  have  a  larger  channel  mobility  than  6H-SiC  or  4H-SiC  [1].  There  are  few  reports 
about  crystal  growth  of  15R-SiC,  and  the  use  of  a  15R-SiC  substrate  is  said  to  be  essential  for 

growing  15R-SiC.  However,  large  15R-SiC  substrates  are  difficult  to  obtain.  In  order  to  grow  large 
15R-SiC  crystals,  it  is  therefore  necessary  to  establish  stable  growth  conditions  for  15R-SiC  on  4H- 
SiC  or  6H-SiC  substrates.  In  this  paper,  crystal  growth  of  15R-SiC  on  4H-SiC  and  6H-SiC 
substrates  is  discussed.  We  also  focus  on  the  stacking  faults  in  the  15R-SiC  grown  on  the  (1  lTO) 
plane. 
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2.  Experiment 

Sublimation  growth  was  achieved  using  a  quartz  tube  reactor  with  a  water-cooled  jacket 
under  argon  atmosphere  at  a  reduced  pressure  of  50-200  Torr.  Substrates  used  were  15R-SiC,  4H- 
SiC  and  6H-SiC  made  by  the  sublimation  method.  (1120)  plane  of  15R-SiC  and 
6H-SiC  were  also  used  to  investigate  the  difference  between  the  growth  on  the 
(0001 )  plane  and  (1 120)  plane.  The  source  material  was  abrasive  SiC  powder.  The 
crucible  was  heated  externally  by  RF  induction  with  a  frequency  of  300  kHz.  The 
temperatures  at  the  top  (Ts)  and  the  bottom  (Tb)  of  the  crucible  were 
approximately  1 700-2 150°C  and  2300-2400°C,  respectively.  The  boules  were 
grown  several  times  after  recharging  the  source  material.  Grown  crystals  were 
characterized  by  optical  microscopy,  molten  KOH  etching  (500°C,  5  min.)  and 
Raman  spectroscopy. 

A  15R- SiC  crystal  was  annealed  to  investigate  its  thermal  stability.  If  15R- 
SiC  is  unstable  at  higher  temperatures,  it  is  expected  that  it  would  change  to  a 


SiC 

powder 


crucible 


Fig.l  The 
schematic  of 
the  annealing 
experiment 
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more  stable  poly  type  by  solid  phase  transformation.  For  the  annealing  experiment, 
same  set  up  as  that  for  crystal  growth  was  used.  The  schematic  of  the  annealing 
experiment  is  shown  in  Fig.l.  15R-SiC  crystals  were  prepared  by  cutting  the  boule 

grown  by  the  sublimation  method.  It  was  cut  parallel  to  the  c-axis  to  avoid  the 
growth  of  another  polytype  on  this  crystal.  Annealing  conditions  are  summarized  in 
Table  1.  The  Ar-pressure  in  the  reaction  tube  was  kept  at  atmospheric  pressure  to 
prevent  the  evaporation  of  SiC  powder. 

3.  Results  and  Discussion 


Table  1. 
Annealing 
conditions 


2300°C  lh 
2300°C  lOh 
2400°C  lOh 
2600°C  lh 
2600°C  2h 
2650°C  lh 


3. 1.  Crystal  growth  of  15R-SiC  on  4H-SiC  and  6H-SiC  substrate 
The  optimum  growth  conditions  for  15R-SiC  on  15R-SiC  substrates  by  the  modified  Lely  method 
have  been  established  [2,  3].  By  using  a  15R-SiC  substrate,  the  probability  of  15R-SiC  growth 
increases.  Particularly,  15R-SiC  always  growth  on  the  (1120)  plane  of  15R-SiC  substrates.  It  is 
very  important  to  keep  the  growth  temperature  below  2000°C  in  the  case  of  15R-SiC  substrates. 


On  the  6H-SiC  substrate,  the  growth  experiments  were  carried  out  at  Ts=l  830-2 160°C.  15R-SiC 
did  not  grow  on  the  C-face  of  6H-SiC  even  though  the  temperature  was  changed.  On  the  Si  face  of 
6H-SiC,  15R-SiC  occasionally  grew  at  lower  temperatures.  However,  15R-SiC  never  grew  if  the 
substrate  temperature  was  higher  than  2000 °C. 

On  the  4H-SiC  substrate,  growth  experiments  were  carried  out  at  Ts=1700~2000°C.  It  was 
difficult  to  grow  15R-SiC  on  the  Si-face  of  4H-SiC.  15R-SiC  grew  on  the  C-face  of  4H-SiC  with  a 
higher  probability  than  in  the  case  of  Si-face  of  6H-SiC.  However,  using  the  15R-SiC  substrate  was 
still  better  for  growing  15R-SiC.  The  substrate  temperature  was  also  important.  If  the  15R-SiC 
substrate  is  used,  15R-SiC  grows  well  when  Ts  is  lower  than  2000°C.  However,  on  the  4H-SiC 
substrate,  still  lower  temperatures  were  needed.  If  Ts  was  approximately  1 700-1 800°C,  15R-SiC 
grew  well  on  the  C-face  of  4H-SiC.  However,  in  the  temperature  range  around  2000°C:  only  4H- 
SiC  grew  on  the  4H-SiC  substrate.  This  result  is  clearly  seen  in  Fig.2.  During  the  first  three  growth 
runs  at  temperatures  around  2000 °C,  only  4H-SiC  grew.  Then  the  growth  temperature  was  reduced 
to  approximately  1700°C.  6H-SiC  grew  at  the  initial  stage  of  the  growth,  and  after  growing  several 
hundred  pm,  6H-SiC  turned  to  15R-SiC  till  the  end  of  the  growth.  After  recharging  the  source 
material,  the  growth  was  restarted.  And  again,  15R-SiC  grew  after  6H-SiC.  So  in  this  case, 
alternative  growth  of  15R-SiC  and  6H-SiC  was  seen. 


Ts=1700 

15R 

(bright  area)^- 
1720 

1770 
a  I960* 

j  2000 

Growth  2000 
direction 


6H 

(gray  area) 


4H  substrate 


1  mm 


Fig.  2  Optical  microscope  image  of  the 
crystal  growth  on  the  C-face  of  4H-SiC. 
Growth  was  carried  out  7  times  at 
corresponding  temperatures  as  shown  on 
the  left  side.  15R-SiC  is  bright  area,  6H- 
SiC  is  gray  area  and  4H-SiC  is  dark  area. 


Fig.3  PL  image  at  liquid  nitrogen 
temperature  of  the  crystal  grown  on 
the  C-face  of  15R-SiC.  Crystal  was 
grown  atTs=2140°C  for  13  hours. 
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3.2 .  Crystal  annealing 

Sometimes  15R-SiC,  4H-SiC  and  6H-SiC  grew  alternately  along  the  growth  direction  as 
shown  in  Fig.2  and  3.  Particularly,  in  the  case  of  Fig.3,  grown  polytypes  along  the  growth  direction 
are  (4H-6H-15R)-(4H-6H-15R)-(4H-6H-15R).  Though  this  alternative  growth  might  be  caused  by 
instability  of  growth  conditions,  it  is  also  possible  that  the  grown  15R-SiC  crystal  was  transformed 
to  relatively  more  stable  polytype  at  higher  temperatures  during  the  growth  as  demonstrated  by 
Bootsma  et  al.  [4].  To  investigate  the  thermal  stability  of  15R-SiC,  annealing  experiments  were 
carried  out  at  several  temperatures  as  shown  in  Table  1.  Even  after  10  hours  annealing,  poly  type 
remains  untransformed  at  Tb=2300  and  2400°C.  At  Tb=2600~2650°C,  15R-SiC  did  not  change 
neither.  A  definite  polymorphic  transformation  was  not  observed  at  these  temperatures  and  time 
durations.  Previous  work  [4]  was  carried  out  with  the  powdered  samples  with  a  diameter  of  20-100 
pm.  In  our  experiment,  sublimation  grown  crystals  of  3x5x7  mm  size  were  used.  Using  relatively 
large  crystals,  polymorphic  transformation  probability  decreased.  So,  the  alternate  polytype  growth 
seen  in  Fig.3  may  be  caused  at  the  surface  during  the  growth. 


3.3.  I5R-SiC  grown  on  the  (1 120)  plane 

In  order  to  improve  the  MOSFET  performance,  work  has  been  focused  on  SiC  (1120) 
plane  due  to  the  high  channel  mobility  of  MOSFETsreported  on  this  plane  [1].  The  crystals  were 
grown  on  the  (1 120)  plane  of  15R-SiC  and  6H-SiC.  It  is  well  known  that  there  is  a  large  number  of 
stacking  faults  in  the  crystal  grown  on  the  a-plane  [5].  Due  to  the  high  density  of  stacking  faults, 
many  macro  defects  called  planar  defects  are  introduced  into  the  crystal,  grown  on  the  (1 120)  plane. 
Fig.4  is  the  cross  sectional  transmitted  light 
microscope  image  of  the  crystal  grown  on  the 
(1120)  plane,  6H-SiC  (a  and  b)  and  15R-SiC  (c  and 
d).  Black  dots  represent  the  planar  defects.  The 
length  of  the  planar  defect  changes  with  the 
polytype.  In  15R-SiC,  it  is  several  times  longer  in 
the  growth  direction  than  in  of  6H-SiC.  It  shows  a 

more  rounded  shape  in  6H-SiC.  In  the  slices  close  to  (a)  (c) 


the  substrate  (b  and  d),  there  is  a  number  of  planar 
defects.  Better  crystallinity  was  obtained  towards 
the  top  of  the  boule,  and  planar  defects  were  reduced 
as  crystal  became  thicker.  Particularly,  in  the  case  of 
15R-SiC,  planar  defects  are  decreased  dramatically 
as  seen  in  Fig.4  (c).  It  might  be  related  to  the 
reduction  of  stacking  faults.  KOH  etching  was 
carried  out  in  order  to  investigate  the  stacking  fault 
density  and  distribution.  In  Fig.5,  the  etched  surface 
of  15R-SiC  and  6H-SiC  grown  on  the  (1120)  plane 
is  shown.  Linear  etch  pits  directed  towards  <112Q> 
correspond  to  the  stacking  faults.  It  is  clearly  seen 
from  Fig.5  that  the  stacking  fault  density  of  15R-SiC 
is  less  than  that  of  6H-SiC.  Stacking  fault  density  of 
15R-SiC  was  approximately  2000  cm1.  It  is  about 
half  that  of  6H-SiC,  which  is  approximately  4000 
cm*1.  Once  the  stacking  faults  are  generated,  they  do 
not  terminate  up  to  the  end  of  the  growth  in  the  case 
of  6H-SiC  [5].  However,  in  the  case  of  15R-SiC, 
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Fig.4  Transmitted  light  microscope  image  of 
the  crystal  grown  on  the  6H-SiC(a,  b)  and 
15R-SiC(c,  d)  substrate.  Black  dots  represent 
the  planar  defects. 

(a) ,  (c):  upper  side  of  the  grown  crystal 

(b) ,  (d):  grown  crystal  close  to  the  substrate 
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15R-SiC  M - 1 - ►  6H-SiC 

Fig.5  Etched  surface  of  15R-SiC 
(left  side)  and  6H-SiC  (right  side) 
grown  on  the  (1120)  plane. 


Fig.6  Etched  surface  of  15R-SiC 
grown  on  the  (1120)  plane.  Some 
linear  etch  pits  are  terminated  during 
the  growth  as  indicated  by  arrows. 


several  stacking  faults  terminated  inside  the  crystal  as  indicated  by  arrows  in  Fig.6.  Actually,  in 

some  regions  of  1 5R-SiC,  the  stacking  fault  density  decreases  as  the  crystal  becames  thicker,  which 
never  occurred  in  the  case  of  6H-SiC. 


4.  Conclusions 

The  results  of  15R-SiC  growth  vs.  substrate  type  are  summarized  in  Fig.7.  15R-SiC  grew  on 
the  C-face  of  4H-SiC  and  Si-face  of  6H-SiC.  As  in  the  case  of  1 5R-SiC  substrates,  the  growth 
temperature  was  veiy  important.  In  the  case  of 
15R-SiC  and  6H-SiC  substrate,  growth 
temperatures  lower  than  2000°C  are  important 
However,  in  the  case  of  4H-SiC,  still  lower 
temperatures  (1700~1800°C)  were  needed.  To 
investigate  the  thermal  stability  of  these  polytypes, 
annealing  experiments  were  carried  out.  However, 
a  definite  polymorphic  transformation  was  not 
observed.  The  stacking  fault  density  of  15R-SiC 
grown  on  the  (1120)  plane  was  less  than  that  of 

6H-SiC.  Several  stacking  faults  terminated  during  Rg  ?  15R.sic  growth  vs  substrate  ^ 
the  growth  in  the  case  of  15R-SiC.  q  useful  for  growing  15R-SiC 

X  15R-SiC  never  grew 
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Abstract 

In  this  study,  micropipe  filling  by  sublimation  Close  Space  Technique  is  reported.  The 
relationship  between  the  off-axis  angle  from  the  (0001)  and  (0001)  basal  planes  of  6H-SiC 
substrates  toward  <1 120>  direction  and  the  probability  of  micropipe  filling  has  been  investigated. 
It  was  established  that  the  probability  increased  with  increasing  off-axis  angle.  At  that,  the  (0001) 
face  showed  better  characteristic  for  micropipe  filling  than  the  (0001)  face.  The  micropipe  filling 
could  not  be  observed  in  the  case  of  epitaxial  growth  on  on-axis  substrates.  On  the  basis  of  the 
obtained  results,  it  is  concluded  that  substrates  with  off-axis  angle  toward  <1 120>  direction  were 
important  for  micropipe  filling  as  the  crystal  growth  proceeded  in  the  step-flow  process. 

Introduction 

Epitaxial  growth  of  SiC  was  carried  out  by  sublimation  Close  Space  Technique.  (CST)[l-3].  This 
technique  is  also  called  sublimation  epitaxy  [4]  and  sublimation  sandwich  method  [5].  This 
method  is  almost  the  same  as  the  conventional  sublimation  method.  The  difference  is  the  distance 
between  the  substrate  and  the  source.  It  is  very  small  in  CST.  As  a  result  of  this,  epitaxial  growth 
proceeds  under  low  supersaturation  and  therefore  high  quality  epitaxial  layers  are  obtained.  For 
high  power  devices,  thick  and  high  quality  SiC  films  are  needed.  The  growth  rate  of  this 
technique  is  10  times  higher  than  that  of  CVD  method  and  the  operation  for  crystal  growth  is 
fairly  simple.  Therefore,  thick  and  high  quality  epitaxial  layers  are  easily  obtained  in  a  short  time. 

If  there  are  micropipes  in  epitaxial  layers,  they  cause  leakage  currents  in  devices  and  the 
performance  of  devices  deteriorate.  Therefore,  many  efforts  have  been  made  to  eliminate 
micropipes  from  SiC.  Recently  micropipe  filling  was  observed  in  epitaxial  layers  prepared  by 
LPE  [6].  We  tried  to  close  micropipes  by  CST.  In  this  paper,  epitaxial  growth  of  SiC  and 
micropipe  filling  by  CST  is  reported.  The  results  of  this  investigation  could  be  applied  to  the 
conventional  sublimation  method  and  bulk  crystals  of  low  micropipe  density  could  be  obtained. 

Experiment 

3C-SiC  polycrystalline  plates  were  used  as  the  SiC  source  material.  6H-SiC  wafers,  cut  from  a 
bulk  crystal  grown  in  our  laboratory,  were  used  for  preparing  the  substrates.  The  wafers  were 
polished  by  a  series  of  slurries  including  diamond  powder.  The  diameter  of  diamond  powder  was 
30,  5  and  0.5  pm,  respectively.  After  polishing,  wafers  were  cut  to  the  size  of  6.0  mm  x  6.0  mm. 
The  growth  temperature  was  2060  K  measured  at  the  substrate.  The  temperature  gradient  was  1.6 
K/mm  and  this  value  was  obtained  by  the  linear  approximation  of  the  temperature  distribution  in 
the  crucible.  The  crucible  was  heated  by  an  RF-generator  at  a  frequency  of  60  kHz.  The  growth 
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pressure  was  1.0  ~  3.0  x  103Torr.  The  distance  between  the  substrate  and  the  source  was  1.0 
mm.  Additionally,  there  were  small  pieces  of  Ta  plate  in  the  crucible  to  suppress  carbonization. 
The  growth  rate  was  20  ~  50  pm/h  under  these  conditions.  Epitaxial  layers  were  characterized  by 
the  Nomarsky  optical  microscope. 

Results  and  discussion 

In  Figs.  1(a)  and  (b),  the  surface  image  of  the  epitaxial  layer  and  the  image  in  transmitted  light  are 
shown,  respectively.  These  images  were  taken  at  the  same  focus  point.  The  substrate  of  this 
epitaxial  layer  had  many  micropipes  and  was  used  to  investigate  the  relationship  between 
micropipes  in  the  substrate  and  the  epitaxial  layer.  Many  micropipes  are  observed  in  Fig.  1(b),  but 
they  are  reduced  in  Fig.  1(a).  This  shows  that  the  epitaxial  layer  reduces  micropipes  presence  in 
the  substrate.  However,  small  micropipes  remain  in  the  epitaxial  layer. 


(a)  Reflected  light  (b)  Transmitted  light 

Fig.  1  Optical  microscope  images  of  the  epitaxial  layer 
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Fig.  3  The  relationship  between  the  film  thickness 
and  the  average  diameter  of  micropipes 


Fig.  2  Cross  section  image 
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In  Fig.  2,  the  cross  section  image  of  the  substrate  and  the  epitaxial  layers  shown.  It  is  observed 
that  micropipes  continue  from  the  substrate  to  the  epitaxial  layer  and  they  do  not  originate  in  the 
epitaxial  layer.  The  diameter  of  micropipes  gradually  decreases  as  the  film  thickness  increases. 
The  relationship  between  the  film  thickness  and  the  average  diameter  of  micropipes  is  show  in 
Fig.  3.  Although  the  diameter  of  micropipes  becomes  small,  micropipes  remains  in  the  epitaxial 
layer.  This  was  possibly  due  to  the  fact  that  the  substrate  was  not  tilted  toward  <1 120>  direction. 

In  Fig.  4  is  shown  the  relationship 
between  the  off-axis  angle  and  the 
probability  of  micropipe  filling.  All 
epitaxial  layers  were  grown  under  the 
same  conditions.  The  growth 
temperature  was  2060  K  and  the  growth 
pressure  was  1.0  Torr.  The  epitaxial 
growth  was  performed  on  both  (0001) 
and  (0001)  faces.  On  (000T)  face  ,  the 
probability  of  micropipe  filling  becomes 
large,  as  the  off-axis  angle  increases. 

But  on  (0001)  face,  the  probability  is 
almost  the  same  at  different  off-axis 
angles.  This  polarity  dependence  of 
micropipe  filling  can  be  explained  as 
follows  [7]. 

The  reaction  species  more  easily  bind 
to  the  carbon  dangling  bond  than  to  the  silicon  dangling  bond  and  the  surface  free  energy  of 
(OOOl)  face  is  lower  than  that  of  (0001)  face.  If  the  substrate  is  tilted  toward  <11 20>  direction, 
two  planes,  namely  (0001)  silicon  face  or  (0001)  carbon  face  and  (1120)  plane,  can  be  present  on 
this  substrate.  Moreover,  on  such  substrates,  the  direction  of  micropipe  propagation  differs  from 

the  direction  of  crystal  growth. 
These  have  no  relationship  each 
other.  In  other  words,  crystal 
growth  on  such  substrates  proceeds 
according  to  the  step-flow  model 
[8].  Fig.  5  shows  the  bonding 
configuration  of  6H-SiC  along  the 
<1120>  and  the  <000l> 
directions.  On  a  (1120)  plane,  the 
number  of  silicon  dangling  bonds  is 
the  same  as  that  of  carbon  dangling 
bonds.  There  are  only  silicon 
dangling  bonds  on  the  (0001)  face 
only  carbon  dangling  bonds  on  the 
(OOOl)  face.  Therefore  in  the 
growth  on  (0001)  face,  on 
substrates  which  are  tilted  toward 
<1120>  direction,  the  growth  rate 
along  <000 1>  direction  is  larger 


<000 1> 


<1120> 

Fig.5  The  bonding  configration  along  <1 120> 
and  <000 1>  direction 


Fig.  4  The  relationship  between  the  off  angle 
and  the  micropipe  filling  rate 


76 


Silicon  Carbide  and  Related  Materials 


than  toward  <11 20>  direction.  The  growth  rate  along  <1120>  direction  is  larger  than  along 
<000T>  direction  on  (OOOl)  face  substrates.  From  this,  it  may  be  concluded  that,  for  micropipe 
filling,  it  is  necessary  that  the  growth  direction  is  different  from  the  direction  of  micropipe  growth. 
On  (0001)  face,  the  direction  of  crystal  growth,  that  is  <1120>  direction,  is  different  from  the 
micropipe  propagation,  that  is  <000l>  direction.  Besides,  as  the  off-axis  angle  becomes  larger,  the 
number  of  steps  becomes  larger  and  the  crystal  growth  toward  <1120>  direction  increases. 
Therefore,  the  characteristic  shown  in  Fig.  4  was  obtained. 

Conclusion 

We  tried  to  close  micropipes  by  CST.  When  the  substrate  was  not  tilted  toward  <1 120>  direction, 
micropipe  filling  could  not  be  observed.  If  the  substrate  was  tilted,  micropipe  filling  could  be 
observed.  In  order  to  close  micropipes,  substrates  tilted  toward  <1I20>  direction  are  needed 
and  the  direction  of  the  crystal  growth  must  differ  from  the  direction  of  micropipe  propagation. 
In  other  words,  the  crystal  growth  must  be  carried  out  under  step-flow  condition.  The  (0001)  face 
shows  a  better  characteristic  for  micropipe  filling  than  the  (0001)  face. 
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Abstract  Recently,  the  realization  of  making  high-quality  and  large  diameter  bulk  SiC  crystal  is 
required  for  the  device  application.  In  generally,  the  size  of  the  bulk  crystal  is  gradually  enlarged 
by  repeating  the  growth  from  small  size  substrate.  It  takes  a  long  time  to  obtain  a  large  size 
wafer.  In  stead  of  this  conventional  method,  we  made  a  new  approach  to  realize  a  large  diameter 
crystal  by  arranging  the  several  substrates  on  the  cap.  In  this  method,  we  grew  up  bulk  on  putting 
two  substrates  ,  proved  mechanism  for  groove  narrowing  and  confirmed  transition  from  bi-crystal 
to  mono-crystal. 


Introduction 

Large  diameter  of  the  SiC  wafer  is  needed  for  the  device  application.  Most  of  the  bulk  SiC  is 
made  by  sublimation  method,  modified  Lely  method  [1-7].  In  generally,  enlargement  of  the  bulk 
SiC  is  carried  out  by  repeating  the  growth  run  starting  from  small  size  substrate.  It  take  a  time  to 
get  large  diameter  of  the  bulk.  We  already  studied  many  strange  phenomena  on  crack  healing  in 
the  bulk  growth  and  defect  formation  mechanism  [5-7].  In  our  previous  experiment,  even  though 
the  substrate  was  intentionally  damaged,  cracked,  the  crack  was  disappeared  on  the  surface  after 
growth.  Based  on  this  result,  we  propose  a  new  method  to  enlarge  the  bulk  SiC  by  starting  multi¬ 
substrate  arrangement.  The  grooves  between  the  substrates  will  shrink  and  finally  coalesce  each 
other  into  one  single  crystal.  Namely,  by  this  method,  a  transition  from  bi-crystal  to  mono-crystal 
is  possible.  In  this  report,  a  mechanism  of  groove  narrowing  is  discussed. 

Experiment 

As  a  substrate,  we  used  homemade  1-inch  6H-SiC  wafer  polished  both  side  by  0.5  urn  diamond 
slurry.  The  wafer  was  divided  into  two  or  four  pieces,  and  then  these  divided  wafer  were  put  on 
the  cap  of  the  crucible.  Crucible  was  single  wall  graphite  cylinder.  The  source  material  was 
abrasive  SiC  powder  and  put  on  the  bottom  of  the  crucible.  The  distance  between  the  source  and 
the  substrate  was  15mm.  Crystal  growth  was  achieved  using  a  quartz  tube  reactor  with  a  water- 
cooled  jacket  under  argon  atmosphere  at  50  Torr.  The  configuration  of  the  system  is  shown  in 
Fig.l.  The  crucible  was  heated  externally  by  RF  induction  with  a  frequency  of  300  kHz.  The 
temperatures  at  the  top  (Ts)  and  the  bottom  (Tb)  of  the  crucible  were  measured  by  an  optical 
pyrometer.  Ts  and  Tb  were  approximately  2050-2150  °C  and  2250-2350  °C  ,  respectively.  We 

grew  bulk  for  three  or  four  times  by  recharging  the  source  material  (total  11-20  hours).  The  growth 
thickness  was  approximately  4.4  mm- 15mm.  Grown  bulk  was  characterized  by  optical  microscope. 
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Fig.  1  Configuration  of  the  crucible 


Result  and  Discussion 

One  large  substrate  was  cut  into  two  pieces  and  put  together  on  the  graphite  cap  as  the  starting 
substrate  as  shown  in  Fig.2(a)  .  Small  groove  between  two  pieces  were  about  100  pm.  After  the 
first  run  with  1  mm  above  the  substrate,  the  facet  appeared  at  the  edge  of  grown  surface  over  the 
groove.  In  this  figure,  the  groove  still  lingers  on  the  facet  (indicated  by  arrow  in  the  figure). 
However,  after  the  third  run  with  the  thickness  of  about  5  mm,  the  groove  is  completely 
disappeared  as  shown  in  Fig.2(c).  To  investigate  propagation  of  groove,  this  part  was  etched  by 
molten  KOH,  however,  groove  was  almost  filled  by  newly  grown  layer.  This  result  gave  us  an  idea 
that  groove  between  two  substrates  was  coalesced,  and  then  the  substrates  became  to  single 
crystal. 

The  contact  areas  of  the  grown  surfaces  are  enlarged  as  shown  in  Fig.3.  Arrows  indicate  the 
same  position  in  each  runs  in  Fig.(a),(b),(c).  After  the  1st  run,  groove  is  clearly  seen  between 
faceted  areas  as  indicated  by  arrow  in  the  Fig.3(a),  however,  at  2nd  run,  large  groove  shrank  into 
small  line  as  shown  in  Fig.3(b).  After  3rd  run.,  the  groove  was  completely  disappeared  as  shown 
in  Fig.3(c).  However,  a  large  groove  still  remained  on  the  off-axis  area  as  black  lines  as  seen  in 
the  In  this  lower  side  of  the  Fig.3(c).  In  this  experiment,  the  two  substrates  arranged  side  by  side 
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(a)  (b)  (c)  SOOiun 

Fig.3  (a)  1  st  run,  (b)  2nd  run,  (c)  3rd  run. 

Arrows  indicate  the  position  of  the  groove  existed  on  the  substrate. 


<1120 


1100> 


Fig.4  (a) 
(c) 


substrates,  (b)  2nd  growth, 
4th  growth 


were  unintentionally  off-axis.  The  facet  region 
appeared  at  the  edge  of  the  substrate  at  first  as  seen  in 
Fig.2  (b).  Lateral  growth  rate  perpendicular  to  (0001) 
which  is  called  on-axis  substrate  is  faster  than  one  on 
off-axis  substrate.  By  continuing  the  long  growth  run, 
the  groove  on  the  off-axis  region  will  shrink. 

To  observe  the  orientation  dependence  of  the 
coalescence  of  the  substrate,  one  wafer  was  cut  into 
four  pieces  as  shown  in  Fig.4(a).  The  width  of  the 
grooves  between  each  pieces  of  the  substrates  were 
different.  The  width  of  the  groove  along  <1100> 
direction  marked  A  in  Fig.4(a)  was  narrow  about  50 
{.im.  The  width  of  the  groove  at  B  was  about  200  \im  . 
Growth  condition  was  the  same  as  before.  After  2nd 
run  with  the  thickness  of  2  mm,  the  groove  at  A 
shrank,  however,  groove  at  B  still  remained.  After  4th 
runs,  the  grooves  at  A  and  B  were  almost  disappeared. 
But,  large  trace  of  the  grooves  marked  C  and  D 
remained  along  <1120>  direction  as  shown  in  Fig.4(c). 
It  is  known  that  the  lateral  growth  rate  along  <1120>  is 
higher  than  one  along  <1100>  [8].  Consequently,  the 
grooves  at  A  and  B  were  completely  burred  by  newly 
grown  layer.  The  width  of  the  grooves  at  C  and  D  were 
almost  same  size  as  the  groove  B,  however,  those 
were  not  coalesced  well.  This  is  because  those  grooves 
directed  along  <1120>  direction  ,  and  the  width  of  the 
groove  is  perpendicular  to  it.  The  lateral  growth 
direction  along  <1 10Q>  is  not  higher  than  the  <1 120>. 
In  this  experiment,  we  learned  that  alignment  of  the 
substrate  is  an  important  factor  to  coalesce  the  two 
substrates  into  one.  Even  though  the  width  of  the 

groove  was  more  than  100  ^m,  the  groove  was  buried 
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if  the  groove  was  along  the  <11 00>  which  mean  edge  aligning  perpendicular  to  that  direction. 

Polytypes  of  the  grown  bulk  was  the  same  as  that  of  the  substrate  which  was 

characterized  by  photoluminescence  image  at  liquid  nitrogen  temperature.  The  wafers  sliced  from 
those  bulk  SiC  crystal  did  not  contain  noticeable  groove  line,  which  was  confirmed  by  optical 
microscope  with  transmission  mode.  Level  of  the  surface  should  be  the  same  and  the 
crystallographic  direction  of  each  edge  of  the  substrate  should  be  the  same.  In  our  experiment, 
those  parameters  were  not  well  fixed,  however,  better  crystallinity  of  the  bulk  SiC  was  obtained. 
These  result  show  a  crew  to  the  large  bulk  production  from  the  several  small  pieces  of  the 
substrate.  Detailed  study  of  small  angle  grain  boundary,  misorientation  of  the  substrates  and 
defects  density  on  the  junction  area  should  be  examined  by  X-ray  diffraction  to  proceed  further 
progress. 

Conclusions 

We  demonstrated  a  possibility  of  producing  the  large  bulk  SiC  from  the  multi-wafer  arrangement 
in  plane.  Once  the  edges  of  the  substrates  are  well  aligned  to  each  other,  large  scale  bulk  is 
obtained  by  repeating  the  growth  run.  To  obtain  good  crystal,  the  grooves  between  the  small  wafer 
to  wafer  should  align  to  <1T00>  direction  and  the  width  of  the  groove  should  be  minimized  as 
possible  as  we  can.  Bi-crystal  changes  into  single  crystal  was  achieved. 
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Abstract  The  applicability  of  the  temperature  oscillation  method  (TOM)  for  SiC  was  investigated 
experimentally  using  a  prototype  furnace  which  consists  of  two  sections.  It  was  experimentally 
shown  that  the  selection  of  single  nucleation  of  SiC  was  possible  using  TOM.  In  the  present 
experiment,  only  P-SiC  with  relatively  large  size  could  be  grown.  The  micropipe  density  over  an 
area  of  5  x  5mm2  of  the  grown  crystals  was  less  than  20  cm'2. 

1.  Introduction 

In  the  present  paper,  a  new  type  of  vapor  growth  method  of  SiC  is  described.  The  source  material 
was  placed  in  a  carbon  crucible  and  heated  in  a  furnace  with  two  independent  sections  (see  Fig.  1). 
The  temperatures  of  the  each  section  could  be  controlled  independently.  A  temperature  oscillation 
method  (TOM)  was  used  in  the  present  experiment.  TOM  has  initially  been  developed  by  Scholz 
and  coworkers  [1]  and  was  successfully  used  to  grow  various  single  crystals  such  as  GaP,  y-Fe203, 
and  NiFe204.  In  the  TOM,  the  temperature  gradient  is  periodically  reversed,  and  the  interval  of 
crystal  growth  alternates  with  the  interval  of  etching.  This  periodical  processes  make  the  crystal 
growth  highly  selective. 

The  detailed  mechanism  of  micropipe  defects  (MPD)  in  SiC  has  not  been  cleared  yet,  it  was 
suggested  that  the  MPD  formation  is  closely  correlated  with  multiple  nucleation  in  the  surface 
region  during  the  initial  stage  of  the  crystal  growth  [2],  TOM  allows  a  selection  of  single  nucleation 
within  the  growth  section,  provided  that  suitable  re-evaporation  conditions  are  used.  In  this  paper, 
the  growing  processes  without  using  a  previously  prepared  seed  crystal  are  investigated,  because  we 
are  more  interested  in  exploring  the  various  possibilities  and  applicability  of  the  TOM  for  SiC. 


2.  Experimental  Set-Up 

A  prototype  of  furnace  with  two  independent  sections  was  used  and  the  structure  of  this  furnaces  is 
schematically  shown  in  Fig.  1.  One  of  the  two  sections  contains  the  source  material  and  the  other 
one  is  for  establishing  a  temperature  gradient  for  the  crystal  growth.  A  tantalum  strip  heater  is 
located  between  the  two  sections;  it  is  used  for  the  modification  of  an  actual  temperature  profile  in 
order  to  realize  a  smooth  temperature  gradient  along  the  growth  section.  The  heater  elements  of 
both  the  sections  are  2.4  kW  carbon-fiber  composite  heaters  manufactured  by  Nihon  Carbon  Co., 
which  can  be  used  up  to  1900°C  with  less  degradation.  For  thermal  insulation,  a  zirconium-based 
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fire-block  is  used.  A  carbon  crucible  was  used  as 
reactive  cell.  Pt(40)-Rh(20)  thermocouples  and  an 
optical  pyroelectric  meter  were  used  for  monitoring 
the  temperatures  of  the  furnace.  Programmable 
temperature  controllers  using  mechanical  gears  were 
used  to  control  both  of  the  sections.  Two  types  of 
reactive  CVD  systems  were  used  in  the  present 
experiments: 

1)  An  open  system  with  CH4  transport  gas;  the 
source  material  consists  of  a  mixture  of  Si02  and  C 
powder,  (referred  to  as  experiment  I.) 

2)  A  closed  system  with  CI4  transport  gas;  the 
source  material  is  a  mixture  of  Si02  and  C  powder, 
(referred  to  as  experiment  II.) 

Here,  the  open  system  means  that  the  transport  gas 
is  diluted  by  H2  which  flows  out  contiguously  from 
the  reactor  system,  whereas  the  closed  system 
means  that  an  extra  gas  chamber  is  connected  to  the 
front  of  the  source  section  and  a  gas  condenser  is 
attached  to  the  end  of  the  growth  section.  In  this 
case,  the  flow  rate  of  CI4  is  roughly  controlled  by 
the  heater  attached  to  the  gas  chamber. 


Gas  inlet 

Fig.  1  Prototype  electric  furnace.  1:  healer 
for  the  growth  section,  2:  heater  for  the  source 
material,  3:  carbon  crucible,  4:  extra  tantalum 
heater,  5:  ziluconium-bascd  fire-block. 


3.  Results  and  Discussion 

Firstly  various  interval  settings  for  growth  period  and  etching  period  under  the  specified  source 
temperatures  and  the  growth  temperatures  were  carried  out  in  order  to  search  an  optimal  growth 
condition.  Typical  results  are  indicated  in  the  table  I. 

CI4  has  been  synthesized  by  Dr.  T.  Mizuno  of  Department  of  Engineering  Chemistry  at  Hokkaido 
University,  using  the  chemical  reaction  of  Cal2  with  CC14.  Principally,  direct  use  of  CC14  is  possible, 
but  this  gas  is  strongly  poisonous.  The  growth  rate  of  SiC  in  experiment  H  was  much  larger  than  the 
one  in  experiment  I.  The  reason  for  this  difference  is  not  clear  at  present,  because  we  did  not 
investigate  the  actual  chemical  reactions  in  the  growth  section  in  detail.  This  problem  remains  to  be 
solved.  In  general,  the  etching  or  re-evaporation  rate  is  very  small  when  the  temperatures  of  the 
growth  region  are  lower  than  1600°C;  this  feature  is  strongly  in  contrast  with  the  crystal  growth  by 
TOM  reported  in  the  past.  Much  higher  temperature  setting  was  necessary  in  order  to  avoid  the 
multiple  nucleation  in  the  growth  section,  as  shown  in  Table  1 . 

The  actual  etching  rate  as  a  function  of  temperature  is  roughly  determined  by  measuring  the 
weight  of  the  growth  section  before  and  after  the  etching  process.  Fig.  2.  indicates  the  temperature 
dependence  of  the  growth  rate  and  the  etching  rate.  Most  of  the  grown  crystals  involved  many  grain 
boundaries  and  a  mixture  of  p-SiC  and  a-SiC  was  observed.  It  is  rather  difficult  to  obtain  a  single 
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Table  I .  Typical  results  of  the  experiment  I  and  the  experiment  II. 


1  dU 

No.  RUN 

Total  Process 

time  (h) 

Growth  Conditions 

Etching  Conditions 

Crystal  Growth 

Experiment  I. 

Ts/Tc 

Interval 

( min.) 

Tc  Us 

Interval 

(min.) 

I-  1 

(80) 

1400/  1300 

30 

1400/1300 

14 

No  etching  was  observed. 

1-2 

(90) 

1600/  1500 

30 

1750/1500 

10 

Etching  rate  was  slow, 
no  selection  of  single  nucleation 
observed. 

1-3 

(90) 

1600/1500 

initial 
stage:  20 
steady 
state:  30 

1850/1500 

initial 
stage:  20 
steady 
state:  30 

A  few  single  nucleations  were  ob¬ 
served  on  the  surface  of  the  growth 
section.  Occasionally^  relatively 
large  size  crystal  was  obtained. 

Experiment  11 

11-  1 

(40) 

1400/1300 

30 

1400/1300 

10 

Etching  rate  is  very  small. 

II -2 

(45) 

1600/1500 

20 

1750/1500 

10 

Etching  rate  was  still  very  small. 

A  large  number  of  small-  size 
crystals  were  observed 

11-3 

(45) 

1600/1500 

initial 
stage:  15 
steady 
state:  20 

1850/1500 

initial 
stage:  15 
steady 
sate:  20 

A  few  single  nucleatiobs  were 
observed.  Occasionally,  relatively 
large-size  crystals  of  single-phase 
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phase  of  a  single  SiC  crystal.  This  is  considered  to  be  due  to  the  fact  that  the  present  crystal 
deposition  depends  on  spontaneous  nucleation. 

Occasionally,  it  was  possible  to  obtain  crystals  of 
uniform  phase  with  a  very  small  amount  of  defects. 

Fig.  3  shows  a  typical  photograph  of  a  relatively 
large-size  single  crystal  of  p-SiC  grown  in  the 
present  TOM.  The  crystals  shown  in  Fig.  3  were 
mechanically  cut  into  wafers  with  thickness  of  about 
0.2  mm  ( 1  to  <1 1 1>  axis). 

X-ray  diffraction  patterns  of  these  wafers  iridicated 
that  the  whole  crystal  consisted  of  uniform  P-phase. 

The  surfaces  of  these  wafers  were  etched  by  KOH 
and  the  etched  surfaces  were  observed  by  an  optical 
microscope.  Typical  area  of  the  cross  section  of 
these  wafers  was  5x5  mm2.  The  micropipe  density 
of  these  specimens  was  ^0-20/cm2,  which  indicated 
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Fig. 2  Growth  rale  and  etching  rate  as 
a  function  of  temperature. 
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that  the  grown  crystal  involved  a  very  small 
amount  of  defects.  The  most  important  part  of 
the  present  growth  process  was  the  initial  stage 
of  the  nucleation.  The  quality  of  the  grown 
crystals  strongly  depends  on  the  re-evaporation 
process  at  the  initial  stage  of  the  crystal 
growth. 


Fig  3  TOM  growth  of  3C-SiC  . 
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ABSTRACT 

An  experimental  investigation  was  carried  out  on  the  spontaneous  growth  of  (3-SiC  crystals  in  the 
Al-C-Si  ternary  system  under  atmospheric  pressure.  Isothermal  experiments  were  performed  at 
temperatures  ranging  from  730  to  1200  °C  and  with  Al-Si  melts  containing  10  to  40  at%  of  silicon. 
The  size  and  shape  of  the  crystals  spontaneously  grown  from  these  melts  strongly  depended  on  the 
temperature  and  Si  content.  Well  faceted  crystals  up  to  100  pm  were  obtained  under  optimal 
conditions.  Results  are  discussed  for  further  transposition  toward  epitaxy  experiments. 

INTRODUCTION 

It  is  many  decades  since  Liquid  Phase  Epitaxy  (LPE)  has  been  tentatively  studied  as  an  alternative 
for  growing  low  cost  SiC  layers  at  a  fast  rate.  Recently,  it  has  proven  to  be  the  only  technique  which 
can  “heal”  the  macro-defects  of  the  commercially  available  hexagonal  substrates  [1].  However,  LPE 
is  difficult  to  operate  because  of  the  elevated  temperatures  required  (higher  than  1600°C)  and  the 
high  reactivity  and  vapour  pressure  of  silicon  at  these  temperatures.  Baumann  has  observed  the 
precipitation  of  p-SiC  crystals  from  a  Al-Si-Zn  solution  at  temperatures  as  low  as  525°C  [2].  The 
feasibility  of  SiC  growth  by  LPE  at  low  temperature  has  already  been  demonstrated  in  Al-Si  based 
liquids  to  which  Ga  or  Sn  were  added  [3],  Growth  rates  of  0.1  to  1  pm/h  were  reported.  However, 
such  a  procedure  requires  to  master  the  quaternary  systems  Al-Si-Ga-C  and  Al-Si-Sn-C  which  are 
far  to  be  well  known.  We  report  here  the  low  temperature  growth  of  SiC  crystals  in  the  simpler  Al- 
Si-C  ternary  system  for  which  detailed  data  on  phase  relations  and  phase  equilibria  are  available  [4, 
5].  According  to  the  Al-Si-C  ternary  phase  diagram,  two  solid  carbides  can  form  at  temperatures 
lower  than  1400°C  :  SiC  and  A14C3.  This  diagram  also  shows  that  silicon  rich  alloys  are  needed  to 
avoid  the  formation  of  aluminium  carbide.  As  a  preliminary  study,  we  carried  out  isothermal 
experiments  to  determine  the  best  conditions  under  which  SiC  could  grow  from  the  Al-Si  melts 
located  within  the  liquidus  surface  of  SiC  in  the  Al-C-Si  phase  diagram. 

EXPERIMENTAL  SET  UP 

The  Al-Si-C  samples  were  prepared  by  cold-pressing  pure  Al,  Si  and  C  powders.  Carbon  was  added 
in  small  quantity  so  that  the  initial  Si  content  of  the  Al-Si  alloy  was  not  drastically  changed  by  the 
formation  of  SiC.  The  temperature  and  the  Si  content  were  varied  from  730  to  1200°C  and  from  10 
to  40  at%,  respectively.  The  experiment  time  was  set  to  48  hours  to  ensure  a  quasi-complete 
conversion  of  carbon  into  carbides.  The  samples  were  heated  under  a  static  argon  pressure  of  1  atm 
to  limit  aluminium  loss  by  evaporation.  To  investigate  the  morphology,  size  and  structure  of  the 
crystals  produced,  two  types  of  material  analysis  were  applied.  On  the  one  hand,  samples  were 
observed  in  cross  section  by  optical  microscopy  and  Micro-Raman  spectroscopy.  On  the  other  hand, 
the  Al-Si  melt  was  removed  by  chemical  dissolution  and  crystals  thus  recovered  were  examined  by 
X-Ray  Diffraction  (XRD)  and  Scanning  Electron  Microscopy  (SEM). 


86 


Silicon  Carbide  and  Related  Materials 


RESULTS 

It  has  been  found  that  SiC  is  the  only  carbide  to  form  in  a  wide  range  of  experimental  conditions. 
However,  one  can  distinguish  two  types  of  SiC  crystals  :  random  shaped  aggregates  (Fig. la)  and 
well  faceted  crystals  (Fig. lb).  By  XRD,  the  cubic  polytype  has  been  identified  as  the  only  SiC 
phase  forming  whatever  the  type  of  crystals.  By  Raman  spectroscopy  however,  only  the  second  type 
of  crystals  exhibits  the  diffusion  lines  characteristic  for  p-SiC  single  crystals.  We  will  mainly  focus 
on  that  latter  type  of  crystals,  the  morphology  and  size  of  which  have  been  investigated  as  a 
function  of  temperature  and  Si  content  in  the  melt. 


Fig.l  :  SEM  micrographs 
of  p-SiC  ciystals  obtained 
at  1 100°C  in  a  a)  20  at% 
and  b)  30  at%  Si  melt 


a) 


b) 


Fig.2  shows  the  variations  with  the  Si  content  of  the  melt  of  the  mean  size  of  the  SiC  crystals 
spontaneously  grown  at  three  different  reaction  temperatures  (730,  900  and  1100°C).  It  clearly 
appears  that  at  each  temperature,  the  mean  size  goes  through  a  maximum  at  a  well  defined  value  of 
the  Si  content  in  the  melt.  It  can  also  be  seen  that  this  maximum  shifts  toward  higher  Si  contents 
with  increasing  temperature  :  accordingly,  the  biggest  SiC  crystals  are  obtained  from  melts  with  18 
at%  at  730  °C,  25  at%  at  900  °C  and  30  at%  at  1 100°C. 


Si  content  of  the  melt  (at%Si) 


Fig.2  :  Mean  size  of  the  P-SiC  crystals 
spontaneously  grown  in  the  Al-Si  melt 
versus  Si  content  for  different  reaction 
temperatures. 


As  a  general  trend,  it  has  moreover  been  observed  that  SiC  crystals  grown  from  melts  with  a  Si 
content  lower  than  the  value  corresponding  to  the  maximum  crystal  size  formed  random  shaped 
aggregates  of  the  first  type  whereas  crystals  grown  from  melts  with  Si  contents  equal  to  or  higher 
than  that  value  belonged  to  the  second  faceted  type.  At  1100°C  for  example,  SiC  crystals  grown 
from  a  melt  with  a  Si  content  of  20  at%  formed  the  aggregates  of  micro-crystallites  less  than  10  pm 
in  diameter  shown  in  fig. la;  no  well  shaped  crystal  was  obtained  under  these  conditions.  On  the 
other  hand,  the  well  faceted  crystals  up  to  100  pm  shown  in  fig. lb  were  obtained  at  the  same 
temperature  from  a  melt  with  a  Si  content  of  30  at%.  At  Si  contents  of  the  melt  higher  than  30  at%, 
the  SiC  crystals  grown  at  1100  °C  had  the  same  morphology  as  those  presented  in  fig. lb,  i.e. 
faceted,  but  their  mean  size  decreased  rapidly  to  55  and  20  pm  at  35  and  40  at%Si,  respectively.  It 
is  worth  noting  that  all  these  faceted  crystals  were  characterised  by  triangular  faces,  as  in  fig.lb.  It 
is  then  logical  to  consider  the  (111)  crystallographic  orientation  as  a  preferential  growth  direction. 
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Fig.3  :  Mean  size  of  the  p-SiC  crystals 
spontaneously  grown  in  a  30  at%Si  Al-Si 
melt  versus  temperature.  The  point  at 
1300°C  was  taken  from  Kocherginsky  et 
al.  [5]. 
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The  evolution  with  the  temperature  of  the  mean  size  of  the  p-SiC  crystals  grown  from  a  30  at%Si 
melt  are  reported  in  fig.3.  This  figure  clearly  shows  that  there  is  a  particular  temperature  for  which 
the  size  of  crystals  is  maximum.  It  must  be  added  that  well  faceted  crystals  developed  only  at 
temperatures  lower  than  1100  °C.  Above  that  temperature,  the  number  and  size  of  the  faceted 
crystals  decreased  rapidly  and  at  1300  °C,  faceted  crystals  were  no  more  formed,  as  reported  in  the 
literature  [6]. 

DISCUSSION 

From  the  position  of  the  maximum  of  the  three  curves  drawn  in  fig.2,  it  is  possible  to  define  the  best 
conditions  of  temperature  and  melt  composition  under  which  the  largest  faceted  SiC  crystals  can  be 
obtained.  In  the  temperature-composition  graph  presented  in  fig.4,  these  optimum  conditions  are 
represented  by  a  grey  line.  In  the  same  graph,  we  have  also  drawn  a  dark  curve  representing  the 
boundary  between  the  liquidus  surfaces  of  the  two  carbides  AI4C3  and  SiC  in  the  Al-C-Si  phase 
diagram  under  a  constant  pressure  of  1  atm  [4].  The  meaning  of  the  dark  curve  is  simple  :  under  it, 
the  melt  is  in  equilibrium  with  AI4C3  and  above,  the  liquid  is  conjugated  with  SiC. 


Fig.4:  Deviation  from  the  Liquid- 
AUC3-S1C  equilibrium  required  for 
the  spontaneous  growth  of  p-SiC 
crystals  (A).  The  low  Si  content 
curve  corresponds  to  the 
monovariant  line  along  which  the 
liquid  is  in  equilibrium  with  AI4C3 
and  SiC,  after  Viala  et  al.  [4]. 


From  a  thermodynamic  viewpoint,  SiC  crystals  can  only  be  grown  from  a  liquid  having  a 
composition  located  within  the  liquidus  surface  of  this  compound,  i.e.  above  the  dark  curve  in  fig.4. 
This  necessary  condition  has  been  verified  in  the  present  experiments,  even  if  “out-of-equilibrium” 
AI4C3  crystals  were  sometimes  observed  to  form  in  place  of  SiC  at  low  temperature.  But  to  obtain 
well  shaped  SiC  crystals  with  large  facets,  other  requirements  have  to  be  met.  For  example  at 
1 100°C,  the  minimum  Si  content  in  the  melt  to  form  SiC  is  of  14  at%  (dark  curve)  whereas  the  best 
shaped  crystals  with  the  largest  facets  are  obtained  at  a  Si  content  in  the  melt  of  30  at%  (grey  line); 
above  30  at%Si,  SiC  crystals  remain  faceted  but  are  smaller  in  size.  Considering  the  relative 
positions  of  the  dark  curve  and  the  grey  line  drawn  in  fig.4,  these  requirements  could  be  expressed 
as  follows  :  to  grow  well  shaped  SiC  crystals  with  large  facets,  there  must  exist  a  deviation  to  the 
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monovariant  equilibrium  AUCs-SiC-L  in  the  temperature  and  Si  content  of  the  melt,  but  that 
deviation  must  be  neither  too  small  nor  too  large  : 

1)  too  small,  i.e.  for  temperatures  and  melt  compositions  located  between  the  dark  curve  and  the 
grey  line,  only  micro-crystalline  aggregates  of  SiC  will  be  obtained; 

2)  too  large,  SiC  crystals  will  be  faceted  but  of  small  size. 

Another  requirement  which  does  not  appear  in  fig.4  but  which  is  obvious  for  such  a  refractory 
carbide  as  SiC  is  a  sufficiently  high  growth  temperature.  To  sum  up,  the  thick  grey  line  drawn  in 
fig-4  can  be  seen  as  the  “operating  window”  for  growing  p-SiC  crystals  of  good  quality  from  a  Al- 
Si  base  melt. 

To  support  this  model,  it  is  interesting  to  correlate  figures  3  and  4.  Indeed,  as  results  reported  in 
fig.3  were  obtained  at  a  fixed  Si  content  of  30  at%,  they  correspond  to  a  horizontal  iso-content  line 
at  30  at%Si  in  fig.4.  One  can  see  in  that  figure  that  below  1 100°C,  the  deviation  from  equilibrium  is 
larger  than  the  minimum  required,  so  well  faceted  crystals  are  observed.  Above  this  temperature, 
the  deviation  from  equilibrium  is  too  low  to  ensure  the  growth  of  well  shaped  crystals.  In  order  to 
validate  these  trends  at  higher  temperatures,  a  complementary  experiment  was  performed  at  1200°C 
for  a  40  at%Si  melt.  It  will  be  recalled  that  for  30  at%Si,  only  a  few  small  SiC  crystals  were 
obtained  at  that  temperature  (fig.  3)  and  micro-crystalline  aggregates  widely  prevailed.  In  the  new 
experiment  at  40  at%Si,  all  the  crystals  were  well  shaped  and  had  an  average  size  close  to  40  pm. 
As  a  matter  of  fact,  these  two  points  at  30  and  40  at%Si  are  located  on  both  sides  of  the  grey  line  in 
fig.4.  So,  an  extrapolation  of  our  model  towards  higher  temperatures  seems  to  be  possible  and  could 
explain  the  observations  of  Kocherginsky  et  al.  [6].  These  authors  reported  that  by  reacting  carbon 
with  a  Al-Si  30  at%  alloy  at  1300°C,  a  mass  of  small  crystals  formed  by  the  movement  of  a  reaction 
front  from  the  surface  to  the  centre  of  the  carbon  particles.  In  other  words,  there  was  no  well  faceted 
crystals  but  only  aggregates  of  micro-crystals.  This  result  is  in  agreement  with  our  model  which 
shows  that  the  deviation  from  equilibrium  was  not  sufficient  under  that  conditions  to  form  faceted 
crystals.  Finally,  the  optimal  deviation  from  equilibrium  pointed  out  in  fig.4  (grey  line)  would 
correspond  to  the  minimum  driving  force  required  to  form  SiC  crystals  via  a  dissolution  and  growth 
mechanism.  Only  such  a  mechanism  is  suitable  for  further  epitaxy  experiments  as  it  involves  carbon 
transport  through  the  melt  leading  to  the  well  facetted  crystals  previously  discussed. 

CONCLUSION 

We  have  carried  out  an  experimental  investigation  on  the  isothermal  growth  of  P-SiC  crystals  in  the 
Al-C-Si  ternary  system  under  atmospheric  pressure.  We  have  proposed  a  model  to  explain  the 
growth  conditions  of  well  faceted  crystals  taking  into  account  the  temperature  and  the  Si  content  of 
the  melt.  Optimal  conditions  are  realised  for  a  temperature  of  about  1100°C  and  a  Si  content  in  the 
melt  of  30  at%.  Such  conditions  under  which  crystals  up  to  100  pm  have  been  observed  to  grow 
will  be  particularly  interesting  to  use  at  the  deposition  zone  in  a  LPE  apparatus  operating  under  a 
thermal  gradient. 
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Abstract  The  effect  of  reactor  orientation  on  the  CVD  growth  of  4H  SiC  is  investigated.  Compared  with 
the  up-flow  orientation  (the  chimney  reactor),  the  down-flow  orientation  (the  inverted  chimney)  shows 
similar  growth  rate  dependencies  on  C/Si  ratio  and  pressure.  The  activation  energy  of  the  growth  rate  in 
the  inverted  chimney  is  lower  than  that  in  the  chimney.  The  inverted  chimney  also  produces  epilayers  with 
high  growth  rates  (10  —  30  pm/h)  and  low  residual  doping  (low  1016  down  to  mid  10  cm  ).  The  epilayer 
morphology  is  comparable  with  that  of  the  chimney  samples.  A  qualitative  analysis  is  performed  on  the 
heat  transfer  mechanisms  in  these  two  reactor  orientations  in  terms  of  dimensionless  flow  numbers. 

1.  Introduction 

Epitaxial  growth  of  4H  SiC  with  high  growth  rates  and  low  residual  doping  has  been  reported  in  a  vertical, 
hot-wall  CVD  reactor  with  the  up-flow  orientation  (the  chimney  reactor)  [1].  In  the  present  study,  growth 
experiments  were  performed  in  the  same  reactor  operated  in  the  down-flow  orientation  (inverted  chimney) 
with  the  purpose  to  obtain  a  better  understanding  of  the  hot-wall  process.  The  similar  geometry  of  the 
inverted  chimney  with  that  of  a  hot-wall  barrel  reactor  and  the  simple  substrate  mounting  provide  practical 
motivation  for  this  investigation  [2].  The  comparison  of  the  two  vertical  orientations  will  also,  to  a  certain 
extent,  give  insight  into  the  growth  behaviour  in  a  hot-wall  horizontal  reactor. 

2.  Experimental 

The  growth  experiments  were  performed  in  the  inverted  chimney  reactor  with  the  precursor  gases  SiFL* 
and  C2H4  diluted  in  Pd  purified  H2  carrier  gas  flowing  from  the  top  inlet  downwards  through  the  hot-wall 
susceptor.  The  growth  parameters  were  chosen  to  be  comparable  with  those  used  in  the  chimney  process. 
The  process  temperature  ranged  from  1750  to  1900  °C  and  the  total  pressure  varied  between  100  and  350 
mbar.  Highly  N-doped  epilayers  with  stair-case  structure  produced  by  varying  only  one  growth  parameter 
during  the  run  were  grown  for  the  SIMS  measurements  to  determine  both  the  growth  rate  and  the  N- 
doping.  In  addition,  low  N-doped  epilayers  with  thickness  of  20  -  40  pm  were  also  grown  for  the 
systematic  study.  The  thickness  of  the  low  doped  epilayers  was  measured  with  a  Fourier  Transform 
Infrared  spectrometer. 

3.  Aspects  from  the  fluid  dynamics:  comparison  of  dimensionless  flow  numbers 

The  heat  transfer  mechanism  in  the  gas  can  be  classified  as  forced  convection  (no  buoyancy  effect),  free 
convection  (convection  caused  only  by  buoyancy)  and  mixed  convection  [3].  In  purely  forced  convection, 
the  velocity  and  temperature  distributions  are  independent  on  the  flow  orientation,  whereas  in  free  or 
mixed  convection  they  are  distorted  by  the  buoyancy  force  and  the  flow  orientation  relative  to  the  gravity 
force  plays  an  important  role.  In  the  vertical  reactor  orientation,  the  relative  importance  of  free  and  forced 
convection  can  be  represented  by  the  ratio  of  Grashof  (Gr)  to  Reynolds  (Re)  numbers  [4].  A  high  Gr/Re 
ratio  indicates  a  strong  effect  of  free  convection,  in  which  the  up-flow  is  accelerated  along  the  hot  surface 
and  decelerated  in  the  centre  of  the  bulk  gas,  whereas  the  down-flow  is  decelerated  along  the  hot  surface 
and  accelerated  in  the  centre.  These  velocity  profiles  give  rise  to  a  more  extended  cold  finger  in  the  middle 
of  the  gas  flow  in  the  down-flow  than  in  the  up-flow  orientation. 

In  a  hot-wall  reactor,  the  radial  temperature  gradients  in  the  hot  growth  zone  are  very  small.  The  buoyancy 
force  mainly  acts  in  the  entrance  region,  where  the  cold  bulk  gas  flows  into  the  heated  inlet.  The  critical 
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gas  phase  processes  during  the  CVD  growth  are  the  precursor  cracking  and  the  gas  phase  nucleation  [1,5], 
which  are,  in  turn,  influenced  by  the  upstream  velocity  profile  and  temperature  distribution.  As  a  guide  to 
interpret  the  experimental  results,  it  is  of  interest  to  study  the  flow  characteristics  in  the  entrance  region  in 
terms  of  the  dimensionless  numbers:  Gr  and  Re.  In  Table  1,  the  values  of  Gr/Re  for  both  the  up-  and  the 
down-flow  orientations  are  calculated  for  a  cylindrical  inlet  geometry  under  several  process  conditions. 
The  notations  are  used  as  follows  : 


R  t  =  u*D*  p!  jj. 

u  (m/s):  the  linear  gas  velocity,  scales  as  T/P; 

D  (m):  the  diameter.  D  =  0.04  m  in  this  case; 
g  (m/s2):  the  acceleration  of  gravity; 
ft  (kg/s  •  m):  the  absolute  viscosity,  temperature 
dependent; 


Gr  =  gp2D: 


Twau  T0  *  ^2 


T0  (K):  the  temperature  of  the  cold  gas  at  the 
entrance.  T0  =  323  K  in  this  case; 

T wan  (K):  the  temperature  of  the  hot  surface; 

Tm  (K):  the  average  temperature  =  (Twan  +  T0)/2; 
p  (kg/m3):  the  density,  both  pressure  and 
temperature  dependent. 


Case  description 

Twaii(K) 

Pressure 
( mbar ) 

Flow  rate 
(slm) 

u  (m/s) 

Gr/Re 

Base  case 

773 

100 

4 

1 

4.3 

H2  flow  decreased 

773 

100 

2 

0.5 

8.6 

Pressure  increased 

773 

300 

4 

0.33 

39 

Pressure  increased  further 

773 

1000 

4 

0.1 

1288 

Temperature  increased 

1623 

100 

4 

1.7 

1.6 

p.  values  are  taken  from  [6].  The  first  set  of  parameters  is  considered  as  the  base  case,  upon  which  one  of 
the  above  parameters  is  changed  in  the  cases  thereafter. 


If  the  criteria  in  [7]  is  followed,  i.e.  Gr/Re  <  1  is  the  condition  for  forced  convection,  all  the  above  cases 
are  shown  to  be  in  the  mixed  or  purely  free  convection  regime.  However,  the  free  convection  effect 
becomes  stronger  with  decreased  flow  rate  or  increased  pressure.  Under  these  conditions,  the  gas  velocity 
in  the  down-flow  is  lower  along  the  hot  surface,  but  becomes  higher  in  the  centre  of  the  bulk  gas.  This  is 
expected  to  lead  to  more  favourable  precursor  cracking  and  re-evaporation  of  growth  species  from  the 
nucleated  clusters  in  the  gas  along  the  hot  surface,  but  also  a  cold  finger  in  the  centre  penetrating  a  longer 
distance  downstream  in  the  down-flow  than  in  the  up-flow  orientation. 

4.  Experimental  results 

As  shown  in  Fig.  1,  in  both  the  up-  and  the  down-flow  configurations,  the  growth  rate  follows  the  same 
dependence  on  C/Si  ratio.  Below  the  C/Si  ratio  of  0.4,  the  growth  is  limited  by  the  feed-rate  of 
hydrocarbon  and  above  0.4,  the  growth  becomes  limited  by  the  supply  of  Si-vapour.  The  effect  of  the 
hydrocarbon  flow  on  the  growth  rate  is  therefore  shown  to  be  the  same  despite  the  different  reactor 
orientations. 


The  growth  rate  dependence  on  the  process  temperature  is  expected  to  give  more  insight  into  the 
dominating  growth  mechanisms.  As  shown  in  Fig.  2,  the  growth  rate  in  the  inverted  chimney  increases 
with  increasing  temperature  displaying  an  activation  energy  of  27  kcal/mol,  whereas  the  activation  energy 
in  the  chimney  is  44  kcal/mol,  where  the  growth  rate  starts  to  drop  with  still  higher  temperatures.  The 
lower  activation  energy  in  the  inverted  chimney  may  reflect  the  more  favourable  condition  for  re- 
evaporation  of  the  Si  from  the  nucleated  clusters  in  the  gas  phase.  The  growth  rate  falling-off  in  the 


Materials  Science  Forum  Vols.  353-356 


93 


chimney  in  the  higher  temperature  range  has  been  attributed  to  the  increased  hydrogen  etching  effect  at 
these  temperatures  [1].  This  etching  effect  is  not  as  pronounced  in  the  inverted  chimney  even  in  the  high 
temperature  range.  This  may  be  related  to  the  more  effective  preservation  of  growth  species  due  to  gas 
phase  nucleation  in  the  cold  finger  in  the  inverted  chimney.  The  subsequent  decomposition  of  the 
nucleated  clusters  in  the  growth  zone  leads  to  sufficient  supply  of  the  growth  species  and  thereby  reduces 

the  etching  effect.  _ 

T(°C) 


0.0  0.1  0.2  0.3  0.4  0.5  0.6  0.7 


C/Si  ratio 

Fig.  1,  Growth  rate  dependence  on  C/Si  ratio  for 
both  orientations.  T  =  1725  °C,  P  =  210  mbar,  H2 
flow:  3.2  // min.  The  hydrocarbon  flow  rate  was 
varied  during  the  run. 


1850  1810  1770  1730  1690 


4.6  4.7  4.8  4.9  5.0  5.1  5.2 

104/T(K-!) 

Fig.  2,  Growth  rate  dependence  on  temperature 
for  both  orientations.  P  =  180  mbar,  H2  flow:  3.2 
//min,  C/Si  =  0.4. 


As  the  Gr  number  scales  as  the  square  of  the  pressure,  the  effect  of  the  pressure  on  the  growth  rate  is 
expected  to  differ  for  the  two  orientations  in  the  mixed  or  purely  free  convection  regime.  However,  Fig.  3 
shows  a  surprisingly  similar  growth  rate  dependence  on  pressure  in  both  of  the  orientations  within  the 
investigated  pressure  range.  The  growth  rate  uniformity  is  measured  as  the  ratio  of  standard  deviation  to 
mean  value  in  percentage  from  the  thickness  data  along  the  height  of  the  epilayer.  Fig.  4  shows  the  growth 
rate  uniformity  dependence  on  pressure  in  both  of  the  orientations.  In  the  chimney,  the  growth  rate 
depletion  (positive  uniformity)  shifts  to  an  increase  in  growth  rate  along  the  flow  direction  (negative 
uniformity)  when  the  pressure  goes  below  180  mbar,  whereas  in  the  inverted  chimney,  good  uniformity 


Pressure  (mbar)  Pressure  (mbar) 


Fig.  3,  Growth  rate  dependence  on  pressure  for  Fig.  4,  Growth  rate  uniformity  dependence  on 

both  up-  and  down-flow  orientations.  T  =  1770  pressure.  T  =  1770  °C,  H2  flow:  3.2  //min,  C/Si  = 

°C,  H2  flow:  3.2  //min,  C/Si  =  0.4.  0.4. 

The  carrier  gas  flow  is  another  important  parameter  influencing  the  growth  rate  and  its  uniformity.  In  the 
inverted  chimney,  the  growth  rate  increases  with  carrier  gas  flow  up  to  a  certain  value,  and  then  starts  to 
decrease  with  further  increased  carrier  flow  (Fig.  5).  Within  the  lower  flow  rate  region,  the  increased 
hydrogen  flow  facilitates  the  precursor  cracking  and  also  dilutes  the  precursor  concentration  in  the  gas 
phase,  thereby  suppressing  the  gas  phase  nucleation,  leading  to  higher  growth  rates  and  reduced  depletion. 
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With  further  increased  hydrogen  flow  rate,  hydrogen  etching  becomes  more  significant,  resulting  in 
decreased  net  growth  rate  [1]. 


Fig.  5,  Growth  rate  dependence  on  hydrogen 
carrier  flow  for  both  up-  and  down-flow 
orientations.  T  =  1700  °C,  P  =  210  mbar,  C/Si- 
0.4. 


5.  Summary 

In  both  the  chimney  and  the  inverted  chimney, 
the  growth  rate  shows  similar  dependence  on 
C/Si  ratio  as  well  as  pressure  within  the  low 
operating  pressure  range  (100  -  350  mbar).*  The 
activation  energy  is  lower  in  the  inverted 
chimney,  where  higher  growth  rates  can  be 
achieved  at  higher  temperatures  with  much 
reduced  hydrogen  etching  effect.  This  difference 
is  presumably  related  to  the  more  persistent  cold 
finger  in  the  inverted  chimney,  resulting  in 
efficient  preservation  of  growth  species  in  the 
nucleated  clusters  until  further  downstream. 
More  Si-vapour  is  therefore  available  in  the  high 
temperature  growth  zone  through  the  subsequent 
decomposition  of  the  nucleated  clusters  in  the 
gas  phase. 
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G.  Wagner  and  K.  Irmscher 

Institut  fur  Kristallzuchtung,  Max-Born-Str.  2,  DE-12489  Berlin,  Germany 
Keywords:  C-V  Characteristics,  CVD,  Hot-Wall  Reactor,  SIMS,  Thickness  Mapping 


Abstract: 

This  paper  focuses  on  the  growth  of  epitaxial  SiC  layers  using  the  hot-wall  Chemical  Vapour  Depo¬ 
sition  (CVD)  technique.  The  relation  between  growth  parameters  as  total  flow,  system  pressure  and 
C/Si  ratio  and  the  characteristics  of  unintentionally  doped  epitaxial  layers  such  as  thickness  uni¬ 
formity  and  background  doping  concentration  have  been  investigated.  Epitaxial  layers  with  growth 
rates  up  to  11  jum/h  with  a  thickness  uniformity  of  about  ±4  %  were  grown  on  misoriented  (0001) 
Si  faces.  The  electrical  conductivity  of  the  layers  changed  from  n-  to  p-type  at  a  net  doping  level 
below  2xl014  cm'3,  in  accordance  with  the  residual  impurity  concentration  of  the  B  and  A1  accep¬ 
tors. 


1.  Introduction  * 

The  success  of  silicon  carbide  (SiC)  for  high  temperature  and  high  power  electronic  applications  is 
dependent  upon  the  ability  to  reproducibly  attain  high  quality  SiC  epitaxial  layers.  The  growth  of 
high  power  device  material  requires  thick  layers  of  low,  homogenous  doping  and  good  morphology. 
It  is  furthermore  desirable  that  the  epilayers  can  be  grown  at  high  rates.  Presently,  CVD  is  the  tech¬ 
nique  which  best  meets  these  demands.  It  was  substantially  improved  by  the  introduction  of  the  hot- 
wall  reactor  concept  by  Kordina  et  al.  [1]. 

In  this  study  we  investigate  the  technologies  of  SiC  layer  deposition  using  a  commercial  hot-wall 
system.  In  particular  we  concentrate  our  work  on  the  dependence  between  growth  parameters  as 
total  flow,  system  pressure  and  C/Si  ratio  and  the  growth  rate,  the  thickness  uniformity  and  the 
background  doping  concentration  of  the  layers. 

2.  Experimental 

The  horizontal  hot-wall  CVD-system  used  for  the  investigations  was  built  by  EPIGRESS  AB  (Swe¬ 
den).  The  susceptor  and  the  substrate  holder  were  made  of  high  purity  graphite  with  SiC-coating. 
Silane  and  propane  are  used  as  process  gases.  4H-SiC  (0001)  substrates  off-oriented  8°  towards 
[1120]  with  diameters  of  50  mm  (Cree  Res.  Inc.)  and  35  mm  (SiCrystal  Erlangen)  were  used.  Be¬ 
fore  layer  deposition  the  substrates  were  etched  in  hydrogen  atmosphere  at  1500  °C  adding  a  small 
quantity  of  propane  to  reduce  the  surface  roughness  and  to  remove  a  residual  surface  damage  layer. 
Typical  ranges  of  the  most  important  parameters  for  the  CVD-experiments  are  given  in  Table  1. 

Table  1:  Typical  growth  parameters 


silane  flow, 

2%  diluted  in  H2 

propane  flow, 

5%  diluted  in  H2 

C/Si  ratio 

temperature 

system 

pressure 

hydrogen 
main  flow 

600  seem 

120  to  160  seem 

1.5  to  2 

1550  to 

1600  °C 

150  to 

250  mbar 

20  to  50  slm 
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The  thickness  of  the  epitaxial  layers  was  determined  by  means  of  a  Fourier  transform  infrared 
spectrometer  and  a  software  package  (both  obtained  from  BRUKER)  evaluating  the  interference 
fringes  which  occurs  in  the  reflectance  spectrum  [2].  The  chemical  concentration  of  residual  impu¬ 
rities  and  their  electrical  activity  were  obtained  from  secondary  ion  mass  spectroscopy  (SIMS)  and 
capacitance-voltage  (C-V)  measurements,  respectively. 

3.  Results 

3.1  Epitaxial  Growth 

The  growth  rate  was  investigated  in  dependence  on  the  silane  partial  pressure  (psiiane),  the  growth 
temperature  (Tg)  and  the  system  pressure  (psys)  for  a  fixed  position  of  the  substrates  in  the  susceptor. 
It  was  mainly  influenced  by  changing  the  silane  partial  pressure  as  shown  in  Fig.  1.  The  growth  rate 
increases  linearly  with  SiEL*  partial  pressure  in  the  investigated  range  until  0.1  mbar. 


0-1 - t - ^ - r - t - t - 1 

0  0.02  0.04  0.06  0.08  0.1  0.12 

SiH4  partial  pressure  (mbar) 

Fig.  1:  Growth  rate  dependence  on  the  silane  partial  pressure  (Tg  =  1600  °C,  psys  =  250  mbar, 

C/Si  =  1.5). 

Only  minor  effects  of  the  system  pressure  and  the  growth  temperature  on  the  growth  rate  were  ob¬ 
served  (see  Fig.  2).  A  reduction  of  the  system  pressure  from  250  mbar  to  150  mbar  increases  the 
growth  rate  by  about  4  %  whereas  its  change  between  both  growth  temperatures  (1550  °C  and 
1600  °C)  can  be  neglected. 


Fig.  2:  Growth  rate  dependence  on  the  Fig.  3:  Growth  rate  variation  with  the  carrier 

growth  temperature  and  system  pressure.  gas  flow  (Tg  =  1550  °C,  psys  =  250  mbar, 

Psiiane =  0.06  mbar). 
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The  growth  rate  as  well  as  the  layer  thickness  distribution  were  strongly  influenced  by  the  main 
flow  of  the  carrier  gas.  The  corresponding  variations  are  shown  in  Fig.  3  and  4.  During  these  growth 
runs  the  parameters  Tg,  psys  and  pSiiane  were  kept  constant. 


^  gas  flow  direction 

Fig.4:  Layer  thickness  (given  in  jum)  distribution  in  dependence  on  the  carrier  gas  flow, 
(a)  20  sl/min,  (b)  30  sl/min,  (c)  35  sl/min. 


The  dependence  on  the  carrier  gas  flow  shows  that  the  position  of  the  maximum  layer  thickness  is 
shifted  from  left  to  right  in  flow  direction  (Fig.  4  a-c).  The  reason  for  this  behaviour  is  that  at  high 
H2  flow  rates  the  majority  of  the  dissociated  gas  molecules  are  deposited  on  the  reaction  cell  behind 
the  susceptor.  On  the  other  hand  at  low  H2  flow  rate  the  deposition  takes  place  in  the  front  of  the 
susceptor.  By  optimisation  of  the  carrier  gas  flow  it  is  possible  to  shift  the  area  of  highest  deposition 
efficiency  to  the  position  of  the  substrate.  With  optimal  values  for  carrier  gas  flow  and  system  pres¬ 
sure  we  got  an  maximum  growth  rate  of  11  fimh'1  at  a  SiFL*  partial  pressure  of  0.095  mbar  and  a 
thickness  uniformity  of  about  ±4  %  . 


3.2  Residual  doping 

The  main  impurities  of  the  epitaxial  layers  are  nitrogen,  aluminium  and  boron.  Since  the  first  one  is 
a  shallow  donor  and  the  other  two  are  acceptors  their  balance  determines  the  type  and  height  of  the 
residual  conductivity.  Sources  of  the  unintentional  N  doping  may  be  the  susceptor,  the  thermal  in¬ 
sulation  and  the  reaction  cell  which  all  can  absorb  N  during  sample  loading. 


C/Si 

Fig.  5:  Dependence  of  the  net  doping  concen¬ 
tration  on  C/Si  ratio  for  unintentionally  doped 
4H-SiC  epilayers  (Si  face). 


Fig.  6:  Dependence  of  the  net  doping  con¬ 
centration  on  system  pressure  for  uninten¬ 
tionally  doped  4H-SiC  epilayers  (Si  face). 
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In  accordance  with  the  site  competition  mechanism  the  N  incorporation  can  be  controlled  by  the 
C/Si  ratio  [3].  This  ratio  was  varied  from  0.5  to  2  by  keeping  all  growth  parameters  constant  except 
the  propane  flow.  The  expected  suppression  of  the  N  incorporation  with  increasing  C/Si  ratio  was 
detected  by  the  decreasing  average  net  donor  concentration  determined  by  C-V  measurements  as 
shown  in  Fig.  5.  For  a  C/Si  ratio  of  2  the  N  concentration  is  already  lowered  down  to  that  of  unin¬ 
tentional  acceptor  impurities  and  we  have  frequently  observed  C-V  data  indicating  nearly  com¬ 
pletely  compensated  epilayers  or  their  conversion  to  p-type  conduction.  A  similar  behaviour  was 
observed  for  the  dependence  of  the  net  doping  concentration  on  the  system  pressure  presented  in 
Fig.  6.  It  shows  that  the  N  incorporation  is  also  reduced  by  a  decreasing  system  pressure. 


o  10  20  30 


x(mm) 

Fig.  7:  Mapping  of  the  net  doping  concentration 
at  a  depth  of  10  pm  of  an  epilayer  which  is  con¬ 
verted  to  p-type  at  a  C/Si  ratio  of  2  and  a  system 
pressure  of  150  mbar. 


depth  (urn) 

Fig.  8:  SIMS  profiles  of  A1  and  B  in  the 
centre  of  an  unintentionally  doped  4H- 
SiC  epilayer  (same  layer  as  in  Fig.  7). 


In  Fig.  7  a  C-V  map  of  the  net  doping  concentration  of  an  epilayer  already  converted  to  p-type  is 
shown.  In  the  central  area  the  net  acceptor  concentration  amounts  to  1  to  2xl014  cm*3  whereas  it  is 
higher  at  the  rim.  SIMS  measurements  near  the  centre  of  the  epilayers  determined  A1  and  B  also  in 
the  concentration  range  of  1  to  2xl014  cm'3  which  is  well  above  the  detection  limit  of  2xl013  cm"3 
and  6xl013  cm'3,  respectively,  supporting  our  interpretation  of  the  C-V  measurements  (see  Fig.  8). 

A  source  of  these  impurities  can  be  their  leakage  out  of  the  graphite  of  the  susceptor  which  is  nor¬ 
mally  coated  by  SiC.  However,  after  several  growth  runs,  this  coating  is  partly  etched  away  making 
possible  the  evaporation  of  B  and  A1  at  high  temperatures. 
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Abstract 

The  chemical  vapor  deposition  (CVD)  growth  of  large  area  silicon  carbide  epitaxial  layers  with 
homogeneous  properties  requires  a  large  area  with  homogeneous  temperature  in  the  CVD  reactor.  In 
the  present  work  we  show  that  by  changing  the  design  of  the  CVD  reactor,  but  keeping  the  overall 
dimension  the  same,  this  area  can  be  enlarged  by  at  least  a  factor  of  three.  By  using  a  simulation  tool 
new  designs  can  be  tried  out  and  optimized  in  the  computer  before  testing  them  in  practice.  The 
simulation  is  set  up  as  a  2D  axi symmetric  problem  and  validation  is  made  in  a  2D  horizontal  hot- 
wall  CVD  reactor.  Very  good  agreements  between  simulated  and  measured  results  are  obtained.  The 
zone  with  a  temperature  variation  of  less  than  5  degrees  at  an  operating  temperature  of  1650°C 
increased  to  64%  of  the  whole  susceptor  length.  In  addition,  the  power  input  needed  to  reach  the 
operating  temperature  decreased  by  15%. 

1.  Introduction 

The  CVD  technique  is  widely  used  to  grow  epitaxial  layers  of  silicon  carbide  (SiC).  The  demands 
for  high  quality  layers  with  good  morphology  and  uniform  doping  and  thickness  require  a  good 
knowledge  of  the  CVD  process.  For  the  growth  of  epitaxial  layers  in  a  CVD  reactor,  it  is  important 
to  have  as  large  area  as  possible  with  homogeneous  temperature  distribution.  This  improves  not 
only  the  uniformity  of  the  layers,  but  also  makes  it  possible  to  grow  on  several  wafers  at  the  same 
time.  So  far  the  CVD  technique  for  silicon  carbide  purposes  has  more  or  less  been  developed  on  a 
trial -and-error  basis  and  the  progress  has  been  expensive  and  time  consuming.  Recently  it  has 
become  possible  to  use  simulation  tools  to  calculate  various  physical  phenomena.  These 
possibilities  can  be  used  to  gain  more  understanding  of  the  SiC  CVD  process.  The  reactor  design 
can  be  developed  “virtually”  before  it  is  manufactured.  Improvements  of  SiC  CVD  reactors  can  thus 
be  made  faster  and  less  expensive. 

The  main  subject  of  the  present  investigation  is  the  understanding  and  improvement  of  the 
temperature  distribution  in  a  hot-wall  CVD  reactor.  An  improved  reactor  design,  which  gives  a 
larger  area  of  homogeneous  temperature  at  less  power  input,  is  suggested  and  tested. 

2.  Experimental 

The  reactor  used  in  the  experiments  is  a  horizontal  hot-wall  CVD  reactor  as  previously  described  by 
Kordina  et  al.  [1]  -  an  inductively  heated  hollow  graphite  susceptor  surrounded  by  insulation,  inside 
an  air  cooled  quartz  tube.  A  special  “2D”  graphite  susceptor  (Fig.  1)  is  used  to  make  it  possible  to 
compare  simulations  with  measurements.  The  susceptor  is  “2D”  because  it  is  axisymmetric,  i.e.  it 
consists  of  a  cylindrical  graphite  tube  where  the  thickness  of  the  wall  is  constant.  Thus,  one  can 
make  a  cut  through  the  reactor  and  set  up  the  simulation  as  a  2D  axisymmetric  problem  (Fig.  1). 
The  temperature  inside  the  reactor  is  measured  by  a  pyrometer,  which  is  focussed  in  a  drilled  hole 
with  a  depth  of  40%  of  the  total  susceptor  length  (approximately  black  body  radiating)  from  the 
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back  of  the  susceptor.  The  influence  of  the 
hole  (0.6%  mass  reduction;  changed  heat 
generation)  is  not  accounted  for  in  the 
simulations.  The  temperature  measurements 
were  calibrated  by  melting  silicon  pieces. 

3.  Modeling 

Induction  heating  is  due  to  eddy  currents 
induced  in  electrically  conductive  materials  by 
a  time  varying  magnetic  field.  When 
modeling  such  a  system  it  is  convenient  to 
divide  the  problem  into  two  parts  -  induction 
and  heat  transfer.  The  induction  part  solves 
the  magnetic  field  and  calculates  a  heat  source 
distribution  in  the  materials.  The  heat  transfer 
part  calculates  a  temperature  distribution  from 
the  heat  sources.  As  the  electrical  conductivity 
is  a  temperature  dependent  parameter  the 
solutions  have  to  be  iterated  a  few  times  to 
reach  the  desired  accuracy.  The  commercially  available  simulation  tool  CFD-ACE+  [2]  was  used  in 
the  present  investigations.  This  software  package  allows  the  use  of  specially  written  subroutines 
implemented  by  the  user  [3],  a  feature  which  was  used  for  dividing  the  simulation  problem  into  the 
two  parts. 

The  model  setup  uses  the  Navier-Stokes  equations  for  flow  and  heat  transfer  and  Maxwell’s 
equations,  using  the  magnetic  vector  potential,  for  solving  the  magnetic  fields  produced  by  the  coil. 
A  radiation  model  based  on  the  discrete  ordinate  method  (S4  approximation)  [4]  which  is  included 
in  the  software  package  is  also  used.  Although  the  gas  flow  is  not  the  main  scope  of  this 
investigation,  the  gas  has  a  cooling  effect  and  must  be  included  to  give  a  good  accuracy  of  the 
temperature  profile.  The  gas  flow  is  simulated  together  with  the  heat  transfer. 

The  simulations  were  set  up  as  2D  axisymmetric  problems.  Although  the  real  growth  reactor  is  a 
true  3D  problem,  this  approximation  is  used  to  obtain  some  guidelines.  This  investigation  focuses 
mainly  on  induction  heating  and  heat  transfer  in  solid  parts,  which  are  independent  of  gravity.  The 
gas  flow  velocity  is  chosen  so  that  the  velocity  at  the  entrance  of  the  susceptor  is  close  to  that  of  the 
real  growth  system.  As  boundary  conditions  a  zero  magnetic  field  is  imposed  far  from  the  reactor 
together  with  a  constant  temperature.  On  the  symmetry  axis  a  zero  magnetic  vector  potential  is 
imposed  because  of  the  axisymmetric  approach.  The  thermal  conductivity  of  graphite  is  taken  from 
[5].  The  temperature  dependent  electrical  conductivity  of  graphite  and  the  thermal  conductivity  of 
the  insulation  are  estimated  from  data  provided  by  the  suppliers. 

4.  Results  and  discussion 

Silicon  melts  at  1410°C  [6]  and  the  normal  growth  temperature  for  SiC  CVD  is  around  1600°C.  As 
the  power  in  the  coil  increases,  the  temperature  in  the  susceptor  also  increases,  but  not  equally  over 
the  whole  length  of  the  susceptor.  The  increase  in  temperature  is  larger  in  the  middle  than  at  both 
ends.  The  temperature  measurements  were  therefore  carried  out  in  the  following  way.  First  silicon 
pieces  were  distributed  along  the  susceptor.  The  pyrometer  was  focussed  at  the  hottest  spot  in  the 
drilled  hole  in  the  susceptor,  and  the  power  input  to  the  coil  was  slowly  increased.  The  temperature 
readings  when  the  individual  Si  pieces  melted  were  noted.  When  all  pieces  had  melted,  the 
temperature  was  adjusted  back  to  the  same  value  as  for  the  first  melted  silicon  piece  by  adjusting  the 
power  input.  Then  the  pyrometer  was  re-focussed  to  read  1410°C,  i.e.  the  melting  point  for  silicon. 
Thereby  the  temperature  reading  would  show  the  temperature  of  the  point  where  the  specific  silicon 
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Fig.  1  Experimental  “2D”  reactor  and  a  cut 
through  image  ~  an  image  of  the  simulation 
domain. 
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piece  was  placed.  The  power  input  was  then  increased  to  the  same  value  as  for  the  usual  growth 
conditions  and  the  temperature  reading  of  the  pyrometer  was  noted.  This  temperature  would  thus 
indicate  the  temperature  in  the  susceptor,  at  normal  growth  conditions,  at  the  point  where  the 
corresponding  silicon  piece  was  placed.  The  temperature  was  measured  at  ten  different  points, 
resulting  in  a  temperature  distribution  plot  along  the  susceptor. 

Original  design 

The  original  reactor  design  consists  of  a  graphite  tube,  wrapped  in  an  insulating  foam  of  porous 
graphite,  inside  an  air  cooled  quartz  tube.  A  copper  coil  with  equally  spaced  turns  of  equal  diameter 
is  surrounding  the  susceptor  outside  the  quartz  tube  (Fig.  1). 

Working  conditions  similar  to  the  ones  used  for  growth  were  used,  i.e.  atmospheric  pressure, 
hydrogen  carrier  gas  flow  and  a  temperature  at  the  deposition  zone  of  1600  -  1650°C.  The 
temperature  profile  in  the  reactor  was  first  simulated  and  then  measured.  The  result  showed  a 
parabolic  shaped  distribution,  with  the  highest  temperature  approximately  in  the  middle  of  the 
susceptor.  The  simulated  temperature  profile  agrees  very  well  with  the  measured  one. 

New  design 

The  goal  when  changing  the  reactor  design  was  to 
optimize  it  towards  a  large  area  with  a 
homogeneous  temperature.  The  first  step  was  to 
change  the  heat  source  distribution  inside  the 
graphite  by  changing  the  coil  design  and  thereby 
changing  the  magnetic  field.  This  was  done  in 
several  steps  optimizing  the  temperature 
distribution  on  the  susceptor  wall.  The  best  new 
coil  design  was  selected  for  the  experiments. 

Because  of  the  straight  coil  shape  in  the  original 
design,  the  power  loss  is  rather  homogeneous  (Fig. 

2a),  resulting  in  a  temperature  highest  in  the  middle 
and  dropping  fast  towards  the  ends.  By  changing 
the  coil  so  that  it  gives  less  power  loss  in  the 
middle  part  of  the  graphite  and  more  power  loss 
closer  to  the  ends  (Fig.  2b),  the  temperature 
distribution  is  changed  towards  a  more 
homogeneous  one.  This  can  be  done  in  several 
ways,  e.g.  by  having  different  distances  between 
the  different  turns  of  the  coil.  At  the  ends  the 
graphite  radiates  away  heat.  To  avoid  this,  extra 
insulation  at  both  susceptor  ends,  covering  the 
graphite,  was  introduced.  The  simulations  show 
that  the  thickness  of  the  insulation  “lids”  should  be 
at  least  15  mm  to  maintain  a  sufficiently  high 
temperature  of  the  graphite  ends.  A  comparison 
between  the  temperature  distributions  along  the  graphite  wall  of  the  original  reactor  and  the  best 
new  design  is  shown  in  Fig.  3.  The  new  reactor  design  increases  the  zone  in  which  the  temperature 
variation  is  less  than  5  degrees  from  14%  to  over  64%  of  the  total  length  of  the  susceptor.  The 
variation  of  maximum  20  degrees  is  extended  to  78%.  The  original  design  had  the  same  variation 
over  25%  of  the  total  length.  Lofgren  et  al.  [7]  measured  a  variation  of  more  than  10%  of  the 
process  temperature  over  50%  of  the  susceptor  for  the  same  type  of  reactor  in  3D,  which  is  close  to 
our  results  for  2D.  The  maximum  variation  for  the  new  design  is  less  than  100  degrees  over  the 
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Fig.  2  Calculated  heat  source  distribution  for 
a)  the  original  reactor  and  b)  the  new  design. 
(1  -  quartz ,  2  -  insulation,  3  -  graphite,  4  - 
symmetry  axis) 
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Fig.  3  Temperature  distribution  along  the  susceptor  wall  Measured 
and  simulated  values. 


whole  susceptor.  The  new 
reactor  also  needs  less 
power  input  than  the 
original  one  to  reach  the 
same  maximum  temperatu¬ 
re.  A  decrease  of  about 
15%  is  obtained,  most  of  it 
is  due  to  the  lower  heat  loss 
at  the  susceptor  ends. 
Although  this  investigation 
has  been  made  for  a  2D 
system,  we  believe  that 
similar  changes  will 
improve  the  real  3D  reactor 
towards  a  more  homo¬ 
geneous  temperature  profile 
and  thereby  enlarging  the 
usable  growth  area  in  the 
CVD  reactor. 


5.  Summary 

The  suggested  new  design  of  the  CVD  reactor  has  a  much  larger  area  of  homogeneous  temperature 
distribution.  An  increase  of  the  zone  with  a  temperature  variation  of  less  than  5  degrees  from  14% 
to  64%  of  the  whole  susceptor  length  has  been  obtained.  The  new  design  was  developed  using  a 
simulation  tool  and  the  temperature  profile  was  verified  by  measurements.  Very  good  agreements 
between  simulations  and  measurements  were  obtained.  The  zone  with  a  variation  in  temperature  of 
not  more  than  20  degrees  was  increased  by  a  factor  of  three.  Also  the  power  input  needed  to  reach 
the  desired  temperature  was  decreased. 

We  have  shown  that  the  simulation  tool  is  very  reliable  in  calculating  temperature  profiles  in  CVD 
reactors.  By  using  a  simulation  tool  when  designing  new  CVD  reactors  one  can  not  only  increase 
the  yield  of  good  material,  but  also  decrease  the  energy  cost  for  running  the  reactor. 
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Abstract.  The  present  paper  focuses  on  the  modeling  analysis  of  the  SiC  CVD  in  the  5x3”  Planetary 
Reactor®  using  silane  and  propane  as  precursors.  The  reactor  design  includes  true  hot  wall 
conditions  and  an  actively  cooled  inlet  zone  with  an  abrupt  transition  to  the  hot  reactor  environment. 
For  getting  a  better  insight  into  the  SiC  growth,  we  simulated  the  CVD  process,  varying  the 
operating  parameters  in  a  wide  range.  The  capability  to  achieve  reasonably  high  growth  rates  with 
this  reactor  design  is  evaluated  by  the  modeling  study.  CVD  of  SiC  occurs  without  significant  Si 
clustering  under  most  growth  conditions,  even  at  high  silane  flow  rates  and  wall  temperatures  lower 
than  susceptor  temperatures. 

Introduction 

Noticeable  progress  has  been  made  in  the  understanding  and  practical  implementation  of  the  SiC 
chemical  vapor  deposition  (CVD)  during  the  last  few  years.  Currently  there  is  an  ongoing 
competition  of  different  epitaxial  setups  satisfying  specific  industry  requirements.  In  particular, 
high-voltage  bipolar  devices  require  thick  epitaxial  layers  with  low  doping  concentration  and, 
hence,  a  high  carrier  lifetime.  For  getting  a  reasonable  yield  of  these  devices,  it  is  necessary  to 
increase  the  growth  rate  of  epitaxial  layers,  to  achieve  a  good  surface  morphology  and  to  provide  a 
high  uniformity  and  controllability  of  dopant  incorporation.  Two  latter  factors  are  found  to  depend 
significantly  on  the  Si/C  ratio  in  the  gas  mixture  supplied  onto  the  growth  surface.  A  new  multi- 
wafer  SiC  CVD  reactor  developed  by  AIXTRON  AG  is  one  of  the  most  promising  machines  for 
industrial  production  of  SiC  based  structures.  The  reactor,  based  on  the  design  suggested  by  Frijlink 
and  co workers  [1],  features  full  planetary  motion  and  is  capable  to  grow  simultaneously  high  quality 
layers  on  seven  two-inch  diameter  substrates.  On  the  Planetary  Reactor®  the  realization  of  stringent 
production  performance  criteria  for  SiC  epitaxial  layers  has  been  successfully  demonstrated  by  Burk 
[2],  Nordby  [3]  and  coworkers.  An  important  improvement  of  the  reactor  presented  here  is  the  true 
hot  wall  concept  with  independently  heated  susceptor  and  reactor  top  wall,  and  an  actively  cooled 
gas  entrance  zone.  Furthermore,  the  reactor  capacity  is  increased  to  grow  on  five  three-inch  diameter 
wafers  at  a  time. 

In  this  paper,  the  CVD  of  SiC  in  the  Planetary  Reactor®  is  simulated  to  understand  basic  features  of 
the  epitaxial  process  and  to  demonstrate  the  capability  of  the  Planetary  hot  wall  concept.  The  results 
to  be  presented  here  serve  to  illustrate  the  effect  of  operating  parameter  variation  on  the  growth  rate 
distribution  along  the  wafer.  Of  special  interest  is  the  influence  of  the  silicon  gas-phase  nucleation 
on  the  SiC  CVD  in  this  work. 

Model 

For  simulating  the  CVD  of  SiC,  the  heat  and  mass  transport  model  extended  to  cover  silicon 
clustering  in  the  gas  phase  is  employed  [4].  The  cluster  formation  and  their  evolution  are  modeled 
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by  using  a  moment-type  approach.  Clusters  are  considered  as  a  collisionless  pseudo-gas  of  heavy 
particles  with  growth  rate  independent  of  their  size.  The  nucleation  rate  is  given  by  the  Becker- 
Doring  theory,  and  the  Hertz-Knudsen  equation  accounts  for  mass  exchange  between  the  clusters 
and  the  gas  phase.  The  nucleation  model  is  coupled  to  the  heat  and  mass  transport  equations. 

Silane  (SiFLO  and  propane  (C3H8)  are  used  as  the  Si-  and  C-containing  precursors,  respectively,  and 
hydrogen  (H2)  as  the  carrier  gas.  The  extended  set  of  gas-phase  chemical  reactions  and  species 
involved  in  the  CVD  of  SiC  is  presented  in  [5].  A  special  sensitivity  analysis  allows  us  to  reduce  the 
set  and  to  find  species  responsible  for  accurate  prediction  of  the  growth  rate  in  the  temperature 
range  of  interest  (300-1900  K):  H2,  H,  C3H8,  C2H5,  CH4,  CH3,  SiH4,  SiH2,  and  Si.  For  describing 
chemical  interaction  between  the  reactive  gas  species  and  susceptor  surface,  the  near-equilibrium 
approach  [6]  is  employed  which  is  valid  at  temperatures  used  in  practice. 

Results  and  Discussion 


Velocity  vector  and  temperature  distribution  inside  the  reactor  are  shown  in  Figs.l  and  2  for  typical 
operating  parameters:  total  pressure  of  100  mbar,  total  H2  flow  rate  of  50  slm,  SiH4  and  C3H8  flow 
rates  of  5  seem  and  3.33  seem,  respectively.  Note  that,  unlike  the  carrier  gas  supplied  via  both 
inlets,  the  precursors  enter  the  reactor  only  through  the  upper  nozzle.  As  it  follows  from  the  figures, 
the  reactor  design  provides  for  non-circulating  flow  pattern  and  the  uniform  temperature  distribution 


Inlets 


Fig.l  Velocity  vector  distribution.  Total 
pressure  is  100  mbar,  total  flow  is  50  slm. 
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Fig.2  Temperature  distribution.  Total  pressure 
is  100  mbar,  total  flow  is  50  slm. 
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Fig.3  SifL*  concentration  distribution.  Total  Fig.4  SiH2  concentration  distribution.  Total 
pressure  is  100  mbar,  total  flow  is  50  slm.  pressure  is  100  mbar,  total  flow  is  50  slm. 
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near  the  wafer  located  in  the  middle  of  the  reactor  bottom.  The  temperature  of  the  ceiling  here  is 
20-30K  lower  than  that  of  the  substrate. 


Distributions  of  precursor  and  major  species  concentrations  are  presented  in  Figs. 3-7.  It  is  well  seen 
that  both  silane  and  propane  completely  decompose  producing  SiH2,  Si  and  CH4.  These  species 
have  the  maximum  concentration  in  comparison  with  others  and  primarily  control  the  SiC  growth 
on  the  wafer.  In  the  considered  range  of  growth  temperature  between  1500°C  to  1650°C  CVD  of 
SiC  is  mass  transport  limited  and  growth  rates  dependent  only  weakly  on  growth,  mainly  related  to 
the  temperature  dependence  of  species  diffusion  properties.  The  concentration  of  Si  is  then 
considerably  lower  than  that  of  SiH2  since  the  high  gas  mixture  flow  prevents  complete 
decomposition  of  SiH2  and  formation  of  clusters  due  to  dilution  effects  and  low  residence  times.  No 
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Fig.5  Si  concentration  distribution.  Total  Fig.6  C3H8  concentration  distribution.  Total 

pressure  is  100  mbar,  total  flow  is  50  slm.  pressure  is  100  mbar,  total  flow  is  50  slm. 
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Fig.7  CH4  concentration  distribution.  Total 
pressure  is  100  mbar,  total  flow  is  50  slm. 


Fig. 8  Averaged  growth  rate  vs.  silane  flow 
rate. 


silicon  nucleation  is  predicted  at  SiH4  flow  rate  of  5  seem.  The  absence  of  any  return  flow  in  the 
gas  entrance  zone  that  might  transport  decomposition  products  of  silane  back  to  the  cold  inlet  is 
recognized  as  crucial  for  controlling  the  nucleation  behavior. 


Even  at  lower  temperatures  at  the  ceiling,  the  silicon  gas-to-particle  conversion  is  predicted  to  be 
insignificant.  Moreover,  elevated  silane  flow  rates  do  not  lead  to  a  drastic  depletion  of  the  gas 
mixture  in  Si-containing  species  and,  hence,  to  a  noticeable  decrease  in  the  growth  rate  as  it  occurs 
in  a  vertical  cold- wall  rotating-disc  reactor  [7].  As  illustrated  in  Fig.  8  growth  rates  of  up  to 
10  pm/h  and  higher  can  be  achieved  with  virtually  linear  dependence  of  growth  rates  on  silane 
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supply  indicating  that  the  high  gas  mixture  flow  effectively  prevents  the  homogeneous  nucleation  of 
silicon.  This  behavior  is  also  demonstrated  in  Fig.  9  showing  that  the  growth  rate  of  SiC  saturates  at 
silane  flow  rates  higher  than  10  seem  at  fixed  propane  flow  rates  corresponding  to  input  Si/C 
ratios  >  1.  Note  that  the  thickness  uniformity  becomes  better  at  higher  silane  flow  rate.  In  particular, 
the  averaged  growth  rate  and  the  thickness  deviation  are  predicted  to  be  4.03  pm/h  and  0.56%, 
respectively,  at  the  silane  flow  rate  of  15  seem. 


Fig.9  Averaged  growth  rate  vs.  silicon-carbon 
input  ratio. 


Summary 

To  get  a  better  insight  into  the  growth  mechanisms,  we  have  simulated  CVD  of  SiC  in  the  Planetary 
Reactor®.  Depletion  of  the  gas  mixture  in  silicon-containing  species  due  to  the  silicon  gas-phase 
nucleation  is  predicted  to  be  negligibly  low  under  a  wide  range  of  operating  conditions.  The  gas- 
phase  nucleation  is  suppressed  because  of  the  high  total  flow  practically  used  in  the  reactor. 
Modeling  results  suggest  that  growth  rates  of  up  to  10  pm/h  can  be  achieved  without  onset  of  Si 
cluster  formation,  which  in  turn  would  limit  growth  rates. 

References 

[1]  P.M.Frijlink,  J.Crystal  Growth,  93,  (1988),  p.  207. 

[2]  A. A.  Burk,  Jr.,  M.J.  O’Loughlin,  H.D.  Nordby,  Jr.,  J.  Crystal  Growth,  200,  (1999),  p.  458. 

[3]  H.D.  Nordby,  Jr.,  M.J.  O’Loughlin,  M.F.  MacMillan,  A.A.  Burk,  Jr.,  J.D.  Oliver,  Jr.,  Materials 
Science  Forum  Vols.  338-342  (2000),  p.  173. 

[4]  A.N.Vorob’ev,  A.E.Komissarov,  A.S.Segal,  Yu.N.Makarov,  S.Yu.Karpov,  A.I.Zhmakin, 

R. Rupp,  Materials  Science  and  Engineering,  B61-62  (1999),  p.  176. 

[5]  M.D.Allendorf,  R.J.Kee,  J.Electrochem.Soc.,  v.138,  No  3,  (1991),  p.  841. 

[6]  A.N.Vorob’ev,  A.E.Komissarov,  M.V.Bogdanov,  S.Yu.Karpov,  A.A.Lovtsus,  Yu.N.  Makarov, 

S. A.  Lowry,  Proceedings  Papers  CVD-XV,  Toronto,  (2000),  (to  be  published). 

[7]  A.N.Vorob'ev,  Yu.E.Egorov,  Yu.N.Makarov,  A.I.Zhmakin,  A.O.Galyukov,  R.Rupp,  Materials 
Science  and  Engineering,  B61-62  (1999),  p.  172. 


Materials  Science  Forum  Vols.  353-356  (2001)  pp.  1 07-110 
©  2001  Trans  Tech  Publications,  Switzerland 


Influence  of  Silicon  Gas-to-Particle  Conversion  on  SiC  CVD 
in  a  Cold-Wall  Rotating-Disc  Reactor 

A.N.  Vorob'ev1,  M.V.  Bogdanov1,  A.E.  Komissarov1,  S.Yu.  Karpov1, 
O.V.  Bord1,  A.A.  Lovtsus1  and  Yu.N.  Makarov2 

1  Soft-Impact,  Ltd.,  PO  Box  33,  RU-194156  St.Petersburg,  Russia 

2  Institute  of  Fluid  Mechanics,  University  of  Erlangen-Nurnberg, 

Cauerstr.  4,  DE-91058  Erlangen,  Germany 

Keywords:  C/Si  Ratio,  Gas  Phase  Nucleation,  Growth  Rate,  Secondary  Phase  Formation 

Abstract  Chemical  Vapor  Deposition  (CVD)  of  SiC  in  a  vertical  cold-wall  rotating-disk  reactor  is 
modeled  in  a  wide  range  of  precursor  (silane  and  propane)  flow  rate  variation.  It  is  found  that  SiC 
growth  rate  is  limited  by  the  gas  mixture  depletion  in  silicon  atoms  due  to  gas-phase  nucleation.  The 
secondary  phase  (graphite  and  silicon)  formation  on  the  growing  surface  is  analyzed.  The  SiC 
growth  window  depending  on  the  precursor  flow  rates  is  calculated,  and  a  significant  influence  of 
the  gas-phase  nucleation  on  the  window  is  demonstrated. 

Introduction 

Significant  progress  has  been  achieved  by  silicon  carbide  technology  in  the  last  few  years,  with  a 
variety  of  encouraging  device  and  integrated  circuit  demonstrations  [1].  Nevertheless,  there  are  a 
number  of  problems  to  be  resolved  before  SiC  devices  become  of  any  substantial  commercial  value. 
In  particular,  high-voltage  bipolar  devices  require  thick  epitaxial  layers  with  low  doping 
concentration  and,  hence,  a  high  carrier  lifetime.  For  getting  a  reasonable  yield  of  these  devices,  it  is 
necessary  to  increase  the  growth  rate  of  epitaxial  layers,  to  achieve  a  good  surface  morphology  and 
to  provide  a  high  uniformity  and  controllability  of  the  doping  level.  Two  latter  factors  are  found  to 
depend  significantly  on  the  C/Si  ratio  in  the  gas  mixture  supplied  onto  the  growth  surface.  Control 
of  the  Si/C  ratio  at  the  growth  surface  is  still  a  crucial  factor  for  CVD  widely  used  to  produce  SiC 
epitaxial  films. 

Additional  problems  arise  in  CVD  of  SiC  due  to  gas-phase  nucleation  of  silicon  clusters.  The 
generated  clusters  act  as  a  sink  for  atomic  silicon  and  result  in  a  considerable  decrease  in  the  growth 
rate.  Besides,  the  gas-to-particle  conversion  of  silicon  influences  the  Si/C  ratio  and,  hence,  affects 
the  properties  of  the  growing  SiC  epilayer. 

The  aim  of  this  paper  is  to  get  an  insight  into  a  complex  mechanism  of  SiC  growth  in  a  vertical 
cold-wall  reactor  [2].  Important  mechanisms  of  the  process  are  discussed.  Particular  attention  is 
given  to  the  growth  rate  dependence  on  precursor  flow  rates  and  to  the  effect  of  silicon  vapor 
condensation  in  the  gas.  CVD  phase  diagram  is  calculated  to  estimate  growth  window  for  this 
epitaxial  technique. 

Results  and  discussion 

The  heat  and  mass  transport  of  the  reacting  flow  coupled  with  gas-phase  nucleation  of  silicon  in  the 
reactor  is  simulated  in  terms  of  the  model  developed  in  [3].  The  model  was  verified  by  comparing 
the  computations  with  the  available  experimental  data  on  SiC  growth  rate  as  a  function  of  the  input 
propane  flow  rate.  We  carried  out  two  sets  of  computations  corresponding  to  the  precursor  supply 
through  the  whole  inlet  area  and  through  the  central  hole,  considered  as  actual  designs  of  the  inlet 
flange.  In  both  cases,  the  whole  inlet  area  was  used  for  the  carrier  gas  supply.  Therewith,  the  inlet 
velocity  was  assumed  to  be  constant  over  the  whole  inlet  area,  and  densities  of  the  carrier  gas  and  of 
the  species  were  chosen  in  such  a  way  as  to  keep  their  flow  rates  for  different  inlet  flanges.  Velocity 
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vectors  and  temperature  distribution  for  the  precursor  supply  through  the  whole  inlet  area  are  shown 
in  Fig.l  for  typical  operating  parameters:  total  pressure  of  50  Torr,  hydrogen  carrier  gas  flow  rate  of 
15  slm,  susceptor  temperature  of  1450°C,  susceptor-inlet  distance  of  20  cm. 
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Fig.l  Velocity  vectors  and  temperature 
distribution. 


Propane  flow  rate  (seem) 

Fig. 2  Growth  rate  vs.  propane  flow  rate. 


The  growth  rate  variation  with  the  propane  flow  rate  is  plotted  in  Fig.2  for  the  silane  flow  rate  of 
17  seem.  Other  process  parameters  are  equal  to  their  typical  values  listed  above.  Solid  and  dashed 
lines  in  the  figure  correspond  to  the  precursors  supply  through  the  central  hole  of  a  radius  four  times 
smaller  than  that  of  the  reactor  inlet  and  through  the  whole  inlet  area,  respectively.  As  seen  from  the 
figure,  the  computations  (solid  line)  fit  well  the  experiment.  The  sloping  portion  of  the  curve  is 
related  to  conditions  where  silane  is  in  excess  and  the  growth  rate  is  controlled  by  the  propane  flow 
rate.  The  growth  rate  saturates  at  the  input  carbon-to-silicon  ratio  C/Si  »  0.6  and  can  no  longer  be 
raised  by  elevating  the  propane  flow  rate.  Usually,  the  saturation  is  due  to  the  transition  from  the 
propane-  to  the  silane-limited  growth  conditions  and  is  observed  at  C/Si  *  1.  We  attribute  the  earlier 
saturation  of  the  growth  rate  seen  in  Fig.2  to  homogeneous  nucleation  of  Si  clusters  in  the  gas.  The 
silicon  gas-to-particle  conversion  depletes  the  vapor  in  the  reactive  species  needed  for  SiC  film 
growth.  Support  for  this  comes  from  the  irradiating  layer  observed  through  the  reactor  viewport  and 
associated  with  the  black-body  radiation  scattering  by  silicon  clusters  [2].  The  result  obtained 
suggests  the  following  mechanism  of  the  gas  phase  depletion.  The  clusters  affected  by  the 
thermophoretic  force  are  accumulated  in  a  thin  layer  located  over  the  susceptor  and  can  not  reach 
the  growing  surface.  The  gas  flow  takes  the  clusters  away  in  the  radial  direction,  and,  hence,  some 
of  the  Si  atoms  stored  in  the  clusters  are  lost  to  the  SiC  growth  on  the  wafer.  Note  that  the  model 
neglecting  silicon  vapor  condensation  predicts  saturation  at  C/Si  >  1.0  and  significantly  higher 
growth  rates  [4]. 

A  similar  growth  rate  dependence  corresponding  to  the  use  of  the  whole  inlet  section  for 
supplying  the  precursors  is  also  presented  in  Fig.2  by  dashed  line.  A  comparison  shows  that  a  higher 
propane  flow  rate  of  ~  5  seem  (C/Si  ~  0.8)  is  required  to  get  the  maximum  growth  rate  in  the  latter 
case.  Comparison  of  the  curves  plotted  in  Fig.2  shows  that  the  inlet  flange  design  is  an  important 
factor  of  SiC  CVD. 

For  getting  a  better  insight  into  growth  mechanisms,  we  carried  out  computations  for  the  supply 
of  precursors  through  the  whole  inlet  section,  varying  their  flow  rate  in  the  following  ranges:  C3H8  = 
1.5-8.0  seem,  SiFL}  =  4.0-60.0  seem.  Other  operating  parameters  were  equal  to  their  typical  values 
mentioned  above.  The  computed  growth  rate  is  plotted  in  Fig.3  as  a  function  of  C3H8  and  SiH4  flow 
rates.  It  follows  from  the  figure  that  the  growth  rate  can  not  exceed  a  definite  value.  The  limitation 
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is  caused  by  a  drastic  silicon  condensation  in  the  vapor  at  high  silane  flow  rates.  This  effect 
provides  difficulties  for  the  further  increase  in  the  growth  rate  via  the  precursor  flow  rate  variation. 
Thus,  the  higher  flow  rates  of  silane  result  in  a  greater  loss  of  silicon  atoms  involved  in  SiC  growth, 
and  despite  the  inlet  Si/C  ratio  being  much  more  than  unity,  the  growth  rate  is  then  controlled  by 
SiH4  supply. 


Fig.3  Growth  rate  vs.  propane  and  silane  flow 


rates. 


E  8 

8  7 

co 

•  6 

£5  5 


CD 

§  2 
o  1 
0-  0 

0  10  20  30  40  50  60 

Silane  flow  rate  (seem) 

Fig.4  Secondary  phase  diagram  for  CVD  of 
SiC. 


Formation  of  parasitic  (secondary)  phases  on  SiC  surface  (solid  graphite  and  either  liquid  or  solid 
silicon)  is  an  undesirable  effect  leading  to  degradation  of  the  material  properties.  Here  we  apply  a 
special  criterion  to  predict  whether  a  condensed  phase  is  formed  on  the  growth  surface.  The  analysis 
of  the  secondary  phase  formation  was  made  for  the  same  variation  of  precursor  flow  rates.  Fig.4 
shows  by  solid  lines  the  boundaries  between  the  zones  where  the  secondary  phase  formation  and/or 
growth  of  the  SiC  single  crystal  are  predicted.  For  comparison,  the  similar  boundaries  computed 
with  neglecting  the  silicon  condensation  in  the  gas  are  shown  by  dashed  lines.  It  is  seen  that  the 
silicon  nucleation  alters  the  Si/C  ratio  over  the  substrate  and,  hence,  broadens  the  window  for 
single-crystal  SiC  growth  significantly.  It  should  be  noted  that  the  growth  window  exhibits  a  rather 
complex  dependence  on  SiH4  flow  rate  and  is  controlled  totally  by  the  silicon  clustering.  On  the 
other  hand,  the  growth  rate  is  predicted  to  peak  at  SiH4  «  17  seem  (see  Fig.3).  So,  according  to 
Fig.4,  the  propane  flow  rate  is  allowed  to  vary  in  the  range  «  3.3-5.S  seem  to  avoid  the  parasitic 
phase  formation  on  the  growing  surface. 


Silane  flow  rate  (seem) 

Fig.5  Si/C  ratio  behavior  near  the  growth 
surface  vs.  precursor  flow  rates. 
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It  is  well  known  that  Si/C  ratio  plays  a  crucial  role  for  many  properties  of  SiC  crystals.  In 
particular,  the  doping  by  various  impurities,  the  concentration  of  carbon  vacancies,  surface 
morphology  including  step  bunching,  etc.  are  affected  by  the  surface  Si/C  ratio  which  may  differ 
significantly  from  the  Si/C  ratio  at  the  reactor  inlet. 

To  get  a  general  pattern  of  the  Si/C  ratio  near  the  growth  surface,  we  made  computations  varying 
the  precursor  flow  rates  in  the  wide  ranges.  The  Si/C  behavior  is  illustrated  in  Fig.5.  The  curve  for 
Si/C  =  1  delimits  the  C-  and  Si-rich  growth  regimes.  The  linear  portion  of  the  curve  corresponds  to 
the  conditions  where  the  silane  flow  rate  is  insufficiently  high  for  initiating  the  nucleation.  The  Si/C 
ratio  is  then  controlled  by  that  at  the  inlet.  The  silicon  gas-to-particle  conversion  manifests  itself  as 
the  curve  slope.  The  zone  of  Si/C  <  1  becomes  larger  than  the  zone  of  Si/C  >  1  due  to  the  drastic 
depletion  of  the  vapor  in  silicon  near  the  growth  surface.  For  this  reason,  a  higher  silane  flow  rate  is 
unable  to  raise  the  Si/C  ratio  at  SiH4  >17  seem. 

Summary 

An  advanced  model  of  heat  and  mass  transport  coupled  with  spontaneous  condensation  of  silicon  in 
the  gas  is  employed  to  simulate  SiC  CVD  in  a  cold-wall  rotating-disc  vertical  reactor.  The 
comparison  of  computed  growth  rates  with  available  experimental  data  shows  a  reasonable 
agreement  under  typical  growth  conditions.  It  is  found  that  gas-phase  nucleation  of  Si  clusters 
considerably  influences  the  CVD  process.  The  simulations  predict  that  the  growth  rate  can  not 
exceed  some  maximum  value  at  the  precursor  flow  rates  varying  in  a  wide  range.  This  is  due  to  a 
drastic  silicon  gas  phase  condensation  at  high  silane  flow  rates.  The  analysis  shows  that  the  silicon- 
to-carbon  ratio  near  the  growth  surface  can  radically  differ  from  that  at  the  reactor  inlet.  In  turn,  this 
changes  the  proportion  between  the  silicon  and  carbon  atoms  on  the  wafer  and  enlarges  the  range  of 
silane  and  propane  variation  where  the  SiC  single  epilayer  is  expected  to  grow  without  secondary 
phase  formation  resulting  in  morphology  degradation.  The  model  allows  us  to  predict  the  optimal 
precursor  flow  rates,  ensuring  the  maximum  growth  rate  within  relatively  broad  growth  window. 

References 

[1]  A.Itoh  and  HJMatsunami,  IEEE  Electron  Device  Lett.  16,  (1995),  p.  280. 

[2]  R.Rupp,  Yu.N.  Makarov,  H.Behner,  A.Wiedenhofer,  Phys.  Stat.  Sol.  (b)  202,  (1997),  p.  281. 

[3]  A.N.Vorob'ev,  A.E.Komissarov,  A.S.Segal,  Yu.N.Makarov,  S.Yu.Karpov,  A.I.Zhmakin, 
R.Rupp,  Materials  Science  and  Engineering,  B61-62  (1999),  p.  176. 

[4]  A.N.Vorob'ev,  Yu.EJBgorov,  Yu.N.Makarov,  A.I.Zhmakin,  A.O.Galyukov,  R.Rupp,  Materials 
Science  and  Engineering,  B61-62  (1999),  p.  172. 


Materials  Science  Forum  Vols.  353-356  (2001)  pp.  111-114 
©  2001  Trans  Tech  Publications,  Switzerland 


Ab  Initio  Study  of  Silicon  Carbide:  Bulk  and  Surface  Structures 

C.  Raffy1'2,  L.  Magaud1,  E.  Blanquet2,  M.  Pons2  and  A.  Pasturel3 

1  LEPES  (Lab.  d'Etudes  des  Proprietes  Electroniques  des  Solides), 

25  rue  des  Martyrs,  BP  166,  FR-38042  Grenoble  Cedex  9,  France 

2LTPCM  (Lab.  de  Thermodynamique  et  Physico-Chimie  Metallurgies), 
FR-38402  Saint  Martin  d’Heres  Cedex,  France 

3LPMMC  (Lab.  de  Physique  et  Moderation  des  Milieux  Condenses), 
FR-38054  Grenoble,  France 


Keywords:  Crystal  Growth,  Density  Functional  Theory,  Polytypism,  Stability,  Step  Structure 


Abstract.  The  aim  of  this  paper  is  to  improve  our  understanding  of  the  SiC  growth  mechanisms 
from  the  vapor  phase  (bulk  material  or  thin  film).  Detailed  studies  of  bulk  and  surface  structures  are 
therefore  needed.  The  geometries  of  hexagonal  (2H,  4H,  6H)  and  cubic  (3C)  polytypes  have  been 
optimized  thanks  to  calculations  based  on  density-functional  theory  (DFT).  It  appears  that  6H  and 
4H  are  the  most  stable  phases,  which  is  in  agreement  with  other  calculations,  but  not  with 
experiments  that  indicate  a  preference  for  the  growth  of  the  cubic  form  on  flat  terraces.  Thus,  to 
analyse  further  the  growth  processes,  we  began  an  investigation  of  the  surface  of  4H  SiC,  which  is 
the  most  interesting  polytype  regarding  the  electronic  properties.  Since  the  substrate  used  during  the 
experiments  is  an  off-oriented  hexagonal  SiC  single  crystal,  we  studied  the  morphology  of  the  steps 
along  the  [llOO]  direction  for  C-  and  Si-terminated  surfaces.  In  these  particular  cases,  the  total 
energy  calculations  show  that  the  most  stable  steps  are  one  bilayer  high. 


1.  Introduction 

A  good  control  of  the  cristalline  quality  of  silicon  carbide  elaborated  as  bulk  material  [1]  or  thin 
film  [2]  requires  to  know  the  atomic  structure  in  details.  It  includes  a  study  of  the  bulk  and  surface 
properties. 

The  structures  and  energies  of  the  four  simplest  polytypes  (2H,  3C,  4H  and  6H)  have  been 
investigated  using  first-principle  calculations.  The  computational  method  employed  is  based  on  the 
determination  of  the  total  energy  from  the  density-functional  theory,  using  the  local  density 
approximation  (including  generalized  gradient  corrections)  for  the  exchange-correlation  potential 
[3,  4).  We  used  the  code  VASP  [5]  which  expands  the  wave  functions  in  terms  of  plane  waves,  and 
describes  the  electron-ion  interaction  by  ultrasoft  Vanderbilt  pseudopotentials  [6]. 

In  paragraph  2,  we  show  that  the  geometries  of  the  hexagonal  polytypes  are  non  ideal  and  that  the 
energy  differences  of  polytypes  are  very  small.  Actually,  we  think  that  the  formation  of  polytypes 
is  controlled  by  growth  conditions  related  to  epitaxy  on  on-axis  material  rather  than 
thermodynamical  considerations.  It  is  thus  important  to  know  the  morphology  of  the  surfaces.  This 
is  discussed  in  paragraph  3.  As  most  experiments  use  an  off-oriented  hexagonal  SiC  single  crystal 
as  the  substrate  [2,  7],  we  have  focused  our  study  on  the  step  structures  of  the  4H  polytype. 
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2.  Bulk  properties 

2.1.  Structures 

The  optimized  parameters  a  and  c  of  the  hexagonal  cells  of  the  four  polytypes  investigated  are 
presented  in  table  1.  The  calculated  values  are  in  good  agreement  with  the  experimental  data, 
sligthly  larger  as  a  consequence  of  the  GGA  technique  [8].  Particularly,  both  confirm  the  well 
known  tendency  that  a  decreases  and  c/n  increases  with  the  degree  of  hexagonality  h  [9].  Moreover, 
we  observe  that  the  hexagonal  structures  are  not  ideal,  as  dna^^ll 3  .  The  detailed  analysis  of  the 
intern  relaxations  shows  that  the  Si-C  bond  parallel  to  the  c-axis  is  stretched  in  comparison  with  the 
three  other  equivalent  bonds  of  the  tetrahedron  [9].  Some  authors  think  that  these  distorsions  are  the 
driving  force  of  polytypism  [10]. 


Table  1.  Lattice  parameters  of  the  polytypes  3C  and  nH  (n=2,  4,  6).  n  is  the  number  of  bilayers  in 
the  hexagonal  cell.  The  numbers  in  parentheses  are  measured  values  :  for  2H,  see  [1 1]  ;  for  3C,  see 

[12]  ;  for  4H  and  6H,  see  [13]. 


Polytype 

h(%) 

a  (A) 

c/n  (A ) 

c/(na) 

3C  hexag. 

0 

3.087  (3.083) 

2.520  (2.517) 

0.8165  (0.8165) 

6H 

33 

3.084  (3.081) 

2.523  (2.520) 

0.8181  (0.8178) 

4H 

50 

3.084  (3.080) 

2.523  (2.521) 

0.8183  (0.8184) 

2H 

100 

3.081  (3.076) 

2.530  (2.524) 

0.8211  (0.8205) 

2.2.  Total  energies 

For  the  relaxed  geometries  given  in  table  1,  we  have  calculated  the  total  energies  of  each  polytype. 
The  figure  1  indicates  the  relative  energies  of  the  hexagonal  structures  with  respect  to  the  cubic 
polytype.  They  are  compared  to  other  LDA  calculation  results  [9,  14-16]. 

First,  our  calculations  have  shown  that  for  either  ideal  (/. e.  ideal  c/a  ratio  and  a  equal  to  the 
calculated  value  of  the  parameter  for  the  cubic  phase)  or  relaxed  structures,  the  energetical  ordering 
is  the  same  between  polytypes.  The  2H  form  is  much  less  stable  than  3C  which  is  less  stable  than 
4H  and  6H.  Actually,  the  energy  difference  between  4H  and  6H  is  smaller  than  0.5  meV/atom  and 
approaches  the  accuracy  of  the  calculations,  so  it  is  not  possible  to  conclude. 

Our  results  are  in  agreement  with  the  ones  obtained  by  most  authors  [14-16].  The  slight 
discrepancies  are  due  to  different  calculation  parameters  and  different  geometries.  However,  a 
strong  disagreement  exists  with  Kackell  et  al  [9]  who  find  different  relative  stabilities  whether  the 
relaxations  are  considered  or  not.  For  ideal  structures,  they  find  that  the  stability  decreases  with  the 
degree  of  hexagonality.  They  report  a  very  high  energy  for  2H  and  are  the  only  ones  to  mention  3C 
as  the  most  stable  structure.  In  contrast,  when  they  take  the  relaxations  into  account,  they  find  2H  to 
be  only  1  meV/atom  above  3C,  and  4H  to  be  the  most  stable  polytype. 

Except  for  Kackell  et  al  when  considering  ideal  structures,  the  energy  calculations  are  not  in 
agreement  with  experiments,  which  indicate  a  preference  for  the  cubic  form  [17,  18].  We  think  that 
metastability  effects  are  strong  in  SiC  [15,  19]  and  that  the  morphology  of  the  surface  influences 
much  the  growing  polytype. 
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Fig.  1.  Relative  stabilities  of  the  hexagonal  polytypes  with  respect  to  3C  (in  meV/atom). 


3.  Surface 

On  off-oriented  SiC  substrate,  growth  proceeds  through  a  step-flow  mode  [7].  Our  aim  is  to 
determine  the  preferred  step  height  as  a  function  of  the  direction  and  the  polarity.  We  present  here 
our  first  results  on  steps  along  the  [1100]  direction.  Experimentally,  the  substrates  are  off-oriented 
by  less  than  8°.  But,  because  of  the  numerical  constraints,  we  only  considered  supercells  containing 
92  atoms,  which  corresponds  to  an  angle  of  25°.  The  slabs  used  contain  five  Si-C  bilayers  and  three 
bilayers  of  vacuum.  The  dangling  bonds  of  the  atoms  belonging  to  the  bottom  surface  were 
saturated  by  H  atoms.  Relaxations  were  allowed  on  all  the  atoms. 

For  each  polarity  (C-  and  Si-terminated  surfaces),  we  considered  surfaces  constituted  by  single 
steps  (height  =  1  bilayer),  and  surfaces  constituted  by  multiple-height  steps  (step  bunching 
phenomenon).  We  then  compared  the  energy  difference  between  the  two  configurations  to 
determine  the  most  stable  structure.  Figure  2  shows  the  result  of  the  calculated  geometries,  whereas 
table  2  gives  the  values  of  the  energies  taking  the  single  step  configuration  as  the  reference.  We  can 
see  that  for  both  polarities,  the  single  step  configuration  is  more  stable.  The  step  bunching  is  less 
favoured  on  the  Si  face  compared  to  the  C  face,  which  is  in  disagreement  with  experimental 
observations  [7].  This  difference  may  be  due  to  the  unrealistic  tilt  angle  used  in  this  first  approach. 
Calculations  on  13°  off-oriented  surfaces  are  in  progress,  as  well  as  calculations  on  steps  along 
the  [1120]  direction.  They  should  provide  with  more  information  on  the  step  structure  and  their  role 
in  polytype  growth. 


Table  2  :  Energy  of  step  bunching  vs.  single  step  configuration. 


Polarity 

step  bunching 

C-terminated 

+  1.290  eV 

Si-terminated 

+  2.294  eV 
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-a-  single  steps 


-b-  step  bunching 


Fig.  2  :  Calculated  structures  for  single  steps  and  step  bunching  C-terminated  configurations. 
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Abstract  The  presence  of  micropipes  and  dislocations  in  SiC  wafers  used  as  substrates  for  SiC 
epitaxial  growth  may  cause  formation  of  lattice  defects  in  the  epi-layers.  In  this  research  a  chemical 
vapor  deposition  (CVD)  process  on  porous  SiC  (PSC)  buffer  layers  was  developed  to  reduce 
structural  defect  concentrations  in  SiC  epi-layers.  One  possible  mechanism  for  defect  reduction  is 
nano-scale  lateral  epitaxial  overgrowth  whereby  the  pores  serve  as  regions  to  relieve  stress  at  the 
growth  surface.  Previous  X-ray  diffraction,  RHEED,  SEM  and  AFM  characterization  has 
demonstrated  good  surface  quality  of  these  films  grown  on  PSC  substrates  compared  with 
conventional  (control)  substrates.  For  this  study,  the  porous  substrate  surface  was  fabricated  by 
surface  anodization  on  half  of  a  commercial  4H-SiC  (0001)  Si-face  off-axis  wafer.  The  other  half  of 
each  wafer  was  protected  by  wax  during  this  process  and  served  as  a  control  substrate.  4H-SiC 
epitaxial  layers  of  thickness  ranging  from  4  to  10  pm  were  then  grown  on  the  processed  substrates 
by  atmospheric  pressure  CVD.  LTPL  data  taken  at  2K  shows  virtually  no  evidence  of  the  Li  line  for 
the  film  grown  on  PSC  while  the  line  is  clearly  evident  in  the  spectra  from  films  grown  on  the 
control  substrate.  The  Li  line  appears  in  rapid  CVD  growth  and  is  related  to  intrinsic  defects  in 
films  grown  too  quickly.  It  appears  from  this  preliminary  work  that  epitaxial  films  grown  on  porous 
SiC  buffer  layers  have  a  lower  density  of  defects  than  identical  epitaxial  films  grown  on 
commercially  available  SiC  substrates. 

Introduction  The  presence  of  micropipes  and  dislocations  in  SiC  wafers  used  as  substrates  for  SiC 
epitaxial  growth  may  cause  formation  of  lattice  defects  in  the  epilayers.  The  objective  of  this 
research  was  to  characterize  epitaxial  layers  grown  by  chemical  vapor  deposition  (CVD)  on  porous 
SiC  (PSC)  buffer  layers  [1]  in  order  to  determine  the  quality  of  these  epitaxial  layers.  PSC  has  been 
developed  for  numerous  applications,  such  as  power  device  passivation  [2],  and  as  buffer  layers  for 
GaN  epitaxial  growth  [3].  PSC  buffer  layers  were  formed  on  one  half  of  the  surface  of  conventional 
4H-SiC  substrates  via  the  anodization  of  the  substrate  in  an  aqueous  HF  solution  [2].  The  PSC 
layer  was  observed  to  extend  approximately  5  pm  into  the  SiC  substrate  thus  forming  a  PSC  buffer 
layer  for  subsequent  epitaxial  layer  growth  [4]. 

Using  a  horizontal  cold-wall  chemical  vapor  deposition  (CVD)  system,  4-10  pm  thick  SiC  epitaxial 
layers  were  grown  simultaneously  on  both  PSC  and  standard  (i.e.,  control  )  substrates  using  a 
standard  dual-precursor  CVD  growth  technique  described  elsewhere  [5].  The  substrates  were  4H- 
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SiC  with  an  8°  off-axis  orientation  from  the  (0001)  Si  face  with  an  n-type  doping  density  of  5-7  x 
1018  cm-3.  The  ratio  of  silicon  to  carbon  was  0.3  and  the  growth  temperature  1580°C.  The  epitaxial 
layers  were  n-type  with  a  net  doping  density  in  the  CVD  layers  of  approximately  2-10  x  1015  cm-3 
as  measured  with  deposited  Schottky  barrier  contacts  using  the  Capacitance- Voltage  (C-V) 
technique.  After  CVD  growth,  the  samples  were  cleaved  and  the  epitaxial  layer  morphology 
observed  using  cross-section  SEM.  It  was  noted  that  the  pores  abruptly  end  at  the  interface  with  a 
high-quality  epitaxial  layer  having  been  formed  on  top  [4].  Surface  characterization  was  performed 
on  these  samples  and  it  was  observed  that  the  surface  was  essentially  featureless.  To  quantify  the 
epi  layer  surface  finish,  AFM  measurements  were  conducted  on  the  CVD  layers  grown  on  PSC 
substrates  and  showed  that  the  rms  surface  roughness  was  typically  on  the  order  of  5  nm. 


Optical  Characterization  The  epitaxial  layers  were  studied  using  two  different  optical  methods. 
First  luminescence  studies  were  conducted  with  the  sample  immersed  in  liquid  nitrogen  (approx, 
sample  temperature  77K)  using  a  mercury  arc  lamp  were  conducted  to  observe  the  optical 
luminescence  over  the  entire  wafer.  The  excitation  wavelength  was  broad  band  from  the  visible  to 
UV  with  a  lamp  power  of  250  W.  Using  this  technique,  it  was  observed  that  the  luminescence  from 
the  epitaxial  layer  grown  on  the  PSC  buffer  portion  of  the  substrate  (i.e.,  PSC  in  Fig.  la)  exhibited  a 
blue  luminescence  while  luminescence  from  the  same  epitaxial  layer  grown  on  the  non-porous 
portion  of  the  substrate  (i.e.,  STD  in  Fig.  la)  was  dominated  by  yellow  luminescence  .  For  reference 
an  SEM  micrograph  of  the  sample  is  also  shown  in  Fig.  lb. 


Figure  1  (a)  Photoluminescence  data  taken  at  77  K  for  a  4PI-SiC  epitaxial  layer  on  standard  (top) 
and  PSC  buffer  layer  (bottom),  (b)  Optical  micrograph  of  structure  showing  PSC  and  standard 
regions  after  epitaxial  growth. 


Low-temperature  photoluminescence  (LTPL)  experiments  were  performed.  We  show  results  on  a 
single  4H  SiC  sample  that  was  processed  in  part  to  have  a  5  pm  porous  surface  on  half  the  sample. 
It  was  then  put  into  a  CVD  reactor  and  a  4H  SiC  single  crystal  film,  less  than  10  pm  thick,  was 
grown  on  the  whole  surface.  The  sample  was  excited  with  2440  A  radiation  from  a  frequency 
doubled  argon  ion  laser  while  immersed  in  pumped  liquid  He  at  2  K.  Figures  2,  3  and  4  show  the 
resulting  LTPL  spectra.  Fig.  2  shows  the  band  edge  nitrogen  bound  exciton  peaks  Po  and  Qo,  and 
the  broad  continuum  peaking  at  roughly  5200A  for  the  epi  film  grown  on  the  porous  substrate.  The 
ratio  of  the  magnitude  of  the  Qo  bound  exciton  to  the  maximum  height  of  the  broad  peak  is  2.68. 

For  the  epi  layer  grown  on  the  normal  boule  substrate  (STD)  of  the  same  sample  (Fig.  3)  we  obtain 
a  ratio  of  0.47.  By  combining  the  two  results  one  gets  a  height  ratio  of  the  Broad  Peak  (PSC)/Broad 
Peak  (STD)  of  0. 175.  If  the  broad  band  is  an  indication  of  defects  in  the  sample  then  the  epitaxial 
film  on  the  PSC  buffer  is  reduced  in  defect  density  by  a  factor  of  0.175  as  compared  to  the  STD  epi. 
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More  telling  is  Fig  4.  Here  we  concentrate  on  the  region  just  beyond  the  two-phonon  replicas  of  the 
nitrogen  four  particle  complex.  The  Lj  line  at  4271.9A  is  normally  an  indication  of  too  rapid  growth 
and  intrinsic  defects  [6].  In  the  case  of  the  STD  part,  Li  is  quite  strong,  whereas  in  the  case  of  the 
PSC  part,  Lj  is  just  barely  visible.  This  is  a  meaningful  comparison  and  an  indication  that  epitaxial 
layer  on  the  porous  part  of  the  sample  has  a  considerably  reduced  intrinsic  defect  density. 


Figure  2:  LTPL 
spectrum  of  a  4H  SiC 
epitaxial  layer  grown 
on  a  porous  4H  SiC 
substrate,  (a)  near 
band  edge  region 
showing  the  nitrogen 
bound  exciton  no 
phonon  lines  Po  and 
Qo.  (b)  broad 
continuum  attributed 
to  defects.  Note  the 
different  scales  in  (a) 
and  (b). 


Figure  3:  LTPL 
spectrum  of  a  4H  SiC 
epilayer  grown  by 
CVD  on  a  normal 
boule  substrate  (same 
wafer  and  same  epi 
growth  run  as  the 
epilayer  shown  in  Fig. 
2,  but  on  the  non- 
anodized  region),  (a) 
nitrogen  bound  exciton 
no  phonon  lines;  (b) 
broad  band  emission 
attributed  to  defects. 
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Figure  4  LTPL  (2K)  data 
comparing  epi  grown  on 
PSC  (top  curve)  to  that  on 
standard  substrate  (bottom 
curve).  Note  reduction  in 
Lj  and  enhanced  two- 
phonon  replicas  present  in 
epi  grown  on  PSC, 
indicating  a  substantially 
altered  epi  quality. 


Energy(eV) 


Summary  Epitaxial  layers  grown  on  porous  4H-SiC  buffer  layers  have  been  characterized  using 
photoluminescence.  These  layers,  grown  on  substrates  that  contained  porous  buffer  layers  on  one 
half  of  the  surface  proved  to  have  a  quite  different  photoluminescence  response  in  comparison  with 
the  same  epitaxial  layers  grown  on  the  non-porous  portions  of  the  same  substrates.  Based  on  the 
improvement  in  defect  structure  indicated  by  this  work,  it  is  believed  that  epitaxial  layers  grown  on 
porous  SiC  buffer  layers  have  a  lower  defect  density  than  epitaxial  layers  grown  on  conventional 
substrates.  Extensive  structural  characterization  is  needed  to  support  this  assertion,  although 
preliminary  TEM  data  indicate  that  the  epitaxial  layers  grown  on  porous  buffer  layers  have  very  low 
defect  density  [7].  X-ray  topography  and  more  extensive  TEM  studies  are  currently  being 
conducted  to  further  ascertain  the  structural  quality  of  epitaxial  layers  grown  on  porous  SiC. 
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Abstract.  We  have  studied  porous  SiC  layers  before  and  after  high  temperature  growth  of  epitaxial 
SiC  layers  by  vacuum  sublimation.  The  performed  investigations  (X-ray  measurements,  SEM  and 
calculations)  demonstrated  that  heating  of  porous  silicon  carbide  to  2000°C  and  the  subsequent 
growth  of  an  epitaxial  layer  on  it  lead  to  a  transformation  of  the  initial  PSC  structure,  accompanied 
by  merging  of  separate  pores  and  decreasing  in  their  number. 

Introduction.  Among  porous  materials,  silicon  carbide  (SiC)  attracts  particular  attention  owing  to 
its  thermal,  electrical,  and  mechanical  properties.  Although  porous  silicon  carbide  (PSC)  has  long 
been  known,  mainly  its  photoluminescence  has  been  studied  so  far  [1-3].  However,  structural 
studies  are  necessary  [4,  5]  in  order  to  understand  the  promising  perspective  of  this  material. 
Previously,  the  possibility  of  obtaining  high  quality  6H-SiC  epilayer  on  PSC  by  vacuum 
sublimation  epitaxy  has  been  demonstrated. 

The  aim  of  this  work  was  to  perform  a  comparative  study  of  PSC  before  and  after  high  temperature 
growth  of  thin  (0.5  -  3pm)  epitaxial  6H-SiC  layers  by  X-ray  diffraction  analysis  and  scanning 
electron  microscopy  (SEM). 

Experimental.  PSC  is  obtained  similarly  to  porous  silicon  by  electrochemical  anodization  [1,  7],  A 
commercial  (CREE)  6H-SiC  wafer  (3xl018  cm'3)  with  3.5°  off  -  oriented  polished  (0001)Si  face 
was  used  for  the  experiments.  The  anodizing  was  done  in  a  HF  :  H2O  :  C2H5OH  =1  :  1  :  2 
electrolyte  under  illumination  of  the  sample  surface  with  UV  light  at  three  current  densities  j  :  20, 
60  and  100  mA/cm2.  The  etching  time  was  chosen  on  condition  that  the  passage  of  the  same  charge 
through  the  substrates  and  was  15,  5,  or  3  min,  respectively. 

Thin  epitaxial  6H-SiC  layers  were  grown  on  PSC  in  a  vertical  water-cooled  quartz  reactor  by 
vacuum  sublimation  at  a  temperature  of  2000°C.  This  growth  technique  was  described  in  [8]. 

The  thickness  and  morphology  of  PSC  were  determined  on  cleaved  substrates  by  SEM. 

X-ray  measurements  were  performed  on  double-  and  triple-crystal  diffractometers  (DCD  and  TCD) 
in  CuKai  radiation.  The  porosity  of  the  samples  was  evaluated  from  X-ray  absorption  porometry 
[9]  (measurement  accuracy  ±5%)  and  gravimetry.  Stresses  were  estimated  on  the  basis  of  the 
sample  curvature  radii  R  measured  on  DCD  [10]  and  using  the  Stoney  formula  [11].  The  structural 
perfection  of  the  layers  was  monitored  by  the  behavior  of  the  full  width  at  half-maximum  (FWHM) 
of  a  diffraction  peak  for  the  symmetric  Bragg’s  reflection  (0006).  0-  and  (0-20)-scanning  modes 
were  used  for  TCD  measurements. 

Results  and  discussions. 

Scanning  electron  microscopy.  The  thickness’  of  the  PSC  samples  were  measured  on  the  cleaved 
surfaces  before  and  after  high  temperature  growth  of  epitaxial  layers.  Figure  1  presents  a  cross- 
sectional  SEM  image  of  PSC  on  the  substrate  immediately  after  electrochemical  anodization.  It  can 
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Fig.l.  SEM  image  of  the  PSC 
section  after  electrochemical  anodizing. 


cross 


be  seen  that  not  all  pores  reach  the  sample  surface,  as 
described  in  [4,  5].  The  pores  start  from  surface  defects, 
deep  inside  the  volume  and  line  up  in  a  direction 
perpendicular  to  the  surface. 

The  existence  of  a  clear  boundary  between  the  substrate 
and  the  porous  layer  allows  the  porous  layer  thickness  to 
be  determined  rather  accurately.  For  the  given  samples  the 
initial  PSC  thickness  at  current  densities  of  20,  60,  and  100 
mA  /cm2  was  26,  18,  and  16  pm,  respectively. 

Heating  in  a  vacuum  to  2000°C  changed  the  PSC  structure 
for  all  the  three  samples  (Fig.  2),  especially  at  the  PSC  - 
2  substrate  interface.  The  PSC  prepared  at  a  current  density 

ot  1 00  mA/cm  underwent  the  most  pronounced  changes  at  the  bottom  interface. 
x~ray  diffractometry .  (a)  Curvature  and  stresses  in  the  samples .  The  curvature  radii  R  and  the 
biaxial  stresses  cra  calculated  from  them,  strain  ez  along 
the  normal  to  the  sample  surface,  and  FWHMs  taken  on 
DCD  and  TCD  are  presented  in  Table  1 . 

During  the  growth  of  a  PSC  layer  on  SiC  substrate,  the 
sign  of  the  substrate  curvature  changes  (an  initially 
concave  sample  becomes  convex).  However,  the  sample 
curvature  radii  remain  practically  unchanged  with 
increasing  current  density.  The  biaxial  tangential  stresses 
in  PSC,  determined  using  the  Stoney  formula  [11],  are 
compressive,  and  the  strain  along  the  normal  to  the 
sample  surface,  calculated  from  these  stresses,  ez<  =  8d/d, 
is  positive. 

Such  a  behavior  of  the  sample  curvature  in  growth  of  thin 
epitaxial  SiC  layers  on  PSC  may  be  associated  with  a 
structural  transformation  in  the  initially  grown  PSC.  This 

ISP™bf,b'y  als°  a  re2ason  for  a  certain  enhancement  of  biaxial  stresses  in  an  epitaxial  layer  grown  on 
a  PSC  (100  mA/cm  )  with  the  highest  porosity. 


Fig.2.  SEM  image  of  the  PSC  cross  section 
after  sublimation  growth  of  the  epilayer  at 
2000°C  (a-substrate,  b-PSC  layer). 


Table  1.  Curvature  radii,  biaxial  stresses,  strains,  FWHMs  of  racing  curves  in  the  structures  stadied. 


sample 

R(m) 

MGPa) 

Ez,  10° 

to  /  cods  (DCD) 
(arcsec) 

co9(TCD) 

(arcsec) 

we-28  (TCD) 
(arcsec) 

initial  substrate 

-3.40 

-1.34 

+2.70 

22/- 

20 

64* 

subst.+epi.SiC 

+4.07 

- 

— 

221- 

18 

5.5  ; 

PSC(20  mA/cm2) 

+2.03 

-0.21 

+0.41 

35/2144 

34 

7.9  3 

PSC+epi.SiC 

+2.28 

-0.20 

+0.40 

28/1010 

25 

7.6 

PSC(60  mA/cm2) 

+  1.82 

-0.33 

+0.66 

37/2059 

34 

7.5 

PSC+epi.SiC 

+2.14 

-0.30 

+0.60 

30/811 

24 

6.5 

PSC(100  mA/cm2) 

+1.90 

-0.36 

+0.72 

38/  1856 

37 

7.4 

PSC+epi.SiC 

+2.28 

-0.42 

+0.84 

46/683 

40 

5.9 

The  biaxial  compressive  stresses  are  4  -  6  times  weaker  in  the  epitaxial  layers  on  PSC  than  in  the 
layer  grown  on  the  initial  SiC  substrate. 
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b)  Diffraction  curves.  Table  1  lists  FWHMs  for  the  DCD  and  TCD  diffraction  pattern  recording 
schemes.  The  FWHM  values  are  corrected  for  the  sample  curvature. 

DCD  rocking  curves  have  the  same  shape  for  all  PSC  samples  on  SiC  substrates  (Fig.  3),  each 
containing  a  narrow  peak  on  a  broad  diffuse  "hump".  The  FWHMs  coe  of  the  narrow  (dynamic)  peak 
in  PSC  are  more  than  1 .5  times  that  of  the  initial  substrate  and  increase  only  slightly  with  increasing 
current  density.  At  the  same  time,  (0-20)  curves  have  the  shape  of  a  narrow  symmetric  peak,  which 
indicates  that  the  lattice  constants  of  PSC  and  substrate  match  for  all  current  densities. 

The  broad  low-intensity  part  of  the  DCD  rocking  curve  is  related  to  diffuse  scattering  on  the  porous 
structure  [12].  The  width  ©ds  of  the  diffuse  peak  yields  the  effective  pore  diameter.  The  decrease  in 
cods  with  increasing  current  density  reflects  the  fact  that  the  pore  diameter  increases  (from  22nm  at 

20  mA/cm2  to  28nm  at  100 
mA/cm2).  The  shape  of  the 
diffuse  peak  with  a  flat 
maximum  is  associated  with  the 
interference  of  X-rays  scattered 
by  neighboring  pores  [13]. 

The  subsequent  growth  of  an 
epitaxial  layer  on  PSC  is  results 
in  a  narrowing  of  both  the 
narrow  and  the  diffuse  peak. 
Since  the  epitaxial  layers  are  thin 
(0.5-3  pm),  the  diffraction  curve 
is  mainly  determined  by  the  PSC 
below.  The  dramatic  (2-3  times) 
decrease  in  cods  indicates  a 
transformation  of  the  PSC 
structure.  Estimates  give  pore 
diameters  of  52nm  at  20  mA/cm2 
and  77nm  at  100  mA/cm2. 

The  characterization  of  the  epilayer  by  X-ray  diffraction  analysis  is  difficult  since  the  PSC  thickness 
exceeds  that  of  the  epitaxial  layer  and  their  peaks  overlap  in  the  diffraction  pattern.  However,  the 
half  width  of  the  dynamic  peak  suggests  that  the  structural  characteristics  of  this  layer  compare  well 
with  those  of  the  initial  substrate.  But,  in  contrast  to  the  latter,  the  epitaxial  layer  exhibits  good 
uniformity  over  the  entire  sample  area. 

Sample  porosity.  X-ray  measurements  yield  porosity  values  close  to  those  obtained  by  gravimetry 
and  the  effective  pore  diameters  obtained  under  the  same  assumptions  are  similar  to  those  in  [12]: 
(1)  the  pores  have  a  cylindrical  shape  and  (2)  pore  openings  on  the  surface  are  arranged  in  the  form 
of  a  square  lattice.  Knowing  these  values,  the  volume  and  surface  area  of  a  single  pore  can  be 
determined  together  with  the  number  of  pores  N  per  cm2  of  surface  (Table  2).  The  calculation 
accounted  for  the  fact  that  the  volume  of  removed  SiC  is  the  same  for  all  the  three  samples  since  the 
charge  passed  through  the  substrates  during  anodization  was  maintained  constant.  This  is  confirmed 
by  the  fact  that  Ph  ~  const,  where  P  is  the  porosity  of  a  layer  and  h  is  its  thickness.  Apparently,  Ph  = 
NV,  where  N  is  the  number  of  pores  per  cm2  of  surface  and  V  is  the  volume  of  a  pore.  It  can  be 
seen  from  the  table  that  the  pores  do  not  increase  in  volume  with  increasing  current  density  and, 
consequently,  the  number  of  pores  also  remains  constant  in  this  range  of  current  densities,  N  « 
3x1 cm"2.  Hence  follows  that  the  porosity  increases  with  increasing  anode  current  density 
because  of  the  increasing  effective  pore  diameter.  The  pore  surface  area  decreases  with  increasing 
current  density  since  the  porous  layer  thickness  decreases  with  simultaneously  increasing  pore 
diameter. 


A0,  arc  sec 

Fig.3.  DCD  rocking  curves.  CuKoti  radiation,  Bragg’s  reflection  (0006). 
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It  was  found  from  X-ray  data  that,  within  the  measurement  accuracy,  the  porosity  remains 
unchanged  after  annealing  a  porous  sample  prior  to  deposition  of  epitaxial  SiC  layer.  At  the  same 
time  (Table  2),  the  number  of  pores  decreases,  and  the  surface  and  the  volume  of  a  single  pore 
increases.  This  fact  can  be  accounted  for  by  a  structural  transformation  in  the  PSC  upon  high 
temperature  annealing  of  the  samples,  leading  to  merging  of  pores  and  a  simultaneous  increase  of 
their  diameter,  which  can  be  seen  in  Fig.2.  It  may  be  assumed  that  this  structural  transformation  is 
caused  by  sublimation  transport  inside  the  pores  and  mechanical  stresses  in  the  pores. 

Tabl.2.  Characterization  of  the  porous  silicon  carbide  layers  before  and  after  high  temperature  growth  of  the  epilayers: 
h-thickness  of  a  PSC;  P-porosity  of  a  layer;  d-pore  diameter;  V-volume  of  a  pore;  N-the  number  of  pores  per  cm2  ;  S- 
pore  surface  area. 


j=20  mA/cm2 

j=100  mA/cm2 

before 

after 

before 

after 

h,  jrm 

26 

22 

16 

12 

P,% 

11.3 

_ 

20 

Ph,  %^m 

295 

— 

330 

_ 

d,  Jim 

22x1  O'3 

52x1 0‘3 

28x1 0'3 

77x1  O'3 

V,nm3 

0.986x1  O'2 

4.67xl0*2 

0.986xl0'2 

5.6xl0'2 

N,  cm'2 

3xl010 

0.53xl010 

3.25xlOl° 

0.43x10'° 

S,  |rm2 

1.8 

3.59 

1.41 

2.9 

Conclusion.  The  performed  investigations  demonstrated  that  heating  of  porous  silicon  carbide  to 
2000°C  and  the  subsequent  growth  of  an  epitaxial  layer  on  it  lead  to  a  transformation  of  the  initial 
PSC  structure,  accompanied  by  merging  of  separate  pores  and  a  decrease  of  their  number.  At  the 
same  time,  a  reduction  of  the  biaxial  compressive  stresses  in  an  epitaxial  layer  on  PSC  by  a  factor 
of  4  to  6,  structural  integrity  of  the  samples  improved  with  the  treatment,  and  the  previously 
observed  decrease  of  the  dislocation  density  by  an  order  of  magnitude  in  the  thick  layer  give  reason 
to  suppose  that  layers  of  this  kind  can  find  application  as  buffers.  However,  it  should  be  noted  that 
further  investigations  are  necessary  for  determining  the  optimal  regimes  of  PSC  fabrication  and 
subsequent  annealing. 
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Abstract  In  this  study,  homoepitaxial  growth  was  carried  out  by  atmospheric  pressure  CVD  using 
Si2Cl6+C3Hg  gas  system.  To  obtain  further  information  about  crystal  orientation  effects, 
hemispherical ly  polished  substrates  of  6H-,  4H-  and  15R-SiC  were  used.  The  effects  of  two  types 
gaseous  etching  (H.+HC1  and  H2+C3Hg)  on  grown  epitaxial  layers  were  studied.  For  C-face,  3D- 
nucleation  of  3C-SiC  along  <1 120>  was  observed  on  the  grown  epilayers  after  the  H+HCl  etching. 
In  contrast,  3D  nucleation  did  not  extend  along  <1120>  of  the  grown  epilayers  after  the  f^+CJH* 
etching.  This  reason  is  attributed  to  the  anisotropy  of  the  H2+HC1  etching  and  the  difference  of 
dangling  bond  energy  at  the  step  edge.  For  Si-face,  characteristic  features  for  each  polytype  were 
observed. 

Introduction 

Substrate  crystalline  orientation  is  a  key  factor  in  determining  the  quality  of  SiC  epitaxial  layers 
formed  using  CVD  [1,2].  Recent  work  has  demonstrated  that  4H-SiC  epilayers  with  smooth 
morphologies  and  high  quality  could  be  grown  on  (1120)  faces,  and  on  substrates  inclined  8  off 
from  (0001)  Si-face  toward  <lT00>  [3-5].  The  surface  morphology  and  the  growth  mechanism 
need  to  be  studied  in  detail  for  various  substrate  crystalline  orientations.  To  obtain  further 
information  about  morphological  stability  on  the  tilted  substrate,  hemispherically  polished 
substrates  were  used.  The  orientation  dependencies  of  surface  morphology  for  homoepitaxial  layers 
using  6H-SiC  hemispherical  substrate  have  been  previously  reported  [6].  Also,  the  orientation 
effects  of  gaseous  etching  before  growth  is  important.  This  work  investigates  the  surface 
morphology  of  the  grown  epitaxial  layer  from  a  preparation  of  gaseous  etching  (H2+HC1  and 
H2+C3H8)  using  6H-,  4H-  and  15R-SiC  hemispherical  substrates.  We  show  how  the  growth  surface 
develops  after  the  different  etch  procedures.  Growth  mechanisms  for  each  direction  are  discussed. 

Experimental 

The  hemispherical  substrates  were  prepared  on  commercial  6H-,  4H-  and  15R-SiC  substrates 
inclined  3.5°,  8°  off  from  (0001)  Si-face  or  (OOOl)  C-face  toward  <1120>,  and  Lely  substrates  (on- 
axis).  The  diameter  of  the  hemispheres  was  15  mm,  and  off  angle  was  obtatined  at  least  0°  to  15°  off 
from  the  basal  plane,  (0001)  Si-face  and  (0001)  C-face.  By  using  those  substrates,  morphological 
stability  of  the  epilayer  in  various  directions,  <hkil>,  could  be  investigated.  The  etching  flow  rate  of 
carrier  H2  gas,  HCI  and  C^,  were  1-3  slm,  3-9  seem  and  0.2-1.2  seem,  respectively.  The  etching 
temperatures  were  1300°C  for  the  H2+HC1  etch,  and  1500°C  for  the  H2+C3Hg  etch.  The  etching  time 
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was  between  5  and  30  minutes.  The  SiC  epilayers  were  grown  by  atmospheric  CVD  using  Sl,C16 
(hexachlorodisilane)  as  Si  source  and  C3H*  as  C  source  [7].  Growth  temperature  was  1500°C,  and 
the  growth  time  was  60  and  660  minutes.  The  growth  rate  on  conventional  flat  substrates  was  1.5 
pm/h.  These  growth  parameters  were  optimized  to  obtain  smooth  surface  of  epilayers  using  6H-SiC 
substrate  inclined  3.5°  off  from  (0001)  Si-face  toward  <1120>.  The  surface  morphologies  of  the 
epilayers  were  observed  by  optical  microscopy  with  Nomarski  mode,  and  Scanning  Electron 
Microscope  (SEM).  The  polytype  of  the  epilayers  was  characterized  by  low  temperature 
photoluminescence  measurements  and  Raman  spectroscopy. 


Results  and  Discussion 

Clear  differences  in  surface  morphology  of  the  grown  epitaxial  layer  after  preparation  of  gaseous 
etching  (H2+HC1  and  H2+C3Hg)  on  C-face  hemispherical  substrates  were  observed.  Fig.  1  shows  the 
surface  morphology  grown  after  H.+HC1  etching  on  C-face  of  6H-SiC  observed  by  optical 
microscopy.  We  obtained  a  sixfold  symmetry  on  the  hemisphere.  The  dark  and  rough  regions, 
where  3D  nucleation  of  3C-SiC  occurred,  extended  along  <1120>.  In  contrast,  smooth  surface  was 


Fig.  1  Optical  microscopy  image  of  the  surface 
morphology  grown  after  H2+HCl  etching  on  C-face 
of6H-SiC. 


Fig.  2  Optical  microscopy  image  of  the  surface 
morphology  grown  after  hf2+C3H8  etching  on  C-face 
of  6H-SiC. 


observed  along  <1100>  [6].  Fig.  2  shows  the  surface  morphology  of  the  hemispherical  epilayer 
grown  after  H2+C3H8  etching  on  C-face  of  6H-SiC.  In  this  case,  no  3D  nucleation  of  3C-SiC 
occurred  along  <1120>,  and  slightly  rough  regions  was  observed  at  the  boundary  between  <1120> 
and  <1100>.  On  the  Si-face,  the  surface  morphology  was  not  significantly  dependent  on  the 
different  etch  procedures.  We  was  observable  no  transformation  of  surface  morphologies  after  each 


Fig.  3  Optical  microscopy  image  of  the  surface 
morphology  grown  after  H3+HCl  etching  on  C- 
face  of  4H-SiC. 


Fig.  4  Optical  microscopy  image  of  the  surface 
morphology  grown  after  Hj+CsHg  etching  on 
C-face  of  4H-SiC. 
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Fig.  5  Schematic  representation  of  step 


etching  procedures  using  optical  microscopy  and 
SEM.  Consequently,  it  is  believed  that  conceive 
gaseous  etching  has  an  effect  on  a  micro-scale  on  Si- 
face  substrates. 

Figs.  3  and  4  show  the  surface  morphology  of 
epilayers  of  4H-SiC  after  each  etching  using  optical 
microscopy.  In  the  case  of  H+HCl  etching, 
microsteps  with  triangular  depressions  at  step  edges 
on  6H-SiC  (OOOl)-vicinal  faces  were  observed  toward 
only  <1120>  [8],  The  H+HCl  etching  produced  the  configtratiorts  after  the H^+HCl etching. 
zigzag  steps  along  <1120>  as  shown  in  Fig.  5.  The 
growth  steps  are  supposed  to  align  parallel  to  crystal 
facets  of  the  substrates.  These  zigzag  steps  produced 
grooves  and  hillocks  aligned  along  the  <1120>  as 
shown  in  Fig.  3.  In  addition,  the  surface  free  energy 
of  <1120>  is  considered  to  be  lower  than  that  of 
<ll00>  for  C-face.  Because  the  surface  free  energy 
of  C-face  is  lower  than  that  of  Si-face  [9].  For  the 
step  edge  of  <1120,  which  has  more  C-dangling 
bonds  than  that  of  the  <ll00>  for  C-face,  the  surface 
free  energy  of  <1 120>  is  lower  than  that  of  <1100>  Fig  6  Schematic  representation  of 

for  C-face.  This  indicates  nucleation  occurs  much 
more  frequently  along  the  <1120  on  C-face  under 
same  condition.  But,  for  Si-face,  the  surface  free 
energy  of  <1 120>  is  higher  than  that  of  <1 100>.  And, 
the  nucleation  occurs  much  more  frequently  along  the 
<1100  on  Si-face. 

In  contrast,  we  propose  that  the  H2+C3Hg  etching  is 
isotropic  for  producing  microsteps  [5].  The  H2+C3Hg 
etching  produced  microsteps  perpendicular  to  each  off- 
direction  for  both  <1120>  and  <1100>.  This  produces 
facets  which  have  the  comer  of  twelvefold  symmetry 
as  shown  in  Fig.  6.  In  Fig.  4,  at  the  boundary  between 


step 


lOOfim 

r<1100>)  . \ 


Fig.  7  Optical  microscopy  image  of  the 
surface  morphology  grown  on  Si-face  of  6H- 
SiC . 


Fig.  8  Optical  microscopy  image  of  the  surface 
morphology  grown  on  Si-face  of  4H-SiC. 


Fig.  9  Optical  microscopy  image  of  the  surface 
morphology  grown  on  Si-face  of  J5R-SiC. 
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<1120>  and  <1100>,  the  slightly  rough  regions  indicate  the  presence  of  the  zigzag  steps  at  each 
comer  of  the  twelvefold  symmetry.  Using  the  H2+C3Hg  etching,  it  is  difficult  to  produce  zigzag 
steps  for  <1 120>  Consequently,  at  the  initial  stage  of  growth,  the  rough  surface  morphology  is  not 
obtained  along  <1 120>  on  C-face. 

Different  epitaxial  surface  morphologies  were  obtained  for  Si-face  of  each  polytype.  For  6H-SiC 
(0001)- vicinal  surface,  a  mosaic  pattern  of  twinned  crystalline  3C-SiC  was  observed  as  shown  in 
Fig.  7.  For  4H-SiC  (0001)-vicinal  surface,  many  triangular  defects,  commonly  observed  in  4H-SiC 
growth  on  low  off-axis  (0001)  flat  substrate,  and  a  mosaic  pattern  were  observed  as  shown  in  Fig. 
8.  The  triangular  defects  were  observed  up  until  2°  off-axis  for  all  directions.  The  occurrence  of  the 
triangular  defects  was  isotropic.  For  15R-SiC  (0001)-vicinal  surface,  a  mosaic  pattern  was  observed 
such  as  on  6H-,  4H-SiC  as  shown  in  Fig.  9.  The  triangular  defect  density  was  between  that  of  6H 
and  4H.  It  was  suggested  that  the  high  percent  of  hexagonality  in  a  polytype  enhanced  the  triangular 
3C-SiC  inclusions  [10].  The  percent  of  hexagonality  of  the  15R  structure  (40%)  is  between  4H 
(50%)  and  6H  (33%).  The  observations  are  consistent  with  this  model.  And,  for  6H-  and  4H-SiC, 
the  step  like  pattern  perpendicular  to  <lT00>  family  was  observed.  But,  for  only  15R-SiC, 
interlaced  shape  and  step  like  pattern  was  observed  alternately  along  [OHO]  and  [lOlO]  as  shown  in 
Fig.  9.  This  growth  mechanism  is  not  clear  yet,  but  is  probably  due  to  the  presence  of  facets  of  15R- 
SiC.  The  rhombohedral  15R  structure  may  be  the  cause  of  the  difference  in  the  surface  morphology. 

Conclusions 

The  surface  morphologies  of  epilayers  grown  on  6H-,  4H-  and  15R-SiC  hemispherical  substrates 
after  the  F^+HCl  and  H2+C3Hg  etching  were  investigated.  For  C-face,  CVD  growth  after  the 
H^+HCl  etch  produced  anisotropy,  with  3D  nucleation  occurred  along  <1120>,  whereas  CVD 
growth  after  the  H2+C3H,  etch  produced  isotropic  3D  nucleation.  This  growth  mechanism  is  caused 
by  the  anisotropy  of  microstep  formation  of  the  H2+HC1  etch  and  the  difference  of  dangling  bond 
energy  for  the  step  edge.  For  Si-face,  each  polytype  produced  a  characteristic  surface  morphology. 
The  triangular  3C-SiC  inclusions  for  4H-SiC  were  observed  up  until  2°  off  for  all  directions. 
Alternately  interlaced  shape  and  step  like  pattern  along  [OlTO]  and  [10T0]  was  observed  for  15R- 
SiC. 
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Abstract1  The  development  of  a  low  temperature  selective  epitaxial  process  for  the  growth  of  3C- 
SiC  on  patterned  Si  substrates  is  reported.  Due  to  the  damage  caused  to  the  oxide  mask  at  the 
conventional  growth  temperatures  of  ~1350°C,  temperatures  lower  than  1250°C  are  needed.  In 
order  to  lower  the  temperature  for  epitaxial  growth,  trimethylaluminium  (TMA)  was  used  and 
epitaxial  films  successfully  grown  at  1250°C.  However,  this  approach  resulted  in  the  formation  of 
an  unidentified  phase  at  the  3C-SiC/Si  interface  as  well  as  gas  phase  nucleation.  Using  HMDS  as 
the  single-source  precursor,  films  were  grown  at  1150°C  using  a  low  growth  rate.  Finally, 
experiments  were  performed  using  HCDS  and  propane  at  1150°C.  Long  time  growth  (up  to  3 
hours)  reveals  good  films  with  no  damage  to  the  oxide.  Coalescence  has  been  demonstrated. 

Introduction:  The  absence  of  high-quality  3C-SiC  bulk  substrates  has  hindered  the  development  of 
this  SiC  polytype.  While  homoepitaxial  growth  of  3C-SiC  has  not  been  developed,  heteroepitaxial 
growth  of  3C-SiC  on  Si  [1]  and  other  substrates  has  indicated  the  promise  of  high  mobility  devices, 
etc.  However,  the  high  density  of  interfacial  defects  (misfit  dislocations,  voids)  as  well  as  other 
defects  (threading  dislocations,  twins,  stacking  faults)  result  in  the  growth  of  lower  quality  material. 
A  suitable  approach  towards  solving  this  problem  is  the  use  of  selective  epitaxial  growth  on 
patterned  silicon  substrates  followed  by  epitaxial  lateral  overgrowth.  The  successful  demonstration 
of  this  technique  recently  in  GaN  growth  [2]  has  spurred  interest  in  this  technique. 

The  main  factors  affecting  selective  epitaxy  are  temperature  of  growth,  choice  of  mask  material, 
orientation  of  windows,  mask  to  window  ratio,  influence  of  an  etchant  (e.g.  HCI),  quality  of  the 
mask  material,  etc.  [3].  In  applying  this  technique  to  SiC  growth,  Edgar  et  al  [4]  report  that  a 
limiting  factor  is  the  oxide  mask  as  well  as  the  duration  of  growth.  For  long  growth  times,  it  was 
difficult  to  suppress  the  unwanted  nucleation  on  the  oxide.  Nishino  et  al  [5]  also  reported  that  the 
use  of  HCI  aided  the  process  of  selective  epitaxy.  In  a  recent  report,  Saddow  et  al  [6]  reported  some 
preliminary  work  on  the  selective  epitaxy  of  SiC  on  Si  using  silicon  nitride  and  aluminum  nitride  as 
masks.  However,  there  was  no  evidence  of  selectivity  using  either  mask.  Our  earlier  work  [7] 
reported  the  use  of  hexachiorodisilane  (HCDS)  and  propane  as  the  source  materials  and  an  oxide 
mask  to  demonstrate  selective  epitaxy  and  lateral  overgrowth.  Unfortunately,  the  oxide  mask  was 
damaged  at  temperatures  above  1250°C.  The  limitations  of  using  the  oxide  as  a  mask  were 
demonstrated  and  attempts  were  made  to  lower  the  epitaxial  growth  temperature  by  adding 
trimethylaluminium  (TMA).  While  this  helped  to  reduce  the  epitaxial  growth  temperature  and  thus 
minimized  damage  to  the  oxide  mask,  the  reaction  tube  became  very  dirty  (possibly  due  to  some 
homogeneous  nucleation)  and  other  problems  were  evident.  An  unidentified  phase  was  formed  at 
the  3C-SiC/Si  interface.  This  may  be  a  glassy  phase  formed  due  to  the  reaction  of  the  mask  with  the 
aluminium  in  the  TMA.  Therefore,  alternative  methods  for  lower  temperature  selective  epitaxy  have 
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been  studied.  We  report  the  use  of  hexamethyldisilane  (HMDS)  to  achieve  low  temperature 
selective  epitaxy  as  well  as  some  recent  results  using  HCDS  and  propane. 


Experimental  procedures:  The  substrates  used  were  patterned  silicon  (001)  substrates  prepared  by 
depositing  a  SiC>2  layer  (~0.7  pm)  as  the  mask,  followed  by  conventional  lithographic  techniques  to 
create  the  pattern.  The  features  ranged  in  size  from  a  few  pm  to  100  pm.  The  windows  are  of 
different  shapes  mostly  oriented  along  the  <11 0>  directions.  The  substrates  were  cleaned  by 
blowing  with  dry  nitrogen.  No  additional  ex-situ  cleaning  was  performed,  as  it  appeared  to  increase 
damage  on  the  mask  surface,  thereby  reducing  the  selectivity. 

A  horizontal  atmospheric  pressure  chemical  vapor  deposition  reactor  was  used.  Source  gases  were 
hexachlorodisilane  (HCDS)  and  propane.  Hydrogen  (typically  3  slm)  was  used  as  the  carrier  gas. 
Hydrogen  chloride  gas  was  used  as  an  etchant  to  suppress  the  unwanted  nucleation  on  the  mask  as 
well  as  for  in-situ  cleaning  of  the  substrate.  Further  details  of  the  CVD  growth  process  have  been 
published  earlier  [7]. 

A  single  source  precursor,  Hexamethyldisilane  (HMDS)  was  also  used.  This  compound  contains 
both  silicon  and  carbon  in  a  ratio  of  1:3  and  is  thus  carbon-rich.  Propane  was  used  during  the 
carbonization  process  and  hydrogen  (typically  3  slm)  as  the  carrier  gas.  The  HMDS  bubbler  was 
maintained  at  a  temperature  of  20°C.  At  this  temperature,  HMDS  has  a  vapor  pressure  of  22  Torr. 
The  flow  rate  of  HMDS  was  in  the  range  of  0.05  seem  -  0.5  seem. 

Results  and  Discussion:  Selective  growth  was  previously  demonstrated  in  films  grown  at  1350°C 
and  below  (Fig.l).  This  was  done  utilizing  HCDS  and  propane.  However,  the  damage  to  the  mask  at 
temperatures  above  1250°C  prompted  the  use  of  the  alternative  precursor,  HMDS.  In  single  source 
precursors,  Si-C  bonding  is  already  present.  Thus,  the  reaction  is  one  of  decomposition  of  the 
source  followed  by  the  reaction  of  the  various  species  with  the  substrate  (Si)  to  form  SiC.  However, 
it  is  rather  difficult  to  get  epitaxially  oriented  nuclei  on  Si(001).  Therefore,  the  common  practice  has 
been  to  use  propane  for  the  carbonization  step  and  then  continue  growth  with  HMDS.  The 
carbonization  step,  using  propane,  was  limited  to  1250°C  to  limit  damage  to  the  mask. 

The  selectivity  was  a  function  of  temperature  and  improved  at  lower  temperatures  (~1150°C).  An 
additional  factor  influencing  selectivity  was  the  concentration  of  the  precursor  (HMDS).  At  high 
concentrations,  the  selectivity  was  poorer.  As  the  source  concentration  increased,  the  morphology 
of  the  nuclei  deposited  on  the  mask  also  changed. 

The  temperature  of  growth  influences  the  crystallinity.  At  lower  temperatures  (1100-1200°C)  and 
normal  growth  rates,  polycrystalline  films  are  obtained.  At  high  temperatures  (-1300-1 3 50°C), 
single  crystalline  films  are  formed,  as  in  the  case  for  growth  using  HCDS  [7].  However,  the  oxide  is 
severely  damaged  at  these  temperatures,  as  mentioned  above.  Using  a  lower  growth  rate  could 
enhance  the  formation  of  epitaxial  nuclei  at  lower  temperatures.  By  using  a  lower  concentration  of 
HMDS  for  growth,  we  expected  to  get  single  crystalline  films  at  lower  temperatures,  while 
maintaining  mask  integrity. 

Using  the  above  results,  an  additional  set  of  experiments  was  performed  using  the  following 
conditions.  The  flow  rate  of  HMDS  was  0.10  seem  and  the  flow  rate  of  HC1  was  1.0  seem.  The 
hydrogen  carrier  gas  flow  rate  was  increased  from  3  slm  to  5  slm.  The  film  quality  improved 
tremendously  and  clear  spot  patterns  were  obtained  by  RHEED.  The  early  stages  of  lateral 
overgrowth  were  observed  in  these  films.  Nominal  growth  rate  on  an  unpattemed  substrate  was 
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about  0.3-0.4  pm  per  hour.  It  is  believed  that  the  growth  rate  is  higher  in  the  windows  of  the 
patterned  substrate  due  to  the  higher  concentration  of  growth  species  in  the  window  area  [8]. 

Since  low  temperature  epitaxial  growth  was  obtained  using  HMDS  by  utilizing  a  slow  growth  rate, 
the  same  approach  was  then  adopted  for  the  HCDS  and  propane  system.  Highly  selective  growth 
was  demonstrated  at  1150°C.  Clear  evidence  for  lateral  overgrowth  was  also  obtained  at  this 
temperature  (Fig.  1).  Lateral  to  vertical  (L/V)  growth  rates  of  up  to  2  have  been  observed.  The  L/V 
rate  depends  on  the  pattern  size  and  shape. 


Figure  1  Epitaxial  Lateral  Overgrowth  of  SiC  on  Si  (001)  substrate  a)  before  growth;  b)  after 
growth  at  1 1 50°C  using  HCDS  and  propane. 

Long  growth  experiments  (up  to  3  hours)  was  performed  at  1 150°C  using  HCDS  and  propane.  The 
growth  rate  was  determined  to  be  about  0.6  pm/hour.  The  films  demonstrated  good  selectivity  and 
the  oxide  mask  remained  undamaged  even  after  three  hours.  Fig.  2a  shows  the  highly  selective 
deposit  of  stripes.  Parts  of  the  mask  that  were  very  large  in  area  (>  10  microns  in  width)  showed  the 
formation  of  unwanted  nuclei  (Fig.  2b). 

Coalescence  of  laterally  overgrown  films  was  achieved  and  is  shown  in  Fig.  3.  The  stripes  are  1  pm 
wide.  The  high  level  of  selectivity  can  be  clearly  observed  in  this  figure.  Fig.  4  also  shows  a  series 
of  stripes  with  various  widths  and  spacings.  Towards  the  top  of  the  figure,  a  series  of  wide  stripes 
are  visible.  They  have  not  yet  coalesced.  However,  the  stripes  towards  the  bottom  of  the  figure  have 
already  coalesced.  An  additional  feature  that  may  be  observed  in  this  figure  is  that  the  stripes  are 
faceted.  Fig.  5  is  a  schematic  of  the  faceted  growth  on  the  stripes. 


Figure  2a)  Highly  selective  growth  of  SiC  and  b)  Undesirable  nucleation  of  SiC  on  wide  areas  of 
oxide  mask 
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Figure  3  Coalesced  stripes  (original  width  1 
pm) 


Figure  4  Stripes  of  varying  width  showing 
facet  formation  and  coalescence 


In  closely  spaced  stripes,  there  is  almost  no  unwanted  nucleation  on  the  oxide  mask.  However,  the 
L/V  ratio  is  lower  than  in  more  widely  spaced  stripes.  This  seems  to  be  related  to  the  availability  of 
laterally  diffusing  species  on  the  exposed  mask. 


Figure  5  Schematic  of  faceted  lateral  overgrowth  of  stripes  of  different  widths  of  3C-SiC  on  Si 


Conclusions:  Low  temperature  selective  epitaxial  growth  has  been  demonstrated  using  HMDS  as  a 
single  source  precursor.  Low  growth  rates  were  necessary  to  obtain  single  crystalline  films.  Using 
the  same  approach,  highly  selective  low  temperature  epitaxy  was  obtained  using  HCDS  and 
propane.  Lateral  overgrowth  was  observable.  Coalescence  of  the  laterally  growing  film  was 
obtained  for  closely  spaced  stripes. 
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Abstract  Epitaxial  4H-SiC  layers  grown  at  10-18  pm/h  in  a  vertical  radiant-heating  reactor 
have  been  characterized  in  terms  of  their  morphology,  purity  and  device  performance.  Through 
optimizations  of  pre-growth  hydrogen  etching  and  growth  parameters,  a  good  morphology  is 
reproducibly  obtained  even  for  thick  layers.  Photoluminescence  and  DLTS  measurements  have 
been  performed  for  epitaxial  layers  to  determine  impurity  levels  and  the  intrinsic  defect  density, 
and  the  growth  parameters  required  to  obtain  a  low  background  doping  and  smooth  surface  are 
discussed.  Edge-terminated  Ni/4H-SiC  Schottky  barrier  diodes  have  been  fabricated,  and 
electrical  performance  of  the  devices  is  demonstrated. 

1.  Introduction 

Power  electronics  is  a  key  technology  for  current  and  future  power  transmission  and 
distribution  systems,  and  recent  progress  in  SiC  crystal  quality  and  device  performance  is  making 
the  electric  power  industry  the  focus  of  considerable  attention.  Electric  power  applications 
require  high-power  devices  that  can  handle  over  several  kV  and  over  1 00  A  (or  even  over  a  few 
kA).  Because  high-voltage  SiC  devices  need  a  thick  active  layer,  techniques  in  SiC  epitaxy  to 
obtain  a  higher  growth  rate  have  been  studied  intensively.  It  has  been  reported  that  growth  rates 
around  10  pm/h  are  available  in  a  horizontal  hot- wall  reactor  with  uniform  doping  and  thickness 
[1].  A  vertical  hot- wall  reactor  has  achieved  high  growth  rates  of  up  to  30  pm/h  with  a  specular 
surface  [2].  High-voltage  bipolar  devices  require  a  long  minority  carrier  lifetime  to  realize  a  low 
on-state  forward  voltage-drop  (Von),  and  crystallographic  defects  and  impurity  levels  must  be 
minimized.  High  power  devices  with  a  large  active  area  also  require  minimizing  of  defects 
induced  during  epitaxial  growth,  as  well  as  defects  in  the  substrate.  From  this  point  of  view, 
improving  crystal  quality  while  achieving  a  high  growth  rate  with  a  sufficient  wafer  capacity  is  a 
challenge  for  current  SiC  epitaxy.  In  this  paper,  we  report  on  the  quality  of  epitaxial  layers 
obtained  at  a  high  growth  rate  in  a  vertical  radiant-heating  reactor. 

2.  Experiments 

Epitaxial  growth  was  performed  on  commercial  8°  off  4H-SiC(0001)  substrates  in  a  vertical 
radiant-heating  reactor.  Substrates  and  a  susceptor  were  placed  inside  a  cylindrical  hot-wall,  so 
that  the  substrates  and  the  susceptor  were  heated  by  radiation  from  the  hot-wall  [3].  We  used  SiH4 
and  C3H8  as  precursors  with  upward  H2  carrier  gas  flow.  Typical  growth  temperature  was  1530- 
1600°C  at  the  susceptor  top,  although  the  hot- wall  temperature  was  considerably  higher  than  the 
susceptor  temperature.  Thick  4H-SiC  epitaxial  layers  were  grown  at  10-18  pm/h  under  a  reduced 
pressure  of  as  low  as  around  50  Torr. 

Nomarski  optical  microscopy  and  atomic  force  microscopy  (AFM)  were  used  to  examine  the 
morphology  of  epitaxial  layers.  Low  temperature  photoluminescence  (PL)  measurements  were 
performed  at  8K  using  a  He-Cd  laser  ( A  =325  nm).  The  Zj  trap  concentration  was  determined  by 
deep  level  transient  spectroscopy  (DLTS)  through  fabricating  Ni-Schottky  electrodes.  For  the 
DLTS  measurements,  we  applied  the  reverse  bias  of  -10  V  and  pulse  bias  of  0  V  for  100  ps. 

High-voltage  4H-SiC  Schottky  barrier  diodes  (SBD)  were  fabricated  employing  Ni  as  a 
Schottky  metal.  Edge  termination  for  Schottky  electrodes  was  achieved  by  a  guard  ring  structure 
produced  via  B+  implantation.  Post-implantation  annealing  was  carried  out  at  1050°C  and  90  min 
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for  the  first  lot  and  1700°C  and  30  min  for  the  second  lot.  After  the  guard  ring  formation,  Ni- 
Schottky  electrodes  were  deposited  on  epitaxial  layers  through  sputtering.  Backside  Ni  ohmic 
contacts  were  made  by  annealing  in  Ar  at  1050°C  for  2  min. 


Fig.  1 .  Nomarski  interference  contrasts  of  Fig.  2.  Near  band  edge  photoluminescence 

a  90  pm-thick  4H-SiC  epitaxial  layer  grown  from  epitaxial  layers  grown  at  (a)  C/Si-0.77 

at  18  pm/h.  and  (b)  C/Si-0.85  without  intentional  doping. 

3.  Results  and  discussions 

3. 1  Morphology  and  purity 

First  we  examined  growth  pits  on  epitaxial  layers.  Figure  1  shows  Nomarski  contrasts  of  a  90 
pm-thick  epitaxial  layer  grown  at  18  pm/h  after  hydrogen  etching  at  1400°C  (measured  for  the 
susceptor  top)  for  45  min.  After  the  hydrogen  etching,  epitaxial  growth  was  performed  at  1550°C 
under  50  Torr.  A  large  defect  free  area  without  observable  growth  pits  is  shown  in  Fig.  1(a).  A 
good  morphology  with  low  density  of  growth  pits  was  obtained  reproducibly  by  applying  pre¬ 
growth  hydrogen  etching  at  30  Torr,  whereas  applying  hydrogen  etching  at  50-760  Torr  tended  to 
result  in  high  density  (typically  103-104  cm'3)  of  growth  pits,  visible  in  Nomarski  contrast  at  a  low 
magnification.  As  this  result,  the  pressure  during  hydrogen  etching  is  a  promising  parameter  to 
control  growth  pit  density.  An  increase  in  the  Si  evaporation  rate  by  reducing  pressure,  leading  to 
inhibit  Si  enrichment  or  droplets  on  the  etched  surface  [4],  may  be  helping  the  reduction  of 
growth  pit  density  when  applying  hydrogen  etching  at  30  Torr.  In  addition,  as  shown  in  Fig.  1(a), 
traces  of  polishing-induced  scratches  are  efficiently  eliminated  from  layer  surfaces.  The  most 
common  growth  pits  remaining  on  epitaxial  layers  are  wavy-pits  [Fig.l  (b)],  as  classified  in  Ref. 
[5],  and  line-shaped  pits  [Fig.  1(c)].  Appearance  and  distribution  of  wavy-pits  were  not  uniform 
ti^ughout  a  sample.  The  typical  density  of  wavy-pits  is  101  cm'2,  although  the  density  reaches 
10  cm  range  in  some  low-grade  wafers.  Line-shaped  growth  pits  have  a  straight  long  depression 
parallel  to  the  step-flow  direction.  Our  KOH  etching  analysis  revealed  that  most  of  the  line-shape 
pits  have  screw  type  dislocations  (1C  screw  dislocations  and/or  a  micropipe)  at  the  upstream  end 
of  the  step-flow  as  described  in  detail  in  Ref.  [6].  The  both  types  of  pits  are  presenting 
independently  in  most  cases,  whereas  some  of  line-shaped  pits  accompany  with  a  wavy  pit  at  the 
downstream  end  as  shown  in  Fig.  1(c).  This  implies  that  a  disturbance  of  the  step-flow  is  a 
possible  origin  of  the  wavy  pit. 

The  purity  of  epitaxial  layers  was  checked  using  PL  measurements.  Figure  2  shows  near  band 
edge  spectra  for  epitaxial  layers  grown  at  C/Si-0.77  [spectrum  (a)]  and  C/Si-0.85  [spectrum  (b)] 
without  intentional  doping.  The  thickness  of  each  layer  was  54  pm  and  63  pm,  respectively.  The 
PL  spectra  were  recorded  at  a  resolution  of  -1  A.  Weak  nitrogen  bound  excitons  (Q0,  P77) 
compared  to  free  excitons  (I77)  suggest  that  the  nitrogen  incorporation  levels  are  very  low. 
Aluminum  bound  excitons  and  boron  bound  excitons  are  also  very  weak.  Reduction  of  nitrogen 
incorporation  levels  as  a  result  of  the  increasing  C/Si  ratio  from  0.77  to  0.85  is  confirmed  by  the 
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weakening  of  the  nitrogen  bound  excitons  in  Fig.  2.  Both  layers  were  identified  as  n-type,  and  the 
net  carrier  densities  (Nd-Na)  were  determined  as  —8 X  10i3  cm'3  for  C/Si-0.77  and  — 2X  1013  cm3 
for  C/Si=0.85  at  the  center  of  the  samples  by  C-V  measurements.  The  capacitance  of  the  Schottky 
diodes  near  the  sample  edge  was  not  determined  for  the  layer  grown  at  C/Si=0.85,  possibly  due  to 
an  influence  of  wafer  holder  that  was  touching  on  the  sample  edge  (growth  face)  along  the  gas 
flow  [3].  On  the  other  hand,  our  AFM  measurements  (not  shown)  revealed  that  the  layer  grown  at 
C/Si=0.77  had  a  smooth  surface  without  macro  step  bunching,  whereas  the  layer  grown  at 
C/Si=0.85  exhibited  deep  grooves  (stripe  type  defects)  on  the  surface.  To  obtain  a  low 
background  doping  and  a  smooth  surface  at  the  same  time,  we  adjust  C/Si  ratios  from  0.77  to 
0.80.  Although  the  window  for  C/Si  ratios  is  very  narrow  in  this  reactor,  intentional  n-type  doping 
from  low  10^  to  low  1019  cm'3  has  been  achieved  under  a  constant  C/Si  ratio  of  0.77. 

Figure  3  shows  a  wide-range  PL  spectrum  for  a  layer  doped  intentionally  to  1.5  XI O' 5  cm  3. 
The  layer  was  grown  at  15  pm/h  under  a  C/Si  ratio  of  0.77,  and  the  thickness  was  120  pm. 
Aluminum-  or  boron-related  donor-acceptor  pair  (DAP)  and  titanium  lines  are  very  weak, 
however,  a  defect  related  L,  line  (427.2  run)  is  clearly  seen.  We  also  performed  DLTS 
measurements,  and  the  Zj  trap  concentration  of  a  layer  grown  at  C/Si— 0.77  (growth  rate:  14  pm/h, 
Nd-Na:  7X  1015  cm"3)  was  determined  as  -3  X 1013  cm' .  This  Z,  trap  concentration  is  somewhat 
higher  than  the  successful  result  in  a  conventional  horizontal  cold- wall  reactor  [7].  We  suppose 
that  reduction  of  the  intrinsic  defects  while  achieving  a  high  growth  rate  is  an  additional  technical 
issue  with  this  reactor.  The  Z,  trap  concentration  determined  for  the  intentionally  doped  layer  is 
comparable  to  the  background  Nd-Na  values  for  the  layers  appeared  in  Fig.  2.  Since  the  Z]  center 
acts  in  an  acceptor-like  manner,  compensation  by  the  Z,  center  must  be  taken  into  account  to  the 
layers  without  intentional  doping. 


Fig.  3.  Photoluminescence  from  an  intentionally 
doped  layer  grown  at  C/Si  raio=0.77  (120  pm- 
thick,  1.5  X 1015  cm'3). 


Fig.  4.  I-V  characteristic  of  a  1  mm  <$>  Ni/ 
4H-SiC  SBD  fabricated  on  an  epitaxial  layer 
(27  pm-thick,  3  X  10' 5  cm'3). 


3.2  Device  performance 

Electrical  performance  of  epitaxial  layers  was  examined  by  testing  Ni/4H-SiC  SBD.  A  10  pm- 
thick  epitaxial  layer  doped  intentionally  to  -7X  1015  cm'3  was  used  in  the  first  lot,  and  a  27  pm- 
thick  epitaxial  layer  doped  intentionally  to  -3X1015  cm'3  in  the  second  lot.  These  layers  were 
grown  at  14-16  pm/h.  The  best  breakdown  voltage  for  0.2  mm  d>  SBD  using  the  10  pm  layer  was 

1 .3  kV,  even  though  the  layer  was  grown  in  only  40  min.  In  use  of  the  27  pm  layer,  a  breakdown 
voltage  of  2.4  kV  was  achieved  for  1  mm  (/)  SBD  as  shown  in  Fig.  4.  The  on-resistance  of  the  2.4 
kV  SBD  was  13.8  mQcm2  (Von=2.7  V  at  100  A/cm2).  Figure  5(a)  shows  a  histogram  of  leakage 
current  levels  at  -600  V  for  1  mm  <f)  SBD.  The  corresponding  electric  field  for  -600  V  is  ~1 .2 
MV/cm  for  the  10  pm  layer  and  -0.79  MV/cm  for  the  27  pm  layer.  Some  of  the  1  mm  SBD 
fabricated  using  the  27  pm  layer  was  able  to  block  -600  V  with  a  small  leakage  current  density  in 
the  order  of  10'7  A7cm2,  although  the  average  leakage  current  density  was  rather  high,  probably 
due  to  fewer  optimizations  of  process  parameters  and  defect  issues.  The  percentage  of  tolerable 
ones,  that  could  block  -600  V  within  a  critical  leakage  current  less  than  1  mA,  was  over  85%  for 


134 


Silicon  Carbide  and  Related  Materials 


I  mm  <f>  SBD.  The  percentage  for  2  mm  <f)  SBD  remained  at  a  reasonable  level  of  75%  as  shown 
in  Fig.  5(b).  We  confirmed  large  defect-free  areas  over  10  mm2,  where  no  observable  defects 
existed  except  wavy-pits,  in  microscope  observation.  This  may  be  attributed  to  the  high  yield  of 
1-2  mm<J>  SBD.  In  use  of  both  the  layers,  we  succeeded  in  obtaining  4  mm<f>  SBD  capable  of 
blocking  -600  V  with  a  leakage  current  density  in  the  order  of  10'3  A/cm2,  however,  about  80%  of 
4  mm  <f>  SBD  resulted  in  failure  within  a  very  small  reverse  voltage  [Fig.  5(C)].  To  understand 
the  poor  yield  of  4  mm  <f>  SBD,  a  density  of  10'  cm'2  range  for  destructive  defects  is  reasonable. 
This  estimated  density  is  close  to  the  density  of  micropipes. 


Leakage  current  at  -600V  (A/cm2) 


Leakage  current  at  -600V  (A/cm2) 


Leakage  current  at  -600V  (A/cm2) 


Fig.  5.  Histograms  of  leakage  current 
levels  for  (a)  1  mm  cf>  Ni/4H-SiC  SBD, 
(b)  2  mm  <f»  SBD  and  (c)  4  mm  <t>  SBD 
at  a  reverse  bias  voltage  of  -600  V.  The 
corresponding  electric  field  for  -600V 
is  ~1 .2  MV/cm  for  the  1 0  pm  layer  and 
-0.79  MV/cm  for  the  27  pm  layer. 


Conclusions 

We  identified  the  characteristics  of  4H-SiC  epitaxial  layers  grown  at  10-18  pm/h  in  a  vertical 
radiant-heating  reactor.  Reduction  of  epi-induced  growth  pits  was  achieved  by  applying  pre¬ 
growth  hydrogen  etching  under  a  reduced  pressure  as  low  as  30  Torr.  Careful  adjustment  of  the 
C/Si  ratio  is  needed  to  obtain  a  low  background  doping  and  a  smooth  surface  at  the  same  time. 
Photoluminescence  measurements  showed  low  impurity  levels  for  the  layers.  In  use  of  a  27  pm 
epitaxial  layer,  a  breakdown  voltage  of  2.4  kV  was  achieved  for  1  mm  <£>  Ni/4H-SiC  SBD  with  an 
on-resistance  of  13.8  mQcm2  (Von=2.7  V  at  100  A/cm2).  Some  1  mm<f>  SBD  showed  a  small 
leakage  current  density  in  the  order  of  10'7  A/cm2  at  -600  V. 
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ABSTRACT 

The  surface  morphology  of  epitaxial  layers  grown  on  low  off-angle  4H-SiC  (0001) 
substrates  is  investigated.  The  epitaxial  growth  is  carried  out  using  a  horizontal,  hot-wall  type 
CVD  reactor.  The  temperature  range  and  pressure  of  both  H2  pre-growth  etching  and  epitaxial 
growth  are  1400  -  1600  °C  and  188  Torr,  respectively.  Two  kinds  of  surface  features  are  observed. 
One  is  a  stripe  feature  along  the  direction  of  <lT00>  observed  after  pre-growth  etching.  The  other 
is  a  triangular  shaped  feature  observed  after  epitaxial  growth.  The  stripe  features  are  decreased  by 
lowering  the  temperature  and  shortening  the  time  of  pre-growth  etching.  The  triangular  shaped 
features  are  decreased  by  adding  C3R&  during  pre-growth  etching. 

INTRODUCTION 

8°  off-angle  4H-SiC  (0001)  substrates  are  usually  used  for  epitaxial  growth  of  4H-SiC. 
Recently,  lower  off-angle  substrates  are  attracting  notice  from  the  point  of  the  interface  state  density 
of  MOS  structures  [1].  The  influence  of  off-angle  on  the  surface  morphology  of  the  epitaxial 
growth  using  6H-SiC  (0001)  substrates  has  been  already  investigated  in  detail  [2].  However,  the 
influence  of  lower  off-angle  on  the  surface  morphology  after  pre-growth  etching  and  epitaxial 
growth  using  4H-SiC  (0001)  substrates  has  received  less  attention.  In  this  work,  surface 
morphologies  both  after  pre-growth  etching  and  after  epitaxial  growth  on  lower  off-angle  4H-SiC 
(0001)  substrates  are  observed.  Based  on  the  observed  results,  appropriate  conditions  of  etching 
and  growth  to  obtain  an  epitaxial  layer  with  smooth  surface  are  determined. 

EXPERIMENTAL 

Epitaxial  growth  was  carried  out  with  a  horizontal,  hot-wall  type  CVD  reactor.  The 
hot- wall  susceptor  and  the  substrate  loading  plate  are  made  of  high  jnirity  graphite  coated  with  SiC. 
4H-SiC  (0001)  substrates  misoriented  0°,  3.5°,  and  8°  towards  <1120>  were  used.  The  off-angles 
have  the  error  within  ±5%.  Before  loading  into  the  reactor,  the  substrates  were  cut  into  8x8  mm 
samples  and  sequentially  cleaned  with  acetone,  dipped  in  5  %  HF,  and  rinsed  in  deionised  water. 
SiH4  (3.3  cc/min.)  and  C3H8  (0.89  cc/min.)  were  used  as  source  gases  with  H2  carrier  gas  (40  1/min.). 
Temperature  range  and  pressure  of  both  H2  pre-growth  etching  and  epitaxial  growth  were  1400  - 
1 600  °C  and  1 88  Torr,  respectively.  Etching  time  is  defined  as  the  time  from  the  time  reaching  the 
growth  temperature  to  the  time  starting  the  growth.  In  other  words,  etching  for  0  min.  means 
etching  during  temperature  rising  from  room  temperature  to  growth  temperature.  Surface 
morphologies  were  observed  by  Nomarski  differential  interference  contrast  microscopy  (NDIC). 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  NDIC  images  of  surface  morphologies  after  epitaxial  growth  when  0°, 
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3.5°,  and  8°  off-angle  4H-SiC  (0001)  substrates  were  used.  Both  pre-growth  etching  and  growth 
were  carried  out  at  1600  °C.  Smooth  surface  morphology  was  observed  in  the  case  of  the  epitaxial 
layer  grown  on  8°  off- angle  substrates.  On  the  contrary,  stripe  features  along  the  <1100>  direction 
were  observed  in  the  case  of  the  epitaxial  layer  grown  on  3.5°  off-angle  substrates. 


(a)  0°  off 


'  (b)  3.5°  off  r 


'*  '“‘VV! 


**■*».»* _ 


. », 

'*  .  . . - 


Fig.  1 .  Effect  of  off-angle  on  the  morphology  of  epitaxial  films  (NDIC  images). 
Epitaxial  layer  thickness  a)  1 .8  ji  m,  b)  2.2  \x  m,  c)  2.2  \x  m. 


To  clarify  when  the  stripe  features  occurred  on  the  3.5°  off-angle  substrate  surface, 
morphologies  after  only  pre-growth  etching  were  examined.  Fig.  2  shows  the  NDIC  images  after 
pre-growth  etching.  The  pre-growth  etching  was  carried  out  in  H2_for  0,  30,  and  60  min.  at  1400, 
1500,  and  1600  °C.  The  stripe  features  along  the  direction  of  <11 00>  are  already  observed  after 
pre-growth  etching  at  higher  temperature  and  longer  time  of  pre-growth  etching. 

(a)  1400  °C,  Omin.  '  (b)  1400  °C,  30min.  (c)  1400  °C,  60min. 
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Fig.  2.  Surface  mophologies  after  H2  pre-growth  etching  of  3.5°  off-angle  substrates. 


Figure  3  shows  the  NDIC  images  of  surface  morphology  after  pre-growth  etching  (a)  and 
after  epitaxial  growth  (b)  when  3.5°  off-axis  substrates  were  used.  The  pre-growth  etching  was 
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carried  out  in  H2  for  30  min.  at  1600  °C.  The  epitaxial  growth  was  carried  out  at  1500  °C  to  avoid 
the  occurrence  of  stripe  features.  The  stripe  features  which  appeared  during  pre-growth  etching 
can  be  also  seen  after  epitaxial  growth.  This  result  indicates  that  the  stripe  features  observed  after 
pre-growth  etching  are  inherited  to  the  surface  morphology  after  epitaxial  growth. 

(a)  after  pre-growth  etching  (b)  after  growth 


Fig.  3.  Surface  morphology  inheritance  on  the  3.5°  off-axis  substrate,  a)  Pre-growth  etching: 

1600  °C,  30  min.,  b)  Growth:  1500  °C,  80  min.,  3.2  /i  m  (layer  thickness) 

Figure  4  shows  the  NDIC  images  of  surface  morphology  after  pre-growth  etching  (a)  and 
after  epitaxial  growth  (b)  when  both  the  pre-growth  etching  and  growth  were  carried  out  at  1500°C 
to  prevent  the  occurrence  of  the  stripe  features.  Stripe  features  were  not  observed  on  the  surface 
after  pre-growth  etching.  Triangular  shaped  features  are,  however,  observed  on  the  surface  after 
epitaxial  growth.  These  triangular  features  can  be  eliminated  by  increasing  the  epitaxial  growth 
temperature.  On  the  other  hand,  stripe  features  increase  with  increasing  H2  etching  temperature  as 
shown  in  Fig.  2.  Therefore,  it  is  very  difficult  to  eliminate  both  triangular  features  and  stripe 
features  at  the  same  time,  as  the  H2  etching  temperature  is  inevitably  also  increased  when  the 
growth  temperature  is  raised  to  eliminate  the  triangular  features. 


(a)  after  pre-growth  etching  (b)  after  growth  p-- 
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Fig.  4.  Triangular  shaped  feature  after  growth  on  the  3.5° 

<1100* 

off-axis  substrate. 

Epitaxial  layer  thickness  b)  2.0  fi  m. 

(a)  with  C3H8  (>  1200  °C)  (b)  without  C3H8 

100  n  m 
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Fig.  5.  Effect  of  adding  C3H8  during  pre-growth  etching  on  the  3.5°  off-axis  substrate. 
Epitaxial  layer  thickness  a)  2.2  11  m,  b)  2.0  ji  m. 

The  effect  of  adding  C3H8  during  the  pre-growth  etching  [3]  was  examined  in  order  to 
prevent  the  occurrence  of  both  triangular  features  and  stripe  features  after  epitaxial  growth.  Fig.  5 
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shows  the  effect  of  adding  C3H8  to  the  H2  ambience  during  a  pre-growth  etching  at  1500  °C  for  3 
min.  on  the  surface  morphology  after  epitaxial  growth.  C3H8  was  added  to  H2  from  the  time  when 
the  temperature  reached  1200  °C  during  the  temperature  rising  process.  It  is  expected  that  the 
stripe  feature  do  not  appear  at  this  H2  etching  temperature  (1500  °C)  from  the  results  of  Fig.  2. 
The  conditions  of  the  epitaxial  growth  were  the  same  as  that  of  Fig.  4.  As  can  be  seen  in  Fig.  5  (a), 
both  stripe  and  triangular  features  did  not  appear  after  epitaxial  growth. 
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Fig.  6.  Effect  of  adding  C3H8  during  pre-growth  etching  on  the  density  of  triangular  shaped  features 
on  the  3.5°  off-axis  substrate. 


Figure  6  shows  the  effect  of  adding  C3H8  to  the  H2  ambience  during  pre-growth  etching  on 
the  density  of  the  triangular  shaped  features  after  epitaxial  growth.  X-axis  is  the  temperature  of  H2 
etching  and  epitaxial  growth.  It  can  be  seen  that  the  addition  of  C3H8  to  the  H2  ambience  during 
pre-growth  etching  is  very  effective  to  suppress  the  occurrence  of  triangular  defects,  especially  at 
lower  epitaxial  growth  temperature. 

SUMMARY 

The  surface  morphology  of  epitaxial  layers  grown  on  low  off-angle  4H-SiC  (0001) 
substrates  has  been  investigated  using  a  horizontal,  hot-wall  type  CVD  reactor.  Two  kinds  of 
surface  morphologies  are  observed.  One  is  a  stripe  feature  along  the  <1 1 00>  direction  and  is 
already  observed  after  pre-growth  etching.  The  other  one  is  a  triangular  shaped  feature  observed 
after  epitaxial  growth.  The  stripe  features  are  decreased  by  lowering  the  temperature  and 
shortening  the  time  of  pre-growth  etching.  The  triangular  shaped  features  are  decreased  by  adding 
C3H8  during  pre-growth  etching.  It  has  been  demonstrated  that  epitaxial  layers  with  smooth 
surface  can  be  achieved  on  3.5°  off-angle  substrates  by  choosing  appropriate  conditions  for  both 
pre-growth  etching  and  epitaxial  growth,  as  well  as  adding  CsH8  to  H2  during  pre-growth  etching. 
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Abstract  Two  types  of  in  situ  etching  (H2+HC1  and  H2+C3H8)  and  epitaxial  growth  were 
performed  on  4H-SiC  substrates  inclined  8°  off  from  (0001^  towards  <11 00>  and  <1120>  The 
H2+HC1  etch  produced  larger  microstep  heights  on  the  <ll00>-off  direction  compared  to  the 
microsteps  on  the  <1120>-off  direction.  The  H2+C3H8  etch  produced  similar  microstep  structures 
with  the  height  of  1-2  bilayers  on  both  off-orientations.  Even  though  the  films  were  up  to  19  pm 
thick,  high  quality  epilayers  without  incorporation  of  3C-SiC,  large-scale  step  bunching,  and  rough 
3D  nucleation  were  obtained  on  4H-SiC  substrates  inclined  towards  both  <1100>  and  <1120>  by 
APCVD  using  Si2Cl6+C3H8  system. 

Introduction 

In  homoepitaxial  growth  of  SiC,_step-controlled  epitaxy,  in  which  a  substrate  cut  several  degrees 
from  the  (0001)  face  toward  <1120>  promotes  high  quality  homoepitaxial  growth,  has  been  widely 
used  [1],  Most  of  the  work  in  SiC  epitaxy  has  focused  on  substrates  inclined  toward  <1120>.  On 
the  (0001)  substrates  inclined  toward  <ll00>,  stripe-like  morphology  appears  and  the  incorporation 
of  3C-SiC  polytype  defects  occurs  for  long-time  growth  on  6H-SiC  [2,3].  However,  epitaxial 
growth  on  4H-SiC  (0001)  inclined  toward  <ll00>  has  been  studied  less.  Recent  work  has 
demonstrated  that  4H-SiC  epilayers  with  smooth  morphologies  can  be  grown  on  substrates  inclined 
toward  <ll00>  in  a  low  pressure  epitaxial  growth  system  [4],  This  work  investigates  the  surface 
morphology  by  Atomic  Force  Microscopy  (AFM),  using  two  types  of  in  situ  etches  (H2+HC1  and 
H2+C3H8),  for  4H-SiC  substrates  inclined  8°  off  from  (0001)  towards  each  <1100>  and  <1120> 
crystalline  orientations.  We  also  show  how  the  homoepitaxial  growth  surfaces  develop  after  the 
different  etching  procedures  for  4H-SiC  substrates  inclined  towards  <lT00>  and  <1 120>. 

Experimental 

Surface  etching  and  epitaxial  growth  were  carried  out  on  4H-SiC  substrates  inclined  8°+l°  off  from 
(0001)  Si-face  towards  either  <ll00>  or  <1 120>.  A  horizontal  cold- wall  CVD  reactor  [5]  was  used 
for  the  etching  and  growth.  Hj,  HCI,  C3Hg  gas  flows  during  etching  were  1-3  slm,  3-9  seem  and  0.2- 
1.2  seem,  respectively.  Etching  temperatures  were  1300°C  for  the  H+HCl  etch,  1500°C  for  the 
H2+C3H8  etch.  The  etch  was  performed  for  10  minutes  in  each  case.  4H-SiC  films  were  grown  by 
atmospheric  pressure  CVD  using  Si2Cl6  (hexachlorodisilane)  as  Si  source  and  C3H8  (5  %  in  H2)  as  C 
source  with  H2  as  carrier  gas.  Growth  temperature  was  1500°C  and  period  of  the  growth  was  60  and 
600  minutes.  The  specific  growth  parameters  chosen  for  this  work  were  those  identified  as  optimal 
for  growth  on  4H-SiC  (0001)  inclined  8°  off  toward  <1120>.  No  effort  was  made  to  optimize  the 
growth  parameters  for  epitaxial  growth  on  4H-SiC  (0001)  inclined  8°  off  toward  <ll00>.  AFM 


140 


Silicon  Carbide  and  Related  Materials 


characterization  of  the  samples  was  done  before  etching,  after  etching  and  after  the  growth.  Surface 
morphology  was  characterized  using  an  optical  microscopy  in  the  Nomarski  mode,  and  film 
thickness  was  measured  by  cross  section  using  a  scanning  electron  microscope.  The  AFM  analysis 
was  done  using  a  Nanoscope  Ma  system  running  in  tapping  mode  (Digital  Instruments). 


Results  and  Discussion 

Fig.  1  shows  a  lxl  pm2  AFM  image  of  a  4H  as 
both  off-orientations  have  randomly-oriented 
polishing  scratches,  with  no  observable  step 
structure  on  either  substrate  orientation.  In  Fig. 
2a,  the  substrates  inclined  toward  <ll00>  has 
been  etched  with  the  H2+HC1.  We  observed  a 
pattern  of  microsteps  on  both  off-orientations. 
The  microsteps  are  perpendicular  to  each  off- 
orientation.  However,  the  microsteps  on  the 
substrates  inclined  toward  <11 00>  were  more 
regular  than  the  microsteps  on  the  substrates 
inclined  toward  <1 120>.  The  microstep  heights 
on  the  substrates  inclined  toward  <1 120>  were 
about  0.25-0.5  nm,  corresponding  to  the  height 
of  1-2  Si-C  bilayers.  In  contrast,  the  steps  on 
the  <1100>-off  surface  were  about  1-2  nm  in 


■received  substrate.  The  substrates  inclined  toward 


height,  which  is  much  larger  than  1-2  bilayers.  FiS-  1  AFM  imageof  an  as-received  4H-SiC  substrate 

-c, •  ou  inclined  toward  <1100>.  Image  shows  lxl  um2  area  and 

Fig.  2b  shows  the  result  for  the  ofT-onentation  20  nm/div  height  scale 

toward  <1100>  which  has  been  etched  with 

H2+C3H,  A  smoother  surface  was  obtained  compared  to  the  H2+HC1  etch,  and  the  microsteps  were 
observed  on  both  off-orientations  in  the  small  scale  image  areas  (lxl  pm2).  The  microstep  heights 


were  1-2  bilayers,  and  not  significantly  different  for  both  off-orientations.  On  some  samples,  in  the 
large  scale  image  areas  (10x10  pm2)  we  observed  hillocks  having  a  large  height  of  more  than  1  nm. 
The  appearance  of  hillocks  with  the  H2+C3H8  etch  is  consistent  with  other  reports  [6,7]. 


(a)  M/0.2  (b)  \l/o.2 

Fig.  2  AFM  image  of  the  etched  surfaces  with  off  direction  toward  <fl00>.  (a)  H2  +  HCl  etch,  (b)  H2  +  CfJ8  etch. 
Images  show  lxl  pm2  areas  and  20  nm/div  height  scales. 
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These  results  show  that  the  H2+HC1  etch  demonstrates  anisotropy,  and  the  H2+C3H8  etch  is 
isotropic  for  producing  microsteps.  Etching  by  R>  alone  has  been  reported  to  produce  step  heights 
of  typically  1-2  bilayers  on  both  off-orientations  [8].  The  reason  for  this  difference  of  microsteps 
for  the  H2+HC1  etch  is  not  clear  yet,  but  it  is  clear  that  only  the  H2+HC1  etch  demonstrates 
anisotropy.  Consequently,  we  consider  that  the  presence  of  Cl  adatoms  affects  the  microstep 


formation  for  each  orientation. 

Different  step  structures  were  obtained  by  using  variable  etch  conditions.  However,  after  60 
minutes  of  growth  using  substrates  which  had  different  etch-step  structures,  we  observed  no  major 
difference  in  surface  roughness.  Table  1  shows  the  typical  average  surface  roughness  after  growth 
for  etched  substrates  (H2+HC1  and  H2+C3H8).  If  we  neglect  the  polishing  damage  of  the  substrate, 
surface  morphology  of  the  epitaxial  layer  Table  1  The  surface  roughness  value  of  the  AFM  images  after 


was  not  affected  by  both  etching  conditions. 

In  addition,  very  smooth  epitaxial  surface 
morphologies  were  obtained  on  both  off- 
orientations  for  films  up  to  19  pm  thick.  Fig. 
3  shows  the  surface  morphology  for  epilayer 
thickness  of  15  pm  grown  on  the  4H-SiC 
inclined  8°  off  toward  <1100>  as  observed 
by  optical  microscopy.  The  growth  rate  of 
epitaxial  films  for  both  off-orientations  was 
equal  within  experimental  error,  and  was  1.5 
pm/h  using  typical  growth  conditions.  Using 
Raman  scattering  and  photoluminescence, 
only  the  peaks  characteristic  of  4H-SiC 
were  observed  in  each  spectrum  for  19  pm 
films  on  both  off-orientations.  Even  though 
the  film  thickness  was  increased,  the 
incorporation  of  3C-S iC,  large-scale  step 
bunching,  and  rough  3D  nucleation  were  not 
observed  on  both  off-orientations  by  optical 
microscopy.  Consequently,  the  4H-SiC 


growth  on  pre-growth  etching  substrates. 
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epilayers  inclined  toward  <1100>  exhibited 
very  good  epitaxial  morphology  similar  to  the  epilayers 
inclined  toward  <1 120>.  The  growth  surface  obtained  in 
this  work  was  different  from  the  growth  surface  reported 
for  6H-SiC  substrates  inclined  toward  <1100>  [2,3]. 
Further,  AFM  analysis  revealed  smooth  surfaces  for 
epilayers  on  both  off-orientations,  and  no  evidence  of 
large  scale  step  bunching  could  be  seen  when  the  AFM 


scan  areas  were  increased  (see  Table  1).  For  15  pm  3  jhe  surface  morphology  for  epilayer 
thick  films,  the  microsteps  were  observed  more  clearly  thickness  of  15  pm  grown  on  the  4H-SiC 
in  the  <ll00>-off  epilayers  than  in  the  <1120>-off  inclined  8  off  toward  <11  oo>. 
epilayers  as  shown  in  Fig.  4.  This  orientation  dependence  was  explained  by  alignment  parallel  to 
the  crystal  facets  [2].  Parallel  steps  appear  on  the  substrates  inclined  toward  <1 T00>,  whereas 
zigzag  steps  appear  on  the  substrates  inclined  toward  <1120>.  The  most  common  step  height  of 
these  microsteps  is  about  0.5  nm  (2  bilayers)  on  both  off-orientations.  But  a  more  detailed 


transmission  electron  microscopy  (TEM)  analysis  is  needed. 
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Fig.  4  AFM  image  of  15  pm  epilayers  grown  on  (a)  <1100>  -off  substrate  and  (b)  <11 20>  -off  substrate. 
Images  show  lxl  pirf  areas  and  1. 0  nm/div  height  scales. 


The  4H-SiC  substrates  inclined  toward  <1100>  also  demonstrated  high  quality  epilayers  grown 
by  APCVD  as  compared  with  the  work  on  6H~SiC.  But,  in  this  study,  Si2Cl6  was  used  as  the  Si 
source.  Adding  Cl  adatoms  to  the  CVD  source  gases  influence  the  suppression  of  gas  phase 
nucleation,  the  change  of  the  reactant  species  from  hydrides  to  chlorides,  and  the  etching  of  SiC. 
The  cause  of  the  smooth  epilayer  may  be  attributed  to  the  presence  of  Cl  adatoms. 

Finally,  Au/4H-SiC  Schottky  barrier  diodes  were  fabricated  on  both  off-oriented  epilayers.  The 
donor  concentration  of  15-19  pm-thick  drift  layers  was  determined  to  be  4-5xlOIscm‘3  by  C-V,  the 
breakdown  voltage  was  500-600  V.  The  donor  concentration  and  the  breakdown  voltage  showed 
no  significant  difference  for  each  epilayer  grown  under  the  same  growth  conditions. 

Conclusions 

The  surface  structure  of  the  H^HCl  and  f^+CjH,  etched_surfaces  and  epilayers  grown  on  4H-SiC 
substrates  inclined  8°  off  from  (0001)  Si-face  towards  <1100>  and  <1120>  were  investigated.  The 
F^+HCl  etch  demonstrated  anisotropy,  whereas  H2+C3Hg  etch  resulted  an  isotropic  microsteps 
formation.  Microsteps  were  observed  more  clearly  on  the  <ll00>-off  surface  than  on  the  <1 120>- 
off  surface  after  growth.  The  4H-SiC  epilayers  up  to  19  pm  thickness  with  very  smooth  surfaces 
were  obtained  on  both  off-orientations  grown  by  APCVD  using  Si.Cl.+QH,  system. 
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Abstract 

Large  area  growth  of  3C-SiC  on  off-oriented  6H-SiC  substrates  is  demonstrated  and  the  growth 
evolution  is  investigated.  The  structural  quality  assessed  from  high-resolution  x-ray  diffraction  (0- 
rocking  curve  measurements  shows  a  symmetric  peak  with  a  full  width  at  half  maximum  of  36 
arcsec  and  20/6  measurements  show  that  the  lattice  in  the  grown  3C-SiC  is  not  distorted  by  using 
6H-SiC  as  a  substrate. 

Introduction 

Development  in  epitaxial  growth  of  the  cubic  polytype  3C-SiC  has  been  held  back  due  to  the  lack 
of  3C-SiC  substrates.  When  homoepitaxial  growth  is  applied  on  off-oriented  a-SiC  substrates  the 
substrate  polytype  is  replicated  by  the  epilayer.  In  this  case,  it  has  been  demonstrated  that  the 
structural  quality  in  the  epilayers  improves  compared  to  the  starting  material,  mainly  due  to  domain 
enlargement  [1].  Growth  conditions  for  avoiding  inclusions  of  3C-SiC  within  6H  and  4H-SiC 
epilayers  have  been  investigated  extensively.  Intentional  growth  of  3C-SiC  epitaxial  layers  has  been 
mostly  studied  using  Si  as  a  substrate.  However,  the  use  of  a-SiC  substrates  reduces  difficulties 
which  arise  due  to  differences  in  lattice  mismatch,  thermal  expansion  and  chemical  incompability. 
In  case  of  using  6H-SiC(0001)  substrates,  i.e.  on-axis  growth,  defects  such  as  double  positioning 
boundaries  (DPBs)  [2]  are  difficult  to  avoid.  We  have  investigated  formation  of  3C-SiC  grown  on 
6H-SiC  substrates  off-oriented  2.8°  and  3.5°  from  (0001)  in  the  [1120]  direction.  Once  3C-SiC  has 
been  formed,  a  similar  effect  for  improvement  of  the  structural  quality  as  in  homoepitaxial  growth 
may  be  expected.  Our  earlier  studies  of  sublimation  grown  3C-SiC  on  off-oriented  6H-SiC 
substrates  have  shown  good  quality  material  by  low-temperature  photo-luminescence  studies  and 
well-ordered  3C-SiC(lll)  surfaces  by  low  energy  electron  diffraction  and  Laue  measurements  [3]. 
In  this  study  we  present  development  in  the  growth  of  3C-SiC  on  off-oriented  a-SiC  substrates  for 
further  understanding  of  necessary  growth  conditions  for  the  polytype  formation  and  growth 
mechanism  as  well  as  evaluation  of  the  structural  quality  from  high-resolution  X-ray  diffraction 
(HRXRD)  measurements. 

Experimental 

The  growth  technique  used  is  sublimation  epitaxy  [4]  and  the  growth  rate  was  about  0.1  mm/h  at 
1800°C.  The  substrates  were  6H-SiC  wafers  with  diameter  35  mm  and  the  surfaces  were  off- 
oriented  2.8°  and  3.5°  from  (0001)  in  the  [1120]  direction.  No  difference  in  the  results  when  using 
these  off-orientations  have  been  observed.  The  (0001)  face  of  6H-SiC  is  suitable  as  a  substrate  for 
growth  of  3C-SiC  since  the  surface  atomic  structure  of  the  (0001)  face  is  similar  to  the  atomic 
structure  of  the  3C-SiC(lll)  surface  [5].  The  thicknesses  of  the  3C-SiC  crystals  grown  in  our  study 
reach  hundreds  of  pm  or  in  some  cases  more  than  1  mm.  These  crystals  were  grown  in  several  runs 
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and  growth  duration  varied  between  1  and  3  hours.  The  grown  3C-SiC  material  has  been 
characterized  using  optical  microscopy,  crossed-polarizers,  and  HRXRD  measurements. 


Results  and  discussion 

At  the  first  growth  run  of  the  crystals  (i.e.  at  the  initial  growth  on  the  6H-SiC  substrate)  we  have 
applied  a  fast  growth  rate  ramp-up  which  we  have  found  to  be  beneficial  for  the  formation  of  3C- 
SiC.  By  growth  rate  ramp-up  we  mean  an  increase  of  the  growth  rate  with  time  up  to  the  0.1  mm/h 
growth  rate.  In  subsequent  growth  runs,  i.e.  when  3C-SiC  is  present  on  the  crystal  surfaces,  the 
ramp-up  of  the  growth  rate  was  slower  since  this  provides  better  control  of  the  crystal  growth  [1]. 
The  fast  growth  rate  ramp-up  was  3-5  times  the  normal  one  which  is  5-15  (pm/h)/min. 

It  has  been  reported  [6,7]  that  3C-SiC  can  be  formed  by  using  a  high  growth  rate  (>180-240 
Mm/h).  However,  higher  growth  rates  lead  to  smaller  twinning  regions,  i.e.  higher  concentration  of 
DPBs  [6,7].  Therefore  we  have  used  a  lower  growth  rate  but  still  reasonable  for  growth  of  thick 
crystals,  and  initiated  growth  of  3C-SiC  by  applying  a  fast  growth  rate  ramp-up. 

Nucleation  of  3C-SiC  on  the  6H-SiC  substrates  may  occur  at  the  edge  of  the  wafer  opposite  to 
the  direction  of  the  off-orientation  or  at  edges  of  domains  present  within  the  6H-SiC  wafer.  Fig.  1 
demonstrates  an  image  taken  with  crossed-polarizers  of  3C-SiC  grown  on  an  off-oriented  6H-SiC 
substrate  and  where  the  3C-SiC  growth  has  started  at  a  domain  boundary.  The  3C-SiC  appears  at 
the  domain  edge  opposite  to  the  off-orientation  and  at  this  location  the  first  nucleation  takes  place. 
It  is  easy  to  discern  between  the  different  polytypes  by  using  transmission  light  microscopy.  In  this 
mode  the  3C-SiC  and  6H-SiC  have  different  colours. 


Fig.  1.  Crossed-polarizer  image  of  grown  3C-SiC  on  a  2.8°  off-oriented  6H-SiC  substrate. 


Fig.  2  shows  a  more  detailed  picture  of  the  3C-SiC  growth  at  the  domain  boundary.  At  the  edge 
opposite  to  the  off-orientation  an  on-axis  region  has  appeared  and  steps  are  visible  in  the  direction 
of  the  off-orientation.  The  on-axis  region  is  created  at  the  edge  of  the  wafer  or  at  the  domain 
boundary.  On-axis  surfaces  are  favorable  for  appearance  of  3C-SiC.  Once  the  initial  3C-SiC  has 
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formed  at  the  on-axis  area,  the  3C-SiC  extends  along  the  off-orientation  and  overgrows  the 
substrate  polytype. 


Fig.  2.  Closer  picture  of  the  area  where  3C-SiC  is  nucleated  at  a  domain  boundary  and  extended  by  step  flow  growth. 


It  is  clear  that  the  substructure  of  the  6H-SiC  substrate  affects  the  growth  of  3C-SiC.  Domains 
are  locations  where  3C-SiC  can  grow  and  as  the  number  of  domains  is  large,  many  different  areas 
with  3C-SiC  will  be  present.  Also  micropipes  from  the  substrate  affect  the  extension  of  the  3C-SiC 
in  a  similar  way  as  in  homoepitaxial  growth  on  off-oriented  substrates. 

Fig.  3  shows  how  the  3C-SiC  can  overgrow  the  6H-SiC  substrate  as  growth  proceeds.  The 
substrate  contained  several  domains  and  in  this  case  3C-SiC  has  been  formed  at  the  domain 
boundaries.  Finally,  the  3C-SiC  has  overgrown  completely  the  6H-SiC  material  in  the  down-step 
direction. 


Fig.  3,  Overall  view  of  the  extension  of  3C-SiC  grown  on  off-oriented  6H-SiC  substrate  using  transmission  light 
microscopy;  left  picture:  after  initial  growth;  right  picture:  after  subsequent  growth.  Arrows  mark  the  borders  of  3C- 
SiC. 


HRXRD  measurements  were  performed  along  the  <  1 120  >  direction.  The  lattice  matching  is 
demonstrated  by  26/6  measurements.  The  full  width  at  half  maximum  (FWHM)  is  locally  less  than 
20  arcsec  (using  a  spot  size  of  lxl  mm2)  which  shows  that  the  3C  crystal  grown  on  6H-SiC  has  not 
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resulted  in  severe  crystal  deformation  of  the  3C-SiC  lattice.  The  co-rocking  curve  measurements 
show  a  symmetric  peak  and  the  FWHM  value  is  36  arcsec  (spot  size  2x2  mm2).  This  is  in  the 
expected  range  for  crystals  grown  with  a  moderate  growth  rate  [8]  such  as  used  for  our  results.  The 
value  of  the  FWHM  increases  at  highly  distorted  areas. 


Aco  [arcsec] 

Fig.  4.  HRXRD  ©-rocking  curve  of  3C-SiC  grown  on  an  off-oriented  6H~SiC  substrate,  the  FWHM  is  36  arcsec. 


Summary 

We  have  shown  that  thick  3C-SiC  crystals  can  be  grown  on  off-oriented  6H-SiC  wafers  acting  as 
substrates.  Long-term  growth  may  provide  3C-SiC  wafers  but  the  substructure  of  the  6H-SiC 
substrates  (e.g.  domains)  makes  crystal  growth  of  3C-SiC  bulk  material  difficult  to  control.  The  6H- 
SiC  is  suitable  as  a  substrate  for  growth  of  3C-SiC  as  shown  from  investigating  the  structural 
quality  using  HRXRD  measurements. 
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Abstract.  The  effect  of  the  growth  conditions  on  the  polytype  formation  in  epitaxial  SiC  layers 
grown  on  vicinal  and  singular  surfaces  by  the  sublimation  method  has  been  studied  by  a  real  color 
cathodoluminescence  SEM  technique.  A  polytype  growth  instability  is  observed  on  a  singular 
surface.  The  clusters  of  native  defects,  spontaneously  appearing  on  the  growth  surface  are  proposed 
to  be  the  nucleation  centers  for  new  polytypes. 

Introduction 

The  growth  conditions  as  well  as  crystallographic  orientation  of  the  seed  surface  are  known  [1-3]  to 
influence  considerably  SiC  polytype  formation.  The  stable  growth  of  a  definite  polytype  is  found  to 
occur  on  a  the  surface  misoriented  of  the  (0001)  plane.  This  is  due  to  a  higher  step  density  on  such  a 
surface  [1].  In  contrast,  the  character  of  the  polytype  transformation  on  the  {0001}  faces  is  poorly 
understood.  According  to  [4],  the  polytype  transformation  is  more  probable  on  the  (000 1)C  face 
rather  than  on  the  (0001)Si  one.  However,  the  4H-SiC  polytype  dominates  on  the  (0001)C  face, 
while  the  6H-SiC  polytype  is  found  to  grow  on  the  (0001)Si  plane  [5]. 

The  goal  of  this  work  was  a  study  of  SiC  polytype  transformation  in  the  sublimation  growth 
with  the  focus  on  the  type  of  the  growth  surface  and  on  the  structural  defects  available  on  the 
surface.  The  results  obtained  show  the  polytype  transformation  to  occur  on  the  singular  portions  of 
the  surface  and  the  structural  and  morphological  defects  to  be  factors  stabilizing  the  polytype 
growth. 

Experiment 

SiC  epitaxial  layers  grown  by  the  sublimation  sandwich  method  (SSM)  [6]  at  1800-2400°C  in 
vacuum  (lO'MO*4  Torr)  or  in  an  atmosphere  of  inert  gas  (Ar)  have  been  studied.  The  supersaturation 
in  the  growth  zone  controlled  by  the  temperature  difference  between  a  source  and  the  substrate  was 
varied  in  a  wide  range.  SiC  powder  or  high-purity  SiC  single  crystal  was  used  as  the  source.  Single¬ 
crystalline  4H  -,  6H  -,  8H-,  15R-  and  21R-SiC  on  axis  wafers  were  used  as  the  substrates.  In 
addition,  profiled  substrates  having  some  prominent  platforms  with  singular  type  of  surface  were 
used  in  experiments..  The  epitaxial  layers  were  grown  both  on  (0001)C  and  (0001)Si  faces. 

A  polytype  distribution  over  the  wafer  was  studied  by  a  real  color  cathodoluminescence 
scanning  electron  microscopy  (CCL-SEM)  technique  [7].  To  get  efficient  luminescence  in  the 
visible  wavelength  range  the  samples  were  doped  by  nitrogen  and  gallium.  The  electron  beam 
energy  was  varied  between  2  and  20  keV  to  provide  the  electron  penetration  length  from  0,5  to  2,6 
pm.  The  use  of  different  electron  energies  enabled  one  to  estimate  the  polytype  distribution  across 
the  grown  epilayer  [8], 

Results 

The  study  has  revealed  the  significant  dependence  of  the  polytype  transformation  probability  on  the 
growth  mechanism  and  on  the  state  of  the  growth  surface.  Our  experiments  have  shown  the 
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polytype  stability  to  be  quite  high  for  the  vacuum  condensation  of  SiC  where  a  normal  growth  is 
dominating  [9].  In  this  case  the  seed  polytype  can  be  reproduced  even  at  high  supersaturation  and 
growth  rate.  For  instance,  thick  (more  than  1  mm  thickness)  layers  of  4H,  15R,  21R  or  8H-polytype 
can  be  grown  at  the  growth  rate  of  ~1  mm/h.  The  polytype  inclusions  on  the  vicinal  surface  appears 
mainly  at  the  initial  stage  of  growth.  The  appearance  of  morphological  defects,  for  instance, 
negative  growth  pyramids,  normally  results  in  the  higher  density  of  polytype  inclusions. 

A  step-flow  growth  mode  can  be  typically  obtained  when  SiC  layer  is  growing  in  an  inert  gas 
atmosphere  under  mass  transport  limited  conditions.  The  growth  surface  is  then  basically  vicinal, 
i.e.  it  is  covered  by  steps,  whose  height  is  frequently  of  a  macroscopic  size.  The  density  of  the  steps 
depends  on  the  seed  orientation,  temperature  and  crystallization  rate.  Normally,  the  density  of  the 
growth  steps  is  higher  on  the  (0001)Si  plane  compared  to  that  on  the  (0001)C  plane  under  the  same 
growth  conditions.  This  fact  accounts  for  a  higher  stability  of  the  polytype  growing  on  the  (0001)Si 
plane  [4]. 

A  polytype  stability  is  quite  high  on  the  substrate  surface  under  a  step-flow  mode,  though  the 
probability  of  polytype  transformation  is  still  higher  than  that  under  normal  growth  conditions. 
Unlike  the  vacuum  condensation,  polytype  transformation  normally  occurs  in  the  bulk  of  the 
epitaxial  layer  rather  than  at  the  seed  surface. 

The  structure  of  the  polytype  generally  depends  on  the  growth  conditions:  temperature,  vapor 
composition  and  seed  orientation.  The  impurities  and  deviation  from  stoichiometry  usually  favor 
the  polytype  transformation.  A  controlled  polytype  transformation  can  be  often  achieved  by  the 
impurity  introduction.  For  instance,  4H-SiC  polytype  can  be  grown  on  6H-SiC  substrate  by  the 
supply  of  a  isovalent  impurity  into  vapor  [2],  There  is  a  positive  experience  of  other  polytype  (3C, 
15R)  controlled  growth.  Of  interest  is  the  fact  that  the  polytype  transformation  occurs 
predominantly  on  the  local  singular  areas  of  the  surface  under  a  step-flow  growth,  therefore 
deterioration  of  morphological  perfection  of  the  growing  surface  results  in  the  polytype  syntaxy  of 
epilayer. 

A  polytype  stability  increases  with  the  density  of  steps.  This  fact  evidently  speaks  in  support  of 
the  polytype  transformation  via  nucleation.  Indeed,  the  growth  steps  serve  as  sinks  for  adatoms.  The 
increase  of  the  distance  between  the  steps  leads  to  a  higher  supersaturation  and,  as  a  result,  to  a 
higher  probability  of  a  new  polytype  nucleus  formation. 


Fig- 1  •  The  realization  of  artificial  local  surface  Fig.2.  The  real  CCL-SEM  image  of  4H- 
singularization  method,  a  -  the  view  of  profiled  SiC  epilayer  grown  on  21R  profiled 
substrate  surface;  b,  c,  d  -  the  cross  section  of  substrate.  Tangential  motion  of  4H-SiC 
the  sample  before  and  after  growth  stages.  layer  is  seen.  Polytype  21R  (more  dark 

region)  is  retained  only  around  the  screw 
dislocation  exit. 
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A  sharp  decrease  in  the  step  density  is  possible  only  in  the  particular  separated  areas  of  a  small 
size,  with  no  steady-state  centers  of  a  normal  growth.  Our  study  [10]  have  shown  that  the  surface  of 
some  prominent  platforms  on  the  profiled  wafers  (with  the  areas  less  than  ~1  mm2)  becomes 
singular  under  a  high-temperature  annealing  (Fig.l).  The  singularity  is  normally  kept  during  the 
further  sublimation  growth.  This  is  chiefly  due  to  the  low  density  of  centers  generating  a  normal 
growth,  since  the  growing  layer  covers  the  whole  platform  before  a  new  nucleus  appears.  The  low 
density  of  the  crystallization  centers  is  the  reason  for  the  fact  that  the  growth  rate  on  the  singular 
surface  of  the  platform  is  noticeably  lower  than  that  on  the  vicinal  surface  [10].  Note  that  the  high 
rate  of  a  lateral  growth  (104  times  higher  than  that  of  a  normal  growth)  promotes  to  the  surface 
singularization. 

The  comparison  of  the  polytype  transformation  on  a  vicinal  and  singular  surface  has  revealed 
significant  differences  between  them. 

An  abrupt  increase  of  the  polytype  transformation  at  the  platforms  with  the  singular  surfaces 
proves  to  be  the  main  feature  of  the  growth  on  the  profiled  wafers.  The  cathodoluminescence  with  a 
noticeable  color  nonuniformity  is  an  evidence  for  this  fact.  The  color  of  the  light  emitted  from  the 
layers  grown  on  different  platforms  may  vary  from  red  to  violet.  The  polytype  syntaxy  in  the  layer 
grown  on  the  vicinal  surface  is  much  less  pronounced  under  the  same  conditions  [11].  The  further 
study  has  revealed  the  polytype  non-uniformity  across  the  grown  epilayer  [8].  Frequently,  SiC 
epitaxial  layer  turns  out  to  be  a  multipolytype  composition  consisting  of  polytype  interlayers  of 
different  thicknesses.  The  used  technique  provides  visualization  of  the  polytype  interlayers  with  the 
thickness  as  thin  as  0.1  mm.  Still,  there  may  be  more  thin  interlayers  of  different  polytypes. 

The  polytype  transformation  probability  is  high  on  (OOOl)-substrates  with  both  Si-  and  C-faces. 
A  cubic  polytype  (3C-SiC)  forms  predominantly  on  (OOOl)Si-faces,  but  more  hexagonal  polytypes 
(4H-  and  27R-SiC)  prevail  on  C-ones. 

The  structural  perfection  of  the  seed  is  also  a  factor  significantly  affecting  the  polytype 
transformation.  Contrary  to  [12],  polytype  transformation  occurs  most  readily  on  the  high-quality 
seeds.  The  initial  polytype  is  principally  reproduced  on  the  seeds  having  high  structural  defect 
density  (for  example,  dislocation).  These  features  can  be  traced  most  clearly  at  the  profiled 
substrates  (Fig.  2).  Fig.  2  shows  that  the  initial  seed  polytype  is  kept  around  the  screw  dislocation 
exit. 

The  used  method  allows  also  to  visualize  the  particular  nuclei  of  new  polytypes  (Fig.3). 


Fig.3.  The  real  CCL-SEM  image  of  SiC  samples 
with  epilayer  grown  on  the  6H  profiled  substrate. 
A  nucleous  of  new  polytype  is  seen  on  one  of  the 
prominent  platform. 


Fig.  4.  The  dependence  of  SiC  epitaxial  layers 
growth  rate  on  the  surface  temperature  drop  for 
singular  (solid  line)  and  vicinal  (dotted  line) 
surfaces. 
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Note  that  the  polytype  syntaxy  of  the  epilayers  grown  on  the  prominent  platforms  with  singular 
surfaces  are  typical  only  for  the  growth  in  a  quasi-equilibrium  system.  The  variation  of  the  Si/C 
ratio  in  vapor  phase  or  an  impurity  introduction  results  in  more  controllable  growth  of  a  definite 
polytype.  Under  these  conditions,  the  controlled  polytype  transformation  proves  to  be  more 
probable  in  singular  areas  compared  to  the  rest  seed  surface.  Consequently,  3C  and  4H  polytypes 
predominantly  grow  on  the  prominent  platforms  with  the  singular  surfaces  [13].  For  example,  the 
growth  of  cubic  SiC  prevailed  in  Si-excess  system  and  4H-SiC  dominated  in  C-excess  system. 

The  growth  rate  on  the  singular  surface  is  expected  to  decrease  sharply  at  a  low  supersaturation 
because  the  formation  of  a  new  layer  nucleus  is  needed  for  the  growth  on  such  a  surface.  Our  data 
contradicts  this  speculation.  It  was  experimentally  found  that  SiC  epitaxial  growth  on  the  singular 
surface  occurs  even  at  a  very  low  supersaturation  (Fig.4)  and  the  epilayers  consist  of  different 
polytype  interlayers. 

This  observation  may  be  the  evidence  of  supposition  that  the  various  non-stoichiometric 
clusters  including  native  defects,  spontaneously  generated  on  the  growth  surface,  serve  as  the  nuclei 
of  new  polytypes.  The  high  thermal  stability  (up  to  growth  temperatures)  of  vacancy  and  interstitial 
clusters  both  in  irradiated  and  non-stoichiometric  SiC  crystals[14]  supports  the  above  assumption. 

Summary 

SiC  polytype  transformation  occurs  predominantly  by  the  formation  of  a  new  polytype  nucleus 
on  the  singular  surface,  followed  by  its  lateral  growth.  The  high  probability  of  different  polytype 
formation  on  the  singular  surface  leads  to  polytypical  instability  of  a  growing  layer.  As  a  result,  the 
layers  of  different  polytypes  are  successively  grown  on  the  substrate.  The  structural  5  and 
morphological  defects  of  the  substrate  stabilize  the  growing  polytype.  The  clusters  of  various 
stoichiometric  compositions,  including  spontaneously  appearing  on  the  growth  surface  native 
defects,  are  likely  to  be  nucleation  centers  of  a  new  polytype  at  a  low  supersaturation. 
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Abstract  The  benefits  of  irradiation  by  flash  lamps  of  3C-SiC  films  epitaxially  grown  on  Si  are 
discussed.  The  irradiated  energy  density  is  mainly  absorbed  at  the  3C-SiC/Si  interface.  When  the 
energy  density  is  sufficiently  high  to  melt  the  Si  at  the  interface  a  process  resembling  liquid  phase 
epitaxy  (LPE)  of  SiC  occurs  resulting  to  substantial  improvement  of  the  SiC  film,  eliminating  also 
the  cavities  and  the  stress  at  the  interface.  Energy  densities  in  the  range  100  to  150  Jem'2  were  used. 
The  method  is  applicable  only  for  very  thin  SiC  films  (20-40nm),  which  can  be  used  as  seeds  for 
subsequent  deposition  of  thicker  films. 

Introduction 

In  epitaxially  grown  films  the  film  quality  is  strongly  depending  on  the  quality  of  the  film,  which  is 
formed  in  the  very  early  stage  of  the  growth.  The  epitaxial  growth  of  3 C- SiC  on  silicon  substrate  is 
possible  in  spite  of  the  21%  misfit  between  the  Si  and  3C-SiC  system  [1,2].  Due  to  the  large  misfit 
and  the  limitation  imposed  by  the  melting  temperature  of  silicon,  the  density  of  the  defects  in  the 
early  stage  of  the  growth  is  very  high,  in  the  order  of  1012  cm'2.  Part  of  these  defects  is  annihilated 
as  the  film  grows.  The  remaining  density  of  defects  at  the  uppermost  part  of  the  3C-SiC  film  are  in 
the  order  of  109cm'2  [3,4],  which  are  responsible  for  the  poor  electrical  characteristics  of  3C-SiC 
films. 

In  this  paper  we  present  results  of  a  short  time  annealing  by  xenon  flash  lamps,  which 
permits  annealing  of  the  3C-SiC  several  hundred  degrees  above  the  melting  point  of  silicon. 
Annealing  by  flash  lamp  was  already  applied  to  6H-SiC  in  order  to  activate  implanted  A1  dopant 
[5].  The  structural  characteristics  of  the  3C-SiC  films  epitaxially  grown  on  Si  and  irradiated  by  flash 
lamps  were  studied  by  Transmission  Electron  Microscopy  (TEM). 

Experimental  procedure 

The  specimens  were  irradiated  in  Argon  ambient  from  an  array  of  xenon  lamps  with  a  flash  duration 
in  the  range  of  3  to  20ms.  The  flash  lamp  energy  densities  were  in  the  range  of  100  -  150 Jem'  .  The 
specimens  were  heated  from  the  backside  at  700°C.  The  nominal  temperature  during  irradiation  was 
estimated  by  the  reflected  light  from  a  Si  reference.  Above  the  Si  melting  point  light  reflection  is 
strongly  increased  and  the  actual  temperatures  can  be  significantly  higher  than  the  nominal  values. 

3C-SiC/Si  specimens  were  deposited  in  a  cold  wall  CVD  reactor  under  low  pressure  and 
lateral  gas  flow  conditions.  The  substrates  were  heated  directly  with  a  graphite  meander. 
Methylsilane  (MeSi,  H3<>SiH3)  was  used  as  precursor  gas  [6].  Carbonization  occurs  at  1220°C  in 
ethylene  diluted  in  argon  under  a  total  pressure  of  0.2mbar.  After  carbonization,  the  deposition  of 
SiC  starts  at  1200°C  and  0.5mbar  total  pressure  with  methylsilane  diluted  in  hydrogen. 
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Results  and  discussion 

The  results  of  irradiation  by  flash  lamps  on  thin  3C-SiC/Si  specimens  are  presented.  The  specimens 
were  characterized  by  TEM  before  and  after  irradiation. 

A)  As  deposited  3C-SiC  film  44nm  thick 

The  SiC/Si  interface  is  in  general  smooth,  as  shown  in  the  cross-section  TEM  (XTEM) 
micrograph  in  Fig.  la.  Large  cavities,  orders  of  magnitude  larger  than  the  thickness  of  the  SiC  film 
are  shown  in  the  inset  in  Fig.  la  [7].  A  high  defect  density  in  the  order  of  1012cm‘2  is  estimated  at  the 
3C-SiC  interface.  The  SiC  film  exhibits  a  granular  structure  as  shown  in  the  Plane  View  TEM 
(PVTEM)  micrograph  in  Fig.  lb.  This  is  attributed  to  the  slightly  misoriented  grains,  which  have  a 
mean  diameter  of  50nm,  resulting  to  a  mosaic  structure,  as  reveal  the  small  arcs  in  the  diffraction 
pattern  in  the  inset  in  Fig. lb.  A  high  density  of  Stacking  Faults  (SFs),  about  6xlOncm‘2,  is  shown  in 
the  Dark  Field  (DF)  micrograph  in  Fig.  lc.  Very  faint  extra  1 1 1  spots  along  the  <1 10>  directions  are 
observed  in  the  diffraction  pattern  in  the  inset  of  Fig.  Id,  revealing  a  second  preferred  epitaxial 
orientation  of  the  type  <110>Si//<lll>SiC.  This  is  evident  in  the  DF  micrograph  taken  from  the 
111  spot,  which  shows  small  grains  in  Fig. Id.  Probably  these  are  responsible  for  the  larger 
polyciystalline  islands  observed  in  the  uppermost  part  of  thick  3  C-SiC  films. 

B)  Same  specimen  irradiated  at  1550°Cfor  3x20ms 

The  specimen  was  irradiated  three  times,  20ms  each,  between  the  flash  intervals  the 
temperature  was  kept  at  700°C.  The  results  of  the  flash  annealing  are  clearly  evident  in  the  XTEM 
micrograph  in  Fig.2a.  The  defect  density  was  reduced  at  least  one  order  of  magnitude,  compared 
with  the  non-irradiated  specimen  in  Fig.  la.  Thickness  variations  of  the  3C-SiC  film,  up  to  80%  are 
observed  at  the  3C-SiC/Si  interface,  denoted  by  arrows  in  Fig.2a.  It  is  estimated  that  about  lOnm  of 
the  3C-SiC  film  was  dissolved  in  the  melted  Si-substrate.  The  large  3C-SiC  steps  in  the  Si-substrate 
exhibit  well  developed  (111)  facets.  No  cavities  are  observed  in  the  Si  near  the  interface.  The 
uppermost  part  of  the  3  C-SiC  film  remains  smooth  revealing  that  the  redistribution  of  the  SiC 
occurs  at  the  SiC/Si  interface.  The  Si  at  the  interface  was  melted  up  to  a  depth  of  150nm  as  is 
evident  from  the  formation  of  twins  in  this  zone.  The  absence  of  strain  at  the  interface  reveals  that 
the  system  was  relaxed  after  solidification.  The  improvement  of  the  SiC  film  is  also  evident  in  the 
PVTEM  micrograph  in  Fig.2b,  the  SFs  density  was  significantly  reduced  as  shown  in  Fig.2b.  The 
related  diffraction  patterns  are  now  spots  and  not  arcs,  as  shown  in  the  inset  in  Fig.2b.  No  faint 
extra  111  spots  along  the  <11 0>  directions  were  observed,  revealing  that  after  annealing  the  small 
(1 1 1)  type  grains  were  eliminated. 

C)  Flash  annealed  at  1200° C,  20ms . 

Low  temperature  irradiation  has  no  effect  on  the  quality  of  the  SiC  film.  In  contrast 
enhancement  of  strain  was  observed  at  the  interface,  as  shown  in  Fig.3,  resulting  to  the  rupture  at 
the  interface.  This  behavior  can  be  explained  by  considering  that  the  irradiation  was  not  sufficient  to 
melt  the  substrate.  Moreover  strain  was  suddenly  developed  due  to  the  difference  in  the  thermal 
expansion  coefficient  at  the  interface.  Therefore  the  melting  of  the  Si  at  the  interface  is  substantial 
in  order  to  prevent  rupture  during  irradiation  by  flash  lamps. 

From  these  experiments  it  was  evident  that  due  to  the  transparency  of  the  3C-SiC,  the 
irradiated  energy  is  selectively  absorbed  at  the  SiC/Si  interface  where  the  most  defective  and 
consequently  absorbing  part  of  the  3C-SiC  film  is.  The  Si  absorbs  the  remaining  intensity  at  the 
interface.  The  uppermost  part  of  the  SiC  film  is  not  affected  directly  by  the  flash  irradiation,  it  is 
annealed  by  the  heat  dissipation  from  the  SiC/Si  interface.  Therefore  only  very  thin  films  can  take 
the  advantages  of  the  flash  lamp  annealing.  This  was  confirmed  by  flash  irradiation  of  1pm  thick 
3 C-SiC  film.  In  this  case  only  the  zone  near  SiC/Si  interface  was  improved.  However  the  uppermost 
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Fig.  1  As  deposited  specimen  a)  XTEM  micrograph  from  the  44nm  thick  3C-SiC  film,  the  film  is  highly 
defected,  very  large  cavities  were  formed  in  the  Si  during  deposition  as  shown  in  the  inset  b)  PVTEM  from 
this  film.  The  corresponding  diffraction  pattern  is  shown  in  the  inset,  c)  DF  micrograph  from  the  3C-SiC 
taken  from  the  111  reflection  after  tilting  the  specimen  in  order  to  have  the  (110)  section.  A  high  density  of 
Stacking  faults  and  microtwins  is  evident,  d)  DF  micrograph  from  the  1 1 1  diffraction  spot  shown  in  the  inset 
of  Fig.  lb.  Small  grains  having  the  <1 10>Si//<l  1  l>SiC  epitaxial  relation. 


44 '  1 


X  fl 


Fig.2  Specimen  annealed  at  1550°C  for  3X20  ms  a) 
Significant  annihilation  of  the  defects  occurred 
during  irradiation,  the  3C-SiC/Si  interface  is  very 
I  rough  b)  PVTEM  micrograph  from  the  (110) 
section  of  the  3C-SiC  film.  The  Stacking  faults  and 
microtwins  density  was  substantially  reduced.  This 
is  also  evident  from  the  diffraction  pattern  from  the 
b  3  (100)  section  in  the  inset. 
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Fig.3  Specimen  annealed  at  1200°C  for  20  ms,  the  irradiated  energy  density  was  not  sufficient  to  melt  the  Si 
at  the  3C-SiC/Si  interface,  and  strain  was  accumulated  at  the  interface. 

part  of  the  film  was  not  affected.  Therefore  this  method  can  improve  the  quality  of  thin  3C-SiC 
films,  which  subsequently  can  be  used  as  the  seed  for  the  growth  of  thicker  3C-SiC  films. 

Irradiation  by  flash  lamps  of  3C-SiC  films  on  Si  is  a  combination  of  a  high  temperature 
annealing  at  the  uppermost  part  of  the  3C-SiC  and  LPE  [8]  at  the  lower  part  of  the  film,  according 
to  the  following  mechanism. 

a)  The  energy  due  to  flash  lamp  irradiation  is  mainly  absorbed  at  the  SiC/Si  interface. 

b)  The  Si  near  the  interface  is  melted.  The  process  is  adiabatic  resulting  to  a  significant  increase  of 
the  temperature  at  the  interface,  well  above  the  melting  point  of  Si. 

c)  The  molten  silicon  dissolves  the  3C-SiC  layer  near  the  interface. 

d)  The  non  melted  3C-SiC  at  the  uppermost  part  of  the  film  is  annealed  at  a  temperature  above  the 
melting  point  of  Si  and  part  of  the  existing  defects  are  annihilated. 

e)  During  solidification  phase  separation  occurs  and  the  dissolved  in  the  silicon  SiC  is  epitaxially 
deposited  on  the  already  annealed  uppermost  3C-SiC  film,  which  acts  as  a  seed. 

Due  to  stress  relieve  the  film  was  buckled  in  macroscopic  scale,  experiment  are  in  progress 
for  buckling  minimization . 

Conclusions 

The  flash  lamp  annealing  substantially  improves  the  microstructure  of  thin  3C-SiC  films  due  to  the 
high  temperature  process.  The  process  resembles  LPE,  which  is  extensively  applied  in  SiC  epitaxial 
growth.  Elimination  of  the  cavities  and  stress  relaxation  occurs  at  the  interface,  as  soon  as  the 
irradiation  flux  is  sufficient  to  melt  the  Si  at  the  SiC/Si  interface.  Thus,  solving  one  of  the  most 
serious  problems  of  3C-SiC  deposition  on  Si.  After  melting  of  the  Si  at  the  interface  the  SiC  film  is 
buckled  due  to  the  stress  relieve.  Conditions  to  avoid  buckling  are  under  investigation. 
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Abstract:  We  report  here  the  achievement  of  compressive  strained  3C-SiC  heteroepitaxial  layers  on 
Si  (100)  by  APCVD.  Substrate  curvature  was  used  to  measure  the  residual  stress  in  the  P-SiC  films. 
Experimental  measurements  showed  the  dependence  of  the  stress  value  with  the  conditions  of  the 
carburization.  We  demonstrate  the  possibility  to  achieve  3C-SiC  layers  with  compressive  or  tensile 
stress  by  controlling  the  early  stage  of  the  growth. 

Introduction 

There  are  mainly  two  reasons  which  prevent  the  development  of  SiC  large  scale  integration 
on  silicon  substrates  :  (i)  the  rather  poor  crystallinity  of  the  3C-SiC  heteroepitaxial  layers  and  (ii) 
the  important  strain  in  the  layers  which  bends  the  substrate  or  even  makes  cracks  in  the  layers.  For 
some  applications  such  as  pressure,  temperature  or  gas  sensors  in  which  a  high  crystalline  quality  is 
not  required,  the  latter  problem  becomes  of  main  importance.  The  strain  measured  after  cooling 
down  of  the  sample  is  mainly  due  to  the  thermal  expansion  coefficient  mismatch  between  SiC  and 
Si.  Simple  calculations  taking  only  into  account  the  thermal  expansion  coefficients  show  that  SiC 
should  be  in  tensile  stress  at  room  temperature  after  the  usual  high  temperature  growth  [1]. 
Although  this  tensile  stress  has  been  experimentally  measured  by  many  researchers  [2,3],  we  report 
here  the  achievement  of  compression  strained  3C-SiC  heteroepitaxial  layers  on  Si  (100)  substrates. 

Experiments 

The  experiments  were  carried  out  by  APCVD  in  a  cold  wall  vertical  reactor.  Silane  (1%  in 
H2)  and  propane  (5%  in  H2)  were  used  as  sources  and  H2,  purified  by  a  Pd-diffusion  cell,  as  carrier 
gas.  The  substrates  were  heated  via  a  RF  coupled  graphite  susceptor  on  which  the  temperature  was 
measured  by  an  optical  pyrometer. 

Before  loading  in  the  reactor,  the  silicon  (100)  wafers  were  degreased  and  dipped  in  HF. 
Prior  to  the  growth,  substrates  were  hydrogen  etched  in-situ  at  1000°C  for  5  min.  The  growth 
procedure  involved  two  steps  as  explained  in  our  earlier  work  [4].  First,  the  substrate  is  carbonized 
at  1150°C  under  a  mixture  of  H2  (10  slm)  and  C3H8  (10  seem)  for  10  min.  The  propane  is 
introduced  in  the  reactor  before  the  heating  ramp  of  8°C/s  at  a  temperature  of  about  300°C.  Then 
the  growth  is  carried  out  at  1350°C  under  a  C/Si  ratio  of  3.3  and  a  growth  rate  of  3  pm/h. 
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The  epilayers  were  characterized  by  X-ray  diffraction  (XRD),  atomic  force  microscopy 
(AFM)  and  Hall  measurements  for  structural,  morphological  and  electrical  properties  respectively. 
The  SiC  thickness  was  obtained  with  a  0. 1  pm  accuracy  by  FTIR  spectroscopy  method. 

Stress  measurements 

The  substrate  bends  elastically  due  to  the  biaxial  stress  in  the  epilayer.  The  amount  of  the 
bending  depends  on  the  thickness  and  biaxial  elastic  modulus  of  the  substrate.  As  the  biaxial  elastic 
modulus  is  isotropic  in  the  plane  of  the  substrate  in  the  case  of  Si  (100),  the  film/substrate 
composite  adopts  the  shape  of  a  spherical  shell.  Stress  of  3C-SiC  epilayer  was  calculated  from 
substrate  curvature  measurements  at  room  temperature  using  the  bending  plates  method  and  the 
Stoney's  equation: 


ESI  hi 

(1 

__r 

1  —  uSl  6hSlC 
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where  ESi,  vSi  and  hSi  are  respectively  the  Young's  modulus,  the  Poisson's  ratio  and  the  thickness  of 
the  Si  substrate.  For  Si  (100),  the  biaxial  modulus  ESi/(l-vSi)  calculated  to  be  180.2  GPa  [5].  hsic  is 
the  film  thickness,  Ro  and  R  are  the  substrate  radius  of  curvature  before  and  after  deposition 
respectively.  The  radius  of  curvature  was  measured  along  different  directions  by  means  on  a  UBM 
optical  profilometer  (60  nm  depth  resolution  with  400  pts/mm). 

Results  and  discussion 

Fig.  1  shows  the  XRD  diffraction  pattern  of  a  3C-SiC  3  pm  thick  grown  by  using  the 
standard  procedure.  The  full  width  at  half  maximum  (FWHM)  of  the  p-SiC  (200)  peak  was  about 
140  arcsec  without  apparatus  correction.  This  value  is  quite  similar  to  those  reported  bv  other 
authors  [2,6].  J 


Elgure  1 ;  X-ray  diffraction  pattern  of  a  /3-SiC  3  pm  thick 

AFM  characterization  shows  that  the  root  mean  square  surface  roughness  (rms)  of  a  3  pm 
film  was  about  4  nm  for  a  5*5  pm2  scan.  The  mobility  and  the  resistivity  were  209  cm2/V.s  and 
70  mfi.cm  respectively  for  9  pm  thick  3C-SiC  epilayers.  All  those  results  are  comparable  to  the 
state  of  art  in  terms  of  crystalline  quality,  morphology  and  electrical  properties  for  3C-SiC  epitaxial 
layers. 
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Unexpectedly,  the  3C-SiC  films  were  not  tensile  but  compressive  stressed.  Typically,  a 
compressive  stress  of  about  -500  MPa  was  measured  on  the  3  pm  thick  epilayer.  As  the  tensile 
strain  is  most  commonly  found  in  3C-SiC  heteroepitaxial  films  on  Si,  we  should  be  able  to  obtain 
tensile  strained  layers.  Since  the  strain  in  the  layers  originates  from  the  thermal  expansion 
coefficients  mismatch  with  the  substrate,  we  believe  that  the  early  stage  of  growth  is  very  important 
as  it  sets  the  way  it  is  hitched  to  the  substrate.  To  confirm  that  hypothesis,  we  changed  the 
conditions  of  carburization  and  measured  the  resulting  strain  after  standard  epitaxial  growth. 

Fig.  2  shows  the  residual  stress  in  the  film  with  a  constant  thickness  of  3  pm  versus  the 
temperature  of  introduction  of  propane  (Tear)  during  the  heating  ramp  of  the  carburization  step.  One 
can  see  that  the  residual  stress  changes  drastically  with  the  increase  of  Tcar.  By  increasing  T^r  from 
300  to  1000°C  the  residual  compressive  stress  of  the  3C-SiC  epilayers  varied  from  -579  to 
-258  MPa.  Nevertheless,  the  more  interesting  result  is  the  change  of  the  total  film  stress  from 
compressive  to  tensile  at  an  average  temperature  Tear  of  1050°C.  The  total  variation  of  strain  in  the 
p-SiC  is  higher  than  1  GPa  when  Tcar  varies  from  300  to  1350°C. 


during  the  carburization  step  (°C) 

Figure  2:  Residual  stress  versus  conditions  of  carburization. 

The  line  is  added  as  a  guide. 

Table  1  indicates  the  crystalline  quality  of  the  different  samples  obtained  with  different  Tear. 
One  can  see  that  the  FWHM  increases  with  the  increase  of  Tcar.  Indeed,  for  Tcar  higher  than  1075°C 
the  crystallinity  of  the  sample  decreases  drastically.  When  the  propane  was  introduced  at  these 
temperatures,  the  carburization  layer  became  very  rough  which  altered  the  quality  of  epitaxial  layers 
[4].  AFM  5*5  pm2  scan  shows  that  the  surface  roughness  varied  from  0.25  to  2.5  ran  when  T^r 
varied  from  300  to  1 150°C. 

The  change  in  sign  of  the  residual  stress  cannot  be  only  attributed  to  the  decrease  of  the 
crystallinity  at  high  Tcar.  Indeed,  the  layer  grown  with  Tcar=  1075°C  shows  a  tensile  stress  with  a 
rather  comparable  FWHM  of  the  P-SiC  (200)  peak  with  the  one  grown  with  lower  T^r  and 
compressive  stress.  However,  we  believe  that  the  origin  of  the  change  of  the  strain  sign  could  be  the 
change  of  the  mosaicity  in  the  p-SiC  layers.  Works  is  under  progress  to  clarify  that  point  mainly  by 
means  of  double  XRD,  but  also  with  electrical  and  optical  characterizations. 
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Sample 

Tear 

(°C) 

Thickness 

(nm) 

FWHM  p-SiC  (200) 
(arcsec) 

M46 

3.20 

135 

M  76 

1000 

2.80 

132 

-259 

M  107 

1075 

3.30 

144 

580 

M47 

1150 

3.15 

258 

596 

M  49 

1350 

3.59 

241 

549 

Table  1:  Stress  and  crystalline  quality  of  the  sample 

One  can  notice  that  the  range  of  Tear  giving  good  crystallinity  tensile  strained  layers  is  very 
narrow  compared  to  the  one  giving  good  quality  compressive  strained  layers.  This  is  due  to  the 
lower  reactivity  of  the  silicon  surface  at  lower  temperature  allowing  to  progressively  seal  the 
surface  by  few  SiC  monolayers.  In  the  zone  of  Tear  where  tensile  strain  is  achieved,  the  reactivity  of 
the  silicon  surface  is  high  and  a  little  increase  in  Tear  involves  a  dramatic  worsening  of  the  buffer 
layer. 

It  has  to  be  noted  that  the  possibility  to  grow  either  tensile  or  compressive  stressed 
monocrystalline  p-SiC  layers  has  never  been  reported  yet.  And  if  Tear  is  not  higher  than  1075°C,  the 
tensile  and  compressive  strained  layers  have  equivalent  crystallinity.  This  is  a  very  important  point 
as  it  demonstrates  the  possibility  to  grow  state  of  the  art  P-SiC  unstrained  layers  by  tuning  Tear,  i.  e. 
by  controlling  carefully  the  early  stage  of  growth.  On  the  point  of  view  of  large  scale  integration  on 
Si  wafers,  this  a  decisive  step. 

Conclusion 

We  demonstrated  for  the  first  time  not  only  the  possibility  to  grow  compressive  strained 
P-SiC  layers  on  Si  (100)  but  also  the  capability  to  tune  the  sign  of  the  strain  by  controlling  the  early 
stage  of  growth.  The  tensile  strained  layers  can  be  grown  with  identical  crystallinity  than  the 
compressive  strained  ones  with  state  of  the  art  quality.  Work  is  under  progress  to  achieve  totally 
unstrained  p-SiC  layers  and  to  fully  understand  the  origin  of  the  sign  change  of  the  strain  with  Tear. 
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Abstract.  We  report  on  the  growth  of  3C-SiC/Si  using  propane  and  silane  as  precursor  gases.  All 
layers  were  deposited  on  exactly  <100>  oriented  Si  substrates.  The  growth  temperature  ranged  from 
1200°C  to  1350°C  and  the  carbonization  temperature  from  1150°C  to  1350°C.  We  focused  our 
study  on  the  optimization  of  the  surface  morphology  and  the  suppression  of  interfacial  voids  at  low 
growth  temperature.  All  layers  were  characterized  by  X-ray  diffraction  (both  single  diffraction  and 
co-scan),  micro-Raman  on  cleaved  edges,  AFM,  optical  microscopy, 2K  photoluminescence  and  IR 
reflectivity.  We  have  developed  a  1150°C  carbonization  step  which,  combined  with  a  growth 
temperature  of  1250°C  results  in  good  quality  material. 

Introduction 

Optimized,  low  temperature  growth  of  3C-SiC  on  Si  is  a  perquisite  for  sensor  applications  [1]. 
Usually  the  layer  quality  decreases  as  the  deposition  temperature  decreases  and  some  (best) 
compromise  has  to  be  found.  The  main  problem  associated  with  the  heteroepitaxy  of  3C-SiC  on  Si 
is  the  large  differences  in  lattice  constants  (20%)  and  thermal  expansion  coefficients  (8%).  This 
leads  to  numerous  defects  in  the  SiC  layers.  In  order  to  partially  compensate  the  lattice  mismatch 
effects,  a  carbonization  process  is  used  to  build  a  buffer  layer,  before  the  SiC  epilayer  growth.  The 
quality  of  the  SiC  layers  is  usually  improved  using  high  growth  temperature  (up  to  1360°C). 
However,  in  this  case,  the  silicon  substrate  suffers  important  degradations,  resulting  in  interfacial 
voids  formation  at  the  substrate  side  of  the  heterointerface.  These  defects  are  formed  via  atomic  Si 
outdiffusion  through  the  SiC  layer.  The  Si  outdiffusion  is  thermally  activated  and  occurs  if  diffusion 
paths,  such  as  grain  boundaries,  are  present  in  the  carbonization  and  the  SiC  layers.  This  interfacial 
voids  formation  is  reduced  when  using  low  growth  temperature  (1 150°C)  [2].  A  compromise  has  to 
be  found  in  order  to  grow  good  quality  SiC  layers  without  degradation  of  the  substrate  surface.  In 
this  work,  we  have  optimized  the  quality  of  SiC  layers  by  varying  independently  the  carbonization 
temperature  and  the  growth  temperature. 

Experimental  details 

The  layers  were  grown  using  a  home  made,  cold  wall,  vertical  reactor  operated  at  atmospheric 
pressure.  The  precursors  used  for  the  growth  of  SiC  were  propane  (5  %  in  hydrogen)  and  silane 
(10  %  in  hydrogen).  The  precursors  were  additionally  diluted  by  palladium  purified  hydrogen  carrier 
gas  when  entering  the  reactor.  All  layers  were  deposited  on  on-axis  Si  (100)  substrates.  The 
substrates  were  prepared  by  using  degreasing  steps,  DI  water  rinses,  and  a  final  dip  in  a  diluted  HF 
solution  to  obtain  a  hydrogen  terminated  surface.  After  the  chemical  preparation,  the  substrates  were 
immediately  loaded  in  the  reactor  which  was  then  submitted  to  pumping  and  H2  purging  cycles.  For 
all  samples  investigated  in  this  study  the  common  growth  procedures  were  the  following  :  The 
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earner  gas  flow  was  maintained  at  3.15  slm  during  all  the  growth  steps.  The  growth  process  started 
with  a  hydrogen  etch  at  1 150°C  for  5  min.  The  temperature  was  thereafter  lowered  down  to  200°C 
and  the  propane  flow  (50  seem)  was  introduced  into  the  hydrogen  flow  for  5  min.  The  temperature 
was  then  raised  to  the  carbonization  temperature  (Tc)  using  a  300°C  min*1  controlled  ramping.  The 
carbonization  temperature  was  varied  from  1 150°C  to  1350°C  and  held  for  1  min  to  15  min.  After 
the  carbonization  step,  the  temperature  was  adjusted  to  the  growth  temperature  (Tc),  comprised 
between  1200°C  and  1350°C,  and  the  propane  flow  was  simultaneously  lowered  to  7.5  seem.  After 
temperature  stabilization  (1  min),  silane  (2  seem)  was  introduced,  and  the  growth  started  for  90  min. 
A  series  of  samples  were  grown  using  various  carbonization  and  growth  temperature  combinations 
in  order  to  optimize  the  SiC  layer  quality.  We  report  in  this  paper  the  most  typical  results  of  this 

study.  The  relevant  growth 
parameters  are  presented  in  table  1. 
We  have  paid  a  particular  attention  on 
the  susceptor  condition  by  regularly 
reconditioning  its  surface,  using  an 
Table  1  :  Growth  parameters  outgassing  process  and  in-situ  SiC 


coating.  The  accumulation  of  polycrystalline 
SiC  on  the  graphite  susceptor  is  known  to 
induce  a  regular  degradation  of  the  epitaxial 

layers  from  run  to  run  [3].  ^  - 

E 

=>  . 

Characterizations  4 

OJ.  - 

The  crystalline  quality  of  the  layers  was  first  1 
evaluated  by  X-ray  diffraction.  Except  for  S 
samples  grown  at  1200°C,  all  the  layers  were  — 
single  crystalline,  as  demonstrated  by  single 
diffraction  spectrum  (Fig.  1).  The  layers  were 
further  studied  by  examining  the  FWMH  of  i 
the  SiC-(400)  reflection  peak  obtained  by 
double  crystal  X-ray  diffraction  in  the  co-scan 
configuration  (Fig.  2).  The  FWMH  of  the 
reflection  line  increases  as  the  sample  thickness 


<400>  Si 

<200  SiC 

<400>  SiC 

1  I  i 
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20  30  40  50 
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Figure  1  :  Diffraction  spectrum  of  sample  3 
decreases  and  when  the  growth  temperature 


decreases.  The  thicknesses  of  samples  1,  2 
and  3  are  ei  =  3.3pm,  e2=  2.7  pm  and 
e3  =  2pm.  The  measured  FWMH  are  950 
arc.sec.,  850  arc. sec  and  1050  arc.sec.  for 
samples  1,  2  and  3,  respectively.  The 
FWMH  obtained  for  sample  3  grown  at  the 
lowest  temperature  indicates  a  fairly  good 
crystalline  quality  if  we  take  into  account  its 
thickness.  As  an  example,  for  a  5  pm  thick 
sample  grown  in  the  conditions  of  sample  1 , 
the  FWMH  of  the  (400)  SiC  reflection 
decreased  down  to  600  arc.sec.  This 
thickness  effect  is  well  known  since  the 
defect  density  decreases  gradually  in  the  SiC 
layer  as  the  distance  from  the  perturbed 
Figure  2  :  Double  crystal  X-ray  diffraction  Si/SiC  interface  increases. 
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A  typical  IR  reflectivity  spectrum  is 
reported  in  Fig.  3.  The  spectra  obtained 
were  fitted  with  a  standard  transfer-matrix 
model  [4]  in  order  to  deduce  the  damping 
parameter  and  the  thickness  of  the  layers. 
We  do  not  observe  any  damping  or 
deviation  of  the  line  base  of  the 
interference  fringes  when  the  excitation 
wave  number  increases  to  6000  cm'1.  This 
indicates  a  good  surface  and  interface 
quality  with  low  roughness.  More 
importantly,  the  calculated  damping 

500  1000  1500  2000  2500  3000 

Wave  number  cm'1 

Figure  3  :  IR  reflectivity  of  sample  3 


parameter  decreases  from  samples  1  to  3 
indicating  the  improvement  of  the  sample 
quality.  We  calculate  T  =  5  cm"1,  T  =  4  cm"1 
and  r  =  3cm'!  for  samples  1,  2  and  3, 
respectively.  Those  results  indicate  a  good 
structural  quality  for  the  samples  and 
particularly  for  the  SiC  layer  grown  at 
1250°C.  Micro-Raman  characterization  on  a 
cleaved  edge  of  sample  3  is  reported  in  Fig.  5. 
We  do  not  notice  any  detectable  shift  of  the 
Raman  lines  related  to  the  Si  substrate  or  the 


Configuration  X<Y,->-X 
T  =  300K 


-  surface 

- 2  pm 

-  20  pm 


Raman  shift  (cm-1) 

Figure  4  :  micro-Raman  spectra  of  sample  3 


Figure  5  :  AFM  image  of  sample  3 

SiC  layer  with  the  position  of  the  laser 
spot.  Moreover,  the  positions  of  the 
Raman  back  scattering  lines  correspond 
to  fully  relaxed  materials.  The  FWMH  of 
both  the  TO  and  LO  modes  related  lines 
is  around  3  cm"1.  This  confirms  the  good 
quality  of  sample  3. 

The  morphology  of  the  epilayers 
was  examined  by  a  Nomarsky 
microscope  and  AFM  imaging  (Fig.  5). 
For  sample  3  we  observe  a  structured 
surface  indicating  a  3-D  mode  growth 
resulting  in  islands  of  few  pm2.  The 
observation  of  the  silicon  surface  near 
the  cleaved  edges  revealed  that  no  void 
was  formed  in  sample  3.  Voids  were 
only  detected  in  samples  grown  at 
temperatures  higher  than  1250°C.  The 
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main  roughness  is  due  to  boundaries  between  islands  while  locally  the  Rms  roughness  deduced 
from  AFM  images  is  very  low  (Rms  (Rq)  =  0.28  nm). 

Finally,  the  optical  properties  of  the  SiC  layers  were  examined  using  2K  photoluminescence.  The 


spectra  presented  in  Figs.  6-8  for  samples  1-3  are 
very  similar  and  exhibit  the  classical  nitrogen 
bound  exciton  (N-BE)  related  lines.  The  so- 
called  W  band  centered  at  around  5700  A  is 
generally  attributed  to  plastical  deformations  in 
the  SiC  layer  near  the  interface.  Due  to  its  origin, 
this  band  is  enhanced  for  thinner  SiC  layers  as 
exemplified  in  Fig.  8.  The  most  interesting  result 
is  the  observation  of  the  N-BE  lines  for  a  low 
thickness  of  2  pm  and  a  low  growth  temperature 
in  the  case  of  sample  3.  Such  observation  is 
indicative  of  the  good  overall  quality  of  this  layer 
and  was  not  reported  before  to  the  best  of  our 
knowledge. 

Summary 


Wavelength  (A) 

Figure  7  :  Photoluminescence  of  sample  2 


Wavelength  (A) 

Figure  8  :  Photoluminescence  of  sample  3 


We  have  developed  a  1150°C  carbonization  process  combined  with  a  low  growth  temperature  of 
1250°C.  This  process  allowed  us  to  grow  good  quality  3C-SiC  layers  from  both  the  optical  and  the 
structural  point  of  view. 
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Abstract  3C-SiC  was  grown  on  Si(100)  using  a  metal-organic  vapour  phase  epitaxy  set-up  at 
temperatures  well  below  1000°C  (mostly  at  940°C).  A  UV-source  has  been  added  to  the  set-up. 
Carbon  tetrabromide  (CBr4)  was  used  as  the  carbon  source.  The  implementation  of  UV  stimulation 
during  the  growth  process  leads  to  a  higher  uniformity  of  the  grown  surfaces  and  in  most  cases  to  a 
lower  roughness  compared  to  the  growth  under  the  same  conditions  but  without  UV  stimulation. 
An  additional  effect  is  an  increased  density  of  self-organized  nano-islands.  The  results  of  our 
recent  investigations  concerning  the  growth  as  well  as  the  growth  of  initial  nano-scale  islands  are 
described  and  discussed  in  the  present  paper. 


Introduction 

Cubic  silicon  carbide  (3C-SiC)  is  at  present  a  topic  of  considerable  interest  due  to  its  potential  in 
electronic  device  applications,  micromechanical  systems,  etc.  [1-7].  Semiconductor  materials 
grown  directly  on  silicon  can  profit  directly  from  the  availability  of  low-cost  large  area  substrates, 
their  superior  thermal  conductivity  and  the  possibility  to  realize  a  new  generation  of  optoelectronic 
devices  monolithically  integrated  with  silicon  microelectronics.  An  example  is  lateral  epitaxial 
growth  of  SiC  on  Si  [7].  It  is  also  important  to  employ  lower  growth  temperatures. 
Monocrystalline  layers  have  been  grown  at  temperatures  as  low  as  750°C  [8]  or  1000°C  [5].  In 
order  to  obtain  such  low  growth  temperature  methylsilane  was  used  as  a  source  of  both  Si  and  C. 
In  [5]  Ge  was  employed  as  a  surfactant  to  promote  two-dimensional  SiC  growth  at  1000°C  by 
MOCVD.  Both  3C-SiC  and  6H-SiC  were  obtained  on  Si(lll).  The  aim  of  the  present  paper  is  to 
investigate  low  temperature  growth  of  SiC  on  Si(100)  using  low-pressure  metal-organic  vapor 
phase  epitaxy  (MOVPE)  offering  the  possibility  to  control  the  Si/C  ratio  in  the  gas  phase. 


Experimental 

The  growth  was  performed  in  a  horizontal  infrared-heated  MOVPE  machine  designed  by 
AIXTRON  and  operated  at  low  pressure  (20  to  100  hPa)  utilizing  the  precursors  carbon 
tetrabromide  (CBr4)  and  monosilane  (SiKU,  2%  in  H2)  as  sources  of  C  and  Si,  respectively.  For 
more  stable  operation  at  high  temperatures  a  modification  of  the  heating  system  has  been  made 
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(compressed  air  cooling  system,  Au-coatings  of  the  reflectors  and  for  some  cases  Au-coated 
shields  over  the  reactor).  A  mercury-xenon  lamp  as  a  UV-source  has  been  added  to  the  set-up 
(upper  structure  in  Fig.  1).  The  growth  temperature  for  most  experiments  was  940°C.  Exactly 
oriented  Si  (100)  substrates  were  employed.  Our  samples  were  grown  with  or  without  UV 
stimulation.  Experiments  with  varied 


CBr4/SiH4  flow  ratios  were  carried  out. 
A  short  Si  substrate-carbonisation  step 
[1]  was  added  in  the  experiments  at  the 
beginning  of  the  SiC  growth  process. 

Results  and  discussion 

The  samples  obtained  were 
investigated  by  atomic-force 
microscopy  (AFM),  scanning  electron 
microscopy  (SEM),  photoluminescence 
(PL),  optical  microscopy,  and 
transmission  electron  microscopy 
(TEM).  In  this  work  we  concentrated 
our  attention  to  the  initial  stages  of  the 
SiC  growth.  The  UV  stimulation 


Fig.  1.  AIX  200  reactor  with  the  additional  source  of 
UV  radiation 


increased  the  uniformity  of  the  grown  surfaces  and  in  most  cases  decreased  their.  An  example  of 
the  UV  influence  on  the  initial  stage  of  SiC  growth  is  shown  in  Fig.  2.  AFM  revealed  the 
formation  of  three-dimensional  islands  with  densities  up  to  1010  cm'2  (Fig.  2  b)  for  the  growth  with 
UV  stimulation. 


SEM  images  of  the  corresponding  surfaces  after  further  SiC  growth  on  Si  (100)  substrates 
for  the  same  growth  conditions  as  in  Fig.  2  are  shown  in  Fig.  3. 


a  b 

Fig.  2.  AFM  images  (2x2/xm2)  of  the  surfaces  after  SiC  growth  on  Si  (100)  substrates  for  the 
same  growth  conditions  (in  particular  duration  5  min):  a  -  without  UV  stimulation;  b  -  with 
UV  stimulation. 

AFM  images  of  the  surfaces  after  SiC  growth  on  Si  (100)  substrates  with  UV  stimulation  for  the 
same  duration  (5  minutes)  and  different  CBr^SilL  flow  ratios  (with  CBr4  flow  constant  for  all 
experiments)  are  shown  in  Fig.  4.  TEM  investigations  of  these  samples  revealed  the  transition 
from  amorphous  to  fine  polycrystalline  and  then  to  textured  3C-SiC  films  with  the  ratio  variation. 
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2.00  pm, _ ,  2.00  jim, 


a  b 

Fig.  3.  SEM  images  of  the  surfaces  after  SiC  growth  on  Si  (100)  substrates  for  the  same  growth 
conditions  as  in  Fig.  2,  but  with  a  duration  of  30  min:  a  -  without  UV  stimulation;  b  -  with  UV 


a  b  c 

Fig.  4.  AFM  images  (2x2pm2)  of  the  surfaces  after  SiC  initial  growth  on  (001)  Si  substrates  with 
UV  stimulation  for  the  same  growth  duration,  but  different  CBr^SiFL*  flow  ratios:  a-  3;  b-  0.9;  c- 
0.4. 


PL  investigations  of  the  samples  were  carried  out  at  temperatures  from  15  to  300  K.  An 
example  of  the  PL  spectra  measured  at  150  K  is  shown  in  Fig.  5.  A  broad  PL  peak  around  2.4  eV 
was  observed.  Its  FWHM  is  about 
0.44  eV.  The  PL  spectrum  is 
similar  to  that  reported  in  [9]  for 
3C-SiC  grown  by  rapid  thermal  i.o 

chemical  vapor  deposition  at  1100 
or  1200°C.  |  0  8 

1  0.6 
•S' 

Summary  |  0.4 

c 

In  summary,  UV  stimulation  has  q!  02 

been  developed  as  a  technique  for 
the  low-temperature  growth  of  SiC  0  0 

on  Si.  The  samples  obtained  were 
investigated  using  SEM,  AFM, 

TEM  and  PL.  UV  stimulation  of  pig  5,  pl  of  a  SiC  sample  grown  on  Si  (100)  substrate. 
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the  SiC  growth  process  allows  to  improve  the  uniformity  of  the  growth  surface,  i.e.  a  lower 
roughness  of  the  surface,  and  to  increase  the  density  of  the  self-organized  nano-islands  at  the 
initial  stage  of  the  growth.  Investigations  regarding  the  optimisation  of  growth  conditions  are 
ongoing.  A  further  improvement  of  the  quality  of  the  films  can  be  obtained  by  use  of  foreign 
atoms  incorporation  in  the  SiC/Si  interface  or  surfactants.  The  implementation  of  UV  stimulation 
is  possible  also  for  high  temperature  SiC  on  SiC  growth,  as  well  as  for  wet  and  dry  SiC  etching. 
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Abstract.  The  carbonization  of  the  Si  (100)  surface  in  an  APCVD  reactor  using  propane  as  the 
carbon  source  gas  and  hydrogen  as  the  carrier  gas  was  studied.  The  layer  thickness  as  a  function  of 
carbonization  time  exhibits  a  parabolic  behavior  indicative  of  a  self-limiting  process.  Voids  are 
produced  in  the  carbonization  layer  when  hydrogen  is  used  during  the  cool-down  step,  but  not  when 
hydrogen  is  replaced  by  argon.  Other  than  the  presence  of  voids,  the  surface  morphology  of  the 
carbonization  layer  is  relatively  smooth,  suggesting  that  the  carbonization  layer  forms  via  quasi-two 
dimensional  growth. 

Introduction 

CVD-based,  heteroepitaxial  growth  of  a  3C-SiC  film  on  a  Si  (100)  substrates  often  requires  that  the 
Si  surface  be  converted  to  3C-SiC  prior  to  single  crystal  film  growth.  The  conversion  process, 
commonly  called  carbonization,  is  often  performed  during  the  temperature  ramp-up  step  in  a 
hydrocarbon  ambient  and  produces  a  thin  crystalline  template  on  which  3C~SiC  film  growth  can 
occur.  Recently,  carbonization  has  been  used  to  produce  thin  (100)  3C-SiC  transition  layers  suitable 
for  growth  of  cubic  GaN  on  (100)  Si  wafers  [1].  In  both  cases,  the  quality  of  the  epitaxial  film  is 
critically  dependent  on  the  quality  of  the  carbonization  layer.  The  purpose  of  this  study  was  to  find 
a  proper  set  of  processing  conditions  for  production  of  high  quality  carbonization  layers  on  large 
area  (100)  Si  substrates. 

Experimental 

For  this  study,  the  carbonization  of  100  mm-diameter,  on-axis,  Si  (100)  wafers  was  performed  in  an 
APCVD  reactor  using  propane  as  the  carbon  source  gas  and  hydrogen  as  the  carrier  gas.  Prior  to 
carbonization,  each  wafer  was  subjected  to  an  in-situ  etch  in  hydrogen  for  5  min  at  1000°C  to 
remove  the  native  oxide  on  the  Si  surface,  after  which  the  temperature  was  lowered  to  below  500°C. 
The  carbonization  process  was  initiated  by  injecting  propane  (15%  in  H2)  into  the  hydrogen  gas 
stream  and  increasing  the  temperature  to  1280°C.  In  this  study,  the  flow  rates  of  hydrogen  and 
propane  were  held  at  25  slm  and  84  seem,  respectively.  At  these  flow  rates,  the  concentration  of 
propane  was  0.049  %  of  the  total  gas  volume.  A  large  susceptor  was  required  to  hold  the  Si  wafers, 
therefore  the  ramp-up  and  the  cool-down  times  exceeded  5  minutes,  which  translates  to  a  ramp-up 
rate  of  about  4  K/s.  Upon  reaching  1280°C,  the  temperature  and  gas  flows  were  held  constant  for  a 
predetermined  period.  In  this  study,  carbonization  periods  ranged  from  30  s  to  30  minutes.  After 
carbonization,  the  propane  gas  flow  was  turned  off  and  the  susceptor  temperature  was  held  at 
1280°C  for  1  minute  in  the  hydrogen  gas  flow  to  exhaust  any  remaining  hydrocarbons  in  the 
reactor.  Finally  the  wafer  was  cooled  down  to  room  temperature.  Atmospheres  of  hydrogen  and 
argon  were  used  in  the  cool-down  step  to  see  the  effect  of  hydrogen  etching  on  the  surface 
morphology  of  the  SiC  layers.  SEM  and  TEM  were  used  to  characterize  the  surface  morphology, 
microstructure  and  film/substrate  interface  of  the  carbonized  layers. 
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Results  and  Discussion 

The  thickness  of  each  carbonization  layer  was  determined  using  cross-sectional  TEM.  Fig.  1  shows 
a  plot  of  the  carbonization  layer  thickness  versus  carbonization  period.  For  the  shortest 
carbonization  period  (30  s),  the  carbonization  layer  thickness  was  about  2.5  nm.  A  maximum 
carbonization  layer  thickness  of  7.3  nm  was  measured  for  the  30  min  period.  The  growth  rate  seems 
to  be  highest  at  the  beginning  of  the  carbonization  period  and  decreases  with  increasing  the 
carbonization  time.  The  shape  of  the  growth  curve  is  similar  to  the  growth  curves  reported  by 
Cimalla  et  al  [2],  but  the  growth  rate  is  much  lower  and  the  saturation  thickness  (—7.3  nm)  is 
thinner  in  our  work.  It  should  be  noted  that  Cimalla  et  al,  performed  carbonization  experiments  in  a 
RTCVD  system  using  a  temperature  ramp-up  rate  of  50  K/s,  which  is  nearly  12  times  faster  than  the 
rate  we  used. 


Fig.l.  Carbonization  layer  thickness  vs.  carbonization  time. 

The  surface  morphology  of  as-grown  carbonization  layers  was  characterized  using  SEM.  In 
general,  voids  are  found  in  the  carbonization  layers  prepared  using  the  hydrogen-based  cool-down 
step.  Fig.  2(a)  shows  voids  in  a  carbonization  layer  prepared  for  1.5  minutes. 


Fig.  2.  Plan-view  SEM  images  of  carbonized  layers  prepared  using:  (a)  the  hydrogen  cool-down  step;  and  (b) 
the  argon  cool-down  step. 

The  density  of  voids  on  the  surface  of  all  films  grown  using  the  hydrogen-based  cool-down  step 
was  about  2  xlOnm'2.  Except  for  voids,  no  other  defects  or  features  were  found  on  the  carbonization 
layer  surfaces.  Experiments  performed  using  two  different  susceptors  to  see  if  a  mechanism  other 
than  hydrogen  etching  could  be  responsible  for  the  formation  of  voids  showed  that  void  formation 
was  not  related  to  the  condition  of  the  susceptor. 
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In  contrast  to  Fig.  2(a),  Fig  2(b)  shows  that  the  surface  quality  of  carbonization  layers  is  greatly 
improved  by  using  the  argon-base  cool-down  step.  Note  the  absence  of  voids  on  the  surface  of  the 
layer. 

The  microstructure  of  each  carbonization  layer  and  interface  was  characterized  using  cross- 
sectional  TEM  and  SAD.  The  [Oil]  zone-axis  diffraction  pattern  from  the  film/substrate  interface 
indicates  that  the  carbonization  layer  is  single-crystalline  3C-SiC.  In  the  SAD  pattern,  the  SiC 
diffraction  spots  show  a  discernible  crescent  shape,  which  indicates  an  azimuthal  misorientation  of 
up  to  5°  relative  to  the  silicon  lattice.  In  some  areas,  voids  can  be  found  in  the  TEM  micrographs  of 
carbonization  samples  prepared  using  the  hydrogen-based  cool-down  step,  as  shown  by  the  arrows 
in  Fig.  3(a).  By  comparison,  no  voids  were  observed  in  the  TEM  micrographs  of  the  carbonization 
samples  prepared  using  the  argon-based  cool-down  step,  as  shown  in  Fig.  3(b).  As  a  result,  the 
carbonization  layers  prepared  with  the  argon  cool-down  step  have  better  thickness  uniformity 
across  the  observed  area.  As  with  the  samples  prepared  using  the  hydrogen  cool-down  step,  SAD 
analysis  showed  the  films  be  single-crystalline  3C-SiC. 


b 


Fig.3.  Bright-field  TEM  micrographs  of  the  1.5  minute  carbonization  layer:  (a)  cooled  down  in  hydrogen;  (b) 
cooled  down  in  argon.  The  arrows  denote  the  position  of  voids. 

The  experimental  results  clearly  show  that  the  hydrogen-based  cool-down  step  causes  the  formation 
of  the  voids  in  the  carbonization  layers.  The  high  temperature  etching  of  SiC  by  hydrogen  has  long 
been  recognized  [3].  During  the  carbonization  step,  however,  the  etching  of  SiC  by  hydrogen  is 
suppressed  by  the  existence  of  a  sufficiently  high  hydrocarbon  partial  pressure  due  to  the  flow  of 
propane.  As  a  result,  the  growth  process  dominates  and  SiC  carbonization  layers  are  grown  on  the 
Si  substrates.  However,  if  the  carbonization  process  is  ceased  by  terminating  the  supply  of  propane 
and  cooling  the  Si  substrates  in  a  hydrogen  ambient,  SiC  etching  may  resume.  The  etching  may  be 
severe  if  the  cool-down  period  is  lengthy,  as  is  the  case  with  large  induction-heated  susceptors. 
Since  monocrystalline  3C-SiC  films  grown  by  the  carbonization  of  Si  have  inherent  crystalline 
defects,  non-uniform  preferential  etching  along  these  defects  is  expected,  resulting  in  roughened 
surfaces.  In  some  areas,  hydrogen  may  completely  etch  away  the  carbonization  layer  and  attack  the 
underlyng  silicon  substrate,  creating  the  voids  observed  in  this  study.  Our  study  shows  that  by 
simply  substituting  the  hydrogen  carrier  gas  with  an  inert  gas  like  argon  upon  terminating  the  flow 
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of  propane,  etching  of  the  carbonization  layer  and  subsequent  formation  of  voids  in  the  Si  substrate 
can  be  prevented. 

It  has  been  proposed  that  the  growth  of  SiC  films  by  carbonization  of  Si  occurs  by  out  diffusing  Si 
atoms  from  the  substrate  reacting  with  hydrocarbons  absorbed  at  the  substrate  surface.  Hence  the 
growth  by  carbonization  is  considered  to  be  a  self-limited  process  due  to  the  very  slow  diffusion 
rate  of  Si  in  SiC.  Usually,  the  growth  rate  decreases  with  increasing  film  thickness  until  a  saturation 
thickness  is  reached,  after  which,  the  thickness  of  the  film  will  not  increase  with  increasing 
carbonization  time  due  to  lack  of  silicon  on  the  surface.  The  saturation  thickness,  as  well  as  the 
structure  and  morphology  of  the  carbonized  layers,  is  dependent  on  the  processing  parameters  such 
as  the  hydrocarbon  concentration,  the  substrate  temperature,  the  reaction  pressure,  and  the  heating 
ramp  rate  [2,4,5].  The  formation  of  voids  at  the  SiC/Si  interface  has  been  attributed  to  non-uniform 
diffusion  of  Si  from  the  substrate  during  the  carbonization  step  [6],  not  hydrogen  etching.  As  we 
suggested  in  an  earlier  report  [7],  a  relatively  slow  temperature  ramp-up  rate  may  be  responsible  for 
preventing  the  formation  of  voids  during  the  carbonization  step  in  our  APCVD  reactor.  More 
recently,  Cimalla,  et  al,  studied  the  dependence  of  SiC  nucleation  and  growth  on  propane 
concentration  and  temperature  ramp-up  rate  [5].  They  found  out  that  for  high  propane 
concentrations  (>0.1%)  and  slow  ramp-up  rates  (50K/s),  the  SiC  growth  mode  is  quasi-two 
dimensional  growth,  which  leads  to  smooth  carbonization  surfaces  without  any  morphological 
defects  (voids).  Even  though  our  carbonization  conditions  are  not  exactly  the  same  as  was  used  by 
Cimalla,  et  al. ,  the  carbonization  layers  in  our  work  have  characteristics  similar  to  layers 
undergoing  quasi-two  dimensional  growth.  Extremely  smooth  and  saturated  void-free  SiC  layers 
were  formed  on  the  Si  surface,  resulting  in  films  that  seal  off  diffusion  paths  for  Si  atoms  from  the 
substrate.  Hence,  if  the  carbonization  step  is  immediately  followed  with  an  epitaxial  film  growth 
step  (i.e,  the  conventional  two-step  heterepitaxial  process)  voids  will  not  form  at  the  SiC/Si 
interface. 

Conclusions 

APCVD-based  carbonization  of  Si  (100)  substrates  was  studied  using  a  relatively  low  ramp-up  rate 
and  high  propane  concentration.  Voids  are  found  on  the  surface  of  the  carbonization  layers  when  a 
hydrogen  cool-down  step  is  used,  while  the  formation  of  voids  can  be  prevented  if  an  argon  cool¬ 
down  step  is  employed.  Other  than  voids,  the  surface  morphology  of  the  as-grown  carbonized 
layers  is  relatively  smooth  using  both  cool-down  techniques.  The  data  suggests  that  the  formation 
of  the  carbonized  layers  follow  a  quasi-two  dimensional  growth  mode,  which  leads  to  the  flat 
surfaces  without  any  morphological  defects. 

The  authors  acknowledge  the  support  of  ARO  MURI  (Grant  #  DAAH04-95- 10097)  and  DARPA 
(Grant  #  DABT63-98-1-0010). 

References 

[1]  C.J.  As,  T.  Frey,  D.  Schikora,  K.  Lischka,  V.  Cimalla,  J.  Pezoldt,  and  R.  Goldhahn,  Appl.  Phys.  Lett.  76 

(2000),  p.  1686. 

[2]  V.Cimalla,  K.V.  Karagodina,  J.  Pezoldt,  and  G.  Eichhom,  Mater  Sci.  Eng.  B29  (1995),  p.  170. 

[3]  J.M.  Harris,  H.C.  Gatos,  and  A.F.  Witt,  J.  Electrochem.  Soc.  1 16  (1969),  p.  380. 

[4]  R.  Scholz,  U.  Gosele,  F.  Wischmeyer,  and  E.  Niemann,  Mater.  Sci.  Forum,  264-268  (1998),  p.  219. 

[5]  V.Cimalla,  W.  Attenberger,  J.K.N.  Lindner,  B.  Stritzker,  and  J.  Pezoldt,  Mater.  Sci.  Forum,  338-342 
(2000),  p.  285. 

[6]  J.  P.  Li  and  A.  J.  Steckl,  J.  Electrochem.  Soc.,  142  (1995),  p.  634. 

[7]  C.A.  Zorman,  AJ.  Fleischmann,  A.S.  Dewa,  M.  Mehregany,  C.  Jacob,  S.  Nishino,  and  P.  Pirouz,  J.  Appl. 
Phys.,  78  (1995),  p.  5136. 


Materials  Science  Forum  Vols.  353-356  (2001)  pp.  171-174 
©  2001  Trans  Tech  Publications,  Switzerland 


A  Comparison  of  Si02  and  Masks  for  Selective 
Epitaxial  Growth  of  3C-SiC  Films  on  Si 

C.-H.  Wu1,  J.  Chung1,  M.H.  Hong1,  C.A.  Zorman2, 

P.  Pirouz1  and  M.  Mehregany2 

1  Department  of  Materials  Science  and  Engineering,  Case  Western  Reserve  University, 
10900  Euclid  Ave.,  Cleveland  OH  44106,  USA 

2  Department  of  Electrical  Engineering  and  Computer  Science, 

Case  Western  Reserve  University,  Cleveland  OH  44106,  USA 


Keywords:  3C-SiC,  APCVD,  Selective  Epitaxy,  Si3N4)  Si02 


Abstract.  A  study  comparing  Si02  and  Si3N4  masks  for  selective  epitaxial  growth  of  3C-SiC  films 
on  Si  wafers  using  a  HCl-free  APCVD  process  is  reported.  Selective  growth  of  SiC  films  using 
Si02  masks  can  be  achieved,  but  the  microstructure  of  the  SiC  films  in  the  unmasked  Si  areas  is 
polycrystalline.  In  addition,  delamination  of  the  Si02  mask  was  often  observed.  For  dry-etched 
Si3N4  masks,  heteroepitaxial  growth  of  3C-SiC  can  be  achieved  inside  the  unmasked  regions,  but 
deposition  of  polycrystalline  SiC  on  the  mask  was  also  observed.  Selective  epitaxial  growth  of  3C- 
SiC  films  was  obtained  using  wet-etched  Si3N4  masks.  No  delamination  was  found  on  these  masks; 
however,  holes  and  polycrystalline  structures  were  found  in  regions  where  lateral  overgrowth  fronts 
converge. 

Introduction 

For  electronic  device  applications,  the  use  of  3C-SiC  films  on  Si  substrates  is  hampered  by  the  high 
defect  densities  in  the  3C-SiC  films,  which  not  only  compromise  the  electronic  behavior  of  the 
films,  but  also  lead  to  unacceptably  high  leakage  currents  between  the  film  and  substrate.  One 
method  currently  under  development  to  improve  the  quality  of  3C-SiC  films  and  reduce  substrate 
leakage  is  selective  epitaxial  growth  in  conjunction  with  lateral  overgrowth.  Selective  epitaxial 
growth  of  SiC  requires  that  the  masking  material  must  adhere  well  to  the  Si  substrate,  be 
mechanically  stable  at  high-temperatures  (~1300°C),  be  able  to  suppress  nucleation  and  growth  of 
polycrystalline  SiC,  and  be  chemically  stable  in  a  hydrogen  atmosphere.  In  most  cases,  Si02  is  used 
as  a  masking  material.  To  improve  selectivity,  HC1  is  sometimes  added  to  the  carrier  gas  [1],  but 
relatively  thick  Si02  masks  are  required  (500  nm)  to  compensate  for  etching  of  the  oxide  masking 
layer.  Si3N4  has  also  been  used  as  a  masking  material  for  SiC  selective  epitaxial  growth,  but  a  thick, 
planar  3C-SiC  seed  layer  was  first  grown  on  the  Si  substrate  before  the  Si3N4  masks  were  deposited 
and  patterned  [2].  This  paper  presents  the  results  of  an  investigation  that  related  the  mask  material 
and  geometry  to  the  microstructure  of  3C-SiC  films  selectively  grown  on  Si  wafers  using  a  two- 
step,  HCl-free  growth  process. 

Experimental 

The  masks  used  for  selective  epitaxial  growth  were  fabricated  from  200  nm-thick,  thermally-grown 
Si02  and  100  nm-thick,  LPCVD  Si3N4  films  deposited  on  100  mm-diameter  Si  (100)  wafers.  The 
Si02  masks  were  fabricated  by  conventional  photolithography  followed  by  wet  chemical  etching  in 
a  buffered  HF  solution,  while  the  Si3N4  masks  were  defined  by  photolithography  and  patterned 
either  by  RIE  using  a  SF6-based  plasma  or  by  wet  etching  in  hot  phosphoric  acid.  The  masks 
consisted  of  2  to  20  pm-wide  lines  spaced  2  to  20  pm  apart.  3C-SiC  films  were  grown  on  the 
patterned  substrates  in  an  APCVD  reactor  using  a  two-step  heteroepitaxial  process  that  has  been 
described  in  detail  elsewhere  [3].  In  this  process,  silane  and  propane  were  used  as  source  gases,  and 
hydrogen  was  used  as  the  carrier  gas.  The  exposed  Si  surfaces  were  carbonized  by  first  heating  the 
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substrates  from  below  500°C  to  1280°C,  then  holding  the  temperature  constant  for  90  s  in  a 
propane/hydrogen  ambient.  Film  growth  was  performed  at  1280°C  in  a  silane/propane/hydrogen 
ambient  for  growth  periods  of  3,  10,  and  60  min.  SEM  and  TEM  were  used  to  characterize  the  as- 
grown  films  deposited  on  the  unmasked  regions  as  well  as  on  top  of  the  masks. 

Results  and  Discussion 

The  Si02  masks  and  the  unmasked  Si  areas  examined  by  SEM  prior  to  film  growth  showed  smooth 
sidewalls  and  featureless  surfaces.  Following  SiC  film  growth,  the  thickness  of  the  3C-SiC  film  in 
the  unmasked  regions  was  about  0.15  pm  and  0.46  pm  for  the  3  min.  and  the  10  min.  growth, 
respectively,  yielding  an  estimated  growth  rate  of  more  than  2.75  pm/hr.  For  both  growth  periods, 
selective  SiC  growth  can  be  achieved  using  the  2  pm-wide  masks.  For  the  3  min.  growth  period, 
good  selectivity  is  observed  for  all  the  mask  widths,  while  selective  growth  only  occurred  for 
linewidths  up  to  10  pm  for  the  10  min  growth  period.  The  SiC  films  grew  vertically  inside  the 
unmasked  regions,  and  did  not  exhibit  observable  lateral  expansion.  For  a  60  min  growth  period, 
the  SEM  micrograph  in  Fig.  1(a),  shows  that  SiC  grows  vertically  in  the  unmasked  regions  and 
laterally  over  the  Si02  mask  surface.  The  SiC  film  was  1.28  pm  in  thickness  and  grew  laterally 
about  0.83  pm  from  each  side  of  the  mask.  The  growth  rate  appeared  to  decrease  once  the  vertical 
growth  front  reached  the  top  surface  of  the  mask.  Good  selectivity  for  the  60  min  growth  period 
was  only  achieved  using  the  2  pm-wide  lines.  Nucleation  and  deposition  occurred  on  lines  wider 
than  2  microns,  resulting  in  the  formation  of  large,  spherical  polycrystalline  SiC  particles.  These 
polycrystalline  particles  have  poor  adhesion  and  easily  detach  from  the  mask  leaving  numerous  etch 
pits  in  the  Si02  surface  [4]. 


Fig.  1(a).  SEM  micrograph  of  selective  growth  of  SiC  films  on  the  Si02  mask;  and  (b)  XTEM  micrograph  of 
SiC  films  on  the  Si02  mask  and  the  associated  SAD  pattern. 


Cross-sectional  TEM  samples  were  prepared  to  characterize  the  microstructures  of  the  SiC  films 
and  interfaces.  A  bright-field  TEM  image  and  the  associated  diffraction  pattern  of  a  SiC  film  are 
shown  in  Fig.  1(b).  The  SAD  pattern  clearly  shows  that  the  SiC  film  inside  the  unmasked  regions 
was  polycrystalline.  In  general,  the  SiC  films  had  good  adhesion  to  the  unmasked  Si  and  interfacial 
voids  were  not  seen;  however,  the  Si02  masks  delaminated  from  the  Si  substrate  in  certain 
locations,  as  evidenced  in  Fig  1(b).  Delamination  of  Si02  masks  used  for  selective  epitaxial  growth 
of  SiC  has  also  been  observed  by  Jacob  et  al  [5]  and  was  attributed  to  residual  stresses  in  the  Si02 
and  SiC  films. 

As  with  the  Si02  masks,  SEM  was  used  to  verify  that  surfaces  of  the  Si3N4  masks  and  the  unmasked 
Si  areas  were  smooth  before  SiC  film  growth.  Since  silicon  is  readily  etched  by  the  SF6-based 
plasma  used  to  pattern  the  Si3N4  masks,  the  unmasked  Si  regions  were  deeper  than  the  thickness  of 
the  Si3N4  masking  film.  The  SiC  film  thickness  on  the  Si3N4  masks  was  about  0.14,  0.24,  and  1.2 
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jam  for  the  3,  10,  and  60  min  growth  runs,  respectively.  Using  Si3N4  masks,  good  selectivity  can 
only  be  achieved  for  a  growth  period  of  3  min,  regardless  of  line  widths.  Deposition  of  SiC  on  the 
Si3N4  mask  occurred  for  all  longer  growth  periods,  regardless  of  line  width.  Polycrystalline  SiC 
films  form  on  the  mask  surface,  but  are  thinner  than  films  on  the  unmasked  Si  regions.  The 
thickness  of  the  films  on  the  mask  was  about  0.56  pm,  as  compared  to  1.2  pm  in  the  unmasked  Si 
regions  (Fig.  2a).  Since  the  deposition  of  polycrystalline  SiC  on  the  masks  occurred  before  the  films 
grew  vertically  over  the  top  of  the  mask,  single  crystal  film  growth  could  not  continue  laterally  over 
the  Si3N4  mask.  Despite  the  poor  selectivity  of  the  Si3N4  mask,  3C-SiC  films  on  the  unmasked  Si 
have  much  smoother  surface  morphologies  and  faceted  growth  fronts  than  for  3C-SiC  growth  using 
Si02  masks. 

To  understand  the  effects  of  the  Si3N4  mask  fabrication  process  on  selective  epitaxial  growth,  a  hot 
phosphoric  acid  solution  (~  130°C)  was  used  as  an  alternative  to  dry  etching  during  the  patterning 
process.  Fig.  2(b)  shows  an  SEM  micrograph  of  the  3C-SiC  films  grown  on  the  wet-etched  Si3N4 
masks  for  a  period  of  60  minutes.  The  image  shows  better  selective  growth  on  the  wet-etched  Si3N4 
mask,  and  no  evidence  of  mask  delamination.  The  surface  morphology  of  the  films  is  not  as  smooth 
as  films  using  the  dry-etched  Si3N4  mask,  but  the  faceted  growth  on  both  sides  can  still  be  observed. 


Fig.  2.  SEM  micrographs  of  selective  growth  of  3C-SiC  using:  (a)  the  dry-etched  Si3N4  masks;  and  (b)  the 
wet-etched  Si3N4  masks. 


The  microstructure  of  the  SiC  films  on  the  Si3N4  masks  was  further  characterized  by  TEM.  A 
bright-field  TEM  image  and  SAD  patterns  from  SiC  films  on  the  unmasked  Si  and  on  the  top  of  the 
dry-etch  Si3N4  mask  are  shown  in  Fig.  3.  The  SAD  patterns  prove  that  heteroepitaxial  growth  of  SiC 
occurs  on  the  unmasked  Si,  while  polycrystalline  films  grow  over  the  masks.  Good  adhesion 
between  the  SiC/Si  and  Si3N4/Si  interfaces  was  found.  However,  in  some  areas  of  the  SiC/Si 
interface,  interfacial  voids  were  observed.  Single  crystalline  films  were  constrained  to  grow  on  the 
unmasked  Si,  with  very  little  lateral  growth  due  to  the  formation  of  polycrystalline  SiC  on  top  of  the 
mask.  SiC  films  grown  on  wet-etched  Si3N4  masks  were  also  characterized  by  cross-sectional  TEM, 
as  shown  in  Fig.  4.  Heteroepitaxial  growth  of  3C-SiC  is  observed  on  the  unmasked  Si,  but 
polycrystalline  SiC  structures  can  be  found  near  the  growth  fronts.  In  the  regions  where  the  growth 
fronts  converge  over  the  Si3N4  masking  lines,  the  SiC  film  is  clearly  poly  crystalline.  Even  though 
the  mask  does  not  show  evidence  of  delamination,  etching  of  the  mask  may  take  place  during  film 
growth.  Fig.  4  clearly  shows  that  the  Si3N4  mask  is  thinner  at  the  center,  presumably  because  this 
region  is  the  last  to  be  covered  with  SiC. 
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Fig.  4.  An  XTEM  micrograph  and  SAD  pattern  of  a  SiC  film  grown  using  a  wet-etched  Si3N4  mask. 

Conclusion 

In  an  attempt  to  achieve  selective  epitaxial  growth  without  using  HC1,  growth  of  3C-SiC  films 
using  Si02-  and  Si3N4-masked  Si  wafers  was  conducted  in  an  APCVD  reactor.  Selective  growth  of 
SiC  films  can  be  achieved  using  a  Si02  mask,  although  the  films  are  polycrystalline.  Using  Si3N4 
masks,  heteroepitaxial  growth  of  3C-SiC  can  be  obtained  inside  the  unmasked  Si  regions. 
Deposition  of  SiC  on  the  surfaces  of  dry-etched  Si3N4  masks  was  observed,  but  not  on  the  wet- 
etched  Si3N4  masks.  Problems  related  to  delamination  and  mask  geometries  were  observed. 

This  work  was  supported  by  ARO  MURI  (Grant  #  DAAH04-95- 10097)  and  DARPA  (Grant  # 
DABT63-98- 1  -00 1 0). 
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Abstract:  The  structural  characteristics  of  3C-SiC  mesastructures,  realized  by  selective  epitaxy  on 
prestructured  Silicon-On-Insulator  (SOI)  substrates  using  methylsilane,  are  studied  by  Transmission 
Electron  Microscopy  (TEM).  It  is  shown  that  the  quality  of  the  film  is  comparable  with  the  material 
grown  under  the  standard  conditions.  The  occurance  of  lateral  growth  at  the  edges  of  the  3C-SiC 
structures  is  limited  by  the  layer-thickness.  Loss  of  the  oxide  mask  during  the  SiC  deposition  is 
observed  and  attributed  to  the  decomposition  of  Si02. 

Introduction 

Epitaxial  growth  of  3C-SiC  on  Si-substrates  by  chemical  vapor  deposition  (CVD)  permits  the 
development  of  sensors  working  at  high  temperatures  and  in  harsh  environments  having  also  the 
advantage  of  using  standard  silicon  micro-machining  processing  and  large  wafer  size  capability. 
Despite  these  advantages,  at  temperatures  greater  than  200°C,  the  SiC/Si  heterojunction  becomes 
leaky,  short-circuiting  the  SiC  sensing  elements  through  the  Si  substrate  [1].  Epitaxially  grown  3C- 
SiC  on  SOI  structure  eliminates  the  leakage  problem  as  the  Buried  Oxide  (BOX)  layer  isolates  the 
overgrown  SiC  from  the  Si-substrate  [2,3].  Moreover  the  BOX  acts  as  a  mechanical  buffer,  partially 
absorbing  the  strain  developed  due  to  the  significant  difference  in  the  thermal  expansion 
coefficients  of  SiC  and  Si  [3,4].  The  strain  increases  with  the  thickness  of  the  overgrown  3C-SiC 
resulting  in  the  bending  of  the  substrate  or  ruptures  the  3C-SiC  film  at  the  interface.  However  for 
the  realization  of  microsensors  most  of  the  deposited  3C-SiC  is  etched  off,  demonstrating  that 
deposition  of  3C-SiC  on  the  complete  wafer  surface  leads  to  an  unnecessary  shrink  in  applicability. 
Therefore  selective  deposition  on  prestructured  Si-substrates  has  two  main  advantages  in 
comparison  to  the  standard  deposition  processes  [5,6]:  Reduction  of  the  area  covered  by  the  3C- 
SiC,  decreasing  the  mean  strain  imposed  to  the  substrate  and  also  simplification  of  deMce 
fabrication  by  avoiding  etching  processes  of  3C-SiC.  In  this  paper  the  structural  characteristics  of 
selectively  deposited  3C-SiC  mesastructures  on  prestructured  SOI  substrates,  applied  for 
microsensor  development,  is  investigated  using  TEM. 

Experimental  procedure 

Commercially  available  SOI  wafers  from  SOITEC  with  200nm  thick  Si-overlayer  (SOL)  were  used 
for  the  3C-SiC  deposition.  At  first  a  40  nm  thick  LPCVD  silicon  nitride  layer  was  deposited  at 
780°C,  subsequently  300nm  thick  PECVD  silicon  oxide  layer  was  deposited  at  350°C.  The  oxide 
was  patterned  by  a  photoresist  mask  layer  and  by  etching  in  buffered  HF  for  4  min.  After  removal 
of  the  photoresist  the  silicon  nitride  film  was  structured  by  wet  chemical  etching  in  phosphoric  acid 
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at  160°C  for  30min  with  the  PECVD-oxide  as  a  mask  layer.  Subsequently  the  latter  one  was 
removed  by  a  dip  in  diluted  HF  (12%)  for  4min. 

To  define  the  final  mask  layer  for  the  3C-SiC  deposition  the  SOL  was  selectively  oxidized  in  a  wet 
oxidation  step  at  1000°C  for  100  min.  On  top  of  the  silicon  nitride  islands,  a  thin  film  of  oxinitride 
was  formed  during  oxidation,  which  was  removed  by  a  dip  in  ammonia  fluoride  for  15  sec.  The 
silicon  nitride  islands  were  removed  by  wet  chemical  etching  in  phosphoric  acid  at  160°C  for 
30min.  The  samples  were  cleaned  in  H2S04/H202  at  120°C  for  5min  and  finally  dipped  in  ammonia 
fluoride  directly  before  SiC-deposition  to  ensure  oxide-free  silicon  surfaces. 

On  the  prestructured  SOI  substrates  3C-SiC  was  deposited  in  a  cold  wall,  low  pressure  CVD  reactor 
at  1200°C,  using  methylsilane  (MeSi)  H3C-SiH3  diluted  in  hydrogen  [7]. 

Results  and  discussion 

Three  prestructurated  specimens  (2138,  2217  and  2140)  having  3C-SiC  overlayer  1.3,  2.0  and 
2.8pm,  respectively,  were  characterized  by  cross-section  TEM  (XTEM)  and  the  results  are  the 
followings: 

A)  Specimen  2138:  The  resulting  quality  of  the  3C-SiC  is  comparable  to  SiC-layers  grown  under 
the  same  growth  conditions  on  standard  SOI  wafers  [2],  as  shown  in  the  high  magnification 
micrograph  in  Fig. la.  After  deposition  the  sequence  of  layers  was  410nm  BOX,  185nm  SOL, 
795nm  thermal  mask-oxide  and  1.3pm  overgrown  3C-SiC,  as  shown  in  Figlb.  Cavities  are 
observed  in  the  SOL  without  distraction  of  the  BOX,  denoted  by  the  letter  C  in  Fig.lb.The  structure 
at  the  edges  of  the  SiC  is  shown  in  Fig.lc.  Lateral  growth  at  the  edge  of  the  3C-SiC  film  is 
observed,  which  is  comparable  to  the  thickness  of  the  SiC  film  denoted  by  the  letter  LG  in  Fig.lc. 
No  islands  of  SiC  were  observed  on  the  oxide  surface  out  of  the  edges.  The  3C-SiC  quality  is  good 
even  at  the  lateral  growth  region  as  shown  in  the  inset  in  Fig.  lc. 

B)  Specimen  2217 :  The  layer  sequence  after  3C-SiC  deposition  is,  400nm  BOX,  195nm  SOL, 
785nm  thermal  mask-oxide  and  2.0pm  overgrown  3C-SiC,  respectively.  The  structure  at  the  edges 
of  the  SiC  is  shown  in  Fig.2a  and  2b.  Lateral  growth  of  the  SiC  at  the  edge  of  the  windows, 
comparable  with  the  thickness  of  the  SiC  film  is  observed.  No  rupture  at  the  SiC/Si  interface  was 
observed,  even  in  this  thicker  3C-SiC  film.  At  the  edges  of  the  windows  for  the  SiC  epitaxial 
growth  the  SOL  were  overetched,  denoted  by  the  letter  E  in  Fig.2a  and  2b.  The  overetched  area  is 
extended  inside  the  BOX  without  touching  the  Si  substrate,  excluding  short-circuit  of  the  SiC  mesa- 
structure.  The  overetching  occured  during  structuring  of  the  mask  layer  and  is  not  related  with  the 
instability  of  the  SOI  during  SiC  deposition  [8,9].  This  was  confirmed  by  using  a  prestructured 
(100)  Si  wafer  for  the  deposition  of  a  1.8pm  thick  3C-SiC  layer  under  the  same  conditions. 
Overetching  of  the  Si-substrate  at  the  edge  as  well  as  lateral  growth  of  the  SiC  is  evident  in  Fig.2c. 
The  3C-SiC  quality  is  good  even  at  those  region  where  lateral  growth  occurs,  as  is  shown  in  the 
inset  in  Fig.2c. 

C)  Specimen  2140:  The  general  view  at  the  edge  of  the  window  after  the  deposition  of  a  2.8pm 
thick  3C-SiC  film,  is  shown  in  Fig.3.  In  this  case  the  layer  thicknesses  are,  410nm  BOX  and  180nm 
SOL,  respectively.  The  mask-Si02  is  about  625nm  thick,  as  shown  in  Fig.3.  This  is  thinner  than 
expected,  because  after  oxidation  of  the  SOL  the  total  oxide  thickness  including  the  BOX  should  be 
close  to  806nm,  revealing  a  181nm  loss  of  Si02  during  SiC  deposition.  The  loss  of  oxide  was 
already  observed  during  selective  growth  of  3C-SiC  on  Si  wafers;  the  reported  rate  of  oxide  loss 
was  400nm/hour  [5].  In  the  present  case  this  value  agrees  quite  well  for  the  deposition  of  thick  3C- 
SiC  films,  however,  it  is  significantly  lower  for  SiC  film  thinner  than  2pm. 

The  loss  of  the  mask-oxide  is  attributed  to  the  decomposition  of  the  Si02  during  the  SiC  deposition 
for  two  reasons: 

A)  Due  to  the  very  low  oxygen  partial  pressure. 

Under  low  oxygen  partial  pressure  Si02  decomposition  at  the  Si/Si02  interface  occurs  according  to 
the  reaction  [10  ]. 

Si  +  Si02  2SiO(g) 


(1) 
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Fig.  2:  Specimen  2217  a)  and  b)  The  morphology  of  the  3C-SiC  at  the  edges  of  the  oxide  mask.  Over¬ 
etching  at  the  edges  is  denoted  by  the  letter  E.  c)  3C-SiC  deposition  on  prestructured  Si  wafer.  Over-etching 
is  evident  at  the  edge.  The  quality  of  the  laterally  grown  3C-SiC  on  Si02  is  shown  in  the  inset. 
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Fig.3.  XTEM  micrograph  from  the 
edge  of  the  2.8pm  thick  3C-SiC- 
mesastructure.The  significantly 
thinner  mask-Si02  should  be 
noticed. 


The  decomposition  is  enhanced  at  higher  temperatures  and  lower  partial  oxygen  pressures.  For  the 
same  reasons  the  reaction  (1)  also  retards  under  high  SiO  partial  pressures  [11]. 

B)  Due  to  the  presence  of  hydrogen 

During  3C-SiC  deposition  hydrogen  is  used  as  carrier  gas,  which  reacts  with  the  oxide  according  to 
the  reaction  (2)  [9]. 

H2  +  SiC>2“>  H20(g)  +  SiO(g)  (2) 

The  selective  epitaxy  can  not  be  attributed  solely  to  the  difference  of  the  SiC  sticking  coefficient  on 
Si  and  SiC^,  but  rather  to  the  instability  of  the  oxide  layer  under  the  3C-SiC  deposition  conditions. 
Conclusions 

Selective  deposition  of  3C-SiC  at  1200°C  using  methylsilane  is  shown  to  result  in  a  good  material 
quality  films  even  at  the  edges  where  lateral  growth  occurs.  This  deposition  process  significantly 
reduces  the  area  covered  by  the  3C-SiC  and  therefore  allows  a  strong  decrease  of  the  mean  strain 
imposed  to  the  substrate.  The  oxide  decomposition  rate  at  the  process  temperature  is  low  and  does 
not  cerate  process  difficulties  due  to  the  byproducts  SiO  and  H20. 
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Abstract  The  carbonization  and  subsequent  growth  of  3C-SiC  layers  of  both  polarities  on  nonpolar 
Si(l  11)  substrates  were  investigated.  It  is  shown  that  the  carbonization  environment  is  the  critical 
parameter  for  controlling  the  surface  polarity  on  Si(lll).  The  SiC  layers  of  both  polarities  were 
characterized  by  x-ray  photoelectron  diffraction,  atomic  force  microscopy,  x-ray  diffraction  and 
spectroscopic  ellipsometry. 

Introduction 

The  lack  of  large,  high-quality  3C-SiC  bulk  crystals  has  stimulated  several  groups  to  investigate 
systematically  thin  film  growth  on  Si  substrates.  Beside  the  fundamental  aspects  of  heteroepitaxy  in  a 
material  system  with  large  lattice  mismatch,  3C-SiC/Si  layered  structures  offer  some  attractive  appli¬ 
cations.  The  first  is  in  the  field  of  robust  sensors  operating  at  high  temperatures  and  in  harsh  environ¬ 
ments.  At  second,  they  can  be  successfully  used  as  pseudo-substrates  for  the  cubic  nitride  epitaxy  [1]. 
The  common  technique  to  grow  SiC  on  Si  is  a  two  step  process  consisting  of  a  carbonization  process, 
e.g.  under  CVD  or  MBE  conditions,  followed  by  an  epitaxial  growth.  The  influence  of  the  carbonized 
layer  on  the  subsequent  epitaxial  process  was  studied  mostly  in  the  context  of  the  structural  perfection 
of  the  film  and  how  this  quantity  influences  the  structural  perfection  of  the  grown  active  layer.  How¬ 
ever,  in  most  studies,  only  one  method  was  applied  for  the  conversion  of  the  Si  surface  into  SiC.  In 
this  work  we  present  a  comparative  study  of  the  crystalline  quality,  surface  morphology,  and  polarity 
for  solid  source  MBE  grown  single  domain  3C-SiC  active  layers  if  different  carbonization  processes 
are  applied. 

Experimental 

The  Si(l  1 1)  substrates  were  carbonized  by  using  two  different  methods.  The  first  method  (RTCVD) 
is  based  on  the  carbonization  process  in  a  propane  hydrogen  atmosphere  in  a  rapid  thermal  processing 
reactor  described  in  detail  in  [2].  The  C3H8  concentration  in  H2  was  chosen  to  obtain  a  conversion  of 
the  Si  surface  into  single  domain  3C-SiC.  The  second  one  is  a  MBE  based  process  consisting  of  the 
following  process  steps:  (1)  deposition  of  C  on  a  (7x7)  reconstructed  Si  surface  at  325  °C,  (2)  heating 
up  the  Si  wafer  to  660  °C  within  3  min,  (3)  gradually  increase  of  the  substrate  temperature  in  steps  of 
50  degree  up  to  the  final  growth  temperature  for  SiC  epitaxy.  On  both  carbonized  substrate  types,  1?0 
nm  thick  3C-SiC  epitaxial  layers  were  grown  at  1000  °C  with  a  rate  of  1  nm/min  under  Si  rich 
conditions  and  continuously  operating  Si  and  C  sources.  The  stability  of  the  deposition  conditions  was 
controlled  by  reflection  high  energy  electron  diffraction  (RHEED)  monitoring  the  silicon  related 
surface  reconstruction  streaks  on  the  SiC(l  11)  surface.  In  addition,  the  growth  process  was  monitored 
by  in  situ  real  time  spectroscopic  ellipsometry  (SE).  Ex  situ  characterization  of  the  films  was  per- 
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formed  by  atomic  force  microscopy  (AFM),  X-ray  diffraction  (XRD),  X-ray  photoelectron  diffraction 
(XPD),  and  SE.  The  XPD  patterns  of  Si  2p  and  C  Is  core-level  intensities  have  been  measured  using 
Mg  Ka  (1253.6  eV)  or  A1  Ka  (1486.6  eV)  radiation  for  photoelectron  excitation  and  a  stepper-motor 
controlled  manipulator.  The  angular  resolution  of  the  SPECS  hemispherical  electron  analyzer  was  4°. 
The  angle  between  the  X-ray  source  and  the  electron  analyzer  was  fixed  to  54°  and  the  polar  angle 
between  the  direction  of  the  analyzer  entrance  and  the  normal  of  the  sample  surface  was  varied  by 
rotating  the  sample  holder. 

Results  and  Discussion 


’ll 

1  • 

tern  taken  after  SSMBE  car 
bonization.  Azimuth  <1 10>. 


The  carried  out  carbonization  process 
lead  in  both  cases  to  a  single  domain  3C-SiC 
layer  as  confirmed  by  RHEED  (Figs.  1,  2)  and 
XPD  measurements.  The  thickness  of  the  car¬ 
bonized  layer  was  between  2  and  3  nm.  The 

- _  root  mean  square  surface  roughness  (rms) 

Fig.l  3C-SiC  RHEED  pat-  Fig.2  3C-SiC  RHEED  pat-  measured  by  AFM  was  in  the  range  between 
^  CCXy,nTr  —  tern  taken  after  RTCVD  car-  0.2  and  0.4  nm  in  the  case  of  RTCVD  carbo- 

bonization.  Azimuth  <11 0>.  nized  layers,  whereas  in  the  case  of  SSMBE 
carbonization  slightly  higher  rms  values  with¬ 
in  the  range  of  0.4... 0.6  nm  were  obtained. 

During  the  epitaxial  growth  on  these  sub¬ 
strates  a  different  growth  behaviour  was  ob¬ 
served.  On  SSMBE  substrates  after  a  thick- 
ness  ^  nm  a  clear  (3x3)  surface  re- 
Fig.3  3C-SiC  RHEED  re-  Fig.4  3C-SiC  RHEED  re-  construction  appeared,  whereas  in  the  case  of 
corded  at  room  temperature  corded  at  room  temperature  RTCVD  carbonized  substrates  this  surface 
after  the  growth  of  120  nm  after  the  growth  of  120  nm  reconstruction  could  not  be  observed.  On 
SiC  on  a  SSMBE  carbonized  SiC  on  a  RTCVD  carbonized  these  substrates  during  epitaxial  growth  only 
Si(l  11).  Azimuth  <1 10>.  Si(l  1 1).  Azimuth  <1 10>.  very  week  half  order  streaks  in  the  <1 10>  and 

<11 2>  azimuth  were  detected.  The  growth 
process  was  interrupted  at  thicknesses  of  120 
and  300  nm  and  the  samples  were  cooled 
down  to  room  temperature.  The  RHEED  pat¬ 
tern  obtained  are  shown  in  Figs.  3  and  5  for 
the  SSMBE  and  in  Figs.  4  and  6  for  the 
Fig.5  3C-SiC  RHEED  re-  Fig.6  3C-SiC  RHEED  re-  RTCVD  case.  The  diffraction  pattern  taken 
corded  at  room  temperature  corded  at  room  temperature  from  the  SiC  layers  grown  on  the  SSMBE 
after  the  growth  of  120  nm  after  the  growth  of  120  nm  carbonized  Si  substrates  shows  strong  third 
SiC  on  a  SSMBE  carbonized  SiC  on  a  RTCVD  carbonized  order  diffraction  streaks  indicating  on  a 
SiC 1  ')•  Azimuth  <]  12>-  Si(l  11).  Azimuth  <1 12>.  (3*3)-Si  surface  reconstruction,  which  is 

characteristic  for  silicon  rich  Si  face  a- 
SiC(OOOl)  and  P~SiC(l  1 1)  surfaces.  Furthermore,  the  mixed  2D  -  3D  3C-SiC  diffraction  behaviour  is 
an  evidence  for  a  relatively  smooth  SiC  surface.  In  the  case  of  the  SiC  layer  grown  on  the  RTCVD 
carbonized  Si  substrates  only  half  order  streaks  in  both  azimuthal  directions  and  a  strong  3D  diffrac¬ 
tion  behaviour  was  observed.  The  more  pronounced  3D  diffraction  is  due  to  a  higher  surface  roughness 
compared  to  the  SSMBE  case.  The  half  order  streaks  can  be  related  to  a  (2x2)-Si  surface  reconstruc¬ 
tion.  This^surface  reconstruction  is  not  characteristic  for  SiC(0001)  surfaces  and  was  observed  only  on 
SiC(000 1 )  surfaces  [3,4].  To  confirm  the  hint  of  different  surface  polarity  of  the  grown  layers  detailed 
XPD  measurements  were  carried  out.  This  method  has  been  proven  capable  for  determining  the 
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polarity  of  compound  semiconductor  surfaces,  e.g.,  of  GaN  [5],  ZnO  [6],  6H-SiC  [7]  and  AIN  [8].  The 
XPD  pattern  is  obtained  by  angular-resolved  detection  of  Si2p  and  Cl s  photoelectron  intensities.  Due 
to  the  strong  forward  focussing  nature  of  the  electron  scattering  in  the  energy  range  near  1  keV ,  the 
diffraction  pattern  is  dominated  by  forward  scattering  (FS)  peaks  pointing  along  the  low-index 
directions  of  nearest-neighbour  high-density  atomic  rows  [9].  Thus,  information  on  the  atomic 
structure  in  real  space  can  be  obtained.  The  situation  may  be  more  complicated  than  in  this  simple  FS 
picture  because  of  energy-dependent  interference  and  multiple-scattering  effects.  Thus,  more  complex 
XPD  patterns  are  usually  observed.  The  polarity  of  3C-SiC  can  be  determined  by  measuring  the 
Si2p/C Is  photoelectron  intensity  ratio  along  {111}  direction,  i.e.,  normal  to  the  surface.  Figs. 7,  8  and 
Figs.9,  10  show  subsequently  the  polar  scans  of  the  Si2p  and  Cls  intensities  as  well  as  the  Si2p/Cls 
intensity  ratios  measured  in  (21 1 )  plane  of  our  cubic  SiC  films.  Similar  to  the  results  obtained  by 
Bischoff  on  6H  SiC,  the  polar  scans  differ  for  the  Si  and  C  faces  of  3C-SiC  [10].  The  main  difference 
of  both  polar  faces  is  evident  from  the  Si2p/Cls  intensity  ratios  near  normal  emission  (0°). 


Fig.7  Experimental  polar  angle  scans  of  Si  2p  and  C 
Is  obtained  on  SiC  epitaxial  layer  grown  on  SSMBE 
carbonized  (1 1  l)Si 


Fig.8  Experimental  polar  angle  scans  of  Si  2p  and  C 
Is  obtained  on  SiC  epitaxial  layer  grown  on  RTCVD 
carbonized  (111 )Si 


Fig.9  Photoemission  intensity  ratio  of  the  SSMBE  Fig.10  Photoemission  intensity  ratio  of  the  RTCVD 
sample.  samPle- 


As  forward  scattering  is  strong  for  short  emitter-scatterer  distances,  one  can  recognize  from  the 
atomic  arrangement  that  in  normal  direction  a  C  atom  has  the  next  neighbour  Si  in  ( 1 1 1 )  direction  and 
a  Si  atom  has  the  next  neighbour  C  in  (1 1 1)  direction.  This  asymmetry  results  in  strong  FS  intensity 
of  Si2p  photoelectrons  and  weak  FS  intensity  of  Cls  photoelectrons  in  (1 1 1)  direction,  i.e.,  Si  face. 
The  contrary  is  valid  for  the  C  face.  Thus,  the  Si2p/Cls  intensity  ratio  shows  a  maximum  near  normal 
emission  on  Si  face  and  a  minimum  on  C  face.  The  layers  grown  on  the  SSMBE  carbonized  Si  exhibit 
a  Si  side  polarity  and  the  layers  grown  on  RTCVD  carbonized  Si  have  a  C  side  polarity.  XPD  mea- 
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surements  carried  out  on  layers  after  the  carbonization  procedure  show  the  same  polarity  behaviour. 
Thus  the  polarity  of  the  epitaxial  film  is  a  replica  of  the  polarity  of  the  carbonized  Si  surface. 

To  characterize  the  surface  and  interface  roughness  AFM  and  SE  measurements  were  carried  out. 
These  results  and  the  full  width  at  the  half  maximum  (FWHM)  of  the  (1 1  l)SiC  peak  measured  by 
XRD  in  the  0-20  scan  are  summarized  in  Table  1 .  The  SSMBE  samples  are  characterized  by  a  smoo¬ 
ther  surface  and  a  rougher  interface  compared  to  the  RTCVD  samples.  The  larger  roughness  on  layers 
with  C-faces  might  be  an  evidence  on  a  different  incorporation  mechanism  of  the  deposited  atoms  and 
a  smaller  surface  diffusion  length  compared  to  the  Si-face.  The  smaller  interface  width  of  RTCVD 
samples  indicates  a  better  diffusion  barrier  behaviour  of  these  samples  against  Si  outdiffusion. 
Furthermore,  the  RTCVD  samples  exhibit  lower  strain  than  the  SSMBE  samples. 


Table  1  Surface,  interface  and  crystallographic  characteristics 


Sample,  thickness 

rms ,  nm 

Interface  width,  nm 

FWHM,  ° 

SSMBE,  120  nm 

0.9 

6.5 

0.238 

RTCVD,  120  nm 

1.8 

1.9 

0.205 

SSMBE,  300  nm 

1.3 

12.0 

0.241 

RTCVD,  300  nm 

2.8 

6.8 

0.211 

Conclusion 


The  results  emphasize  that  both  substrate  types  lead  to  epitaxial  layers  characterized  by  a  single 
domain  3C-SiC  structure.  The  films  grown  on  RTCVD  carbonized  substrates  exhibit  a  smoother 
interface  between  SiC  and  Si,  but  a  larger  surface  roughness  compared  to  the  layers  grown  on  MBE 
carbonized  wafers.  Furthermore,  the  full  width  at  the  half  maximum  of  the  (lil)SiC  XRD  peak  is 
found  smaller  in  case  of  RTCVD  material  indicating  a  lower  residual  stress.  Detailed  XPD  measure¬ 
ment  revealed  that  the  epitaxial  layer  grown  on  RTCVD  material,  i.e.  in  hydrogen  rich  environments, 
shows  C-face  surface  polarity,  whereas  the  material  grown  on  SSMBE  material,  i.e.  in  hydrogen  poor 
environment,  is  characterized  by  a  Si-face  polarity. 
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Abstract  The  influence  of  germanium  on  the  carbonization  of  silicon  was  studied  by  comparing 
different  methods  of  introducing  Ge  into  the  conversion  process.  Independent  on  the  method  used  Ge 
leads  to  an  increase  of  the  grain  size  and  reduces  the  SiC  growth  rate.  If  a  Ge  incorporation  into  the 
SiC/Si  interface  is  desired  the  Ge  predeposition  at  low  temperature  is  preferable. 

Introduction 

The  common  technique  in  the  heteroepitaxy  of  SiC  on  Si  is  the  formation  of  a  so  called  buffer  layer  by 
using  a  carbonization  procedure.  These  layers  act  as  a  pseudo  substrate  and  a  diffusion  barrier  but  are 
not  able  to  compensate  the  large  lattice  mismatch,  and  especially  the  difference  in  thermal  expansion. 
To  improve  the  situation  different  methods  were  developed:  (1)  deposition  on  SOI  substrates,  (2) 
deposition  on  porous  or  nanostructured  silicon,  (3)  the  incorporation  of  Ge  in  the  heterointerface 
between  SiC  and  Si.  All  this  methods  lead  to  an  improvement  of  the  growth  and  a  reduction  of  the 
residual  stress  in  the  heteroepitaxial  system.  For  the  last  case,  namely  Ge  addition  into  the  growth 
process,  a  two  fold  influence  of  this  element  onto  the  epitaxial  growth  is  expected.  On  the  one  hand  Ge 
incorporation  may  improve  the  lattice  matching  between  Si  and  SiC.  On  the  other  hand  Ge  can  act  as 
a  surfactant  during  the  growth  process.  The  aim  of  this  work  is  to  give  an  initial  insight  into  the 
influence  of  Ge  on  the  SiC  nucleation  process  on  (1 1  l)Si  in  dependence  on  the  method  applied. 

Experimental 

The  carbonization  process  was  performed  with  and  without  additional  Ge  during  the  carbonization  by 
depositing  evaporated  elemental  C  at  high  and  low  substrate  temperatures  in  a  solid  source  molecular 
beam  epitaxy  equipment  (SSMBE)  on  (1 1  l)Si  surfaces.  The  high  temperature  process  was  carried  out 
at  750°C  on  clean  (7x7)  (1 1  l)Si  surfaces.  Three  samples  were  prepared  differing  in  the  methods  of  Ge 
deposition  during  the  carbonization.  For  comparison  one  sample  was  carbonized  without  Ge  (Sample 
1).  On  the  second  sample  prior  to  the  C  deposition  three  monolayers  (ML)  Ge  were  deposited  on  the 
(lll)Si  surface  at  750°C  (ML  :  With  respect  to  the  (1 1  l)Si  surface).  After  a  subsequent  annealing  step 
of  200  s  at  750°C  the  Si  surface  was  converted  into  SiC  (Sample  2).  The  third  sample  was  carbonized 
by  applying  a  Ge  and  C  flux  simultaneously.  After  depositing  3  ML  Ge  the  carbonization  was  contin¬ 
ued  without  Ge  (Sample  3).  The  low  temperature  regime  was  chosen  in  such  a  way  that  the  SiC 
nucleation  during  the  carbon  deposition  was  suppressed.  The  procedure  consists  of  the  following  steps: 
(1)  0  ...  4  Monolayer  Ge  deposition  on  the  (7x7)  reconstructed  Si  surface  at  325°C,  (2)  6  ML  C  de¬ 
position  on  the  Si  substrate,  (3)  heating  up  the  Si  wafer  to  660°C  for  3  minutes,  (4)  gradually  increase 
of  the  substrate  temperature  in  periods  of  2  minutes  by  50°C  up  to  950°C.  The  Ge  deposition  time  was 
calibrated  by  reflection  high  energy  electron  diffraction  (RHEED)  oscillations.  The  calibration  of  the 
C  flux  (2x  1 013  cm'V)  was  carried  out  by  using  the  deposition  time  necessary  to  establish  the  intensity 
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maximum  of  the  RHEED  streaks  of  the  (v/3xn/3)R30°-C  surface  reconstruction  on  (1 1  l)Si. 

The  process  was  monitored  by  in  situ  RHEED  and  by  in  situ  spectroscopic  ellipsometry  (SE) 
in  real  time.  The  rotating  analyser  ellipsometer  has  a  wavelength  range  between  250  ...  850  nm.  The 
angle  of  incidence  was  set  to  72.6°.  Spectra  of  T  and  A  as  a  function  of  wavelength  were  successively 
measured  in  parallel  mode  using  a  photodiode  array  (spectral  resolution:  0.6 1  nm).  The  time  interval  of 
one  measured  spectra  was  about  10s  to  get  a  satisfactory  signal  to  noise  ratio.  The  final  sample 
surfaces  were  investigated  ex  situ  by  atomic  force  microscopy  (AFM)  and  X-ray  photoelectron 
spectroscopy  (XPS).  The  AFM  images  were  obtained  in  contact  mode  with  a  lxl  pm2  scan  area.  XPS 
spectra  of  the  Si2p,  Cls,  Ols,  Ge2p  and  Ge3d  core  levels  were  taken  using  Mg  and  AlKa  X-ray 
sources. 

High  temperature  case 

Under  the  chosen  experimental  conditions  the  Ge  predeposition  onto  the  (1 1  l)Si  surface  did  not  led  to 
a  change  of  the  surface  reconstruction.  Fig.  1  shows  the  time  dependent  RHEED  intensities  behaviour 
recorded  during  different  carbonization  processes  for  the  three  dimensional  (3D)  (111  )SiC  diffraction 
spot,  the  (1  l)Si  and  (1/3, 1/3)  (\/3x\/3)R30o-C  diffraction  streaks.  As  can  be  seen  Ge  predeposition 
suppresses  the  formation  of  the  (\/3x\/3)R30o-C  surface  reconstruction,  which  is  formed  at  these 
substrate  temperatures  during  the  early  stages  of  C  deposition  [1].  Only  a  (1  x  1)  surface  structure  was 
observed  until  SiC  nucleates.  The  simultaneous  deposition  of  Ge  and  C  led  to  a  similar  effect.  In  this 
case  the  diffraction  streaks  corresponding  to  the  (vW3)R30°-C  surface  reconstruction  were  very 
faintly  visible.  The  suppression  of  the  formation  of  the  C  induced  surface  reconstruction  might  be 
caused  by  the  low  affinity  of  Ge  and  C  to  form  Ge-C  bonds.  Thus  only  surface  areas  which  are  not 
covered  with  Ge  are  able  to  change  their  reconstruction  into  the  C  induced  one.  Furthermore  the 
intensity  increase  of  the  (1 1  l)SiC  3D  diffraction  spot  was  faster  and  exhibited  a  maximum  of  intensity 
if  Ge  was  not  used  during  the  carbonization  process.  Additionally  the  Si  related  streaks  decreased  more 
rapidly.  These  is  an  indication  for  a  faster  coverage  of  the  Si  surface  with  SiC  if  Ge  is  not  used.  The 
slowest  coverage  rate  of  the  Si  surface  with  SiC  was  observed  for  the  parallel  deposition  case  of  Ge 
and  C.  AFM  investigations  revealed  that  the  grain  size  increased  for  the  samples  carbonized  with 
addition  of  Ge,  i.e.  the  nucleation  density  decreases.  The  final  structure  of  the  SiC  layers  showed  twins 
and  misonentations.  The  structural  characteristics  of  the  carbonized  layers  are  summarized  in  Table  1 . 


Fig.l  RHEED  intensity  of  the  (1 1  l)SiC  spot 
and  the  (1  l)Si  and  (v/3xn/3)R30°-C  streaks 

The  increased  SiC  grain  size  led  to  an  increase  of  the  surface  roughness  in  the  early  stages  of  the  SiC 
growth  and  shifts  the  phase  diagram  in  [2]  to  lower  substrate  temperatures  and  higher  carbon  fluxes. 


Sample  1 
Sample  2 
Sample  3 


(1  l)Si  streak 
fV3ySTll3<)  -CrfiSK 
50  100  150  200  250  300  35 
Process  time  (s) 


Table  1  Carbonization  layer  characteristics 


Measured  value 

Sample 

1 

2 

3 

Roughness  rms  (nm) 

1.8 

2.5 

1.8 

Thickness  dSic  (nm) 

2.6 

1.95 

1.6 

Interface  width  dinl 
(nm) 

0.79 

0.6 

0.54 

Grain  size  D  (nm) 

30-40 

50-60 

50-60 
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Process  time  (s) 


Fig.2  Effective  SiC  film  thickness  versus  pro¬ 
cess  time 


The  influence  of  the  Ge  on  the  growth  kinetics  was 
studied  by  SE.  The  obtained  data  were  fitted  by  using 
the  Bruggeman  effective  medium  approximation  [3]. 
In  this  model  the  different  layers  used  to  describe  the 
heteroepitaxial  system  are  approximated  by  a  host 
material  with  inclusions.  To  analyse  our  system  we 
used  the  following  multilayer  models:  (a)  two  layer 
model  (1 :  SiC/void  mixture,  2:  c-Si/void  mixture)  for 
deposition  on  (lll)Si  without  Ge;  (b)  three  layer 
model  (1 :  SiC/Ge/void  mixture,  2:  SixGe^x/void  mix¬ 
ture,  3:  c-Si/void  mixture)  for  deposition  on  (1 1  l)Si 
with  Ge.  Fig.2  shows  calculated  effective  SiC  film 
thickness  dSiC  versus  process  time.  The  effective  SiC 
film  thickness  is  defined  as  the  product  of  the  layer 


thickness  and  the  SiC  fraction  of  the  upper  layer  of  both  introduced  models  [4].  From  Fig.2  it  is 


evident  that  Ge  lowers  the  SiC  growth  rate  in  the  initial  state.  This  can  be  caused  by  a  partial  coverage 


of  the  surface  with  Ge  and  the  formation  of  a  Si,.xGex 
Prior  to  carbon  deposition  solid  sojut-on  was  deduced  from  the  ellipso- 


Ge/void  ( 1 :4) 


2ML  pi  n 

(7x7)-Si 

2  ML  SiGe  (2:1) 

(7x7)-Si 

1  ML  SiGe  (6:1) 

(111)  Si 

(111)  Si 

(111)  Si 

At  a  growth  time  corresponding  to  the  deposition 
of  3  ML  Ge  for  sample  3 


SiGe  (1:3] 
SiGe  (2.1)  SiGe  (7: F 


SiGe  (6:1) 
(111)  Si 


(111)  Si 


At  the  end  of  the  carbonization  process 


(111)  Si 


aiue 

SiGe  (6:V 


(111)  Si 


SiGe  (1:3) 


(111)  Si 


Sample  1  Sample  2  Sample  3 

Fig-3  Schematical  illustration  of  the  structural 
and  compositional  evolution  for  the  high  tem¬ 
perature  case:  sample  1  -  carbonization  without 
Ge;  sample  2  -  Ge  predeposition,  sample  3  - 
parallel  deposition  of  Ge  and  C. 


metric  and  XPS  measurements  reducing  the  reaction 
probability.  The  reduced  growth  rate  above  100  s  for 
the  Sample  2  can  be  due  to  the  Si,_xGex  formation  at 
the  SiC/Si  interface  and  the  Ge  coverage  on  the  sur¬ 
face  observed  by  XPS.  This  might  reduce  the  Si 
transport  to  the  growing  surface  by  diffusion  leading 
to  a  smaller  SiC  thickness  increase. 

Fig.  3  and  Table  1  summarizes  the  structural 
evolution  and  the  characteristics  of  the  final  state  of 
the  carbonized  layers  extracted  from  ellipsometric, 
XPS  and  AFM  measurements.  Ge  addition  (samples 
2  and  3)  lowers  the  nucleation  density  compared  to 
the  reference  sample  1.  A  Si,.xGex  layer  was  detected 
beneath  the  SiC  layer.  In  the  case  of  sample  3  this 
layer  possessed  a  higher  Ge  concentration  and  a 
smaller  thickness.  Furthermore  we  observed  a  smal¬ 
ler  Ge  concentration  at  the  surface  indicating  on  a 
weaker  Ge  segregation.  We  speculate  that  the  Ge 
concentration  at  the  surface  is  connected  with  the 
concentration  of  voids  within  the  SiC  layer  which 
was  higher  for  sample  2  compared  to  sample  3.  Fur¬ 
thermore  with  progressing  process  time  the  Ge  con¬ 
tent  in  Si  decreases  due  to  outdiffusion  and  segre¬ 
gates  at  the  SiC/Si  interface.  Because  of  the  compli¬ 
cated  structure  of  the  samples  it  was  not  possible  to 
make  conclusions  about  a  Si,.x.yGexCy  the  formation 
near  the  SiC/Si  interface. 


Low  temperature  case 


Depending  on  the  deposited  amount  of  Ge  onto  the  (lll)Si  surface  the  following  surface  recon¬ 
structions  were  observed  at  325 °C:  (a)  up  to  1  ML  Ge  the  (7X7)-Ge  surface  reconstruction,  (b)  between 


186 


Silicon  Carbide  and  Related  Materials 


1  ML  and  2  ML  Ge  a  mixture  of  (7><7)-Ge  and  (5x5)-Ge  surface  reconstructions  and  (c)  above  2  ML 
Ge  the  (5x5)-Ge  surface  reconstruction.  This  is  in  agreement  with  the  phase  diagram  published  in  [5]. 
During  the  deposition  of  C  on  Si  surfaces  modified  and  non-modified  with  Ge  the  diffraction  pattern 
changed  from  a  streaky  into  a  diffuse  diffraction  pattern  having  (1  x  1)  symmetry.  The  following  step 
by  step  heating-up  phase  transformed  the  near  surface  layers  of  the  Si  substrate  into  SiC.  In  depend¬ 
ence  on  the  deposited  amount  of  Ge  we  observed  a  reduction  of  the  3C-SiC  formation  temperature 
from  900°C  (0  ML  GE)  to  750°C  (2ML  Ge).  The  formed  carbonized  layer  showed  only  a  week 
evidence  of  rotational  twins  (Fig.4).  The  roughness  measured  by  AFM  was  in  the  range  of  0.2  ...  0.4 
nm  which  is  lower  than  for  the  high  temperature  case  (see  Table  1).  Furthermore  an  increase  of  the 
mean  grain  size  from  60  nm  to  90  nm  was  observed.  The  XPS,  AES  and  SE  investigations  revealed  a 
Ge  incorporation  into  the  SiC/Si  interface.  Within  the  detection  limit  of  the  applied  methods  no  Ge 
was  observed  at  the  SiC  surface  indicating  a  suppressed  outdiffusion  of  Ge.  The  final  structure  formed 
by  applying  this  method  is  shown  in  Fig.5.  If  the  Ge  was  deposited  onto  the  carbon  layer  before  the 
step  by  step  heating-up,  the  intensity  of  the  twin  reflection  increases.  This  is  an  evidence  of  a  deterio¬ 
ration  of  the  crystalline  structure  compared  to  the  Ge  predeposition  case  (Fig.6),  where  a  strong 
rotational  twin  reflection  is  visible.  This  might  be  caused  by  the  weaker  Ge  incorporation  into  the 
SiC/Si  heterointerface. 


1  * 


Fig.4  RHEED  pattern  taken 
from  the  sample  with  2  ML  Ge 
predeposition  after  annealing. 
Azimuth  <01 1>. 


3C-SiC 

"Ge 


Fig.5  Schematical  illustration  of  the 
structure  of  the  carbonized  layer  for 
the  low  temperature  case. 


Fig.6  RHEED  pattern  taken 
from  the  sample  with  2  ML  Ge 
deposition  on  6  ML  C  after 
annealing.  Azimuth  <01 1>. 


Conclusion 


In  all  considered  cases  the  Ge  led  to  an  increase  of  the  SiC  grain  size.  This  can  be  attributed  to  a  higher 
mobility  of  the  C  atoms  on  the  partly  Ge  covered  surface.  In  the  case  of  high  temperatures  we  observed 
a  reduced  SiC  growth  rate  if  Ge  was  added.  This  might  be  due  to  the  fact  that  surface  sites,  where  Ge 
is  located,  do  not  form  carbidic  bonds,  i.e.  Ge  leads  to  surface  passivation  against  SiC  formation.  If  Ge 
incorporation  into  the  SiC-Si  heterointerface  is  desired  the  Ge  predeposition  at  low  temperatures  is 
preferable. 
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Abstract.  The  influence  of  Ge  on  the  initial  growth  of  SiC  by  low  temperature  solid-source  mo¬ 
lecular-beam  epitaxy  (SSMBE)  on  (111)  and  (100)Si  was  investigated  by  reflection  high  energy 
electron  diffraction  (RHEED).  On  both  orientations  Ge  is  passivating  partially  the  surface,  reducing 
the  growth  rate  and  increasing  the  grain  size.  However,  according  to  the  results  by  Auger  electron 
spectroscopy  (AES)  Ge  is  not  floating  on  the  surface  during  proceeding  carbonization. 

Introduction 

In  the  heteroepitaxial  growth  of  SiC  on  Si  substrates  the  lowering  of  the  growth  temperature  is 
still  an  important  issue  due  to  the  large  thermal  mismatch  between  layer  and  substrate.  The  well 
developed  CVD  techniques  generally  require  temperatures  above  1000°C.  The  growth  of  SiC  at  the 
lowest  temperatures  is  achievable  by  SSMBE  due  to  the  high  reactivity  of  elemental  sources  [1,2]. 
However,  this  causes  several  problems  like  the  formation  of  a  distinct  grain  structure  and  the 
deposition  of  additional  phases.  As  for  the  CVD  case,  the  nucleation  is  the  most  critical  step  and  the 
initial  layer  should  be  closed  and  block  Si  out-diffusion  to  the  growing  surface  [3].  Several 
approaches  have  been  already  presented  to  improve  the  initial  growth,  like  nucleation  during  a 
defined  heating  cycle  [3]  or  the  supply  of  Ge  during  or  prior  to  the  nucleation  of  SiC  [4-7].  It  is  still 
under  discussion  whether  this  element  acts  as  a  surfactant  for  SiC  or  forms  an  alloyed  buffer  layer  at 
the  Si-SiC  interface  resulting  eventually  in  a  better  lattice  matching.  In  a  previous  study  of  SSMBE 
on  (1 1  l)Si  it  was  demonstrated  that  Ge  is  increasing  the  mean  grain  size,  decreasing  the  growth  rate 
[8]  and  is  mainly  incorporated  at  the  Si-SiC  interface  [7].  In  this  report  we  compare  these  results  by 
real  time  RHEED  observations  to  the  initial  growth  by  SSMBE  of  SiC  on  (100)Si. 

Experimental 

The  experiments  were  accomplished  in  different  SSMBE  configurations  with  electron  beam  eva¬ 
porators  for  Si  and  C.  The  growth  on  (lll)Si  was  investigated  in  an  UMS  500  Balzers  system, 
where  a  Ge  electron  gun  evaporator  and  a  low  energy  hydrogen  plasma  with  subsequent  annealing 
was  used  for  substrate  cleaning  [7].  For  the  growth  on  (100)Si  a  VG80S  system  with  Ge  effusion 
cells  was  used,  and  the  substrates  were  cleaned  chemically  with  a  subsequent  in  situ  removing  of  a 
protective  oxide  [5],  The  reproducibility  of  the  processes  was  checked  by  performing  experiments 
with  representative  conditions  in  both  growth  chambers.  The  influence  of  Ge  on  the  initial  stages 
was  investigated  by  depositing  a  thin  2D  Ge  layer  up  to  2  monolayers  (ML)  on  Si  immediately  prior 
to  the  exposure  to  C.  The  growth  processes  were  monitored  in  real  time  by  RHEED  in  both  SSMBE 
chambers,  and  additionally  by  ellipsometry  in  the  case  of  (lll)Si.  The  grown  layers  were  further 
analyzed  by  atomic  force  microscopy  (AFM),  scanning  electron  microscopy  (SEM)  and  AES. 
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Results  and  discussion 


Without  the  pre-deposition  of  Ge  the  nucleation  proceeds  through  the  formation  of  the  known  Con¬ 
duced  reconstructions,  namely  (4x4)  and  (2x2)  for  (OOl)Si  and  V3xV3  for  (lll)Si,  which  are  only 
weakly  dependent  on  the  temperature  with  activation  energies  around  0.1-0.2  eV  (Fig.  1  [9]).  The 
nucleation  of  SiC  sets  in  either  parallel  to  or  after  the  disappearance  of  the  C-induced 
reconstructions  at  high  or  low  temperatures,  respectively,  with  a  cross-over  temperature  around 
650  C.  During  the  parallel  nucleation  the  islands  remain  separated  for  a  longer  time  resulting  in  a 
strong  erosion  of  the  Si  substrate  and  the  growth  of  polycrystalline  SiC.  On  such  initial  layers  the 
deposition  of  single  crystalline  SiC  is  impossible  [10]. 


(lll)Si  -  (7x7) 


(100)Si  -  (2x1) 


Fig.  1  Carbon  induced  Si  surface  recon¬ 
structions. 

Arrows  indicate  the  reconstruction  trans¬ 
formation  by  continuos  carbon  supply, 
"SiC"  corresponds  to  the  appearance  of 
SiC  transmission  spots  and  "C"  cor¬ 
responds  to  a  diffused  RHEED  pattern  in¬ 
dicating  graphitic  carbon. 


C-induced  reconstructions  were  only  weakly  present  if  less  than  one  ML  Ge  was  pre-deposited. 
For  1  ML  and  more  during  the  nucleation  of  SiC  the  initial  reconstructions  transform  to  a  disordered 
(lxl)  due  to  the  high  aversion  between  C  and  Ge  atoms  (Fig.  2). 


Fig.  2  RHEED  images  during  the  nucleation  of  SiC  on  (100)Si  at  750°C  without  (a)  and  with  (b)  pre¬ 
deposition  of  1  ML  Ge  ([001]  azimuth),  (c)  RHEED  intensity  course  for  the  1/4  order  streak,  the  SiC  and  the 
Si/Ge  transmission  spots.  The  corresponding  pictures  for  (1 1  l)Si  can  be  found  in  Ref. [8]. 


The  incubation  time  until  the  onset  of  the  SiC  nucleation  is  not  affected  by  the  Ge  pre-deposition. 
A  noticeable  difference  is  the  appearance  of  clear  Si  or  Ge  transmission  spots  during  the  SiC 
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nucleation  on  the  Ge  covered  Si  substrate  which  evidences  an  increased  surface  roughening. 
Without  Ge  the  SiC  spot  intensity  is  increasing  very  fast  and  runs  through  a  maximum  value,  while 
in  the  case  of  Ge  pre-deposition  it  saturates  after  a  slower  increasing  (Fig.2c).  This  can  be  explained 
by  a  lateral  grain  growth.  The  pre-deposition  of  Ge  is  decreasing  the  grain  density  and  therefore 
increasing  the  grain  size  (Fig. 3,  [8]).  Thus,  a  very  high  density  of  small  islands  without  Ge  gives 
this  high  increase  of  the  RHEED  intensity  until  the  size  is  comparable  or  exceeding  the  free  mean 
path  of  the  electrons.  The  final  structure  after  carbonization  is  comparable  for  the  different  cases, 
however,  due  to  the  generally  larger  grains  the  surface  is  rougher  in  the  case  of  Ge  pre-deposition. 
Thus,  the  process  conditions  for  obtaining  a  closed  initial  layer  are  more  critical.  For  example,  on 
the  samples  corresponding  to  the  morphology  shown  in  Fig.  3,  AES  revealed  an  increased  Si:C  ratio 
at  the  surface  for  Ge  pre-deposition,  i.e.,  parts  of  the  surface  are  uncovered.  On  the  other  hand  it  was 
not  possible  to  detect  Ge,  which  in  a  previous  study  has  been  shown  to  be  located  mainly  at  the 
interface  [7].  Finally  ellipsometric  investigations  on  (lll)Si  have  demonstrated  the  decrease  of  the 
SiC  growth  rate  by  Ge  [8],  i.e,  a  decreasing  of  the  reactivity  of  the  Si  substrate  with  carbon. 


a)  b)  c) 

Fig.  3  SEM  (4x6  pm2)  and  AFM  (inlet,  lxl  pm2)images  after  carbonization  of  (100)Si  at  750°C,  5  min 
(a)  without  Ge  and  with  pre-deposition  of  (b)  1  ML  Ge  and  (c)  2  ML  Ge. 


There  exist  mainly  two  opinions  about  a  possible  positive  role  of  Ge  in  the  SiC-on-Si  system. 
First,  it  can  act  as  a  surfactant.  In  this  case  Ge  should  float  on  the  growing  surface  and  modify 
thermodynamic  and/or  kinetic  properties  of  it.  Regarding  the  kinetic  effects,  the  surfactant  should 
increase  the  diffusion  length  of  the  adatoms  by  passivating  the  surface.  This  passivation  is 
dependent  on  the  epitaxial  system:  In  homoepitaxy,  normally  the  promotion  of  the  growth  at  steps  is 
the  wanted  case  in  order  to  stimulate  layer-by-layer  growth.  Thus  the  steps  should  remain  reactive. 
In  contrast,  the  misfit  in  heteroepitaxial  systems  requires  a  high  density  of  islands  on  the  terraces  for 
a  two-dimensional  growth  and  therefore  the  steps  should  be  passivated  [11].  In  analogy  to  the 
Monte  Carlo  simulations  for  the  effects  of  different  surfactants  on  Si  [11],  the  Ge  is  expected  to 
passivate  terraces  on  the  surfaces  but  not  the  steps.  Therefore  it  enhances  a  preferred  nucleation 
along  steps  or  step  bands.  From  the  observed  increase  of  the  grain  size,  it  is  evident  that  the  Ge 
mainly  affects  the  initial  growth  of  the  SiC  nuclei  by  lowering  the  reactivity  between  the  carbon 
atoms  and  the  terraces  on  the  Si  surface,  but  not  to  the  steps.  Under  these  conditions  Ge  is  not  an 
optimal  candidate  as  a  surfactant  for  the  heteroepitaxy  of  SiC  on  Si.  However,  this  situation  may  be 
changed  for  the  growth  of  "bulk"  SiC  layers  on  Si  as  demonstrated  by  Mitchell,  et  al  [6]. 

On  the  other  hand  Ge  could  result  in  the  formation  of  a  Si-Ge-C  alloy  at  the  SiC-Si  interface  for 
an  improved  lattice  matching.  Indeed,  on  (lll)Si  the  incorporation  of  Ge  during  formation  of  an  the 
initial  layer  by  carbonization  has  shown  a  positive  effect  for  epitaxial  growth  of  thicker  SiC  layers 
above  100  nm  [7].  This  improvement  of  the  crystal  quality  was  explained  in  terms  of  the  S- 
correlated  theory  of  interface  optimization  [12]  and  in  fact  the  observed  Ge  accumulation  at  the  SiC- 
Si  interface  supports  this  theory. 

Since  these  effects  on  the  initial  growth  are  contradictory  on  the  crystal  quality,  the  initial  growth 
has  to  be  optimized,  namely  the  formation  of  the  large  initial  nuclei  has  to  be  suppressed.  Previous 
studies  have  shown  a  crucial  improvement  depositing  carbon  during  [3]  or  prior  to  heating  [13]  to 
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the  growth  temperature  in  order  to  stimulate  an  intermixing  of  C  and  Si  to  an  alloy  around  600°C 
prior  to  the  SiC  nucleation.  While  during  isothermal  carbonization  after  Ge  pre-deposition,  twinned 
and  partially  polycrystalline  material  was  always  grown,  the  application  of  defined  heating  cycles 
could  improve  the  crystal  quality  drastically  on  both  (1 1  l)Si  [7]  and  (100)Si  (Fig.  4). 


Fig.  4  RHEED  images  after  15  min 
carbonization  with  pre-deposition  of 
1  ML  Ge  on  (100)Si:  ([Oil] 
azimuth):  (a)  isothermal  at  750°C, 
(b)  carbonization  during  a  heating 
ramp  (10  K/min). 

Summary 

It  was  shown  that  the  Ge  introduced  into  the  system  prevent  the  formation  of  the  carbon  induced 
reconstructions  on  both  (111)  and  (100)Si.  During  the  growth  of  SiC  on  Si,  it  has  a  contradictory  ef¬ 
fect  by  increasing  the  grain  size  and  surface  roughness  of  the  initial  layer  but  improving  the  crystal 
quality  of  thicker  SiC  films.  For  the  initial  growth,  Ge  acts  as  a  surfactant  by  partial  passivation  of 
the  surface.  The  improvement  for  thicker  layers  can  be  explained  in  terms  of  the  S-correlated  theory 
of  interface  optimization  with  Si-C-Ge  alloy  layers.  Applying  well  defined  heating  cycles  during  the 
nucleation  the  advantages  of  both  effects  can  be  used  to  grow  single  crystalline  material. 
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Abstract  Silicon  carbide  films  were  deposited  on  Si  by  reactively  sputtering  of  a  silicon  target  in 
the  CH4  atmosphere  of  a  DC  sputtering  system.  Structural  investigation  of  the  stoichiometric  SiC 
films  showed  that  they  were  composed  of  microcrystalline  and  amorphous  SiC.  The  optical 
behavior  of  the  SiC  film  was  studied  by  IR  reflectance  in  the  range  of  400cm'1  to  4000cm'1.  The 
experimental  IR  reflectance  in  this  range  was  fitted  by  calculating  the  complex  dielectric  function  of 
the  films  based  on  effective  medium  theory  (EMT),  in  which  the  SiC  films  were  assumed  to  consist 
of  homogeneously  distributed  SiC  (amorphous  and  crystalline).  The  experimental  spectra  can  be 
best  fitted  by  adjusting  the  structural  parameters  and  the  volume  fraction  of  crystalline  phases.  The 
results  show  that  IRRS  is  a  suitable  method  for  detection  of  the  quality  of  SiC  films  deposited  on  Si. 


Introduction 

Silicon  Carbide  has  attracted  intensive  research  efforts  since  its  excellent  physical  properties 
for  application  in  high  temperature,  high  power,  high  frequency,  high  erosive,  and  high  irradiative 
conditions  [1].  In  this  paper,  we  studied  the  SiC  films  deposited  on  silicon  substrates  by  reactive  DC 
magnetron  sputtering.  A  four-inch  silicon  target  was  reactively  sputtered  in  an  Ar/CH4  mixed 
atmosphere  to  deposit  SiC  films  onto  a  silicon  substrate  of  two  inches  heated  to  temperatures  up  to 
900°C.  The  samples  were  prepared  at  substrate  temperature  of  900°C,  a  total  pressure  of  0.4Pa  and 
the  partial  pressure  of  methane  ranging  from  0.04Pa  to  0.073Pa.  The  DC  power  was  kept  at  120W. 
The  details  of  the  deposition  process  have  been  described  elsewhere  [2]. 

Experiments 

Compositional  and  structural  studies  of  the  deposited  SiC  films  were  carried  out  using  Auger 
electron  spectroscopy  and  non-Rutherford  elastic  scattering.  Structural  investigation  of  the  film  was 
performed  using  grazing-angle  X-ray  Diffraction  (GAXRD)  and  cross-sectional  TEM  (on  a  JEOL 
JEM-200CX).  Atomic  Force  Microscopy  was  used  to  evaluate  the  surface  morphology  of  the  SiC 
thin  films.  The  infrared  reflectance  spectra  were  obtained  by  a  Perkin-Elmer  983  double  beam 
spectrometer  for  the  range  of  400cm'1  to  4000cm'1  using  near-normal  incidence  to  the  film  surface. 
The  quoted  accuracy  of  the  Perkin-Elmer  instruments  is  ±1%  in  absolute  reflection.  To  obtain  the 
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absolute  reflection  R  from  the  film,  the  energy  reflected  from  the  film  was  compared  with  that 
reflected  from  the  high  quality  front  surface  of  an  A1  mirror.  The  backside  of  the  silicon  substrate 
was  coarsened  before  IR  measurement  to  meet  the  requirements  for  semi-infinite  substrate 
assumption. 

Results  and  Discussion 

Previously  reported  AES  studies  show  that  under  appropriate  conditions,  the  prepared  SiC 
films  are  stoichiometric  with  uniform  compositional  distribution  throughout  the  film  thickness  [2]. 
Magnified  AES  peaks  of  C  KVV  and  Si  LVV  also  show  similar  peak  shapes  as  those  of  SiC 
reported  in  literature,  indicating  the  formation  of  Si-C  bond  [3,  4].  The  results  of  Non-Rutherford 
Backscattering  NBS  were  quite  close  to  those  of  AES  studies,  agreeing  on  that  the  films  were 
uniform  in  composition  and  that  stoichiometric  SiC  films  were  successfully  prepared. 


Fig.l  GA-XRD  of  SiC  film  deposited  at  900°C 

The  crystalline  structure  of  the  deposited  films  was  characterized  using  XRD,  GA-XRD,  cross 
sectional  TEM,  and  planar  TEM.  XRD  patterns  show  only  one  SiC  peak  near  35.6°,  corresponding 
to  3C-SiC(l  11)  crystalline  plane  diffraction.  Glancing  angle  XRD  shown  in  Figure  1  revealed  more 
3C-SiC  peaks  in  the  diffraction  patterns.  In  this  pattern  one  can  find  3C-SiC  (111)  (220)  (311)  peaks, 
indicating  the  crystalline  phase  in  the  films  were  composed  of  3C-SiC,  not  any  other  polytypes  of 
SiC.  XRD  studies  also  lead  to  the  conclusion  that  higher  temperature  (900°C  vs.  850°C)  could  result 
in  better  crystalline  qualities  (larger  crystallites)  [2]. 

Figure  2  shows  the  Hi-Resolution  TEM  image  of  the  DC  sputtered  SiC  film.  From  this 
photograph,  it  can  be  concluded  that  microcrystalline  phases  exist  in  the  film  prepared.  As  the  film 
is  mainly  composed  of  Si-C  bonds,  it  can  be  inferred  that  the  film  consists  of  mainly  SiC 
microcrystallites  and  amorphous  SiC. 

Atomic  Force  Microscopy  is  frequently  used  to  evaluate  the  surface  morphology  of  thin  films. 
Shown  in  Fig.  3  is  the  AFM  image  taken  for  the  stoichiometric  sample.  The  characteristic  size  of 
the  surface  structures  is  about  20nm  to  the  surface  normal,  and  lOOnm  lateral.  It  can  be  seen  that  the 
surface  is  composed  of  regular  tops  of  almost  similar  sizes.  No  irregular  protruding  has  been 
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observed.  In  conclusion,  stoichiometric  SiC  films  have  been  prepared  with  relatively  smooth 
surfaces. 


Fig.  2  Hi  Resolution  TEM  of  DC  sputtered  Fig.  3  Surface  morphology  of  stoichiometric 

SiC  films  SiC  films  deposited  on  Si 

Infrared  reflectance  spectra  in  the  range  of  400cm'1~4000cm'1  were  employed  to  investigate  the 
crystalline  structure,  structural  dimension,  structural  defects  of  the  SiC/Si  and  SiCOI  structures, 
with  the  help  of  effective  medium  approaches  and  routine  transfer  matrix  method.  The  IRRS  of  SiC 
were  featured  by  a  restsrahlen  peak  around  800cm"!~l 000cm'1. 

The  reflectance  spectrum  was  fitted  using  a  classical  oscillator  model  combined  with  effective 
medium  theory.  The  system  was  assumed  to  include  a  top  SiC  film  and  a  semi-infinite  silicon 
substrate  (rational  as  the  backside  is  coarse  enough).  In  the  model  the  complex  dielectric  function 
s((d)  of  a  semiconductor  is  expressed  as, 
s(cd)  =  sx  +  is2  =(n-  ik)1 

=  £j\- <o2p  /(fi>2  +  iyco)) + X p)o>tj  Kfi>l -co2  - iTjCo)  ^ 

J 

where  is  the  high  frequency  dielectric  constant,  pp  coTj  and  /J  are  the  strength,  and  resonance 
frequency  and  damping  constant  of  the  y'th  transverse  optic-phonon,  respectively,  cop  is  the  bulk 
plasma  frequency  due  to  free  carriers  in  the  film  and  y  is  the  free  carrier  damping  constant. 

For  the  crystals  the  following  parameters [5]  were  used  in  the  calculation:  transverse  optical 
phonon  frequency  coT=794cm'1,  longitudinal  optical  phonon  frequency  p=  3.38,  T=8.5cm'1,  and 
8^=6. 7.  No  free  carrier  effect  is  considered  in  this  calculation.  Since  the  transverse  optical  phonon 
frequency  and  the  phonon-damping  constant  for  Si-C  bond  stretching  mode  is  about  780cm'1  and 
200cm'1,  respectively,  for  a-SiCx:H  films  [6,7],  the  phonon-damping  constant  of  the  amorphous 
component  was  assumed  to  be  F -200cm'1,  much  larger  than  that  of  crystalline  3C-SiC.  The  coT’  for 
the  amorphous  component  is  assumed  to  be  780cm*1,  and  p'= 3.2,  e^-7.3.  The  method  used  to 
calculate  the  effective  complex  dielectric  function  was  Maxwell-Garnet  approach,  which  can  be 
expressed  as  following, 

(ec  -  )  /[£„,  +  Aa  (s,  -  s„, )]  =  p( 8,  -  sm  )  !\zm  +  Aa  (e,  -  e„, )] 


(2) 
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Shown  in  Fig.  4  is  the  experimental  and  simulated  IR  reflectance  of  SiC  on  Si.  The  solid  line 
represents  experimental  data  and  the  dotted  line  represents  the  calculated  reflectivity.  The 
reststrahlen  peak  in  the  region  of  800cm'1  to  1000cm'1  that  is  the  characteristic  of  the  SiC  transverse 
optic-phonon  resonance  is  observed.  The  peak  position  820cm'1  is  near  3C-SiC’s  transverse  optical 
phonon  frequency  (794cm'1).  Fig.  5  shows  the  calculated  refractive  index  of  SiC  films  and  those  of 
3C-SiC  and  amorphous  SiC.  The  experimental  spectra  can  be  best  fitted  by  adjusting  the  structural 
parameters  and  the  volume  fraction  of  crystalline  phases.  The  results  show  that  IRRS  is  a  suitable 
method  for  detection  of  the  quality  of  the  SiC/Si  systems. 


Fig.  4  IRRS  of  SiC/Si 


Conclusion 


Fig.  5  n  &  k  of  DC  deposited  SiC 


To  conclude,  SiC  films  were  reactively  deposited  on  Si.  Structural  studies  show  that  the  films 
were  composed  of  3C-SiC  crystallites  and  amorphous  SiC  phase.  IR  reflectance  combined  with 
EMT  was  successfully  employed  to  simulate  the  IR  spectra. 

This  work  is  supported  by  Shanghai  Municipal  Board  of  Sciences  and  Technology  under  Grant 
No.  98QME1403 
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Abstract 

Amorphous  silicon  carbide  thin  films  deposited  by  laser  ablation  were  crystallized  by  an  excimer  laser. 
Crystallites  in  the  40  nm  range  were  observed  by  TEM.  From  time  resolved  reflectivity  measurements 
a  melt  mediated  crystallization  process  is  postulated  in  contradiction  to  the  equilibrium  phase  diagram. 

Introduction 

Crystalline  silicon  carbide  (c-SiC)  thin  films  are  an  ideal  material  for  high-power,  high-frequency,  and 
high-temperature  electronic  devices.  Conventional  methods  for  preparing  c-SiC  thin  films  are  CVD  or 
laser  ablation  at  substrate  temperatures  above  1000°C  [1-3].  Alternatively,  amorphous  films  (a-SiC) 
were  deposited  and  subsequently  crystallized  by  solid  phase  crystallization  above  800  °C  [4].  In  both 
cases  a  high  temperature  substrate  is  required.  For  economic  reasons,  however,  c-SiC  films  on  glass 
are  of  major  interest.  For  this  purpose  laser  crystallization  seems  to  be  an  attractive  method  which 
already  is  well  established  for  crystallizing  amorphous  silicon  films. 

However,  up  to  now  laser  crystallization  of  a-SiC  has  found  only  little  attention.  Nearly  stochiometric 
a-SiC:H  films  deposited  by  PECVD  were  crystallized  by  irradiation  with  the  20  to  30  ns  pulses  of 
excimer  lasers  [5-7].  Alternatively  a-SiC  was  crystallized  by  10  to  250  ms  pulses  of  an  argon  ion  laser 
(514  nm  wavelength)  [8,9].  The  mechanisms  of  the  crystallization  was  not  studied  in  these  papers. 
Baeri  [10]  used  a  ruby  laser  (25  ns  pulse  duration,  694  nm  wavelength)  to  irradiate  an  SiC  wafer 
amorphized  at  the  surface  by  ion  implantation.  Crystal  grains  below  100  nm  in  diameter  were  generat¬ 
ed.  From  time  resolved  reflectivity  measurements  melt  mediated  crystallization  was  proposed  as  the 
underlying  mechanism.  However,  in  the  phase  diagram  of  SiC  no  liquid  phase  occurs  at  ambient 
pressure  [1 1],  Liquid  SiC  (1-SiC)  was  postulated  to  exist  only  at  pressures  above  100  atm  [12].  So  a 
melt  mediated  crystallization  mechanism  is  in  contradiction  to  the  equilibrium  phase  diagram  of  SiC. 
In  the  present  paper  the  excimer  laser  induced  crystallization  of  hydrogen  free  a-SiC  thin  films  on  glass 
deposited  by  laser  ablation  is  studied  by  time  resolved  reflectivity  measurements  and  by  TEM. 

Experimental 

Hydrogen  free  a-SiC  thin  films  were  deposited  by  laser  ablation  from  a  stochiometric  polycrystalline 
SiC  target.  A  KrF  laser  (248  nm  wavelength,  30  ns  pulse  duration,  50  Hz  repetition  rate,  250  mJ  pulse 
energy)  was  used  at  a  fluence  of  2  J/cm2.  During  deposition  the  glass  (Coming  7059)  or  fused  silica 
substrates  were  heated  to  400  °C.  At  a  deposition  rate  of  0.3  nm/s  120  nm  thick  films  were  produced. 
The  amorphous  nature  of  the  deposited  films  was  confirmed  by  TEM. 

For  crystallization  the  a-SiC  films  were  irradiated  by  a  single  shot  of  a  KrF  laser  (30  ns  pulse  duration) 
in  air  at  ambient  pressure.  A  fluence  in  the  range  of  0.1  to  1  J/cm2  was  applied  on  a  5x2  mm2  area  of 
the  amorphous  film. 
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The  crystallization  was  observed  by  time  resolved  reflectivity  (TRR)  measurements.  To  this  end  the 
beam  of  a  10  mW  cw  HeNe  laser  (633  nm  wavelength)  was  focused  onto  the  spot  irradiated  by  the 
crystallization  laser.  The  reflected  beam  intensity  was  measured  by  a  fast  photo  diode  (2  ns  time 
resolution)  and  observed  on  an  oscilloscope. 

The  resulting  films  were  investigated  by  optical  microscopy  and  by  transmission  electron  microscopy 
(Phillips  CM  30  operated  at  300  kV).  For  the  TEM  investigations  the  SiC  films  were  removed  from 
the  glass  substrate  by  HF  etching.  Plan  view  images  and  diffraction  patterns  were  recorded. 

The  composition  of  the  amorphous  and  laser  treated  films  was  determined  by  RBS  (1.4  MeV  He+). 

Results 

Optical  microscopy  of  films  irradiated  by  a  fluence  above  250  mJ/cm2  shows  a  brownish  color  in 
contrast  to  films  irradiated  by  a  lower  fluence  indicating  some  film  modification. 

Plan  view  TEM  images  as  well  as  diffraction  patterns  of  the  films  irradiated  by  a  fluence  below 
250  mJ/cm2  show  no  modification  of  the  amorphous  structure.  In  films  irradiated  above  the  threshold 
of  250  mJ/cm2  crystallites  with  a  diameter  in  the  40  nm  range  were  observed  (Fig.  1).  This  is 

confirmed  by  the  dif¬ 
fraction  pattern  (insert 
in  Fig.  1).  A  residual 
amorphous  part  in  the 
film  can  not  be  exclud¬ 
ed.  From  a  high  resol¬ 
ution  image  a  distance 
between  atomic  planes 
of  0.256  nm  follows 
which  corresponds  to 
c-SiC. 

Further  TEM  investi¬ 
gations  are  necessary 
to  determine  the  poly¬ 
type  of  the  SiC  crystal¬ 
lites. 

RBS  measurements 
confirmed  a  nearly  sto- 
chiometric  composi¬ 
tion  of  50±5  at  %  Si  in 
the  amorphous  as  well 
as  in  the  crystallized 
films. 


Fig.  1:  TEM  plan  view  image  and  diffraction  pattern  of  a  SiC  film  laser 
crystallized  at  a  fluence  of 300  mJ/cm2 
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Fig.  2  shows  TRR 
curves  during  irradia¬ 
tion  with  140  mJ/cm2 
and  300  mJ/cm2.  Note 
that  the  absolute  values 
are  influenced  by  inter¬ 
ference.  In  the  low  flu- 
ence  irradiation  curve 
the  reflectivity  increases 
weakly  which  is  inter¬ 
preted  as  resulting  from 
the  film  heating.  After 
the  irradiation  the  re¬ 
flectivity  recovers  to  the 
previous  value  so  that 
ho  permanent  modifica¬ 
tion  of  the  film  was 
detected.  For  the  high 
fluence  irradiation  the 


Fig. 2:  TRR  curves  together  with  crystallization  pulse 


reflectivity  increases  to  0.6.  A  high  reflectivity  value  remains  for  about  50  ns,  which  is  longer  than  the 
irradiation  pulse.  After  120  ns  the  reflectivity  reaches  a  permanent  value  lower  than  before  the  pulse 
corresponding  to  the  permanent  modification  of  the  film. 


Discussion  and  Conclusions 


Excimer  laser  irradiation  with  a  fluence  of  300  mJ/cm2  leads  to  crystallization  of  hydrogen  free  a-SiC 
films  with  grain  sizes  in  the  40  nm  range.  The  TRR  measurements  indicate  that  a  transient  modifi¬ 
cation  occurs  in  the  films  leading  to  an  increased  reflectivity  which  remains  longer  than  the  irradiation 
pulse.  Later  on  the  reflectivity  attains  a  value  different  from  that  of  the  a-SiC  starting  material.  We 
conclude  that  the  laser  pulse  leads  to  a  melting  of  the  a-SiC  film  which  lasts  for  approximately  50  ns 
followed  by  crystallization.  The  high  reflectivity  of  the  melt  indicates  metal  like  properties  of  1-SiC 
similar  to  liquid  silicon.  However,  the  postulated  existence  of  the  melt  is  in  contradiction  to  the 
equilibrium  phase  diagram  of  SiC  [11].  This  states  that  at  ambient  pressure  there  exists  no  temperature 
at  which  a  fluid  phase  is  in  equilibrium  with  the  crystal.  Moreover,  there  is  no  temperature  range  in 
which  a  fluid  has  a  lower  free  energy  than  the  crystal.  The  phase  diagram,  however,  does  say  nothing 
about  the  relative  stability  of  a-SiC  as  compared  to  1-SiC.  It  is  therefore  not  in  contradiction  to  the 
phase  diagram  if  the  free  energy  of  1-SiC  is  lower  than  that  of  a-SiC  above  some  temperature  Tma,  the 
melting  point  of  a-SiC.  However,  in  the  temperature  range  above  Tma  the  liquid  is  unstable  with  respect 
to  c-SiC.  Therefore  a  high  enough  laser  fluence  may  heat  a-SiC  to  a  temperature  above  Tma  followed 
by  melting.  After  less  than  100  ns  nucleation  and  growth  of  c-SiC  occurs  in  the  unstable  melt. 

For  a  better  quantitative  understanding  a  numerical  simulation  of  the  process  was  performed.  To  this 
end  the  equation  of  heat  conduction  including  the  latent  heat  of  melting  was  numerically  solved  by  the 
enthalpy  method  [13].  The  material  parameters  used  in  the  calculation  are  compiled  in  Table  1.  p,  c, 
X,  and  Tla  for  a-SiC  were  taken  from  [10].  a  for  a-SiC  is  taken  from  [5]  whereas  R  is  the  value  of  c-SiC 
(3C)  at  248  nm  wavelength  taken  from  [14].  No  data  were  available  for  1-SiC  so  that  we  decided  to 
take  for  p  and  c  the  same  values  as  for  a-SiC  which  seems  to  be  no  large  mistake.  R  and  a  for  1-SiC  as 
well  as  Hh  are  the  values  for  liquid  silicon.  The  values  for  the  substrate  are  those  for  fused  silica. 
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Table  1 :  Material  parameters  used  for  calculations 


density 

specific 

heat 

absorption 

reflectivity 

melting 

latent 

p/g  cm*3 

heat 

conductivity 

X/Wcm'K1 

coefficient 

point 

heat 

c/Jg-'K:1 

a/cm'1 

R 

TJ K 

HJh' 

a-SiC 

3.2 

1.3 

0.011 

1.010s 

0.3 

2445 

1300 

1-SiC 

3.2 

1.3 

0.7 

1.5-106 

0.6 

Substrate 

2.2 

0.71 

0.0136 

10 

* 

According  to  the  calculations  the  fluence  at  which  the  surface  starts  to  melt  at  the  end  of  the  pulse  is 
0.21  J/cm2  whereas  the  threshold  for  complete  melting  is  0.44  J/cm2.  The  observed  crystallization 
threshold  is  in  between  these  values.  So  the  values  of  Table  1  give  a  set  of  data  consistent  with  our 
experiments. 
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Abstract.  Natural  diamond  samples  have  been  implanted  by  Si  ions  at  900°C  at  two  different 
doses  (3*1017  and  1*1018  ions/cm2).  Layered  structure  is  formed  in  the  lower  dose  case, 
which  is  composed  of  thin  stripes  of  epitaxial  SiC  and  diamond.  The  higher  dose 
implantation  results  in  the  formation  of  large,  crystalline  SiC  grains,  but  leads  to  the 
amorphization  of  the  diamond  lattice  in  the  top  region. 

Introduction 

Both,  diamond  and  silicon  carbide  (SiC)  are  wide  band  gap  semiconductors  with  excellent 
electronic  properties  [1,2].  Recent  ion  implantation  efforts  of  diamond  are  focussed  for  the  n- 
type  doping  [3],  while  focused  Si  implantation  of  diamond  was  used  to  print  photographic 
images  [4]  via  transformation  of  diamond  to  black  carbon. 

The  heterostructure  of  diamond  and  SiC  promises  new  applications.  The  ion  beam 
synthesis  of  layered,  diamond/SiC  structures  is  a  challenging  task  and  is  the  subject  of  the 
present  paper.  For  that  purpose  natural  Ha  diamond  was  implanted  by  Si  at  150  keV  at  a 
temperature  of  900°C.  The  structure  of  the  implanted  diamond  region  was  investigated  by 
transmission  electron  microscopy  (TEM). 

Experimental 

(100)  oriented  Ha  natural  diamond  crystals  were  implanted  at  150  keV  with  two  different 
doses  (3*1017  and  1*1018  ions/cm2).  Ion  implantation  was  carried  out  at  an  elevated 
temperature  of  900°C  to  decrease  the  ion  damage  and  to  avoid  graphitization. 

Cross  sectional  samples  for  TEM  analysis  have  been  prepared  by  cutting  the  diamond 
pieces  and  embedding  them  in  face  to  face  position  into  a  special  Ti  grid  with  a  diameter  of  3 
mm  [5].  The  embedded  samples  have  been  ground  by  diamond  paste  to  the  thickness  of  100 
pm.  Then  the  samples  were  placed  into  an  Technoorg-Linda  IV3/H/L  type  ion  miller  for 
further  thinning  and  were  bombarded  by  Ar+  ions  at  10  keV  until  the  perforation  of  the  TEM 
sample.  Grazing  angle  of  incidence  was  applied  during  thinning  to  get  a  large  transparent 
region  around  the  perforation.  The  perforated  specimen  was  bombarded  further  at  200  eV 
using  a  special,  low  energy  ion  gun  to  minimise  the  ion  beam  damage  of  the  thinning  [6]. 
Amorphization,  what  is  generally  observed  at  the  edges  of  the  TEM  samples,  and 
graphitization  of  diamond  [7],  what  is  a  characteristic  artefact  of  ion  beam  thinned  diamond 
specimens,  were  minimised  in  this  way  at  low  energy  bombardment.  The  cross  sectional 
TEM  specimens  were  investigated  in  a  Philips  CM  20  electron  microscope  operating  at  200 
kV,  while  high  resolution  work  was  carried  out  in  a  JEOL  4000  EX  microscope  operating  at 
400  kV. 
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Results:  Lower  dose  case 

The  cross  section  of  the  natural  diamond  sample  implanted  to  3*1017  ions/cm2  is  shown  in 
Figure  1.  The  top  region  of  the  sample  is  diamond  (marked  by  the  letter  A  in  Fig.  1).  That 
region  is  about  70  run  thick  and  slightly  damaged. 

The  formation  of  SiC  in  the  implanted  diamond  was  indicated  by  Raman 
spectroscopy  [8].  This  occurred  in  the  next,  about  150  nm  thick  region  (marked  by  B  in  Fig. 
1),  where  3C-SiC  grains  and  diamond  are  overlapping. 

Selected  area  diffraction  pattern  (Fig.  2.)  taken  in  region  B  confirmed  the  formation  of 
cubic  SiC  domains  in  a  weakly  damaged  diamond  matrix.  (Reflections  of  diamond  (the  outer 
ones)  are  marked  by  *,  while  reflections  of  3C-SiC  are  marked  by  small  black  rectangular 
dots.)  All  of  the  3C-SiC  domains  are  in  epitaxial  configuration  to  diamond.  SiC  domains  are 
formed  in  layers  (2-3  nm  thick)  inside  the  diamond,  instead  of  random  distribution. 
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Fig.  2.  Selective  area  diffraction  pattern. 
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Fig.  1.  Cross  section  of  diamond  implanted  at 
low  dose. 


Fig.  3.  High  resolution  image  taken  from  the 
region  marked  by  a  circle  in  Fig.  1. 


One  of  the  3C-SiC  domains  is  shown  inside  the  diamond  matrix  in  Fig.  3.  Diamond 
regions  are  marked  by  letter  D,  while  the  misfit  dislocations  formed  between  the  SiC  domain 
and  the  diamond  matrix  are  marked  by  arrows.  The  two  lattices  are  matched  according  to  the 
criteria  of:  4*(1  ll)SiC=5*(lll)diamond=1.0  nm  and  this  results  in  a  periodic  array  of  misfit 
dislocations.  This  could  be  expected  when  SiC  is  grown  onto  diamond  and  in  this  case  when 
SiC  is  produced  by  ion  beam  synthesis  the  above  matching  also  proves  the  capability  of  the 
method.  Amorphization  and  graphitization  were  completely  avoided  in  this  case. 
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High  dose  case 

The  cross  section  of  natural  diamond  implanted  to  1*1018  ions/cm2  is  shown  in  Fig.  4.  Three 
different  regions  are  distinguished,  although  the  interfaces  are  not  sharp  (threading 
dislocations  are  also  observed  in  the  deep,  unimplanted  regions  of  diamond).  The  diamond 
lattice  is  destroyed  in  regions  1  and  2  (see  Fig.  4).  Generally  high  dose  implantation  of  Si  into 
diamond  (at  900°C)  leads  to  the  formation  of  SiC,  formed  in  large  grains.  However,  in  the  top 
two  regions  the  diamond  lattice  is  amorphized.  This  means  that  in  region  1  (about  70-80  nm 
thick  top  region)  very  few  crystalline  SiC  grains  can  be  found  in  an  amorphous  matrix,  while 
in  region  2  (about  195-200  nm  thick)  many  large,  crystalline  grains  of  SiC  can  be  found  in 
amorphous  matrix  as  well.  The  formed  SiC  grains  are  textured  according  to  the  selected  area 
diffraction  pattern  (Fig.  5).  SiC  grains  in  region  2  can  be  as  large  as  30  nm  (see  the  dark  field 
image  of  Fig.  6,  taken  by  a  1 1 1  type  reflection  of  SiC),  while  the  SiC  grains  in  region  1  are 
about  10-15  nm  large.  Fig.  7  is  a  high  resolution  image,  which  shows  a  small  part  of  two 
neighbouring  SiC  grains  divided  by  an  amorphous  stripe. 


Fig.  4.  Cross  section  of  the  diamond  sample  implanted  by 
high  dose  of  Si. 


..  * 


Fig.  5.  Selected  area 

diffraction  pattern  taken 
on  the  implanted  region  of 
sample  shown  in  Fig.  4. 


Region  3  (Fig.  4)  of  the  high  dose  implanted  sample  is  about  80  nm  thick  and  is 
similar  to  the  region  B  in  the  low  dose  implanted  sample  (Fig.  1)  as  this  is  composed  of 
stripes  of  SiC  and  diamond.  The  difference  to  the  low  dose  case  is  that  the  SiC  stripes  are 
thicker  in  the  high  dose  case  being  typically  5-6  nm  thick.  In  this  region  the  formed  SiC 
grains  are  epitaxially  aligned  to  the  preserved  diamond  lattice.  In  the  upper  regions  (1  and  2) 
SiC  grains  started  to  be  formed  inside  the  diamond  lattice,  which  is  destroyed  due  to  the  high 
dose  and  resulting  high  amount  of  energy  deposition  into  nuclear  processes.  As  a  result  of  the 
dynamic  process  of  SiC  growth  and  diamond  amorphization  the  large  SiC  grains  formed  in 
regions  1  and  2  are  slightly  misoriented  and  textured.  The  explanation  of  the  misorientation  is 
not  clear  and  will  be  investigated  further. 

Contrary  to  the  lower  dose  case,  here  it  is  obvious  that  the  applied  dose  (1*1018 
ions/cm2)  is  too  high  to  avoid  the  amorphization  of  diamond. 
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Fig.  6.  Dark  field  image  taken  by  a 
(ill)  type  reflection  of  SiC 
(from  region  2). 


Fig.  7.  High  resolution  image  showing  a  part  of  two 
neighbouring  SiC  grains  divided  by  an 
amorphous  stripe. 


Conclusions 

High  temperature  implantation  of  Si  ions  into  diamond  promises  an  appropriate  technology 
for  the  formation  of  SiC/diamond  stripes.  The  formed  SiC  grains  are  epitaxial  to  the  matrix 
of  natural  diamond.  The  maximum  dose  of  the  implanted  silicon  ions  is  limited  by  the 
amorphization  of  the  diamond  lattice.  By  a  careful  selection  of  the  implantation  dose  and 
temperature  the  amorphization  can  be  avoided  completely. 
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Abstract:  The  atomic  arrangement  on  SiC  surfaces  appears  to  have  a  direct  relation  to  technological  applica¬ 
tions  with  respect  to  oxidation,  crystal  growth  and  polytype  development.  Ex  situ  hydrogen  treatment  leads  to 
an  epitaxially  well  matching  silicon  oxide  monolayer  on  both  SiC(OOOl)  and  (0001)  which  promises  to  allow 
deposition  of  low  defect  density  oxide  films  for  MOS  devices.  The  extremely  efficient  dangling  bond  saturation 
on  SiC(OOOI)-(3x3)  facilitates  step  flow  growth  for  monocrystalline  homoepitaxial  layers.  A  (\/3  x  \/3)R30o 
phase  on  SiC(OOOl)  is  characterized  by  a  Si  adatom  in  a  so-called  T4  site.  By  modifying  the  preparation  con¬ 
dition  of  this  phase  the  layer  stacking  in  the  outermost  surface  slab  can  be  influenced  on  hexagonal  4H  and 
6H  samples.  This  might  serve  as  seed  for  polytype  heterojunctions.  A  modified  stacking  can  also  be  obtained 
below  the  H3  adatoms  of  a  (2x2)  phase  on  SiC(OOOl). 

Introduction 

A  wide  selection  of  electronic  devices  in  areas  such  as  high  temperature,  high  power  and  high  fre¬ 
quencies  has  become  possible  due  to  the  specific  physical  properties  of  SiC  [1].  However,  a  large 
scale  fabrication  of  SiC  devices  is  still  hampered  by  material  related  problems.  Growth  of  high  qual¬ 
ity  crystaline  material  and  the  control  of  the  developing  polytype  as  well  as  the  fabrication  of  oxid 
layers  with  low  defect  state  density  have  to  be  mentioned  in  this  context.  As  growth  proceeds  by 
attachment  of  particles  to  an  existing  surface  it  is  obvious  that  the  situation  on  the  surface  itself  has 
an  important  impact  on  the  outcoming  result  of  a  growth  experiment.  Growth  experiments  and  de¬ 
vice  development  are  mainly  carried  out  on  wafers  oriented  along  the  basal  plane  surfaces  of  SiC,  i.e. 
SiC(OOOl)  and  SiC(OOOl).  Therefore,  the  structure  of  these  SiC  surfaces  has  raised  interest  already 
for  several  decades.  Investigations  concerned  the  preparation  of  stable  surfaces  as  well  as  their  atomic 
structures  as  reviewed  recently  [2],  concentrating  mostly  on  SiC(OOOl).  A  simple  crystal  truncation 
of  SiC  along  its  basal  plane  would  consist  of  a  Si-C  bilayer  with  one  unsaturated  (dangling)  bond  per 
surface  atom.  In  a  real,  stable  surface  structure,  the  number  of  these  dangling  bonds  is  reduced  for 
energetic  reasons,  e.g.  by  saturation  with  foreign  adatoms  or  a  compositional  change  at  the  surface 
(Si/C-ratio)  usually  accompanied  by  a  reconstruction  of  the  outermost  surface  region.  Due  to  the  pos¬ 
sible  two  mutual  orientations  of  adjacent  bilayers  a  crystallographic  analysis  is  not  only  concerned 
with  adatoms,  stoichiometry  and  reconstruction  but  also  with  the  stacking  sequence  of  the  topmost 
bilayers  at  the  sample  surface.  For  a  detailed  discussion  see  refs.  [2, 3]. 

A  structural  diagram  has  been  established  for  both  orientations  [3,4]  containing  a  series  of  sta¬ 
ble  structures  as  well  as  a  number  of  metastable  phases.  The  crystallographic  structures  of  several 
stable  phases  have  been  analysed  by  a  combination  of  several  surface  sensitive  techniques  and  show 
a  potential  relation  to  technological  problems  in  the  SiC  device  development  [5-8].  Sample  mor¬ 
phology  and  atomic  arrangement  in  the  outermost  surface  layer  were  investigated  using  scanning 
tunneling  microscopy  (STM)  [9].  Auger  electron  spectroscopy  (AES)  and  X-ray  photoelectron  spec¬ 
troscopy  (XPS)  were  used  to  determine  elemental  composition  and  chemical  bonding  situation  on 
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the  surface  [10].  For  the  full  crystallographic  analysis  of  the  surface  structures  the  low-energy  elec¬ 
tron  diffraction  (LEED)  intensities  were  investigated  quantitatively  [11,12].  When  the  necessary 
requirements  were  fulfilled,  i.e.  a  prominent  adatom  is  part  of  the  surface  structure,  a  holographic 
interpretation  of  the  LEED  intensities  could  be  used  for  a  coarse  model  selection  [13].  By  using 
bulk  and  film  samples  from  different  sources  and  of  different  polytype  it  could  be  established  that  the 
reconstruction  pattern  found  for  different  phases  is  independent  of  the  sample  type. 

Silicate  monolayers  on  SiC(OOOl)  and  SiC(OOOl) 

To  obtain  clean  and  atomically  ordered  SiC  samples  requires  an  initial  ex  situ  preparation  which 
typically  consists  of  a  thermal  oxidation  and  the  removal  of  the  so-called  sacrifial  oxide  by  etching 
in  hydrofluoric  acid  (HF).  However,  while  this  results  in  a  (1  x  1)  LEED  pattern  corresponding  to  the 
periodicity  of  a  SiC  bilayer  [2, 3, 14]  the  samples  are  covered  by  a  disordered  submonolayer  amount 
of  oxygen,  hydrogen  or  hydroxyl  groups.  Using  hydrogen  etching  or  plasma  treatment  a  bright, 
sharp  and  background  free  (y/3x  \/3)R30o  LEED  pattern  is  observed  immediately  after  transfer  of  the 
sample  into  the  UHV  chamber  corresponding  to  a  well  ordered  but  reconstructed  surface.  Noteworthy, 
this  kind  of  well  ordered  (\/3x\/3)R30o  phase  can  be  obtained  on  surfaces  of  both  polarity.  LEED 
and  AES  determined  a  Si203  monolayer  similar  to  sheet  silicates  to  reside  above  an  otherwise  bulk- 
truncated  crystal  [6, 15, 16].  This  adlayer  is  formed  by  a  honeycomb-like  sublayer  of  two  Si  atoms  per 
(\/3  x  \/3)R30o  unit  cell  connected  by  two-fold  coordinated  oxygen  atoms  in  a  sublayer  0.47  A  above 
the  Si  atoms  as  shown  in  Fig.  1.  As  depicted  also  in  the  figure  the  only  significant  difference  between 
SiC(OOOl)  and  SiC(OOOl)  is  the  connection  of  the  silicate  layer  to  the  topmost  substrate  SiC  bilayer: 
On  SiC(OOOl)  the  two  are  directly  connected  by  a  Si-C  bond  (panel  b)  while  on  SiC(OOOl)  a  linear 
Si-O-Si  bridge  mediates  the  contact  (panel  c).  On  both  surface  orientations  the  oxygen  atoms  saturate 
all  bonds  of  the  silicate  adlayer,  only  one  of  the  three  Si  or  C  atoms  in  the  topmost  substrate  bilayer 
is  not  saturated  having  only  threefold  coordination.  This  may  explain  the  stability  of  the  structures  in 
UHV  and  even  against  exposure  to  air  ambient. 


Figure  1:  (a)  Top  view  of  the  oxide  structure  on  SiC(OOOl). 
The  silicate  adlayer  consists  of  a  honeycomb  structure  with 
Si-O-Si  bonds.  In  the  center  of  the  hexagons  one  carbon 
atom  of  the  topmost  substrate  bilayer  is  visible  (dark  shaded 
area  indicates  the  (lxl)-,  light  shaded  the  (\/5x\/3)R30o 
unit  cell),  (b)  Sideview  projection  of  (a)  along  the  (1120) 
direction,  (c)  Sideview  projection  of  the  oxide  structure  on 
SiC(OOOl).  Linear  Si-O-Si  bonds  connect  the  silicate  layer 
and  the  SiC  substrate. 


Figure  2:  Sketch  of  the  rebonding  required  to  convert  the 
epitaxial  silicon  oxide  layer  found  on  the  SiC(OOOl)  surface 
(one  Si  sublayer)  into  a  fl-tridymite  bulk  layer  with  two  Si 
sublayers. 


The  origin  of  the  silicate  adlayer  reconstruction  found  after  hydrogen  etching  and  introduction  into 
the  UHV  chamber  remains  unresolved  from  our  study.  We  can  only  speculate  that  by  the  hydrogen 
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treatment  a  (x/3  x  \/3)R30o  periodicity  is  somehow  impressed  on  the  surface  which  then  serves  as  an 
ordered  seed  for  the  rapid  oxidation  resulting  in  the  silicate  type  structure.  Oxidation  may  either  take 
place  during  sample  transfer  or  even  during  the  H2  treatment  by  unavoidable  oxygen  impurities  in 
the  process  gas.  The  ordered  seed  structure  obviously  is  necessary  for  the  reconstruction  to  develop, 
otherwise  it  should  have  been  also  observed  in  earlier  investigations  of  ex  situ  prepared  surfaces. 
With  the  initial  order  absent  oxygen  adsorption  and  reaction  proceeds  statistically  on  all  available 
sites,  i.e.,  in  a  (lxl)  lattice  gas  disorder.  The  lack  of  such  an  ordered  seed  may  even  be  one  of 
the  reasons  for  the  high  interface  state  density  in  thermally  oxidized  layers  on  SiC  which  has  been 
attributed  to  disordered  species  [17].  However,  the  structure  of  the  ordered  adlayer  being  remarkably 
similar  to  that  of  bulk  Si02  (silicate)  certainly  is  intuitive  leading  to  the  speculation  that  it  might  serve 
as  seed  to  deposit  thicker  oxide  films.  Indeed,  the  lateral  unit  vector  of  the  (\/3x>/3)R30o  periodic 
lattice  matches  that  of  bulk  Si02  within  95%.  The  only  difference  between  our  silicate  monolayer 
and  the  bulk  structure  of  a  high  temperature  Si02  phase  known  as  P-tridymite  is  the  position  of  the  Si 
atoms.  In  the  bulk  structure  a  silicate  layer  consists  of  three  sublayers  with  the  Si  atoms  altematingly 
positioned  below  and  above  the  oxygen  atoms.  Hypothetically,  the  silicate  adlayer  found  on  SiC  can 
be  transformed  to  this  structure  simply  by  shifting  one  of  the  two  Si  atoms  in  the  unit  cell  upwards  in 
this  upper  Si  sublayer  position.  This  situation  is  schematically  drawn  in  Fig.  2  with  the  arrow  depicting 
the  displacement  from  the  monolayer  silicate  position  (full  circle)  to  the  bulk  silicate  position  (open 
circle). 

Stable  phases  prepared  by  Si  deposition  and  annealing 

Annealing  of  the  ex  situ  pre¬ 
pared  samples  in  UHV  is 
used  to  generate  different 
surface  reconstruction 
phases.  Fig.  3  shows  a  di¬ 
agram  of  LEED  patterns  of 
stable  structures  and  areas 
of  metastable  phases  and 
graphitisation  for  both 
SiC(OOOl)  and  SiC(OOOl). 
Just  annealing  of  the  sili¬ 
cate  phase  leads  to  the 
(V5x\/3)R30o  phase  on 
SiC(OOOl)  and  to  the  (3x3) 
phase  on  SiC(OOOl),  respec¬ 
tively  as  indicated  by  the 
open  arrows.  Other  Si  en¬ 
riched  and  depleted  phases 
can  be  obtained  by  varying  the  temperature  and  simultaneously  depositing  Si  from  an  electron  beam 
heated  evaporator  [3,4].  The  surface  composition  varies  from  silicon  rich  for  phases  shown  on  the  left 
to  carbon  rich  for  those  shown  on  the  right  side.  The  Si/C  ratio  of  the  AES  peak-to-peak  intensities  are 
given  for  each  phase  normalized  with  respect  to  the  simple  adatom  structure  independently  for  each 
surface  orientation  (indicated  by  Si/C  :=  1).  Also  indicated  in  the  figure  are  the  annealing  temperatures 
required  for  each  transformation  towards  a  more  carbon  rich  phase.  Backward  transformations  can 
be  carried  out  by  additional  deposition  of  Si.  It  should  be  noted  that  in  the  region  of  metastability 
a  variety  of  structures  with  different  periodicities  can  exist  simultaneously  on  the  surface  which  in 
addition  assumes  a  relatively  rough  morphology  [7], 


Figure  3:  Diagram  of  stable  phases  developing  on  SiC(OOOl)  and  SiC(OOOl).  See 
text  for  details. 
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The  (3x3)  phase  on  SiC(OOOl) 


Due  to  its  preparation  by  annealing  under  simultaneous  deposi¬ 
tion  of  Si  the  (3x3)  phase  on  SiC(OOOl)  is  strongly  enriched  in 
Si.  The  original  assumption  of  a  (3x3)  derivative  of  the  dimer- 
adatom  stacking  fault  model  (DAS)  [18]  which  is  well  known 
from  the  (7x7)-Si(l  1 1)  was  not  in  line  with  STM  images  find¬ 
ing  only  one  prominent  (adatom  like)  structure  visible  per  unit 
cell  [3, 19].  However,  this  situation  allows  a  holographic  in¬ 
terpretation  of  LEED  data  [13]  which  reveals  the  surrounding 
geometry  of  the  adatom  visible  in  STM  as  a  T4-type  site,  i.e. 

3  Si  atoms  forming  a  hollow  and  one  additional  Si  atom  un¬ 
derneath  [20,21].  Both  quantitative  LEED  [5,22]  and  density 
functional  theory  (DFT)  [5, 23]  determined  the  adatom  and  the 
atoms  of  its  hollow  site  to  form  an  adcluster  which  sits  on  top  of 
a  planar  Si  adlayer  as  displayed  in  Fig.  4.  The  adlayer  covers  the  Figure  4:  Top  and  side  view  of  the  (3x3)- 
complete  surface  without  comerholes  as  in  the  (7x7)-Si(lll).  SiC(OOOl) phase. 

See  ref.  [22]  for  details  of  the  LEED  structure  analysis  and  the  complete  geometry. 

Due  to  a  rotational  displacement  within  the  adlayer  (cf. 
Fig.  4,  top  view)  the  interatomic  distances  can  assume  values 
close  to  the  ideal  Si-Si  bond  length.  As  also  visible  in  Fig.  4 
these  atoms  are  situated  in  a  single  layer  being  three-fold  coor¬ 
dinated  to  their  Si  neighbors  with  120°  bond  angles  and  one-fold 
coordinated  to  the  Si  atoms  of  the  substrate  bilayer.  Thus,  these 
Si  atoms  are  effectively  sp2  hybridized  and  their  four  bonds  fully 
saturated.  The  only  remaining  dangling  bond  in  the  unit  cell  is 

Uiepotyfype  slacking.  gr°W‘h  rePr°dUCi"8  l0Cated  *  the  *  adat0m-  ™S  Pr0videS  3  ^  effeCtive  Passiv3' 

tion  of  the  surface  which  on  the  one  hand  explains  the  stability 

of  the  (3x3)  superstructure.  On  the  other  hand  it  can  also  explain  the  good  homoepitaxial  growth 
possible  under  Si  rich  growth  conditions.  The  surface  passivation  leads  to  a  high  mobility  of  incoming 
particles  such  that  -  on  off-axis  substrates  as  used  in  growth  experiments  -  they  can  diffuse  along  the 
terraces  until  they  reach  a  step.  As  sketched  in  Fig.  5  the  new  material  continues  the  periodic  structure 
of  the  bilayer  at  the  step  and  thus  reproduces  the  stacking  sequence  of  the  substrate. 


The  (\/3x\/3)R30o-SiC(0001):  Si  adatoms  and  bilayer  reorientation 

The  next  stable  structure  on  SiC(OOOl)  is  the  (\/3  x  V/3)R30°  phase.  It  can  be  prepared  either  by 
annealing  the  (3x3)  or  the  silicate  structure  or,  starting  from  any  surface  phase  by  annealing  at  1000- 
1 100°C  under  simultaneous  Si  deposition.  LEED  structure  analyses  carried  out  for  all  three  prepara¬ 
tion  methods  on  a  4H-SiC(0001)  sample  found  that  the  surface  is  characterized  by  a  single  Si  adatom 
in  T4  position  on  top  of  a  SiC  substrate  bilayer  [7]  (see  Fig.  6a)  in  agreement  with  earlier  DFT  cal¬ 
culations  [24-26]  and  very  recent  work  using  X-ray  diffraction  (XRD)  [27].  This  agreement,  in  fact, 
can  be  viewed  as  confirmation  of  the  theoretical  assumption  of  large  electronic  correlation  effects  of 
the  Mott-Hubbard  type  [28]. 

However,  while  in  neither  DFT  nor  XRD  investigations  the  surface  terminating  stacking  sequence 
was  considered  as  a  variable  parameter  the  LEED  analysis  finds  significant  differences  in  this  respect 
for  the  three  preparation  methods.  In  fact,  for  the  preparation  method  of  annealing  a  (3x3)  phase 
the  structure  cannot  be  fitted  using  the  two  bilayer  stacking  sequences  according  to  a  4H  polytype 
truncation.  (Those  are  indicated  SI  and  S2  in  Fig.  6b.)  A  successful  analysis  requires  consideration 
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of  domains  with  S3  stacking  which  should  not  be  expected  on  the  4H-SiC  sample  (cf.  Fig.  6b).  In  the 
optimized  structure  a  fraction  of  65%  of  the  surface  consists  of  domains  with  this  unusual  stacking 
sequence,  i.e.  three  identically  oriented  bilayers  at  the  topmost  surface  which  is  incompatible  with  the 
4H  bulk  stacking  but  is  the  basic  element  of  3C-  and  6H-SiC  polytypes.  In  contrast,  a  sample  prepared 
directly  by  heating  in  a  smaller  Si  flux  contains  35%  of  the  surface  covered  by  S3  terminated  areas; 
when  prepared  from  a  silicate  phase  by  heating  alone  S3  stacking  is  practically  not  present.  Obviously 
the  stacking  sequence  depends  on  the  amount  of  Si  present  during  preparation,  (see  ref.  [7]  for 
details.) 

It  is  important  to  note  that  the  mech¬ 
anism  of  the  stacking  rearrangement 
does  not  preceed  via  a  rotation  of  a  bi- 
layer  already  present.  This  would  re¬ 
quire  a  large  amount  of  SI  type  do¬ 
mains  to  be  present  in  the  initial  sur¬ 
face  which  is  not  the  case.  It  is  rather 
that  an  additional  bilayer  is  attached  to 
S2  type  domains  as  a  result  of  a  se¬ 
vere  roughening  of  the  surface  during 
the  (3x3)  to  (\/3x\/3)R30o  transfor¬ 
mation.  In  this  transformation  stage  the 
sample  contains  large  mesa  type  struc¬ 
tures  with  different  local  periodicities  on  top  [7].  In  both  the  initial  (3x3)  and  the  final  (\/3  x  \/3)R30o 
situation  the  surface  shows  large  flat  terraces  indicating  the  rough  surface  being  characteristic  for  the 
phase  transformation.  It  should  be  noted  that  on  6H-SiC  a  forth  bi layer  in  ’’linear”  stacking  could  not 
be  attached  (S4  termination).  So  it  is  not  just  cubic  growth  that  is  observed.  Even  more,  by  adsorption 
and  desorption  of  oxygen  the  effect  can  be  reversed  and  S2  stacking  be  enhanced  on  both  4H  and  6H 
samples  [29].  So,  it  appears  that  it  is  not  primarily  the  reconstruction  geometry  that  causes  the  stack¬ 
ing  rearrangement.  Rather  the  Si  rich  conditions  present  initially  when  annealing  the  (3x3)  phase  or 
the  oxygen  provided  seem  to  be  the  key  ingredient.  The  new  stacking  structure  develops  when  the 
surface  flattens  after  the  transition.  The  effects  observed  may  be  a  key  issue  for  the  growth  of  polytype 
heterostructures  as  they  demonstrate  that  one  can  modify  the  stacking  of  newly  attached  SiC  bilayers 
by  variing  the  growth  ambient  and  generate  a  polytype  heterojunction. 

Hexagonal  stacking  termination  in  the  (2x2)c  on  SiC(OOOl) 

On  SiC(OOOl)  also  a  simple  adatom  structure  exists,  namely  the  (2x2)c  phase  -  indicated  C  for  dis¬ 
tinction  from  the  more  Si  rich  (2x2)si  phase  (see  Fig.  3).  By  STM,  LEED  holography  and  LEED 
analysis  the  Si  adatom  was  found  in  a  true  threefold  hollow,  the  so-called  H3  site  [8, 30]  -  in  contrast 
to  the  above  (\/3  x  \/3)R30o  on  SiC(OOOl).  Furthermore  the  stacking  sequence  of  the  topmost  surface 
slab  is  predominantly  SI  which  might  be  interpreted  as  a  preference  for  hexagonal  stacking  in  this  re¬ 
construction  or  this  surface  orientation.  As  in  the  case  of  the  (v/3xv/3)R30°  phase  the  layer  stacking 
is  changed  with  respect  to  the  original  silicate  phase.  To  speculate  far  one  might  even  think  of  a  seed 
for  a  potential  2H  film. 

Conclusions 

The  reconstruction  geometry  of  several  ordered  surface  phases  on  SiC(OOOl)  and  SiC(OOOl)  have 
been  analysed  and  found  to  be  potentially  interesting  for  a  direct  impact  on  different  problems  of  the 


Figure  6:  T4  model  for  the  (\/3x\/3)R30o  phase  on  SiC(OOOl)  dis¬ 
played  in  a  side  view  projection  along  the  [  1 120]  direction,  a)  Si  adatom 
fourfold  coordinated  to  three  Si  and  one  C  atom  of  the  topmost  substrate 
bilayer.  See  ref.  [7]  for  geometry  parameters,  b)  Different  stacking  ter¬ 
minations  denoted  SI,  S2  or  S3  according  to  the  number  of  identically 
oriented  bilayers  at  the  surface.  Note,  that  the  S3  termination  is  break¬ 
ing  the  4H  bulk  stacking  sequence. 
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SiC  device  technology.  Epitaxial  silicate  monolayers  could  serve  as  seed  for  a  thick  oxide  layer  de¬ 
position.  The  effective  surface  passivation  in  the  (3x3)-SiC(0001)  reconstruction  facilitates  step  flow 
growth  for  high  quality  SiC  films.  One  might  speculate  that  the  stacking  rearrangement  induced  dur¬ 
ing  the  preparation  of  the  (y/3x  \/3)R30o  phase  on  SiC(OOOl)  can  be  used  as  seed  for  the  formation  of 
polytype  heterojunction  between  4H-  and  6H-SiC,  a  perspective  for  new  types  of  SiC  devices  based 
on  polytype  heterostructures.  The  analyses  of  the  simple  adatom  structures  SiC(OOOl)  and  SiC(0001) 
reveal  contrasting  adatom  sites  and  different  bilayer  stacking  sequences  thus  demostrating  a  strong 
difference  between  surfaces  of  the  two  polarities. 

This  work  was  supported  by  Deutsche  Forschungsgemeinschaft  (DFG)  through  SFB  292. 
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Abstract  A  combination  of  total-energy  studies  of  SiC  surface  structures  with  MBE  growth 
experiments  monitored  by  RHEED  is  used  to  contribute  to  an  understanding  of  the  interplay  of 
surface  geometry  and  stoichiometry  and  the  resulting  bond  stacking,  i.e.  the  local  SiC  polytype. 
Such  an  understanding  may  help  to  prepare  heteropolytypic  structures.  In  particular,  the  interplay  of 
surface  reconstruction,  substrate  polytype  and  bond  stacking  resulting  in  the  subsurface  region  is 
studied. 

Introduction  The  growth  of  heteropolytypic  structures  makes  it  possible  to  build  devices  from 
heterostructures  consisting  of  a  specific  semiconducting  material  but  occurring  in  different  crystal 
structures  [1,2].  From  this  point  of  view  SiC  is  a  promising  material.  More  than  200  polytypes  with 
different  stackings  of  the  atomic  Si-C  bilayers  in  [0001]  direction  exist.  The  fundamental  energy 
gap  varies  by  about  1  eV  between  the  cubic  zinc-blende  (3C)  polytype  and  hexagonal  (nH) 
polytypes  with  a  number  of  n  Si-C  bilayers  in  a  unit  cell.  The  homoepitaxial  growth  of  such 
heteropolytypic  structures  is,  however,  a  big  challenge.  For  the  polytypes  of  main  interest,  3C,  4H, 
and  6H,  definite  nucleation  conditions  are  required.  Despite  the  fact  that  several  effects  are 
discussed  regarding  their  influence  on  the  polytype  formation  and  stabilization,  a  conclusive  theory 
is  still  lacking.  This  holds,  in  particular,  for  the  identification  of  special  growth  conditions  under 
which  only  one  certain  polytype  occurs. 

The  solid-source  molecular  beam  epitaxy  (MBE)  is  a  suitable  method  to  prepare  heteropolytypic 
structures  because  the  deposition  conditions  are  controlled  on  an  atomic  scale  and  the  growth  occurs 
under  clean  conditions  in  the  ultra  high  vacuum  (UHV).  Moreover,  the  growth  process  can  be 
monitored  in  situ  by  reflection  high  energy  electron  diffraction  (RHEED).  Due  to  the  occurrence  of 
surface  reconstructions  the  Si-C  ratio  may  be  controlled,  and,  hence,  also  the  surface  conditions  [3, 
4].  The  specific  influence  of  surface  reconstructions  on  the  surface  energy,  the  occurrence  of  a 
selfsurfactant  process  and  the  consequences  for  polytype  growth  in  the  low-temperature  epitaxy 
process  (T  <  1300  K)  are  suggested  [4-7].  There  are  experimental  and  theoretical  indications  that  a 
certain  reconstructed  free  surface  supports  a  transformation  between  hexagonal  and  cubic  stacking 
[8,  9].  Heine  et  al.  [10,  11]  even  predict  that  a  new  Si-C  bilayer  is  attached  in  cubic  stacking  on  a 
surface  during  epitaxial  growth. 

Methods  The  total-energy  (TE)  and  electronic -structure  calculations  are  based  on  the  ab  initio 
pseudopotential-plane-wave  code  VASP  [12].  A  supersoftening  of  the  non-normconserving 
pseudopotentials  [13]  allows  the  accurate  treatment  of  slabs  with  up  to  12  Si-C  bilayers  and  about 
10  layers  of  vacuum.  The  bottom  layer  is  saturated  by  hydrogen.  ^3x^3  and  3x3  reconstructions  [6, 
7,  9]  are  considered  to  model  different  stoichiometries  of  the  Si-termmated  surfaces. 

The  SiC  films  of  different  polytypes  are  grown  between  900°  and  1350°C  in  a  RIBER-EVA  32 
MBE  system.  The  source  materials  of  high-purity  Si  and  C  are  evaporated  separately  by  means  of 
electron  beam  guns  and  controlled  by  mass-spectrometer  based  flux  meter  [3,  4].  High-quality 
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nominal  on-axis  4H-  or  6H-SiC(0001)  wafers  from  CREE  Inc.  are  used.  The  surfaces  are  prepared 
by  in  situ  sublimation  etching  in  a  Si  flux  to  remove  surface  imperfections  [14]. 

Results  In  the  solid-source  MBE  growth  process  at  higher  temperatures,  the  graphitization  is  a 
serious  problem  which  can  only  be  prevented  if  a  certain  excess  of  Si  above  the  SiC  surface  is 
present  in  the  gas  phase.  In  our  growth  studies  the  SiC  surface  exhibits  a  phase  transition  from  the 
lxl  surface  superstructure  to  a  (V3xV3)R30°-structure  [6]  by  decreasing  the  Si  flux  before  the 
formation  of  graphite.  This  indicates  a  transition  from  more  Si-rich  growth  conditions  to  more  Si- 
less  ones  and  can  be  used  to  control  the  growth  process.  Considering  the  sticking  behaviour  of  Si 
atoms,  the  occurrence  of  the  (V3xV3)R30°-structures  is,  therefore,  a  function  of  temperature  as 
shown  in  Fig.  1.  The  corresponding  vapor  pressures  of  Si  are  calculated  by  the  Hertz-Knudsen 


Temperature  (K) 


1000/T  (K'1) 


Fig.  1:  Arrhenius  plot  of  equilibrium  Si 
vapor  pressure  to  stabilize  the  V3xV3  surface 
superstructure.  The  squares  indicate  the 
appearance  of  the  superstructure. 


relationship.  Recently  it  has  already  been  demonstrated,  that  the  growth  of  SiC  heterostructures  can 
only  be  achieved  close  to  equilibrium  conditions.  These  conditions  mean  that  the  time  for 
reordering  of  adatoms  or  near  surface  atoms  to  find  the  equilibrium  positions  is  shorter  than  the 
time  to  deposit  a  monolayer.  It  has  been  found,  that  the  cubic  polytype  occurs  preferentially  under 
more  Si-rich  conditions:  at  lower  temperatures  (T<1300  K)  a  Si-rich  (3x3)-superstructure  occurs 
[6,15].  The  hexagonal  polytypes,  however,  were  grown  under  less  Si-rich  conditions  corresponding 
to  the  occurrence  of  a  (V3xV3)R30°-surface  superstructure.  As  an  example  a  resulting 
heteropolytypic  structure  is  shown  in  Fig.  2. 


4H~SiC  substrate 
3C~SiC  layer 
4H-SiC  layer 
Glue 


Fig.  2:  TEM  micrograph  of  a  4H/3C/4H-SiC(0001)  double-heteropolytypic  structure.  The  growth 
temperatures  are  1550  K  (3C)  and  1600  K  (4H).  The  micrograph  was  taken  by  U.  Kaiser. 

In  order  to  understand  the  experimental  findings  we  study  in  Fig.  3  the  formation  of  an  intrinsic 
(extrinsic,  triple)  stacking  fault  ISF  (ESF,  TSF)  in  a  cubic  SiC  crystal  in  dependence  on  its  position 
below  the  3x3  or  V 3xa/3  surface.  Below  the  third  Si-C  bilayer  the  formation  energies  are  negative  in 
agreement  with  the  fact  that  in  the  bulk  limit  the  4H  or  6H  polytype  is  energetically  more  favorable 
than  the  3C  one.  The  creation  of  the  stacking  faults  directly  underneath  the  surface  is  always 
unfavorable  indicating  in  general  a  stabilization  of  the  cubic  stacking  in  the  uppermost  surface 
layers.  Consequently,  the  results  of  previous  model  studies  [10,  11]  are  confirmed  by  first- 
principles  calculations.  The  absolute  values  of  the  negative  formation  energies  are  bigger  for  the 
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V3xV3  reconstruction.  This  is  in  agreement  with  the  observation  that  the  less  Si-rich  V3x^3  surface 
stabilizes  the  growth  of  the  hexagonal  polytype.  On  a  first  view,  the  formation  energies  for  the 
stacking  fault  generation  in  the  uppermost  two  Si-C  bilayers  in  Fig.  3  seems  to  indicate  the  opposite 
trend.  However,  one  has  to  take  into  consideration  that  for  the  3x3  reconstruction  a  nominal  Si-C 
bilayer  is  deeper  under  the  surface  as  in  the  V3xV3  case.  The  3x3  reconstruction  is  formed  by  a  Si 
tetramer  on  a  twisted  Si  adlayer  with  clover-like  rings  [6,  7].  In  the  V3xV3  case  only  one  adatom 


Fig.  3:  Formation  energy  per  (lxl) 
surface  unit  cell  of  a  stacking  fault  in  a 
surface  region  of  pure  cubic  stacking 
versus  location  of  the  Si-C  bilayer  of 
creation.  ISF:  solid  line,  ESF:  dashed 
line,  TSF:  dotted  line. 
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occupies  the  last  complete  Si-C  bilayer  [6].  The  corresponding  difference  in  the  silicon  coverage  of 
0Si  =  13/9  (3x3)  and  1/3  (V 3xV3)  illustrates  the  influence  of  surface  and  subsurface  strains  on  the 
polytype  formation.  The  silicon  adsorbates  on  top  of  the  SiC  substrate  tend  to  increase  the  bond 
lengths  in  the  surface  region.  This  gives  rise  to  a  tensile  strain.  The  cubic  polytype  with  its  larger  in¬ 
plane  lattice  constant  a  is  therefore  more  presumable  than  the  hexagonal  ones  [16].  However,  only 
the  larger  amount  of  Si  atoms  on  top  of  the  3x3  surface  gives  a  net  effect  with  indeed  the  tendency 
to  stabilize  the  cubic  polytype.  In  the  V3xV3  case  the  tensile  strain  virtually  vanishes  resulting  in  a 
tendency  for  growth  of  a  hexagonal  polytype. 

In  order  to  give  a  direct  proof  of  the  results  concerning  the  stabilization  of  cubic  stacking  at 
the  surface  and  to  discuss  the  consequences  for  the  growing  polytype,  we  investigate  the  formation 
of  Si-C  bilayers  with  cubic  stacking  on  top  of  a  4H-SiC(0001)  substrate.  As  an  example  the  V3xV3 
reconstruction  is  considered  within  a  slab  of  12  Si-C  bilayers  and  the  respective  amount  of  vacuum 
layers.  The  results  of  the  corresponding  TE  calculations  are  plotted  in  Fig.  4.  The  TE  exhibits  two 
pronounced  minima.  A  local  minimum  appears  on  the  Bom-Oppenheimer  TE  surface  after 
completion  of  a  bulk  4H  unit  cell  in  [0001]  direction.  The  global  minimum  occurs  after  deposition 
of  two  additional,  equally  (i.e.  cubically)  stacked  bilayers.  Experimentally  the  tendency  for 
completion  of  unit  cells  has  been  found  during  growth  using  the  step  bunching  mechanism  [17]. 
Moreover,  for  (V3xV3)-reconstructed  4H  surfaces  the  coexistence  of  at  least  three  different  surface¬ 
stacking  terminations  has  been  observed  by  means  of  dynamical  LEED  [9]. 


Fig.  4:TE  per  (lxl)  surface  unit  cell 
versus  number  of  equally  stacked 
bilayers  on  4H-SiC(0001)V3xV3  with  a 
half-bulk-unit-cell  termination.  The 
dotted  lines  indicate  the  local  minima. 
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Our  findings  suggest  a  model  for  MBE  growth  of  a  hexagonal  (4H)  polytype  under  more  C-rich  and 
surface-stabilized  (V3xV3)  conditions  [5,  6].  After  carbonization  of  a  deposited  Si  layer,  a  Si-C 
bilayer  with  the  same  stacking  direction  as  the  one  underneath  appears,  leading  to  an  overall  cubic 
stacking.  This  bilayer  is  slightly  strained  due  to  the  underlying  hexagonal  substrate.  Consequently, 
after  deposition  of  a  sufficient  number  of  equally  stacked  (i.e.  cubic)  bilayers  the  subsurface  system 
becomes  unstable.  A  solid-phase  transition  between  3C  and  4H  [8]  occurs  in  the  uppermost  two 
bi layers  resulting  in  a  completed  layer  of  hexagonal  unit  cells.  The  transformation  of  the  bilayer 
stacking  via  a  tetrahedron  flipping  process  [18]  should  be  a  consequence  of  a  shear  stress  resulting 
from  the  compressive  strain  due  to  the  substrate  and  the  strain  due  to  the  Si  adsorbate.  Hence,  the 
driving  force  of  the  transformation  is  the  strain  reduction. 

Summary  We  have  performed  first-principles  total-energy  calculations  for  various  bilayer 
stackings  and  growth  experiments  under  surface-stabilized  conditions  using  solid-source  MBE.  We 
show  that  a  surface  tends  to  stabilize  a  cubic  stacking.  The  strength  of  this  tendency  depends  on  the 
Si  coverage.  The  near-surface  cubic  stacking  has  consequences  for  a  layer-by-layer  growth  of  a 
hexagonal  polytype.  We  suggest  that  a  solid-phase  transition  in  the  uppermost  Si-C  bilayers  is 
involved  in  the  growth  process. 
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Abstract.  We  investigate  the  room  temperature  oxidation  of  Si-terminated  6H-  and  4H  -SiC(OOOl) 
3x3  reconstructed  surfaces  by  core  level  photoemission  spectroscopy  using  synchrotron  radiation. 
On  both  surfaces,  Si02  formation  for  low  oxygen  exposures  suggests  very  reactive  surfaces  even  at 
room  temperature.  Oxygen  atoms  seem  to  react  below  the  surface,  involving  carbon  atoms,  leading 
to  non  abrupt  Si02/SiC  interface  formation.  The  4H-SiC(0001)  3x3  surface  is  less  reactive  to 
oxygen  exposures  than  the  6H-SiC(0001)  3x3  one  with  smaller  amount  of  Si02  and  a  less  abrupt 
Si02/SiC  interface  formation. 

Introduction 

Due  to  the  recent  availability  of  large  enough  wafers,  6H  and  4H  hexagonal  SiC  polytypes  are 
presently  the  most  commonly  used  in  SiC  device  applications  [1,2].  However,  silicon  carbide 
surface  passivation  remains  one  of  the  key  issues  in  successful  SiC  device  technology  [1-4].  The 
excellent  properties  of  Si02  for  insulating  gates  and  the  low  density  of  defects  of  the  Si02/Si 
interface  are  one  of  the  reasons  of  the  success  of  silicon  in  microelectronics.  In  this  view,  SiC 
appears  to  be  very  promising  since  its  native  oxide  is  also  Si02.  Nevertheless,  conventional 
oxidation  process  results  in  formation  of  a  Si02/SiC  interface  with  poor  electrical  properties  due  to 
mixed  oxide  products  including  carbon,  and  rough  interfaces  with  a  high  density  of  interface  states 
[5-7].  Moreover,  recent  theoretical  calculations  suggest  that  a  nonstoichiometric  interlayer  is 
required  to  bond  SiC  to  Si02  [8].  The  Si02/SiC  interface  states  density  has  been  shown  to  be  higher 
on  4H-SiC  as  compared  to  6H-SiC  [9].  However,  most  of  the  studies  of  hexagonal  SiC  surface 
oxidation  have  been  performed  on  non-reconstruction  specific  surfaces.  Interestingly,  surface 
reconstruction  and  composition  have  been  shown  to  play  a  crucial  role  in  SiC  initial  surface 
oxidation  [3,10-12]. 

In  this  work,  we  perform  core  level  photoemission  spectroscopy  (CLPS)  using  synchrotron 
radiation  to  study  the  room  temperature  initial  oxidation  of  the  4H  and  6H-SiC(0001)  surfaces.  We 
focus  on  the  6H-  and  4H-SiC(0001)  3x3  reconstructed  surfaces  which  consist  of  a  twisted  Si 
adlayer  above  the  Si-terminated  substrate,  with  Si  tetramers  on  top  [13].  The  investigation  is 
performed  for  the  initial  Si02/6H-  and  4H-SiC(0001)  3x3  interface  formation  by  direct  surface 
oxidation  at  25°C  with  molecular  oxygen  exposure  ranging  from  1  to  1000  L.  Our  results  show  that, 
unlike  silicon  surfaces,  oxidation  is  already  taking  place  at  very  low  oxygen  exposures  with  Si02 
formation  at  room  temperature.  But,  the  4H-SiC(0001)  3x3  surface  is  less  reactive  to  oxygen 
exposures  than  the  6H-SiC(0001)  3x3  surface  with  less  amount  of  Si02.  In  addition,  oxygen  goes 
deep  under  the  surface  and  reacts  with  carbon  atoms  suggesting  a  non  abrupt  Si02/SiC  interface. 
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Experimental  Details 

The  photoemission  experiments  were  performed  at  the  Synchrotron  Radiation  Research  Center 
(Hsinchu,  Taiwan)  using  the  6m-HSGM  monochromator  beamline.  The  overall  (monochromator  + 
analyzer)  energy  resolution  was  180  meV  at  Si  2p  and  360  meV  at  C  Is.  The  pressure  in  the 
vacuum  chamber  was  in  the  10'11  Torr  range.  We  used  n-doped  (nitrogen)  6H-  and  4H-SiC(0001) 
commercial  samples  from  Epitronics.  Clean  6H-  and  4H-SiC(0001)  3x3  surfaces  reconstructions 
were  prepared  by  a  650°C  annealing  of  the  samples  under  Si  flux  followed  by  short  annealing  at 
750°C  resulting  in  sharp  low  energy  electron  diffraction  (LEED)  3x3  patterns.  We  have  performed 
02  exposures  with  research  grade  oxygen  at  pressure  always  below  10'*  Torr.  All  other  details  about 
the  experimental  system  and  high  quality  4H-  or  6H-SiC(0001)  3x3  surface  preparation  can  be 
found  elsewhere  [12,14]. 

Results  and  Discussion 


We  first  look  at  the  25°C  oxidation  process  on  both  4H  and  6H-SiC(0001)  3x3  surfaces  following 
the  evolution  of  the  Si  2p  core  level  for  molecular  oxygen  exposures  ranging  from  1L  to  1000L  (1 
Langmuir  =  1  L  =  10'6  Torr.sec).  Figure  la  (lb)  displays  6H-SiC  (4H-SiC)  corresponding  Si  2p 
spectra  recorded  at  grazing  photoelectron  emission  (0e=3O°  from  surface)  and  using  a  150  eV 
photon  energy  to  maximize  surface  sensitivity.  Under  oxygen  exposure,  Si  2p  core  levels  exhibit 
core  level  chemical  shifted  components  on  the  higher  binding  energy  side  that  are  related  to 
different  oxidation  states.  The  relative  intensity  of  these  chemical  shifted  components  increases 
with  oxygen  exposures.  On  the  6H-SiC(0001)  3x3  surface  (Fig.  la)  a  reactive  component  is  clearly 
observed  for  an  02  exposure  as  low  as  1  L.  This  indicates  that  the  6H-SiC(0001)  3x3  surface  is  very 
reactive  upon  oxygen  exposure  when  compared  to  the  silicon  rich  3C-SiC(100)  3x2  surface  [11]  or 
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Fig.  1  :  Evolution  of  Si  2p  core 
level  spectra  recorded  in  surface 
sensitive  mode  (hv=  150  eV  and 
0e  =  3O°  from  surface)  for  1  to 
1000  L  02  exposures. 

a)  on  the  6H-SiC(0001)  3x3 
surface. 

b)  on  the  4H-SiC(0001)  3x3 
surface. 
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Si  surfaces  [15,16]  where  significantly  higher  oxygen  exposures  are  necessary  to  get  such  a  Si  2p 
reactive^component.  Oxidation  of  the  6H-SiC(0001)  3x3  surface  generally  results  into  Si+,  Si2+, 
Si  ,  Si  oxidation  states  with  associated  core  level  chemical  shifted  components  located  at  higher 
binding  energies  when  compared  to  silicon  surfaces  [12].  The  presence  of  the  four  different 
oxidation  states  components  is  not  evident  from  the  raw  spectra  but  their  energy  positions  have 
been  determined  by  curve  fitting  and  are  shown  by  arrows  on  Fig.  1.  This  strongly  suggests  a  non 
abrupt  Si02/SiC  interface  formation.  In  addition,  the  comparison  between  Figs,  la  and  lb  clearly 
indicates  that  growth  of  Si02  is  more  efficient  on  the  6H-SiC(0001)  3x3  surface  than  on  the  4H- 
SiC(0001)  3x3  one.  Indeed,  in  contrast  to  what  is  observed  on  the  6H-SiC(0001)  3x3  surface,  the 
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intermediate  oxides  are  the  very  dominant  oxidation  states  on  the  4H-SiC(0001)  3x3  surface  which 
clearly  indicates  an  even  less  abrupt  Si02/SiC  interface  with  4H-SiC  than  with  6H-SiC. 

Further  insight  in  the  room  temperature  Si02/SiC  interface  formation  on  the  6H-  and  4H-SiC(0001) 
3x3  surfaces  could  be  found  by  looking  at  the  C  Is  core  levels.  Figures  2a  and  2b  respectively 
display  the  C  Is  core  level  spectra  for  6H-  and  4H-SiC(0001)  3x3  surfaces  exposed  at  25°C  to  1  up 
to  1000  L  of  oxygen.  These  data  have  also  been  taken  in  a  surface  sensitive  mode  using  a  330  eV 
photon  energy  and  grazing  emission  photoelectron  collection  (0e=30°  from  surface).  On  both 
surfaces  C  Is  core  level  peak  exhibits  a  rigid  shift  to  the  lower  binding  energy  side  for  the  lower  02 
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Fig.  2  :  Evolution  of  C  Is  core 
level  spectra  recorded  in  surface 
sensitive  mode  (hv  -  330  eV  and 
0e  =  30°  from  surface)  for  1  to 
1000  L  02  exposures. 

a)  on  the  6H-SiC(0001)  3x3 
surface. 

b)  on  the  4H-SiC(0001)  3x3 
surface. 


exposure  and  a  shift  to  the  higher  binding  energy  side  above  10  L  02  exposure.  This  rigid  shift  is 
not  visible  on  the  Si  2p  spectra  and  thus  can  hardly  be  related  to  band  bending  modification.  It  is 
likely  to  be  due  to  oxygen  interaction  with  carbon  atoms.  One  can  expect  that  direct  oxygen 
bonding  to  carbon  atoms  would  result  in  a  C  Is  reactive  component  or  a  rigid  shift  to  the  higher 
binding  energy  side.  In  this  view  the  initial  shift  of  the  C  Is  core  level  peak  to  lower  binding 
energies  may  be  attributed  to  oxygen  interaction  with  silicon  atoms  close  to  the  carbon  planes. 
However,  for  100  or  1000  L  02  exposures,  the  C  Is  shift  to  higher  binding  energies  suggests  direct 
carbon  oxygen  interaction.  Evidence  of  direct  bonding  of  oxygen  to  carbon  atoms  can  be  found 
when  looking  to  the  C  Is  core  level  spectra  of  the  4H-SiC(0001)  3x3  surface  exposed  to  1000  L  02 
(Fig.  2b)  which  exhibits  a  large  reactive  component  on  the  higher  binding  energy  side.  For  the  same 
oxygen  exposure,  this  reactive  component  does  not  exist  on  the  C  Is  core  level  spectra  of  the  6H- 
SiC(0001)  3x3  surface  which  only  shows  a  30%  broadening  as  compared  to  the  clean  surface. 
These  results  suggest  that  oxygen  atoms  directly  react  with  underneath  silicon  atoms  and  then,  with 
further  exposures,  react  with  carbon  atoms  leading  to  a  non  abrupt  Si02/SiC  interface  involving 
intermediate  (Si+,  Si2+,  Si3+)  and  mixed  (Si-O-C)  oxides.  Additional  support  for  oxygen  deep 
diffusion  is  brought  by  LEED  patterns  that  remain  3x3  even  for  1000  L  02  exposures,  suggesting 
that  the  top  surface  is  not  affected.  In  addition,  recent  experiments  combining  CLPS  and  Infra  Red 
Absorption  Spectroscopy  (IRAS)  show  converging  evidence  that:  i)  the  adatoms  and  trimers  are  not 
affected  by  initial  oxygen  adsorption,  and  ii)  oxygen  is  going  well  below  the  surface  [17].  Moreover 
carbon-oxygen  bonding  related  to  C  Is  core  level  chemical  shifted  component  only  observed  on  the 
4H-SiC,  further  supports  oxygen  atoms  diffusion  and  less  abrupt  Si02/SiC  interface  with  4H-SiC 
than  with  6H-SiC.  This  finding  is  especially  relevant  in  view  of  the  higher  interface  state  densities 
generally  observed  for  oxide/4H-SiC(0001)  interfaces  [9].  Going  from  the  top  surface  to  the  bulk, 
the  6H-  and  4H-SiC(0001)  3x3  structures  only  start  to  differ  at  the  third  silicon  bulk  plane 
encountered,  i.e.  about  9.6  A  below  the  top  surface  atoms.  Therefore,  the  different  reactivity  to 
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25°C  oxygen  exposures  observed  between  6H-  and  4H-SiC(0001)  3x3  surfaces  is  more  likely  to  be 
due  to  different  electronic  properties  than  to  structural  differences. 

Conclusion 

Using  synchrotron  radiation  core  level  photoemission  spectroscopy,  we  have  investigated  the  room 
temperature  direct  Si02/SiC  interface  formation  by  low  exposition  of  the  6H-  and  4H-SiC(0001) 
3x3  surfaces  to  molecular  oxygen.  Our  results  clearly  indicate  very  reactive  surfaces  even  at  room 
temperature  with  Si02  formation  for  low  oxygen  exposures.  The  4H-SiC(0001)  3x3  surface  is  less 
reactive  to  oxygen  exposures  than  the  6H-SiC(0001)  3x3  surface  with  smaller  amount  of  Si02  and 
less  abrupt  Si02/SiC  interface  formation.  On  both  4H-SiC  and  6H-SiC  3x3  reconstructed  surfaces, 
oxygen  atoms  react  below  the  surface,  involving  somehow  carbon  atoms  and  leading  to  non  abrupt 
Si02/SiC  interface  formation.  These  differences  are  relevant  in  the  present  context  of  better 
electrical  properties  of  Si02/SiC  interfaces  with  6H  polytype  than  with  the  4H  one. 
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Abstract 

Single  crystals  of  SiC  were  etched  in  hydrofluoric  acid  to  remove  the  native  oxide.  Ozone  exposure 
at  room  temperature  is  shown  to  give  an  oxide  of  about  0.7nm.  The  differences  of  interface  and  bulk 
oxides  regarding  their  elemental  composition  and  their  oxidation  states  are  reported  as  determined 
by  photoelectron  spectroscopy  utilizing  synchrotron  radiation 

Introduction 

Catalytic  metal-insulator-silicon  carbide  (SiC)  devices  are  utilized  as  gas  sensors  for  high  tempera¬ 
ture  and  corrosive  environment  [1].  Schottky  diode  devices  have  advantages  like  simple  processing 
and  simple  electronic  circuitry  for  the  measurements,  even  though  today  gas  sensitive  SiC  field  ef¬ 
fect  transistor  devices  have  been  demonstrated  [2].  In  the  processing  of  Schottky  diodes  the  native 
oxide  is  etched  off  by  hydrofluoric  acid  (HF)  from  the  SiC  surface  before  deposition  of  the  gas  sen¬ 
sitive  catalytic  gate  metal.  Ozone  cleaning  of  the  SiC  surface  was  introduced  as  a  processing  step 
for  Schottky  diodes  after  the  HF  dip.  This  showed  to  give  dramatic  results  in  terms  of  increased 
long  term  stability  and  reproducibility  of  the  gas  response  of  the  Schottky  diode  sensors.  The  effect 
of  the  ozone  cleaning  was  investigated  by  spectroscopic  ellipsometry  [3].  Here,  we  use  synchrotron 
radiation  with  variable  photon  energy  to  obtain  information  on  the  oxide  thickness  and  the  chemical 
composition  of  the  oxide  in  different  depth  to  enable  a  non-destructive  depth  profiling. 

Experimental 

Silicon  carbide  wafers  were  cleaned  with  H2SO4  /  H2O2  (3:1)  for  lOmin  and  then  treated  with 
HF/H20  (1:1)  for  lmin  to  remove  the  native  oxide.  Afterwards  the  samples  were  oxidized  in  ozone 
atmosphere  generated  by  an  UV  lamp  for  lOmin.  After  transport  to  the  synchrotron  the  samples 
were  cleaned  from  adsorbed  hydrocarbons  by  wiping  in  methanol  and  acetone  several  times  prior  to 
introduction  into  the  UHV  system.  Then  they  were  directly  heated  for  approximately  lOmin  at 
around  450°C.  Our  electron  spectroscopic  experiments  have  been  performed  at  the  undulator  beam¬ 
line  U49/2-PGM2  at  BESSY-II  enabling  an  energy  resolution  of  better  than  200meV  [4,5].  As  an 
oxide  reference  we  used  a  thermally  grown  silicon  oxide  on  top  of  a  silicon  wafer  with  the  thickness 
determined  by  ellipsometry  and  Rutherford  back-scattering  [6]. 

Results  and  Discussion 

Fig.l  shows  the  Si2p  emission  of  the  ozone  treated  SiC  surface  and  the  change  that  occurs  after 
flashing  the  sample  to  1200°C.  We  notice  that  the  intensity  of  the  oxygen  shifted  contribution  is 
reduced  significantly.  There  is  a  shift  of  the  Si2p  emission  of  0.2eV  towards  lower  binding  energies. 
We  also  include  the  contribution  of  the  Si2p(3/2)  after  an  analytical  decomposition  by  subtracting 
the  Si2p(l/2)  contribution.  The  used  parameters  are  the  energy  separation  (0.6eV)  and  the  relative 
intensities  (2:1).  This  analysis  allows  a  more  detailed  view  on  the  shift  induced  by  interaction  with 
the  oxygen.  The  energy  separation  of  the  oxidic  component  is  2.6eV.  We  notice  that  the  shape  of  the 
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bulk  Si  component  is  rather  asymmetric  at  its  high  bind¬ 
ing  energy  side.  The  asymmetry  remains  after  flashing 
the  oxide  off.  In  Fig.l  we  have  also  studied  the  varia¬ 
tions  that  occur  by  changing  the  incident  photon  energy. 
For  the  ozone  treated  surface  we  notice  the  rapid  change 
in  the  relative  intensities  of  the  oxidic  and  bulk  contri¬ 
butions,  respectively.  For  the  HF  treated  surface  the 
emission  of  the  oxidic  contribution  at  -2eV  disappears 
and  only  a  broad  tail  remains. 

In  Fig. 2  we  have  displayed  the  emission  in  the  valence 
region  for  the  corresponding  surface  treatments.  The 
spectrum  of  the  ozone  treated  surface  is  displayed  as 
well  as  that  after  flashing  to  1200°C.  In  the  area  around 
the  valence  band  maximum  (VBM)  we  notice  a  weak 
emission  from  defect  states  which  extend  up  to  the 
Fermi  energy.  The  separation  between  VBM  and  EF  is 
1.5eV  and  corresponds  to  a  weak  p-type  doping.  Three 
oxygen  derived  valence  states  show  up  with  a  binding 
energy  of  7eV  for  the  most  prominent  state.  The  02s 
emission  peaks  at  25eV.  In  the  spectrum  of  the  ozone 
treated  surface  there  are  weak  emissions  which  appear 
5.5eV  below  the  02s  an  the  02p  emissions,  respec¬ 
tively.  Flashing  the  sample  to  1200°C  reduces  the  oxide 
emission  pattern  and  causes  the  valence  band  states  of 
the  SiC  to  appear  with  the  VBM  at  1.75eV.  Comparing 
the  valence  band  spectrum  of  the  HF  treated  surface  we 
notice  that  the  oxide  emission  is  very  similar  to  that 
after  flashing  the  ozone  treated  surface. 

In  Fig.3  we  compare  the  Ols  and  Cls  emission  patterns 
for  the  HF  treated  sample  to  those  of  the  ozone-oxidized 
sample  after  flashing  to  1200°C.  The  Ols  main  emis¬ 
sion  is  at  531.5eV  with  a  pronounced  shoulder  at 
532.8eV.  Before  flashing  the  Ols  emission  peaks  at 
532eV  (not  shown).  The  oxygen  emission  is  strongly 
reduced  upon  flashing.  It  is  observed  because  of  the 
high  surface  sensitivity  is  hardly  observable  in  spectra 
taken  at  higher  photon  energies  (omitted  for  clarity).  In 
the  Cls  photoemission  signal  taken  at  photon  energies 
of  608eV  and  1018eV  we  find  an  intense  signal  of  the 
carbidic  carbon  at  282.4eV  and  a  weaker  signal  of 
graphitic  carbon  at  284eV.  For  the  HF  treated  surface 
the  contribution  of  the  graphitic  carbon  is  larger. 

We  first  will  apply  that  the  thickness  of  thin  oxide  lay¬ 
ers  can  be  derived  from  the  relative  oxidic  and  bulk 
Si2p  intensities  [7]  of  the  Si2p  emission  pattern  by  the 
following  description 

JyL  =  7^[exp(rf/4o2)-l]  (Eq.l) 

1  Si  1 0 
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Here  Isi02  is  the  intensity  if  the  oxidic  component  of  Si2p,  1st  is  the  intensity  of  the  bulk  Si2p  com¬ 
ponent,  d  is  the  thickness  of  the  oxide  layer,  and  ASio2  is  the  mean  electron  escape  depth.  The  factor 
IJIo  takes  into  account,  that  the  density  of  silicon  atoms,  the  photo-ionization  cross-section,  and  the 
escape  depth  could  be  different  for  silicon  in  silicon  oxide  and  for  silicon  in  a  silicon  environment. 
Analyzing  the  Si2p  emission  with  its  bulk  and  oxidic  components  only,  we  set  that  factor  to  unity. 
Then,  the  oxide  thickness  can  be  derived  by  Equation  2. 

To  determine  the  escape  depth  A  we  used  a  silicon  wafer  with  a  known  oxide  thickness  of  <7=6nm 
[6].  Applying  Equation  2  we  find  that  A  is  1.57nm  and  2.28nm 
at  kinetic  energies  of  507eV  and  910eV,  respectively.  Fur¬ 
thermore,  we  applied  these  values  to  find  consistent  values  in 
the  photon  energy  range  between  160eV  and  800eV  by  using 
the  native  oxide  (l.lnm)  of  an  industrial  standard  wafer.  The  energy  dependence  of  the  as  deter¬ 
mined  electron  mean  free  path  is  displayed  in  the  inset  of  Fig.l.  Our  values  are  in  good  agreement 
with,  but  slightly  above  the  general  accepted  electron  escape  depth  curve  [8].  In  our  analysis  prob¬ 
lems  arise  when  the  contributions  of  the  bulk  and  oxidic  components  are  not  well  separated  but 
overlap.  In  that  case  the  analytical  decomposition  of  the  (3/2  and  1/2)  spin-orbit  partners  might  im¬ 
prove  the  analysis. 

For  the  SiC  analysis  we  used  the  spin  orbit  subtracted  curves  and  integrated  the  photoelectron  peak 
areas  of  the  Si2p  oxidic  component  up  to  -leV  below  the  bulk  signal.  The  values  of  A  (0.552nm, 
1.563nm,  and  2.458nm)  are  chosen  for  kinetic  energies  of  lOleV,  508ev,  and  919eV,  respectively. 
For  all  photon  energies  we  derive  a  consistent  oxide  thickness  of  0.65nm  for  the  ozone  oxidized  SiC 
surface,  in  excellent  agreement  with  the  ellipsometric  value  [3].  The  thickness  of  the  HF  treated 
surface  is  much  lower  (sub-monolayer  range  below  0.2nm),  it  is  comparable  to  the  thickness  of  the 
remaining  oxide  layer  after  flashing  most  of  the  oxide  off. 

The  chemical  shift  of  the  Si2p  emission  is  analysed  in  detail.  In  our  experiments  for  the  ozone 
treated  SiC  sample  we  find  a  shift  of  2.75eV  (Fig.  1).  For  thermally  grown  oxide  layers  on  SiC  sur¬ 
faces  a  shift  of  2.5eV  is  also  reported  [11].  For  silicon  surfaces  initial  shifts  of  0.89eV,  1.8eV  and 
2.7eV  are  observed  of  the  Si2p  emission  due  to  the  presence  of  oxygen  [7,  9,  10],  which  are  as¬ 
signed  to  the  silicon  atoms  with  bonds  to  one,  two,  or  three  oxygen  atoms  [12].  The  behavior  is 
similar  for  germanium  surfaces  [10]  with  a  shift  of  0.85eV  per  oxygen  bond.  For  the  fully  oxidized 
Si02  layer  the  shift  amounts  3.8eV  [7].  In  excellent  agreement  we  find  a  value  of  4.0eV  for  a  l.lnm 
thick  Si02  layer  on  a  Si(001)  surface  of  industrial  wafers.  For  the  SiC  surface  the  value  of  2.6eV 
corresponds  to  silicon  bonded  to  three  oxygen  atoms.  The  electron  emission  signal  indicates  that  the 
oxide  layer  consists  of  a  silicon-rich  oxide  with  quite  many  defects  or  Si-Si  bonds.  This  defect  rich 
oxide  is  the  bulk  oxide  and  differs  from  that  right  at  the  surface.  The  latter  can  be  studied  after  re¬ 
moving  the  bulk  oxide  layer  by  flashing  as  well  as  by  the  spectra  taken  at  higher  photon  energies. 
The  increased  mean  free  path  allows  collection  of  emission  from  deeper  layers.  For  both  attempts 
there  is  evidence  of  an  oxide  with  a  much  smaller  chemical  shift  which  causes  an  asymmetric  line 
shape  of  the  bulk  Si2p  line  of  SiC.  Using  the  line  width  recently  determined  of  H-terminated  SiC 
surfaces  [13]  we  can  assign  a  shift  of  about  leV  for  that  surface  oxide. 

The  valence  band  spectra  (Fig.2)  of  the  surface  oxide  of  SiC  exhibits  the  typical  threefold  emission 
pattern  of  the  02p  derived  states.  The  flashed  sample  maintains  this  threefold  structure  although  the 
total  oxide  thickness  is  in  the  sub-monolayer  range.  One  possible  explanation  is  the  formation  of 
oxide  clusters,  which  is  rather  unlikely.  Instead,  we  conclude  the  formation  of  ordered  Si-0  bonds 
within  that  adsorbate  layer.  An  ordered  silicate  adlayer  was  recently  reported  [11]. 

In  the  Ols  emission  signal  (Fig.3,  hv-601eV  and  1018eV)  of  ozone  oxidized  silicon  carbide  we 
still  notice  oxygen  on  our  samples  after  flashing  the  bulk  oxide  off.  Compared  to  the  HF  treated 
silicon  carbide  we  find  the  main  Ols  signal  at  531.5eV  and  contributions  with  about  1.3eV  higher 


d  =  A  In 


1  + 


/  ^ 

1  SiO. 


(Eq.2) 
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binding  energy  as  well  as  a  shoulder  on  the  lower  binding  energy  side.  These  additional  contribu¬ 
tions  can  be  assigned  as  bulk  silicon  oxide  and  as  adsorbed  surface  oxygen,  respectively.  These  cor¬ 
respond  to  the  shifts  of  the  Si2p  signal  of  2.6eV  and  of  leV  in  Fig.  1.  Accordingly,  there  are  two 
oxidation  states  as  at  the  SiC  surface  the  oxide  is  different  from  that  in  the  bulk.  The  ozone  treated 
samples  exhibit  a  superposition  of  these  different  oxygen  contributions,  resulting  in  different  ener¬ 
getic  positions  of  the  oxygen  signal  at  608eV  and  101 8eV  photon  energy. 

The  Cls  emission  contains  a  sharp  signal  arising  from  carbidic  carbon  at  282.4eV  and  a  weaker 
signal  at  284eV.  The  latter  is  due  to  graphitic  carbon.  The  relative  contents  of  both  is  different  for 
the  two  investigated  samples.  While  in  the  HF  treated  surface  the  graphitic  contribution  is  about  1/3, 
the  graphitic  contribution  is  about  1/4  for  the  ozone  treated  surface.  At  present  this  differences  can 
not  be  assigned  to  the  different  surface  treatments  as  we  cannot  rule  out  that  the  used  SiC  samples 
do  have  different  qualities.  For  the  ozone  treated  surface  the  Cls  emission  shows  only  subtle 
changes  upon  removing  the  oxide  layer.  There  is  an  increase  in  intensity  (xl.5)  which  indicates  that 
the  attenuation  by  the  oxide  layer  is  removed.  As  the  Si2p  emission  is  increased  also  (xl.3)  we  can 
deduce  that  there  is  no  change  in  the  relative  Si  and  C  intensities  upon  removing  the  oxide  layer. 
Our  data  enable  us  to  conclude  that  the  graphitic  contribution  is  located  at  the  surface.  As  shown  in 
Fig.3  the  Cls  spectrum  of  the  ozone  sample  is  taken  with  a  photon  energy  of  101 8eV  and  it  has  a 
much  weaker  graphitic  contribution.  The  same  is  valid  for  the  HF  treated  sample. 

In  conclusion,  synchrotron  radiation  enables  the  non-destructive  characterization  of  the  properties  of 
oxide  overlayers.  Here  we  have  analyzed  the  surfaces  of  an  ozone  treated  SiC  surface,  which  first 
was  subjected  to  an  HF  dip.  We  identify  graphitic  carbon  at  the  SiC  surface  as  well  as  different  oxi- 
dic  states  right  at  the  SiC  surfaces  and  in  the  bulk.  The  thickness  of  the  bulk  oxide  is  about  0.7nm 
and  has  a  Si-rich  composition  similar  to  that  in  thermally  oxidized  SiC  surfaces.  Ozone  treatment 
enables  the  formation  of  a  dense  oxide  layer  at  room  temperature  to  be  used  in  sensor  applications. 
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Abstract  A  hydrogen  termination  of  the  (0001)  and  (0001)  6H-SiC  surfaces  is  achieved  by  a 
thermal  treatment  in  ultra  pure  hydrogen.  This  results  in  unreconstructed  and  quasi-bulk  terminated 
surfaces  as  demonstrated  by  a  (lxl)  LEED  patterns  which  are  stable  in  air.  Photoelectron  spectra 
show  only  bulk  related  Si  2p  and  C  Is  lines  and  give  no  indication  of  any  contamination.  Using 
Fourier  transform  infrared  spectroscopy  (FTER)  in  the  attenuated  total  reflection  (ATR) 
configuration  Si-H  stretching  modes  around  2130  cm  1  have  been  observed  in  p-polarization  but  not 
in  s-polarization.  This  indicates  that  the  Si-H  bonds  are  oriented  perpendicular  to  the  surface. 
Electronically,  hydrogenation  leads  to  a  complete  passivation  of  the  surface  with  no  pinning  of  the 
Fermi  level.  After  annealing  at  800  °C  in  UHV  the  hydrogen  completely  desorbs  and  the  surface 
periodicity  changes  from  (lxl)  to  (V3xV3)R30°.  The  photoemission  spectra  of  this  (V3xV3)R30° 
structure  are  characteristic  for  a  surface  with  Si  adatoms  in  T4  configuration  which  is  formed  via  a 
disproportionation  of  SiC  at  the  surface. 

Introduction 

On  account  of  its  small  size  and  its  ability  to  form  strong  covalent  bonds  with  most  elements 
hydrogen  is  perfectly  suitable  for  terminating  dangling  bonds  at  semiconductor  surfaces.  It  removes 
surface  reconstructions  and  clears  the  gap  from  surface  states.  On  Si  (111)  hydrogen  terminated 
surfaces  are  readily  prepared  by  wet-chemical  treatments  and  the  resulting  unreconstructed  and 
passivated  surfaces  exhibit  no  Fermi  level  pinning  and  the  lowest  surface  recombination  velocity 
ever  reported  for  Si.  [1,2]  Exposure  of  SiC  to  atomic  hydrogen  under  ultra  high  vacuum  conditions 
(UHV)  leads  to  a  pronounced  reduction  in  the  oxidation  rate  [3]  which  indicates  hydrogen 
passivation.  The  presence  of  surface  Si-H  and  C-H  vibrational  modes  by  IR  spectroscopy  has  been 
demonstrated  in  [4].  In  this  paper  we  present  a  detailed  analysis  of  the  atomic  surface  composition 
and  surface  geometry  of  hydrogen  terminated  6H-SiC  by  means  of  x-ray  induced  photoelectron 
spectroscopy  (XPS),  low  energy  electron  diffraction  (LEED),  and  infrared  spectroscopy. 

Experiment 

Hydrogenation  was  performed  by  heating  the  SiC  samples  (6H-SiC  from  CREE  Research,  p  and  n 
doped)  for  20  min  at  1000  °C  in  MO5  Pa  of  ultra  pure  hydrogen.  After  the  preparation  the  samples 
were  transferred  under  UHV  conditions  to  the  analysis  chamber.  The  chemical  analysis  of  the 
surface  was  carried  out  with  x-ray  induced  photoelectron  spectroscopy  using  A1  Ka  radiation  (XPS) 
with  an  energy  resolution  of  0.6  eV.  The  surface  periodicity  was  checked  with  low  energy  electron 
diffraction  (LEED).  Since  hydrogen  is  detectable  neither  by  XPS  nor  by  LEED  the  samples  were 
additionally  investigated  with  FTIR.  The  necessary  surface  sensitivity  was  achieved  using  the  ATR 
mode  with  a  germanium  prism  as  multiple  internal  reflection  element.  The  resolution  was  0.5  cm  . 
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Results  aud  Discussion 


Photoemission  spectra  of  a  Si  terminated  surface  after  a  wet-chemical  treatment  and  after  thermal 

hydrogenation  are  displayed  in  Fig.  1 .  The  survey  spectra  after  the  wet-chemical  preparation  show 
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Binding  energy  rel.  to  Ep(eV)  vibrational  modes  in  the  frequency 

Fig.  1  In  the  upper  viewgraph  photoemission  survey  spectra  are  ^anSe  Si-H  Stretching  modes  by 
depicted  after  a  wet-chemical  treatment  (upper  spectrum),  a  thermal  infrared  spectroscopy  (Fig.  2),  which 
hydrogen  treatment  (mid  spectrum)  and  after  a  2h  exposure  to  air  will  be  discussed  later.  Hydrogenation 
(lower  spectrum).  The  lower  viewgraph  shows  the  Si  2p  (left)  and  also  provides  an  effective  passivation  of 
C  Is  (right)  core  levels  after  wet-chenucal  and  thermal  hydrogen  the  surfece  ;nst  oxidation  After  tw0 
treatment,  and  a  LEED  pattern  as  seen  after  hydrogenation  is  shown  ? 

in  the  insert.  hours  in  air  the  survey  spectrum 

(compare  Fig.  1)  shows  only  a  small 
oxygen  contamination,  which  must  be  ascribed  to  adsorbed,  oxygen-containing  species  since  no 
corresponding  Si-0  component  is  observed  in  the  Si  2p  spectrum.  Core  level  spectra  and  LEED 
patterns  comparable  to  the  ones  just  presented  have  been  observed  for  the  C-terminated  surface  after 
hydrogenation  as  well.  This  surface  is,  if  anything,  even  more  immune  against  oxidation. 

As  can  be  seen  from  the  Si  2p  and  C  Is  core  level  spectra  in  Fig.  1  hydrogenation  leads  to  a  shift  of 
both  core  levels  to  lower  binding  energies  by  0.4  eV.  This  common  shift  is  due  to  a  change  in  band 
bending  at  the  surface  such  that  the  Fermi  level  moves  closer  to  the  valence  band  maximum  (VBM) 


0.4  eV — I  - — 


106  104  102  100  98  96  286  284  282  280  278 

Binding  energy  rel.  to  Ep  (eV) 

Fig.  1  In  the  upper  viewgraph  photoemission  survey  spectra  are 
depicted  after  a  wet-chemical  treatment  (upper  spectrum),  a  thermal 
hydrogen  treatment  (mid  spectrum)  and  after  a  2h  exposure  to  air 
(lower  spectrum).  The  lower  viewgraph  shows  the  Si  2p  (left)  and 
C  Is  (right)  core  levels  after  wet-chemical  and  thermal  hydrogen 
treatment,  and  a  LEED  pattern  as  seen  after  hydrogenation  is  shown 
in  the  insert. 
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as  expected  for  an  unpinning  of  EF  upon  hydrogenation.  As  a  matter  of  fact,  we  measure  a 
difference  in  surface  Fermi  level  position  between  p-type  and  n-type  hydrogenated  6H-SiC  of 
2.7  eV.  This  is  what  one  expects  for  the  difference  in  bulk  Fermi  level  positions  and  it  proves  that 
the  hydrogen  terminated  6H-SiC  surfaces  are  free  of  any  gap  states  and  exhibit  flat  band  conditions. 
A  typical  FTIR-ATR  spectrum  after  hydrogenation  of  a  Si-terminated  surface  is  depicted  in  Fig.  2 
for  p-  and  s-polarization  of  the  incoming  IR  beam.  Two  modes  in  the  Si-H  stretching  region  at 

2128  cm'1  and  2134  cm'1  are  clearly  resolved 
in  p-polarization  with  a  FWHM  of  about 
4  cm'1.  The  energy  separation  of  6  cm'1 
between  both  peaks  is  too  small  to  be 
explained  by  chemical  bond  configurations 
other  than  C3Si-H  on  hydrogen  terminated  SiC 
(0001).  Thus  we  ascribe  both  vibrational 
modes  to  monohydride  stretching  modes. 
Remarkably  no  Si-H  signal  is  measured  in 
s-polarization  which  indicates  that  the 
Wave  number  (cm'1)  orientation  of  the  Si-H  bonds  is  perfectly 

Fig.  2  ATR-FTIR  spectra  in  p  and  in  s  polarization  after  a  perpendicular  to  the  surface.  No  further 
thermal  hydrogen  treatment  at  1000  °C.  contributions  in  the  energy  range  between 

2050  and  2300  cm'1  are  detectable  that  might  be  due  to  non  ideal  configurations,  e.g.  oxygen  atoms 
in  back  bonds. [4]  A  weak  feature  around  2170  cm'1  probably  originates  from  residual  CSi-H3  at 
defects. [4]  The  origin  of  the  splitting  of  the  Si-H  stretching  modes  is  still  unclear.  Tsuchida  et  al. 
first  observed  the  existence  of  different  Si-H  stretching  modes  within  an  energy  range  of  15  cm'1.  [4] 
They  argue  that  the  presence  of  split  Si-H  modes  as  well  as  Si-H2  and  Si-H3  modes  are  indicative  of 
a  microscopically  rough  surface.  However,  in  our  case  the  intensity  ratio  of  the  observed  stretching 
modes  is  about  one.  In  the  case  of  surface  roughness  at  least  one  half  of  the  entire  surface  would 
have  to  be  rough  and  disordered.  This  is  in  contrast  to  the  sharp  and  almost  background-free  LEED 
patterns,  the  absence  of  SiH2  modes,  and  the  negligibly  small  SiH3  contributions  in  our  FTIR 
spectra.  Furthermore,  no  signal  of  Si-H  modes  in  s-polarization  is  detected  as  it  is  expected  for 
rough  surfaces.  Hence,  we  do  not  attribute  the  splitting  of  the  stretching  mode  to  surface  roughness. 
A  possible  explanation  for  the  splitting  would  be  an  induction  effect  due  to  different  third  neighbor 
environments.  In  6H-SiC  cubic  and  hexagonal  stacking  of  the  Si-C  tetrahedra  alternate  along  the 
c-axis.  Depending  on  the  position  where  a  surface  terrace  intersects  the  c-axis  the  surface  silicon 
atom  may  be  connected  to  its  subsurface  third  neighbors  via  a  cubic  or  a  hexagonal 
configuration.  [7]  That  corresponds  to  different  third  neighbor  distances  which  could  explain  the 
splitting  of  6  cm'1  of  the  stretching  modes.  However,  further  work  is  needed  to  confirm  this 
explanation. 

The  surface  was  dehydrogenated  after  the  sample  was  annealed  at  800  °C  in  UHV.  This  is 
accompanied  by  a  transition  from  the  (lxl)  LEED  pattern  to  a  (V3xV3)R30°  structure  on  the 
Si-terminated  surface  and  noticeable  changes  in  the  Si  2p  and  C  Is  core  level  spectra  (  see  Fig.  3). 
Additional  chemically  shifted  components  are  observed  at  -  0.9  eV  and  +  1 .2  eV  binding  energy 
relative  to  the  bulk  component  in  the  Si2p  and  Cls  spectra,  respectively.  By  varying  the  polar  angle 
between  sample  and  analyzer  and  thus  the  effective  sampling  depth  it  was  verified  that  the  shifted 
components  are  located  at  the  surface.  The  additional  line  in  the  Si2p  spectrum  corresponds  to  a 
Si-Si3  configuration.  In  conjunction  with  the  (V3xV3)  unit  mesh  this  points  towards  the  well  known 
Si-rich  reconstruction  with  Si  in  T4  position.[5]  The  shifted  component  in  the  C  Is  spectrum  has  a 
binding  energy  that  is  typical  for  graphite.  Also,  both  additional  components  in  the  Si  2p  and  Cls 
spectra  have  the  same  intensities  relative  to  their  parent  lines.  The  simultaneous  development  of  two 
shifted  components  can  be  interpreted  as  a  disproportionation  of  SiC  at  the  surface.  In  order  to 
reduce  the  number  of  dangling  bonds  at  the  surface  after  hydrogen  desorption  (which  was  verified 
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by  FTIR)  Si  diffuses  along  the  surface  to 
form  (V3xV3)R30°  reconstructed  Si-rich 
regions.  On  the  other  hand,  C-rich 
regions  remain  which  give  rise  to  the 
graphitic  component  in  the  C  Is 
spectrum.  The  ensuing  disorder  is  also 
reflected  in  the  markedly  increased 
background  intensity  in  the  LEED 
picture  of  the  reconstructed  surface 
(compare  Fig.  3).  Not  unexpected,  the 
desorption  of  hydrogen  and  the 
formation  of  the  (V3xV3)R30°  structure 
results  in  a  renewed  pinning  of  Ep  away 
from  the  flat  band  condition  as  indicated 
by  a  0.4  eV  shift  of  both  core  levels 
towards  higher  binding  energy.  The 
(V3xV3)R30°  structure  has  one  dangling 
bond  per  unit  mesh  which  has  a  lower 
Hubbard  band  ~  0.4  eV  above  VBM 
which  in  turn  acts  as  a  pinning  level  for 
p-type  SiC.  [6] 

Summary 

Annealing  6H-SiC  in  purified  hydrogen  at  1000  °C  results  in  unreconstructed  surfaces  free  of  any 
contaminants.  Si-H  bonds  could  be  directly  identified  by  their  vibrational  stretching  mode  in  IR 
spectroscopy  on  the  Si  side.  A  6  cm'1  splitting  of  this  mode  is  tentatively  ascribed  to  different  third 
neighbor  environments  of  Si  encountered  on  terraces  that  terminate  hexagonal  or  cubic  stacking 
sequences,  respectively.  Hydrogenation  passivates  the  surfaces  electronically  and  chemically.  The 
absence  of  any  surface  states  or  defects  leads  to  flat  band  conditions  for  p-  and  n-type  doping  and  a 
resistance  against  oxidation  even  under  atmospheric  conditions.  After  annealing  at  800  °C  hydrogen 
is  completely  desorbed  and  the  originally  unreconstructed  surface  turns  into  a  (V3xV3)R30° 
reconstructed  surface.  The  reconstruction  is  the  result  of  a  disproportionation  of  SiC  into  Si-rich  and 
C-rich  regions  at  the  surface. 

Ackn  owledgements 

We  thank  Ralf  Graupner  for  fruitful  discussions  and  gratefully  acknowledge  financial  support  by  the 
Deutsche  Forschungsgemeinschaft  (SFB  292)  and  the  BMBF  (grant  05  SE8  WEA  0). 

References 

[1]  S.  Miyazaki,  J.  Schafer,  J.  Ristein,  L.  Ley,  Appl.  Phys.  Lett.  68  (1996),  p.  1247. 

[2]  E.  Yablonovitch,  D.L.  Allara,  C.C.  Chang,  T.  Gmitter,  T.B.  Bright,  Phys.  Rev.  Lett.  57  (1986), 
p.  249. 

[3]  V.v.  Elsbergen,  O.  Janzen,  W.  Monch,  Mater.  Sci.  Eng.  B  46  (1997),  p.  366. 

[4]  H.  Tsuchida,  I.  Kamata,  K.  Izumi,  Mater.  Sci.  For.  264-268  (1998),  p.  351. 

[5]  U.  Starke,  J.  Schardt,  J.  Bernhardt,  M.  Franke,  K.  Heinz,  Phys.  Rev.  Lett.  82  (1999),  p.  2107. 

[6]  M.  Hollering,  thesis,  Erlangen  (2000). 

[7]  T.  Kimoto,  A.  Itoh,  H.  Matsunami,  T.  Okano,  J.  Appl.  Phys.  81  (1997),  p.  3494. 


Binding  energy  rel.  to  Ep  (eV) 

Fig.  3.  Si  2p  (left)  and  C  Is  (right)  core  levels  of  samples  after 
thermal  treatment  in  hydrogen  (upper  spectra)  and  after  annealing  at 
800  °C  in  UHV  (lower  spectra).  The  corresponding  LEED  patterns 
are  given  in  the  inserts. 
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Abstract 

The  polytype,  stacking  sequence  and  polarity  of  SiC  and  AIN  films  grown  by  MBE  can  be 
determined  by  x-ray  photoelectron  diffraction  and  electron  channeling  patterns.  The  information 
depth  of  a  diffraction  pattern  of  electrons  with  medium  kinetic  energy  of  one  or  a  few  keV  is  10  to 
20  atomic  layers  and  the  pattern  is  hardly  influenced  by  surface  reconstruction  and  contamination. 


Introduction 

The  growth  of  heterostructures  of  SiC  polytypes  demands  definite  nucleation  and  growth 
conditions  for  each  polytype.  Up  to  now  a  controlled  and  reproducible  deposition  of  high-quality 
heterostructures  of  various  polytypes  is  an  unsolved  problem.  Using  solid-source  molecular  beam 
epitaxy,  it  is  possible  to  control  and  vary  the  growth  conditions  of  the  cubic  3C  and  the  hexagonal 
4H  and  6H  SiC  polytypes  [1].  Similarily,  aluminium  nitride  films  can  exist  as  a  cubic  or  hexagonal 
polytype.  Wurtzite  (2H)  AIN  films  can  be  grown  either  with  A1  face  or  N  face  polarity  on  non-polar 
Si(lll)  by  varying  nucleation  conditions  [2].  The  polarity  of  Ill-nitride  films  is  crucial  for  the 
growth  and  the  properties  of  heterostructures. 

The  determination  or  monitoring  of  the  growing  polytype  or  of  the  stacking  in  a  thickness 
range  from  a  double  layer  up  to  a  few  nanometers,  i.e.,  a  few  unit  cells  of  the  most  common 
polytypes,  requires  suitable  characterization  techniques.  Surface  analysis  methods  such  as  LEED  or 
RHEED  are  sensitive  to  a  few  bilayers  only.  We  use  these  techniques  for  characterizing  the  surface 
structure  during  growth  but  an  unambiguous  determination  of  the  polytype  structure  is  limited  due 
to  their  high  surface  sensitivity.  Photoluminescence  as  well  as  X-ray  diffraction  and  Raman 
scattering  are  capable  of  determining  the  polytype  of  thick  films.  By  high-resolution  transmission 
electron  microscopy  a  thin-film  polytype  identification  is  possible  but  it  is  destructive,  expensive 
and  limited  to  local  analyses. 

For  a  nondestructive  determination  of  the  polytype  and  polarity  we  use  the  diffraction  of 
electrons  with  medium  kinetic  energy  of  one  or  a  few  keY  because  their  interaction  length  is  in  the 
nanometer  range  appropriate  to  polytype  unit  cells  [3].  In  X-ray  photoelectron  diffraction  (XPD)  an 
angular-resolved  detection  of  outgoing  photoelectrons  in  the  energy  range  near  1  keV  is  performed. 
The  technique  of  electron  channeling  pattern  (ECP)  utilizes  the  scattering  of  the  incident  beam  in  a 
scanning  electron  microscope.  The  electron  channeling  contrast  results  from  a  variation  of  the 
backscattering  efficiency  caused  by  the  change  of  the  incidence  angle  relative  to  the  crystal  lattice 
during  scanning.  Both  techniques  are  nondestructive  and  can  be  used  to  study  UHV  growth  processes. 
In  this  paper,  we  like  to  show  the  potential  of  XPD  and  ECP  in  investigations  on  the  growth  of 
polytype  heterostructures,  especially,  by  MBE. 

Experimental 

Measurements  were  done  on  4H  and  6H  SiC  bulk  crystals  from  CREE  and  on  MBE  films 
grown  ex-situ  or  in-situ  on  these  substrates  in  {0001}  orientation  [1,2].  The  3C  SiC(lll)  films 
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investigated  were  grown  by  solid-source  MBE  on  Si(lll)  or  on  SiC{0001}  CREE  substrates.  Most  of 
the  ex-situ  analysed  samples  were  heated  in  a  silicon  flux  to  prepare  clean  surfaces  with  definite 
reconstruction  (3x3,  V3xV3-R30°,  6>/3  x  6^3,  lxl).  AIN  films  were  grown  ex  situ  on  SiC{0001 }  or  on 
Si(lll)  substrates  [2].  All  samples  were  characterized  by  LEED,  Auger-  and  photoelectron 
spectroscopy.  Occasionally,  the  results  of  Raman  spectroscopy,  x-ray  diffraction  and  TEM  were 
compared  with  XPD  and  ECP  to  check  unambiguous  identification. 

The  XPD  patterns  of  angular-resolved  photoelectron  intensities  have  been  measured  using 
Mg  Ka  (1253.6  eV)  and  AI  Ka  (1486.6  eV)  radiation  for  excitation.  The  angular  resolution  of  the 
SPECS  hemispherical  electron  analyzer  was  chosen  better  than  4°.  XPD  data  are  presented  as  polar 
scans  of  the  photoemission  intensities  along  a  crystallographic  direction  measured  by  tilting  the  sample 
or  as  a  stereographic  projection  of  a  full-scan  diffraction  pattern. 

The  electron  channeling  patterns  were  obtained  at  a  multi-technique  surface  analysis  system 
using  a  12  keV  electron  gun  or  at  a  Cambridge  STEREOSCAN  scanning  electron  microscope. 


X-Ray  Photoelectron  Diffraction 

By  XPD,  chemically  resolved  diffraction  patterns  can  be  measured  separately  for  each 
element,  e.g.,  Si  and  C.  The  information  depth  varies  with  energy  and  emission  angle  of  the 
photoelectrons  between  1  and  some  20  monolayers.  Thus,  XPD  is  useful  to  get  information  on  the 
surface  structure  as  well  as  on  the  polytype  defined  by  a  unit  cell  with  a  few  nanometers  thickness. 
Actually,  we  have  found  that  an  XPD  pattern  of  medium-energy  photoelectrons  near  1  keV  at 
common  emission  angles  up  to  70°  is  hardly  influenced  by  the  surface  structure  or  contamination 
but  is  sensitive  to  the  polytype  structure  and  the  stacking  sequence  of  more  than  10  double  layers. 

Due  to  the  strong  forward  focusing  nature  of  the  electron  scattering  in  that  energy  range,  the 
diffraction  pattern  is  often  dominated  by  forward  scattering  (FS)  peaks  pointing  along  the  low-index 
directions  of  nearest-neighbor  high-density  atomic  rows.  Thus,  information  on  the  atomic  structure 
in  real  space  can  be  obtained.  The  situation  may  be  more  complicated  than  in  this  simple  FS  picture 
because  of  energy-dependent  interference  and  multiple-scattering  effects. 


Fig.l 

XPD  patterns  measured  on  4H 
SiC(OOOl)  substrate  (left)  and  on 
the  3C  SiC  epitaxial  film  of  4  Si- 
C  double  layers  grown  in  situ  by 
an  alternating  Si  and  C  supply  at 
950°C  (right). 

(Al  K  excitation, 

Si2p:  1386eV,  Cls:  1204eV) 


polar  angle  0  40 
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We  found  that  the  XPD  patterns  can  be  well  described  by  a  single-scattering  cluster  (SSC) 
theory  [4].  We  measured  and  calculated  the  diffraction  patterns  of  the  most  common  polytypes  and 
their  polar  faces.  These  patterns  can  be  used  as  fingerprints  for  the  determination  of  a  thin  film's 
polytype.  Furthermore,  a  simulation  of  the  patterns  of  other  polytypes,  of  heterostructures  or  of  any 
stacking  sequence  is  possible  by  SSC  calculations.  This  is  important  for  monitoring  epitaxial 
growth  and  has  been  applied  to  in  situ  grown  heterostructures  of  SiC  polytypes.  In  fig.  1  the  XPD 
patterns  measured  on  an  on-axis  4H  SiC(OOOl)  substrate  are  shown  in  comparison  with  the  patterns 
after  in-situ  growth  of  4  Si-C  double  layers  by  an  alternating  supply  of  Si  and  C  at  1100  K.  The 
patterns  obtained  after  growth  match  those  measured  and  calculated  on  3C  SiC(lll).  The  growth 
steps  of  single  Si-C  layers  were  monitored  by  polar  scans  which  display  an  increase  of  diffraction 
features  due  to  cubic  stacking.  Fig.  2  illustrates  this  growth  of  cubic  layers  in  the  SSC  simulation. 
Up  to  three  additional  Si-C  double  layers  with  cubic  stacking  are  considered.  One  can  observe  a 
decreasing  intensity  of  the  peak  near  31°  that  is  characteristic  of  the  hexagonal  stacking  and,  at  the 
same  time,  an  increasing  intensity  of  the  diffraction  peaks  at  polar  angles  of  22°  and  39°  which  are 
due  to  silicon  emitters  in  a  cubic  stacking  sequence. 


4H+3 


mi 


Fig.  2 

Left:  Calculated  Si  2p  polar  scans  in  (2-1-1)  plane  simulating  the  changes  in  XPD  by  growing  1, 2 
and  3  Si-C  double  layers  with  cubic  stacking  on  4H  SiC(OOOl).  The  Si2p  photoemission 
intensity  is  displayed  as  %  =  (I  -Io)/  Io  with  I0  being  a  smooth  background  fitted  to  the  polar 
scans  and  representing  isotropic  emission. 

Right:  FS  directions  in  (2-1-1)  plane  of  3C  and  equivalent  (10-10)  plane  of  4H  SiC  characteristic  of 
cubic  and  hexagonal  stacking. 


XPD  is  also  useful  to  identify  the  polar  faces  of  various  polar  crystals  in  a  nondestructive 
way.  Especially,  the  determination  of  Si  and  C  faces  of  the  common  SiC  polytypes  is  easy  because 
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of  the  very  different  scattering  of  the  photoelectrons  in  normal  direction  to  the  surface.  For  wurtzite 
AIN  films,  we  could  show  by  XPD  that  depending  on  the  nucleation  conditions  both  polarities  can 
be  grown  on  nonpolar  Si(l  1 1)  [2]. 

Electron  Channeling  Pattern 

A  quick  identification  of  a  thin  film  polytype  is  also  possible  in  a  fingerprint  manner  by  the 
characteristic  electron  channeling  pattern  (ECP)  measured  for  a  certain  primary  electron  energy  [3].  In 
contrast  to  XPD,  ECP  utilizes  the  diffraction  of  the  incident  beam  in  a  scanning  electron  microscope 
and  is  not  element  specific.  The  most  interesting  part  of  the  pattern  can  be  measured  by  scanning  the 
electron  beam  a  few  degrees  around  zone  axis  orientation,  e.g.,  normal  incidence  on  SiC(l  1 1)  (fig.3a). 
Locally  resolved  images  of  the  polytype  or  of  different  stacking  can  be  obtained  in  the  micrograph 
mode  by  measuring  channeling  contrast  images.  The  dark  and  bright  regions  in  fig.  3b  are  the  two 
domains  of  cubic  films  with  double-positioning  twinning.  Fig.  3c  shows  a  nearly  single-domain  cubic 
film  grown  by  MBE  on  6H(0001).  Twinned  3C  inclusions  occur  only  at  substrate  surface 
imperfections  like  scratches.  Thus,  on  properly  prepared  substrates  with  low  defect  density,  featureless 
single-domain  3C  films  could  be  observed  in  channeling  contrast  mode.  A  weak  contrast  is  observed 
on  hexagonal  surfaces  with  step  bunching  reflecting  the  occurence  of  regions  with  different  surface 
stacking  terminations. 

As  an  electron  beam  can  be  scanned  on  a  large  range  a  polytype  determination  by  electron 
channeling  is  possible  on  whole  wafers  as  well  as  locally  resolved  in  the  sub- pm  range.  The 
information  depth  depends  on  the  electron  energy  and  amounts  to  only  few  nanometers  in  the  keV 
energy  range. 


Fig-3  (a)  (b)  (c) 

ECP  of  3C  SiC(l  1 1)  at  E=4200eV  (a)  and  channeling  contrast  images  of  the  two  orientational  domains 
(appearing  dark  and  bright)  of  a  twinned  3C  film  (b,  40pm  x  40pm)  and  a  nearly  single-domain  3C 
film  (c,  400pm  x  400pm)  grown  by  MBE. 
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Abstract 

Hydrogen  abstraction  by  gaseous  X  radicals  (X  =  H,  F,  Cl,  Br)  from  H-terminated  4H-SiC(0001) 
surfaces,  has  been  investigated  theoretically  using  Car-Parinello-type  molecular  dynamics. 
Experimental  temperatures  of  1873  and  2573  K  were  applied.  For  both  the  Si(0001)  and  the  C(000- 
1)  surfaces,  the  hydrogen  abstraction  reactions  were  found  to  be  exothermic.  As  a  comparison,  the 
adsorption  of  H  to  the  corresponding  surfaces  was  studied.  The  H  adsorption  energy  was  found  to 
be  more  exothermic  than  the  abstraction  energy  for  each  of  the  investigated  cases.  This  indicates 
that  it  is  more  favorable  for  the  surface  H  atoms  to  remain  bonded  to  the  4H-SiC  surfaces  than  to 
become  abstracted  by  any  of  the  gaseous  radical  atoms  H,  F,  Cl  or  Br. 

1.  Introduction 

Vapor  growth  of  silicon  carbide  (SiC)  involves  various  dynamic  processes.  Experimental  as  well  as 
theoretical  investigations  are  needed  to  understand  these  processes  more  profoundly.  Hydrogen 
termination  is  supposed  to  sustain  the  surface  structure  of  SiC  during  growth.  Gaseous  H  radicals 
are  also  believed  to  abstract  surface  terminating  hydrogen  atoms  from  the  growing  surface.  Radical 
surface  sites  are  then  created.  Temperatures  as  high  as  2000-2300°C  for  SiC  CVD  processes  have 
recently  been  shown  to  yield  high  growth  rates  [1].  It  is  questionable  whether  the  surface  stays 
mainly  terminated  at  such  temperatures  or  if  the  surface-terminating  species  become  abstracted.  The 
abstraction  of  surface  terminating  H  by  gaseous  hydrogen  radicals  has  been  found  to  be  important 
for  H  removal  of  Si  films  [2].  The  kinetics  was  then  believed  to  be  consistent  with  a  spontaneous 
Eley-Ridel  abstraction  process.  The  same  mechanism  of  abstraction  is  assumed  in  the  present 
investigation.  Halogens,  especially  chlorine  molecules  or  radicals,  are  often  present  in  the 
atmosphere  above  the  SiC  surface  during  vapor  deposition  processes.  They  are  supposed  to  sustain 
the  surface  structure  by  termination  in  a  similar  way  as  H  atoms.  The  purpose  of  the  present  study 
was  to  investigate  whether  4H-SiC  surfaces  are  likely  to  stay  mainly  H  terminated  at  the  elevated 
temperatures  of  1600°C  and  2300°C  or  not. 

2.  Method 

The  calculations  have  been  performed  within  the  framework  of  Density  Functional  Theory  (DFT) 
[3,4],  using  the  CASTEP  (Cambridge  Sequential  Total  Energy  Package)  computer  program  package 
from  Biosym/Molecular  Simulation  Technologies  in  San  Diego.  The  abstraction  energies  were 
calculated  using  the  extreme  total  energies  obtained.  More  specifically,  the  energies  corresponding 
to  the  most  favorable  structure  of  the  radical  models  and  the  least  favorable  structure  for  the 
completely  hydrogen  terminated  models  were  used.  The  abstraction  energy,  E[abs,  H],  was  then 
calculated  with  the  following  equation: 


E[abs,  H]  =  E[surf]  +  E[X-rad]  -  (  E[surf-rad]  +  E[HX]  ) 


(1) 
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where  E[surf]  and  E[ surf-rad]  are  the  total  energies  for  the  4H-SiC  surface  without  and  with  a 
radical  surface  site,  respectively.  E[X-rad]  and  E[HX]  denote  the  total  energies  for  the  gaseous  X 
radical  and  HX  molecule,  respectively  (X  =  H,  F,  Cl  or  Br). 

A  combined  Molecular  dynamics  (MD)/DFT  method,  developed  by  Car  and  Parinello  [5], 
was  used  to  simulate  the  abstraction  reactions  of  the  4H-SiC  surfaces.  A  LDA  (Local  Density 
Approximation)  functional  [6]  was  used  for  the  initial  calculations.  Subsequently,  a  GGA 
(Generalized  Gradient  Approximation)  functional  [7]  was  applied.  The  atoms  were  in  all 
calculations  represented  by  nonlocal  ultrasoft  pseudopotentials  in  the  Kleinman-Bylander  separable 
form  [8].  The  Si(0001)  and  C(000-1)  surfaces  of  4H-SiC  were  included  in  the  present  investigation. 
Periodically  repeated  (in  three  directions)  unit  cells  consisting  of  6  atomic  layers  were  used.  Each 
layer  contained  6  Si  (or  C)  atoms  (see  Fig.  1)  and  the  distance  between  the  slabs  was  7  A.  The 
uppermost  and  bottom  layers  were  terminated  by  H  atoms.  During  the  calculations,  the  4  uppermost 
atomic  layers  and  the  surface  terminating  H  atoms  were  allowed  to  fully  relax.  The  finally  relaxed 
structures  of  the  models  were  obtained  by  starting  from  the  bulk  structure  of  4H-SiC. 


Figure  1.  (a)  A  side  view  of  the  model  of  4H-SiC(0001)  used  during  the  calculations.  The  black  color  denotes  the 
atoms  that  were  kept  fixed.  The  large,  medium  and  small  circles  represent  Si,  C  and  H  atoms,  respectively,  (b)  A  top 
view  of  the  same  model.  In  this  picture,  all  but  the  uppermost  two  layers  are  colored  black. 


3.  Results  and  discussion 


A.  General  Among  the  chemical  steps  involved  in  CVD,  the  adsorption  of  the  gaseous  species  on 
the  solid  surface  is  frequently  a  rate-determining  step.  Either  by  contributing  to  the  growth  rate  or 
by  blocking  the  available  surface  sites.  In  order  to  understand  the  growth  processes  it  is  important  to 
study  the  prerequisites  of  adsorption,  such  as  the  structure  of  the  surface  prior  to  adsorption.  One 
aspect  of  the  structure  is  surface  saturation,  i.e.  whether  the  growing  surface  is  terminated,  with  e.g., 
H  atoms  or  not.  Hydrogen  is  assumed  to  form  single  bonds  with  the  surface  atoms  in  SiC  and 
thereby  sustain  their  sp3  configuration.  However,  it  is  not  certain  that  H  atoms  will  be  chemically 
bonded  to  a  SiC  surface  at  experimental  vapor  deposition  temperatures.  It  may,  for  example,  be 
more  favorable  for  them  to  desorb,  or  to  become  abstracted. 


Table  I  Calculated  energies  for  the  abstraction  of  a  surface  hydrogen  atom  from  the  completely  H-terminated  Si(0001)- 
or  C(000- 1  )-plane  of  4H-SiC.  _ ' _  _  _ 


Si-face 

C-face 

Temperature  (°C) 

1600 

2300 

1600 

2300 

E(H)  (kJ/mol) 

-310 

-451 

-401 

-491 

E(Br)  (kJ/mol) 

-353 

-495 

-443 

-534 

E(C1)  (kJ/mol) 

-362 

-504 

-452 

-546 

E(F)  (kJ/mol) 

-442 

-585 

-533 

-625 
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B.  H  abstraction  with  a  gaseous  H  radical  The  abstraction  of  a  surface  H  from  a  completely 
hydrogen-terminated  surface  by  a  gaseous  H  radical  has  been  studied.  Both  the  Si  and  the  C  planes 
of  4H-SiC  were  regarded  at  the  temperatures  of  1600  and  2300°C.  All  the  obtained  abstraction 
energies  were  exothermic  (see  Table  I).  The  investigated  H  abstraction  reactions  can  therefore 
thermodynamically  be  regarded  as  probable  to  occur.  As  expected,  the  numerical  values  of  the 
abstraction  energies  were  larger  at  2300°C  compared  to  at  1600°C.  For  the  Si(0001)  surface,  the 
values  obtained  are  310  and  450  kJ/mol  for  1600  and  2300°C,  respectively.  The  corresponding 
values  for  C(000-1)  are  350  and  490  kJ/mol.  This  indicates  that  the  abstraction  of  a  surface  H  atom 
is  somewhat  more  favorable  from  the  C  surface.  A  probable  explanation  for  this  is  the  relatively 
smaller  relaxation  obtained  for  the  C  surface.  The  radical  C  atom  became  lowered  by  0.3  A  as  a 
result  of  the  abstraction  reaction.  This  is  to  be  compared  with  a  corresponding  lowering  of  0.7  A  for 
the  Si  surface.  The  more  pronounced  relaxation  resulted  in  less  favorable  abstraction  reactions. 


Table  II  Energies  calculated  for  H  adsorption  to  a  radical  site  of  an  otherwise  H-terminated  Si(0001)  or  C(000-1) 
surface  of  4H-SiC. _ __ _ _ 


Si-face 

C-face 

Temperature  (°C) 

1600 

2300 

1600 

2300 

E(H)  (kJ/mol) 

-671 

-804 

-843 

-753 

A  competing  gas  phase/solid  phase  reaction  studied  was  adsorption  of  a  gaseous  H  radical  to  each 
of  the  surface  radical  sites  described  above.  The  adsorption  energies  were  calculated  using: 

E[ads,  H]  =  E [surf-rad]  +  E[H]  -  E[surfj  (2) 

The  energies  obtained  for  H  adsorption  to  the  various  surface  radical  sites  are  presented  in  Table  II. 
In  all  the  investigated  cases,  the  calculated  adsorption  energy  of  H  was  found  to  be  more  exothermic 
than  the  corresponding  abstraction  energy.  For  the  Si  plane,  the  adsorption  energy  obtained  at  1600 
(2300)  °C  is  more  exothermic  by  361  (353)  kJ/mol  compared  to  the  abstraction  energy.  The 
corresponding  value  for  the  C-plane  is  442  (262)  kJ/mol.  The  surface  reactions  that  take  place 
during  vapor  deposition  are  very  dynamic  and  complex.  However,  adsorption  to  and  abstraction 
from  the  surfaces  are  two  major  elementary  reactions.  The  present  results  convey  that  H  adsorption 
is  energetically  the  most  favorable  one  for  the  present  systems.  Hence,  this  indicates  that  SiC(0001) 
surfaces  are  likely  to  remain  predominantly  H  terminated  even  at  temperatures  as  high  as  2300  °C. 

C.  H  abstraction  by  a  gaseous  halogen  radical  Chlorine  is  often  a  gaseous  by-product  from  the 
silicon  source  species  obtained  during  vapor  deposition  of  SiC.  The  addition  of  HC1  to  the  gaseous 
atmosphere  during  CVD  of  3C-SiC  has  resulted  in  an  improved  surface  morphology  of  the  growing 
film  [9].  Cl,  F  and  Br  have  earlier  been  found  efficient  in  stabilizing  the  sp3  hybridization  of  the 
surface  atoms  of  diamond  (111)  surfaces  [10].  Because  of  the  structural  similarities  between 
diamond  and  silicon  carbide,  halogens  can  be  expected  to  also  stabilize  SiC  surfaces.  However, 
since  the  gaseous  mixture  in  the  CVD  reaction  chamber  commonly  contains  a  great  surplus  of 
hydrogen,  the  growing  SiC  surfaces  are  in  the  present  investigation  initially  assumed  to  be  H- 
terminated.  Sato  et  al.  [11]  have  calculated  the  activation  energies  for  H  abstraction  from  SiH3CH3 
by  F  to  be  -22  kJ/mol  and  +3  kJ/mol  from  the  Si  and  C  atoms,  respectively.  These  activation 
energies  are  very  small  compared  to  the  abstraction  energies  obtained  in  the  present  investigation. 
This  indicates  that  the  activation  barriers  of  the  abstraction  reactions  are  not  likely  to  hinder  the 
abstraction  reactions. 

The  capability  of  abstraction  of  the  surface-bonding  H  atoms  by  gaseous  halogen  radicals 
has  been  investigated  in  the  present  study.  As  can  be  seen  in  Table  I,  the  exothermic  abstraction 
energy  obtained  using  gaseous  F  is  442  (585)  kJ/mol  for  the  Si  surface  at  1600  (2300)  °C.  The 
corresponding  value  for  the  C  surface  is  533  (625)  kJ/mol.  As  was  mentioned  in  section  III.B,  the 
created  radical  site  was  more  lowered  for  the  Si-plane  (0.7  A)  compared  to  for  the  C-plane  (0.3  A). 
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When  considering  all  the  gaseous  species,  the  order  of  exothermic  abstraction  energies  obtained  is 
H  <  Br  <  Cl  <  F  for  each  of  the  investigated  surfaces.  The  energies  of  abstraction  by  fluorine  are  for 
all  the  investigated  cases  about  130  kJ/mol  higher  than  the  ones  obtained  for  abstraction  by 
hydrogen.  However,  adsorption  of  H  to  the  SiC  surfaces  was,  in  all  the  cases,  found  to  be 
energetically  more  favorable  than  the  corresponding  H  abstraction  using  any  of  the  gaseous  halogen 
radicals. 

4.  Conclusion 

Hydrogen  abstraction  by  gaseous  X  radicals  (X  =  H,  F,  Cl,  Br)  from  completely  H-terminated  4H- 
SiC(OOOl)  surfaces  has  been  theoretically  investigated  using  Car-Parinello-type  molecular 
dynamics.  The  Si  and  C  planes  of  4H-SiC  were  then  regarded.  H  as  well  as  the  gaseous  halogen 
atoms  F,  Cl,  and  Br  were  all  found  to  perform  strong  surface  H  abstraction  reactions.  For  each  of 
the  investigated  surfaces,  the  order  of  the  exothermic  abstraction  energies  obtained  is  H  <  Br  <  Cl  < 
F.  The  values  of  the  abstraction  energies  were  larger  at  2300°C  than  at  1600°C.  Furthermore,  the 
abstraction  reactions  were  found  to  be  somewhat  more  favorable  for  the  C  plane  than  for  the  Si 
plane.  This  can  partially  be  explained  by  the  larger  relaxation  observed  for  the  radical  atom  of  the  Si 
surface  than  on  the  C  surface.  The  adsorption  of  H  to  the  radical  surface  sites  was  also  studied.  H 
adsorption  to  each  of  the  surfaces  was  then  found  to  be  even  more  favorable  than  the  abstraction 
reactions  studied  (including  H,  F,  Cl  or  Br).  Our  results  show  that  both  the  Si-  and  C-planes  of  4H- 
SiC  are  likely  to  stay  predominantly  H-terminated  at  high  temperatures  even  in  the  presence  of  H, 
Br,  Cl  or  F. 
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Abstract.  We  investigate  the  ^SiC(lOO)  c(4x2)  surface  reconstruction  by  atom  resolved  scanning 
tunneling  microscopy  and  Si  2p  core  level  photoemission  spectroscopy  using  synchrotron  radiation. 
The  STM  data  obtained  in  the  filled  and  empty  electronic  states  allow  the  identification  of  both  the 
up  and  down  dimers  of  the  c(4x2)  reconstruction.  The  up  dimers  are  identified  when  tunneling  in 
the  filled  states  while  the  down  dimers  are  identified  in  the  empty  states.  The  important  electronic 
difference  between  the  two  types  of  dimers  is  in  very  good  agreement  with  core  level 
photoemission  results  that  show  two  largely  shifted  surface  components  associated  with  both 
dimers.  These  combined  STM  and  photoemission  experiments  further  confirm  the  AUDD  model  of 
the  /?-SiC(100)  c(4x2)  surface. 

L  Introduction 

SiC  is  a  wide  band  gap  material  that  exists  in  different  polytypes  [1,2].  The  (100)  surface  of  cubic 
SiC  (p)  has  been  widely  studied  in  the  past  ten  years  using  most  of  the  main  surface  science 
techniques  and  state  of  the  art  calculations  [3-6].  This  £-SiC(100)  surface  is  known  to  produce  up  to 
nine  surface  reconstructions  depending  on  the  atomic  composition  of  the  last  plane.  Indeed,  the 
surface  can  be  silicon  rich  (3x2,  5x2...),  silicon  terminated  (c(4x2),  2x1),  carbon  terminated 
(c(2x2),  1x2)  or  carbon  rich  (lxl).  Among  these  surface  reconstructions  the  c(4x2)  is  of  special 
interest.  It  corresponds  to  the  surface  terminated  by  one  monolayer  of  silicon  atoms  [7,8]  allowing 
interesting  comparisons  with  the  corresponding  Si(100)  c(4x2)  surface  reconstruction. 

A  previous  STM  study  has  established  the  structural  model  of  the  /J-SiC(lOO)  c(4x2)  surface  [9].  It 
is  composed  of  alternately  up  and  down  dimers  (AUDD)  forming  dimer  rows.  This  model  is 
supported  by  ab-initio  calculations  [10,  11].  The  c(4x2)  reconstruction  is  dominated  by  surface 
stress  that  helps  the  stabilization  of  the  two  types  of  surface  dimers.  The  pioneer  STM  study  has 
identified  the  up  dimers  as  the  main  features  observable  in  the  filled  electronic  states.  Intensity 
profile  along  and  perpendicular  to  the  dimer  rows  also  brought  indirect  observation  of  the  down 
dimers.  Recently,  an  alternative  model  has  been  proposed  on  the  basis  of  another  ab-initio 
calculation  [12].  This  MR  AD  (missing  row  of  asymmetric  dimers)  model  is  composed  of  1.5  silicon 
monolayer  on  top  of  a  complete  carbon  plane.  However,  the  latter  model  is  so  far,  not  supported  by 
several  classes  of  experimental  investigations  and  by  other  calculations  [14]. 

In  this  article,  we  propose  a  new  STM  study  of  the  /?-SiC(100)  c(4x2)  surface  [15].  Using  the 
capability  of  the  STM  to  probe  at  the  same  time  both  filled  and  empty  electronic  states,  we  identify 
the  down  dimer  as  the  main  feature  observable  in  the  empty  states  images  while  the  up  dimers  are 
seen  in  the  filled  states  images.  Combined  with  the  photoemission  identification  of  the  Si  2p  core 
level  shifted  components,  this  study  allows  the  comparison  of  the  two  different  structural  models  : 
the  AUDD  and  the  MRAD  models. 
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II.  Experimental  details 

The  scanning  tunneling  microscopy  experiments  are  performed  at  room  temperature  using  an 
Omicron  STM.  We  use  single  domain  n-type  fi-SiC  single  crystal  thin  films  (0.8  pm  thick)  that 
have  been  grown  by  C3H8  and  SiH4  chemical  vapor  deposition  (CVD)  on  a  4°  Si(100)  vicinal 
surface  at  LETI  (CEA  Technologies  Avancds,  Grenoble).  The  surface  is  prepared  by  initial  thermal 
annealing  at  1200°C  to  remove  native  oxides  leaving  a  carbon  C  rich  surface.  The  Si  stoichiometry 
is  restored  by  Si  deposition  from  a  heated  Si  wafer,  followed  by  thermal  annealing  at  1 150°C.  The 
so-prepared  surface  exhibits  sharp  c(4x2)  low  energy  electron  diffraction  (LEED)  patterns.  The 
synchrotron  radiation  photoemission  experiments  are  performed  using  the  soft  x-ray  light  emitted 
by  the  Super  ACO  storage  ring  at  Laboratoire  d’Utilisation  du  Rayonnement  Electromagnetique 
(LURE,  University  de  Paris-Sud/Orsay)  with  a  total  energy  resolution  better  than  150  meV.  In  order 
to  achieve  bulk  and  surface  sensitive  conditions,  the  photoemission  measurements  are  performed  at 
different  photon  energies.  All  experiments  are  performed  in  a  vacuum  better  than  8.10'11  Torr. 
Other  details  about  high  quality  jft-SiC(lOO)  surface  preparation  could  be  found  elsewhere  [9]. 

III.  Results  and  discussion 

We  first  look  at  the  /^-SiC(lOO)  c(4x2)  surface  using  scanning  tunneling  microscopy.  Figures  la  and 
lb  display  53  A  x  53  A  STM  topographs  of  the  same  area  of  the  surface  obtained  when  tunneling  in 
the  filled  (a)  and  empty  (b)  electronic  states.  Both  images  exhibit  the  pseudo-hexagonal  pattern 
characteristic  of  the  ^-SiC(lOO)  c(4x2)  in  which  each  spot  represents  a  Si-Si  dimer.  In  order  to 
allow  further  identification  of  dimer  positions,  black  circles  are  added  around  spots  of  the  filled 
states  topograph  (a)  while  small  dark  spots  mark  the  position  of  the  empty  states  maximums  (b).  On 
figure  lb,  the  circles  from  figure  la  have  been  superimposed.  One  can  immediately  notice  that  the 
filled  electronic  states  spots  are  located,  along  a  dimer  row,  between  empty  electronic  states  spots. 
Such  an  observation  is  in  excellent  agreement  with  the  AUDD  model  schematically  represented  in 
figure  2.  It  is  known  that  the  up-dimers  are  imaged  when  tunneling  into  the  filled  states  [9].  We 
show  here  that  the  down  dimers  are  probed  when  tunneling  into  the  empty  electronic  states. 


Fig.l  :  53  A  x  53  A  STM  topographs  of  the 
y^SiC(lOO)  c(4x2)  surface  obtained  by 
tunneling  into  the  filled  (a)  and  empty 
electronic  states  (b).  The  tip  bias  are  Vt  =  3 
V  (a)  and  -3  V  (b)  at  0.2  nA  tunneling 
current.  Circles  indicate  maximum  of  filled 
states  and  dark  points  show  maximum  of 
empty  states. 


Let  us  emphasize  that  the  empty  electronic  states  STM  images  of  the  c(4x2)  surface  reconstruction 
are  totally  inconsistent  with  the  calculated  STM  images  based  on  the  MRAD  model  [12].  In  the 
latter  case,  the  empty  electronic  state  images  have  been  simulated  theoretically  to  result  in  two 
features,  corresponding  to  the  two  Si  atoms  forming  an  asymmetric  dimer.  Using  several  different 
bias  in  the  empty  electronic  states,  we  have  never  observed  the  splitting  of  the  spots  forming  the 
pseudo-hexagonal  pattern  into  smaller  spots. 

We  now  look  at  the  Si  2p  core  level  photoemission  spectroscopy  results  which  are  summarized  in 
figure  3.  Using  different  photon  energies  and  a  well  established  least-squares  fitting  procedure  (in 
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which  a  spectrum  is  decomposed  into  components  consisting  of  spin-orbit  split  Voigt  functions),  we 
have  identified  five  shifted  components  [13].  One  of  them  is  the  dominant  feature  at  low  photon 
energy  (117.5  eV).  It  corresponds  to  the  silicon  atoms  in  the  bulk.  This  bulk  component  (B)  is 
located  at  a  binding  energy  of  -101.2  eV.  Two  other  components  SI  and  S2  have  an  opposite 
behavior  :  both  are  very  intense  at  higher  photon  energy  (130  eV).  Note  that  S2  has  the  same 
intensity  as  SI  for  all  photon  energies.  These  two  components,  separated  in  energy  by  0.9  eV, 
correspond  to  the  up  and  down  dimers  of  the  AUDD  model.  The  two  remaining  components  (SB1 
and  SB2)  have  a  bulk  character  and  correspond  to  subsurface  reorganization  associated  with  the 
reconstruction.  If  the  MRAD  model  was  correct,  one  should  have  observed  the  contribution  of  the 
full  silicon  monolayer  which  is  below  the  silicon  ad-dimers.  The  precise  study  of  the  relative 
intensity  evolution  of  the  different  components  excludes  this  possibility.  Indeed,  the  total  intensity 
of  SB1+SB2  for  the  surface  sensitive  spectra  is  approximately  the  same  as  S1+S2.  It  would  have 
been  twice  as  intense  in  the  case  of  the  MRAD  model. 


1 1  <  i  ■  1 1  ■  ■  >  *  ■ ' '  ■ 1  ■  ■ 1  ■ 1 1  ■  ■ 1 1  ■  ■  ■  * 1  ■  ■ 
1  0-1-2 
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Fig.  2:  Schematic  of  the  /?-SiC(100)  c(4x2)  surface 
structure  for  the  AUDD  and  MRAD  models.  All 
presented  atoms  are  silicon  atoms.  Up-dimers 
(AUDD)  and  up-atoms  (MRAD)  are  represented  in 
black.  Down-dimers  (AUDD)  and  down  atom 
(MRAD)  are  represented  in  white. 


Fig.  3  :  Representative  decompositions  of  three  Si  2 p 
photoelectron  spectra.  Parameters  used  for  the 
decompositions  are  spin-orbit  splitting  of  doublets 
0.602  eV,  branching  ratios:  0.5  eV,  Lorentzian  :  0.085 
eV,  Gaussian:  0.6  eV  (bulk  component)  and  0.55  eV 
(all  other  components).  The  Si  2 p  3/2  energy  positions 
of  the  four  shifted  components  relative  to  B  are  :  -0.4 
eV  (SB1),  +0,31  eV  (SB2),  -0.54  eV  (S2)  and  -1.43  eV 


IV.  Conclusions 

The  ^-SiC(lOO)  c(4x2)  surface  reconstruction  is  investigated  by  atom-resolved  scanning  tunneling 
microscopy  (filled  and  empty  electronic  states)  and  core  level  photoemission  spectroscopy.  STM 
experiments  have  unambiguously  identified  the  up  and  down  dimers.  This  investigation  further 
supports  the  AUDD  (alternately  up-  and  down-dimer)  model.  The  photoemission  results  also 
support  this  model  :  the  large  binding  energy  difference  between  the  SI  and  S2  surface  core  level 
shifted  components  is  in  excellent  agreement  with  the  very  different  electronic  status  of  the  two 
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dimers  observed  in  filled  and  empty  electronic  states  STM  topographs.  In  strong  contrast,  the 
MRAD  model  is  unable  to  take  into  account  the  present  experimental  results.  The  MRAD  model 
should  indeed  show  twice  as  much  spots  in  the  empty  electronic  states  topographs  in  comparison  to 
filled  electronic  states  topographs.  Moreover,  the  ad-dimers  of  this  model  lie  on  a  complete  silicon 
plane.  The  photoemission  signature  of  this  complete  silicon  plane  can  not  be  identified.  It  does  not 
correspond  to  the  SB1  and  SB2  components  that  have  a  strong  bulk  character  and  a  too  low 
intensity. 
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Abstract 

Amorphous  thin  nitrogen-containing  layers,  whose  stoichiometry  is  close  to  SiCxNi.x,  where  x  is 
variable  in  depth,  have  been  obtained  by  SiC  surface  treatment  with  a  nitrogen  plasma.  X-ray 
photoelectron  spectroscopy  (XPS)  with  layer-by-layer  analysis  was  used  for  the  study  of  the 
composition  and  the  chemical  bonding  in  depth  of  nitrogen-containing  layers.  Both  the  process  of 
etching  in  the  nitrogen  plasma  and  the  process  of  introducing  nitrogen  ions  in  the  SiC  surface  in 
relation  to  the  time  of  treatment  in  the  nitrogen  plasma  were  investigated.  The  surface  profile 
mesurement  showed  a  very  smooth  surface  morphology  after  the  nitrogen  plasma  treatment. 

1. Introduction 

The  current  interest  in  silicon  carbon  nitride  comes  from  the  recent  theoretical  prediction 
about  the  existence  of  the  superhard  phase  in  the  system  Si-C-N  [1].  Such  ternary  systems,  whose 
stoichiometry  is  very  close  to  SiCN,  were  prepared  by  using  various  deposition  techniques  [2,3].  A 
wide  band  gap  (Eg=3,26)  was  observed  in  this  compound  [2].  The  possibility  of  silicon  carbon 
nitride  formation  by  a  SiC  surface  treatment  with  the  nitrogen  plasma  was  examined  in  the  present 
work. 

^Experimental  procedure. 

The  processing  was  carried  out  by  using  a  high  frequency  (HF)  sputtering  system  with  a  base 
pressure  of  10'6Torr.  The  samples  were  placed  on  the  target.  The  total  nitrogen  pressure  was  kept  at 
5mTorr  and  the  HF  power  was  about  lkW.  The  ion  energy  did  not  exceed  IkV.  6H-SiC  Lely 
substrates  with  (0001)Si  and  (000 1)C  surface  orientation  and  3C-SiC  epitaxial  layers  grown  on  a 
Si-substrate  were  used  as  samples.  A  treatment  time  between  5min  and  5hour  was  used. 

The  XPS  measurements  were  performed  on  a  PHI  5400  Cl  system  with  a  base  pressure  of 
10'10  Torr.  Layer-by-layer  analysis  through  Ar  ions  etching  with  an  energy  of  2keV  and  an  etching 
rate  of  approximately  7  -  7,5A/min  was  applied  for  the  study  of  the  composition  and  the  chemical 
bonding  in  the  depth  of  layers.  Quantitative  analysis  on  each  element  at  different  chemical  states 
was  carried  out  by  the  corresponding  peak  area  ratio  using  the  following  elemental  sensitivity 
factors:  SSi=0,34;  SN=0,48;  Sc=0.3;  So=0,7.  Curve  fitting  was  carried  out  using  a  Gaussian 
function.  A  deconvolution  of  the  photoelectron  lines  of  each  element  was  performed  for  the 
chemical  state  determination.  In  this  case  the  experimental  error  in  the  determination  of  bonding 
energy  and  concentration  are  0.2eV  and  10%,  respectively.  To  consider  the  surface  charge  during 
the  process  of  the  photoelectron  emission  the  energy  scale  was  calibrated  with  Cls  EB=285eV 
(hydrocarbon  line). 
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3.Results  and  discussion. 

The  results  of  the  XPS  analysis  of  the  Si-face  6H-SiC  after  lhour  treatment  with  nitrogen 
plasma  are  shown  in  the  Table.  Identical  results  were  received  on  the  C-  and  Si-face  6H-SiC  after  5 
min- lhour  treatment  with  nitrogen  plasma.  Chemical  shifts  in  the  bonding  energy  of  the  Cl s  and 
Si2p  photoelectron  peaks  in  the  nitrogen-containing  layers  in  relation  to  the  Cl s  and  Si2p  bonding 
energy  experimentally  determined  for  SiC  (Cls:  EB=282.5;  Si2p:  EB=100.3)  are  observed  with 
values  of  at  least  l-1.5eV.  It  occurs  when  there  is  a  change  in  the  valence  state  of  the  bonding  atoms 
and  new  chemical  bonds  are  forming.  The  deconvolution  results  reveal  the  coexistence  of  Si-N,  Si- 
C  and  C-N  chemical  bonding  in  the  nitrogen-containing  layers  as  shown  in  the  Table. 


Table:  The  change  of  Binding  energy,  Concentration,  Bonding  type  with  depth  of  layers. 


Nls 

Si2p 

Nls 

sputter 

EB,eV 

[Cj, 

Bond. 

Ref.[3]  and 

EB.eV 

[Si], 

Bond. 

Ref.  [3] 

Ae,eV 

[N], 

Bond. 

Ref. 

.  time 

at  % 

type 

experimental 

and 

type 

in  Ar, 

data 

at% 

type 

experi- 

at% 

[3] 

min; 

ment. 

depth, 

A 

data 

0 

283,7 

2,7 

C-Si 

282.5-283,5 

101,8 

20 

Si-N 

101,5- 

397,7 

20 

N-Si 

397,1- 

285 

27,2 

hydro¬ 

carbon 

285 

101,8  in 
Si3N4 

397,8 

286,6 

4,9 

N-N 

285,9-288,6 

103,1 

4 

Si-0 

102,5- 

103 

399,5 

1,4 

N-C 

398,4- 

400,3 

5 

283,4 

16,6 

C-Si 

282.5-283,5 

101,2 

33,3 

C-Si-N 

101,5- 

397,6 

24,5 

N-Si 

397,1- 

(80- 

90A) 

285 

286,5 

6,1 

2,3 

hydro¬ 

carbon 

N-N 

285 

285,9-288,6 

102,2 

5,1 

Si-O 

101,8  in 
Si3N4 

102,5- 

103 

399,1 

3,9 

N-C 

397,8 

398,4- 

400,3 

15 

283,7 

25,7 

C-Si 

282.5-283,5 

101,1 

37 

C-Si-N 

101,5- 

398,1 

11,1 

N-Si 

397,1- 

(160- 
no  A) 

285 

286,4 

7,5 

2,9 

c-c 

N-N 

285 

285,9-288,6 

102,3 

7,5 

Si-0 

101,8  in 
Si3N4 

102,5- 

103 

399,5 

2,5 

N-C 

397,8 

398,4- 

400,3 

25 

283,3 

34,8 

C-Si 

282.5-283,5 

100,5 

39,9 

Si-C 

100,3 

398,1 

4,2 

N-Si 

(220- 

285 

6,2 

230A) 

N-N 

285 

101,6 

8 

Si-N 

101,5- 

399,6 

1,8 

N-C 

101,8 

40 

283 

41,1 

C-Si 

282,5 

100,2 

48,8 

Si-C 

100,3 

397,5 

1,4 

N-Si 

(330- 

285 

340A) 

4,3 

N-N 

285 

399,5 

1,2 

N-C 

Careful  examination  of  the  binding  energy  reveals  a  slight  shift  in  comparison  with  that 
one  of  the  binary  compound  listed  as  reference  in  the  Table  .  For  example,  the  binding  energy  of 
Si2p  bonded  with  N  agrees  with  that  one  in  the  Si3N4  compound  just  on  the  surface  of  the  nitrogen- 
containing  layers  (that  is  without  sputtering  in  Ar).  But  after  5min  sputtering  in  Ar,  the  binding 
energy  of  Si2p  bonded  with  N  decreased  to  0.3-0.5eV.  It  does  not  agree  with  the  binding  energy  of 
Si2p  both  for  Si3N4  and  SiC.  In  addition,  the  binding  energy  of  Si2p  bonded  with  C  was  not 
observed,  though  the  binding  energy  of  Cls  bonded  with  Si  exists.  These  experimental  results  can 
be  explained  supposing  that  Si  is  bonded  with  both  N  and  C  whose  electronegativity  is  much  less 
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than  that  one  of  N  (electronegativities  for  elements  are:  Si-1.8,  C-2.5,  N-3).  The  binding  energy  of 
the  inner  electrons  of  an  element  is  higher  when  this  element  is  bonded  to  an  element  with  high 
electronegativity,  and  vice  versa.  Actually,  on  the  surface  of  the  nitrogen-containing  layers  the 
binding  energy  of  Si2p  in  C-Si-N  bonding  agrees  with  that  one  in  Si3N4  because  the  concentration 
of  C  in  this  bonding  is  low  (2,7at%).  The  binding  energy  of  Cls  bonded  with  Si2p  was  higher  than 
that  one  in  SiC  because  of  partial  replacement  of  Si  in  the  C-Si  bonding  by  N  whose 
electronegativity  is  much  higher  than  that  one  of  Si. 

This  means  that  a  “clear”  bonding  of  Si-N,  N-C,  Si-C  is  absent  in  the  nitrogen-containing 
layers,  i.e.  each  component  was  bonded  to  the  other  two  components.  Such  a  ternary  system  does 
not  contain  a  mixture  of  the  different  phases  and  it  is  defined  as  a  solid  solution  with  variable 
composition  in  depth.  A  quantitative  analysis  resulted  in  the  stoichiometry  of  these  nitrogen- 
containing  layers,  which  is  approximately  close  to  SiCxNi_x,  where  x  is  variable  in  depth.  Using  the 
cut  of  the  ternary  phase  Si-C-N  diagram  in  approximation  of  the  SiC-Si3N4  quasibinary  cut,  the 
stoichiometry  of  this  ternary  system  was  refined  as  SiCx/(3-2x)N(4_4x)/(3-2x)*  The  thickness  of  SiCxNi_x 
films  was  about  20nm.  The  Si-C  chemical  bonds  typical  for  SiC  are  revealed  at  greater  depth. 

The  distributions  of  N  concentration  with  depth  of  the  nitrogen-containing  layers  are 
shown  in  Fig.  1  and  Fig.  2. 


Fig.1.  The  distribution  of  N  concentration 
with  depth  of  layers  formed  on: 
a  C-face  of  6H-SiC  treated  for  1  hour 
o  Si-face  of  6H-SiC  treated  for  1  hour 
■  C-face  of  6H-SiC  treated  for  5min 
Approximation  by  Gaussian  function:  — 


Fig.2.The  distribution  of  N  concentration 
with  depth  of  layers  formed  on  3C-SiC: 
-  after  20  min  treatment  in  N 
*  after  30  min  treatment  in  N 
Approximation  by  Gaussian  function: - 


There  were  no  essential  differences  between  the  thickness  of  the  nitrogen-containing  layers 
formed  on  the  Si-  and  C-  faces  of  6H-SiC  substrates  as  shown  in  Fig.  1.  The  thickness  did  not 
change  with  increasing  time  of  treatment  from  5min  to  lhour  (Figl).  The  6H-SiC  surface  is 
intensively  etched  according  to  our  experimental  data.  The  etching  rate  was  about  0.7-0.8  pm/h 
and  1-1.3  pm/h  for  the  Si-  and  the  C-face  of  6H-SiC  respectively.  It  is  believed  that  an  equilibrium 
between  the  rate  of  ions  introduced  in  the  6H-SiC  surface  and  the  etching  rate  of  6H-SiC  surface 
was  established  during  no  more  than  5  min.  That  determines  the  constant  thickness  of  the 
nitrogen-containing  layers  which  does  not  depend  on  the  time  of  treatment.  The  experimental  data 
as  shown  in  Figs.  1  and  2,  were  approximated  by  a  Gaussian  function.  It  agrees  with  the  theory  of 


242 


Silicon  Carbide  and  Related  Materials 


ions  passing  amorphous  targets  [4].  However,  the  thickness  of  layers  formed  on  the  3C-SiC  as 
shown  in  Fig.  1  strongly  depends  on  the  treatment  time  (increasing  of  the  nitrogen-containing 
processing  time  by  a  factor  of  1 .5  enlarges  the  thickness  of  SiCxNNx  layers  by  a  factor  of  about  5) 
in  contrast  to  the  thickness  of  layers  formed  on  6H-SiC.  Most  likely  that  is  connected  with  a  less 
perfect  structure  of  3C-SiC  as  compared  with  that  one  of  6H-SiC.  According  to  our  experimental 
data,  the  3C-SiC  surface  is  also  intensively  etched  (1.2  jim/h).  It  is  possible  that  an  equilibrium 
between  the  rate  of  ions  introduced  in  the  3C-SiC  surface  and  the  etching  rate  of  3C  SiC  surface 
will  be  established  after  a  longer  treatment  time. 

Structure  and  surface  morphology  were  investigated  by  electron  diffraction  technique  and 
optical  microscopy  together  with  a  profile  measurement  technique.  Layers  were  demonstrated  to 
have  amorphous  structure. 


Eg 3.  The  surface  profil  of  the  C-face  6H-SiC  before  and  after  treatment  in  nitrogen  plasma. 

As  shown  in  Fig.3  a  smooth  surface  morphology  is  formed  after  the  nitrogen  plasma 
treatment  where  the  medium-roughness  is  less  than  0.1  pm  in  comparison  to  the  medium-roughness 
of  about  0.1pm  before  nitrogen  plasma  treatment.  The  same  smooth  surface  was  obtained  after  5 
min  and  5  hour  treatment  with  nitrogen  plasma. 

4.Conchision. 

The  XPS-analysis  showed  that  during  SiC  surface  treatment  with  a  nitrogen  plasma  Si-C  bonds 
were  broken  and  new  chemical  bonds  are  formed,  where  each  component  was  bonded  to  the  other 
two  components.  Such  a  ternary  system  can  be  defined  as  solid  solution  with  variable  composition 
in  depth.  Quantitative  analysis  resulted  in  the  stoichiometry  of  these  nitrogen-containing  layers, 
which  is  approximately  close  to  SiCxNi_x,  where  x  is  variable  in  depth.  The  thickness  of  SiCxNi.x 
layers  was  about  20nm.  Layers  were  demonstrated  to  have  amorphous  structure.  The  surface  of 
nitrogen-containing  layers  has  a  smooth  morphology,  where  the  medium-roughness  is  less  than 
0.1pm. 
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Abstract  Sublimation  grown  epitaxial  layers  as  well  as  crystals  have  been  investigated  by  optica 
microscopy  (NDIC:  Nomarski  differential  interference  contrast),  atomic  force  microscopy  and 
photoluminescence.  Crystal  growth  was  performed  on  the  C-terminated  surface  of  6H  seeds  of 
30  mm  diameter.  In  addition  seeds  with  off-orientations  a  few  degrees  towards  <112  0>  and 
<1 T  00>  respectively  were  used.  Even  on  such  seeds  step  flow  growth  can  only  be  maintained  using 
source  material  with  Si  excess.  Step  bunching  is  more  pronounced  when  using  a  stoichiometric 
source.  In  contrast  to  off-oriented  layers  the  on-axis  grown  material_  always  exhibited  a  coalescence 
of  individual  islands.  Growth  spirals  could  not  be  observed  on  (0001)  faces. 

Introduction 

The  surface  morphology  of  crystals  reflects  the  microscopic  growth  mechanism,  lhis  strongly 
influences  not  only  the  incorporation  of  different  species  but  also  the  generation  and  development 
of  defects.  Sublimation  growth  of  silicon  carbide  by  the  modified  Lely  method  depends  on  the 
thermodynamic  conditions  and  on  the  properties  of  substrates  used.  6H-SiC  crystal  growth  on 
(0001)  faces  has  been  rarely  reported,  because  of  the  poor  polytype  stability.  Early  studies  of  Stein 
et  al.  claimed,  that  regardless  of  the  seed  polytype  the  4H  polytype  had  always  been  obtained  using 
the  C-terminated  face  during  sublimation  growth  [1]. 

Therefore  surfaces  of  layers  and  crystals  were  studied  to  reveal  the  influence  of  different  parameters 
on  the  morphology.  Growth  temperature,  supersaturation  and  seed  orientation  have  been  varied. 

Experimental 

Physical  vapour  transport  experiments  have  been  performed  in  an  inductively  heated  furnace 
facility.  Different  temperatures  in  the  range  2000  <  T  (°C)  <  2100  and  inert  gas  pressures  in  the 
range  100  <p  (Pa)  <  1000  were  applied.  In  order  to  study  thin  layers  the  growth  process  was 
interrupted  by  backfilling  with  inert  gas  and  decreasing  the  temperature  simultaneously.  The  layer 
thickness  dependent  on  the  growth  conditions  was  in  the  range  from  a  few  microns  to  several  10 
microns.  Si  was  added  to  the  SiC  source  material,  which  had  been  produced  from  elemental  silicon 
and  carbon. 

Seed  wafers  were  prepared  from  6H  boules.  The  seeds  were  oxidized  in  wet  atmosphere  to  remove 
the  surface  damage  layer  induced  by  mechanical  polishing  and  to  identify  the  C-terminated  face. 
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Results 

As  has  been  earlier  described  for  the  growth  on  6H(0001)  seeds,  the  composition  of  the  source 
material  has  a  strong  impact  on  the  growth  mechanism  [2].  Homogeneous  growth  conditions  on 
these  on-oriented  faces  could  only  be  maintained  by  the  addition  of  Si  to  the  source  material. 


Fig.  1 :  Optical  micrograph  of  as-  grown  Fig.  2:  Optical  micrograph  of  as-  grown  surface 

surface  (source  with  1%  Si  excess)  (source  without  Si  excess) 

In  Figures  1  and  2  the  micrographs  of  layers  grown  on  <1 1  2  0>  off-oriented  (0001)  substrates  are 
shown.  The  flow  direction  is  from  the  lower  left  to  the  upper  right  comer.  In  the  Si  excess  case  the 
morphology  is  characterized  by  step  trains  with  a  high  degree  of  bunching.  The  steps  are  almost 
straight  with  a  homogeneous  distribution.  When  using  a  stoichiometric  source  the  growth 
morphology  deteriorates  compared  to  the  case  before.  Although  the  steps  are  of  similar  height  they 
begin  to  meander.  Nevertheless  the  surface  is  macroscopically  homogeneous. 

A  complete  change  in  the  morphology  is  observed  when  on-oriented  seeds  are  used  (Fig.  3a).  Large 
terraces  occur  separated  by  high  risers.  Only  occasionally  steps  can  be  observed.  This  growth 
experiment  was  performed  at  2100  °C  and  resulted  in  a  layer  of  about  40  pm  in  thickness.  The 
terraces  turned  out  to  have  developed  from  individual  island.  This  was  shown  in  an  experiment 
carried  out  at  a  growth  temperature  of 2000  °C. 

For  a  more  detailed  investigation  of  the  influence  of  the  seed  orientation  on  the  growth  morphology 
three  different  growth  directions  have  been  examined.  In  Fig.  3a-c  the  surfaces  of  layers  grown 
under  identical  conditions  at  a  growth  temperature  of  2100  °C  are  shown.  The  observed  behaviour 
of  the  on-oriented  surface  indicates  that  the  growth  conditions  are  laterally  inhomogeneous  and  not 
favourable  to  crystal  growth.  The  meandering  steps  in  case  of  <1 1 2  0>  off-orientation  almost 

disappear  for  growth  on  <1 100>  off-oriented  seeds.  Only  a  number  of  defects  and  some  steps  of 
small  height  are  visible. 

The  effect  of  the  growth  temperature  was  evaluated  in  additional  experiments  at  2000  °C.  In 
Figures  4  and  5  two  surfaces  can  be  seen  comparable  to  Fig.  3a  and  b.  As  already  mentioned  the 
morphology  in  case  of  the  on-axis  growth  can  be  described  as  3D  growth  mode  of  numerous 
islands.  The  top  of  these  islands  is  flat  without  any  step  and  between  the  islands  there  are  deep 
cavities  up  to  a  several  microns  in  depth.  It  can  not  be  excluded  that  the  cavities  reach  the  original 
seed  surface.  Normally  the  islands  exhibit  a  hexagonal  shape.  ' 
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Fig.  3:  Micrographs  of  layers  of  different  seed  orientation  grown  at  2100  °C,  from  left  to  right: 
a)  on-axis,  b)  *  3°  off  towards  <1 1 2  0>,  c)  »  3°  off  towards  <1 1 00> 


Fig.  4.:  Micrograph  of  layer  grown  at  2000  °C,  Fig.  5.:Micrograph  of  layer  grown  at  2000  °C, 
on-axis  seed  off-oriented  seed  (<1 1 2  0>  direction) 

The  expected  step  morphology  could  not  be  observed  on  the  off-oriented  layers  grown  at  2000  °C. 
Although  there  exist  steps,  they  are  no  longer  straight. 

Conclusions 

The  growth  morphology  of  6H-SiC(0001)  surfaces  was  studied.  The  C-terminated  face  with  the 
lower  surface  energy  leads  to  a  higher  nucleation  density  as  compared  to  the  (0001)  face  [3].  This  is 
reflected  by  the  growth  morphology  which  shows  individual  islands.  These  islands  coalesce  as 
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crystal  growth  proceeds  and  this  coalescence  may  generate  defects.  Consequently  the  (000 1 )  basal 
plane  is  not  suitable  for  high  quality  crystal  growth. 

The  <1 1 2  0>  off-orientation  provides  conditions  for  the  development  of  step  flow.  But  at  low 
temperatures  (2000  °C)  the  morphology  appears  wavy  with  terraces  exhibiting  a  high  degree  of  step 
bunching.  The  macrostep  height  is  up  to  10  times  the  c-axis  unit  cell  parameter.  Even  at  2100  °C  a 
certain  waviness  of  the  step  trains  remains  which  is  due  to  anisotropic  step  bunching  [4],  This  is  a 
result  of  different  lateral  velocities  of  kinks  and  steps  respectively. 

Almost  flat  surfaces  were  obtained  when  growing  on  seeds  with  <1 1 00>  off-orientation. 

Si  excess  in  the  source  material  led  to  improved  layer  morphologies.  Independent  of  the  used 
orientation  growth  spirals  have  not  been  observed  on  (0001)  surfaces  of  both  layers  and  crystals.  In 
addition,  photoluminescence  measurements  revealed,  that  under  the  applied  thermodynamic 
conditions  the  grown  polytype  was  6H. 
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Abstract 

Germanium  nanocrystals  as  potential  candidates  for  a  future  optoelectronics  in  group-IV 
semiconductors  have  been  grown  on  SiC(OOOl).  A  monoatomic  wetting  layer  is  formed  in  a 
Stranski-Krastanov  growth  mode.  The  surface  structure  of  this  wetting  layer  studied  by  STM  and 
LEED  depends  on  the  SiC  surface  preparation.  3x3  and  4x4  Ge  superstructures  are  observed  by 
growing  on  the  silicon-rich  SiC(0001)-3x3  surface.  Surface  structures  with  mainly  two-fold 
periodicity  as  well  as  6x6  are  observed  after  Ge  deposition  on  silicon-deficient  SiC(0001)-(V3xV3)- 
R30°  or  (6V3x6>/3)  surfaces.  Two-dimensional  Ge  islands  of  lateral  dimensions  between  2  and  4  nm 
and  a  density  of  3  *  1012  cm"2  are  initially  formed  on  the  wetting  layer  to  reduce  strain.  Further 
deposition  results  in  the  growth  of  nanocrystals  of  lateral  dimensions  between  40nm  and  150nm  and 
heights  between  5  and  30nm.  A  maximum  density  of  10*°  cm2  and  minimum  size  of  these 
nanocrystals  has  been  obtained  for  low  deposition  temperature  of  470°C  and  high  rate  of  1.5nm/min. 
The  epitaxial  orientation  of  the  nanocrystals  has  been  determined  as  (111)  and  (220)  by  TEM  and 
XRD. 


Introduction 

Low-dimensional  semiconductor  structures  are  investigated  for  their  interesting  properties  for 
electronic  and  optical  applications  [1].  Nanometer  scale  structures  are  expected  to  show  electron 
confinement  the  stronger  the  smaller  the  size.  Quantum  dots  confining  the  electrons  in  three 
dimensions  can  be  grown  by  Stranski-Krastanov  growth  mode.  Due  to  the  strain  induced  by  a 
different  lattice  constant  of  substrate  and  deposited  material,  an  initially  two-dimensional  (2D) 
epitaxial  growth  changes  to  3D  island  growth  on  a  thin  wetting  layer.  This  formation  of  self- 
assembled  islands  reduces  the  strain  and  lowers  the  total  energy  of  the  system. 

Germanium  nanocrystals  embedded  in  a  semiconductor  matrix  are  potential  candidates  for  a  future 
optoelectronics  in  group-IV  semiconductors.  Although  an  indirect  semiconductor,  high  intensity 
luminescence  is  expected  for  germanium  quantum  dots  due  to  earner  confinement.  Many 
investigations  have  dealt  with  Ge  on  Si(001)  or  Si(lll)  [e.g.,  2-5].  We  have  grown  Ge  on 
SiC(OOOl)  by  solid-source  MBE.  The  wide-band  gap  semiconductor  SiC  may  give  the  possibility  to 
arrange  quantum  dots  at  a  p-n  junction  for  electroluminescent  devices.  A  Stranski-Krastanov-like 
growth  mode  is  observed  due  to  the  huge  lattice  mismatch  of  some  30%  between  silicon  carbide 
and  germanium.  We  investigated  the  surface  structure  of  Ge  on  differently  prepared  SiC(OOOl)  by 
Scanning  Tunneling  Microscopy  (STM)  and  Low-Energy  Electron  Diffraction  (LEED).  The 
formation  of  Ge  islands  by  Stranski-Krastanov  growth  mode  is  measured  in  situ  by  STM  and  ex  situ 
by  Atomic  Force  Microscopy  (AFM),  High-Resolution  Transmission  Electron  Microscopy  (TEM), 
and  X-ray  diffraction  (XRD). 
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Experimental 

The  4H  and  6H  on-axis  and  (high  miscut)  off-axis  SiC(OOOl)  surfaces  were  prepared  ex  situ  either 
by  plasma  etching,  subsequent  oxidation  and  HF  dip  or  by  hydrogen  etching  and  in  situ  by  heating 
in  a  Si  flux  to  get  definite  reconstructions  of  3x3,  (V3xV3)-R30°  or  (6^3x6 V3)  observed  by  electron 
diffraction  (LEED).  Germanium  was  deposited  from  effusion  cells  with  evaporation  rates  of  0. 1  to 
1.5  nm/min  at  substrate  temperatures  of  470  and  550°C.  Additionally,  several  samples  were 
deposited  with  germanium  at  room  temperature  and,  subsequently,  heated  to  form  nanocrystals. 

The  surface  composition  before  and  after  Ge  evaporation  was  measured  by  X-ray  Photoelectron 
Spectroscopy  (XPS).  Surface  structure  and  morphology  as  well  as  size,  geometry,  density  and 
distribution  of  nanocrystals  were  determined  in  situ  by  STM  and  ex  situ  by  AFM,  TEM  and  XRD. 

Results  and  Discussion 

A  wetting  layer  was  formed  by  Ge  deposition  at  substrate  temperatures  of  470  and  550°C. 
Depending  on  Ge  coverage  and  surface  preparation,  different  reconstructions  were  observed  in 
LEED  and  STM.  Most  of  the  samples  showed  a  lxl  LEED  pattern  after  more  than  2ML  Ge 
deposition.  In  this  temperature  range  the  large  lattice  mismatch  causes  a  transition  from  2D  to  3D 
(islands)  growth  of  Ge  on  SiC  at  a  coverage  near  1  monolayer  (ML). 

After  deposition  of  Ge  on  a  Si-rich  SiC(0001)-3x3  surface,  3x3  and  4x4  hexagonal,  trigonal  and 
honeycomb  structures  have  been  initially  observed  by  STM  depending  on  the  coverage  in  the 
submonolayer  range,  annealing  temperature  and  annealing  time  (fig. la).  A  deposition  of  more  than 
2ML  of  Ge  at  temperatures  of  470°C  and  rates  between  0.5  and  1.5nm/min  results  in  nanocrystals 
of  typical  dimensions  between  50  and  lOOnm  and  a  Si-Ge  alloying  as  characterized  by  TEM  and 
XRD  [6]. 

The  evaporation  of  Ge  on  SiC(0001)-(V3xV3)-R30°  or  (6V3x6>/3)  leads  to  a  wetting  layer  showing  a 
complex  surface  structure  of  mainly  two-fold  (0.6  nm)  periodicity  (fig.  lb).  Linear  „tracks“  which  may 
be  formed  of  dimer  rows  obviously  to  reduce  stress  were  observed  by  STM  for  a  higher  Ge  coverage 
near  1  ML.  Two-dimensional  (2D)  Ge  islands  with  a  high  density  of  some  3  *  1012  cm"2  and 
dimensions  between  2  and  4  nm  are  formed  on  the  Ge  wetting  layer  (fig.  2).  At  step  edges  of  the  SiC 
substrate,  two-dimensional  Ge  islands  of  up  to  50nm  lateral  dimensions  and  weak  corrugation  were 
observed  on  top  of  the  first  Ge  wetting  layer  (fig.  3).  Additionally,  small  regions  of  some  tens  of  nm 
showed  a  6x6  surface  structure. 


nm  |  $02 


Fig- 1  <  (a)  (b) 

STM  images  of  (a)  3x3  and  4x4  reconstructions  of  Ge  on  6H  SiC(0001)-3x3  and  (b)  surface 
structures  observed  on  6H  SiC-(V3xV3)-R30°  showing  mainly  two-fold  periodicity  and  dimer  rows  or 
„tracks“. 
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Fig.  2  (a)  (b) 

STM  images  of  2D  Ge  islands  grown  on  6H  SiC(0001)-(V3xV3)-R30°  at  a  deposition  rate  of 
lnm/min  at  470°C. 

(a)  An  equal  2D  nucleus  density  is  observed  on  neighboring  terraces  differing  in  height  of  one 
Si-C  layer. 

(b)  The  2D  islands  are  formed  on  the  Ge  wetting  layer  showing  a  surface  structure  with  two-fold 
periodicity  and  dimer  rows. 
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Fig-3  ,  , 

STM  image  of  approximately  1.5  ML  Ge  deposited  on  SiC(000 1 )-(V3xV3)-R30°  showmg 
nanosized  2D  Ge  islands  on  a  Ge  wetting  layer.  At  SiC  step  edges  two-dimensional  Ge  islands  of 
some  50nm  lateral  dimensions  are  observed  as  well  as  regions  of  6x6  structure. 
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At  a  higher  Ge  coverage  between  2  and  8  ML,  3D  nanocrystals  with  average  diameters  between  40 
and  150  nm  and  heights  between  5  and  30  nm  were  measured  on  most  of  the  samples.  The  epitaxial 
orientation  of  the  nanociystals  has  been  determined  as  (1 1 1)  and  (220)  by  TEM  and  XRD  [6].  Those 
films  grown  at  lower  temperature  (470°C)  and  high  rate  show  a  narrow  size  distribution  of  the 
nanocrystals  and  a  maximum  density  of  1010  cm'2  (fig.  4).  Depending  on  growth  conditions  also 
much  smaller  nanocrystals  of  only  2nm  in  height  and  a  high  density  in  a  bimodal  distribution  of 
island  sizes  were  observed  by  AFM.  No  difference  was  found  for  deposition  on  on-axis  and  off-axis 
substrates  as  well  as  on  4H  and  6H.  Especially,  large  crystals  (200  to  800nm)  formed  at  low 
evaporation  rate  and  high  temperature  or  by  annealing  a  Ge  film  grown  at  room  temperature 
showed  a  regular  shape,  like  pyramides,  with  facets  or  with  flat  top,  whereas,  no  regular  shape  was 
observed  by  AFM  for  most  of  the  samples. 
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Fig.  4 

AFM  images  of  Ge  nanocrystals  grown  on  SiC 
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Abstract 

Two  types  of  ohmic  contacts,  namely  AlSiTi  and  Al/Si,  have  been  formed  on  p-type  4H-SiC  grown 
by  LPE.  An  increase  of  the  optimum  annealing  temperature  was  observed  for  the  contacts 
containing  titanium.  The  lowest  resistivity  of  9.5x1  O'5  Q.cm2  of  AlSiTi/SiC  contacts  was  achieved 
after  annealing  at  950  °C  and  a  value  of  2.5xl0'4  Q.cm2  was  measured  for  Al/SiSiC  contacts 
annealed  at  700  °C.  It  was  found  that  AlSiTi  contacts  were  stable  during  aging  at  600  °C  for  100  h 
while  Al/Si  contacts  deteriorated  after  48  h  heating.  This  result  can  be  ascribed  to  the  formation  of  a 
stable  AI4C3  compound  in  the  AlSiTi/SiC  contacts  annealed  at  950  °C. 

Introduction 

The  progress  in  SiC  device  processing  allows  one  to  fabricate  devices  operating  at  higher 
temperatures.  Sensors  operating  at  temperatures  above  600  °C  have  been  recently  demonstrated  [1, 
2],  The  ohmic  contact’s  thermal  stability  is  one  of  the  main  factors  that  restrict  the  high 
temperature  application  of  SiC  devices. 

The  study  of  Al/Si(2%)/SiC  ohmic  contacts  showed  their  excellent  thermal  stability  at  500  °C 
[3],  However,  they  are  not  stable  at  an  aging  temperature  of  600  °C.  The  experiments  with  a  new 
contact  composition,  A1S i(2%)Ti(0 . 1 5%),  resulted  in  improved  thermal  stability  of  Al/Si-based 
contacts  at  600  °C  [4],  In  this  paper  we  compare  the  electrical,  thermal  and  chemical  properties  of 
AlSiTi/SiC  and  Al/Si/SiC  contacts.  The  results  of  contact  composition  are  discussed  in  respect  to 
explain  the  improved  thermal  stability. 

Experiment 

Al/Si-based  contacts  were  formed  on  p-type  4H-SiC  layers  grown  by  liquid  phase  epitaxy  (LPE) 
with  a  thickness  of  0.5  pm  and  an  A1  atomic  concentration  of  (3-5)xl019  cm'3.  The  4H-SiC  wafers  used 
for  LPE  growth  were  commercially  available  structures  having  a  top  p-type  (lxl 019  cm'3)  1  pm 
thick  epitaxial  layer  grown  on  n-type  substrates.  Two  types  of  metal  were  deposited  by  electron 
beam  evaporation:  (a)  an  AlSi(2%)Ti(0. 1 5%)  alloy  with  a  thickness  of  100  nm,  and  (b)  subsequently 
deposited  Si  and  A1  layers  with  thickness’  of  20  nm  and  130  nm  respectively.  The  Si  layer  thickness  was 
calculated  in  order  to  correspond  to  2%  in  the  contact  film.  In  the  case  of  the  Al/Si/SiC  contacts, 
the  annealing  of  the  deposited  metals  was  performed  by  both  resistive  heating  in  a  furnace  under  an 
Ar  flow  at  a  pressure  of  760  torr  for  the  temperature  range  650-800  °C,  and  rapid  thermal  annealing 
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(RTA)  in  vacuum  at  temperatures  ranging  from  600  °C  to  800  °C.  The  AlSiTi/SiC  contacts  were 
annealed  in  a  furnace  with  resistance  heating  at  temperatures  of  700-950  °C. 

The  contact  resistivity  was  measured  using  the  linear  transmission-line-model  (TLM) 
method.  The  test  structure  consisted  of  six  pads  with  a  length  of  100  pm  and  a  width  of  150  pm. 
The  distances  between  them  varied  from  7-64  pm.  The  morphology  of  the  as-deposited  and 
annealed  contacts  was  studied  by  Atomic  Force  Microscopy  (AFM—  Digital  Instruments  MMAFM- 
2).  The  chemical  properties  of  the  contacts  before  and  after  annealing  were  studied  using  an  X-ray 
Photoelectron  Spectroscopy  (XPS).  The  XPS  analyses  were  carried  out  on  an  ESCALAB  Mkll 
(VG  Scientific)  electron  system.  In  the  case  of  AlSiTi  layers  AFM  and  XPS  measurements  were 
conducted  only  in  samples  annealed  at  950  °C  i.e.  the  temperature  at  which  the  lowest  contact 
resistivity  was  achieved.  The  thermal  stability  (aging  test)  of  the  contacts  was  investigated  by 
heating  for  100  hours  at  constant  temperature  of  600  °C  in  nitrogen  ambient.  After  regular  time 
intervals  the  samples  were  cooled  down  to  room  temperature  for  contact  resistivity  measurements. 

Results 

The  effect  of  the  annealing  conditions  on  the  resistivity  of  Al/Si/SiC  contacts  was  studied  at 
annealing  temperatures  from  600-800  °C.  The  experiments  showed  that  after  furnace  annealing  the  contact 

resistivity  decreased  smoothly  up  to 
700  °C  at  which  temperature  a  value 
of  2.5x1  O’4  Q.cm2  was  measured.  This 
result  does  not  differ  significantly 
from  the  result  (3. 8x1  O'4  flcm2) 
obtained  for  the  same  contact  scheme 
formed  at  the  same  temperature  on 
CVD-grown  4H-SiC  epilayers  with 
the  same  doping  concentration  [3], 
Annealing  temperature  above  700  °C 
caused  an  agglomeration  of  the 
contact  layer  and  an  increase  of  the 
Annealing  temperature,  T  [°C]  resistivity.  However,  the  same 

agglomeration  was  observed  with  the 
Fig.  1  Dependence  of  resistivity  of  Al/Si  and  Al/Si/SiC  contacts  after  RTA  annealing 

Al  'Si/Ti  contacts  on  the  annealing  temperature.  at  700  °C  for  1  min.  This  difference 

can  be  accounted  by  a  discrepancy  in 

the  temperature  measurement  in  the  two  annealing  systems.  The  dependence  of  the  Al/Si/SiC 
contact  resistivity  on  the  annealing  temperature  is  compared  in  fig.  1  with  the  results  obtained  for 
AlSiTi/SiC  contacts  annealed  in  the  range  700  -  950  °C  [4], 

The  aging  experiments  showed  the  stability  of  AlSiTi  contacts  as  no  change  was  observed 
after  100  hours  heating  at  600  °C  while  Al/Si  contacts  became  unstable  after  48  hours  heating  at  the 
same  temperature  [4], 

The  AFM  images  showed  that  the  as-deposited  and  the  annealed  metal  films  followed  the  LPE 
terraces  on  the  sample  surface.  In  order  to  not  account  this  surface  roughness  due  to  the  LPE  growth, 
the  ohmic  contact  roughness  analysis  has  been  performed  on  single  terraces.  The  AFM  image  of  the 
2x2  nm  area  from  the  as-deposited  AlSiTi  surface  (fig.2a)  revealed  the  granular  structure  of  the  metal  film. 

A  grain  size  of-  140  nm  in  diameter  was  measured.  The  corresponding  surface  roughness  Rms  ~  9 
nm  was  determined  on  the  area  marked  by  the  box.  Annealing  of  the  AlSiTi  contact  at  950  °C 
caused  an  increase  of  Rms  to  16  nm  (fig. 2b).  Nevertheless,  after  the  annealing  at  this  temperature  no 
metal  agglomerations  were  observed  (fig.2b).  The  as-deposited  Al/Si  contact  had  a  smaller  granular 
structure  (-60  nm  in  diameter)  in  comparison  to  that  of  AlSiTi  contacts.  The  contact  film  covered 
smoothly  the  substrate  surface  and  Rms  -  3  nm  was  measured  (fig.  2c).  Annealing  at  600  °C  did  not 
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change  significantly  the  morphology  of  the  metal  layer.  However,  further  increase  of  the  annealing 
temperature  results  in  larger  grain  size  and  more  surface  roughness.  A  grain  diameter  of  about  150 
nm  and  Rms  ~  13  nm  were  measured  for  Al/Si  contacts  formed  by  RTA  at  700  °C  (fig.  2d).  Finally 
an  additional  increase  of  the  annealing  temperature  results  in  agglomeration  of  the  metal  layer. 


Fig.  2  AFM  images  of  as-deposited  (a)  and  annealed  at  9 50° C  (b)  AlSiTi/SiC  contacts, 
and  as-deposited  (c)  and  annealed  at  700  °C  (d)  Al/Si/SiC  contacts . 


Figure  3  a  shows  the  in-depth  distribution  of  the  elements  O,  C,  A1  and  Si  of  the  as- 
deposited  AlSiTi  contact  according  to  the  XPS  profile.  An  abrupt  metal/SiC  interface,  typical  of  as- 
deposited  samples  is  revealed.  Titanium  was  registered  indirectly  by  the  position  of  the  Cls  peak 
due  to  its  low  concentration  (0.15%)  in  the  used  alloy.  Indeed,  the  position  of  Cls  peak  in  the 
sputtering  interval  50-110  min  indicates  carbon  in  the  titanium  carbide  state  (BE  282.5  eV)  and  in 
graphite  state  (BE  284.5  eV).  At  the  surface  and  subsurface  region  with  sputtering  time  between  0- 
10  min  hydrocarbons  were  detected.  Aluminum  and  silicon  oxides  were  also  found.  The  presence 
of  Si  in  the  metal  layer  is  2-3%,  which  corresponds  to  its  amount  in  the  used  alloy  for  evaporation. 
After  50  min  sputtering  only  A1  in  metal  state  was  observed.  The  widening  of  the  A12p  peak  at  the 
interface  with  SiC  can  be  considered  as  a  superposition  of  two  peaks  determined  by  the  metal  and 
oxide  states.  We  suggest  that  during  the  metal  deposition  A1  reduces  the  native  oxide  at  the  SiC 
surface.  The  position  of  Si2p  and  Cls  peaks  after  160  min  etching  indicates  that  SiC  surface  is  reached. 


Snutterins  time  Fminl 


Sputtering  time  [min] 


Fig.  3  XPS  depth  profiles  of  Al/Si-hased  contacts:  (a)  a-deposited  AlSiTi/SiC  contact , 

(b)  annealed  at  950  °C  AlSiTi/SiC  contact  and  (c)  annealed  at  700  °C  Al/Si/SiC  contact 

The  analysis  of  the  photoelectron  spectra  shows  that  interdiffusion  and  chemical  reactions 
during  the  annealing  at  950  °C  lead  to  the  transformation  of  the  initial  AlSiTi  contact  layer  (fig. 
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3b).  We  will  consider  two  characteristic  depth  regions:  contact  layer  (0-200  min  sputtering)  and 
wide  interdiffusion  region  (200-500  min  sputtering).  At  the  surface,  A1  is  mainly  consumed  by 
forming  A1203.  Due  to  the  catalytic  effect  of  A1  at  elevated  temperatures  SiC  dissociation  occurs  at 
the  metal/SiC  interface  [5],  A  part  of  C  reacts  with  A1  to  form  AI4C3  (BE  283  eV),  while  the  other 
part  was  registered  as  graphite  (BE  284.5  eV)  in  the  contact  layer  (0-200  min  sputtering).  The 
broadened  to  the  lower  binding  energy  Cls  peak  (BE  283  eV)  after  100  min  to  150  min  sputtering 
could  be  assumed  as  overlapping  peaks  of  C  in  TiC  and  AI4C3.  A  weak  Si2p  peak  determined  in  the 
contact  layer  corresponds  to  the  Si-Si  bond.  After  200  min  sputtering  aluminum  in  the  metal  state 
only  was  detected.  The  intensity  of  A12p  peak  typical  for  A1  in  the  metal  state  does  not  change 
significantly  in  the  sputtering  interval  200-500  min,  which  suggests  diffusion  of  A1  atoms  into  SiC 
and  formation  of  a  wide  interface  region. 

The  deposition  of  silicon  between  the  A1  layer  and  the  SiC  substrate  as  well  as  the  lowering 
of  the  annealing  temperature  decreases  the  interdiffusion/chemical  reaction  processes.  This  effect 
results  in  a  significantly  more  abrupt  interface  of  the  Al/Si/SiC  contact  after  furnace  annealing  at 
700  C  (fig.  3  c).  The  XPS  spectra  reveal  that  the  Ai  is  in  oxide  state  at  the  surface  (3  min  sputtering)  and 
in  metal  state  in  the  contact  layer  and  in  the  interface  region  with  the  SiC  layer  (330  min  sputtering). 

Conclusion 

The  investigation  carried  out  on  Al/Si-based  ohmic  contacts  established  the  dependence  of  their 
electrical,  thermal  and  chemical  properties  on  the  contact  structure  and  composition.  The  lowest 
resistivity  of  2.5x1  O'4  S>cm2  of  Al/Si/SiC  contacts  was  measured  after  annealing  at  700  °C  while 
with  AlSiTi/SiC  contacts  a  lowest  resistivity  of  9.5x1 0'5  Q  cm2  was  achieved  at  950  °C.  The  higher 
annealing  temperature  in  the  latter  case  stimulates  a  higher  interdiffusion/chemical  reaction  of  Al 
with  SiC  resulting  in  a  dissociation  of  the  SiC  surface.  The  undiffused  Al  atoms  of  the  contact  layer 
react  entirely  with  the  carbon  forming  a  stable  compound,  Al4C3.  In  contrary,  the  lowering  of  the 
annealing  temperature  for  Al/Si/SiC  contacts  decreases  the  interdiffusion/chemical  reaction 
processes.  In  addition,  the  Si  layer  deposited  on  the  substrate  surface  acts  as  a  barrier  for  aluminum 
diffusion.  In  addition,  the  dissociation  of  the  SiC  surface  is  poor  at  700  °C.  As  a  result,  AI  in  metal 
state  only  was  established  in  the  XPS  spectra  of  the  Al/Si  contacts  annealed  at  this  temperature. 
After  Aging  of  Al/Si  contacts  at  600  °C  for  48  hours,  areas  without  a  metal  film  on  the  contact  pads 
could  be  seen.  This  result  allows  to  assume  that  a  part  of  undiffused  Al  from  the  annealed  contact 
layer  was  evaporated  during  the  long  term  heating.  This  process  was  also  observed  during  the 
annealing  of  Al-based  contacts  at  high  tmperatures  [6].  We  suggest  that  there  is  a  reason  for  the 
observed  temperature  instability  of  Al/Si  ohmic  contacts.  Indeed,  the  presence  of  the  chemical 
stable  AI4C3  compound  and  the  absence  of  Al  in  the  metal  state  are  prerequisite  for  the  thermal 
stability  of  Al/Si-based  contacts  as  it  was  demonstrated  in  the  case  of  AlSiTi  contacts  which 
showed  an  excellent  stability  at  aging  temperatures  of  600  °C. 
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Abstract  The  formation  of  nickel  silicide  induced  by  thermal  annealing  of  Ni/SiC  samples  was 
studied  by  means  of  Rutherford  backscattering  spectrometry  (RBS)  and  X-Ray  diffraction  (XRD). 
Nickel  silicide  (Ni2Si)  could  be  observed  already  after  20  minutes  annealing  at  600°C,  even  RBS 
analysis  showed  a  thin  layer  of  non-reacted  Ni  on  the  top  of  the  sample  at  this  temperature.  On  the 
other  hand,  annealing  at  higher  temperature  (800°C)  led  to  the  complete  reaction  of  the  deposited 
film.  Analytical  transmission  electron  microscopy  (EDX)  showed  that  carbon  was  almost  uniformly 
distributed  inside  the  Ni2Si  layer.  RBS  and  Transmission  Electron  Microscopy  (TEM)  analysis 
showed  a  rough  interface  between  the  silicide  and  the  underlying  SiC.  Ar  -irradiation  of  the  as- 
deposited  samples  and  subsequent  annealing  at  600  and  800°C  resulted  in  the  improvement  of  the 
silicide/SiC  interface  with  respect  to  the  non-irradiated  samples.  This  effect  can  be  ascribed  to  the 
radiation  induced  damage  in  the  crystalline  SiC  substrate,  which  improves  the  adhesion  of  the 
deposited  film  and  enhances  the  mobility  of  Ni  atoms. 

Introduction 

Silicon  carbide  (SiC)  is  a  promising  candidate  for  high  temperature  and  high  power  electronic 
devices  because  of  its  good  thermal  conductivity,  large  band  gap,  high  electric  breakdown  field,  etc. 
[1].  Metallization  is  one  of  the  crucial  step  in  the  fabrication  of  electronic  devices.  Therefore, 
studying  the  interaction  between  metal  and  silicon  carbide  substrates  during  annealing  as  well  as  the 
structural  properties  of  metal  silicide-SiC  contacts  is  of  primary  importance  for  understanding  and 
controlling  electronic  devices  performances.  Several  studies  have  been  done  in  the  last  decade  in 
order  to  characterize  both  the  structural  and  electrical  properties  of  different  metallic  contacts  on 
SiC,  formed  with  Al,  Ti,  Co,  Pd,  Ni,  etc.  [2,3].  In  some  of  these  experimental  works,  Ni  has  been 
proposed  as  a  good  candidate  for  the  realization  of  ohmic  and  rectifying  contacts  on  n-type 
crystalline  SiC,  because  of  its  ease  to  form  silicides  even  at  moderate  temperatures  [4].  In  fact,  using 
Ni  for  metallization  on  high  doping  concentration  n+  6H-SiC  allowed  to  achieve  values  of  contact 
resistance  as  low  as  1x10 6  Qcm2  [5].  Recently,  high  performance  3kV  4H-SiC  Schottky  barrier 
diode  was  realized  by  using  Ni  for  contacts  [6].  However,  common  to  these  studies  is  the  difficulty 
to  control  the  metal  contact  properties,  (e.g.  uniformity  of  the  interfacial  region,  thermal  stability, 
Schottky  barrier  height),  this  remaining  the  biggest  limitation  for  many  industrial  applications  in 
opto-electronics.  In  spite  of  the  need  to  optimize  the  characteristics  of  metal-SiC  contacts,  up  to 
now  only  few  studies  on  the  silicide/substrate  interfaces  have  been  reported.  Moreover,  it  still 
remains  controversial  the  behaviour  of  carbon  during  the  decomposition  of  SiC  and  its 
redistribution  inside  the  silicide  layer  [7,8]. 

In  this  paper  the  possibility  to  improve  the  silicide/SiC  interface  by  ion-irradiation  of  the  Ni  films  is 
pointed  out.  The  redistribution  of  carbon  after  formation  of  nickel  silicide  is  also  discussed. 
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Experimental 

Single  crystals  6H-SiC,  (0001)  oriented,  purchased  by  CREE  Inc.,  where  used  for  the  experiments. 
Ni-films  were  deposited  by  electron  gun  evaporation  at  a  rate  of  0.5  A/s.  The  base  pressure  in  the 
chamber  was  8xlO‘8mbar,  which  increased  to  2xl0'7mbar  during  deposition.  An  oxide  layer  30  nm 
thick  was  created  on  the  sample  surface  by  wet  oxidation  at  1 100°C  and  then  removed  just  before 
deposition  by  etching  in  diluted  HF,  in  order  to  obtain  a  fresh  surface. 

Isochronal  (20  minutes)  thermal  annealing  of  the  samples  were  carried  out  in  vacuum,  at  a  pressure 
of  8x  1 0  ?mbar,  between  600  and  1000°C.  Rutherford  backscattering  spectrometry  (RBS),  performed 
with  a  1.6  MeV  4He+  beam,  was  used  to  determine  the  thickness  and  the  stoichiometry  of  the  films. 
X-ray  diffraction  (XRD)  measurement  were  performed  with  a  Bruker  AXS  D5005  diffractometer 
for  identification  of  the  silicide  phase  and  the  crystalline  structure.  Some  Ni/SiC  samples  were 
irradiated  at  room  temperature  with  300  keV  Ar+-ions,  at  a  fluence  of  2x1 015  ions/cm2  before 
annealing.  Cross  section  Transmission  Electron  Microscopy  (TEM)  was  used  to  monitor  the  quality 
of  the  silicide  /SiC  interface,  while  analytical  transmission  electron  microscopy  (EDX)  allowed  to 
determine  the  depth  distribution  of  all  elements  after  silicide  formation. 


Results  and  Discussion 

In  Fig.  1,  the  RBS  spectra  of  the  as-deposited  Ni/SiC  samples  and  those  of  the  samples  annealed  at 
600-800°C  are  shown.  The  deposited  Ni  film  is  uniform  and  has  a  thickness  of  1250x10 15  at/cm2, 
which  corresponds  to  about  140nm  when  using  a  value  of  9.1xl022  g/cm3  for  the  Ni  density.  After 
annealing  in  vacuum  at  600°C  for  20  min,  the  Ni  was  almost  completely  reacted,  apart  from  a  thin 
Ni  layer  (80x10  at/cm2  thick)  in  the  near  surface  region.  RBS  spectra,  simulated  by  using  the 
computer  code  RUMP  [9],  indicated  the  stoichiometry  of  the  nickel  silicide  Ni2Si  in  the  reacted 
region,  whose  thickness  was  1790xl015  at/cm2.  The  RBS  spectra  could  be  fitted  with  a  pure  Ni2Si 

layer,  containing  25  at.%  of  carbon 
uniformly  distributed  through  the 
layer.  A  similar  behaviour  was 
observed  after  annealing  at  800°C, 
where  no  unreacted  Ni  was  detected  in 
the  surface,  and  the  thickness  of  the 
formed  silicide  was  2000x10 15  at/cm2. 
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In  both  the  samples,  after  annealing, 
the  RBS  spectra  exhibit  a  broadening 
of  the  edge  relative  to  the  silicide/SiC 
interface,  indicating  the  presence  of  a 
rough  interface  and/or  surface.  No 
substantial  change  in  the  RBS  spectra 
were  observed  after  annealing  at 
1000°C.  Another  set  of  samples  was 
implanted  with  300  keV  Ar+-ions  after 
Ni  deposition.  At  this  energy,  the 
projected  ion  range  was  136  nm,  i.e 
approximately  the  depth  of  the  Ni/SiC 
interface,  while  the  straggling  was  60 
nm,  according  to  TRIM  simulation  [10].  After  irradiation  of  the  samples  no  mixing  between  Ni  and 
Si  or  Ni  and  C  occurs,  as  the  Ni  profile  extracted  from  RBS  analysis  was  the  same  like  the  one  of 
the  as  deposited  sample.  The  RBS  spectrum  of  the  implanted  sample  after  annealing  at  600  °C  is 
also  reported  in  Fig.  1.  In  this  case  complete  reaction  occurs  already  at  600°C,  with  the  formation  of 


Fig.  1:  RBS  spectra  of  the  Ni/SiC  sample  after  deposition 
and  annealing  at  600  and  800°C.  The  RBS  spectra  of  the 
samples  after  Ar+-irradiation  and  annealing  at  600  °C  is 
also  reported. 
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pure  N^Si,  without  any  residual  unreacted  Ni  surface  layer.  The  main  effect  of  ion-irradiation  is 
evident  in  the  RBS-spectra  on  the  edge  corresponding  to  the  silicide/SiC  interface,  which  becomes 
sharper  than  the  one  in  the  non-irradiated  samples. 

The  silicide  phase  formation  was  also  monitored  by  X-ray  diffraction.  The  XRD  spectra,  shown  in 
Fig.  2,  confirm  the  formation  of  polycrystalline  Ni2Si  already  after  annealing  at  600°C  in  both  the 

irradiated  and  non-irradiated 
sample.  The  peaks  in  the  XRD 
spectra  can  be  associated  to  the 
formation  of  Ni2Si  phase.  The 
coexistence  with  other  nickel 
rich  phases  like  Ni3i Sij2  already 
reported  in  Refs.  [3,11],  which 
should  be  the  first  phase  to  be 
formed  because  of  its  largest 
negative  enthalpy,  was  not 
detected  at  600°C.  Also  after 
annealing  at  higher 
temperatures  (800-1000°C)  no 
change  in  the  silicide  (Ni2Si) 
phase  occurred.  Moreover,  there 
35  40  45  50  55  was  no  evidence  of  nickel- 

20  carbide  formation  from  the 

XRD  analysis. 

Fig.  2:  XRD  spectra  of  the  Ni/SiC  samples.  The  Ni2Si  Cross  sect;on  TEM  of  the 

phase  forms  after  annealing  at  600°C.  samples  was  performed  in  order 

to  monitor  the  quality  of  the 

silicide/substrate  interface.  From  the  cross  section  TEM,  reported  in  Fig.  3,  the  improvement  of  the 
Ni2Si/SiC  interface  can  be  observed,  since  a  very  sharp  interface  is  present  only  in  the  sample 
irradiated  with  Ar+,  after  Ni  deposition. 

On  the  basis  of  RBS  and  TEM  results  one  can  try  to  explain  the  effect  of  ion-irradiation  on  the 

silicide/SiC  interface.  After  Ar+-irradiation,  at  least  a  thin  heavily  damaged  SiC  layer  is  created  in 

proximity  of  the  Ni  interface.  Obviously,  the  thermal  diffusivity  of  Ni  atoms  increases  in  the 

presence  of  damage.  Then  a  better  adhesion  of  the  deposited  film  and  the  enhanced  diffusivity  of  Ni 

into  the  damaged  SiC  layer  are  responsible  of  the  parallel  and  flat  interface.  In  fact,  in  the  as 

deposited  Ni  film  a  bad  adhesion  to  the  SiC  substrate  leads  to  a  non-uniform  growth  rate  of  the 

reacting  silicide  front  which 

roughens  the  interface  (see  left 

side  of  Fig.  3).  The  absence  of 

unreacted  Ni  in  the  irradiated 

sample  annealed  at  600°C 

demonstrates  the  enhancement 

of  the  reaction  kinetics,  i.e.  a 

higher  silicide  growth  rate, 

mostly  due  to  the  increased 

i  i  j  A  diffusivity  of  Ni  atoms  in  the 

Fig.  3:  Cross  section  TEM  of  the  Ni/SiC  samples  annealed  at  600  C,  , 

without  irradiation  (left)  and  after  irradiation  of  the  deposited  Ni  film  presence  o  amage  as 

compared  to  the  crystalline 

SiC.  Independent  of  ion- 
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irradiation,  however,  the  surface  of  the  samples  presents  a  high  roughness,  which  was  previously 
indicated  as  a  consequence  of  the  solid  state  reaction  resulting  in  the  formation  of  the  silicide  [12]. 

In  a  silicide  formation  on  SiC  it  is  inevitable  that  carbon  atoms  are  released  from  the  substrate.  In 
order  to  study  the  behaviour  of  carbon  during  the  consumption  of  the  crystalline  material  in  the 
reaction,  elemental  microanalysis  (EDX)  was  used.  As  can  be  seen  from  the  depth  profiles  reported 
in  Fig. 4,  after  annealing  of  the  samples  the  carbon  exists  as  pure  phase  and  is  uniformly  distributed 
through  the  silicide  layer.  A  weak  accumulation  of  carbon  at  the  silicide/SiC  interface  was  observed, 


0  100  200  300  400  500 


Depth  (nm) 

Fig.  4:  Depth  profiles  of  carbon,  silicon  and 
nickel  in  the  Ni/SiC  sample  annealed  at 
600°C,  determined  by  EDX.  The  position  of 
the  silicide/SiC  interface  is  also  indicated. 


both  from  the  peak  in  the  C  profile  and  from  the 
dips  present  in  the  Ni  and  Si  profiles  at  the  same 
depth.  It  is  plausible  that,  due  to  the  low  solubility 
of  C  in  Ni,  the  formation  of  graphite  precipitates 
occurs,  which  remain  trapped  at  the  interfacial 
sites  during  reaction. 

Conclusions 

In  conclusion,  the  formation  of  nickel  silicide 
(N^Si)  in  Ni/SiC  systems  was  observed  at  600°C. 
After  annealing  at  800°C  the  Ni  films  were 
completely  reacted.  It  was  also  demonstrated  that 
ion-irradiation  of  the  deposited  Ni  films  leads  to 
an  improvement  of  the  silicide/SiC  interface  and 
to  an  increased  reaction  kinetics.  All  these  effects 
were  attributed  to  a  better  Ni/SiC  adhesion  after 
irradiation  and  to  the  higher  mobility  of  Ni  atoms 
in  the  presence  of  induced  radiation  damage. 
Elemental  microanalysis  showed  that  the  carbon 
atoms  are  uniformly  distributed  through  the 
silicide  layer.  The  weak  accumulation  of  carbon 
at  the  silicide/SiC  interface,  can  be  due  to  the 
formation  of  graphite  precipitates,  which  remain 
trapped  at  the  interfacial  sites  during  reaction. 
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Abstract:  Advanced  transmission  electron  microscopy  techniques  have  been  used  to  study  strain 
formation  in  low  dimensional  structures  grown  by  molecular  beam  epitaxy  (MBE)  and  after  Ge+-  or 
Si+-ion  implantation  and  subsequent  annealing.  Convergent  beam  electron  diffraction  patterns 
(CBED)  show  that  the  lattice  parameter  a  of  defect-free  3C-SiC  MBE  quantum  films  corresponds  to 
that  of  cubic  bulk  SiC,  however  the  structure  is  rhombohedral  distorted.  A  highly  defective  3C-SiC 
layer  is  formed  after  room  temperature  implantation  of  Ge+  and  annealing.  Cracks  in  the  cubic  layer 
have  wide  strain  fields  which  result  in  a  6H^3C  polytype  transformation.  In  contrast  to  the  thin 
cubic  layers  grown  by  MBE,  the  resulting  cubic  stripes  are  not  distorted.  ALCHEMI  (atom  location 
by  channelling  enhanced  microanalysis)  experiments  in  combination  with  Bloch  wave  calculations 
suggested  that  for  certain  implantation  conditions  the  Ge  atoms  are  clustered  and  located  on  inter¬ 
stitial  positions,  straining  the  SiC  matrix.  Si  nanocrystals  formed  in  the  6H-SiC  matrix  by  Si  im¬ 
plantation  are  unstrained  although  stacking  faults  (SFs)  parallel  to  (0001)  planes  are  seen.  For  Si 
nanocrystals  grown  on  the  surface  of  cubic  SiC,  SFs  are  often  seen  propagating  from  the  3C-SiC 
layer  to  the  dot.  Crystals  that  are  5  to  15nm  in  size  grow  in  two  orientations  differing  in  the  misfit  to 
the  substrate  showing  in  both  orientations  only  a  little  strain  however  larger  crystals  grow  only  with 
the  orientation  relationship  of  (1 1  l)sic  //  ( 1 1 1  )si  and  (1 1 2)sic  //  (1 12)si- 


Introduction 

SiC  is  a  polytypic  material  and  has  the  advantage  over  most  other  semiconductors  that  devices  can 
be  constructed  from  the  same  chemical  compound  by  using  a  combination  of  the  cubic  and  hexago¬ 
nal  polytypes.  Because  of  its  high  thermal  conductivity,  high  break-down  electric  field  strength, 
high  thermal  stability  and  chemical  inertness,  it  has  an  extremely  wide  range  of  possible  applica¬ 
tions.  As  the  cubic  polytype  shows  a  large  conduction  band  discontinuity,  a  two  dimensional  elec¬ 
tron  gas  should  form  when  thin  cubic  quantum  films  are  stacked  in  a  hexagonal  matrix,  resulting  in 
possible  applications  in  the  field  of  intraband  optics.  Si  or  Ge  nanocrystals  incorporated  into  the  SiC 
matrix  are  expected  to  be  strained,  and  are  expected  to  have  a  direct  transition  and  an  increased 
band  gap  [1].  which  would  be  of  interest  for  the  development  of  effective  interband  optics.  In  addi¬ 
tion,  such  optical  devices  could  be  integrated  with  the  more  highly  developed  Si  technology.  How¬ 
ever  the  presence  of  defects  on  an  atomic  scale  and  unstrained  nanocrystals  can  be  detrimental  to 
the  properties  of  the  devices.  Defects  such  as  these  are  characterized  in  this  paper. 

Experimental 

Cross-sectional  TEM  foils  were  prepared  from  films  of  3C-SiC  grown  inside  hexagonal  SiC  by 
MBE  [2],  from  embedded  Si  nanocrystals  and  Ge  clusters  created  after  Si+  or  Ge+  ion  implantation 
and  subsequent  annealing,  and  from  free-standing  Si-  nanocrystals  grown  on  cubic  SiC  by  MBE  [3]. 
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Standard  TEM  preparation  techniques  [4],  included  mechanical  polishing,  dimpling  and  low  angle 
Ar-ion  milling.  The  specimens  were  examined  using  JEOL-3010  and  JEOL-2010  electron  micro¬ 
scopes.  High-resolution  (HR)  electron  micrographs  were  obtained  at  300kV  at  the  [1 1-20]  zone  axis 
of  the  6H-SiC  matrix.  Image  processing  was  carried  out  using  Gatan  Digital  Micrograph  software. 
CBED  patterns  were  obtained  at  lOOkV  included  reflections  that  are  sensitive  to  small  deviations  in 
lattice  parameters.  Samples  are  cooled  to  liquid  nitrogen  temperature  to  reduce  the  contamination. 

The  site  occupancy  of  Ge  atoms  in  Ge+  implanted  specimens  was  determined  using 
ALCHEMI  [5].  The  microscope  was  operated  at  lOOkV.  Bloch  state  calculations  were  performed 
prior  to  the  experiment  in  order  to  determine  systematic  orientations  separating  Ge  interstitial  and 
atom  sites  into  alternating  non-equivalent  planes  and  to  determine  the  exact  tilt  condition  for  the 
excitation  of  single  states.  The  program  of  Tsuda  and  Tanaka  [6]  which  is  based  on  full  dynamical 
calculations  was  used.  The  characteristic  X-ray  emission  was  measured  from  the  elements  of  inter¬ 
est  (Si,  C  and  Ge)  at  the  [12-30]  zone  axis  and  at  tilts  of  (l/2g,  lg,  3/2g,  2g  and  5/2g)  with  g-[0006] 
(parallel  to  c*).  EDS-measurements  were  repeated  at  different  places  to  ensure  their  reproducibility. 
Parallel  beam  conditions  were  used  in  thin  specimen  areas  to  produce  a  strong  channelling  effect. 

Results  and  Discussion 


Fig.  la  shows  a  dark  field  TEM  image  of  a  system 
of  3C  and  4H-SiC  thin  films  grown  on  4H-SiC. 
The  substrate-layer-interface  can  only  be  identified 
from  strain  contrast  which  may  arise  from  sub- 
/btllll^S  strate  imperfec- 
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Fig.  la  TEM-DF  image  of  a  4H-3C-SiC  layered 
system  grown  on  4H-SiC. 


grown  far  from 

cal  equilibrium  Fig.  la  TEM-DF  image  of  a  4H-3C-SiC  layered 
conditions>  re-  system  §rown  on  4H-SiC. 

spectively,  as  was  described  more  fully  elsewhere  [7].  For  CBED 
analysis,  the  [661]  3C-SiC  zone  axis  was  chosen.  In  this  orienta- 
tion’ the  higher  order  Laue  zone  (HOLZ)  reflections  are  symmet- 
rical  along  the  direction  indicated  by  the  grey  broad  perpendicu- 
Fig.  lb  [661]  CBED  pattern  ob-  lar  line  in  the  middle  of  Fig.  lb.  The  CBED  pattern  was  obtained 

bTwWtTV1?6 -rep-0n. md,cated  from  a  region  marked  by  a  circle  in  Fig.  la.  Distortion  from  mir- 
y  a  w  ite  circ  e  in  ig.  a.  ror  Symmetry  can  seen  at  p0jnts  m3irked  by  an*ows.  It  may 

be  caused  by  the  however  small  difference  in  the  lattice  parameters  between  the  hexagonal  and  cu¬ 
bic  phase.  Dynamical  simulations  were  used  to  match  the  pattern  to  lattice  parameters  of  a  = 
0.4359nm  ±  0.0002nm  and  a  =  88.7°±.0.2°.  (Details  about  lattice  parameter  determination  by 
CBED  are  given  elsewhere  [8]). 

Fig.  2a  shows  a  highly  defective  cubic  SiC  layer  produced  by  room  temperature  implanta¬ 
tion  of  Ge  (dose:  1016  cm2)  and  annealing  at  1200°C.  A  phase  transformation  has  occurred  from 


Fig.  lb  [661]  CBED  pattern  ob¬ 
tained  from  the  region  indicated 
by  a  white  circle  in  Fig.  la. 


the  hexagonal  to  the  cubic  over  the  atomically  disordered  structure.  This  process  is  accompanied  by 
a  volume  decrease,  and  cracks  appear  in  the  cubic  layer.  These  cracks  are  surrounded  by  a  wide 
strain  field  [9],  and  as  a  result  polytypic  transformations  take  place  very  deep  inside  the  hexagonal 
matrix  (Fig.  2b).  CBED  at  the  [661]  zone  axis  from  this  cubic  stripe  shows  that  cubic  symmetry  is 
still  present.  In  conclusion,  the  thin  cubic  layers  show  a  small  rhombohedral  distortion  when  they 
grow  by  MBE,  which  is  not  present  after  the  rapid  polytype  transformation  caused  by  strain. 
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Fig.  2  TEM  images  of  Ge  implanted  and 
annealed  (1200°C)  SiC  showing  crack-  ALCH 
induced  polytype  changes  deep  inside  the  EMI 
substrate  (a)  DF-image;  (b)  HR  from  the 
black  square  shown  in  a)  ^  J 

used  to 

determine  the  preferred  site  occupancy  of  Ge  in 
the  less  strained  region.  Bloch  wave  calculations 
were  carried  out  to  enable  the  determination  of 
optimal  tilt  conditions  for  the  excitation  of  atoms 
on  lattice  and  interstitial  sites.  Fig.  3c  shows  that 
the  [12-30]  zone  axis  incidence  fulfils  the  neces¬ 
sary  conditions.  In  Fig.  3d,  X-ray  emission  counts 
at  the  [12-30]  zone  axis  incidence  for  C  and  Ge 
are  related  to  the  Si  counts,  which  were  taken  as  a 
reference  obtained  from  exciting  the  0003,  0006, 
0009,  00012,  00015  reflections,  respectively.  The 
area,  which  was  illuminated  under  parallel  beam 
condition,  corresponds  to  the  circle  shown  in  Fig. 
3a.  The  Ge/Si  count  rate  shows  an  increase  with 
tilt  above  3/2  g  (g=0006),  whereas  the  C/Si  count 
rate  already  increases  at  small  deviations  from  the 
exact  zone  axis  condition.  Ge  atoms  thus  occupy 
interstitial  positions  within  the  SiC  lattice,  how¬ 
ever  they  do  not  necessarily  only  occupy  these 
positions.  Molecular  dynamic  calculations  com¬ 
bined  with  HR-image  simulations  for  different 
incorporation  models  are  in  progress  to  obtain  a  fit 
to  the  experimental  HR  image. 

Implantation  at  the  same  conditions  and 
annealing  at  higher  temperatures  led  to  the  forma¬ 
tion  of  Ge-  and  Si-  dots  inside  the  SiC  matrix.  Fig. 
4a  shows  an  overview  image,  in  which  the  white 
square  corresponds  to  the  Si  crystal  shown  in 
Fig.  4b.  The  lattice  spacing  measured  in  the  FT 
in  Fig.  4c  corresponds  to  the  111  spacing  in  cu¬ 
bic  Si  .  Stacking  faults  are  present  in  (111) 
planes,  just  as  in  the  hexagonal  matrix,  and  re¬ 
sult  in  a  Si  nanocrystal  with  a  hexagonality  of 
40%.  In  the  Fourier  filtered  image  shown  in  Fig. 
4d,  the  white  arrows  mark  the  SFs. 


The  dark-field  TEM  image  in  Fig.  3  a  shows  a 
highly  strained  crystalline  region  of  the  SiC  lattice  pro¬ 
duced  after  high  temperature  implantation  (700°C)  of 
Ge+  (dose:  10 16  cm-2)  and  annealing  at  1200°C,  origi¬ 
nating  from  a  high  density  of  point  defects  (interstitials 
and  vacancies),  as  well  as  planar  and  line  defects.  The 
Ge  EDS  signal  obtained  along  the  line  marked  in  Fig.  3a 
is  shown  in  Fig.  3b.  It  is  interesting  to  note  Ge  is  also 
present  in  the  less  strained  region  adjacent  to  the  dark 
region  showing  strong  strain  contrast.  As  no  crystalline 
Ge-  containing  precipitates  formed  under  these  condi¬ 
tions,  _  _  _ 
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Fig.  3  a)  DF  TEM  image  of  Ge+  implanted  SiC  show¬ 
ing  two  regions  of  different  strain  contrast;  b)  EDS-Ge 
content  along  the  tine  marked  in  a);  c)  calculated  ex¬ 
citations  of  Bloch  states  for  Si,  C  and  an  interstitial 
position  at  the  [12-30]  zone  versus  tilt;  d)  experimental 
EDS  signal  versus  tilt  from  [12-30]  zone  in  <000 1  > 
direction 
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Fig.  4  a)  BF  TEM  image  of  Si+  implanted  and  annealed  SiC;  b)  HRTEM  image  obtained  from  the  region  marked  by 
the  white  square  in  a)  showing  a  Si  dot  in  the  SiC  matrix;  c)  FT  of  b);  d)  Fourier  filtered  image  with  arrows  marking 
stacking  faults  inside  Si  dot. 


Si  dots  that  are  5  to  15nm  in  size  can  be  grown  on  the  surface  of  cubic  SiC  by  MBE  in  two  different 
orientations  which  have  misfits  to  the  substrate  of  1.6%  and  24.5%.  The  orientation  relationship  at 
[110]  zone  between  the  dot  and  the  substrate  is  (1 1  l)SiC  //  (220)Si  and  (1  l-2)Sic  //  (002)Si  for  the  low 
misfit  case  and  is  (1 1  l)SiC  //  (11  l)Si  and  (1 12)Sic  //  (1 12)si  for  the  high  misfit  case.  SFs  are  also  often 
created  in  these  dots  as  a  consequence  of  a  SF  propagating  through  the  cubic  layer.  Although  no 
significant  strain  could  be  imaged  by  CBED  it  was  determined  that  crystals  larger  than  20nm  grow 
only  with  the  orientation  relationship  of  (1 1  l)Sic  //  (1 1  l)$i  and  (1 12)Sjc  //  (1 12)Si. 


Conclusions 

Thin  defect-free  cubic  MBE  layers  embedded  in  4H-SiC  layers  are  strained  and  have  a  rhombohe- 
dral  distortion.  The  lattice  parameters  of  the  cubic  layers  were  derived  from  a  fit  between  experi¬ 
mental  CBED  patterns  and  fully  dynamically  simulation.  Cubic  stripes,  which  form  in  the  hexago¬ 
nal  SiC  matrix  as  result  of  strain-induced  polytype  transformation,  are  unstrained  and  it  is  possible 
that  now  the  hexagonal  matrix  becomes  strained  to  relax  the  however  small  misfit  between  the  cu¬ 
bic  and  hexagonal  SiC.  Implantation  causes  damage,  disorder  and  strain  in  a  matrix.  Here  regions  of 
Ge  incorporation  are  not  necessarily  found  to  be  associated  with  the  presence  of  greatest  lattice 
damage.  ALCHEMI  showed  that  in  a  region  that  is  less  strained,  a  significant  number  of  Ge  atoms 
are  preferentially  located  at  interstitial  positions. 

Si  dots  in  a  SiC  matrix  and  Si  dots  on  the  surface  of  SiC  both  showed  a  high  probability  of 
SF  propagation  into  the  dots.  As  the  crystals  are  not  substantially  strained,  these  SFs  may  also  pre¬ 
vent  the  dots  from  becoming  strained. 
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Abstract 

The  quality  of  large  diameter  6H-SiC  single  crystals  is  strongly  dependent  on  the  composition  of 
the  vapour  phase  and  the  thermal  conditions  inside  the  growth  chamber.  Both  are  also  influenced  by 
the  composition  and  structure  of  the  SiC-source  and  its  change  during  the  growth  run.  To 
investigate  the  formation  and  distribution  of  defects  like  micropipes  and  inclusions,  a  special  series 
of  crystals  were  grown  by  the  Modified  Lely  Method  on  the  (OOOl)silicon  face  of  the  seed  wafer. 
The  starting  composition  of  the  source  material  was  varied  while  the  other  growth  conditions  were 
kept  nearly  constant.  In  the  investigated  range  the  number  of  defects  detected  at  the  crystal  surface 
and  the  average  growth  velocity  showed  an  inverse  behaviour  related  to  the  silicon  content  in  the 
source.  Furthermore,  the  concentration  of  nitrogen  dopants  was  increased  with  the  silicon  content 

Introduction 

One  of  the  serious  problems  in  vapour  phase  growth  of  6H-SiC  single  crystals  at  high  temperatures 
in  porous  graphite  crucibles  is  the  loss  of  material,  especially  silicon,  during  the  growth  run.  Beside 
seed  quality,  the  formation  of  defects  and  their  distribution  in  the  crystal  is  strongly  influenced  by 
the  composition  of  the  vapour  phase  and  the  thermal  conditions  inside  the  growth  chamber.  They 
are  also  dependent  on  the  composition  of  the  SiC-source  and  its  change  during  the  growth  process. 
The  role  of  the  powder  source  is  controversially  discussed  in  the  literature.  The  thermal  conditions 
within  the  powder  determine  the  vapour  pressures,  the  mass  fluxes  towards  the  seed,  and  additional 
effects  like  sintering  and  graphitisation.  There  exist  large  radial  variations  along  the  powder  surface 
and  the  temperatures  in  the  powder  are  highly  inhomogeneous  [1].  Furthermore,  the  thermal 
conductivity  of  the  powder  and  of  the  solid  (sintered)  source  are  different  and  so  the  grain  size 
should  have  a  strong  influence,  too.  On  the  other  hand,  for  a  given  set  of  growth  parameters  the 
composition  of  the  source  seems  to  be  less  important  for  the  crystal  quality  than  the  conditions  near 
the  growth  surface.  In  this  paper  the  polytype  structure  and  the  mechanochemical  activation  [2] 
were  neglected.  The  3C-6H  conversion  is  running  in  the  same  way  (apart  from  the  sintered  source) 
and  the  SiC-source  powder  milling  was  not  applied. 

Experimental  procedure 

To  investigate  the  distribution  of  defects  like  micropipes  and  inclusions,  which  has  been  identified 
as  C-particles  [3],  a  special  series  of  crystals  with  30  mm  diameter  were  grown  by  the  Modified 
Lely  Method  in  an  inductively  heated  furnace  on  the  silicon  face  of  a  seed.  The  growth  conditions 
(growth  time,  crucible  geometry,  temperature  range  between  2100°C-2400°C,  Ar-pressure  between 
5-50  hPa)  were  kept  nearly  constant.  Only  the  starting  composition  of  the  source  material  was 
varied.  Beginning  with  a  powder  source  containing  1%  silicon  excess,  in  the  following  runs  the 
sublimated  species  were  replaced  by  SiC  powder  from  the  same  charge  after  removal  of  the 
graphite  layer.  Finally,  a  growth  run  was  started  with  the  pure  sintered  solid  SiC-source. 

The  amount  of  the  original  charge  material  was  much  more  than  the  loss  after  one  growth  run. 
Seeds  prepared  from  the  same  crystal  were  used  to  eliminate  the  influence  of  different  seed  defect 
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densities.  The  crystals  were  cut  and  polished  parallel  to  the  <000 1>  growth  direction.  The 
distribution  of  the  defects  along  the  growth  direction  and  on  the  crystal  surface  was  investigated  by 
Optical  Microscopy. 


Results  and  discussion 

The  surface  of  a  crystal  grown  from  a  powder  source  (type  1)  in  Fig.l  and  from  a  sintered  one  (type 
3)  in  Fig.2  appear  different  regarding  to  the  number  of  defects  such  as  micropipes,  thermal  etch  pits 
or  small  bubble  like  scattering  centres  (voids)  which  were  detected  at  the  surface.  The  morphology 
of  the  facet  was  also  different.  A  decreased  number  of  defects,  especially  outside  of  the  facet,  with 
an  increased  share  of  SiC-  powder  was  found.  While  the  facets  of  the  type  1  crystals  were  more 
smooth  with  small  meander-like  growth  steps,  type  3  crystals  showed  a  more  rough  structure  with 
many  local  disturbances  caused  by  step  bunching. 


Fig.l  crystal  grown  from  a  SiC-powder  source 
(type  1) 


Fig.2  crystal  grown  from  a  sintered  source 
(type  3) 


This  behaviour  can  be  explained  by  the  strong  influence  of  the  silicon  content  on  the  composition  of 
the  vapour  phase  and  the  defect  generation  especially  during  the  first  growth  steps.  The  growth 
parameters  were  nearly  the  same  except  for  the  different  thermal  conductivity  of  the  powder  and  of 
a  sintered  solid  SiC-source.  To  deposit  stoichiometric  solid  SiC  [4]  in  a  closed  system,  a  non 
stoichiometric  vapour  phase  composition  with  a  silicon  excess  in  relation  to  the  carbon  containing 
species  at  the  given  temperature  range  is  necessary.  Caused  by  silicon  loss  through  the  graphite 
container  and  the  alteration  of  the  source,  the  silicon  deficiency  on  the  carbon  side  of  the  phase 
diagram  increases  and  the  system  is  more  shifted  away  from  the  stoichiometry.  In  the  case  of  the 
new  or  replaced  powder  source,  we  have  a  noticeable  amount  of  additional  silicon  which  was  added 
to  the  stoichiometric  powder  in  contrast  to  the  sintered  source  which  consists  only  of  stoichiometric 
SiC  without  additional  silicon.  Therefore,  the  system  will  be  shifted  more  towards  the  equilibrium. 
The  surface  of  a  sintered  source  was  covered  by  a  smaller  graphite  layer  of  higher  density  than  the 
surface  of  a  powder  source.  The  powder  density  is  lower  and  the  incongruently  evaporated  surface 
is  much  larger.  So  the  source  efficiency  and  the  silicon  excess  are  increased  for  a  longer  time. 
Previously  we  have  shown  that  a  composition  of  the  vapour  phase  closer  to  the  equilibrium  creates 
more  favourable  conditions  for  a  low  defect  growth  realised  by  regular  step  flow  without  step 
bunching  especially  at  the  beginning  of  the  growth  process  [5]. 

The  distribution  of  defects,  preferably  inclusions,  parallel  to  the  growth  direction  is  shown  in  a  type 
1  crystal  grown  from  a  powder  source  (Fig.3),  a  type  2  crystal  grown  from  a  source  with 
replacement  of  the  sublimed  powder  (Fig.5)  and  a  type  3  crystal  grown  from  a  sintered  source 
(Fig. 4).  To  compare  the  inclusion  density  and  distribution,  a  micropipe-free  region  close  to  the 
centre  part  of  the  crystal  was  chosen.  It  was  revealed  that  the  density  of  inclusions,  carbon  particles 
or  voids  with  inner  walls  decorated  by  graphite,  was  lower  by  using  a  sintered  source,  somewhat 
higher  for  the  powder  source  and  highest  for  the  source  with  replacement  of  the  powder.  This  is  in 
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contradiction  to  the  vapour  phase  composition  model  and  further  investigations  are  necessary. 
Furthermore,  the  inclusions  were  almost  absent  at  the  beginning  of  the  growth  process  for  sources 
consisting  completely  or  partly  of  powder  (Fig.3+Fig.5).  In  the  case  of  a  sintered  source  (Fig. 4),  the 
concentration  of  inclusions  increased  and  striation-like  arrangements  of  inclusions  occured  after 
half  of  the  growth  time.  The  striation  arrangement  was  stronger  at  the  end  of  type  2  crystals  and  has 
not  been  seen  in  crystals  of  type  1 .  This  can  not  be  related  to  the  excess  silicon  content  of  the 
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Fig. 3  Crystal  of  type  1  Fig.4  Crystal  of  type  3 
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vapour  phase.  Although  an  influence  of  the  silicon  content  on  the  inclusion  density  was  revealed,  it 
has  to  be  mentioned,  that  the  main  prerequisites  for  the  reduction  of  the  inclusions  are  a  moderate 
growth  temperature  and  a  proper  ratio  between  supersaturation  and  temperature  gradient.  Both  are 
defined  preferably  by  the  temperature  difference  between  source  and  seed  and  the  geometry  of  the 
system. 

With  increasing  silicon  content  in  the  source,  an  increase  of  the  growth  rate  was  found  during  the 
first  growth  stages  [6].  The  carbon  for  these  stages  comes  from  the  reaction  of  silicon  with  the 
crucible  wall  [7]  and  not  from  the  source,  located  at  greater  distance.  Nevertheless,  the  average 
growth  rate  was  reduced  for  a  powder  source  in  comparison  to  a  sintered  source.  This  may  result 
from  a  higher  transport  resistance  of  the  thicker  graphite  layer  in  relation  to  the  sintered  source  and 
transport  processes  within  the  source,  decreasing  the  initially  higher  evaporation  efficiency  of  the 
source  substantially.  Additionally,  the  carbon  containing  minority  species  have  to  diffuse  through 
the  silicon  majority  component. 

The  increased  nitrogen  incorporation  found  in  crystals  grown  from  the  powder  source  compared 
with  the  sintered  source  can  be  explained  by  a  higher  content  of  residual  nitrogen  and  from  dopant 
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Fig.5  Crystal  of  type  2 
cut// <0001  > 

\ 


inclusion  striations 


♦ 


1000pm 


marking  adhesive  to  the  larger  powder  surface.  On  the  other  hand  an  axial  decrease  of  nitrogen 
incorporation  was  observed.  In  type  2  crystals  an  increased  nitrogen  background  concentration  of 
3x10  cm'  has  been  found  because  of  the  large  nitrogen  contaminated  powder  surface.  During  the 
growth  run  a  sintering  and  purification  process  took  place  lowering  the  background  concentration  to 
3xl016  cm'3. 

Conclusions 

It  was  found  that  the  number  of  defects  detected  at  the  crystal  surface  was  inversely  proportional  to 
the  silicon  content  in  the  source  in  the  investigated  range.  The  same  dependence  was  registered  for 
the  average  growth  velocity.  Furthermore,  the  growth  kinetics,  especially  the  structure  of  the  growth 
steps  at  the  facet,  was  improved  by  silicon  excess. 
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Abstract.  Two  inch  6H-SiC  wafers  have  been  studied.  Examination  of  these  wafers  by  cross 
polarizer  showed  black  and  white  stripes  which  corresponded  to  sub-grain  boundaries.  The 
creation  of  these  stripes  was  influenced  by  thermal  expansion,  the  shape  of  bulk  surface  etc. 
This  phenomena  was  confirmed  by  XRD.  Two  areas  were  identified  by  XRD  analysis  where 
sub-grain  boundaries  were  easily  created  or  not. 

1.  Introduction 

From  the  device  fabrication  point  of  view,  high  quality  and  large  size  SiC  wafers  are  needed. 
Recently,  the  fabrication  of  mono  crystalline  SiC  bulk  wafers  with  diameters  up  to  100mm 
have  been  reported  [1].  However,  there  are  no  reports  about  problems  which  occur  when  SiC 
bulk  crystals  are  enlarged,  e.g.,  the  effect  of  inhomogenity  of  the  substrate  temperature.  Some 
defects,  especially  micropipes  and  planar  defects  have  been  studied  [2], [3], [4].  In  this  report, 
some  problems  related  to  defects  and  crystallinity  were  investigated  using  2  inch  SiC  wafers. 

2.  Experimental  Procedure 

A  6H-SiC  bulk  crystal  was  grown  by  sublimation  method.  The  growth  temperature  of  the 
bottom  and  top  of  crucible  was  about  2400  and  2250  °C,  respectively.  The  growth  pressure  of 
Ar  was  about  45  Torr.  The  graphite  crucible  was  heated  by  rf  induction.  The  grown  6H-SiC 
bulk  crystal  was  cut  into  (0001)  wafers. 

3.  Investigation  of  wafers  by  some  images 

Figured  shows  the  optical  image  of  3  wafers.  Figured  (a),  (b)  and  (c)  were  the  wafers  cut 
from  different  positions  in  the  bulk  crystal  which  were  about  26.5mm(wafer  A),  19mm(wafer  B) 
and  15. 5mm( wafer  C)  from  the  substrate,  respectively.  In  these  wafers,  there  are  some  stripes 
or  dark  zones  which  were  caused  by  doping  impurities  such  as  N,  B,  A1  etc.  Nitrogen  which 
shows  green  stripes  was  easily  doped  in  grown  layer  at  early  stages  of  the  growth.  The  black 
dark  areas  were  identified  as  p-type  by  hot  probe  measurement.  These  impurities  were  not 
intentionally  doping. 

Figure. 2  shows  cross  polarized  images  of  the  same  wafers  of  Figured.  These  wafers  were 
observed  under  two  polarized  plates  in  the  dark  condition  (cross  Nicole  condition).  In  this 
condition,  if  the  wafer  is  not  distorted,  the  image  should  be  homogeneously  dark.  However, 
dark  and  white  regions  are  mixed  together  as  shown  in  Figure. 2.  The  existence  of  the  dark 
and  white  stripes  suggests  the  existence  of  distortion.  The  area  near  the  edge  of  the  wafer 
has  a  lot  of  stripes  in  all  wafers.  The  origin  of  the  distortion  is  thought  to  be  due  to  several 
reasons.  The  distortion  at  the  edge  area  of  the  wafer  is  believed  to  be  caused  by  the  difference 
of  thermal  expansions  between  the  graphite  crucible  and  SiC  bulk  crystal.  As  the  size  of  the 
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substrate  becomes  larger,  the  influence  of  thermal  expansion  becomes  larger  and  the  crystal  is 
easily  distorted.  The  area  of  distortion  of  figure. 2  corresponds  to  the  stripes  which  was  made 
by  inclusion  doping  of  figure.  1.  S.K.Lilov  et  al  reported  the  strains  caused  by  the  heterogeneous 
distribution  of  inclusion  can  enhance  the  formation  of  lattice  defects  and  dislocations^]. 

In  Figure. 2  (a),  a  heavily  distorted  area  is  observed  compared  to  other  wafers  in  the  center 
area.  This  phenomena  was  influenced  by  the  shape  of  top  surface  of  grown  layer.  The  bulk 
surface  was  convex  for  every  growth  run.  This  phenomena  suggests  that  the  growth  rate  was 
different  between  center  and  edge  area  of  substrate.  We  believe  that  this  difference  in  growth 
rate  is  related  to  the  temperature  gradient  on  the  substrate.  Consequently,  a  thermal  stress 
field  was  created  on  the  bulk  and  formed  the  sub-grain  boundaries. 


(a)  Wafer  A  (b)  Wafer  B  (c)  Wafer  C 

Fig.l  Photo  image  of  6H-SiC  wafers  cut  from  the  same  bulk 


(a)  Wafer  A 


(b)  Wafer  B 

Fig.  2  Cross  polarized  image  of  6H-SiC  wafers 


(c)  Wafer  C 


4.  Investigation  of  wafer  by  XRD 

The  stripes  in  the  images  of  Figure. 2  correspond  to  the  sub-grain  boundaries.  They  were 
investigated  in  more  detail  by  XRD  (X-ray  diffraction).  XRD  measurements  were  carried  out 
using  a  four-crystal  monochromator  with  CuKal  radiation.  To  characterize  the  crystal  quality, 
the  X-ray  rocking  curve  was  measured.  Two  wafers  were  measured  in  two  configurations  as 
shown  in  figure.3(a)  and  4.  In  the  configurations,  FWHM(Full  Width  at  Half  Maximum)  and 
the  peak  angle  w  were  measured.  Type  c*  means  that  the  incident  X-ray  was  along  (1120)  and 
measured  points  were  along  (1100).  Type  f3  means  that  the  incident  X-ray  was  along  (1100) 
and  measured  points  were  along  (1120).  The  minimum  FWHM  was  32.4  sec.  These  wafers  were 
cut  off-axis  along  (1100).  So,  in  figure. 4(b),  the  peak  position  of  wafer  B  type  j3  was  lower  than 
other  data. 

The  results  of  Type  a  of  wafer  A  and  B  are  compared.  FWHM  became  larger  and  the  peak 
position  to  were  shifted  near  the  edge  of  both  wafers.  But  FWHM  of  wafer  A  was  larger  than 
that  of  wafer  B  on  left  side  of  figure. 4(a)  area.  This  result  corresponded  to  the  results  of  cross 
polarized  image. 

The  results  of  Type  a  and  (3  of  wafer  B  were  compared.  Type  a  had  a  lot  of  changes  both 
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of  FWHM  and  u.  But  Type  j3  results  were  very  flat.  It  suggested  the  existence  of  areas  where 
sub-grain  boundaries  were  easily  formed  and  vice-versa. 


Fig. 3  The  measurement  points  and  the  direction  of  incident  X-ray 


(a)  FWHM 

Fig. 4  The  results  of  FWHM  and  peak 


-20  -10  0  10  20 
Position  from  center  (mm) 


(b)  Peak  position  u 
position  lj  at  each  points  by  XRD 


Areas  where  the  sub-grain  boundary  is  easily  formed  were  studied  by  measuring  some  points 
which  were  19  mm  distant  from  the  center.  The  point  along  (1100)  was  labeled  0  deg.  and  the 
point  along  (1120)  was  labeled  90  deg.,  as  shown  in  figure. 3(b).  The  direction  of  incident  X-ray 
was  perpendicular  to  the  direction  connecting  the  center  to  each  point.  Figure. 5  shows  the 
results  of  the  analysis.  This  wafer  was  tilted  along  (1100).  So  the  peak  point  shifted  at  each 
measurement  point. 

There  were  a  lot  of  peaks  at  0  degree.  But  the  number  of  peaks  decreased  as  also  the  FWHM 
at  30  degree.  Then  the  FWHM  and  the  number  of  peaks  increased  at  45  deg.  and  60  deg.  again. 
At  75  and  90  deg.,  there  were  some  sub  peaks,  but  the  intensity  was  small.  From  these  results, 
0  deg.  and  60  deg.  were  the  easiest  identified  as  angles  to  form  sub-grain  boundary.  The  area 
which  was  perpendicular  to  (1120)  is  more  easily  susceptible  to  the  formation  of  sub-grain 
boundary.  Takahashi  et  al.  found  the  boundaries  are  edge  dislocation  walls  having  a/3(1120) 
Burgers  vectors[6].  The  slip  vector  was  (1120).  So  the  stripe  of  the  interface  which  was  a  sub¬ 
grain  boundary  appeared  on  (1100). 
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Fig. 5  The  dependence  of  the  spectrum  of  XRD  at  each  degree 


5.  Conclusion 

There  were  a  lot  of  sub-grain  boundaries  in  the  2  inches  6H-SiC  wafers  examined.  At  the  edge 
of  the  wafer,  thermal  expansion  between  graphite  crucible  and  SiC  bulk  crystal  and  inclusion 
doping  influenced  the  distortion.  The  boundaries  at  the  center  of  the  wafer  are  influenced  by  the 
shape  of  the  surface  of  grown  layer.  Where  there  were  too  many  sub-grain  boundaries,  FWHM 
of  XRD  became  large  and  peak  angle  lj  was  shifted. 

The  sub-grain  boundary  created  easily  along  (1100)  direction. 
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Abstract.  Damage  created  by  implantation  of  AT  ions  into  4H-SiC  is  characterized  using 
Backscattering  Spectrometry  in  combination  with  channeling.  The  measurability  of  the  damage 
profile  in  the  carbon  sublattice  was  demonstrated  using  the  4260  keV  12C(a,a)12C  resonance.  To 
create  disorder,  Al+  ions  with  energy  of  200  keV  and  350  keV  were  implanted  at  room 
temperature.  As  an  independent  method,  cross-sectional  transmission  electron  microscopy  was 
used  to  study  the  damage  structure  in  irradiated  4H-SiC. 

Introduction 

The  only  practical  method  to  selectively  dope  defined  regions  of  SiC  is  ion  implantation.  The 
implantation  process  is  not  constrained  by  thermodynamic  limitations  and  allows  species  of  very 
low  diffusivities  to  be  easily  introduced.  However,  ion  beam  irradiation  damages  the  crystal  lattice 
of  SiC  [1-6]  and  many  aspects  of  the  damaging  process  have  not  been  yet  completely  clarified. 
Aluminum  has  received  a  great  deal  of  attention  as  acceptor  in  SiC  due  to  its  low  activation  energy 
(0.24  eV). 

The  overwhelming  majority  of  the  ion  beam  analytical  investigations  focused  on  the  study  of 
disorder  created  by  ion  bombardment  only  in  the  silicon  sublattice  of  single  crystalline  SiC.  In  the 
Backscattering  Spectrometry  in  combination  with  channeling  (BS/C)  experiments  performed  in  the 
energy  region  where  the  cross  section  is  Rutherford  type  for  the  carbon,  the  small  peak  originated 
from  the  displaced  carbon  atoms  is  superimposed  on  the  large  background.  This  fact  does  not 
allow  evaluation  of  damage  in  the  carbon  sublattice.  Nuclear  reaction  or  non-Rutherford  elastic 
scattering  methods  are  used  to  obtain  concentration  of  low  atomic  number  constituent  in  a 
compound  sample.  Nashiyama  et  al.  applied  the  12C(d,p)13C  nuclear  reaction  and  deuteron  BS/C 
method  for  investigation  both  carbon  and  silicon  atom  displacements  in  virgin  and  proton 
irradiated  3C-SiC  [7].  In  our  present  studies  ion  implanted  SiC  samples  were  investigated  by  high 
energy  BS/C.  Using  the  4260  keV  12C(a,a)12C  resonance,  the  scattering  cross  section  for  carbon 
enhanced  by  a  factor  of  hundred  as  compared  to  the  Rutherford  cross  section,  can  be  reached. 
Additionally,  cross-sectional  transmission  electron  microscopy  (XTEM)  was  applied  to  study  the 
buried  disorder. 

Experimental 

Single  crystalline  4H-SiC  samples  (from  CREE  Res.  Inc.)  were  implanted  with  200  keV  and 
350  keV  Al+  ions  at  room  temperature.  In  the  case  of  200  keV  the  implanted  fluences  were 
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4xl013/cm2  and  8xl013/cm2.  For  350  keV  implantation  the  fluence  was  4xl013/cm2. 

Ion  beam  studies  were  performed  in  a  scattering  chamber  with  a  two-axis  goniometer  connected  to 
our  5  MV  Van  de  Graaff  accelerator.  The  He+  beam  was  collimated  with  two  sets  of  four-sector 
slits  to  the  dimensions  of  0.5x0. 5  mm2,  while  the  beam  divergence  was  kept  below  0.04  deg.  In  the 
scattering  chamber  the  vacuum  was  better  than  lxlO'4  Pa  using  liquid  N2  cooled  traps  along  the 
beam  path  and  around  the  wall  of  the  chamber.  Backscattered  He  ions  were  detected  using  an 
ORTEC  surface  barrier  detector  mounted  in  Cornell  geometry  at  a  scattering  angle  of  165°.  To 
increase  the  depth  resolution  at  the  surface  in  some  cases  a  glancing  detection  angle  of  97°  was 
used.  To  reduce  the  damage  created  by  the  analyzing  beam  itself  [8-9]  a  low  current  of  5  nA  was 
used  during  the  measurements  and  monitored  by  a  transmission  Faraday  cup  [10].  BS  spectra  were 
evaluated  using  the  RBX  code  [11]. 

The  specimen  for  XTEM  was  prepared  by  ion  beam  milling.  The  specimen  was  investigated  in  a 
Philips  CM20  electron  microscope  (TWIN  configuration). 

Results  and  discussion 

The  damage  distribution  created  by  200  keV  8xl013  AlVcrn2  implantation  was  investigated  by 
BS/C  using  the  3500  keV  He+  beam  and  XTEM.  Fig.  1  shows  the  97°  BS  channeled  and  random 
spectra  together  with  the  cross-sectional  TEM  micrograph  of  the  same  sample.  In  the  aligned  BS 
spectrum  the  broad  peak  behind  the  Si  surface  peak,  which  reaches  the  random  level,  indicates  a 
buried  amorphous  layer.  A  slightly  damaged  region  near  the  surface  can  also  be  observed,  since 
the  depth  resolution  for  silicon  at  the  surface  is  about  8  nm  [12],  This  slightly  damaged  region  is 

manifested  also  in  the  higher  yield  in  the 
surface  peak. 

The  same  feature  can  be  observed  in  the 
XTEM  micrograph  in  Fig.  1.  There  is  a  single¬ 
crystalline  sublayer  of  about  30  nm  thickness 
at  the  sample  surface,  followed  by  an  about  60 
nm  thick  partially  amorphized  layer. 
Underneath  a  200  nm  thick  buried  amorphous 
layer  was  formed.  The  next  zone  is  partially 
damaged  which  is  followed  by  the  undamaged 
single-crystalline  bulk  material.  Results  of  BS 
measurements  and  TEM  observation  here  are 
easily  comparable  through  the  same  depth 
scales  shown  in  Fig.  1.  There  is  a  good 
agreement  between  results  of  the  two 
independent  methods  considering  the  slightly 
damaged  near  surface  region  and  the  buried 
amorphous  zone.  In  this  case  the  scattering 
cross  section  is  Rutherford  type  for  12C. 
Therefore,  only  a  rather  small  peak  is 
observable  at  the  C  edge. 

In  Figure  2,  BS/C  spectra  of  the  SiC  sample 
Figure  1.  Backscattering  spectra  and  cross-  implanted  with  200  keV  4xl013/cm2  Al+  are 

sectional  TEM  micrograph  of  Al+  implanted  4H-  shown.  The  scattering  angle  of  165°  was 
SiC  sample.  Aligned  BS  spectra  were  measured  chosen  at  the  beam  energy  of  3550  keV, 
along  the  <0001>  axis.  Depth  scales  for  taking  the  advantage  that  the  cross  section  for 

comparison  are  also  shown.  carbon  is  larger  by  a  factor  of  six  than  the 
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Rutherford  type  one.  In  contrary  to  the  97°  measurement,  where  the  buried  amorphized  layer  was 
not  visible  in  the  carbon  sublattice,  here  a  much  smaller  damage  is  well  visible  in  both  sublattices. 
Figure  2  also  shows  the  simulated  spectra  for  implanted  aligned  4H-SiC  and  for  the  random  case. 
In  the  simulation  of  the  aligned  spectrum  the  same  Gaussian  distribution  of  disorder  was  assumed 
for  both  sublattices.  The  simulated  maximum  damage  level  of  2  %  was  located  at  a  depth  of  160 
nm  beneath  the  surface. 


The  damage  in  the  sample  implanted  with  350  keV  4xl0,3/cm2  Al+  (not  shown  here)  is  still  visible 
in  both  sublattices.  However,  the  damage  peak  is  flatter  and  spreads  deeper  comparing  to  the  case 
for  200  keV  implantation  that  makes  the  evaluation  of  the  aligned  spectrum  rather  difficult.  Let  us 
note  that  the  depth  resolution  for  silicon  at  the  surface  is  about  34  nm. 

Using  the  4260  keV  resonance  for  12C(a,a)12C  we  can  enhance  the  sensitivity  of  the  BS 
ENERGY  (keV)  measurement  further,  however  the  depth  resolution 


for  silicon  at  the  surface  is  poorer  comparing  to  the 
previous  cases.  Figure  3  presents  spectra  recorded 
using  an  analyzing  beam  energy  of  4300  keV, 
which  is  above  the  resonance  energy.  Aligned 
spectra  taken  on  virgin  and  implanted  samples  are 
shown. 

The  area  of  the  resonance  peak  corresponds  to  the 
number  of  carbon  atoms  displaced  from  their 
lattice  sites.  Varying  the  incident  beam  energy 
(i.e.,  determining  the  excitation  curve)  the  depth 


CHANNEL  NUMBER  distribution  of  displaced  carbon  atoms,  i.e.. 


Figure  2.  Backscattering  spectra  of  4H-SiC  ^ama§e’  can  obtained. 


sample  implanted  with  200  keV  4x10 ^ 
Al+/cm 2.  Aligned  BS  spectra  were  measured 
along  the  <000 1>  axis.  Depth  scales  for 
comparison  are  also  shown.  The  simulated 
spectra  are  also  shown  for  implanted 
aligned  4H-SiC  (solid  line)  and  for  the 
random  case  (dashed  line). 
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Figure  3.  Aligned  BS  spectra  of  4H-SiC 
samples  implanted  with  4x10 ^  Al+/cm 2  of 
200  keV  and  350  keV  energies.  For 
comparison  a  virgin  spectrum  is  also  shown. 
Aligned  BS  spectra  were  measured  along  the 
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Figure  4.  Excitation  curves  recorded  on 
aligned  SiC  samples  implanted  with  Al  at 
different  energies.  The  carbon  peak  areas  were 
determined  from  similar  spectra  as  shown  in 
Figure  3.  Each  point  was  measured  with 
8  juC/points  in  fresh  spot  on  the  sample  to  avoid 
the  beam  effects,.  To  eliminate  the  background 
the  corresponding  aligned  virgin  spectra  were 
subtracted.  For  comparison  the  excitation  curve 
for  random  case  is  also  shown.  (Solid  lines  only 
for  guiding  the  eyes.) 


<000 1>  axis. 
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In  Figure  4,  excitation  curves  recorded  on  the  same  samples  are  shown. 

The  excitation  curves  roughly  follow  the  damage  distributions  created  by  the  ion  implantation.  The 
excitation  curve  of  200  keV  implanted  sample  exhibits  a  maximum  around  4300  keV  that 
corresponds  to  the  maximum  damage  at  around  160  nm.  The  decreasing  edge  at  higher  energies 
shows  the  decreasing  damage  at  the  deeper  regions.  In  the  case  of  350  keV  implantation  only  the 
region  of  increasing  damage  was  exploited  due  to  the  fact  that  the  practical  maximum  energy  of 
the  accelerator  now  was  only  4340  keV.  The  determination  of  the  accurate  damage  distribution 
from  the  excitation  curves  is  in  progress. 

Conclusion 

The  combination  of  Backscattering  Spectrometry  and  channeling  with  the  ,2C(a,a)12C  nuclear 
resonance  at  4260  keV  to  study  radiation  damage  in  the  carbon  sublattice  in  4H-SiC  was 
demonstrated. 
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Abstract  :  We  report  6H-SiC  samples  implanted  with  hydrogen  at  a  dose  of  lxlO17  H+  atom/cm  , 
using  a  1.0  MeV  proton  beam.  Implantation-induced  changes  in  vibration  modes  were  investigated 
by  backscattering  Raman  spectroscopy.  Results  have  been  discussed  in  the  light  of  the  extended 
zone  scheme  and  some  of  the  forbidden  Bi  modes  tentatively  assigned.  After  950  C  annealing 
during  1  hr,  incomplete  crystal  recovery  is  found. 

Introduction 

Hydrogen  ion  implantation  in  Silicon  Carbide  (SiC)  is  a  prerequisite  to  master  the  SiCOI  (SiC  On 
Insulator)  formation  technology  [1].  Because  hydrogen  is  a  very  light  atom,  usually,  low 
implantation  energies  are  used  (100  to  200  keV).  After  annealing,  delamination  occurs  at  a  few 
thousand  angstrom  depth  [1-3]  but  a  complete  recovery  of  the  initial  crystal  properties  is  hard  to  get 
and  implantation  damage  has  been  found  to  affect  seriously  the  final  (transferred)  SiC  layer 
properties  [4].  Even  if  improved  recovery  was  recently  demonstrated  to  a  point  where  the  transfer 
process  can  be  considered  as  qualified  for  electronic  device  applications  [5]  nothing  is  known  about 
the  effect  of  increasing  the  implantation  depth,  i.e.  splitting  away  the  delaminated  zone  from  the 
active  part  of  the  transferred  layer. 

In  this  work,  both  n-type  (nitrogen-doped)  and  p-type  (aluminum  doped)  6H-SiC  wafers  were 
implanted  with  hydrogen  at  a  total  dose  of  lxlO17  H+  atom/cm2.  A  1  MeV  proton  beam  was  used, 
operated  at  90  nA  current.  TRIM  simulation  predicts  an  implantation  depth  of  15  pm  and,  to  probe 
the  effect  of  implantation-damage  and  annealing,  changes  in  the  lattice  vibration  modes  were 
investigated  using  back-scattering  micro-Raman  spectroscopy.  Using  a  100  pm  aperture  in  the 
confocal  mode,  and  a  wavelength  of  514.5  nm,  a  6  pm  deep  surface  layer  was  probed  [6].  Since  the 
thickness  is  mainly  limited  by  the  6H-SiC  transparency,  the  measurement  are  more  surface-like  for 
n-type  material  than  p-type. 

1  -  One-phonon  spectrum 

1  -  a.  Background  considerations  and  net  implantation  effect 

Since  the  pioneering  work  of  Feldman  and  coworkers  [7]  the  phonon  properties  of  SiC  polytypes 
have  been  investigated  many  times.  For  a  review,  see  Ref.8.  There  are  33  optical  modes  in  6H-SiC 
which,  starting  from  the  cubic  polytype  and  taking  into  account  the  effect  of  hexagonal  crystal  field, 
can  be  separated  into  4  groups  of  axial  optic  (AO),  planar  optic  (PO),  axial  acoustic  (AA)  and  planar 
acoustic  (PA)  frequencies.  All  originate  from  the  folding  of  cubic  LO,  TO,  LA  and  TA  branches  in 
such  a  way  that  points  located  at  x  =  1/3,  x  =  2/3  and  x  =  1  of  the  old  (cubic)  zone  become  new 
zone-center  modes. 

In  our  highly  doped,  as-grown,  material  (lxlO18  to  1019  cm'3)  all  series  of  Raman  spectra  exhibit  all 
prominent  features  previously  reported  [5-8]  (see  Table  1).  The  only  missing  lines  are  i°)  the  weak 
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266  cm  1  mode  superimposed  on  our  experimental  spectra  with  a  strong  calibration  line,  and  ii°)  the 
Ei(FPA)  doublet  at  235/240  cm'1  because  of  our  backscattering  configuration. 


6H-SiC 

AO  (cm'1) 
PO  (cm'1) 
A  A  (cm'1) 
PA  (cm*1) 

Total 


First  order 

Folded 

(x  =  0) 

(x  =  1/3) 

A!  (965) 

2Bj  (?/?) 

Ei (796) 

2Ei  (788/?) 

Aj  (acc) 

2Bj  (?) 

Ei (acc) 

2E2  (144/150) 

6 

12 

Folded 

Folded 

(x  =  2/3) 

(x  =  l) 

2Ai  (888/?) 

B,  (833.5*) 

2Ei  (?/?) 

Ei  (766) 

2Ai  (504/513) 

B,  (615*) 

2Ej  (235/240) 

Ei  (266) 

12 

6 

!abIe  1:  Summary  of  experimental  values  obtained  in  this  work  (bold)  together  with  a 
schematic  representation  of  the  origin  of  the  36  vibration  modes  of  6H-SiC.  Only  Aj,  Ei  and 
E2  modes  are  Raman  active;  Bj  modes  are  silent;  x  denotes  the  reduced  wave  vector  of 
phonons.  When  necessary,  our  results  have  been  completed  by  recent  literature  data  [9]. 
indicate  new  modes  resolved  for  the  first  time. 


Despite  a  low  mass  of  the  incident  ions,  1  MeV  hydrogen  implantation  changes  drastically  the  first- 
order  spectrum.  This  is  demonstrated  in  Fig.l  in  the  experimental  range  550-1050  cm'1.  The  weak 
Aj(FAO)  mode  at  888  cm'1  disappears  and,  instead,  a  broad  structure  reveals.  It  extends  from  the 
topmost  Ai(LO)  mode  at  965  cm'1  (still  present  but  broader  and  weaker)  to  about  800  cm'1.  This  is 
nothing  but  clear  evidence  of  the  effect  of  disorder-induced  activation  of  the  one-phonon  DOS 
(Density  of  States)  of  the  AO  branch. 


E^ure  1  :  First-order  Raman  spectra  of  (A)  as-grown,  (B)  H+  implanted,  (C)  700C 
annealed  and  (D)  950C  annealing  6H-SiC  samples. 
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According  to  Table  1,  the  AO-DOS  should  extend  from  the  topmost  Aj  mode  with  x=0  (which  is 
seen)  to  a  forbidden  (folded)  Bi  mode  with  x=l  (which  is  not  resolved  but,  from  cubic  data  [8], 
should  be  located  around  835  cm"1).  Concerning  the  DOS  maximum  we  notice  a  broad  structure  at 
about  855  cm'1  (which  is  better  seen  in  the  n-type  material).  In  agreement  with  the  results  of  Ref.  10, 
we  associate  this  structure  with  the  maximum  DOS  of  the  AO  branch.  Concerning  the  PO  branch, 
both  the  Ei (TO)  mode  and  folded  E2  frequencies  at  794.4,  787.3  and  765  cm"1,  respectively,  are 
reduced  in  intensity  and  shift  to  lower  frequencies.  Again  to  be  noticed  is  that  these  modes  manifest 
on  top  of  a  one-phonon  (disorder-activated)  DOS  which,  for  the  PO  branch,  is  narrow.  It  occurs 
between  -800  and  730  cm"1  (from  Table  1  we  expected  -796  to  766  cm"1).  Finally,  notice  that 
nothing  significant  appears  in  the  gap  of  the  1 -phonon  DOS  (800  to  835  cm  !). 

This  is  no  longer  true  when  considering  the  second  (larger)  gap  which,  starting  from  766  cm" 
separates  the  two  optical  branches  from  the  top  of  the  folded  AA  mode  (with,  again,  a  forbidden  Bi 
symmetry).  Again,  we  know  from  cubic  data  [8]  that  this  mode  should  be  located  around  600  cm" 
but,  similar  to  the  previous  case,  nothing  is  seen.  Instead,  in  both  cases  of  n-type  and  p-type  doped 
material,  a  sharp  defect  mode  appears  around  658  with  additional  structures  at  704  and  714  cm"1.  In 
the  n-type  doped  sample,  a  (weak)  additional  feature  also  appears  around  680  cm"1.  In  the  range  of 
acoustic  frequencies  (not  shown)  the  implantation  shifts  and  broadens  the  first-order  modes  like  the 
FAA  and  FPA  doublets  at  504/513  and  144/150  cm"1,  respectively.  New  vibration  bands  appear  also 
at  about  185,  275,  526  and  600  cm"1.  Some  of  them  were  previously  associated  with  the  effect  of  Si- 
Si,  Si-C  and  C-C  bonds  [11-12]  but  our  results  suggest  a  non-negligible  contribution  from  the  one- 
phonon  acoustic  DOS. 

1  -  b.  Annealing  effects 

Annealing  was  done  in  two  steps.  First,  at  700C  for  1  hour  and  then  at  950C  for  an  additional  hour. 
The  following  has  been  found: 

-  annealing  for  1  hour  at  700C  does  not  reduce  significantly  the  implantation  damage.  Most  features 
simply  become  a  little  bit  sharper.  The  first-order  modes  still  retain  a  weak  intensity  compared  to 
the  as-grown  material,  but,  in  the  high  energy  range  this  is  sufficient  to  observe  i°)  a  partial  recovery 
of  the  weak  Ai  mode  at  888  cm"1,  ii°)  the  DOS  maximum  at  855  cm"1  and  iii°)  the  forbidden  Bi 
mode  at  833  cm'1.  The  gap  modes  remain  but  a  new  (broad)  feature  is  seen  at  -615  cm"1.  It 
corresponds  with  the  onset  of  the  axial  acoustic  DOS  and,  in  Table  1,  has  been  associated  with  a 
second  forbidden  mode  (x=l).  The  hydrogen-implantation-induced  bands  at  185,  275,  526,  600,  and 
658  cm'1  are  still  present  but  display  more  fine  structure; 

-  after  annealing  at  950C  for  one  more  hour,  most  of  the  disorder-activated  DOS  disappears  and  the 
gap  modes  reduce  drastically.  This  confirms  the  H-origin  without  clarifying  the  microscopic  origin 
[13].  Remaining  are  the  inverted  ratio  of  intensity  between  the  E2  mode  at  788  cm'1  and  the  Ai(LO) 
mode  at  965  cm'1  and  weak  structures  at  forbidden  Bi  energies. 

2  -  Two-phonon  spectrum 

In  the  two-phonon  range,  any  combination  of  phonons  with  opposite  wave  vectors  can  be  Raman 
active  (and  not  simply  overtones  of  the  one  phonon  spectrum  considered  in  the  T-A  direction).  In 
other  words  the  unperturbed  2-phonon  spectrum  is  nothing  but  a  combination  of  points  with  high 
DOS  in  the  one-phonon  spectrum  which  satisfy  the  wave  vector  selection  rule.  This  is  not  a  very 
restrictive  condition,  and  the  overall  spectrum  is  not  very  sensitive  to  the  effect  of  implantation 
damage.  In  Fig.2  we  compare  4  different  spectra  which  have  been  collected  in  the  experimental 
range  1400  -  2000  cm'1.  Several  structures  appear  [11,12]  which  have  been  labeled  “a  to  h”  in 
agreement  with  [14]  and  correspond  with  overtones  or  combination  of  the  one-phonon  DOS  at 
different  points  of  the  Brillouin  zone.  On  the  overall,  the  spectra  do  not  change  shape  when  coming 
from  virgin  to  implanted  and  annealed.  Modes  simply  change  intensity.  Especially  the  structures 
labeled  “b”,  “d”,  “f”  and  “g”  can  be  easily  observed  on  the  4  spectra. 
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Figure  2:  Second-order  Raman  spectra  of  A,  B,  C,  and  D  6H-SiC  samples. 


Conclusion 

Investigating  the  effect  of  1  MeV  H+-ion  implantation  in  6H-SiC,  we  have  shown  incomplete 
recovery  of  the  topmost  part  of  the  implanted  layer,  even  after  1  hour  annealing  at  950C.  Two 
normally  forbidden  Bj  modes  have  been  identified  and  Hydrogen-implantation  related  gap  modes 
have  been  found. 
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Abstract  This  work  compares  the  4H-  and  6H-SiC  Rutherford  Back-Scattering  channeling  spectra 
and  angular  dips  for  low  index  axes  and  planes:  the  spectra  and  the  dip  shoulders  show  features  that 
depend  on  the  polytype,  while  the  dip  amplitudes  do  not.  In  the  light  of  the  theories  of  the  ion 
scattering  within  crystals  such  behaviour  shows  that  the  two  polytypes  have  different  channeling 
stopping  powers  but  similar  interaction  potentials,  and,  as  well  known,  different  long  range  atomic 
site  simmetry.  Some  dip  shoulders  are  so  peculiar  that  they  can  be  taken  as  the  polytype  finger 
printing  in  the  RBS  spectrometry. 

Introduction 

This  work  gives  some  characteristic  figures  of  the  Rutherford  Back-Scattering  channeling  (RBS-C) 
spectrometry  applied  to  single  crystal  SiC.  The  characteristic  figures  of  the  RBS-C  spectrometry  are 
random  and  channeling  stopping  powers,  minimum  yield  values,  dechanneling  rates,  angular  dip 
amplitudes,  angular  dip  shapes  and  so  on.  A  few  are  the  examples  of  such  studies  reported  in  the 
literature  for  SiC  [1-3]. 

This  article  shows  and  compares  the  RBS-C  spectra  and  angular  dips  of  low  index  axes  and  planes 
for  4H-  and  6H-SiC.  The  4H-SiC  data  are  original  while  the  6H-SiC  ones  are  those  already 
published  in  ref,  [1].  The  analysis  of  these  measurements  will  bring  some  conclusions  about  the 
parameters  that  characterise  the  interaction  of  energetic  ions  with  different  SiC  structures. 

Experimental 

The  4H-SiC  samples  used  for  this  study  were  commercial  wafers,  both  bulk  and  epitaxial  [4],  and  a 
research  wafer  epitaxially  grown  by  a  hot-wall  CVD  technique  at  1600°C  [5].  All  of  them  were 
<000 1>  oriented  and  off-axis.  A  <0001>  Lely  crystal  was  used  for  the  6H-SiC  study  [1]. 

The  RBS-C  analyses  were  done  in  the  chamber  of  the  Italian  INFM  at  the  LNL  in  Italy  and  by  using 
a  four  axis  goniometer:  two  translation  axes  with  micrometry  precision  and  two  orthogonal 
rotational  axes  with  angular  precision  equal  to  +  0.01°  [6].  The  chamber  was  electrically  insulated, 
and  the  dose  was  measured  by  integrating  the  beam  current  at  the  chamber:  in  the  range  5-200  nA 
the  reproducibility  of  a  given  spectrum  yield  was  within  the  statistical  error.  The  analysis  beam  was 
He+,  2  MeV  energy,  0.03°  divergence,  0.5  mm  diameter  and  current  in  the  range  40-100  nA.  The 
back-scattered  ions  were  collected  at  a  Si  detector  placed  at  170°  from  the  beam  direction.  The 
detector  angular  acceptance  was  measured  by  thin  film  reference  samples  or  by  the  amorphous-Si 
yield  [7]  and  was  of  the  order  of  1 .5x1 0'3  sr.  The  energy  resolution  was  in  the  range  17-19  keV. 
Thanks  to  such  an  experimental  set-up  the  RBS-C  yield  can  be  measured  by  absolute  units,  i.e.  as 
“counts/(pC  msr  keV)”  But  as  usual,  a  relative  unit  (%)  is  used  for  the  dip  spectra.  The  dip 
normalisation  was  done  with  respect  to  the  random  spectrum  integrated  over  the  same  energy 
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window  of  the  dip.  The  random  spectrum  was  measured  performing  a  360°  rotation  of  the  <0001  > 
axis  around  the  He+  beam  while  keeping  the  <0001>  axis  tilted  at  3°  from  the  beam  direction. 

The  channeling  spectra  and  dips  were  averaged  on  several  measurements  with  the  aim  to  optimise 
the  approximation  of  a  random  path  in  the  crystal  for  the  back  scattered  He  ions.  In  fact,  once  the 
SiC  crystal  is  mounted  on  the  goniometer,  a  given  channeling  configuration  can  be  obtained  by 
more  than  one  orientation  of  the  SiC  crystal  with  respect  to  the  plane  identified  by  the  beam,  the 
detector  and  the  beam  impact  point  at  the  sample  surface.  For  example  a  planar  channeling 
spectrum  can  be  measured  in  six  different  sample  orientation,  while  a  dip  trough  the  <0001>  axis 
and  within  a  (10-10)  or  (11-20)  plane  in  three  ones.  Only  the  axial  alignment  corresponds  to  a  single 
crystal  orientation.  The  major  dependence  of  the  spectrum  yield  on  the  sample  orientation  was 
measured  for  the  dip  spectra. 


Results 

Sample  homogeneity  and  crystal  stability  under  beam  analysis  were  tested  by  the  measure  of  the 
back  scattering  yield  versus  beam  impact  point  and  ion  fluence  value.  In  general,  all  the  ciystals 
showed  a  good  homogeneity  and  were  more  stable  for  <0001>  axial  than  (11-20)  or  (10-10)  planar 

alignment.  Furthermore,  4H- 
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SiC  was  much  more  stable 
against  ion  damaging  than  Lely 
6H-SiC.  This  may  be  due  to  the 
presence  of  heavy  impurities 
that  the  authors  always  detected 
by  RBS  in  the  Lely  crystals. 
Figure  1  shows  the  4H-SiC  and 
6H-SiC  <0001>,  (10-10)  and 
(11-20)  spectra.  The  random 
spectrum  is  also  shown  for 
comparison.  The  planar  spectra 
were  measured  with  the  <000 1> 
axis  tilted  3°  with  respect  to  the 
He  beam.  The  arrows  show  the 
C,  O  and  Si  surface  edges.  The 
position  of  the  dip  energy 
window  is  also  shown.  The 
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<000 1>  spectra  are  equal,  while 


the  (11-20)  and  (10-10)  4H-SiC 
Fig.  1  Low  indexes  axial  and  planar  RBS-C  spectra:  spectra  are  higher  than  the  6H- 

comparison  between  the  4H-  and  6H-SiC.  SiC  ones,  the  difference  is 


wider  for  the  (10-10)  plane.  The 

oscillations  of  the  planar  spectra,  which  are  more  evident  for  the  (11-20)  plane,  are  similar  for  the 
two  polytypes  but  those  of  the  4H-SiC  yield  at  lightly  higher  energy  values. 

Figure  2(a-d)  shows  the  4H-  and  6H-SiC  angular  dips  through  the  <000 1>  axis  within  the  plane 
(11-20)  or  (10-10)  (Fig.  2(a,c))  and  through  the  planes  (11-20)  and  (10-10)  with  the  He+  beam 
aligned  at  3°  from  the  <0001>  axis  and  within  a  plane  orthogonal  to  (11-20)  or  to  (10-10), 
respectively  (Fig.  2(b,d)).  The  dip  of  Fig.  2  correspond  to  a  near  surface  region  less  than  100  nm 
thick  and  characterised  by  RBS  yield  oscillations  (Fig.  1),  but  it  was  verified  that  the  dip  major 
features  were  independent  on  the  chosen  energy  window.  The  comparison  in  Fig.  2  shows  that  4H- 
and  6H-SiC  have  very  similar  half  width  dip  amplitudes  but  different  shoulder  shapes.  In  particular 
at  the  shoulder  of  the  <0001>  axis  within  the  (11-20)  plane  there  is  a  double  peak  for  4H-SiC  and  a 
single  peak  for  6H-SiC.  Among  these,  one  of  the  first  and  the  latter  yield  at  the  same  angular  value. 


Materials  Science  Forum  Vols.  353-356 


281 


282 


Silicon  Carbide  and  Related  Materials 


6H-SiC.  While  the  dependence  of  the  planar  oscillations  and  of  the  x  values  on  the  SiC  polytype 
allows  us  to  hypothesise  that  4H-SiC  must  have  planar  channeling  stopping  powers  lower  than  the 
6H-SiC  ones. 

Preliminary  results  concerning  the  simulation  of  4H-  and  6H-SiC  RBS-C  spectra  under  the 
approximation  of  binary  collisions,  as  described  in  [1],  account  for  the  spectrum  trend  from  the 
<000 1>  axis  to  the  (10-10)  plane  shown  in  Fig.  1  even  if  equal  channeling  stopping  powers  were 
assumed.  That  allows  us  to  hypothesise  that  an  important  contribution  to  the  dechanneling  must 
come  also  from  a  different  sequence  of  the  nuclear  collision  in  the  two  polytypes,  i.e.  from  the 
different  atomic  site  simmetry. 

Finally,  the  shape  of  the  shoulder  at  the  <0001>  axial  dip  within  the  plane  (11-20)  (Fig.  2a)  is  so 
peculiar  for  the  4H  polytype  with  respect  to  the  6H  one  that  it  can  be  considered  as  the  finger 
printing  of  the  SiC  polytype  in  the  RBS-C  spectrometry. 

Conclusion 

Some  characteristic  RBS-C  figures  for  the  4H-  and  6H-SiC  polytype  are  given.  They  were 
experimentally  obtained.  The  analysis  of  such  figures  allow  us  to  formulate  some  hypothesis  about 
channeling  stopping  power,  interaction  potential  and  site  simmetry  of  the  scattering  centres  in  the 
two  polytypes  that  would  merit  a  more  accurate  investigation.  In  particular,  if  good  quality  4H-  and 
6H-SiC  film  on  Si02/Si  substrates  would  be  available,  the  combination  of  experimental  and 
simulated  RBS-C  spectra  might  be  used  for  a  quantitative  evaluation  of  the  many  effects  that 
contribute  to  a  given  RBS-C  spectrum  as  it  was  already  done  for  Si  [10]. 

Acknowledgments 

The  authors  would  like  to  thanks  ABB  Corporate  Research  and  the  Swedish  SICEP  program  for 
having  supplied  a  4H-SiC  epi-wafer.  Thanks  are  due  also  to  Dr.  G.  Lulli  for  the  useful  discussion. 
The  Italian  Progetto  Finalizzato  MADESS-II  funded  this  work. 

References 

[1]  M.  Bianconi,  E.  Albertazzi,  A.  Camera,  G.  Lulli,  R.  Nipoti  and  A.  Sambo,  Nucl.  Instr.  and 
Meth.  In  Phys.  Res.  B  136-138  (1998),  p.  1276. 

[2]  M.  Satoh,  K.  Okamoto,  Y.  Iwata,  K.  Kuriyama,  M.  Kanaya  and  N.  Ohtani,  Materials  Science 
Forum  Vols.  264-268  (1998),  p.  441. 

[3]  R.  Nipoti,  G.  Lulli,  M.  Bianconi,  E.  Albertazzi,  A.  Camera  and  A.  Sambo,  9th  CIMTEC-World 
Forum  on  New  Materials,  P.  Vincenzini,  S.  Valeri  (Editors),  Techna  srl  Vol  19  (1999),  p.  107. 

[4]  CREE  Reasearch,  Durham,  NC,  USA 

[5]  O.  Kordina,  C.  Hallin,  A.  Henry,  J.P.  Bergman,  I.  Ivanov,  A.  Ellison,  N.T.  Son,  and  E.  Janzen, 
Phys.  Stat.  Sol.  B  202  (1997),  p.  321. 

[6]  Camera  and  A.V.  Drigo,  Nucl.  Instr.  and  Meth.  In  Phys.  Res.  B  44  (1990),  p.  357. 

[7]  M.  Bianconi,  F.  Abel,  J.C.  Banks,  A.  Climent  Font,  C.  Cohen,  B.L.  Doyle,  R.  Lotti,  G.  Lulli,  R. 
Nipoti,  I.  Vickridge,  D.  Walsh  and  E.  Wendler,  Nucl.  Instr.  and  Meth.  In  Phys.  Res.  B  161-163 

(2000),  p.  293. 

[8]  L.C.  Feldman,  J.W.  Mayer  and  S.T.  Picraux,  “Materials  analysis  by  Ion  Channeling”, 
Academic  Press  Inc.  (London)  Ltd.  (1982),  p.  37. 

[9]  W.K.  Chu,  J.W.  Mayer  and  M.A.  Nicolet,  “Backscattering  Spectrometry”,  Accademic  Press 
Inc.  (London)  Ltd.  (1978),  p.  68. 

[10]  G.  Lulli,  E.  Albertazzi,  M.  Bianconi,  G.G.  Bentini,  R.  Nipoti  and  R.  Lotti,  Nucl.  Instr.  and 
Meth.  In  Phys.  Res.  B  170  (2000),  p.  1 . 


Materials  Science  Forum  Vols.  353-356  (2001)  pp.  283-286 
©  2001  Trans  Tech  Publications,  Switzerland 


X-ray  Diffraction,  Micro-Raman  and  Birefringence 
Imaging  of  Silicon  Carbide 

E.  Pemot1,  M.  Mermoux2,  J.  Kreisel3,  O.  Chaix-Pluchery1, 

P.  Pernot-Rejmankova1,4,  M.  Anikin1,  B.  Pelissier1, 

A.M.  Glazer3  and  R.  Madar1 

1  LMGP  -  UMR  5628  CNRS/INPG, 

BP  46,  FR-38402  St.  Martin  d'Heres,  France 

2LEPMI,  UMR  5631  CNRS/INPG,  BP  75,  FR-38402  St.  Martin  d'Heres,  France 
3  Clarendon  Laboratory,  University  of  Oxford,  Parks  Road,  Oxford  0X1  3PU,  UK 
4ESRF,  BP  220,  FR-38043  Grenoble,  France 

Keywords:  Birefringence,  Raman  Spectroscopy  Imaging,  X-Ray  Topography 
Abstract 

Transmission  and  reflection  X-ray  topography,  birefringence  imaging  and  Raman  spectroscopy 
imaging  have  been  performed  on  a  silicon  carbide  slice.  The  differences  between  the  images  and  the 
information  obtained  from  them  are  discussed  in  detail. 

Introduction 

Despite  the  significant  progress  in  crystal  growth,  the  industrial  applications  of  silicon  carbide 
crystals  have  up  to  now  been  severely  limited  by  the  insufficient  quality  and  size  of  the  commercially 
available  substrates.  Typical  defects  found  in  SiC  are  misoriented  domains,  inclusions,  macrodefects, 
dislocations,  micropipes  and  doping  striations  [1].  Among  the  techniques  of  crystal  characterization, 
X-ray  diffraction  imaging,  polarized  light  microscopy  and  Raman  spectroscopy  imaging  have  proved 
of  value  as  powerful  tools  for  studying  the  defects  in  SiC. 

This  paper  is  devoted  to  the  characterization  and  comparison  of  SiC  wafers  by  these  three  techniques. 
Stress  analysis  in  SiC  crystals  can  be  performed  by  all  of  them,  however,  the  physical  phenomena 
involved  in  the  creation  of  a  recorded  image  are  different. 

Sample  preparation 

4H  crystals  have  been  grown  by  the  Modified  Lely  Method.  Synthesis  details  are  described  in  Ref 
[2],  Ingots  were  cut  8°  off-axis  toward  [11-20]  direction.  The  obtained  slices  have  been  well 
polished.  The  diameter  of  the  investigated  sample  was  30  mm  with  the  0.4  mm  thickness. 

X-ray  topography 

X-ray  diffraction  imaging  (topography)  has  been  performed  on  the  ID  19  beam-line  at  the  ESRF. 
White  beam  projection  topographs  in  transmission  have  been  recorded  to  study  structural  defects 
within  the  slice.  White  beam  reflection  topography  has  been  performed  using  a  low  energy  beam  in 
order  to  observe  the  defects  near  the  sample  surfaces  (~  tens  of  microns).  Micropipes  and 
dislocations  can  be  easily  observed  by  this  method  [3], 

The  results  of  diffraction  imaging  experiment  on  a  part  of  the  crystal  are  presented  on  Fig. la  and 
Fig.  lb.  The  slice  has  an  average  structural  quality.  Some  contrasts  associate  with  subgrains  and 
micropipes  are  visible.  The  rectangle  indicates  a  high-deformed  area.  About  ten  micropipes  and  high 
dislocation  density  have  been  observed  in  this  region  by  classical  optic  measurement  and  etching  in 
molten  KOH.  The  complex  topographic  contrast  of  this  group  of  micropipes  is  due  to  the  large 
sample-to-film  distance,  the  small  distance  between  micropipes  and,  assuming  that  micropipes  are 
associated  with  superscrew  dislocations,  the  large  magnitudes  of  their  Buergers  vector,  Ref.  [3]. 

Birefringence  imaging 

Phenomenon  of  optical  linear  birefringence  is  the  result  of  anisotropy  within  a  sample  leading  to  a 
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Fig  1:  X-ray  topography:  a)  in  transmission  d  =  20cm;  b)  in  reflection,  d  =  40cm.  The  rectangle 
indicates  approximately  the  area  studied  by  Raman  spectroscopy  and  birefringence  imaging.  The 
letters  s  and  m  denote  a  subgrain  boundary  and  a  micropipe,  respectively. 

variation  of  the  refractive  index,  n ,  as  a  function  of  the  polarization  of  the  incoming  light.  This 
variation  can  be  represented  by  an  ellipsoid,  so-called  indicatrix,  which  is  described  by  three  principal 
refractive  indices.  The  difference  in  the  refractive  index  An  implies  that  two  different  polarizations 
will  emerge  from  the  sample  with  a  phase  difference  5  =  AnL2nfX,  where  L  is  the  sample  thickness 
and  X  is  the  wavelength  of  the  light  involved.  Thus,  a  beam  of  linearly  polarized  light  will  in  general, 
when  passing  through  the  birefringent  sample,  become  elliptically  polarized  with  a  phase  difference  8. 
In  addition,  the  amplitude  difference  depends  on  the  inclination  angle  (p  between  the  incoming 
electric  field  and  the  ellipse  axes. 

The  birefringence  imaging  system  consists  of  a  polarizing  microscope  fitted  with  the  computer- 
controlled  rotating  polarizer  and  a  circular  analyzer  [4].  The  formula  describing  the  intensity  passing 
through  this  system  is  I  =  (I0/2)[l+sin2(a-(p)sin5]  where  a  is  the  orientation  of  the  polarizer  and  I0  is 
the  incident  light  intensity.  Values  of  the  transmittance  I,  the  phase  difference  8  (or  the  retardation  | 
sinS|)  and  the  orientation  (p  can  be  obtained  by  varying  the  angle  a.  A  CCD  camera  is  used  to  record 
these  three  quantities  for  each  pixel  and  grayscale  images  are  then  reconstructed  to  display  them. 
4H-SiC  is  an  optical  birefringence  material.  Defects  in  SiC  crystals  produce  locally  stresses  that 
modify  the  orientation  and  the  form  of  its  optical  indicatrix.  Fig.  2a  shows  an  orientation  image  of 
the  region  of  the  crystal  defined  by  the  rectangle  in  Fig.  1 .  When  (p  =  0°,  the  slow  direction  of  light 
points  from  the  left  to  the  right.  The  gray  level  of  the  background  corresponds  to  <p  =  10°.  SiC  is 
hexagonal,  consequently  in  the  case  of  an  on-axis  sample  the  cross  section  of  its  indicatrix  with  the 
basal  plane  is  a  circle.  Therefore,  no  orientation  can  be  identified.  In  the  case  of  an  off-axis  crystal, 
the  indicatrix  is  tilted  and  the  cross  section  is  an  ellipse  with  one  axis  pointing  to  the  direction  of  the 
sample  disorientation.  The  angle  (p  =  10°  corresponds  to  the  disorientation  of  the  [11-20]  direction 
with  respect  to  the  c-axis. 


Fig.  2:  Birefringence  images:  a)  orientation  (p;  b)  retardation  |sin8|.  area:  1.2  x  0.8  mm2 
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The  background  of  the  retardation  image  is  homogeneous  (|sinS|  =  0.4),  Fig.  2b.  It  means  that  the 
indicatrix  and  consequently  the  stress  are  homogeneous  in  this  area  of  the  crystal.  The  orientation 
and  the  retardation  are  modified  considerably  only  in  the  part  of  the  image  where  the  micropipes  are 
located.  The  features  marked  DW  on  the  Fig.  2a  correspond  probably  to  some  dislocation  walls.  A 
complex  contrast  induced  by  micropipes,  denoted  by  M,  can  be  distinguished. 

Raman  imaging 

Raman  microprobe  imaging  was  performed  at  room  temperature.  Raman  spectra  were  recorded 
using  a  Dilor  XY  multichannel  spectrometer  and  a  CCD  detector.  Measurements  have  been  carried 
out  in  the  backscattering  geometry  from  the  (0001)  face  of  the  sample  using  the  514.5  nm  line  from 
an  argon  ion  laser  for  the  excitation.  The  incident  laser  power  was  10  mW  at  the  surface  of  the 
sample.  The  light  was  focussed  to  a  spot  of  2.5  pm  in  diameter  with  a  penetration  depth  of  20  pm. 
Calibration  of  each  Raman  spectrum  was  performed  using  plasma  lines  of  the  laser.  Spectra  were 
recorded  each  1  pm  on  a  70x70  pm2  areas  covering  several  large  micropipes,  ~  10  pm  in  diameter. 


Fig.  3:  a)  a  Raman  spectrum  of  4H-SiC;  b)  776  cm'1  TO  mode  image;  c)  LO  phonon-plasmon 
coupling  mode  at  964.5  cm"1  close  to  (continuous  line)  and  far  (dotted  line)  from  a  micropipe;  d)  LO 
phonon-plasmon  coupling  mode  around  a  micropipe. 

MicroRaman  spectroscopy  is  a  technique  sensitive  to  the  stress  and  to  the  doping  in  SiC.  It  is  also  a 
powerful  tool  to  detect  inclusions  in  the  crystals.  MicroRaman  imaging  applied  to  our  sample 
provides  these  three  kinds  of  information.  Some  graphite  has  been  detected  inside  the  micropipes. 
Moreover,  some  Raman  lines,  for  example  the  776  cm 1  TO  mode  shown  in  Fig.  3b,  are  shifted 
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toward  the  upper  values.  But  the  shift  is  constant  in  the  observed  area  even  close  to  the  micropipes. 
It  indicates  a  homogeneous  stress  in  this  part  of  the  crystal.  Finally,  the  LO  phonon-plasmon 
coupling  mode  at  964.5  cm  is  shifted  and  its  shape  changes  close  to  the  micropipes,  as  can  be  seen 
in  Figs.3cd.  It  has  been  produced  by  a  modification  of  the  electronics  properties  of  the  material.  The 
carrier  concentration  has  been  evaluated  using  the  Ref.  [4]  being  1018  cm'3  and  7  x  1017  cm'3  in  the 
bulk  and  close  to  the  defects,  respectively.  This  suggests  a  high  density  of  trapping  centers  in  the 
vicinity  of  micropipes  [5]. 

Summary 

The  three  imaging  techniques,  X-ray  topography,  birefringence  and  Raman  spectrometry  imaging 
give  different  information.  X-ray  topography  is  very  sensitive  to  the  strain  field.  It  is  impossible  in 
our  case  to  separate  the  contrast  associated  with  an  individual  micropipe.  Difficulties  in  the 
interpretation  of  a  topograph  arise  from  the  high  density  of  defects  in  a  crystal  with  an  average 
structural  quality.  When  using  birefringence  imaging  with  a  good  magnification,  it  is  possible  to 
distinguish  the  individual  defects  like  micropipes  and  dislocation  walls  even  in  low  structural  quality 
regions.  Raman  spectroscopy  revealed  the  presence  of  graphite  within  micropipes  and  a  lower  carrier 
concentration  close  to  them.  However  surprisingly,  no  variations  of  stress  have  been  detected, 
although  X-ray  topography  and  birefringence  imaging  indicated  the  presence  of  highly  deformed 
regions. 
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Abstract 

We  have  investigated  by  high  resolution  X-ray  diffraction  the  change  of  the  structural  correlation 
length  in  6H-SiC  after  neutron  irradiation  with  different  fluences  and  following  different  annealing 
procedures.  Following  a  model  of  Klimanek  [1]  it  is  shown,  that  high  fluences  lead  to  a  stronger 
than  linear  reduction  of  the  correlation  length  whereas  higher  annealing  temperatures  lead  to  a 
stronger  recovery  of  the  correlation  length.  In  addition,  a  reorientation  of  the  direction  of  the  defect 
structure  upon  annealing  is  observed. 

Applied  model 

Crystal  defects  can  be  divided  into  two  kinds: 

1st  kind:  defects  disturbing  dominantly  the  short  range  order  but  not  the  long  range  order,  such  as 
point  defects. 

2nd  kind:  defects  reducing  dominantly  the  structural  correlation  length  without  disturbing  the  short 
range  order,  such  as  dislocations  or  stacking  faults. 

Klimanek  [1]  and  Ungar  [2]  have  developed  models  to  extract  quantitative  information  on  defect 
densities  of  2nd  kind  from  X-ray  line  profile  analysis.  We  used  the  model  of  Klimanek  [1],  assuming 
that  only  dislocations  being  present.  Within  this  description,  all  defects  of  2nd  kind  lead  to  a  similar 
broadening  of  the  X-ray  diffraction  lines  of  Bragg  peaks  [3],  this  model  reacts  to  any  defect  of  2nd 
kind.  If  there  were  only  dislocations,  the  evaluation  in  terms  of  dislocation  densities  would  be 
quantitatively  correct.  If,  however,  other  defects  like  small  angle  grain  boundaries  were  present,  the 
absolute  value  is  not  correct  any  more.  Nevertheless,  the  model  provides  a  measure  of  the  structural 
correlation  length  relating  to  defects  of  the  2nd  kind.  Furthermore,  the  distribution  of  the  dislocation 
structures  along  crystal  axis  is  reproduced  by  an  anisotropicity  of  the  apparent  correlation  lengths. 

Dislocation  induced  broadening  of  X-ray  diffraction  lines 

The  intensity  distribution  of  an  X-ray  diffraction  peak  for  a  large  crystal  containing  dislocations  can 
be  described  by  the  expression  [4] 

^(q)=^Z«i,R  expf-r  (R,Qu  R ,  Cy )]  (1) 

R 

H  is  the  reciprocal  lattice  vector  ( hkl ),  Q  is  the  diffraction  vector  with  m=Q/Q;  q  is  the  distance 
from  point  H  in  reciprocal  space,  Fu  is  the  structure  factor  of  the  reflection  associated  with  the  point 
H,  which  only  serves  as  a  scaling  factor.  R  are  distance  vectors  of  lattice  cell  pairs  linked  by  an 
inversion  centre  of  the  position  vector  in  the  perfect  crystal  structure. 

All  information  about  the  dislocations  is  contained  in  the  function  T,  where  ur  is  the  dislocation 
induced  displacement  vector  of  the  cell  pairs  at  point  R  and  Cy  are  the  elastic  constants  of  the 
material. 
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The  sum  in  Eq.  1  is  a  Fourier  sum,  transforming  the  Function  T  from  real  space  expressed  by  R  to 
the  experimentally  accessible  reciprocal  space  expressed  by  q. 

By  linearisation  of  the  term  Qur  and  assuming  only  one  type  of  dislocation  the  function  T  can  be 
given  by  the  equation  [4] 

T(R)  =  [(Qb)2 /87t]Z(ni)pR2  In (R'/R) .  (2) 

b  is  the  Burgers  vector  of  the  dislocation,  R  ‘  is  a  measure  of  the  extension  of  the  dislocation  strain 
field,  p  is  the  dislocation  density  and  x  represents  the  so-called  orientation  factor.  %  considers  the 
effect  from  an  assumed  dislocation  type  on 
the  diffraction  line  profile  of  a  particular 
Bragg  peak.  It  depends  strongly  on  the  angle 
between  the  Burgers  vector  b  and  the 
diffraction  vector  Q.  The  elastic  constants  cy 
account  for  the  anisotropic  response  of  the 
crystal  lattice. 

The  orientation  factors  were  calculated  with 
the  program  HEXAN ,  which  is  described  in 
[5].  In  Fig.  1  some  orientation  factors  for  6H- 
SiC  are  shown  to  illustrate  the  dependence  of 
line  broadenings  on  Bragg  reflections  and  the 
assumed  dislocation  type. 

To  extract  the  dislocation  density  from  the 
measured  line  profiles  one  can  look  at  the 
Fourier  coefficients  defined  by  [4,  6] 

\nAn=-T(ndhklm)  (3) 

A„  =  exp[-B(m)(ndhkl  f\n(R'/ ndhk, )]  (4) 

S(m)  =  [(Qb)2/8n-]px(m).  (5) 

Eq.  4  shows  that  the  Fourier  coefficients  An 
have  a  linear  dependence  of  n 2  with  the  slope 
being  £(m).  Therefore  the  values  for  £(m) 
can  be  determined  from  the  experimental  data  and  thus  by  Eq.  5  the  dislocation  density  p  is 
obtained.  As  there  is  a  linear  dependence  of  the  values  5(m)  with  Q2  (respectively  sin20)  the 
distribution  of  the  various  types  of  dislocations  can  be  determined.  The  orientation  factors  %  depend 
on  the  Bragg  reflections  and  on  the  type  of  dislocation.  If  more  than  one  type  occurs,  the  weighted 
average  over  all  assumed  types  of  dislocation  must  be  taken.  As  5(m)  versus  Q2  must  be  a  straight 
line,  the  fractions  of  different  dislocation  types  can  be  determined  by  minimization  of  the  error  of  a 
fitted  straight  line. 

Alternatively  the  dislocation  density  can  be  obtained  from  the  integral  breadths  ft  which  can  be 
obtained  by  the  formula  [4] 


<f  <f 


*  o 

& 


r 


Fig.  1:  Orientation  factors  (6H-SiC)  for  the 
reflections  006  and  110.  For  the  reflection  006 
the  orientation  factors  are  nearly  0  for  basal  a 
and  prismatic  a  glide  system.  For  all  other  types 
the  maximum  value  is  calculated.  Opposite 
behavior  is  found  for  the  reflection  1 10. 


\A(ndhki)Andhkl 


With  the  values  for  B(m)  the  equations 


P  =[4B(m)lnF] 


1/2 


1- 


ln(InP) 
4  In  P 


(6) 

(7) 


P  =  *'[5(m)]1/2,  (8) 

show  the  dependence  of  the  integral  breadths  p  and  the  values  S(m)  and  thus  the  dislocation  density 
p.  The  values  from  the  integral  breadths  are  in  general  more  accurate  than  those  from  the  Fourier 
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coefficients  [5]  as  they  can  obtained  directly  from  the  measured  profile.  But  for  Eq.  8  the  value  R  ’ 
must  be  known.  It  can’t  be  obtained  directly  from  the  profile  but  it  is  nearly  constant  for  similar 
samples. 

In  conclusion  we  determined  the  fractions  of  the  different  dislocation  types  from  the  integral 
breadths  and  the  dislocation  density  from  the  Fourier  coefficients  of  the  profiles. 

Experimental 

We  have  studied  6H-SiC  samples  subjected  to  different  irradiation  and  annealing  procedures  (Table 
1).  The  samples  had  a  size  of  approx.  5x5x0.3  mm3  and  samples  Ml,  M2,  M3  and  H3  were  from  the 
same  wafer.  They  had  a  p-type  epitaxial  layer  on  a  p+-type  commercial  substrate  from  CREE  [7]. 
Several  Bragg  reflections  of  the  samples  and  on  an  as-grown  reference  sample  have  been  measured 
on  a  4-circle  X-ray  diffractometer  with  a  graphite  monochromator  and  fine  slits  for  high  resolution. 
Particular  care  was  taken  to  orient  all  samples  identically  to  eliminate  effective  geometrical  sample 
size  effects  on  the  line  profile.  As  the  samples  were  parts  of  the  same  wafer,  the  angle  between  the 


Fig.  2:  Sample  Ml .  Dependence  of 
Integral  breadth  p  corrected  with 
orientation  factors  X  on  sin(0). 


sin(0) 

Fig.  3:  Sample  H3.  Dependence  of 
Integral  breadth  p  corrected  with 
orientation  factors  X  on  sin(0). 


surface  normal  and  the  diffraction  vector  defines  the  effective  extent  of  the  sample  yielding  to  a 
broadening  of  the  peak  [8]. 

The  profiles  of  the  measured  peaks  were  fitted  with  a  Pseudo-Voigt  function  and  deconvoluted  with 
the  profile  of  the  reference  sample.  The  dislocation  distribution  was  determined  according  to  Eq.  7 
and  the  dislocation  density  according  to  Eq.  5.  Fig.  2  and  Fig.  3  show  the  measured  integral 
breadths  corrected  for  the  correct  orientation  factors  against  sin0.  Fig.  2  shows  the  annealed  sample 
Ml  and  Fig.  3  the  highly  irradiated  and  not  annealed  sample  H3.  The  slope  of  the  lines 
correspondent  to  the  dislocation  densities  and  thus  to  the  correlation  lengths  [9].  The  results  are 
summarised  in  Table  1 . 


Sample 

Fluence 

xl019cm'2 

Annealing 

°C 

Dislocation  density 
xlOl3trf2 

Dislocation 

fractions 

Ml 

35.3 

1850 

0.94 

96%  pyramidal  c+a 

M2 

35.3 

1700 

1.4 

all  but  pure  c 

M3 

22.7 

2.2 

90%  prism  a 

H3 

77.1 

22 

99%  prism  a 

LI 

9.4 

1600 

*0.2 

87%  pyramidal  c+a 

Table  1 :  Measured  samples  with  irradiation  and  annealing  treatment, 
dislocation  density  and  fractions. 
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Results 

Samples  M3  and  H3  show  that  the  dislocation 
density  determined  is  higher  for  a  higher  neutron 
fluence  (see  Fig.  4).  In  accordance  with  this  the 
correlation  length  is  found  reduced.  The  dislocation 
densities  differ  by  a  factor  of  10  while  the  fluences 
differ  only  by  a  factor  of  3-4.  This  suggests  a 
stronger  than  linear  dependence  between  fluence  and 
dislocation  density.  In  similar  processes 
(amorphization  in  zircon  due  to  a-radiation)  non¬ 
linear  relations  have  been  found  as  well  [10]. 

The  dislocation  fractions  of  nearly  pure  a-prismatic 
glide  shows  that  the  correlation  length  after  the 
irradiation  is  reduced  mainly  along  the  a  axis. 

Inspection  of  the  data  for  samples  Ml  and  LI  shows 
that  after  annealing  a  reduction  of  the  correlation  length  can  be  observed  not  only  along  the  a  axis 
but  also  along  the  c  axis. 

By  comparing  samples  Ml  and  M2  the  influence  of  the  annealing  temperature  (1850  and  1700°C, 
respectively)  can  be  studied.  Both  samples  were  irradiated  with  the  same  fluences  thus  having  equal 
dislocation  densities  before  annealing.  The  dislocation  densities  determined  after  the  annealing 
differ  clearly  by  a  factor  of  1.5  (Table  1).  This  shows  that  a  higher  annealing  temperature  (1850°C) 
reduces  the  dislocation  density  after  neutron  irradiation  and  thus  increases  the  correlation  length 
more  strongly  than  an  annealing  at  a  lower  temperature  (1700°C). 

Conclusion 

With  high  resolution  X-ray  diffraction  line  profile  analysis  we  have  studied  the  effects  of  neutron 
irradiation  and  annealing  on  the  correlation  length  of  6H-SiC.  Irradiation  reduces  the  correlation 
length,  mainly  along  the  a  axis.  Higher  fluences  result  in  a  stronger  than  linear  reduction  of  the 
correlation  length.  By  annealing  the  correlation  length  can  be  regained,  where  higher  annealing 
temperatures  also  result  in  longer  correlation  lengths. 
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Abstract.  4H-SiC  commercial  wafers  and  sublimation  grown  epitaxial  layers  with  a  thickness  of 
100pm  have  been  studied  concerning  crystalline  structure.  The  substrate  wafers  and  the  epitaxial 
layers  have  been  separately  investigated  by  high-resolution  x-ray  diffraction  (HRXRD)  and 
synchrotron  white  beam  x-ray  topography  (SWBXT).  The  results  show  that  the  structural  quality 
was  improved  in  the  epitaxial  layers  in  the  <1120>  and  <1100>  directions,  concerning  domain 
distribution,  lattice  plane  misorientation,  mosaicity,  and  strain,  compared  with  the  substrates. 
Misoriented  domains  have  merged  together  to  form  larger  domains  while  the  tilt  between  the 
domains  was  reduced,  which  resulted  in  non-splitting  in  diffraction  curves.  It  is  also  clear  that  if  the 
misorientation  in  the  substrate  gets  too  large,  we  can  only  see  a  slight  decrease  in  the  misorientaion 
in  the  layer.  At  some  positions  on  the  substrates  there  were  block  structure  (mosaicity).  0) -rocking 
curves  from  epilayers  at  the  same  position  showed  smaller  full  width  at  half-maximum  (FWHM) 
values  and  more  uniform  and  narrow  peaks.  Curvature  was  almost  the  same  in  grown  epilayers 
compared  with  the  substrates.  The  shape  of  the  grown  epitaxial  layers  was  concave  similarly  to  the 
substrates. 

Introduction 

The  importance  of  epitaxial  layers  with  very  good  crystalline  structure  is  related  to  the  device 
performance  [1].  It  is  therefore  essential  in  the  development  phase  of  a  device  material  to  determine 
the  defect  distribution.  X-ray  diffraction  and  SWBXT  methods  have  been  widely  employed  for 
characterization  of  crystalline  perfection  of  crystals.  Since  most  structural  features  modify  the 
scattering  of  X-rays,  SWBXT  is  an  excellent  tool,  which  yields  spatially  resolved  crystallographic 
information  from  studying  the  interaction  of  white  beam  X-rays  with  the  entire  crystal. 
Diffractometry  methods  facilitate  the  quantitative  measurement  of  Bragg  angles,  intensities  and 
diffraction  line  profiles.  Both  techniques  are  non-destructive  and  need  no  specimen  preparation. 

In  this  paper,  detailed  studies  on  commercial  substrates  and  grown  epitaxial  layers  regarding 
crystalline  quality  improvements  have  been  conducted.  Epilayers  of  4H-SiC  with  a  thickness  of  100 
pm  were  grown  on  4H-SiC  substrates  by  a  sublimation  technique  [2].  Substrates  and  grown 
epilayers  were  separately  investigated  by  HRXRD  and  SWBXT  to  reveal  crystalline  quality,  (e.g. 
domain  distribution,  curvature,  mosaicity,  strain)  and  possible  mechanism  for  structural  evolution. 

Experimental 

Commercially  available  polished  4H-SiC  wafers  with  C-terminated  face  were  analyzed  before  and 
after  deposition  of  layer.  The  substrates  were  quarters  of  a  35mm  wafer.  The  surfaces  were  off- 
oriented  8°  towards  <1120>  and  the  layer  thickness  was  100pm.  Triple-axis  high-resolution  X-ray 
diffraction  measurements  were  made  in  the  laboratory  using  a  Philips  X’pert  MRD,  with  a  3kW  Cu 
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radiation  source.  The  primary  beam  undergoes  four  reflections  by  a  Ge(220)  crystal  monochromator 
and  the  resultant  beam  has  an  angular  divergence  of  less  than  12”  in  the  diffraction  plane.  Using  a 
triple-bounce  Ge  (220)  collimator  crystal  on  the  secondary  side,  the  acceptance  of  the  diffracted 
beam  into  the  detector  is  limited  to  less  than  12”.  Triple-axis  measurements  were  employed  to  take 
G) -rocking  curves  and  0-20  diffraction  curves.  The  measurement  technique  and  equipment  are 
described  in  detail  elsewhere  [3,4].  Diffraction  curves  were  taken  with  the  sample  azimuthal 
orientation  such  that  the  incoming  X-ray  beam  was  parallel  to  <1120>  and  < T 1 00 >  directions. 
Recorded  diffraction  reflections  were  symmetric  004,  008  and  0012.  SWBXT  measurements  were 
made  with  the  synchrotron  radiation  from  the  DORIS  III  storage  ring  at  the  HASYLAB-DESY 
(Hamburger  Synchrotronstrahlungslabor  am  Deutschen  Elektronen-Synchrotron).  The  positron 
current  was  varied  between  70-140  mA.  For  section  topography,  the  beam  was  limited  by  a 
horizontal  slit  with  a  width  of  approximately  12-18  micron.  The  topographs  were  recorded  on  high- 
resolution  VRP-M  film. 


Results  and  discussion 

Three  samples  were  analyzed  before  and  after 
deposition  of  layer.  A  series  of  co -rocking 
curves  and  0-20  scans  were  conducted.  First, 
co -rocking  curves  were  taken  with  a  mapping 
technique,  where  the  footprint  (beam  area)  on 
the  sample  was  varied  by  change  of  the  spot 
size  and  incoming  beam  angle  (reflection). 
The  © -rocking  curves  provide  information 
about  lattice  planes  tilt.  Mosaic  structure 
appears  as  discrete  diffracting  blocks,  whose 
different  diffraction  vectors  will  give  rise  to 
an  uneven  ©-profile,  depending  on  their 
mutual  misorientations  and  sizes.  Also,  the  co- 
rocking  curves  are  broadened  by  curvature. 
The  ©-rocking  curves  recorded  from  the 
substrates  showed  peaks  that  were  broad  and 
also  sometimes  showed  peak  splitting  and 
asymmetrical  shape.  The  number  of  peaks 
varied  from  1-4  peaks  depending  on  the 
position  on  the  specimen  and  footprint  size. 
The  shape  of  the  diffraction  curves  with  peak 
splitting  suggests  that  the  crystal  consist  of 
domains,  which  are  slightly  misoriented  to 
each  other.  To  investigate  the  domain 
distribution  and  the  misalignment,  the 
footprint  on  the  sample  was  decreased  to  1  *2 
mm  and  several  ©-scans  were  made  along  a 
1*10  mm  stripe.  The  result  from  this 
decomposition  revealed  that  the  broad 
rocking  curve  recorded  with  spotsize  of  1*10 
mm  is  a  superposition  of  individual 
diffraction  peaks  from  small  laterally 
distorted  domains,  slightly  tilted  with  respect 
to  each  other,  Fig  1.  The  separation  between 


Omega  [degrees] 

Figl .  Showing  superposition  of  ©-rocking  curves  with 
a  footprint  of  1  *2  mm  scanned  along  a  1  *  1 0  mm  stripe 
along  <1 120>  direction. 


-0.04  -0.02  0  0702  0.04 


Omega  [degrees] 

Fig  2.  Rocking  curves  recorded  at  different  positions 
translated  along  <  T 1 00 >  on  substrate  and  epilayer. 
Footprint  is  1*9  mm. 
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the  peaks  corresponds  to  the  misalignment  angle  between  different  domains  and  the  domain  size 
seems  to  vary  from  approximately  0.5  mm  up  to  several  millimeters.  Peaks  that  showed  a  typical 
mosaic  pattern  also  had  much  lower  intensity.  This  low  intensity  is  mainly  due  to  the  sensitivity  of 
the  technique  to  crystal  defects  and  grain  boundaries,  which  scatter  the  intensity  into  a  large  angular 
range.  However,  at  some  local  areas  of  the  substrates,  co-rocking  curves  were  sharp  and  narrow  with 
high  intensity  and  a  FWHM  value  of  1 8-arc  sec.  The  domain  distribution  showed  a  random  pattern. 
CD -rocking  curves  recorded  from  the  epilayer 
showed  a  different  structure.  They  had  more 
uniform  and  narrow  shapes.  CD -rocking 
curves  recorded  from  the  substrate  and  the 
epilayer  can  be  seen  in  Fig  2.  The  peaks  did 
not  show  splitting  as  much  as  for  the 
substrates.  Also,  ©-rocking  curves  did  not 
show  a  mosaic  pattern.  To  analyze  the 
domain  distribution  along  the  stepped 
direction,  measurements  along  <1120>  were 
done.  The  epilayer  growth  seems  to  smooth 
out  the  small  angle  boundaries  along  the 
direction  <1120>  and  perpendicular  along 
<Tl00>.  At  positions  on  the  specimen 
where  there  was  strong  domain  formation, 
the  domain  structures  of  the  substrate  were 
replicated  into  the  epilayer.  Also,  at  some 
local  positions  on  the  substrate  where  the 
substrate  showed  a  very  sharp  and  narrow 
©-rocking  curve  with  a  FWHM  of  1 8-22-arc 
sec,  the  structure  was  replicated  into  the 
epilayer  without  evolution. 

Curvature  was  also  measured,  since  this  can  induce  stress  in  the  grown  epilayer.  Curvature  of  the 
atomic  planes  will  induce  a  systematic  shift  in  the  omega-angle  along  the  specimen,  which  can  be 
observed  in  Fig.  2,  both  for  the  substrate  and  the  epilayer.  The  curvature  was  measured  along  the 
<1 120 >  direction  and  perpendicular,  along  the  <Tl00>  direction.  As  shown  in  Fig.3,  curvature  is 
more  pronounced  along  <Tl00>  than  along  step  direction  <1120>.  The  difference  between  the 
curvature  of  the  substrates  and  the  substrates  with  grown  epilayers  is  small.  This  shows  that  the 
reduced  broadening  in  the  epilayers  vs.  substrates  is  due  to  that  domains  originating  at  the  substrate 
have  merged  together  to  form  larger  domains.  However,  the  systematic  ©-shifts  is  due  to  wafer 
curvature. 

When  a  substrate  contains  several  misoriented  domains,  step-flow  growth  will  take  place  over  the 
whole  substrate.  At  the  edge  opposite  to  the  <1 120>  direction,  domains  will  increase  their  size  in  the 
<1 120>  direction  by  the  step-flow  growth  mechanism.  As  growth  proceeds,  these  domains  will 
partly  or  completely  overtake  domains  in  the  down-step  direction.  With  increasing  layer  thickness, 
the  domain  enlargement  will  completely  overtake  domains  in  the  down-step  direction  (in  the  ideal 
situation)  [5].  If  the  angular  spread  between  two  domains  is  large,  then  each  domain  replicates  into 
the  epilayer.  Also,  if  each  domain  has  high  structural  quality,  then  there  is  no  structure  evolution, 
only  replication  into  the  epilayer.  Fig.  4  is  a  section  transmission  topograph  showing  both  the 
substrate  and  the  epilayer.  In  this  reflection  where  g  -  00012,  several  types  of  structures  are 
revealed.  Screw  dislocations  are  seen  as  thin  black  stripes  running  from  the  substrate  up  through  the 
epilayer. 


Position  [mm] 

Fig.  3.  Relative  curvature  of  substrate  and  epilayer  in 
the  <  1 100  >  (solid  lines)  and  <1120>  (dashed  lines). 
Measurements  on  the  epilayer  are  marked  with  black 
squares. 
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Fig-4  Synchrotron  section  topograph  showing  cross-section  of  the  substrate  and  epilayer. 

The  black  arrows  show  the  100pm  grown  film.  The  white  arrow  marks  the  interface,  g  =  00012 

The  screw  dislocations  are  replicated  into  the  epilayer  and  this  is  consistent  with  previous  reports 
showing  that  screw  dislocations  are  replicated  during  step-flow  epitaxial  growth  in  4H  and  6H 
polytypes  [6].  The  dark  curved  black  spots  in  the  substrate  are  dislocations  lying  in  the  basal  plane 
forming  a  network.  These  were  introduced  by  surface  relaxation  during  crystal  growth  [7].  Where 
the  density  is  high  (black  regions),  individual  dislocations  cannot  be  resolved.  The  dislocation 
distribution  in  the  epilayer  is  much  more  uniform  and  of  a  lower  densiy,  since  the  basal  plane 
(0001)  dislocations  in  the  substrates  are  mainly  parallel  to  the  growing  surface  of  the  epilayer,  they 
can  not  penetrate  into  the  layer  during  the  growth  which  proceeds  in  [000 1  ]  direction. 

Conclusion 

To  our  understanding,  the  crystalline  improvement  is  related  to  the  fact  that  almost  all  dislocations 
lying  in  the  basal  plane  in  the  substrate  do  not  replicate  into  the  epilayer,  this  can  be  seen  in  the 
section  topograph,  Fig.  4.  Also,  when  a  substrate  contains  several  misoriented  domains,  step-flow 
growth  will  take  place  over  the  whole  substrate.  The  domains  in  the  substrate  are  enlarged  by  the 
step-flow  growth  mechanism,  mainly  in  the  <I120>  direction.  The  reduction  of  the  number  of 
domains  is  enhanced  with  increasing  layer  thickness. 
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Abstract  Silicon  carbide  (SiC)  single  crystal  growth  was  studied  by  the  in-situ  observation 
using  x-ray  topographic  technique.  Occurrence  and  dynamics  of  defects,  dislocations  were 
observed  in  a  real  time  display  and  captured  as  topographic  images  during  sublimation  growth 
(modified  Lely  method)  of  SiC  crystals.  From  the  analysis  of  these  topographic  images,  high- 
density  of  dislocations  and  typical  large  defects,  such  as  micropipes,  domain  boundaries  and 
macrodefects  were  investigated.  On  the  basis  of  our  in-situ  observation  and  analysis,  we  argue 
that  dislocation  and  nucleation  control  on  the  seed  crystal  during  initial  growth  are  of  prime 
importance  for  producing  high  quality  SiC  crystals. 

1.  Introduction 

Silicon  carbide  (SiC)  has  received  a  renewed  attention  as  an  attractive  material  for  high  power, 
high  temperature  and  high  frequency  semiconductor  devices  for  the  last  few  years.  Generally, 
SiC  bulk  single  crystals  for  electronic  devices  are  grown  by  sublimation  (modified  Lely  method) 
[1].  However,  variety  of  defects  and  dislocations  still  exist  in  these  bulk  crystals.  The  large 
hollow  defects  widely  known  as  micropipes  are  reported  as  one  of  the  main  cause  of  limiting  the 
quality  of  SiC-based  devices  [2,3].  Therefore  it  is  important  to  find  optimum  growth  conditions 
for  the  control  of  defects  and  dislocations.  In-situ  observations  for  crystal  growth  had  been  used 
previously  investigating  the  origin  of  defects  and  dislocations  formation  and  for  the  crystal 
growth  mechanism  [4,5].  However,  the  in-situ  observation  for  SiC  bulk  single  crystal  growth  has 
been  difficult,  because  the  crystal  growth  is  performed  in  a  carbon  crucible  like  a  black  box  and 
at  high  temperature  over  2000  °C.  In  a  previous  paper,  we  reported  on  the  development  of  an 
instrument  for  real-time  observation  of  SiC  bulk  single  crystal  growth  by  x-ray  topography  [6,7]. 
The  x-rays  can  capture  defects  and  strains  in  the  growing  crystal  as  diffraction  images  through  a 
carbon  crucible.  Therefore,  this  in-situ  x-ray  topographic  technique  is  effective  to  realize  a  direct 
analysis  for  the  SiC  crystallinity  inside  the  growth  crucible.  This  technique  was  considered  to 
contribute  for  optimizing  the  growth  conditions  and  to  interpret  the  mechanism  of  defects  and 
dislocations  formation.  In  this  paper,  we  report  on  the  in-situ  observation  SiC  crystal  growth. 
Also  occurrence  and  dynamical  behavior  of  the  defects  during  the  growth  was  investigated  in  a 
real  time  display  using  the  x-ray  topographic  system. 
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2.  Experimental 

The  experiments  for  the  growth  of  SiC  crystals  by  the  modified  Lely  method  was  performed  in 
an  rf-induction  furnace  combined  with  a  x-ray  topographic  system  [6].  The  (0001)  6H-SiC 
crystals  grown  by  Acheson  and  Lely  methods  were  chosen  as  seed  crystal.  The  seed  was  fixed  on 
the  lid  at  the  inner  side  of  the  crucible,  such  that  its  position  was  at  the  datum  point  of  the  x-ray 
topography.  The  crystals  were  grown  at  2000~2200  °C  and  10~400  Torr  chamber  pressure  using 
high  purity  Ar  gas,  A  molybdenum  rotating-anode  was  used  as  a  source  to  generate  the  x-rays 
with  maximum  output  of  18  kW.  The  beam  irradiates  the  growing  crystal  upward  through  a 
carbon  guide  pipe  with  out  interference  with  the  source  material  in  the  crucible.  A  CCD  camera 
was  used  for  direct  scanning  of  topographic  images  from  g=10ll.  The  scintillation  counter  was 
used  for  monitoring  the  thickness  of  the  growing  crystal  [8].  An  optical  microscope  was  also 
used  for  the  post  process  observation  of  these  SiC  grown  crystals.  Dislocations  and  defects  in  the 
specimens  analyzed  by  the  post  processes  were  compared  with  the  in-situ  observations. 

3.  Results  and  Discussion 

Fig.  1  shows  the  results  of  in-situ  x-ray  topography  for  SiC  crystal  growth.  The  images  were 
taken  from  the  area  close  to  the  seed  crystal  edge.  After  the  pressure  in  the  chamber  was 
gradually  decreased  from  700  Torr  to  10  Torr  (growth  pressure)  and  the  growth  started, 
topography  revealed  some  new  features  as  shown  in  Fig.  1(a).  Bright  diffuse  image  appeared 
dominantly  from  both  right  and  left  sides  of  the  crystal  marked  as  A  on  the  topograph.  The  image 
shows  generation  of  new  dislocations  with  high  density  during  the  initial  growth.  Besides  this, 
we  also  noticed  that  the  crystal  edge  starts  becoming  circular  attaining  the  shape  of  of  the  carbon 
lid  to  which  it  was  attached  during  the  initial  growth  due  to  effective  sublimation  as  it  was 
exposed  to  higher  temperature  than  the  center  of  the  crystal  [9].  This  was  observed  almost  in  all 
of  the  growth  experiments  studied  by  the  in-situ  observation.  As  the  growth  proceeds,  the  bright 
diffuse  images  appearing  due  to  the  dislocations  are  elongated  towards  the  inner  part  of  the 
growing  crystal,  observed  as  line  images  between  light  and  dark  spheres  and  indicated  by  white 
arrows  in  the  figure  in  a  real  time  display.  After  one-hour  growth  the  topograph  recaptured  is 
shown  in  Fig.  1(b),  the  line 
images  shown  in  Fig  1(a) 
overlapped  each  other,  and 
newly  bright  spots  appeared 
marked  as  B  on  Fig.  1(b).  The 
growth  was  analyzed  by  an 
optical  microscope.  We 
observed  that  thickness  of  both 
right  and  left  sides  of  the  grown 
crystal  is  higher  than  at  the 
center.  Several  micropipes 
generated  in  the  center  of  the 
crystal.  Comparing  with  in-situ 
topographs,  it  seems  that  the 


Fig.  1  In-situ  topographs  of  SiC  growth,  (a)  Soon  after  the 
growth  starts,  bright  diffuse  image  due  to  high-density  of 
dislocation  in  the  initialy  grown  layer  appeared  from  both 
right  and  left  sides  (A).  White  arrows  show  the  domain 
edges,  (b)  Coalescence  of  the  domain  edges  at  the  center 
of  the  captured  image  (up  and  down  arrows  direction) 
shows  a  domain  boundary,  where  several  new  micropipes 
(B)  are  generated  as  bright  spots. 
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variation  in  the  growth  rate  on  the  seed  crystal  surface  forms  domain  at  both  right  and  left  sides 
of  the  crystal  (A's  in  Fig.  1(a))  in  the  initial  stage  of  the  growth.  These  domains  then  progressed 
toward  the  center  of  the  crystal  as  growth  proceeds  further.  When  the  domain  boundaries  overlap 
each  other,  several  new  micropipes  are  generated  at  the  B  on  Fig.  1(b).  The  result  shows  that  the 
domains  overlapping  cause  large  screw  dislocation  of  the  micropipe.  It  is  reasonable  to  conclude 
that  stress  and/or  dislocations  due  to  the  overlapping  of  domains  results  in  large  Burgers  vector 
for  the  screw  dislocation. 

We  also  investigated  the  occurrence  of  macrodefects  [10,  11]  by  the  in-situ  observation. 
Macrodefects  are  composed  of  tube-like  cavities  and  large  void,  which  are  one  of  the 
characteristic  large  defects  in  SiC  bulk  crystal.  The  defects  appear  in  the  growing  crystal  in  an 
ordered  generation  of  tube-like  cavities  first  followed  by  the  large  voids  from  the  seed  crystal 
along  the  growth  direction  [10,  11].  In  the  in-situ  topographs,  we  have  observed  many  dark  spots 
after  the  appearance  of  the  bright  diffused  image  due  to  the  high-density  of  dislocations  on  the 
seed  crystal  surface  as  shown  in  Fig.  2(a).  The  dark  spot  appearance  can  be  attributed  to  the 
imperfect  diffraction  conditions.  As  the  growth  proceeds  the  topograph  gradually  changes  to 
image  shown  in  Fig.  2(b).  The  spots  shown  in  Fig.  2(a)  enlarge  and  connect  one  another.  When 
these  enlarged  spots  become  stable  the  image  gradually  changes  to  uniform  light  image  as  shown 
in  Fig.  2(c).  Such  images  were  observed  many  times  whenever  macrodefect  appeared  during 
growth.  As  we  investigate  this  in-situ  observation  comparing  with  microscope  observation  after 
the  growth  termination,  the  small  dark  spots  during  the  initial  growth  can  be  thought  as 
generation  of  small  cavity  like  tubes.  These  are  followed  by  the  formation  of  large  voids  or 
negative  crystals  as  the  small  dots  connect  with  one  another  for  the  restoration  of  the  degraded 
crystallinity  of  the  growing  crystal,  resulting  in  the  formation  of  macrodefects.  In  short,  we  have 
observed  the  same  ordered  generation  of  macrodefect  by  the  in-situ  observation  as  mentioned 
above  in  this  study  as  examined  by  the  optical  microscope  investigations. 

The  in-situ  observation  of  the  SiC  bulk  crystal  growth  by  sublimation  method  was 
realized  by  the  x-ray  topographic  technique.  The  study  shows  an  advantage  of  the  system  that  it 
can  be  used  for  the  real  time  analysis  for  dislocations  and  defects  in  the  growing  crystal.  The 
observation  and  the  analysis  of  our  results  show  that  the  high-density  of  dislocations  always 


Fig.  2  Macrodefects  occurrence  captured  by  the  in-situ  topography,  (a)  Generation  of 
macrodefects  confirmed  as  dark  spot  images  in  the  initial  growth,  (b)  As  growth 
proceeds,  the  dark  spot  images  are  enlarged  and  contact  each  other,  (c)  Dark  contrast 
gradually  changed  to  light  one  after  the  completion  of  negative  crystal  on  the  top  of 
macrodefect. 
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appear  during  the  initial  stage  of  SiC  crystal  growth.  We  also  observed  that  the  irregular  growth 
which  starts  in  parts  on  the  seed  crystal  surface  during  the  initial  growth  results  in  new  defects  in 
the  grown  crystal.  Th  e  results  suggest  the  importance  of  initial  layer  growth  control  to  improve 
the  crystallinity  of  the  growing  crystal.  If  initial  growth  conditions  were  optimized,  there  is  a 
possibility  that  density  of  defects  in  the  grown  crystal  can  be  decrease  drastically. 

4.  Conclusion 

SiC  single  crystal  growth  was  successfully  observed  by  the  in-situ  x-ray  topographic  system.  The 
system  used  is  a  reliable  and  effective  technique  for  analyzing  the  SiC  growth  and  the  origin  of 
defects  and  dislocations.  The  growth  behavior  in  the  modified  Lely  method  was  clarified  in  a  real 
time  display.  Topographs  showed  that  high-density  of  dislocations  appear  just  above  the  seed 
crystal  during  initial  stage  of  the  growth.  Occurrence  and  dynamics  of  large  defects,  such  as 
micropipes,  macrodefects,  were  also  confirmed  clearly  as  contrast  in  the  topographic  images.  We 
argue  the  importance  of  dislocation  and  nucleation  control  above  the  SiC  seed  crystal  during  the 
initial  growth  on  the  basis  of  facts  and  findings  observed  by  the  in-situ  as  well  as  the  post  process 
observations  of  the  SiC  crystal  growth. 
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Abstract:  We  have  performed  a  material  study  of  4H  SiC  PN  diodes  after  they  have  been  exposed 
to  long  term  forward  voltage  operation.  After  this  operation  an  increase  in  forward  voltage  drop 
was  observed  on  some  of  the  diodes.  Using  cathodeluminescence,  photoluminescence  lifetime 
mapping  and  synchrotron  white  beam  X-ray  topography  we  have  found  that  structural  defects  are 
created  in  the  epitaxial  layers  during  the  operation.  The  structural  defects  are  interpreted  as 
stacking  faults  in  the  4H  SiC  basal  plane,  propagating  through  the  entire  n-  base  layer.  The 
stacking  faults,  or  defects  associated  with  these,  are  acting  as  recombination  centers  reducing  the 
recombination  emission  intensity  and  the  carrier  lifetime  in  the  material. 


Introduction 


One  of  the  main  applications  for 
SiC  devices  is  in  high  power  systems  as 
voltage  source  converters,  in  for 
example  motor  drives  or  HVDC 
transmission  systems.  These 
applications  have  very  high  demand  on 
the  devices  regarding  high  blocking 
voltage,  low  switching  losses  and  high 
current  levels.  This  makes  properties 
such  as  reliability  and  long  term 
stability  important. 

Recently,  detailed  results 
regarding  performance  and  reliability  of 
high  power  SiC  diodes  have  been 
presented  [1,2].  It  was  reported  that 
some  devices  exposed  to  long  term 
operation  exhibit  an  increase  of  the 
static  forward  voltage  drop  after  the 
testing.  In  this  study  we  present  a 
material  investigation,  using 
cathodeluminescence  (CL), 

photoluminescence  (PL)  lifetime 
mapping  and  synchrotron  white  beam 
XRAY  topography  (SWBXT),  of  diodes 
showing  this  behavior. 


Figure  1.  An  I-V  curve  for  a  typical  diode 
before  and  after  forward  voltage  stress.  A 
typical  increase  of  the  forward  voltage  drop  is 
in  the  the  range  of  50-100  meV. 
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Experimental  Details 

The  investigated  diodes  were  made  on 
35  mm  4H  SiC  wafers  from  CREE,  cut  with 
an  8  degrees  off  axis  angle.  An 
approximately  30pm  thick  epi-layer  was 
grown  using  the  hot  wall  CVD  technique 
with  a  n-type  nitrogen  doping  in  the  low  3 
1015  cm3.  Using  a  standard  diodes  process 
[3]  devices  were  fabricated.  However,  to 
ease  the  X-ray  characterization  in  this  work, 
the  anode  consisted  of  a  simple  p-type 
epilayer.  These  diodes  were  then  stress 
tested  in  a  controlled  way  reflecting 
continuos  converter  operation.  The  forward 
voltage  drop  at  100 A/cm2  was  originally  in 
the  order  of  3.4  V.  Some  of  these  diodes 
showed  an  increased  voltage  drop  in  the 
range  of  50-100  mV  after  testing,  as  seen  in 
fig.  1.  These  diodes  were  further  studied 
and  the  top  metal  layer  was  removed  on 
selected  diodes  and  the  remaining  epitaxial 
material  was  investigated.  SWBXT 
measurement  was  performed  at  Desy-lab, 
Hamburg,  Germany. 

Experimental  Results 

CL  were  performed  at  low 
temperatures  (<10K)  to  observe  the  spatial 
distribution  of  the  optical  emission.  An 
example  of  a  panchromatic  CL  image  is 
shown  in  fig  2.  The  rectangular  area  is  the 
remaining  boundary  of  one  of  the  stressed 
diodes.  Within  this  area,  regions  with 
reduced  emission  intensity  are  observed, 
corresponding  to  a  darker  image.  These 
have  triangular,  or  sometimes  rectangular  or 
rhombic  shapes,  and  are  gradually  reduced 
towards  one  direction.  These  features  are 
only  seen  on  stressed  diodes,  and  extends  at 
maximum  approx.  20  pm  outside  the  diode 
region.  The  intensity  and  appearance  of 
these  features  are  changed  using  different 
penetration  depths,  or  different  sample 
temperatures.  This  indicates  that  the 
features  are  extending  into  the  epi-layer. 


Figure  2.  Low  temperature  panchromatic  CL 
image  of  a  stressed  4H  SiC  diode.  Triangular 
and  rectangular  features  with  reduced 
emission  intensity  (darker  regions)  are 
observed  on  stressed  diodes. 


Figure  3.  High  resolution  PL  decay  mapping  of 
a  wafer  with  stressed  and  non-stressed  diodes.  A 
reduction  of  the  minority  carrier  lifetime  is 
observed  on  all  4  stressed  diodes. 


PL  Decay  Time  (ns) 
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CL  images  measured  at 
different  detection  wavelengths  or 
CL  spectral  measurements  did  not 
show  any  difference  between 
emission  wavelength  of  darker  and 
brighter  areas,  or  between  stressed 
and  non-stressed  diodes. 

Preliminary  low  temperature  PL 
measurements  have  also  been 
performed  and  has  not  shown  any 
reproducible  difference  between 
different  regions. 

Figure  3  shows  a  high 
resolution  mapping  of  the  carrier 
lifetime  measured  by  room 
temperature  PL  decay.  The 
mapping  covers  several  diodes, 
both  stressed  and  non-stressed.  A 
clear  reduction  of  the  carrier 
lifetime  is  observed  on  the  stressed 
diodes,  marked  as  dotted 
rectangles,  as  compared  to  the  non- 
stressed  diodes.  A  reduction  of  the 
minority  carrier  lifetime,  from 
about  400ns  to  below  200ns,  was 
observed  in  the  regions  of  stressed 
diodes. 

The  spatial  resolution  for 
this  measurement  is  limited  by  the 
carrier  diffusion  length  and  the  same  features  as  observed  in  CL  shown  in  fig.  2,  cannot  be 
resolved.  However,  indications  of  triangular  areas  with  reduced  lifetime  can  be  seen  in  for 
example  the  bottom  left  stressed  diode.  The  diode  shown  in  fig  2,  is  the  smallest  of  the  stressed 
diodes  as  seen  in  fig.  3. 

The  SWBXT  were  performed  using  backscattering  geometry,  giving  a  Laue  pattern.  Each 
spot  consists  of  a  complete  image  reflection.  Figure  4  shows  an  example  of  one  of  these  images, 
measured  on  the  same  diode  as  with  CL  in  fig  2  and  with  lifetime  mapping  in  fig  3.  The  boundary 
of  the  diodes  are  clearly  seen,  probably  due  to  stress  introduced  between  the  p+  layer  and  the  n- 
base  layer.  White  dots  in  the  image  is  elementary  screw  dislocations,  while  no  micro-pipes  is 
observed  on  this  image.  In  addition  we  observe  triangular  features  often  with  a  stronger  bright  line 
along  the  hypotenuse.  The  presence  and  the  contrast  ratio  between  the  bright  lines  and  the  darker 
regions  varies  between  different  reflections,  depending  on  the  relative  relation  between  the 
incoming  synchrotron  beam,  the  diffracting  plane  and  the  orientation  of  the  crystal  defect.  In  some 
reflection  directions  only  the  boundary  of  the  triangular  are  seen,  arid  in  some  direction  are  no  sign 
of  these  defects  observed.  A  clear  correlation  between  the  structural  defects  observed  with 
SWBXT  and  the  optical  features  seen  in  CL  can  be  seen  by  comparing  fig.  2  and  fig.  4. 

Discussion  and  Conclusions 

The  results  from  the  SWBXT  clearly  shows  that  crystal  defects  are  created  during  electrical 
stress  of  the  SiC  diode.  The  observed  features  are  observed  only  on  stressed  diodes  and  are 
restricted  to  the  area  of  the  diode.  The  fact  that  dark  areas  are  observed  in  the  SWBXT  interference 
image  also  shows  that  the  created  defect  has  an  at  least  2D  spatial  extension.  They  also  show  that 
these  defects  have  an  extension  corresponding  to  the  epi-layer  thickness  along  the  basal  plane. 


Figure  4.  SWBXT  image  of  a  forward  voltage  stressed 
diode.  Bright  spots  are  elementary  screw  dislocations 
and  the  larger  rectangles  are  the  diode  periphery.  The 
darker  triangles  are  interpreted  as  stacking  faults  in  the 
basal  plane. 
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These  defects  are  interpreted  as  stacking  faults  in  the  (0001)  basal  plane.  The  stacking  fault  are  in 
the  case  of  triangular  defects  bounded  by  dislocations  in  the  <0ll0  >  and  <10l0>  directions. 

The  triangular  defects  are  similar  to  the  previously  observed  3C  inclusions.  These  are  often 
observed  on  epitaxial  growth  on  low  angle  cut  substrate,  and  the  formation  of  the  inclusions  has 
previously  been  explained  [4].  However,  we  have  found  no  evidence,  from  XRD  or  optical 
spectroscopy,  of  similar  3C  inclusion  regions  in  these  stressed  samples.  Neither  by  XRD  or  from 
optical  spectroscopy  where  emission  from  the  lower  bandgap  3C  polytype  would  appear  in  visible 
range  of  the  spectrum.  There  is  to  our  knowledge  no  previous  report  that  similar  3C  inclusions  are 
created  after  growth.  The  question  whether  the  observed  defects  are  single  stacking  faults  or  a 
larger  number  of  stacking  faults  in  the  4H  lattice,  requires  a  further  and  more  detailed  study.  The 
results  from  CL  and  lifetime  mappings  shows  that  these  created  defects  acts  as  recombination 
centers  which  reduces  the  recombination  efficiency  and  the  carrier  lifetime.  The  reduction  of  the 
carrier  lifetime  can  also  explain  the  increase  in  the  forward  voltage  in  these  diodes. 

The  formation  of  crystal  defects  in  devices  during  operation  has  previously  been  observed  in 
many  other  material  systems.  This  usually  influences  the  device  performance  and  in  some  cases 
leads  to  complete  degradation.  In  early  GaAs  and  II- VI  based  lasers,  rapid  degradation  was 
observed  induced  by  pre-existing  extended  defects,  mainly  stacking  faults,  which  was  formed 
during  epitaxial  growth  [5].  A  more  gradual  degradation  initiated  by  point  defects  or  local  strain 
has  also  been  observed  [5],  which  seems  more  similar  to  the  observed  behavior  in  SiC,  where  the 
structural  defects,  interpreted  as  stacking  faults,  are  not  initially  present  but  created  during  the 
operation.  The  formation  of  stacking  faults  are  most  likely  induced  by  local  or  thermal  strain  at  the 
PN  interface,  where  dislocation  pairs  are  created  initiated  by  point  defects  or  dislocation  loops. 
These  dislocation  propagates  along  the  basal  plane  and  terminate  at  the  epilayer  substrate 
interface,  leaving  a  stacking  fault  in  the  plane. 

The  driving  force  for  the  dislocation  motion  is  likely  enhanced  by  the  energy  released  by  non 
radiative  recombinations  in  the  electron  hole  plasma.  This  so  called  recombination  enhanced  effect 
has  previously  been  observed  in  GaAs  and  II- VI  material  systems  [6]. 

The  authors  acknowledge  contributions  from  the  entire  ABB  SCRIPT  team,  A.  Ellison,  H. 
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Abstract  An  initial  investigation  has  shown  that  the  electrolysis  of  water  can  occur 
preferentially  at  macroscopic  defects,  including  micropipes,  where  a  silicon  carbide  wafer  is  used  as 
the  anode.  It  is  proposed  that  observing  the  location  of  the  resulting  streams  of  bubbles,  nucleated  at 
the  defects,  would  form  the  basis  for  a  simple,  non-destructive  qualification  test  of  SiC  wafers. 

Introduction 

A  variety  of  surface  and  structural  defects  exist  in  SiC  but  the  micropipe  is  recognised  as  the  most 
detrimental  defect  in  terms  of  electrical  device  operation  [1].  Micropipes  are  hollow  core 
dislocations,  ranging  from  a  few  nanometers  to  several  micrometers  in  diameter,  that  propagate 
through  the  wafer  [2], [3].  If  a  micropipe  is  present  in  the  active  device  area,  the  blocking  capability 
of  the  device  will  be  severely  impaired.  If  larger  area  (and  hence  larger  current)  devices  are  to  be 
realised  the  density  of  micropipes  must  decrease.  Manufacturers  such  as  Cree  Inc,  are  continuing  to 
optimise  growth  conditions  to  produce  material  with  lower  micropipe  densities,  but  production 
50mm  diameter  wafers  still  typically  have  -10cm'2  [3].  Often  these  micropipes  are  not  evenly 
distributed  across  the  wafers,  but  occur  in  clusters  [4].  When  developing  a  fabrication  process,  it  is 
obviously  useful  to  know  which  areas  and  how  much  of  the  incoming  wafer  are  relatively  micropipe 
free  before  fabricating  devices. 

Micropipe  defects  can  be  identified  in  a  number  of  ways.  During  device  operation  to  voltage 
breakdown,  micropipes  are  recognised  by  the  localised  appearance  of  microplasmas.  Neudeck  et  al 
verify  that  these  plasmas  occur  at  micropipe  sites,  using  optical  microscopy  [1].  However,  mapping 
an  entire  wafer  before  device  fabrication  using  optical  transmission  microscopy  is  time  consuming 
and  it  is  often  difficult  to  see  smaller  micropipes.  Synchrotron  white  beam  x-ray  topography 
(SWXT)  has  also  been  used  to  detect  micropipes  [5,  6].  Whilst  this  method  has  proved  to  be  an 
effective  tool  in  determining  the  location  of  micropipes  it  is  an  expensive  method  and  therefore  not 
suitable  for  day  to  day  wafer  quality  assessment.  Etching  SiC  in  molten  KOH  is  commonly  used  to 
reveal  micropipes  but  this  is  a  destructive  process.  Yakimova  et  al  describe  a  simple  wafer  mapping 
method  which  utilises  the  electrolytic  dissolution  of  a  thin  metal  layer  deposited  on  the  frontside  of 
a  SiC  wafer  [4].  An  Al  coated  wafer  is  connected  to  the  anode  in  a  sodium  carbonate  electrolytic 
cell  and  a  voltage  is  applied.  The  electrolyte  passes  through  the  micropipe  to  the  metal  and  results  in 
corrosion  of  the  aluminium  at  the  intersection  of  the  micropipe  and  the  metal,  and  can  easily  be 
observed  using  an  optical  microscope.  Aluminium  may  be  chemically  etched  from  the  surface  and 
the  wafer  may  then  be  used  for  device  processing.  While  this  method  appears  to  be  non-destructive, 
it  seems  likely  that  the  electrolyte  or  the  removal  of  the  metallisation  will  result  in  contamination. 
Here  we  present  an  alternative  electrolytic  defect  imaging  technique,  which  does  not  require  a 
metallisation  stage. 
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Experimental  Method 

A  voltage  source,  an  ammeter,  a  Petri  dish  of  water,  an  aluminium  ring  electrode  (to  ensure  equal 
potential  distribution  across  the  wafer)  and  the  SiC  wafer  were  set  up  to  form  an  electrolytic  cell  as 
shown  in  Fig.  1.  In  the  present  configuration,  a  small  amount  of  silver  paste  was  applied  to  the 
backside  of  the  SiC  wafer  and  was  connected  to  the  anode  (a  two  cell  configuration  could  easily  be 
used  to  remove  the  necessity  for  this  contact).  Two  wafers  were  analysed:  a  low  micropipe  density 
n-type  4H-SiC  bulk  wafer,  and  a  poorer  quality  p-type  4H-SiC  wafer  which  had  a  clear  line  of  large 
defects  down  the  centre  of  the  wafer  (visible  to  the  naked  eye). 


Fig  1 : Schematic  diagram  of  electrolytic  cell  used  to  detect  defects  in  SiC  wafers 

The  Petri  dish  containing  the  wafer  was  placed  under  a  Reichart  Polyvar  2  optical  microscope  and 
an  increasing  voltage  was  applied  until  the  current  was  approximately  15mA.  Electrolysis  of  the 
water  led  to  the  formation  of  hydrogen  and  oxygen  bubbles  on  the  surface  of  both  the  ring  electrode 
and  the  wafer.  Defects  acted  as  nucleation  sites  for  bubble  formation,  resulting  in  streams  of 
bubbles  which  rose  to  the  surface  of  the  water.  Following  electrolysis,  the  silver  paste  was  removed 
in  acetone  and  the  wafers  were  thoroughly  cleaned  in  a  1:1  solution  of  H2S04:H202,  followed  by  a 
rinse  in  de-ionised  water.  The  crystalline  quality  of  the  n-type  4H-SiC  wafer  was  also  assessed 
using  Cu  ka  (A=1.54A)  X-ray  topography  and  was  recorded  on  Fuji  lx  150  film.  Bragg  angle 
adjustment  was  performed  at  1mm  intervals  to  compensate  for  wafer  curvature. 


Results 

An  optical  micrograph  of  the  p-type  wafer  during  the  electrolysis  is  shown  in  Fig.  2.  A  clear  line  of 
isolated  streams  of  H2  and  02  bubbles  can  easily  be  observed  right  down  the  centre  of  the  p-type 
wafer.  The  position  of  these  streams  of  bubbles  corresponded  exactly  to  the  position  of  large 
defects. 


Fig  2:  Optical  micrograph  of  p-type  4H-SiC  wafer  during  electrolysis 
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Fig.  3  depicts  an  optical  micrograph  of  the  n-type  4H-SiC  wafer  during  electrolysis.  In  contrast  to 
the  p-type  wafer,  the  good  quality  n-type  wafer  did  not  have  large,  discrete  defects  that  could  be 
observed  by  the  unaided  eye. 


Fig  3:  Optical  micrograph  of  n-type  4H-SiC  wafer  during  electrolysis.  Particularly  large  bubble 
streams  from  defects  are  indicated  with  arrows. 


Furious  bubbling  around  the  edge  of  the  wafer  suggests  that  there  were  a  large  number  of  defects 
around  the  edge  of  the  wafer  but  the  area  toward  the  centre  of  the  wafer  was  relatively  clear  of 
defects.  On  the  left  hand  side  of  the  wafer  two  isolated  groups  of  bubbles  can  be  observed. 


A  negative  x-ray  topograph  image  of  the  n-type  4H-SiC  wafer  is  shown  in  Fig.  4.  Note  that  the 
regular  vertical  banding  on  this  image  occurs  as  a  result  of  the  Bragg  angle  adjustment.  On  the 
lower  right  hand  side  of  the  wafer  image,  it  appears  that  there  is  some  material  missing  from  around 
the  edges  of  the  wafer.  However,  lattice  tilts  in  the  region  of  1  °  (or  polycrystalline  material)  at  the 
edge  of  the  wafer  are  responsible  for  this  effect.  Dark  areas  on  the  wafer  image  correspond  to  strong 
x-ray  reflections,  which  in  turn  are  indicative  of  areas  of  strain.  The  size  of  the  area  is  related  to  the 
size  of  the  strain  field.  Micropipes  are  revealed  as  dark  dots  at  the  centre  of  a  white  annulus.  In  Fig. 
4,  these  can  be  observed  around  the  edges  of  the  wafer.  The  two  large  dark  regions  observed  on  the 
left  hand  side  of  the  wafer  are  areas  of  high  strain  associated  with  clusters  of  micropipes.  A  cluster 
of  micropipes,  surrounding  the  dark  area  on  the  upper  left  hand  side  of  the  image  can  be  observed  in 
the  close  up  of  this  region  shown  in  Fig.  5. 


Fig  4:  X-ray  Topograph  of  n-type  4H-SiC  Wafer 
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Fig  5:  Close  up  of  upper  left  hand  region  of  Fig.  4. 


The  XRD  topograph  shown  in  Fig.  4  confirms  that  there  is  a  large  number  of  micropipes  around  the 
edge  of  this  wafer,  and  that  the  section  toward  the  middle  of  the  wafer  has  relatively  few 
micropipes.  Clusters  of  micropipes  on  the  upper  left  hand  side  of  the  wafer,  observed  using 
electrolysis  of  water  are  also  observed  on  the  x-ray  topograph. 

Summary  and  Conclusions 

An  initial  investigation  of  a  potentially  simple,  inexpensive  and  non-destructive  technique  to  image 
the  quantity  and  the  distribution  of  macroscopic  defects  such  as  micropipes  in  SiC  wafers  has  been 
described.  Defect  distribution  was  verified  using  optical  microscopy  and  x-ray  topography  and 
agreement  was  achieved  with  the  electrolytic  technique. 
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Abstract.  Different  liquid  phase  epitaxial  (LPE)  growth  methods,  namely  dipping  and  sessile  drop 
techniques  have  been  applied  to  analyze  the  evolution  of  hollow-core  defects  in  PVT  SiC  crystals 
during  LPE.  Experiments  were  performed  on  (000 1 )/ (000 JJ)  surfaces  of  6H-SiC  and  4H-SiC  wafers 
using  silicon  melt  under  high  pressure  of  argon.  Processing  at  a  low  supersaturation  allowed  us  to 
evaluate  the  early  stage  of  defects  development,  and  long-time  experiments  (up  to  6  hours)  were 
aimed  at  the  analysis  of  the  stability  of  defect  transformation.  Hollow  macrodefects  10-50  pm  in 
diameter  were  found  to  be  very  unstable  in  silicon  melt  and  were  overgrown  (filled)  already  at 
supersaturations  close  to  zero,  when  growth  inside  the  core  occurs  due  to  the  Gibbs-  Thomson 
effect.  Resulting  structures  were  found  to  contain  a  number  of  dislocations  and  micropipes. 
Elimination  of  screw-dislocation  based  micropipes  requires  a  higher  supersaturation,  which  can  be 
established  by  a  significant  temperature  difference  between  epitaxial  surface  and  carbon  source. 
Micropipes  were  observed  to  decompose  into  individually  acting  non-hollow  core  dislocations. 
After  decomposition  the  activity  of  growth  center  based  on  a  micropipe  is  usually  reduced.  As  a 
result  a  new  center  may  dominate  the  growing  surface  and  make  healed  micropipes  completely 
invisible. 

Introduction.  Linear  hollow  defects  in  SiC  monocrystals  usually  referred  to  as  screw-dislocation 
based  micropipes  (MP)  are  known  to  be  one  of  the  most  critical  factors  limiting  the  successful 
application  of  this  important  semiconductor  material.  For  further  developments  aimed  to  minimize 
the  density  of  MP  the  understanding  of  the  origin  of  MP  and  their  behavior  during  the  crystal 
growth  process  should  be  improved.  One  of  the  fascinating  and  debatable  MP  related  aspects  is  the 
possibility  to  overgrow  MP  present  in  the  PVT  substrate  in  the  course  of  subsequent  LPE  process 
[1-5].  Several  points,  however,  remain  unclear:  (i)  images  of  healed  MP  [1-2]  represent  objects  20- 
40  pm  in  diameter.  But  in  numerous  investigations  [6  and  references  therein]  of  real  hollow-core 
dislocations  based  on  Frank’s  prediction  [7],  their  diameter  was  always  found  to  be  smaller  than  10 
pm.  Therefore  the  observed  voids  should  be  so-called  macrodefects  (MD)  (it  has  to  be  mentioned 
that  there  exists  still  a  discussion  about  the  nature  of  MD  [8]).  (ii)  The  resulting  MP/MD  structures 
after  healing  are  not  studied  in  detail.  Some  of  hollow  defects  are  claimed  to  be  terminated  by  a 
growth  spiral  on  an  epitaxial  surface,  another  published  example  [8]  shows  a  circular  pit  without 
any  spiral  features  but  with  higher  macrostep  density  on  a  fiat  bottom. 

Our  current  study  presents  experimental  investigation  of  LPE  growth  on  PVT  substrates  containing 
various  hollow-core  defects.  The  specific  aspects  of  our  research  were  (i)  the  wide  range  °f 
supersaturation  conditions  ranging  from  negative  supersaturation  (i.e.  substrate  dissolution  in  silicon 
melt)  to  forced  growth  achieved  under  strong  temperature  gradient  in  between  SiC  substrate  and 
graphite  source  and  (ii)  both  micropipes  and  macrodefects  were  included  into  the  study. 

Experimental.  The  scheme  of  our  experimental  set-up  is  shown  in  Fig.l.  In  sessile  drop  (SD) 
geometry  (Fig.l)  a  PVT  grown  SiC  wafer  30  mm  in  diameter  is  placed  horizontally  on  a  graphite 
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pin  holder  with  0.2-0.3  cm3  of  Si  melt  on  the  top.  The  arrangement  is  heated  to  the  temperature 
1700-2200°C.  In  SD  experiments  an  external  source  of  carbon  is  nominally  absent.  However  a 
limited  transport  of  carbon  via  gas  phase  as  the  result  of .  graphite  and  SiC  evaporation  (at 
temperature>2 1 00°C)  and  oxidation  (transport  of  carbon  in  form  of  CO)  could  not  be  totally 
neglected  in  our  experimental  conditions.  In  all  SD  experiments  a  small  positive  weight  change  of 
0-2-0. 3  mg  for  SiC  substrates  with  covered  area  of  2-3  cm2  was  found.  Consequently,  SD  processing 
can  be  considered  as  a  treatment  at  nearly  equilibrium  conditions.  During  cooling  stage  dissolved 
SiC  causes  limited  epitaxial  growth.  SD  treatment  resulted  in  the  formation  of  a  recrystallized  layer 
about  1  pm  thick  on  droplet  surface  and  excellent  visualization  of  all  hollow  defects  present  in  the 
substrate  on  its  backside  because  of  melt  penetration  (recrystallized  surface  on  the  backside  around 
a  defect  looks  quite  different  and  is  always  larger  than  the  defect  itself  making  detection  very  easy, 
see  Fig.  1). 

In  dipping  (D)  experiments,  Fig.  1,  silicon  melt  is  held  in  a  high-purity  graphite  crucible  under 
thermal  gradient  conditions.  The  holder  shown  in  Fig.  1  is  designed  for  bringing  the  substrate  into  a 
‘free-floating’  position.  The  substrate  is  kept  on  the  melt  surface  because  of  surface  tension.  The 
holder  was  fixed  inside  the  heater  and  the  crucible  was  translated  up  to  the  fitting  position  after  the 
charge  was  melted.  After  treatment  the  substrate  was  removed  from  the  melt  by  lowering  the 
crucible  unit.  In  D-experiments  supersaturation  was  produced  because  of  a  temperature  difference 
AT— 30+15  C  between  crucible  top  and  bottom  and  it  was  dependent  as  well  on  process  temperature 
(solubility  of  carbon).  The  sample  was  brought  into  contact  with  the  melt  heated  already  up  to 
working  temperature,  and,  after  processing,  it  was  removed  from  the  melt  at  the  same  temperature, 
i.e.  the  conditions  for  ‘freeze-and-look’  were  completed.  The  SiC  layer  growth  rate  was  1-20  jim/h 
depending  on  processing  temperature.  One  experiment  was  made  in  reversed  temperature  gradient 
in  oi dei  to  evaluate  figures  of  SiC  dissolution  in  silicon  melt.  All  SD  and  D-experiments  were  made 
under  argon  pressure  of  80-120  bar  in  order  to  suppress  melt  evaporation  and  diminish  transport  of 
carbon  containing  species  via  gas  phase.  Treatment  time  was  varied  from  1  to  6  hours. 
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Backside  droplets  at  hollow  defects 
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Fig*  1 .  Schematic  of  arrangements  used  for  LPE  on  hollow  defect  containing  substrates.  SD  -  sessile 
drop  geometry,  D  -  dipping  geometry  for  ‘free-floating’  substrate. 


After  treatment  the  rest  of  silicon  melt  was  etched  away  from  the  substrate  with  HF+HN03. 
Untreated  substrates  and  growth  patterns  on  both  epitaxial  and  back  sides  were  examined  with  the 
use  of  optical  microscopy,  SEM  and  AFM. 


Results  and  discussion.  Filamentary  voids  present  in  the  PVT  substrate  can  be  of  different 
configuration  and  dislocation  content.  In  the  further  discussion  we  will  refer  to  as  micropipe  (MP) 
only  nearly  cylindrical  (often  faceted)  voids  that  have  diameters  <  10  pm  and  are  oriented  along 
(0001)  axis.  Larger  voids  up  to  100  pm  in  size  with  irregular  cross-section  are  termed  hollow 
macrodefects  (MD).  Our  experimental  observations  of  MD  and  MP  behavior  in  contact  with  silicon 
melt  can  be  summarized  as  follows: 
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(a)  Irregular  shaped  MD  are  intrinsically  unstable  in  the  silicon  melt.  Growth  inside  a  defect  core 
occurs  even  in  the  absence  of  external  supersaturation  due  to  the  Gibbs-Thompson  effect.  The 
effect  is  more  pronounced  for  smaller  defects  10-20  pm  in  diameter.  They  can  be  totally 
overgrown  within  2  hours  of  treatment  at  a  temperature  over  1750°C.  Closing  of  large  voids  50- 
100  pm  in  diameter  and  elongated  splits  associated  with  low  angle  boundaries  on  the  sample 
periphery  goes  in  the  same  manner,  but  requires  sufficient  supersaturation  produced  by 
temperature  difference  >30°C  between  substrate  and  graphite  source  and  adequate  treatment 
time. 

(b)  Growth  patterns  on  MD  contain  generally  a  number  of  spirals  and  mesas  pointing  on  a 
significant  dislocation  content  of  macrodefects.  Only  very  few  macrodefects  without  dislocation 
patterns  were  found.  Dislocations  may  have  hollow  cores,  i.e.  MD  are  in  fact  transformed  into 
groups  of  micro(nano)pipes,  see  Fig.  2A. 

(c)  Micropipe  defects  independent  of  their  size  are  stable  in  silicon  melt  in  the  absence  of 
supersaturation  and  are  never  healed,  but  are  slightly  etched  by  the  melt.  They  are  getting  larger 
in  diameter  and  gain  6-fold  symmetry,  Fig.  2B. 


Fig.  2  A  -  MD  appearance  after  sessile  drop  experiment,  T=1900°C,  t=2h.  Initial  defect  size  was 
about  30  pm.  Arrows  are  pointing  on  nanopipes;  B  -  single  MP  etched  in  silicon  melt.  T=1800°C, 
x=2h,  C  -  circular  depression  in  a  epitaxial  layer  produced  by  a  gas  bubble.  The  area  under  the 
depression  is  defect-free 

(d)  In  the  course  of  epitaxial  growth  large  MP  (>lpm  in  diameter)  become  unstable  and  split  into  a 
group  of  prevalently  non-hollow-core  dislocations  with  smaller  Burgers  vectors.  Some  of 
produced  dislocations  were  found  to  have  hollow  cores,  but  always  less  than  400  nm  in 
diameter,  Fig.  3A,B  and  C. 

(e)  Micropipe  decomposition  (healing)  depends  on  melt  supers aturation  and  substrate  polarity,  but 
no  difference  was  found  between  growth  on  6H  and  4H  substrates.  Healing  goes  more  readily 
on  Si-face  than  on  C-face  and  increases  with  supersaturation.  Surface  roughness  however  also 
increases  at  higher  supersaturations.  The  most  homogeneous  epitaxial  layer  growth  with 
effective  healing  of  hollow  defects  was  achieved  on  (0001)  C-face  at  2050-2 150°C. 

(f)  At  the  beginning  of  LPE  process  every  MP  produces  a  growth  center  on  growing  surface  (but 
not  all  growth  hillocks  are  necessarily  associated  with  MP).  After  decomposition  the  activity  of 
growth  center  based  on  MP  is  reduced.  As  a  result  a  new  center  may  dominate  the  growing 
surface  and  make  the  healed  micropipe  completely  invisible. 

(g)  Circular  and  hexagonal  depressions  in  epitaxial  layers  10-100  pm  in  diameter  are  caused  by  gas 
bubbles  attached  to  the  growing  surface  and  have  nothing  in  common  with  hollow  defects  in  a 
substrate.  Density  of  depressions  can  be  sufficiently  reduced  by  using  proper  substrate 
positioning  and  intensive  melt  stirring,  Fig.  2C. 
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The  transformation  of  MP  can  be  treated  in  terms  of  the  modified  BCF  model  [10-11].  One 
important  difference  between  LPE  and  PVT  growth  of  SiC  is  the  lower  supersaturation  a.  At 
sufficiently  high  a  (PVT  growth)  small  dislocation  sources  are  more  active  than  larger  ones  [11], 
but  at  low  a  (LPE  growth)  MP  are  observed  to  act  always  as  growth  centers.  Crystallization  at  MP 
disturbs  the  concentration  field  in  the  MP  vicinity.  In  addition  this  non-uniformity  is  more 
pronounced  during  LPE  due  to  the  much  lower  diffusion  coefficient  in  Si-melt.  These  effects  can 
cause  growth  instabilities  peculiar  for  crystal  edges  [12]  and  may  promote  MP  decomposition  into  a 
group  of  dislocations  with  smaller  Burgers  vector. 


Fig.  3  Decomposition  of  MP.  A  and  B  -  decomposition  into  a  group  of  non-hollow  dislocations:  A  - 
epitaxy  on  C-side  of  6H  wafer  at  T=2100°C,  x=4h,  B  -  enlarged  view  on  the  selected  area.  C  - 
decomposition  into  micro/nanopipes  and  non-hollow  core  dislocation,  same  substrate 


Summary.  Filamentary  voids  in  SiC  can  be  successfully  healed  in  the  course  of  LPE.  Macrodefects 
and  micropipes  require  different  conditions  to  be  overgrown,  but  resulting  structures  -  groups  of 
micro/nanopipes  and  non-hollow-core  dislocations  -  are  very  similar.  BCF  model  and  theory  of 
morphological  stability  of  Chernov  give  an  explanation  for  this  behavior.  Macrodefects  in  SiC 
usually  have  a  considerable  dislocation  content. 
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Abstract  In  this  paper  micropipe  closing  and  structural  transformation  of  screw  dislocations  were 
studied  using  selective  defect  etching  techniques.  We  confirmed  that  some  micropipes  in  substrates 
were  closed  via  gas  phase  4H-SiC  epitaxial  growth,  and  that  micropipe  closing  involves  structural 
transformation  from  a  hollow  core  defect  to  several  non  hollow  core  dislocations.  Depth  analysis 
revealed  that  most  of  the  micropipe  closings  occurred  in  the  initial  stage  of  epitaxial  growth. 

Introduction  . 

SiC  bulk  crystals  grown  by  the  modified  Lely  method  using  {0001 }  seed  crystals  contain  many 
micropipe  defects  and  elementary  screw  dislocations.  These  defects  and  dislocations  extend  along 
the  <0001>  growth  direction  parallel  to  the  crystal  c-axis.  The  micropipes  are  hollow  core  defects 
with  diameters  in  the  pm  range  and  elementary  screw  dislocations  have  no  hollow  cores.  Recent 
Synchrotron  White  Beam  X-ray  Topographic  (SWBXT)  studies  have  revealed  that  a  micropipe  is  a 
type  of  screw  dislocation  with  a  large  Burgers  vectors  along  the  <0001>  c-axis.  The  Burgers 
vectors  were  also  estimated  from  2c  to  7c  in  6H-SiC,  and  3c  to  8c  in  4H-SiC  [1],  where  c  is  the 
lattice  parameter  along  the  <000 1>  axis.  In  recent  times,  micropipe  densities  in  boule  crystals  have 
been  achieved  less  than  1  cm'2  on  the  research  level  [2],  whereas  current  commercial  4H-SiC 
(0001)  substrates  still  contain  micropipes  of  density  in  the  order  of  10*  to  102  cm  2.  If  screw 
dislocations  including  micropipes  exist  in  the  substrate,  they  will  be  passed  on  to  the  epilayer.  This 
high  micropipe  density  restricts  device  area  enlargement,  because  the  device  will  suffer  destructive 
damage  if  a  single  micropipe  is  present  in  the  device  area. 

Micropipe  closing  through  LPE  has  been  reported  [3,  4],  however  it  is  not  yet  clearly 
understood  how  micropipe  closing  takes  place.  In  this  paper,  we  report  on  micropipe  closing 
involving  structural  transformation  of  screw  dislocations.  This  structural  transformation  is  similar 
to  the  micropipe  dissociation  process  in  sublimation  growth  [5],  except  that  it  occurs  through  gas 
phase  4H-SiC  epitaxial  growth  in  step-flow  mode. 

Experiment 

Molten  KOH  treatments  were  carried  out  on  epilayers  and  substrates  for  defect  etching  [6J.  The 
typical  temperature  and  duration  of  KOH  treatments  were  480°C  and  1  min,  respectively. 
Repetitions  of  a  cycle,  abrading  of  a  certain  thickness,  KOH  treatment  and  pit  evaluation  were 
carried  out  for  the  purpose  of  a  depth  analysis  of  defects  in  epilayers.  The  abraded  thickness  was 
accurately  determined  by  measuring  at  a  beveled  face  of  the  sample  edge. 

Commercial  8°  off  4H-SiC  (0001)  substrates  were  used  in  this  experiment.  Thick  4H-SiC 
epitaxial  growth  was  performed  in  a  radiant-heating  reactor.  The  gas  system  used  for  epitaxial 
growth  was  SiH4,  C3H8  and  Pd-cell  purified  H2.  The  doping  gas  was  N2  for  N-doping.  Typical 
growth  conditions  were  as  follows:  growth  temperature  1550  °C,  pressure  50  Torr,  growth  rate  14  - 
16  pm/h.  Details  of  the  growth  are  described  elsewhere  [7].  Layer  thickness  was  measured  at  a 
section  of  beveled  surface  using  an  optical  microscope  or  SEM.  Carrier  concentrations  of  the 
samples  were  determined  to  be  the  low  1015  cm'3  by  C-V  measurement  on  Ni-Schottky.  The 
morphology  of  the  as-grown  surface  was  investigated  using  a  Nomarski  optical  microscope  and 
micropipes  in  epilayers  and  substrates  were  detected  using  a  transmission  optical  microscope. 
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Results  and  Discussion 

Figure  1  show  micrographs  of  the  epitaxially  grown  surface.  Epitaxial  growth  was  carried  out 
under  step-flow  growth  conditions,  and  the  down  step  direction  [1120]  is  to  the  left  in  the 
micrographs.  Thus  surface  steps  moved  forward  to  the  left  during  growth.  Growth  pits  with  a  line 
shaped  feature  along  the  [1120]  direction  were  occasionally  observed  on  the  epilayer  surface.  Here 
we  call  these  "line-shaped  pits".  These  pits  were  lying  along  the  step-flow  direction  and  were 
approximately  160  jum  in  length  on  a  90  pm-thick  epilayer  sample.  Micropipes  were  detected  in  a 
substrate  at  the  upstream  (right  hand)  end  of  the  line-shaped  pits  using  a  transmission  optical 
microscope.  This  indicated  that  micropipes  acted  as  obstacles  to  moving  steps,  and  a  line-shaped 
pits  were  configured  as  shadows  of  the  homogeneous  step-flow  toward  the  [1120]  direction. 


on  epilayer  surface,  (b)  shows  highly  magnified  micrograph  of  the  upstream  (right-hand)  end  of  the  line-shaped  pit. 
Micrographs  (b)  and  (c)  were  taken  from  different  pits,  [S]  and  [L]  indicate  small  and  large  grown  pits  on  the  surface. 

Figure  1  (b)  shows  the  upstream  end  of  the  line-shaped  pit  highly  magnified  with  seven  small  pits 
less  than  1  pm  in  size  visible.  On  the  other  hand,  four  small  pits  and  one  large  pit  are  visible  in  the 
Fig.  1  (c).  Micrographs  in  Fig.  1(b)  and  (c)  were  taken  from  different  location.  The  small  pits  were 
the  same  size  as  those  in  the  Fig  .  1  (b),  and  the  large  pit  was  over  1  pm  in  size.  These  small  and/or 
large  pits  on  the  as-grown  surface  were  present  at  the  location  of  a  micropipe  in  the  substrate. 

When  many  other  line-shaped  pits  were  investigated,  some  of  the  small  pits  were  aligned  along  the 
[1120]  direction  and  some  were  localized  randomly  in  a  small  area. 

Figure  2  (a)  shows  an  upstream  end  of  some  line-shaped  pit  on  an  epilayer  surface  after  KOH 
treatment.  Seven  hexagonal  etch  pits  with  round  features  were  roughly  aligned  along  the  [1 120], 
We  identified  these  as  non  hollow  core  screw  dislocations,  due  to  their  strong  contrast  in 
comparison  with  the  etch  pits  attributable  to  edge  dislocations. 

In  our  KOH  experiments,  etch  pits  associated  with  non  hollow  core  screw  dislocations  were 
observed  over  the  entire  surface,  distributed  in  a  density  of  103  cm'2.  Neudeck  et.  al.  reported  that 
4H-SiC  wafers  and  epilayers  contain  lc  elementary  screw  dislocations  of  density  in  the  order  of  103 
cm 2  [8].  Therefore  the  dominant  non  hollow  core  screw  dislocations  in  our  4H-SiC  epilayers  are 
also  considered  as  lc  elementary  screw  dislocations.  Moreover,  when  these  were  compared  with 
the  etch  pits  in  Fig.  2  (a),  no  significant  size  difference  was  found,  therefore  both  the  etch  pits  in 
Fig.  2  (a)  and  the  etch  pits  distributed  over  the  entire  surface  were  identified  as  lc  elementary 
screw  dislocations.  The  non  hollow  core  screw  dislocations  may  exist  as  two  types;  one  has  lc  as 
the  Burgers  vectors  and  the  other  has  2c  in  4H-SiC,  while  Si  et.  al.  reported  that  the  majority  of 
screw  dislocations  in  4H-SiC  boule  crystals  have  a  Burgers  vector  of  lc  [1].  Actually,  lc  and  2c 
non  hollow  core  dislocations  may  appear  as  different  size  of  etch  pits  because  of  different 
magnitude  of  their  stress,  while  round  etch  pits  have  approximately  same  size  in  this  experiment. 


Fig.  2  Optica]  micrographs 
on  (a)  the  grown  surface, 
and  (b)  the  abraded  surface 
where  all  epilayer  has  been 
removed.  The  micrographs 
were  taken  from  the  same 
place  after  KOH  treatment. 
A  micropipe  was  closed  in 
the  epilayer. 
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Figure  2  (b)  shows  the  KOH-treated  surface  after  the  epilayer  has  been  completely  removed  by 
abrading  and  polishing.  The  positions  of  all  the  micropipes  in  the  samples  were  recorded  using  a 
transmission  optical  microscope  before  removing  the  epilayer,  in  addition  we  also  use  the 
transmission  optical  microscope  to  detect  the  micropipe  positions  after  the  KOH  treatment,  so  that 
we  are  sure  that  Fig.  2  (a)  and  (b)  were  taken  from  exactly  the  same  place.  Note  that,  because  the 
micrograph  was  taken  after  polishing,  numerous  polishing  scratches  not  observed  in  Fig.  2  (a) 
appear  in  Fig.  2  (b).  The  dark  hexagonal  etch  pit  in  Fig.  2  (b)  indicates  that  a  micropipe  existed  in 
the  substrate  at  that  location.  Following  the  results  of  Fig.  2  (a)  and  (b),  the  micropipe  was  closed 
in  the  epilayer  and  seven  elementary  screw  dislocations  appeared  on  the  epilayer  surface. 

The  nature  of  screw  dislocations  means  that  the  emergent  ends  of  screw  dislocations  are  always 
appearing  on  the  grown  surface  during  epitaxial  growth  when  (0001)  substrates  are  used,  because 
the  Burgers  vector  aligns  along  the  [0001]  axis.  Thus  the  Burgers  vectors  of  each  screw  dislocation 
remain  the  same  in  magnitude  and  do  not  disappear  during  epitaxial  growth,  except  for  the 
generating  or  dissolving  of  a  pair  of  equivalent  vectors  of  opposite  directions  (+  and  -).  In  addition, 
the  screw  component  of  a  micropipe  has  \b\Z3c  in  4H-SiC  [1]  and  elementary  screw  dislocations 
have  \b\=lc.  From  this  perspective,  our  KOH  analysis  suggested  that  a  micropipe  was  transformed 
into  several  elementary  screw  dislocations  during  epitaxial  growth.  Therefore,  the  Burgers  vector 
magnitude  of  the  micropipe  was  divided  into  several  lc  of  the  elementary  screw  dislocations. 

A  number  of  elementary  screw  dislocations  related  to  the 
closed  micropipes  were  evaluated  on  two  samples  (a  65pm- 
and  a  37pm-epilayer).  Approximately  one-third  of  over  150 
micropipes  closed  as  a  result  of  epitaxial  growth.  Elementary 
screw  dislocations  originally  existing  in  the  substrate 
surrounding  micropipes  were  excluded  from  the  count. 

Figure  3  shows  a  histogram  of  the  relationship  between 
frequency  and  etch  pit  numbers  on  a  closed  micropipe.  The 
etch  pit  numbers  n  should  represent  the  Burgers  vectors  nc  of 
a  closed  micropipe.  This  histogram  indicates  a  deviation  of  n 
of  the  53  closed  micropipes.  For  example,  a  micropipe  was 
closed  and  generated  7  etch  pits,  and  in  totally  12  cases  of 
over  150  micropipes,  they  were  dissociated  into  7  elementary 
screw  dislocations  in  this  experiment. 

The  number  of  etch  pits  generated  from  a  closed 
micropipe  varied  from  three  to  16,  thus  the  Burgers  vectors 
of  the  micropipes  were  interpreted  as  3c  to  16c  . 

These  numbers  seemed  too  high  to  be  the  Burgers  vectors  for  a  single  micropipe.  Recently  the 
dissolving,  moving,  transformation  and  recombination  of  micropipes  during  boule  growth  has  been 
reported  [2].  Therefore,  we  believed  that  many  of  the  micropipes  observed  were  coalescence  of 
two  or  three  micropipes  [6]. 

Some  micropipes  were  not  closed.  Figure  4  (a)  shows  one  of  the  penetrated  micropipes  after  the 
KOH  treatment.  Two  kinds  of  etch  pits  appeared,  corresponding  to  the  large  and  small  surface  pits 
in  the  Fig.  1  (c).  The  dark  hexagonal  etch  pit  represents  a  penetrated  micropipe.  The  side  walls  of 
the  hexagonal  pit  were  parallel  to  <1 120>  directions.  Penetration  was  confirmed  by  an  optical 
transmission  microscope.  On  the  other  hand,  hexagonal  etch  pits  round  in  shape  represented 
elementary  screw  dislocations. 


Fig.  3  Deviation  of  etch  pit  numbers 
on  a  closed  micropipe.  The  striped  bar 
represent  the  measured  data  for  65pm- 
thick  sample  and  the  crossed  bar 
represent  ones  for  37pm-thick  sample. 


Fig.  4  Optical  micrographs 
on  (a)  the  grown  surface 
and  (b)  the  abraded  surface 
where  all  epilayer  (65pm- 
thick)  has  been  removed. 
The  micrographs  were 
taken  from  the  same  place 
after  KOH  treatment.  A 
micropipe  was  not  closed 
in  the  epilayer. 
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To  understand  when  micropipe  closing  occurs,  depth  analysis  of  a 
37pm-epilayer  was  carried  out.  Figure  5  show  optical  micrographs  taken 
from  the  same  area  in  the  course  of  successive  polishings  and  KOH 
treatments.  Four  elementary  screw  dislocations  appeared  on  the  grown 
surface  as  shown  in  Fig.  5  (a).  Some  scratch  lines  were  seen  in  this 
micrograph.  These  lines  were  hardly  observed  before  KOH  treatment  on 
the  grown  surface  and  appeared  after  the  KOH  treatment.  According  to 
successive  analyses,  Fig.  5  (b)  and  (c)  shows  KOH-treated  surface  of  17 
jim-  and  3  pm-thick  epilayer,  respectively.  Four  elementary  screw 
dislocations  were  visible  in  both  micrographs.  Note  that  scratch  lines 
visible  in  the  respective  micrographs  did  not  remain  at  the  same  point 
even  though  the  micrographs  were  taken  from  the  same  area,  because  the 
successive  polishing  made  new  scratch  lines  on  their  respective  polished 
surfaces.  When  the  abrading  reached  the  substrate,  the  micropipe 
appeared  as  a  dark  hexagonal  etch  pit  as  shown  in  Fig.  5  (d).  This 
indicates  that  the  micropipe  was  closed  and  transformed  into  four 
elementary  screw  dislocations  near  the  interface. 

Our  investigations  of  other  micropipes  confirmed  similar  tendencies 
that  most  of  the  micropipe  closings  occurred  near  the  interface.  A 
relationship  between  the  ratio  of  closed  micropipes  and  the  distance  from 
the  interface  is  shown  in  Fig.  6.  The  ratio  significantly  increased  near  the 
interface.  On  the  other  hand,  a  further  increase  in  layer  thickness  shows 
no  marked  change  and  the  ratio  was  saturated  to  about  30  %  in  this 
experiment.  Although  ratios  of  closed  micropipes  varied  with  different 
samples,  the  ratios  in  some  samples  exceeded  50  %. 

It  appears  that  most  of  the  micropipe  closings  and  the  structural 
transformations  occurred  at  the  early  stage  of  epitaxial  growth.  To 
understand  that  the  micropipe  closings  occur  near  the  interface,  we 
suppose  that  interfacial  stress  between  upper  and  lower  crystals  is 
involved  in  this  phenomenon. 

5 

Fig.  5  Micrograph  shows  the  surface  of  (a)  37pm-thick 
epilayer  (on  the  grown  surface),  (b)  I7pm-thick 
epilayer,  (c)3pm-thick  epilayer,  (d)  the  substrate.  All  p 
micrographs  were  taken  from  the  same  place  after  KOH  .§ 
treatment.  £ 
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Fig.  6  Ratio  of  closed  micropipes 
vs  distance  from  the  interface.  o 
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Conclusion 

We  confirmed  that  some  micropipes  were  closed  during  gas  phase  epitaxial  growth.  Our  KOH 
etching  analysis  suggested  that  micropipes  with  Burgers  vector  nc  were  transformed  into  n 
elementary  screw  dislocations  of  lc.  Depth  analysis  moreover  revealed  that  most  of  the  micropipe 
closings  with  structural  transformations  occurred  at  the  early  stage  of  epitaxial  growth. 
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Transmission  electron  microscopy  (TEM)  was  used  to  investigate  A1  ion-implanted  4H-SiC 
epilayers.  A  set  of  annealing  experiments  were  performed  to  study  the  evolution  of  dislocation 
loops  in  the  implanted  region.  It  was  concluded  that  the  dislocation  loops  evolve  according  to  the 
extended  Ostwald  ripening  model  for  small  planar  precipitates.  The  activation  energy  for  loop 
growth  was  determined  to  be  2.8  eV. 

Introduction 

For  the  purpose  of  producing  SiC  planar  devices,  selective  area  doping  is  necessaiy.  Due  to 
negligible  diffusion  coefficients  of  candidate  dopant  elements  in  SiC,  the  choice  of  technique  today 
is  mainly  ion  implantation.  This  technique  has  benefits  in  the  sense  that  it  can  offer  tailored  dopant 
profiles.  The  implantation  process  on  the  other  hand  damages  the  crystal  by  inducing  vacancies  and 
interstitials  from  collisions  between  the  implanted  ion  and  the  lattice.  By  heating  the  sample  during 
implantation,  it  has  been  found  that  the  resulting  lattice  damage  is  less  pronounced  [1].  The  as 
implanted  ions  predominantly  occupy  interstitial  lattice  sites  where  they  are  electrically  inactive  [2], 
To  electrically  activate  the  implanted  ions  and  to  restore  the  damage  induced  in  the  implantation 
process,  the  sample  is  subject  to  a  thermal  annealing  process.  TEM  studies  show  that  annealed  SiC 
samples,  irradiated  by  a  dose  of  ions  slightly  lower  than  the  amorphisation  threshold  contain 
extended  crystal  defects.  These  have  been  determined  to  be  interstitial  type  dislocation  loops, 
typically  1-10  nm  wide  [3].  It  is  the  intention  of  this  paper  to  present  results  on  studies  of  the 
evolution  of  these  defects  after  high  temperature  annealing. 

Experimental 

In  the  present  study  samples  were  prepared  by  implanting  4H  SiC  with  A1  at  180  keV  with  a  dose  of 
1.3*  1014  ions  cm'  Samples  were  subject  to  annealing  studies  in  which  the  annealing  time  and 
temperature  was  varied.  Annealing  experiments  were  performed  in  a  vertical  air  cooled  quartz 
reactor  with  inductively  heated  graphite  crucible.  The  annealed  samples  were  then  studied  by 
electron  energy  loss  spectroscopy  (EELS),  cross-sectional  (XTEM)  and  plan-view  TEM. 


Fig.  1  shows  an  XTEM  image  of  a  sample  that  was  implanted  at  a  temperature  of  600°C  a)  before 
and  b)  after  annealing  at  1700°C  for  30  min.  In  the  annealed  sample  a  region  of  dark  spots  can  be 
seen,  representing  structural  defects  in  the  lattice,  that  are  typical  for  the  present  study.  The  spots 
are  1-10  nm  wide  and  uniformly  distributed  around  the  peak  concentration  of  Al.  As  determined  by 
SIMS  measurements  [4]  the  corresponding  defects  appear  where  the  Al  concentration  is  > 
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5*10I8cm  3.  It  seems  that  the  largest  defects  are  located  at  a  depth  where  the  A1  concentration  is 
highest.  Higher  implantation  doses  resulted  in  a  higher  density  of  defects. 


Figure  1.  Cross  sectional  transmission  electron 
microscopy  images  of  a)  an  as  implanted  sample 
and  b)  annealed  sample.  The  defect  rich  region  of 
b)  corresponds  to  an  A1  concentration  higher  than 
5*1018cm"3. 


Imaging  under  different  tilting  and  diffraction  conditions  shows  that  the  defect  is  of  a  planar  nature 
such  as  a  Frank  loop  and  this  is  confirmed  by  studying  the  defect  at  higher  magnification  as  shown 
in  Fig.  2.  A  dislocation  loop,  composed  of  clustered  interstitials  is  inserted  on  the  basal  plane 
causing  the  surrounding  lattice  planes  to  bend. 

Figure  2.  High  resolution  image  in  cross  section  of 
a  6  nm  wide  extrinsic  dislocation  loop  from  a 
sample  annealed  at  1700°C  for  30  min.  The  loop  is 
the  row  of  black  dots  in  between  the  two 
arrowheads.  Note  how  the  horizontal  lattice  planes 
bend  to  accommodate  the  loop  and  generate  a 
corresponding  strain  field  along  the  c-axis. 


EELS  analysis  has  been  performed  on  typical  dislocation  loops  found  in  the  annealed  ion  implanted 
samples  in  the  region  of  the  A1  peak.  No  A1  was  detected  in  spectra  obtained  by  scanning  the  beam 
across  the  defect  and  recording  the  A1  K  edge  at  1560  eV.  In  Fig.  3  the  loop  evolution  upon 
annealing  at  different  time  steps  is  shown.  The  samples  were  in  this  case  annealed  at  1700°C  for  10, 
30,  60,  120  and  180  min.  Fig.  4  shows  images  of  the  dislocation  loop  evolution  for  samples 
annealed  at  1700°C,  1800°C,  1900°C  and  2000°C  for  30  min.  It  is  concluded  that  the  area  covered 
by  the  dislocation  loops  remain  the  same  throughout  the  annealing  experiments.  Assuming  a  surface 
density  of  atoms  in  the  loops  similar  to  that  of  SiC,  enables  us  to  calculate  the  number  of 
interstitials  stored  in  the  loops.  This  has  been  estimated  to  1*1014  interstitials  cm"2  which  is  slightly 
below  the  number  of  implanted  ions,  1.3*1014  ions  cm'2. 


Discussion 

The  presently  employed  ion  implantation  doses  and  thermal  annealing  yielded  a  single  type  of 
structural  defect.  The  characteristic  loop  is  seen  in  Fig.  2.  The  loops  did  not  move  or  glide  when 
applying  local  heat  to  the  sample  by  focussing  the  e-beam.  Apparently,  the  coarsening  behavior  of 
the  loops  upon  annealing  (shown  in  Figs.  3-4)  only  comes  from  the  ability  to  store  and  release  the 
interstitials  that  they  are  composed  of.  To  this  end  the  total  concentration  of  interstitials  stays 
constant  and  the  defect  containing  region  acts  like  a  closed  box.  Such  a  behavior  has  also  been 
observed  for  dislocation  loops  in  ion  implanted  Si  [5]. 
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Figure  3.  Plan- view  micrograph  of  an  A1  ion  implanted  sample  annealed  at  1700°C  for  times 
ranging  from  10  to  180  min. 


Figure  4.  Plan-view  micrograph  from  an  A1  ion  implanted  sample  annealed  at  temperatures  ranging 
from  1700°  to  2000°C  for  30  min.  The  difference  in  appearance  (open  circles  or  black/black 
contrast)  of  the  loops  arise  since  the  normal  two-beam  condition  does  not  allow  the  complete 
resolution  of  loops  less  than  10  nm  in  diameter. 

For  finding  out  the  nature  of  the  interstitials  stored  in  the  dislocation  loops,  EELS  results  gives  that 
there  is  no  elevated  concentration  of  A1  in  the  region  of  the  dislocation  loop.  This  rules  out 
precipitation  of  the  implanted  material.  Hence  it  is  inferred  that  the  loops  are  composed  of  self¬ 
interstitials,  Isi  and/or  Ic  which  are  both  created  during  implantation.  The  type,  however,  could  not 
be  determined  by  EELS  measurements  due  to  the  high  background  intensity  of  these  matrix  species. 
It  was  concluded  that  there  are  almost  as  many  interstitials  clustered  in  loops,  as  there  are  implanted 
A1  ions  (l*1014cm'2  compared  to  1.3*1014cm'2).  Such  a  supersaturation  of  interstitials  strains  the 
lattice  and  the  clustering  of  interstitials  is  then  a  means  for  reducing  the  elastic  energy.  The 
activation  of  implanted  A1  ions  after  annealing,  is  very  high,  between  50%,  and  100%,  for  annealing 
temperatures  higher  than  1500°C[6].  Since  A1  is  occupying  a  Si  site  in  its  active  state  [7],  this 
would  generate  a  high  concentration  of  excess  interstitial  Si,  which  would  imply  that  the  interstitials 
clustered  in  loops  would  be  Si.  Such  a  behavior  is  known  as  the  "+1"  model  in  which  implantation 
induced  vacancies  and  implanted  interstitials  recombine  during  annealing  to  restore  the  lattice, 
leaving  one  self-interstitial  per  implanted  ion  [8].  A  coarsening  process  where  large  defects  grow  on 
the  expense  of  smaller  ones  can  be  described  by  the  Ostwald  ripening  theory  [9].  In  this  theory  the 
driving  force  for  coarsening  of  defects  is  differences  in  chemical  potential  between  the  defect  and 
the  ambient  and  the  result  of  growth  is  a  reduction  in  interfacial  and  elastic  energies.  It  can  be 
shown  that  if  a  loop  has  a  radius  less  than  the  mean  radius  rm  of  the  population,  it  shrinks.  If  the 
loop  is  larger  than  rm  it  grows  while  loops  equal  to  rm  stays  the  same.  After  the  disappearance  of  the 
smaller  loops  and  growth  of  the  larger,  rm  increases  and  the  previously  stationary  loops  shrink.  For 
applying  the  above  model  on  the  loop  coarsening  behavior  in  the  present  study,  we  assume  that  the 
dislocation  loops  exchange  self-interstitials  in  an  isolated  region.  This  is  consistent  with  the  above 
observation  that  no  significant  change  in  interstitial  concentration  could  be  found  in  the  samples 
annealed  in  the  investigated  cases. 
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Eq.  1 


By  measuring  the  slope  of  rm2exp(-a/rm), 
where  a  is  a  constant,  over  time,  it  was 
possible  to  determine  the  coarsening  rate  Kd 
from  the  samples  annealed  at  different 
timesteps,  but  at  the  same  temperature.  This 
was  done  for  the  temperature  of  1700°C. 
Knowing  the  coarsening  rate  it  was  also 
possible  to  calculate  the  activation  energy 
Eact  for  loop  growth  through  Eq.  1.  This  was 
determined  from  the  slope  of  Fig.  5  and 
yielded  the  value  of  2.8  eV. 


Conclusions 


Figure  5.  Arrhenius  plot  for  the  measurement  of 
activation  energy  for  loop  growth. 


Defects  found  in  implanted  SiC  after  annealing  are  interstitial  type  dislocation  loops.  They  originate 
from  a  supersaturation  of  excess  atoms,  one  per  implanted  ion  according  to  the  +1  model.  We  show 
that  when  an  implanted  sample  is  annealed  the  implantation  induced  interstitials  start  to  cluster.  As 
soon  as  equilibrium  between  point  defects  and  nucleated  loops  has  been  established,  coarsening  of 
defects  occur  according  to  the  Ostwald  ripening  theory.  Upon  annealing  at  times  or  temperatures, 
above  the  minimum  condition  for  equilibrium,  the  number  of  defects  decrease  while  their  mean 
radius  increase,  keeping  the  number  of  interstitials  stored  in  the  loops  constant.  For  steady-state 
conditions,  the  activation  energy  for  loop  coarsening  is  2.8  eV±0.2  eV  for  1700°C  <  Ta  <2000°C. 
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Abstract:  The  lattice  parameters  of  3C- SiC  thin  films  epitaxially  grown  on  6H- SiC(OOOl)  substrate 
crystals  have  been  precisely  determined  by  using  high  resolution  x-ray  diffraction  methods. 
Reciprocal  space  maps  recorded  around  symmetrical  and  asymmetrical  x-ray  reflections  revealed  a 
pseudomorphic  growth  of  the  thin  film  in  relation  to  the  substrate  lattice,  whereas  perpendicular  to 
the  surface  the  interplanar  spacing  of  the  lattice  planes  differ  slightly  Ad/d  =  8.7  -10*4.  This 
implicates  inherent  thin  film  strain  (8)  and  stress  (a  )  components.  The  in-plane  components  are 
found  to  be  8  n  =  -  4.8  - 1 0*4  and  an  =  2.26  •  108  N/m2,  whereas  perpendicular  to  the  surface  the  thin 
film  strain  component  is  found  to  be  8_L  =  2.8  •  10*4. 


Introduction 

Silicon  Carbide  (SiC)  occurs  in  many  polytypes  which  differ  in  their  periodic  stacking  sequences  of 
hexagonal  and  cubic  Si-C  bilayers.  The  SiC  lattice  parameters  differ  slightly  from  polytype  to 
polytype  [1].  Using  x-ray  diffraction  methods  the  lattice  parameters  of  4H-  and  6H- SiC  single 
crystal  wafers  [2]  have  been  determined  precisely  (Table  1).  Unfortunately,  large  5C-SiC  single 
crystals  are  not  available.  However,  5C-SiC  thin  films  can  be  easily  grown  and  used  to  derive  the 
lattice  parameters  of  compact  JC-SiC  crystals  if  one  takes  the  inherent  stress,  induced  by  the  thin 
film  growth,  into  account. 

The  5C-SiC  thin  films  (thickness  ~  1.2  pm)  were  grown  by  solid-source  molecular  beam  epitaxy  on 
(OOOl)-oriented  on-axis  5//-SiC  crystal  wafers  at  deposition  temperatures  between  780°C  to  950°C 
and  with  growth  rates  between  30  nm/h  to  120  nm/h  [3]. 

High  resolution  x-ray  diffraction  of  5C-SiC  thin  films 

Although  the  lattice  parameters  of  the  different  SiC  polytypes  differ  only  slightly,  the  x-ray 
diffraction  pattern  showed,  close  to  each  other  but  well  separated,  so-called  family  reflections  of  the 
5C-SiC  thin  film  and  6H- SiC  substrate.  Using  the  well  known  6H- SiC  bulk  crystal  values  (Table  1) 
as  a  reference,  we  could  determine  the  lattice  parameters  of  the  3C-SiC  thin  films  with  a 
corresponding  accuracy  of  10'5  for  Aa/a  and  10’6  for  Ac/c. 

Reciprocal  space  maps  recorded  around  symmetrical  and  asymmetrical  x-ray  reflections  (Fig.  1) 
revealed  a  pseudomorphous  growth  of  the  3C-SiC  thin  films  in  relation  to  the  substrate  lattice  (Fig. 
2).  There  is  no  difference  between  the  lateral  interplanar  spacing  of  the  lattice  planes,  but 
perpendicular  to  the  surface  their  interplanar  spacing  differ  by  Ad/d  =  8.7*1  O'4.  The  growth 
direction  of  the  3C-SiC  thin  film  was  found  to  be  [1 1 1]  with  respect  to  the  surface  normal. 
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(0001)  |  qll 


Fig.  1:  Vertical  section  through  the  reciprocal  lattice  of  (OOOl)-oriented 
6H-S1C  wafer.  The  surroundings  of  the  symmetrical  00018-  and 
asymmetrical  1 121 2 -reflection  were  extensively  studied. 
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Fig.  2:  Reciprocal  space  mapping  of  the  3C- SiC  thin  film  grown  on  6H- 
SiC(0001)  wafer  (a)  asymmetrical  403 -reflection  of  3C-SiC  thin  film  (b) 
asymmetrical  1121 2 -reflection  of  d//-SiC  substrate 
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High  precision  lattice  parameter  measurement  of  4H-  and  6C-SiC  single  crystals 

To  answer  the  question,  if  there  exists  a  polytype  dependence  for  the  SiC  bilayer  stacking  distance 
c/q  and,  if  so,  how  strong  this  dependence  is,  it  is  desirable  to  know  the  lattice  parameters  a  and  c  as 
precisely  as  possible  (q  =  4,  6  indicates  the  number  of  SiC  bilayers  per  unit  cell  in  stacking  direction 
for  4H-  and  6H-polytypes,  respectively).  This  goal  was  achieved  using  the  x-ray  diffraction  BOND 
method  [4,5],  which  allowed  the  measurement  of  the  lattice  parameter  with  an  accuracy  of  10"6  for 
Aa/a  as  well  as  for  Ac/c. 

To  obtain  information  about  the  homogeneity  of  the  commercially  available  SiC  crystal  wafers  [2] 
the  measurements  were  carried  out  by  scanning  at  different  lateral  positions  on  the  crystal  surface. 


c  [nm] 
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In  regions,  which  extend  over 
several  mm2,  the  measured 
fluctuation  of  lattice  parameters 
was  smaller  than  5-1  O'6. 


Fig.  3:  Linear  scanned  lattice 
parameter  c  of  6H- SiC  wafer 
obtained  by  Bond's  x-ray 
difff  ation  method 


Polytype 

cubic/  r%] 
/q  1  J 

a  [nm] 

c  [nm] 

% [nm] 

c/ 

/qa 

4H 

50% 

0.308  051 

1.008  481 

0.252  120 

0.818  436 

±  0.000  006 

±  0.000  002 

±0.000  001 

±0.000  017 

6H 

67% 

0.308  129 

1.511  975 

0.251  996 

0.817  826 

±  0.000  004 

±  0.000  002 

±  0.000  001 

±0.000  012 

3C 

100% 

=  &cub  /  V2 

—  •  acub 

— — .  a^b 

n 

Table  1 :  The  hexagonal  lattice  parameters  a  and  c  of  4H-  and  6H- SiC  obtained  by  x- 
ray  diffraction  measurements  with  large  single  crystals,  q  =  4,  6,  3  indicates  the 
number  of  the  SiC  bilayers  per  unit  cell  in  stacking  direction  for  4H- ,  6H-  and  5C-SiC, 
respectively.  For  the  cubic  3C-SiC  the  values  are  here  given  in  adequate  hexagonal 
terms.  *  Ideal  Si-C  tetrahedron  assumed. 


Note  that  the  values  of  represent  a  significant  criterion  for  the  hexagonal  and  cubic  (=  cubic / 
proportion  of  the  SiC  bilayer  stacking  sequences  inside  of  the  different  SiC  polytypes. 


Results  and  discussion 


JC-SiC  thin  films,  quasi  homoepitaxially  grown  on  6//-SiC(0001)  wafers,  were  characterized  by 
using  high  resolution  x-ray  diffraction  methods.  From  symmetrical  6/20 -scans  we  obtained  the 
relative  difference  Ac/c  =  8.7  *  10"4  of  the  vertical  interplanar  spacing  of  the  lattice  planes  of  thin 
film  and  substrate.  With  respect  to  the  meticulously  determined  c6H-siC /6  =  0.2519960  nm  ±  3 « 10'7 
nm  of  the  single  crystal  6H- SiC  substrate  (Table  1),  the  interplanar  spacing  of  the  SiC  bilayers  was 

calculated  to  be  c*ecx_SiCl3  -  0.251  78  nm  ±  3  *  10'5  nm,  i.e.  ch/_SlC!3  <  c6H-SiC^.  (Conveniently, 
a3c-SiC  and  c*c_SiC  are  here  given  in  adequate  hexagonal  terms  although  3C-SiC  is  cubic.) 

The  reciprocal  space  map  (Fig.  2)  recorded  with  the  asymmetric  1121 2 -reflection  of  6H- SiC 
revealed  pseudomorphous  growth  of  the  3C-SiC  thin  films.  With  respect  to  the  meticulously 
determined  a6H-sic  =  0.308129  nm  ±  4  •  10'6  nm  of  the  single  crystal  6H- SiC  substrate  (Table  1),  the 
lateral  interplanar  spacing  of  the  3C- SiC  is  equal  to  the  crystal  6H- SiC,  i.e.  a^_SiC  ~  0.308  13  nm  ± 


1  •  10'5  nm.  From  these  values  the  normalized  ratio 


of  the  3C-SiC  thin  films  was  calculated  to 
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be  (chex/(3ahex))3C-sic  =  0.817  116.  This  value  is  larger  than  ^^=0.816  497  of  the  corresponding 

value  of  the  ideal  Si-C  tetrahedron,  i.e.  the  Si-C  tetrahedrons  that  form  the  epitaxially  grown  3C- 
SiC  thin  films  are  slightly  elongated  in  the  c-direction  (parallel  to  surface  normal)  and  compressed 
in  the  lateral  a-direction. 

Using  the  above  values,  it  is  possible  to  calculate  the  inherent  stress  and  strain  within  the  epitaxially 
grown  3C- SiC  thin  films  by  using  the  generalized  Hook's  law  om=  Cmn  en,  which  is  written  here  in  1 
Voigt's  subscription  (m,n  =  1,...,6).  The  abbreviation  Cmn  denotes  the  elastic  stiffnesses  whose 
values  in  the  succeeding  calculation  are  taken  from  reference  [6],  am  and  sn  are  the  stress  and  strain  i 
components,  respectively.  Assuming  the  following  boundary  conditions 


Oi  “  02^0  03  =  04  =  05  =  06  =  0 

s  1  =  e2  t  0  e3*  0  e4  =  e5  =  e6  =  0 

we  get  the  stress  and  strain  components 


e3  =  -  0.589 -8i 
£i  =  e2  =  Aa/a  =  -  4.77  *  10^ 
e3  =  Ac/c  =  2.81  - 10-4 
o,  =o2  =  2.26-1 08N/m2 


<=  transverse  contraction 
<=  in-plane  strain  components  (e  n  ) 
<=  the  normal  strain  component  (8J_) 
in-plane  stress  components  (an) 


i 


for  the  3C-SiC  thin  films  quasi  homoepitaxially  grown  on  6H-SiC(0001).  Using  these  values,  it  is 
possible  to  derive  the  stress-  and  strain-free  lattice  parameters  for  entirely  relaxed  3C- SiC  (Note, 
that  these  values  are  expressed  in  hexagonal  terms.): 


at c-sic  =  0.308  276  nm  ±  4  •  10'6  nm  and 
C3c-sic  ~  0-755  119  nm  ±  9  •  10'6  nm. 


A  brief  calculation  results  in 

^cub 


3  C-SiC 


K  -  V2  a£_SiC  =  ~  c£_sic  =  0.435  968  nm  ±  6  ■  10'6  nm 

the  lattice  parameter  a  of  the  stress-  and  strain-free  3C-SiC-polytype  in  terms  of  the  cubic 
crystallographic  system. 
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Abstract  We  apply  an  ab  initio  method  to  study  the  diffusion  of  intrinsic  inter¬ 
stitials  and  vacancies  in  3C-SiC.  The  structure  and  the  energetics  of  the  relevant 
transient  complexes  are  calculated.  We  present  possible  migration  paths  and  the 
corresponding  barriers  and  discuss  the  dominant  channels  for  self-diffusion. 


Introduction 

Defect  formation  and  diffusion  are  inevitable  processes  that  accompany  ion  implantation  and 
subsequent  annealing  in  semiconductors.  In  boron-doped  SiC  transient  enhanced  diffusion  has 
been  found  [1,  2].  This  effect  destroys  the  implanted  profiles  and  reduces  the  active  dopant 
concentration.  The  enhanced  dopant  diffusion  arises  from  an  excess  of  mobile  intrinsic  defects, 
namely  vacancies  and  interstitials.  The  same  defects  also  mediate  self-diffusion.  A  microscopic 
understanding  of  the  role  intrinsic  defects  play  in  self  diffusion  in  SiC  is  a  key  to  assess  the 
more  complex  mechanisms  of  dopant-diffusion.  Yet,  the  most  recent  experimental  work  (c.f.  [3] 
and  reference  therein)  provides  only  limited  insight  into  such  questions. 

In  a  previous  paper  [4]  we  have  discussed  the  abundance  of  intrinsic  mobile  defects  and 
their  complexes.  In  the  present  work  we  focus  on  their  migration.  We  calculate  the  migration 
barriers  for  interstitials  and  vacancies  and  discuss  their  relative  importance  for  silicon-  and 
carbon-self-diffusion.  For  simplicity  we  have  restricted  our  calculations  to  3C-SiC.  We  expect 
similar  results  for  the  other  SiC  polytypes. 


Method 

The  calculations  have  been  performed  using  the  program  package  FHI96SPIN  [5]  within  the 
framework  of  density  functional  theory  and  the  local  density  approximation  (LDA)  [6].  Super¬ 
cells  with  64  atoms  and  216  atoms  have  been  used.  Smooth  norm  conserving  pseudopotentials 
of  the  Troullier-Martin  type  [7],  a  plane  wave  basis  of  30  Ry  and  special  k-point  sampling  have 
been  employed.  In  the  treatment  of  charged  defects  we  account  for  the  mandatory  charge  com¬ 
pensation  by  using  the  correction  of  Makov  and  Payne  [8].  Albeit  this  correction  is  approximate, 
it  consistently  improves  the  energetics  of  defects  especially  in  higher  charge  states. 

In  a  compound  material  such  as  SiC,  formation  energies  of  defects  depend  on  the  stoichiom¬ 
etry  of  the  crystal.  In  thermodynamic  equilibrium  a  single  parameter  the  deviation  A^si 
of  the  silicon  chemical  potential  from  its  value  in  solid  silicon  determines  the  stoichiometry. 
A/iSi  is  constrained  between  0  (Si-rich  condition)  and  -  A H{  (C-rich  condition),  where  A is 
the  heat  of  formation  of  3C-SiC.  For  the  investigation  of  migration  barriers  we  have  employed 
two  methods.  The  vacancy  migration  has  been  analysed  by  calculating  the  potential  energy 
surface  using  constrained  relaxations  [9].  The  saddle  points  of  the  interstitial  migration  have 
been  obtained  by  the  ridge  method  [10]. 
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Figure  1:  Formation  energy  #f>Si  of  mobile  intrinsic  defects  versus  the  Fermi-level  under  Si-rich 
conditions  for  (a)  carbon-related  defects  and  (b)  silicon-related  defects.  Vacancies  are 
denoted  by  V,  interstitials  by  their  species  and  and  their  location  in  the  lattice. 


Abundance  of  the  mobile  intrinsic  defects 

The  activation  energy  of  a  defect-mediated  diffusion  consists  of  the  defect’s  formation  energy 
and  the  migration  barrier.  The  former  determines  the  concentration  of  the  defects.  In  this 
section  we  briefly  summarise  our  recent  findings  for  the  abundance  of  intrinsic  defects  (c.f.  [4]) 
with  emphasis  on  the  charge  state  corrections.  The  defect  migration  is  described  in  subsequent 
sections. 

In  Fig.  1  we  compare  the  formation  energies  of  vacancies  and  interstitials  as  functions  of 
the  Fermi-level  position  under  Si-rich  conditions.  Among  the  mobile  carbon-related  defects 
the  carbon  vacancy  (Vc)  has  the  lowest  formation  energy  outweighing  the  carbon-interstitials 
(Fig.  la),  which  remains  true  also  in  C-rich  material.  Next  favourable  are  the  split-interstitials 
Csp(ioo)  and  Cspsi<ioo),  where  the  additional  carbon  atom  shares  a  lattice  site  with  a  native 
carbon  or  silicon  atom  forming  a  dumb  bell  along  the  (lOO)-direction.  The  hexagonal  carbon 
interstitial  follows  in  the  hierarchy  of  the  most  abundant  interstitials.  The  effect  of  the  charge 
state  corrections  is  to  increase  the  separation  of  the  ionisation  levels  and  to  invalidate  the  charge 
states  4+  and  3+  as  possible  ground  states  of  Cspsi<ioo)  and  Ctc- 

For  silicon-related  mobile  defects  the  situation  is  different  (Fig.  lb).  While  in  p-type  material 
the  tetrahedral  carbon-coordinated  interstitial  (Sire)  is  most  abundant,  in  n-type  material  the 
silicon  vacancy  (VSi)  is  most  frequent,  followed  by  the  split-interstitial  Sisp<ii0).  However,  as  we 
described  previously  [4],  the  silicon  vacancy  is  metastable  with  respect  to  a  transformation  into 
a  carbon-antisite-vacancy  complex  at  least  in  p-type  and  intrinsic  material.  In  this  case  the 
energy  gain  amounts  to  4.1  eV.  Under  n-type  conditions  both  defects  have  comparable  formation 
energies.  We  observe  the  most  dramatic  effect  of  the  charge  state  corrections  for  Si^c  and 
S*sp<iio)‘  The  charge  correction  of  the  formation  energies  of  both  defects  amounts  to  3.76  eV  for 
the  64-atom  cell.  Calculations  in  a  216-atoms  supercell  have  confirmed  a  correct  scaling  of  the 
Coulomb  correction  with  the  size  of  the  cell.  Another  consequence  of  the  Coulomb  correction 
is  the  shift  of  the  ionisation  levels  of  Si-pc  and  Sisp(ioo>  (initially  located  at  the  conduction  band 
edge)  into  the  upper  half  of  the  band  gap.  The  corresponding  defect  states  have  effective- 
mass-like  character.  Since  a  necessary  “scissors”  correction  for  the  band  gap  does  not  allow  to 
precisely  determine  these  ionisation  levels  we  have  excluded  them  in  Fig.  lb.  Our  calculations 
in  the  216-atom  cell  indicate  that  Sisp^oo)  becomes  unstable  when  these  orbitals  are  occupied. 
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Carbon  diffusion 

Vacancy  migration.  For  the  migration  of  vacancies  we  have  considered  two  possible  mecha¬ 
nisms  based  on  nearest  neighbour  and  second  nearest  neighbour  hops,  respectively.  In  SiC  the 
migration  by  second  nearest  neighbour  hops  proceeds  entirely  on  the  sublattice  of  the  vacancy. 
Nearest  neighbour  hops  do  not  directly  lead  to  a  defect  migration  since  by  each  hop  atoms 
simply  exchange  places  between  the  silicon  and  carbon  sublattices.  The  net  migration  appears 
only  due  to  a  more  complex  ring  mechanism  which  includes  a  series  of  hops  along  a  sixfold 
coordinated  ring  of  crystal  sites.  However,  for  the  carbon  vacancy  we  have  found  that  the  first 
hop  in  this  series  is  impossible  since  the  (VSi-Sic)-complex,  which  is  a  product  of  this  hop,  is 
unstable  in  all  possible  charge  states.  Thus  the  ring- mechanism  is  not  relevant  for  the  migration 
of  carbon  vacancies.  Consequently  we  expect  a  migration  by  second  nearest  neighbour  hops. 
The  calculated  migration  barriers  are  5.2 eV  (Vq+),  4.2  eV  (Vq+)  and  3.5 eV  (Vq).  In  the  latter 
cases  bonding  orbitals  are  occupied  at  the  transition  state  resulting  in  a  reduction  of  the  energy. 

Interstitial  migration.  The  two  split-interstitials  Csp(ioo)  and  Cspsj(ioo)  are  the  energetically 
lowest  interstitial  defects.  We  expect  a  relatively  small  migration  barrier  between  these  split- 
interstitials,  as  the  hexagonal  interstitial,  a  common  neighbour  of  both,  has  only  a  slightly  higher 
formation  energy.  And  indeed  we  find  that  the  transition  state  lies  close  to  the  neighbouring 
hexagonal  interstitial  site.  Under  p-type  conditions,  i.e.  for  the  charge  states  2+  and  1+,  we 
find  a  barrier  of  1.68  eV  and  0.91  eV  rsp.  for  the  process  Csp(ioo)  Cspsi(ioo)  and  barriers  of 
0.7 eV  and  0.22  eV  in  the  following  event  CspSi(ioo>  Csp<ioo)- 


Silicon  diffusion 

Vacancy  migration.  As  described  above,  under  p-type  conditions  the  silicon-vacancy  is  meta¬ 
stable  and  decays  into  an  energetically  more  favourable  (Vc-Csi)  complex.  Whether  or  not  Vsi 
contributes  to  silicon  self-diffusion  depends  on  the  relevant  barriers.  The  migration  barrier  for 
the  nearest  neighbour  hop  that  transforms  Vsi  into  a  (Vc-Csi) -complex  ranges  from  a  value  of 
1.6 eV  (V|+)  to  5eV  (Vgj-)*  For  the  reverse  process  the  barrier  varies  from  6.2 eV  ((Vc-Csi)2+) 
to  3.3  eV  ((Vc-CSi)°).  Conversely,  the  migration  barrier  for  the  second  nearest  neighbour  hop 
is  highest  (4.2  eV)  for  and  lowers  down  to  2.6  eV  for  V^r.  This  implies  that  under  n-type 
conditions  a  migration  of  vacancies  contributes  to  the  silicon  self-diffusion,  whereas  under  p- 
type  conditions  the  majority  of  Si- vacancies  are  converted  into  (Vc-Csi) -complexes.  Having 
only  a  binding  energy  of  1.3  eV,  the  (Vc-Csi)-complexes  may  dissociate  and  thereby  contribute 
to  carbon  self-diffusion.  From  the  migration  of  the  carbon  vacancy  we  estimate  an  energy 
barrier  between  5.2  eV  and  6.5  eV  for  this  process.  We  do  not  expect  a  migration  of  VSi  by  a 
ring  mechanism  as  a  ring  mechanism  for  the  carbon  vacancy  is  impossible. 

Interstitial  migration  We  have  considered  two  different  processes  for  the  diffusion  of  the 
silicon  interstitial:  a  direct  migration  through  the  interstice  and  a  kick-in/kick-out  process  via 
split-interstitial  sites.  The  former  implies  a  migration  of  the  carbon-coordinated  interstitial 
(SiTc)  via  the  silicon-coordinated  site  (SiTSi)-  The  transient  states  for  the  latter  are  the  stable 
split-interstitials  Sisp<ioo)  and  Sisp<n0)  (under  p-type  conditions).  In  the  first  step  SiTc  kicks  in 
forming  a  split  interstitial  with  a  lattice  site.  One  of  the  two  atoms  then  leaves  to  the  interstice 
and  continues  the  migration  (kick-out).  For  Sisp(no)  another  competing  path  exists.  After  a 
kick-out  the  silicon  atom  can  migrate  via  the  energetically  higher  SiTsi  site.  Under  n-type 
conditions  Sisp<n0)  is  the  most  favoured  interstitial.  For  this  defect  a  kick-out/kick-in  reaction 
must  be  considered,  which  has  not  been  calculated  yet. 
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Under  p-type  conditions,  the  barrier  for  the  direct  migration  of  Si^c  via  Si^si  is  3.56  eV. 
The  reverse  process,  though,  is  more  interesting.  The  barrier  for  the  direct  movement  of  Si^ 
towards  Si£c  is  only  0.3  eV.  This  barrier  allows  for  a  possible  electron  transfer  to  the  localised 
defect  state,  which  further  reduces  the  energy  needed  to  leave  the  site  to  0.04  eV  for  the  charge 
state  3+  and  0.03  eV  for  2+.  The  activation  energy  for  the  direct  migration  is  comparable  to 
the  ones  for  the  kick-in  into  the  split  interstitials  Si4+(100)  and  Si4+(no),  which  are  3.4  eV  and 
3.5  eV  respectively.  For  the  following  kick-out  reaction  towards  Si^c  the  barriers  are  low  (about 
50  meV)  for  both  defects  with  a  transition  state  very  close  to  the  split  configuration.  Indeed,  the 
split-interstitial  Sisp(i0o)  even  becomes  unstable  in  the  lower  charge  states.  The  other  process 
implying  the  kick-out  from  Sig+(110)  towards  Si^si  is  possible  with  a  barrier  of  0.24  eV.  The 
reverse  process  costs  O.leV. 

The  migration  of  the  silicon-interstitial  through  the  interstice  and  the  kick-in/kick-out  re¬ 
action  are  equally  likely  under  p-type  conditions.  In  the  charge  state  2+  this  picture  changes 
slightly  in  favour  of  the  direct  migration,  since  the  barrier  for  leaving  Si||;  is  lower  than  that 
for  the  kick-in  into  Sig^uoj.  This  charge  state  can  be  obtained,  e.g.,  by  a  charge  transfer  in 
the  Sixsi  configuration.  Under  n-type  conditions  a  kick-out/kick-in  interstitial  mechanism  via 
Sisp(no)  should  exist,  which  still  has  to  be  investigated. 

Discussion 

We  have  investigated  the  migration  of  vacancies  and  self-interstitials.  Especially  for  Si-intersti¬ 
tials  a  variety  of  migration  paths  can  contribute  to  migration.  A  comparison  of  the  formation 
energies  and  the  migration  barriers  show  that  in  p-type  and  intrinsic  material  the  silicon  self¬ 
diffusion  is  mediated  by  interstitials,  whereas  under  n-type  conditions  a  vacancy  mechanism 
becomes  viable.  In  contrast,  for  carbon  self-diffusion  the  vacancy  channel  is  the  dominant 
mechanism  for  all  doping  conditions.  Yet  the  contribution  of  the  interstitial  mechanism  cannot 
be  neglected,  since  the  corresponding  activation  energy  is  close  to,  but  still  higher  than  that 
for  the  vacancy  mechanism. 
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Abstract.  We  report  modeling  of  experimental  B  diffusion  profiles  in  SiC  which  were  measured  by 
means  of  secondary  ion  mass  spectrometry  (SIMS)  after  B  implantation  and  subsequent  diffusion 
annealing  at  temperatures  between  1700°C  and  1800°C.  Transient  enhanced  B  diffusion  caused  by 
implantation  damage  was  effectively  reduced  by  recovery  annealing  of  the  B-implanted  samples  at 
900°  C  prior  to  the  diffusion  anneal.  Concentration  profiles  of  B  are  accurately  described  on  the  basis 
of  the  kick-out  mechanism.  Simulations  based  on  this  model  also  accurately  reproduce  the  diffusion 
from  a  buried  B-doped  SiC  layer  into  undoped  SiC  epitaxial  layers.  This  shows  that  Si  self-interstitials 
rather  than  Si  vacancies  control  the  diffusion  of  B  in  SiC.  Moreover,  a  suppression  of  B  diffusion  in 
SiC  coimplanted  with  C  can  be  explained  by  taking  additionally  into  account  the  formation  of  Si-C 
pairs. 

Introduction 

Selective  area  doping  of  SiC  is  generally  achieved  by  implantation  of  dopant  atoms.  After 
ion  implantation  a  subsequent  high  temperature  treatment  is  usually  required  to  reduce  the 
implantation  damage  and  to  electrically  activate  the  dopant.  Among  the  various  dopants  such 
as  N,  Al,  Ga,  and  B,  only  B  is  observed  to  diffuse  readily  at  the  applied  annealing  temperature  of 
typically  1700°C.  This  temperature  treatment  causes  a  rapid  diffusion  of  B  towards  the  surface 
and  a  pronounced  diffusion  of  B  into  the  undamaged  region  of  the  SiC  substrate.  This  transient- 
enhanced  diffusion  (TED)  of  B  is  believed  to  be  caused  by  nonequilibrium  concentrations  of 
native  point  defects  which  are  introduced  during  the  implantation  process  [1,  2].  Recently  it 
has  been  demonstrated  that  TED  of  B  can  be  effectively  suppressed  by  a  coimplantation  of 
C  or  by  a  preanneal  at  900°C  [3,  4].  Samples  preannealed  in  such  a  way  and  subjected  to 
temperatures  between  1700°C  and  1800°C  still  reveal  a  diffusion  of  B  into  the  undamaged  SiC 
substrate.  The  corresponding  profiles  as  well  as  B  profiles  measured  after  diffusion  from  a  buried 
B-doped  SiC  layer  in  undoped  SiC  epitaxial  layers  [5]  are  considered  to  reflect  B  diffusion  under 
near-equilibrium  conditions  and  enable  us  to  determine  whether  a  vacancy  or  interstitial  type 
mechanism  controls  the  diffusion  process. 

Experimental 

Epitaxial  5  pm  thick  N-doped  (lxlO17  cm-3)  and  Al-doped  (4xl016  cm-3)  SiC  layers  grown  on 
N-doped  (4xl018  cm-3)  and  Al-doped  (2xl018  cm"3)  substrates,  respectively,  were  subjected 
to  a  five-fold  B  implantation  resulting  in  a  box  shaped  as-implanted  B  profile.  The  as-implanted 
samples  were  preannealed  at  900° C  for  2h  and  subsequently  treated  at  temperatures  between 
1700°C  and  1800°C.  The  preanneal  at  900°C  has  been  shown  to  effectively  reduce  the  TED  of 
B  [4].  Details  about  the  ion  implantation  and  the  temperature  treatment  have  been  published 
elsewhere  [3,  4].  Figure  1  (a)  illustrates  B  concentration  profiles  in  ion-implanted  Al-doped  6H- 
SiC  before  and  after  the  temperature  treatments.  We  observe  a  pronounced  B  diffusion  into  the 
undamaged  region  of  the  epilayer.  Similar  profiles  are  observed  after  B  diffusion  into  N-doped 
4H-SiC  [4].  A  depth  profile  of  B  measured  with  SIMS  after  annealing  an  epitaxially  grown  SiC 
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Figure  1:  Concentration-depth  profiles  of  B  measured  by  means  of  SIMS,  (a)  B  profiles  (thin  solid  lines) 
in  Al-doped  6H-SiC  epilayers  before  and  after  annealing  of  the  B-implanted  sample  at  900° C  (2h)  and 
subsequent  diffusion  at  1700°C  for  60  min.  (b)  B  profiles  (o)  in  4H-SiC  measured  after  annealing  of 
an  epitaxial  grown  SiC  structure  with  a  buried  B-doped  SiC  layer  at  1700°C  for  60  min.  Thick  solid 
lines  in  (a)  and  (b)  show  the  best  fits  obtained  on  the  basis  of  the  kick-out  model.  The  thick  dashed 
lines  represent  the  diffusional  broadening  in  the  case  that  B  diffusion  proceeds  via  the  dissociative 
mechanism.  The  thin  dashed  line  in  (b)  indicates  the  initial  B  distribution  taken  into  account  in  the 
simulation. 

structure  with  a  buried  B-doped  SiC  layer  at  1700°C  for  60  min  [5]  is  shown  in  Fig.  1  (b). 
In  the  following  section  we  provide  strong  evidence  that  B  diffusion  in  SiC  is  controlled  by  Si 
self-interstitials  rather  than  by  Si  vacancies. 

Modeling  of  B  diffusion 

The  fast  diffusion  of  B  in  SiC  compared  to  other  dopants  and  the  fact  that  B  prefers  the  substi¬ 
tutional  position  of  the  Si  sublattice  suggest  that  an  interstitial-substitutional  (i-s)  mechanism, 
namely  the  dissociative  and/or  the  kick-out  mechanism,  controls  the  diffusion.  These  mecha¬ 
nisms  have  been  established  for  the  diffusion  of  e.g.  Au  and  Zn  in  Si  [6,  7].  For  B  in  SiC  the  i-s 
mechanisms  are  expressed  by  the  reactions 

Bi  +  Fsi^Bsi  (1) 

Bj  Bsi  +  Si,  .  (2) 

Equation  (1)  represents  the  dissociative  reaction.  Mobile  interstitial  B  atoms  (Bj)  occupy  vacan¬ 
cies  on  the  Si  sublattice  (Vsi)  and  thereby  become  substitutional  defects  (BSi).  In  the  kick-out 
mechanism  (see  Eq.  (2)),  the  i-s  exchange  creates  a  Si  self-interstitial  Si*.  The  mathematical 

formulation  of  B  diffusion  via  reactions  (1)  and  (2)  is  given  by  a  system  of  four  coupled  partial 

differential  equations  (PDE’s).  This  PDE  system  together  with  the  proper  initial  and  boundary 
conditions  are  given  elsewhere  [8].  Depending  on  the  defect  X  (e  {Bb  Vsi,  Sij})  that  controls  the 
i-s  exchange,  the  B  diffusion  coefficient  DB  equals  D x  =  C^Dx/Cg™  where  Cxq  and  Dx  are 
the  thermal  equilibrium  concentration  and  diffusion  coefficient  of  the  respective  point  defect. 
For  modeling  B  diffusion  the  maximum  B  concentration  of  the  ion-implanted  SiC  samples  (see 
Fig.  1  (a))  and  of  the  buried  B  doping  layer  (see  Fig.  1  (b))  are  denoted  as  Cg1^. 

Figure  1  (a)  shows  that  the  experimental  B  profiles  in  the  undamaged  region  of  an  Al-doped 
6H-SiC  epilayer  are  accurately  reproduced  by  computer  simulations  based  on  the  kick-out  model 
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Figure  2:  Temperature  dependence  of  the  B  and  Si  dif¬ 
fusion  coefficients  Db  and  Dsi  (solid  lines)  in  6H-SiC 
reported  in  the  literature  [9,  10]  in  comparison  to  our 
results.  Db  for  1700°  C  indicated  by  the  upper  solid 
bars  and  the  upper  symbol  (o)  were  obtained  from  fit¬ 
ting  the  experimental  B  profiles  shown  in  Fig.  1  (a) 
and  1  (b),  respectively.  The  lower  solid  bars  and  sym¬ 
bol  (o)  represent  the  Si  self- interstitial  contribution  to 
Si  self-diffusion.  Dsi  (dashed  line)  extrapolated  from 
high  temperature  data  [10]  is  shown  for  comparison. 


Figure  3:  SIMS  concentration  depth  profiles  of 
B  in  6H-SiC  coimplanted  with  B  and  C  be¬ 
fore  (thin  short-dashed  line)  and  after  anneal¬ 
ing  (thin  solid  line)  at  1700°  C  for  3h.  The  thin 
long-dashed  line  indicates  the  distribution  of 
C  calculated  with  dynamic  TRIM.  The  thick 
solid  line  represents  the  simulation  of  B  dif¬ 
fusion  on  the  basis  of  the  kick-out  mechanism 
(2)  and  reaction  (3)  which  takes  the  formation 
of  SiiCsi  pairs  into  account. 


whereas  profiles  calculated  on  the  basis  of  the  dissociative  model  do  not  yield  a  satisfactory 
fit.  Similar  B  diffusion  profiles  in  ion-implanted  N-doped  4H-SiC  are  also  well  described  by  the 
kick-out  mechanism  [8].  Moreover,  Fig.  1  (b)  demonstrates  that  the  kick-out  model  reproduces 
the  diffusion-induced  broadening  of  a  buried  0.4  fim  thick  B  doping  layer  into  undoped  4H-SiC 
epitaxial  layers  [5].  Again  the  dissociative  mechanism  fails  to  describe  this  process. 

Results  and  discussion 

The  successful  modeling  of  B  diffusion  in  both  ion-implanted  SiC  and  samples  with  a  buried  B 
doping  layer  provides  strong  evidence  that  B  diffusion  is  mediated  by  Si  self-interstitials  rather 
than  by  Si  vacancies.  Data  deduced  for  Dg.  and  given  in  Fig.  2  are  in  fair  agreement  with  earlier 
results  given  by  Mokhov  et  al.  [9]  which  are  also  considered  to  represent  the  Bj-controlled  B 
diffusivity  Dg..  The  solid  bars  in  Fig.  2  reflect  the  error  of  Dg.  due  to  uncertainties  in  some 
other  parameters  entering  the  diffusion  model  [8].  The  slightly  higher  DJ.  values  deduced  from 
B  diffusion  in  ion-implanted  SiC  compared  to  Ref.  [9]  may  indicate  that  TED  is  not  completely 
suppressed  by  the  preanneal  at  900°C. 

Fitting  of  the  B  profiles  yields  data  for  Dgj..  The  product  Dg^Cg1**  reduced  by  the  Si  atom 
density  C|*(«2.4x  1022  cm-3)  in  SiC  is  equal  to  the  self-interstitial  contribution  C^Dsi-JC^1 
to  Si  self-diffusion  in  SiC.  Figure  2  shows  that  this  Sfi  contribution  is  about  two  orders  of 
magnitude  lower  than  the  extrapolation  of  Si  self-diffusion  in  6H-SiC  [10]  to  lower  temperatures. 
This  suggests  that  Si  diffusion  is  mainly  mediated  by  vacancies  on  the  Si  sublattice  and  not  by 
self-interstitials.  In  this  case  the  parameter  Dys.(=C^.DvSi/CB^)  should  be  about  two  orders 
of  magnitude  higher  than  D^ii(=C^.Dsii/C§^t).  However,  this  conflicts  with  the  fact  that  the 
dissociative  mechanism  does  not  significantly  contribute  to  B  diffusion  in  SiC.  Presumably  Si 
diffusion  was  determined  not  accurately  enough  in  .order  that  the  extrapolation  yields  reliable 
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results.  We  noticed  that  the  earlier  self-diffusion  study  [10]  was  performed  with  30SiC-30Si-SiC 
structures  leaving  some  doubt  on  the  accuracy  of  the  data. 

Recently  it  has  been  reported  that  C  and  B  coimplantation  of  SiC  strongly  suppresses  the 
diffusion  of  B  during  a  subsequent  high-temperature  treatment  [4].  Figure  3  illustrates  the 
corresponding  distribution  of  B  and  C  after  the  ion  implantation  process.  The  B  profile  was 
measured  directly  with  SIMS  whereas  the  C  profile  was  calculated  with  dynamic  TRIM.  SIMS 
analysis  of  the  same  structure  annealed  at  1700°C  for  3h  reveals  that  a  substantial  fraction  of 
B  is  kept  between  the  two  C  spikes;  no  significant  diffusion  of  B  into  the  undamaged  region  of 
the  SiC  epilayer  is  observed.  For  modeling  of  B  diffusion  in  B/C-coimplanted  SiC,  the  kick-out 
mechanism  (2)  and  the  additional  reaction 

Sii  +  Csi^SiiCsi  (3) 

are  considered.  Reaction  (3)  describes  the  formation  of  SiiCsi  pairs  via  the  capture  of  Sij  by 
carbon  atoms  CSi  on  the  Si  sublattice.  Assuming  CSi  and  SijCsi  to  be  immobile  and  pair 
formation  kinetics  with  an  equilibrium  that  lies  on  the  right  side  of  reaction  (3),  the  B  profile 
measured  after  the  high-temperature  anneal  is  fairly  well  described  on  the  basis  of  reactions  (2) 
and  (3)  with  values  for  Dg.  and  D gj.  which  are  consistent  with  the  results  given  in  Fig.  2.  For 
simplicity  we  also  assumed  that  the  concentrations  of  the  defects  involved  in  reactions  (2)  and 

(3)  are  in  local  equilibrium  prior  to  the  diffusion  at  high  temperatures,  because  the  distributions 
of  the  defects  introduced  during  the  implantation  process  are  hardly  accessible.  Very  likely  the 
deviation  observed  in  Fig.  3  between  the  experimental  and  calculated  B  profile  is  a  consequence 
of  inhomogeneously  distributed  non-equilibrium  native  point-defect  concentrations  which  were 
not  considered  in  our  calculations. 

Conclusions 

The  analysis  of  experimental  B  profiles  obtained  after  annealing  of  SiC  samples,  which  were 
either  implanted  with  B  or  possess  a  buried  B  doping  layer,  provides  strong  evidence  that  B 
diffusion  is  mediated  by  a  Sii-mediated  kick-out  mechanism.  Modeling  of  B  diffusion  in  SiC 
provides  data  for  the  Bj-controlled  B  diffusion  coefficient  which  are  in  good  agreement  with 
literature  data  (see  Fig.  2).  The  deduced  Sij-controlled  B  diffusion  coefficient  enables  us  to 
determine  the  Si  self-interstitial  contribution  to  the  Si  self-diffusivity  in  SiC.  The  suppression 
of  B  diffusion  in  SiC  coimplanted  with  C  can  be  explained  on  the  basis  of  the  kick-out  mechanism 
and  an  additional  reaction  which  considers  the  formation  of  Sij-Csi  pairs.  This  pair  formation 
eliminates  the  Si  self-interstitials  as  vehicles  for  B  diffusion. 
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Abstract:  The  thermal  stability  of  the  hydrogen  passivation  of  aluminum  acceptors  in  p-type  silicon 
carbide  is  investigated.  After  passivation  by  low  energy  ion  implantation,  annealing  experiments  are 
performed  under  the  influence  of  an  electrical  field  in  a  reverse  biased  Schottky  diode.  At 
temperatures  around  500K,  A1  acceptors  become  reactivated.  To  study  the  influence  of  temperature, 
p-type  doping  level,  and  hydrogen  isotope  (!H  or  2H),  a  mathematical  model  is  developed  and 
applied  to  simulate  experimental  data.  Both  the  diffusion  constant  of  free  H  as  well  as  the 
dissociation  rate  turn  out  to  be  thermally  activated  with  activation  energies  of  2.1  eV  and  1.2  eV, 
respectively. 

Introduction 

As  in  many  other  semiconductors,  hydrogen  is  known  to  passivate  acceptors  in  p-type  silicon 
carbide.  This  passivation  may  exist  already  after  epitaxial  growth  (Chemical  Vapor  deposition)  [1]. 
In  order  to  passivate  acceptors  in  SiC  intentionally,  H-implantation  with  low  ion  energy  is  an 
established  technique.  Both  boron  as  well  as  aluminum  acceptors  are  passivated  effectively  [2]. 
Annealing  experiments  in  combination  with  an  electrical  field  in  a  reverse  biased  Schottky  diode 
have  demonstrated  that  passivated  aluminum  acceptors  become  reactivated  at  temperatures  around 
500  K  and  that  released  hydrogen  is  moving  as  a  positive  ion  that  is  able  to  passivate  further  free 
acceptors  [3].  This  type  of  experiment  has  also  been  done  on  silicon  [4].  Most  of  our  experimental 
results  on  SiC  and  an  empirical  description  of  the  reactivation  rate  are  already  published  [5].  In  the 
present  work,  we  now  develop  and  use  a  mathematical  model  to  achieve  a  more  detailed 
understanding  of  the  various  processes  involved.  As  a  result,  both  the  diffusion  constant  of  free 
hydrogen  and  the  dissociation  rate  of  H-Al  complexes  are  provided. 

Experiment 

The  work  was  done  on  commercial  p-type  epitaxial  layers  (thickness  ~  5pm,  polytype  4H)  on  p+- 
substrates.  The  net  doping  level  NA  of  the  epi-layer  is  either  6*1015  cm'3  or  2*  1 017  cm'3.  In  addition 
to  the  intentional  dopant  Al,  boron  is  present  with  a  concentration  of  2-1015  cm'3.  The  effects  treated 
in  the  present  work  are  due  to  Al  acceptors  only  as  explained  in  detail  in  ref.  [5]. 

The  passivation  is  done  by  implantation  of  H2+  molecular  ions  with  600eV  at  680K  as  described 
elsewhere  [6].  After  implantation,  Schottky  contacts  (titanium,  0.5  mm  diameter)  were  evaporated 
on  the  implanted  layers.  The  depth  profiles  N(x)  of  electrically  active  acceptors  were  measured  by 
Capacitance-Voltage  (CV)  profiling.  During  annealing,  the  Schottky  contacts  are  used  to  establishe 
an  electrical  field  by  applying  a  reverse  bias  UR  at  the  diode.  This  procedure  is  frequently  termed 
‘reverse  bias  annealing’  (RB A). 
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Results 

Experimental  results  of  these  RBA  experiments 
are  already  given  in  refs.  [3,5]  and  are  reviewed 
here  only  shortly.  The  variation  of  the  depth 
profile  of  free  acceptors  during  subsequent  RBA 
steps  is  displayed  in  Fig.  1:  at  small  depth  where 
the  electrical  field  is  strongest  and  points  into  the 
semiconductor,  acceptors  become  reactivated. 
Released  hydrogen  is  moving  deeper  where  it 
passivates  further  acceptors.  The  main  facts  are 
[5]: 

(i)  The  characteristic  time  constant  of  the  whole 
reactivation  process  (involving  both 
dissociation  and  transport)  is  found  to  be 
thermally  activated  with  an  activation  energy 
of  about  1.8  eV. 

(ii)  The  reactivation  is  faster  for  hydrogen 
compared  to  deuterium. 

(iii)  The  reactivation  is  faster  in  the  heavily  doped 
material  than  in  the  lightly  doped. 

Simulation 

In  order  to  analyze  the  reactivation  process 
quantitatively,  a  mathematical  model  is  developed. 


Fig.  1:  Depth  profiles  of  electrically  active 
acceptors  obtained  by  CV  profiling  on  2H- 
passivated  ,  lightly  doped  p-type  SiC  during 
reverse  bias  annealing  at  530K.  The  arrows 
indicate  the  sequence  of  measurements.  The  first 
profil  is  unannealed  (as  implanted).  The  second 
was  measured  after  one  annealing  step  of  15 
minutes  duration,  the  third  after  the  next  anneling 
step  also  of  15  minutes  duration  and  so  on. 


It  consists  of  two  coupled  partial  differential  equations  which  describe  four  independent  single 
processes:  (1)  the  dissociation  of  the  H-Al  complexes,  (2)  the  free  diffusion  of  hydrogen,  (3)  the 
drift  of  positively  charged  hydrogen  ions,  and  (4)  the  recombination  with  free  acceptors.  For  the 
dissociation  and  recombination,  we  suppose  that  the  H-Al  complex  consists  of  exactly  one 
hydrogen  and  one  acceptor  atom.  The  concentrations  of  free  acceptors,  free  hydrogen  and  of 
acceptor-hydrogen  pairs  are  denoted  by  cA,  cH,  and  cAH,  respectively. 


dt 


diff 


dx 


-D 


^CH 

dx 


+  e-fl-cH 


=  dcA 

d CAH 

dt 

diem  dt 

them 

dt 

CH  +  v-  CAH  . 


(Eq.  1) 


(Eq.  2) 


Eq.  1  presents  Fick’s  law  for  the  hydrogen  flux  consisting  of  a  free  diffusion  term  with  a  diffusion 
constant  D  and  a  drift  term  determined  by  the  electrical  field  E  and  a  mobility  p  (e  is  the  elementary 
charge),  p  and  D  are  linked  by  the  Einstein  correlation  D=kBTp  [7]  where  kB  is  the  Boltzmann 
constant  and  T  is  the  temperature.  Eq.  2  describes  the  pair  formation  (formation  constant  K)  and  the 
dissociation  (dissociation  constant  v).  The  concentration  cAH  is  eliminated  by  setting  cAH=N0-cA 
where  the  constant  N0  is  the  total  acceptor  concentration  of  the  epi-layer.  The  formation  constant  K 
is  expressed  as  K=47tpD,  where  p  means  the  capture  radius  for  recombination  [8].  The  electric  field 
strength  E  is  calculated  from  Poisson’s  equation  from  the  charge  density  e(cH-cA)  within  the  diode’s 
space  charge  region  with  the  applied  reverse  bias  as  a  boundary  condition.  The  resulting  equations 
for  the  two  independent  functions  cA  and  cH  are  solved  numerically  by  the  Euler  method.  The 
remaining  model  parameter  D,  p  and  v  were  adjusted  to  fit  the  simulated  cA  profiles  to  measured 
CV  profiles. 
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Results  and  discussion 

In  various  cases,  the  resulting  capture  radius  turned  out  to  be  close  to  the  theoretical  estimate  p=e2/ 
(47tekBT),  where  £  is  the  dielectric  constant.  This  expression  describes  the  radius  of  a  sphere  around 
an  elementary  charge  (free  acceptor)  where  the  attractive  Coulomb  energy  exceeds  the  thermal 
energy  kBT,  i.e.  a  re-emission  is  improbable  once  a  positive  H  ion  is  trapped  within  this  sphere.  For 
subsequent  simulations,  the  capture  radius  was  calculated  by  this  equation  (about  3nm),  leaving 
only  two  adjustable  model  parameters,  D  and  v. 

There  are  several  difficulties  that  prevent  a  perfect  match  of  simulated  and  experimental  profiles. 

(i)  The  initial  cA  is  unknown  close  to  the  surface  due  to  a  limitation  of  CV  profiling  (see  Fig.  1). 
For  the  simulation,  these  data  are  estimated  by  extrapolation  of  experimental  curves  to  zero 
depth. 

(ii)  The  initial  concentration  of  free  hydrogen  is  unknown  (assumed  to  be  zero). 

(iii) Due  to  the  limited  depth  resolution  of  CV  profiling,  the  experimental  profiles  are  not  expected 
to  reflect  steep  slopes  in  the  cA(x)  curves  correctly. 

(iv)  The  precise  depth  of  the  evolving  minimum  of  cA(x)  sensitively  depends  on  the  overall  amount 
of  hydrogen  available.  This  number,  however,  is  uncertain  due  to  the  extrapolation  discussed  in 
(i)  and  due  to  the  uncertainty  concerning  boundary  conditions  (zero  flux  at  the  surface  is 
assumed) 

(v)  Heating  and  cooling  periods  of  the  annealing  cycles  are  ignored  in  the  simulation. 

As  a  consequence,  neither  the  steep  slope  nor  the  absolute  minimum  of  the  N(x)  curves  (see  Fig.  1) 
are  a  reliable  criterion  for  a  good  simulation. 

Instead,  we  focussed  on  the  rate  of  concentration 
increase  at  small  depths,  on  the  overall  profile 
shape  and  on  the  time  dependence  in  order  to 
judge  the  quality  of  simulation.  These  features  are 
well  described  by  the  simulations. 

The  resulting  model  parameters  D  and  v  (one  set 
per  RBA  sequence  as  shown  in  Fig.l)  will  now  be 
discussed.  The  diffusion  constant  D  as  shown  in 
Fig.2  depends  exponentially  on  reciprocal 
temperature  as  expected  for  a  thermally  activated 
process  with  an  energy  of  2.1  eV  and  a  prefactor 
D0=  107...109  cm2/s.  Compared  to  the 
considerable  errors,  no  significant  influence  of 
isotopic  mass  or  doping  level  is  obvious. 

The  dissociation  rates  v  as  determined  from  the 
simulations  (not  shown),  however,  did 

surprisingly  depend  on  the  samples  doping  level 
with  the  same  trend  as  the  empirical  reactivation 
time  constant,  indicating  a  faster  process  at  a 
higher  doping  level.  Since  a  doping  dependence  of 
the  ion  drift  (larger  electric  field  at  higher  doping 
level)  is  already  included  explicitly  in  our  model, 
this  remaining  dependence  means,  that,  in  addition  to  the  transport,  the  dissociation  is  also  faster  at 
the  higher  doping  level.  Since  we  still  are  in  a  limit  of  low  concentrations,  a  direct  interaction 
between  adjacent  acceptors  is  not  expected.  Instead,  this  dependence  also  has  to  be  mediated  by  the 
electrical  field.  Thus,  we  end  up  with  the  idea  of  a  field-assisted  barrier  lowering,  accelerating  the 
emission  of  a  hydrogen  ion  out  of  an  acceptor's  Coulomb  potential.  In  the  case  of  electron  emission, 
this  is  well-know  as  Poole-  Frenkel  effect.  Since  this  theory  [9]  does  not  depend  on  masses,  we  are 
now  using  the  Pool-Frenkel  correction  factor  to  extrapolate  the  dissociation  rates  v,  obtained  from 


Fig.  2:  Diffusion  constants  of  hydrogen  in  SiC 
determined  from  RBA  experiments  with  two 
different  isotopes  and  acceptor  doping  levels. 
Squares  stand  for  deuterium,  and  circles  stand 
for  hydrogen  implanted  samples.  The  open 
symbols  indicate  the  heavily  doped,  and  the 
closed  symbols  indicate  the  lightly  doped 
material.  The  dashed  line  indicates  a  diffusion 
energy  of  2.1  eV. 
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the  simulation,  to  zero  field  strength.  The  resulting 
values  v  well  fit  to  a  straight  line  in  the  Arrhenius 
plot  of  Fig.3  with  a  slope  corresponding  to  a 
dissociation  energy  of  1.2  eV,  i.e.  the  Poole 
Frenkel  correction  successfully  removes  the 
apparent  doping  dependence  of  the  raw  data. 
Regarding  an  isotope  effect  on  v,  there  is  a  trend 
for  faster  dissociation  of  'H  compared  to 
deuterium  (Fig.3).  Due  to  the  considerable  errors 
of  the  present  v  data,  this  effect  is  hardly 
significant.  Experimentally,  an  influence  of  the 
isotopic  mass  on  the  whole  RBA  process  is 
definitely  significant  [5].  From  the  present 
simulations,  we  may  state  that  this  effect  tends  to 
be  dominated  by  dissociation  rather  than  diffusion, 
but  a  clear  decision  is  not  possible. 

Conclusion 

The  reactivation  of  hydrogen  passivated  A1 
acceptors  in  SiC  is  analyzed  by  a  mathematical 


Fig.  3:  Dissociation  constant  of  Al-H  pairs  in 
SiC,  extrapolated  to  zero  field  strength.  The 
symbols  have  the  same  meaning  as  in  Fig.  2. 
The  dashed  line  indicates  a  dissociation  energy 


model  of  the  RBA  process  treating  the  dissociation  of  H-Al  complexes,  the  diffusion  and  ion  drift 
of  free  hydrogen,  and  the  recombination  with  free  acceptors  as  individual  processes.  The 
experimentally  evident  acceleration  of  the  reactivation  process  with  increasing  acceptor  doping 
level  is  successfully  explained  by  the  increasing  electrical  field,  which  gives  rise  to  a  faster  ion  drift 
and  to  a  faster,  field  assisted  dissociation. 

The  dissociation  rate  of  the  H-Al  complex  and,  most  important,  the  diffusion  constant  D  of  free 
hydrogen  in  SiC  are  determined  quantitatively.  The  activation  energies  are  Ev  =  1.2±0.1  eV  and  ED 
=  2. 1±0. 1  eV,  respectively. 


The  work  was  funded  by  the  German  BMBF  and  DFG. 
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Abstract:  It  is  shown  that  micro-Raman  spectroscopy  is  a  sensitive  tool  to  probe  the  effect  of 
subsurface  and  implantation  damage  in  SiC.  The  investigation  of  subsurface  damage  is  based 
on  the  determination  of  the  free  carrier  density  profile  in  n-type  material.  The  investigation  of 
implantation  damage  calls  for  an  investigation  of  the  activation  of  the  1 -phonon  DOS, 
combined  with  a  study  of  the  broadening  and  shift  of  the  first-order  Raman  modes. 


Introduction 

Whatever  the  polytype,  there  are  always  a  large  number  of  residual  defects  and  inhomogeneity 
present  in  SiC  material  [1].  This  constitutes  the  main  limitation  to  improve  the  SiC  device 
technology  and  to  achieve  a  better  yield.  We  have  to  master  this  problem.  This  makes  rapid 
and  non  destructive  optical  characterization  techniques  increasingly  popular.  In  the  case  of  4H 
and  6H-SiC  wafers,  for  instance,  absorption  measurements  performed  in  the  visible  range 
have  been  shown  to  allow  fast,  non-contact  and  non-destructive  on-line  measurements  of  the 
spatial  doping  homogeneity  [2].  Scanning  photoluminescence  spectroscopy  has  also  been 
introduced  [3]  and,  similar  to  the  more  mature  m-V  materials,  will  become  rapidly  a  viable 
tool  for  non  destructive  investigations  of  the  dislocation  density  in  4H  and  6H  polytypes. 
However,  in  many  cases,  such  simple  optical  methods  suffer  from  intrinsic  limitations  due  to 
the  wide  (indirect)  nature  of  the  band  gap  material  [4].  This  makes  infrared  reflectivity  [5]  and 
visible  light  scattering  techniques,  like  micro-Raman  spectroscopy,  more  and  more 
appealing  [6]. 

Provided  it  is  used  in  a  non  standard  (transverse)  configuration,  micro-Raman  (pR) 
spectroscopy  allows  one  to  probe  in-depth  perturbation  effects.  In  this  case,  because  the 
optical  phonons  are  sensitive  to  strain  fluctuations  and  dislocations,  one  finds  specific  (depth- 
dependant)  contributions  to  the  line  width  and  shift  [7,  8].  In  this  work  we  focus  on  the  effect 
of  slicing  and  polishing  on  the  interaction  of  phonons  with  residual  carriers,  then  we  consider 
the  effect  of  implantation  damage  and  implantation  damage  annealing. 

1.  Background  considerations 

Since  the  pioneering  work  of  Feldman  and  coworkers  [9]  the  phonon  properties  of  SiC 
polytypes  have  been  investigated  many  times.  Because  the  different  polytypes  refer  simply  to 
different  ways  of  stacking  identical  bilayers,  the  changes  in  lattice  dynamics  are  best 
understood  in  the  framework  of  the  folded  zone  scheme.  This  is  nothing  but  the  standard 
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concept  used  for  a  long  time  in  layered  materials,  like  GaS,  GaSe  or  MoSe2  (for  additional 
information  see  Ref.  10).  The  only  difference  is  that  no  isolated  bilayer  exist  in  the  case  of  SiC 
and  the  closest  approximation  (with  two  atoms  per  unit  cell)  is  the  cubic  form  (3C-SiC) 
considered  along  the  <1 1 1>  direction. 

Given  a  NH  or  3NR  polytype,  there  are  2N  atoms  per  unit  cell  which  give  3  (2N-1)  optical 
branches.  Starting  from  the  cubic  polytype  (3R  symmetry)  and  taking  into  account  the  effect  of 
hexagonal  crystal  field,  they  split  in  four  groups  of  axial  optic  (AO),  planar  optic  (PO),  axial 
acoustic  (AA)  and  planar  acoustic  (PA)  frequencies.  They  originate  from  the  folding  of  the  old 
(cubic)  LO,  TO,  LA  and  TA  branches,  in  such  a  way  that  points  originally  located  at  reduced 
wavevector  x  =  k/km  =  2m/N  of  the  old  (extended)  cubic  Brillouin  zone  become  new  zone- 
center  modes  (m  is  an  integer  <  N/2,  for  more  details  see  Ref.  1 1). 


Roadmap  of  zone-center  modes  in  SiC  polytypes. 


3C-SiC 

First  order 

AO  (cm1) 

(x  =  0) 

LO  (972) 

PO  (cm"1) 

TO  (796) 

AA 

ac. 

PA 

ac. 

Total 

6 

4H-SiC 

First  order 

Folded 

Folded 

(x  =  0) 

(x  -  1/2) 

(x=  1) 

AO  (cm'1) 

A,  (964) 

2Bi  (?/?) 

A,  (838) 

PO  (cm1) 

E, (796) 

2E2  (776/?) 

E,  (?) 

AA  (cm1) 

ac. 

2B,  (?) 

A!  (610) 

PA  (cm'1) 

ac. 

2E2  (196/204) 

E! (266) 
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6 

12 

6 

15R-SiC 

First  order 

Folded 

Folded 

(x  =  0) 

(x  =  2/5) 

(x  =  4/5) 

AO  (cm'1) 

A!  (965) 

2Aj  (932/938) 

2Aj  (860/?) 

PO  (cm'1) 

E  (797) 

2E  (785/?) 

2E  (769/?) 

AA  (cm’1) 

ac. 

2A,  (331/337) 

2A,  (569/577) 

PA  (cm’1) 

ac. 

2E  (167/173) 

2E  (255/256) 

Total 

6 

12 

12 

6H-SiC 

First  order 

Folded  Folded 

Folded 

(x  =  0) 

(x  =  1/3)  (x  =  2/3) 

(x=l) 

AO  (cm-1) 

A,  (965) 

2B|  (?/?)  2A,  (889/?) 

B,(?) 

PO  (cm1) 

Ei  (796) 

2E2  (789/?)  2E,  (?/?) 

E2 (767) 

AA  (cm'1) 

ac. 

2B,  (?)  2A|  (504/514) 

B,(?) 

PA  (cm1) 

ac. 

2E2  (145/150)  2E,  (236/241) 

E2  (266) 

Total 

6 

12  12 

6 

Table  1.  Roadmap  of  zone  center  modes  in  usual  SiC  polytypes.  Only  Al,  El  and  E 
modes  are  IR  active  ;  Al,  El,  E2  and  E  modes  are  Raman  active  ;  B1  modes  are  silent. 
Reduced  wave  vector  are  denoted  by  x  (see  text).  All  values  are  “experimental”  values 
after  Refs.9  and  11. 
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A  complete  roadmap  of  expected  and  experimental  frequencies  for  usual  SiC  polytypes  is  given 
in  Table  1.  Notice  that  only  Al,  El  and  E  modes  are  IR  active.  Both  Al,  El,  E2  and  E  modes 
are  Raman  active.  Finally,  B1  modes  are  silent.  Notice  also  that,  depending  on  the  polytype, 
the  same  frequency  in  the  extended  zone  scheme  (AO  mode  for  instance  with  x  =  1)  can  be 
allowed  (4H  polytype)  or  forbidden  (6H  variety).  In  both  cases,  it  must  be  located  around  840 
cm'1. 

2.  Investigation  of  subsurface  damage 

Due  to  the  intrinsic  hardness  of  SiC  polytypes,  and  because  of  the  high  cost  of  SiC  wafer 
production,  achieving  a  proper  optimisation  of  the  wafering  technology  has  long  been  a  critical 
issue  [12].  Basically,  since  any  wafering  step  (including  the  cutting  one)  induces  a  specific 
amount  of  subsurface  damage,  a  next  step  is  necessary  to  eliminate  the  previous  defects.  The 
process  then  repeats  until  a  final  (acceptable)  surface  has  been  achieved.  To  optimise  the 
process  and  minimise  the  material  loss,  one  needs  to  quantify  the  damage  thickness  for 
different  polishing  slurries. 

Different  methods  have  been  used.  They  range  from  Transmission  Electron  Microscopy  [13]  to 
Rutherford  Backscattering  [14]  and  Photon  Backscattering  [15].  However,  there  is  not  yet  a 
standard  answer  to  the  simple  question:  "How  much  is  the  subsurface  damage  extension  in  a 
given  wafer?".  Depending  on  the  observation  method,  it  has  been  found  to  extend  from  one- 
half  to  a  few  percent  of  the  abrasive  slurry  size  (compare  for  instance  the  experimental  results 
reported  in  Refs.  13  and  14).  Recently,  this  has  been  investigated  using  p-R  techniques  and 
valuable  results  have  been  found  [16]. 

Used  in  a  transverse  configuration,  pR  scattering  allows  us  to  probe  the  frequency  of  LO- 
Phonon-Plasmon  coupled  modes  (LPP  modes)  at  various  distance  from  the  surface.  Since  the 
subsurface  damage  influences  drastically  the  carrier  concentration,  the  LPP  mode  frequency 
shifts.  From  a  line-shape  analysis  of  the  LPP  modes,  the  plasma  frequency  can  be  obtained  and 
the  change  in  carrier  concentration  (damage  extension)  can  be  deduced.  Typical  results 
obtained  in  the  case  of  4H  and  6H  polytypes  (both  Si  and  C  faces)  are  shown  in  Table  2. 


Polytype 

6H 

6H 

4H 

6H 

4H 

4H 

Polishing  particle  size  (pm) 

40 

20 

10 

5 

3 

<1 

Damaged  layer  thickness  (pm) 

>60 

23 

20 

1.5 

0.8 

<0.1 

Table  2.  Examples  of  subsurface  damage  extension  observed  for 
various  polishing  slurries  on  n-type  doped  4H  and  6H-SiC  samples. 


To  perform  a  quantitative  analysis,  one  has  to  compute  the  scattered  intensity  from  the 
standard  expression  [11,  16-18]  : 

I(a>)=SA(fi.).Im[-±-] 

s((0) 

in  which  S  is  a  proportionality  constant;  the  frequency  dependent  factor  A(co)  depends: 
i.)  on  the  TO  and  LO  phonon  frequencies  (g>t  and  o>L),  ii.)  on  the  phonon  and  plasmon 
broadening  parameters  (y  and  T,  respectively),  iii.)  on  the  plasma  frequency  (<%)  and  iv.)  on  the 
so-called  Faust-Henry  coefficient  C  (for  more  details  see  Ref.  19).  For  a  given  LPP  mode  (with, 
either,  At-  or  Et -symmetry)  this  leaves  only  three  unknown  parameters  :  nR,  F  and  y.  Among 
them  the  carrier  concentration  (nR)  is  the  only  one  that  can  adjust  the  LPP  frequency  and, 
provided  the  starting  material  is  sufficiently  doped,  the  results  are  i.)  non  destructive  and  ii.) 
reasonably  sensitive. 
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Typical  examples  are  shown  in  Fig.  1  for  a  series  of  4H-SiC  wafers  polished,  respectively,  with 
10  pm,  3  pm  and  sub-pm  (final)  abrasive  slurries.  Notice  that  using  the  final  (sub-pm) 
polishing  stage  no  damage  could  be  detected.  This  was  confirmed  by  investigation  of  the 
surface  roughness.  Using  a  2  pm  x  2  pm  template,  the  surface  roughness  measured  by  AFM 
(Atomic  Force  Microscopy)  reduces  typically  by  a  factor  of  10  (or  larger)  when  the  subsurface 
damage  extension  varied  from  ~1.5  pm  (1  pm  slurry)  to  negligibly  small  (sub-pm  slurry). 


Fig.  1:  Change  in  carrier 

concentration  deduced  from  the 
analysis  of  micro-Raman  spectra 
collected  at  various  distance  from 
the  interface.  4H-SiC  wafers  (Si- 
face)  polished  with  different 
slurries  (see  text). 


3.  Implantation  damage 

Ion  implantation  is  the  only 
technique  available  for  selective 
area  doping  in  SiC.  Hydrogen 
implantation,  as  well,  is  necessary 
for  “SiC  On  Insulator”  (SiCOI)  formation  using  the  so-called  Smart-cut®  process  [20].  In  both 
cases,  a  complete  recovery  of  the  initial  crystal  properties  is  hard  to  get  and  implantation 
damage  affects  the  final  (implanted  or  transferred)  SiC  layer  properties.  A  proper  way  to  probe 
the  crystal  damage  (and  recovery)  is  again  to  look  at  the  change  in  pR  spectra. 

In  a  perfect  crystal,  group-theory  arguments  predict  only  a  very  limited  number  of  Raman- 
active  modes  (see  Table  1).  Implantation  breaks  the  long-range  order  and  renders  (more  or 
less)  active,  different  (previously  forbidden)  modes.  As  usual,  the  activity  of  the  new  modes 
depend  on  the  magnitude  of  the  Fourier  transforms  of  the  perturbation  potential  (Vk  )  which 
couples  a  previously  Raman  active  mode  with  wavevector  U,  (k=0)  and  a  “new”  (activated) 
one  with  wavevector  Uj  (kVO). 

Only  the  effect  of  small  range  perturbations  has  been  considered  in  the  work  of  Refs.7,  8.  It 
induces  a  finite  broadening  and  shift  of  the  old  Raman  modes  toward  the  lower  (higher) 
frequencies,  depending  on  whether  the  density  of  states  (DOS)  is  larger  at  lower  (or  higher) 
frequency.  A  good  example  is  shown  in  Fig. 2. 

We  consider  a  series  of  6H-SiC  wafers  implanted  with  hydrogen  at  a  total  dose  of  lxlO17  FT 
atom/cm2  using  a  1  MeV  proton  beam.  From  TRIM  simulation,  the  projected  range 
(implantation  depth)  is  about  15  pm.  This  fluence  is  large  enough  to  probe  the  crystal  damage 
in  the  normal  backscattering  configuration,  using  a  514.5  nm  laser  wavelength  and  a  100  pm 
aperture  in  the  confocal  mode.  For  more  details  see  Ref.21 . 

After  implantation,  all  first-order  modes  shift  and  broaden.  This  is  evidenced  in  Fig.2  for  the 
Ai(LO)  frequency  (AO  branch,  x=0  in  Table  1).  Analyzing  the  data  in  the  light  of  the 
theoretical  model  of  Ref. 7,  we  get  the  results  displayed  as  full  lines.  Notice  the  good  overall 
agreement.  From  the  change  in  broadening  parameter,  we  deduce  [22]  that  upon  implantation 
the  density  of  line  defects  (mainly  dislocations)  has  increased  [22]  by  typically  20  %. 

Not  shown  in  Fig.2  are  some  discrepancies  which  are  revealed  after  implantation.  This  is  best 
seen  in  Fig.  3.  Comparing  three  different  samples  a)  virgin,  b)  implanted  and  c)  annealed  we 
notice  a  strong  background  feature  (activation  of  the  1 -phonon  DOS)  which  is  manifested  in 
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Figure  2:  Comparison  of 
experimental  line  shape  (o) 
with  theoretical  results  (full 
line)  computed  for  the 
Ai(LO)  mode  of  6H-SiC. 


Fig.3-b.  This  comes  from  the  large  matrix  elements 
of  the  Fourier  transform  of  the  perturbation.  Similar 
to  the  effect  of  isotopic  disordering  reported  in  the 
work  of  Ref.6,  they  couple  all  Raman  active  and 
inactive  states  together. 

The  1 -phonon  DOS  of  SiC  polytypes  has  been 
computed  in  the  work  of  Ref.23.  The  main  features 
are  a  large  maximum  around  860  cm*  for  the  AO 
branch  and  a  very  strong  maximum  around  780  for 
the  PO  one.  Next  is  a  gap  and,  at  lower  energy, 
starting  from  about  610  cm*1  is  the  rise  of  the  AA- 
DOS.  All  these  features  are  revealed  in  Fig.3-b.  The 
AO-DOS  maximum  is  indicated  by  a  star  around 
850  cm*1,  the  PO-DOS  maximum  revealed  as  a 
shoulder  superimposed  on  the  base  line  of  the 
standard  lines,  the  AA-DOS  appears  below 
620cm'1.  The  original  result  is  the  appearance  (in 
the  gap  of  the  1 -phonon  DOS)  of  two  gap  modes. 
They  occur  at  about  650  and  700  cm 1  and,  in  the 
work  of  Ref. 24,  have  been  associated  with  Si- 
vacancies  perturbed  by  H  atoms. 

After  one  hour  anneal  at  950°C  (see  Fig.3-c)  one 
local  mode  disappears,  the  second  one  remains. 
Also  seen  is  a  weak  activation  of  the  forbidden  Bt 
mode  (AO  branch)  at  610  cm*1  (see  Table  1). 


Figure  3:  Comparison  of  virgin,  implanted  and  950°  C  annealed  for  one  hour  6H-SiC 
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Conclusion 

Micro-Raman  spectroscopy  is  a  sensitive  tool  to  probe  the  effect  of  a)  subsurface  and  b) 
implantation  damage  in  SiC  polytypes.  The  investigation  of  subsurface  damage  is  based  on 
the  determination  of  the  free  carrier  density  profile  in  n-type  material.  The  investigation  of 
implantation  damage  calls  for  an  investigation  of  the  activation  of  the  1 -phonon  DOS, 
combined  with  an  investigation  of  broadening  and  shift  of  the  first-order  Raman  modes. 
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Abstract.  We  measured  Raman  spectra  of  several  SiC  polytypes  (4 77,  6 77,  15 77),  which 
were  isotopically  enriched  by  substituting  12C  by  the  13C  isotope.  The  lines  of  the  differ¬ 
ent  phonon  modes  of  each  polytype  broaden  for  the  isotopically  enriched  samples.  More¬ 
over,  for  a  given  isotope  composition,  the  broadening  varies  for  the  different  modes.  We 
demonstrate  experimentally  that  the  broadening  of  the  zone-center  TO  phonons  due  to 
atomic-mass  disorder  scales  linearly  with  the  phonon  density-of-states  as  predicted  in  the 
framework  of  a  mass  perturbation  theory.  From  the  proportionality  factor,  we  derive  the 
absolute  value  of  the  phonon  eigenvector  of  the  carbon  sublattice  as  |e(C)|  =  0.83  ±  0.01, 
in  good  agreement  with  pertinent  ab-initio  calculations. 


1  Introduction 

Isotope  substitution  affects  the  phonon  frequencies  that  can  be  measured  by  Raman  spec¬ 
troscopy.  We  have  used  this  effect  in  the  past  to  study  the  incorporation  of  carbon  from  the 
crucible  walls  during  the  growth  of  silicon  carbide  (SiC)  by  the  modified  Lely  technique  [1]. 
In  binary  compounds  such  as  SiC  the  isotopic  substitution  of  one  element  can  be  used  to  de¬ 
rive  interatomic  force  constants  and  phonon  eigenvectors  [2].  A  third  application  of  isotopic 
substitution  is  to  study  the  effect  of  mass  disorder  on  the  phonon  lifetime  and  thus  on  the 
Raman  linewidth.  Mass  disorder  provides  an  additional  scattering  mechanism  for  phonons  that 
has  been  observed  in  diamond  [3],  germanium  [4],  and  ZnSe  [5].  Here,  we  study  the  effect  of 
mass  disorder  on  the  phonon  linewidth  in  SiC  by  partially  replacing  the  carbon  isotope  12 C  by 
13C.  The  polytypes  of  SiC  are  an  ideal  material  for  such  a  study,  since  there  exist  a  consid¬ 
erable  number  of  Raman  active  zone-center  phonons,  which  are  related  to  each  other  via  the 
backfolding  concept  [6] . 

2  Experimental  details 

Three  SiC  crystals  (477,  677,  1577)  were  grown  using  the  modified  Lely  technique  (physical  vapor 
transport  method)  [7]  on  corresponding  Lely  platelets  of  677-  and  1577-SiC  with  natural  carbon 
isotopic  composition  (mc  =  12.01  u)  acting  as  seed  crystals.  The  source  material  was  obtained 
by  sintering  a  stoichiometric  mixture  of  99  %  pure  13C  and  silicon  powder  with  natural  isotopic 
composition  (msi  =  28.09  u)  in  a  graphite  crucible.  Due  to  the  incorporation  of  12C  from  the 
crucible  the  crystals  contain  13C  with  a  concentration  x  varying  between  0  and  40  %  [1].  Raman 
spectra  were  recorded  at  room  temperature  in  a  Raman  microprobe  setup  in  backscattering 
configuration  using  the  514.5  nm  Ar-ion-laser  line. 
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3  Results  and  Discussion 


720  740  760  780  800  820 


Raman  shift  (cm  *) 

Fig.  1.  Raman  spectra  of  the  TO  modes  of  natural 
and  isotopically  mixed  6H-Si13Cx  12Ci_x.  The  spectra 
are  normalized  to  the  amplitude  of  the  TO(2/6)-mode. 
At  the  top  the  theoretical  phonon  density-of-states 
of  6W-SiC  from  Ref.  [10]  is  shown.  The  solid  circles 
mark  the  phonon  density-of-states  of  the  TO  modes  of 
6H-SiC. 


Raman  spectra  of  folded  transverse  op¬ 
tic  (TO)  modes  of  natural  and  isotopically 
enriched  6i/-SiC  with  a  13 C  concentration 
of  x  =  0.26  are  shown  in  Fig.  1.  In  the  spec¬ 
trum  of  the  natural  crystal  (bottom)  the 
three  characteristic  TO  modes  of  6tf-SiC 
appear.  The  modes  are  labelled  by  their 
wave  vector  in  the  extended  zone  scheme  [6]: 
n/m  corresponds  to  q  =  (n/m)  x  (7 r/c), 
where  c  is  the  distance  between  two  Si- 
C  double  layers.  For  the  isotopically  en¬ 
riched  sample,  the  three  modes  are  shifted 
to  lower  frequencies.  In  addition,  a  broad 
structure  around  750  cm-1  appears  in  the 
spectrum  of  the  13C  enriched  sample.  We 
attribute  this  structure  to  an  effect  of  mass 
disorder,  which  breaks  the  translational  in¬ 
variance  in  the  medium  and  thereby  re¬ 
laxes  the  (q— 0)-conservation  rule  for  Ra¬ 
man  lines.  A  similar  feature  has  been  re¬ 
ported  for  isotopically  disordered  germa¬ 
nium  [4].  Such  structures  roughly  coincide 
with  the  phonon  density-of-states.  The  most 
important  effect  to  be  discussed  now  is  the 
broadening  of  the  TO  modes  to  a  different 
degree  in  the  isotopically  enriched  sample. 
We  assume  that  additional  scattering  due 
to  defects  and  impurities  is  negligible,  since 
our  samples  are  of  good  crystalline  quality 
with  a  low  defect  density.  Thus  the  addi¬ 
tional  contribution  to  the  linewidth  is  as¬ 
cribed  to  elastic  scattering  of  phonons  via 
mass  fluctuations  in  isotopically  disordered 
materials. 


In  the  framework  of  a  mass  perturbation  theory  of  the  harmonic  lattice  dynamics  developed 
by  Tamura  [8,  9]  the  mass-disorder-induced  contribution  i~jso  to  the  phonon  linewidth  is  given 
by  the  elastic  scattering  rate  which  in  turn  depends  on  three  factors:  the  relative  mass  vari¬ 
ance  p,  the  phonon  density-of-states  p(u)  at  frequency  to  of  the  Raman  mode,  and  a  relevant 
phonon  eigenvector  e: 


Aso  =  ^ilo1  =  ~^2g  |e|4  p(u)) 


Since  the  amount  of  Si  isotopic  disorder  is  constant,  the  relative  mass  variance  for  the  carbon 


sublattice  is  relevant: 


9c{x)  = 

i 
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where  c*  is  the  relative  fraction  of  the  isotope  with  mass  m*  and  m  —  x-  mi3C  4-  (1  -  z)  •  mi2C. 
Eq.  (1)  has  the  form  of  Fermi’s  Golden  Rule  in  that  the  scattering  rate  T;-1  of  a  phonon  at 
frequency  w  is  -  for  fixed  relative  mass  variance  -  directly  proportional  to  the  density-of- 
states  p(w)  into  which  the  phonon  can  scatter.  The  scattering  rate  is  largest  for  phonons  with 
frequencies  where  the  phonon  density-of-states  is  large.  At  the  top  of  Fig.  1,  the  phonon  density- 
of-states  of  6H- SiC  is  shown  and  the  frequencies  of  the  characteristic  TO  modes  of  6iJ- SiC  are 
indicated  by  solid  circles.  The  density-of-states  and  hence  the  scattering  induced  line  broadening 
is  smallest  for  the  TO(O)  mode,  larger  for  the  TO(2/6)  and  most  obvious  for  the  TO(6/6)  mode 
as  expected  on  the  basis  of  Eq.  (1). 

In  order  to  quantitatively  test  the  linear  dependence  between  linewidth  and  phonon  density- 
of-states  predicted  by  Eq.  (1)  we  studied,  in  addition  to  6H- SiC,  the  Raman  spectra  of  isotopi- 
cally  disordered  4tf-SiC  and  15i?-SiC  crystals.  In  this  way,  a  wider  range  of  phonon  density-of- 
states  is  covered.  All  samples  have  the  same  13C  concentration  of  x  =  0.26  corresponding  to  a 
mass  variance  of  gc{x  =  0.26)  =  1.28  *  10-3  as  calculated  with  Eq.  (2).  The  phonon  density-of- 
states  contribution,  describing  the  broad  structure  around  750  cm-1,  was  calculated  from  the 
12C  density-of-states  using  the  relation  u2  oc  /J~\  in  which  the  square  of  the  frequency  is  pro¬ 
portional  to  the  inverse  of  the  reduced  mass  j u  =  (l/mc  +  l/mSi)~\  where  fnc  is  the  average 
mass  of  carbon  atoms  in  a  mixture  of  12C  and  13C  (13CX  12Ci_x).  The  scaling  factor  of  this 
recalculated  phonon  density-of-states  was  used  as  fit  parameter  and  the  result  is  shown  as  the 
dashed-dotted  line  in  Fig.  1.  The  contribution  riso  to  the  linewidth  has  been  obtained  by  fitting 
the  spectra  with  Voigt  profiles  in  which  the  Gaussian  width  was  kept  fixed  according  to  the 
experimental  resolution  (1.8  cm-1).  In  order  to  account  for  the  contribution  of  line  broadening 
due  to  anharmonic  decay  and  Si  isotopic  disorder,  respectively,  the  linewidth  Jo  obtained  for 
samples  with  natural  composition  has  been  subtracted. 


Fig.  2.  Linewidths  divided  by  the  square  of  the  phonon 
frequency  of  the  characteristic  modes  of  different  SiC 
polytypes  plotted  as  a  function  of  the  phonon  den¬ 
sity-of-states  at  the  corresponding  mode  frequencies.  The 
solid  line  is  a  linear  regression  to  the  experimental  data. 


In  Fig.  2  the  values  for  riso/w2  obtained 
this  way  are  plotted  versus  the  phonon 
density-of-states  as  calculated  in  Ref.  [10]. 
The  linear  dependence  between  riso  and 
p(oj)  is  clearly  maintained  over  one  order 
of  magnitude  in  both  quantities  as  demon¬ 
strated  by  the  linear  regression  to  the  ex¬ 
perimental  data  indicated  by  the  solid  line 
in  Fig.  2.  Hence,  our  data  verify  the  role  of 
the  phonon  density-of-states  p{u))  for  the 
mass-disorder  induced  contribution  to  the 
phonon  linewidth  as  expressed  in  Eq.  (1). 
Under  the  assumption  that  the  absolute 
value  of  the  eigenvectors  |ec|  is  constant 
for  all  TO  modes,  |ec|  can  be  calculated 
from  the  slope  of  the  linear  regression.  For 
the  TO  branch  this  assumption  is  in  good 
conformity  with  ab-initio  calculations  [11], 
where  the  absolute  values  of  the  eigenvec¬ 


tor  do  not  vary  by  more  than  2%.  We  obtain  |ec|  =  0.83±0.01,  a  value  which  is  in  good  agree¬ 
ment  with  those  of  ab-initio  calculations  yielding  |ec|  =  0.84  at  the  T  point  and  |ec|  =  0.86 
at  the  L  point.  This  agreement  further  supports  the  theory  of  Tamura  to  describe  the  line 
broadening  in  isotopically  disordered  semiconductors. 


344 


Silicon  Carbide  and  Related  Materials 


4  Conclusion 

We  have  shown  that  the  width  of  Raman  lines  of  isotopically  disordered  SiC  depends  on  the 
phonon  frequency.  This  effect  can  be  quantitatively  understood  in  the  framework  of  a  sim¬ 
ple  scattering  theory  as  formulated  by  Tamura.  In  this  theory,  the  elastic  scattering  by  mass 
fluctuations  contributes  to  the  linewidth.  The  corresponding  scattering  rate  is  predicted  to  be 
proportional  to  the  density  of  final  phonon  states.  Our  results  confirm  this  proportionality  be¬ 
tween  linewidth  and  phonon  density- of-states.  The  polytypes  of  SiC  are  an  ideal  testing  ground, 
since  the  accessible  Raman  active  modes  cover  a  range  of  phonon  density-of-states  that  is  larger 
than  usually  found  in  other  materials.  Furthermore,  the  analysis  of  the  line  broadening  in  dif¬ 
ferent  polytypes  yields  an  absolute  value  of  the  eigenvector  of  the  carbon  sublattice  which  is  in 
agreement  with  ab-initio  calculations. 
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Abstract  Combined  UV  Raman  and  photoluminescence  (PL)  measurements  have  been 
performed  on  a  series  of  N-doped  n-type  6H-SiC  bulk  wafers.  The  first  order  Raman  transverse 
optical  (TO)  and  longitudinal  optical  (LO)  phone  modes,  the  2.9-eV  near  edge  PL  band,  and  the 
2.2-eV  defects-related  band,  can  be  detected  at  same  runs  at  room  temperature  by  using  a  high 
sensitive  microscopic  system.  Their  relative  intensity  ratios  are  varied  with  N-doping  levels.  Weak 
folded  phonon  modes  and  variations  with  N-dopings  are  observed,  which  might  be  related  to  the 
structural  variation  near  the  surface. 

Introduction 

Research  and  development  of  SiC  materials,  devices  and  applications  have  gained  much  attention  in 
recent  years  [1-4].  Bulk  single  crystal  wafers  of  6H-SiC  (since  1991)  and  4H-SiC  (since  1994)  have 
been  commercially  available.  The  demand  for  good  quality  SiC  wafers  is  increasing.  A  convenient 
technique  of  characterization  is  needed  to  promote  these  demands,  in  particular  for  industrial 
production.  This  technique  should  be  non-destructive,  performed  at  room  temperature  (RT),  easily 
operated,  efficient  to  provide  more  information,  and  fast  for  quality  control.  Here  we  present  a 
method  to  characterize  the  SiC  wafer  materials  by  the  combined  UV  Raman  and 
photoluminescence  (PL)  measurement  via  a  high  sensitivity  microscopic  system.  A  series  of  N- 
doped  n-type  6H-SiC  bulk  wafers  are  studied.  Interesting  results  are  obtained  and  discussed. 

Experiment 

Several  commercially  purchased  6H-SiC  wafers  from  CREE  company  were  involved  in  this  study. 
They  are  nitrogen  doped  n-type  with  different  values  of  resistivity  and  concentration,  see  Table-I.  A 
piece  of  un-doped  6H-SiC  wafer  from  II- VI  company  was  also  used  for  comparative  measurements. 


Table-I _ Sample  information 


Sample  no. 

6H1 

6H3 

6H5 

6H7 

6H9 

Resistivity 

(Q-cm) 

0.032 

0.057 

0.087 

0.147 

0.33 

Doping 
concentration 
(x  1018  cm-3) 

6.56 

2.28 

1.05 

0.40 

0.11 

Two  sets  of  Renishaw  Raman  microscope  systems  were  used.  One  is  a  visible  micro-Raman  system 
under  a  488  nm  excitation  from  an  Ar  ion  laser,  with  a  resolution  ability  of  ~3  cm'1.  Another  one  is 
a  UV  micro-(p-)  Raman-PL  system  under  a  325  nm  excitation  from  a  HeCd  laser,  with  a  resolution 
ability  of  ~8  cm'1.  All  the  measurements  in  this  study  were  performed  at  RT. 
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Experimental  Results 

UV  excited  combined  PL-Raman  spectra 

Figure  1.  Combined  micro-PL-Raman 
spectra  of  bulk  6H-SiC,  one  un-doped 
and  five  N-doped  with  different  doping 
levels  or  resistivity  values,  listed  in 
the  figure .  Spectra  were  measured 
at  RT  and  under  excitation  of 325  nm. 

Fig.  1  shows  combined  UV  p-Raman-PL  spectra  from  a  un-doped  6H-SiC,  for  comparison,  and  five 
n-type  6H-SiC  wafers  with  values  of  resistivity  and  N-doping  concentration  listed  in  Table-I  and 
Fig.  1.  Each  spectrum  consists  of  sharp  lines  beyond  3.5  eV  which  are  6H-SiC  characteristic  Raman 
lines  [5,6]  excited  from  325  nm,  a  band  with  a  peak  at  2.93  eV  which  is  the  RT  band  edge 
luminescence  from  6H-SiC  and  its  phonon  replica  at  2.83  eV  as  the  shoulder  in  the  low  energy  side 
[7,8],  and  a  broad  band  centred  at  2.2  eV  in  the  range  of  1.7-2. 7  eV,  which  is  related  to  defects  in 
6H-SiC  [8].  Raman  and  PL  features  are  thus  measured  at  a  single  run  for  each  SiC  sample. 

UV  excited  1st  and  2nd  Raman  scattering 

Figure  2 .  UV  325  nm  excited  1st  and  2nd 
order  Raman  spectra  of  six  6H-SiC  wafers. 

Fig.  2  shows  Raman  spectra  of  six  6H-SiC  wafer, 
under  UV  325  nm  excitation,  between  300-2000 
cm"1.  Three  strong  1st  order  Raman  modes  from 
6H-SiC  crystal  are  seen  for  all  samples:  LOo  at 
-965  cm'1,  TO2/6  at  -788  cm'1  and  TO6/6  at  -767 
cm"1  [5,6,8].  The  2"d  order  features  are  spreading 
over  1400-2000  cm'1. 

Visible  excited  1st  and  2nd  Raman  scattering 
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Figure  3.  1st  order  Raman  spectra  of  six  6H-  Figure  4.  2nd  order  Raman  spectra  of  six 

SiC  wafers  under  visible  488  nm  excitation.  6H~SiC  wafers  under  488  nm  excitation. 
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Figs.  3  and  4  shows  the  1st  and  2nd  order  Raman  spectra  of  six  6H-SiC  wafers,  respectively,  under 
visible  488  nm  excitation.  Because  of  higher  resolution  ability  than  that  in  the  case  of  UV  excitation 
in  Fig.  2,  the  1st  order  Raman  modes  of  LOo,  TO2/6  and  TC>6/6  are  seen  narrower  and  better 
separated.  A  transverse  acoustic  mode,  TA2/6,  is  also  observed  at  -150  cm  *.  The  2nd  order  Raman 
features  seem  variable  little  with  the  doping  level. 


Discussion 

The  2.93  eV  band  in  Fig.  1  is  due  to  the  ffee-to-band  (FB)  transitions  involving  nitrogen,  FBN,  with 
a  100  meV  phonon  side  band  in  its  low  energy  side  [7,8].  Its  relative  intensity  with  respect  to  the  1 
order  Raman  features  is  increasing  with  an  increase  of  N-doping  concentration,  accompanying  with 
also  an  increase  of  the  2.2  eV  defects-related  band  intensity.  But  the  peak  energy  of  the  FBn  band  is 
almost  unchanged  with  the  variation  of  N-doping  level.  Further  line  shape  analyses  on  the  Raman 
modes  and  the  correlation  with  the  N-doping  concentration  are  in  process. 


When  the  spectral  data  between  100-700  cm'1 
of  Fig.  3  were  magnified,  some  further 
features  can  be  seen,  as  shown  in  Fig.  5. 
Besides  a  doublet  TA2/6  mode  which  was 
marked  in  Fig.  3,  another  doublet  TA4/6  at  222 
and  242  cm'1,  a  singlet  TA6/6  at  -266  cm'1  and 
a  doublet  LA4/6  at  504  and  514  cm'1  [5,6]  can 
be  observed.  A  broad  feature  appears  in  470- 
530  cm'1  and  is  developed  with  increasing  the 
N-doping  level.  When  UV  excited  Raman 
spectra  in  Fig.  2  are  magnified,  a  similar 
broad  feature  is  observed  also.  It  is  arisen 
from  the  amorphous  Si-Si  vibration, 
indicating  a  slight  damage  of  crystalline 
structure  from  the  heavy  N-doping. 


. . . . — ^ 
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Figure  5.  Raman  features  of  folded  acoustic 
modes  and  amorphous  band  of  six  6H-SiC 
wafers. 


(a)  (b) 

Figure  6.  Observation  of  the  weakL04/6  mode  under  excitation  of  (a)  325  nm  and  (b)  488  nm. 
Dot  lines  indicate  no  shift  in  (b)  and  a  shift  of  its  central  frequency  under  325  nm  excitation. 

When  we  magnified  spectra  in  Figs.  2  and  3,  as  shown  in  Figs.  6  (a)  and  (b),  respectively,  weak 
mode  LO4/6  at  -890  cm'1  is  observed  clearly,  which  was  observed  under  a  deep  UV  266  nm 
excitation  and  very  weak  under  488  nm  excitation,  previously  in  the  literature  [9],  This  mode  has 
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been  shown  with  a  distinct  resonance  at  deep  UV  excitation  region  of  4.25  eV,  i.e.  292  nm  [10]. 
Here  we  have  observed  this  mode  under  325  and  488  nm  excitation  for  all  samples  with  different  N- 
dopings,  owing  to  the  high  sensitivity  of  the  used  instruments.  It  is  interesting  to  find  that  the  L04/6 
mode  frequency  is  almost  unchanged  with  different  N-dopings  under  the  488  nm  excitation  Raman 
measurements.  However,  under  the  UV  325  nm  excitation,  this  mode  became  very  broad,  beyond 
the  cause  due  to  the  instrument  resolution  ability.  Also,  its  central  frequency  moves  toward  to  the 
low  energy  side  by  an  amount  of  about  3  cm*1  with  an  increase  of  the  N-dopings.  Because  the  laser 
light  penetration  depth  in  SiC  for  the  case  of  UV  325  nm  is  much  shallower  than  that  of  visible  488 
nm  [11],  the  UV  325  nm  light  probes  mainly  the  near  surface  region  of  the  sample.  The  above  shift 
may  predict  the  structural  variations,  due  to  perhaps  strains  [12],  in  the  near  surface  region  because 
of  impurity  doping,  or  the  energy  dependent  bond-Raman  polarizabilities  [9,10].  The  detailed 
physical  reason  of  this  interesting  phenomenon  is  under  investigation. 

Conclusion 

Visible  micro-Raman  and  combined  UV  micro-Raman-PL  measurements  have  been  performed  on  a 
series  of  N-doped  n-type  6H-SiC  bulk  wafers.  The  1st  order  Raman  TO  and  LO  phone  modes,  the 
2.9-eV  near  edge  PL  band,  and  the  2.2-eV  defects-related  band,  can  be  detected  at  same  runs  at  RT. 
Their  relative  intensity  ratios  are  varied  with  N-dopings.  Weak  folded  phonon  modes  and  variations 
with  N-dopings  are  observed,  predicting  a  structural  variation  near  surface.  Correlations  between 
the  SiC  material  properties  and  these  Raman-PL  spectral  features  can  be  established  through  further 
spectral  analyses  and  ratio  comparisons.  These  results  have  primarily  shown  that  combined  UV 
micro-Raman-PL  spectroscopy  can  provides  a  good  way  for  the  convenient  characterization  of 
indirect  band  gap  SiC  materials.  Further  work  is  in  process. 

Acknowledgement:  to  Mr.  Wenyi  Chang  for  his  technical  assistance  in  some  graphic  preparation. 
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Abstract  An  IR  absorption  study  of  p-  and  n-type  SiC  samples  below  the  optical  phonon  bands  shows  the 
coexistence  of  impurities  and  defect  local  modes  with  folded  acoustic  modes  of  the  SiC  polytypes.  The  local 
mode  results  are  compared  with  ab  initio  calculations  and  the  acoustic  modes  with  Raman  scattering  results. 

Introduction 

The  6H  polytype  is  easily  obtained  when  growing  SiC  crystals.  It  is  characterised  by  a  ABCACB 
stacking  sequence  of  the  atomic  layers  along  the  (0001)  c  axis  [1],  The  symmetry  of  the  second 
nearest  neighbours  with  respect  to  a  given  lattice  site  of  this  polytype  allows  one  to  distinguish 
between  one  hexagonal  site  ( h )  and  two  distinct  cubic  sites,  noted  k\  and  fe,  differing  by  the  nature 
of  the  sites  of  the  first  neighbours.  Polytypism  has  consequences  on  the  electronic  properties  of 
dopants  as  the  same  dopant  atom  on  different  sites  can  display  different  ionisation  energies  [2].  In 
6H  SiC,  for  instance,  donor  levels  at  81,  138  and  142  meV  are  associated  with  a  N  donor  atom 
located  on  Ch  and  C*i  and  Cxi  sites,  respectively  [3].  The  same  is  in  principle  also  possible  for  the 
local  vibrational  modes  (LVM's)  of  impurity  and  dopant  atoms. 

Experimental  information  on  the  LVM's  due  to  impurity  and  dopant  atoms  in  SiC  is  scarce  and  only 
results  on  N  and  A1  in  4 H  SiC  have  so  far  been  reported  [4]. 

As  the  height  of  the  6 H  unit  cell  is  about  six  times  that  of  the  3C  zinc  blende  form  of  SiC,  an 
approximation  of  the  6H  phonon  dispersion  curve  is  obtained  by  a  6-folding  the  dispersion  curve  of 
the  3C  form  in  the  first  Brillouin  zone.  One  of  the  results  of  this  folding  is  the  existence  of  low- 
frequency  folded  acoustical  (FA)  modes  at  zero  phonon  wave  vector  q ,.  These  FA  modes  have  been 
extensively  studied  by  Raman  scattering  [5,6],  but  the  IR  activity  of  some  of  them  has  also  allowed 
absorption  measurements  [7].  This  property  is  of  course  not  limited  to  6H  SiC  and  the  IR  absorption 
of  FA  modes  has  been  reported  in  4 H}  8 H  and  15 R  SiC  polytypes  [8,9]  and  extended  to  higher  order 
polytypes  [10].  These  modes  are  observed  in  the  same  spectral  region  as  some  LVMs  and  it  can  be 
of  interest  to  differentiate  the  two  kinds  of  absorption. 

We  have  investigated  the  IR  absorption  of  6 H  and  15/?  SiC  samples  between  room  and  liquid 
helium  temperatures  in  the  low-frequency  transparency  range  of  SiC  below  about  730  cm  (~  90 
meV).  The  experimental  results  on  the  LVMs  are  compared  with  those  obtained  from  ab  initio 
calculations.  The  results  on  the  TA  phonon  modes  are  compared  with  detailed  reports  on  the  Raman 
investigation  of  SiC  polytypes  [5,6] 

Results 

A  Fourier  transform  spectrometer  (BOMEM  DA3+)  was  used  for  the  absorption  measurements, 
with  the  samples  located  in  the  He-gas-filled  sample  compartment  of  an  Oxford  Instrument  CF204 
continuous  flow  optical  cryostat.  The  observation  conditions  were  impaired  by  interference  fringes 
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due  to  the  samples.  We  tried  to  remove  the  fringes  without  wedging  the  samples  or  decreasing  the 
spectral  resolution  by  removing  localised  data  points  of  the  interferogram  mainly  responsible  for  the 
fringes.  The  latter  procedure  can  however  add  fringes  in  initially  unfringed  regions  and  it  does  not 
gives  satisfactory  results  in  spectral  regions  where  the  refractive  index  shows  dispersion. 

The  15/?  SiC:B  sample  was  grown  by  the  Lely  method  and  the  6H  SiC  samples,  obtained  from 
CREE  were  grown  by  a  modified  Lely  method.  Some  of  them  were  bulk  Al-  or  N-doped  and  others 
were  homoepilayers  (p/n  and  n/p).  With  the  set-up  and  the  samples  used,  the  electric  vector  E  of  the 
radiation  is  approximately  perpendicular  to  the  c  axis  of  the  samples. 

We  present  first  the  results  attributed  to  local  modes,  followed  by  those  on  acoustical  phonons. 

In  almost  all  the  samples,  a  LVM  is  observed  near  625  cm'1  at  6  K,  with  a  full  width  at  half 
maximum  (FWHM)  near  5  cm'1.  It  has  also  been  reported  in  4 H  SiC  and  attributed  to  Nc  [4].  This 
observation  is  related  to  the  nearly  ubiquitous  presence  of  residual  nitrogen  in  SiC.  Frequency 
differences  within  1  cm'1  are  measured  between  p-type  15 R  SiC  and  6H  SiC  and  between  p-type  6H 
SiC  and  n-type  6H  SiC,  but  the  frequency  accuracy  for  this  LVM  is  about  ±0.5  cm'1.  At  room 
temperature,  this  LVM  shifts  to  623.5  cm'1,  in  agreement  with  the  results  of  [4],  Using  the 
calibration  coefficient  of  this  LVM  in  4 H  SiC  given  in  [4],  the  residual  N  concentration  in  the  SiC 
samples  investigated  here  is  in  the  2  -  5  x  1017/cm3  range.  If  truly  localised,  the  frequency  of  this  N 
mode  is  expected  to  depend  weakly  on  the  nature  of  the  polytype  as  the  first  Si  neighbours  keep  the 
same  symmetry,  and  also  on  the  charge  state  of  the  N  atom.  Experiments  on  better  samples  are 
needed  to  say  if  the  differences  observed  are  significant.  No  equivalent  of  the  mode  at  464  cm'1 
reported  in  [4]  in  4 H  SiC:  Al  is  observed  in  the  6H  SiC:Al  sample  measured  in  the  present  study. 

In  the  B-doped  15/?  sample,  lines  are  observed  at  704,  71 1,  718  and  722  cm'1  at  6  K  with  a  FWHM 
near  2  cm 1  or  less  (Fig.  1).  They  are  attributed  to  LVMs  from  their  frequency  shifts  at  room 
temperature.  The  lines  at  711  and  722  cm'1  are  only  observed  in  this  B-doped  sample.  This  point 
and  the  fact  that  their  relative  intensities  roughly  match  the  relative  isotopic  abundance  of  nB-  and 
B  (~  4/1)  lead  us  to  attribute  these  lines  to  a  B-related  centre.  Moreover,  a  simple  harmonic  model 
based  on  the  ratio  of  the  modes  at  625  (attributed  to  14N)  and  711  cm'1  predicts  for  the  atom 
responsible  of  the  latter  mode  a  mass  near  11  amu.  The  isotope  shift  between  nB  and  10B  is  smaller 
than  expected  within  the  crude  model  used,  but  similar  trends  are  usually  found.  A  vibrational  mode 
near  700  cm 1  has  been  reported  in  6H  SiC  implanted  with  B  and  H  from  a  localised  phonon  replica 
of  a  luminescence  line  [11]  and  this  value  is  close  to  the  ones  reported  here. 


Fig.  1:  LVM's  due  to 
N  and  B  in  15/?  SiC. 
The  absorption  from 
the  TO  phonons  is 
subtracted.  The  small 
peak  noted  FLA  is  due 
to  a  folded  LA 
phonon.  Other  lines 
above  700  cm'1  are  left 
unassigned 
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Ab  initio  calculations  of  the  frequencies  of  the  LVMs  of  N,  B  and  A1  substituting  for  C  or  Si  in  3 C 
and  2 H  (the  wurtzite  form)  SiC  have  been  performed  within  local  density  functional  theory.  With 
the  parameters  obtained,  total  energy  calculations  yield  equilibrium  lattice  constants  within  1%  of 
the  experimental  values.  A  substitutional  impurity  atom  is  placed  in  a  supercell  of  64  (72)  atoms  for 
3  C  (respectively  2 77).  Relaxation  of  the  atoms  surrounding  the  impurity  is  allowed  while  retaining 
the  7d  (respectively  C 3v)  symmetry  and  neglecting  any  possible  Jahn-Teller  distortion.  LVM 
frequencies  are  obtained  from  the  second  derivatives  of  the  total  energy  with  respect  to  the  atomic 
displacements  of  the  impurity  atoms  and  its  nearest  neighbours.  Only  a  summary  of  the  results  is 
given  here.  14N°  on  a  C  site  gives  LVMs  at  626  (3C)  and  603  cm'1  (2 77),  reasonably  close  to  the 
experimental  value.  The  predicted  frequencies  of  the  LVMs  of  on  centre  B  on  a  Si  site  are  in  the 
600-630  cm*1  range,  but  B  modes  resonant  with  the  optical  phonon  DOS  are  also  predicted.  The 
former  frequency  range  is  significantly  lower  than  the  experimental  values  reported  here  and  it 
shows  the  limits  of  the  simple  harmonic  model.  A  relaxation  of  Bsi  from  the  C  atom  has  been 
evidenced  from  EPR/ENDOR  measurements  [12].  The  effect  of  this  distortion  on  the  calculated 
frequencies  is  presently  investigated  as  it  could  be  an  explanation  of  the  differences  observed.  One 
can  also  wonder  if  the  LVMs  observed  near  700  cm'1  are  due  to  isolated  B.  All  the  modes  of  A1  on  a 
Sir  site  are  predicted  to  be  resonant  with  the  optical  phonon  DOS  and  this  seems  to  be  consistent 
with  the  fact  that  no  Al-related  LVM  is  detected.  The  frequency  changes  of  the  LVMs  between  the 
neutral  and  ionised  states  of  the  impurities  have  been  calculated  for  2 H  SiC:  they  are  larger  in  the 
ionised  charge  state  with  differences  near  10  and  30  cm*1  for  B  and  N,  respectively. 

Sharp  vibrational  lines  are  detected  in  the  samples  at  lower  frequencies.  These  lines  are  due  to  IR- 
allowed  acoustical  modes,  and  their  frequencies  are  characteristic  of  the  folding  of  the  phonon 
Brillouin  zone  of  the  polytype  [5,6].  Fig.  2  shows  the  absorption  at  6K  of  a  pair  of  lines  due  to  FA 
phonons  in  157?  SiC  for  a  folding  qlq. B  =  2/5  of  the  Brillouin  zone  of  3C  SiC.  With  a  resolution  of 


Fig.  2:  Absorption  of  folded 
TA  phonons  modes  in  157? 
SiC  (the  atoms  vibrate 
perpendicular  to  the  c  axis). 
The  peak  intensities  are 
resolution-limited.  With  a 
higher  resolution,  the  low- 
energy  line  saturates.  The 
weak  line  between  the  FT  A 
lines  is  due  to  residual 
water  vapour. 


0.013  cm*1,  the  FWHM  of  the  high-energy  line  of  Fig.  2  at  172.613  cm*1  is  0.028  cm*1  while  the 
FWHM  of  the  low-energy  line  is  estimated  to  be  less  than  0.03  cm*1. 

The  characteristics  of  the  FA  phonons  lines  observed  in  the  present  study  are  given  in  Table  1.  The 
sharpness  of  the  FTA  modes  has  already  been  pointed  out  from  Raman  scattering  measurements  at 
300  K  and  attributed  to  a  limited  number  of  decay  channels  for  the  FTA  modes  compared  to  the 
FTO  modes  [6].  Here,  an  increase  with  frequency  of  the  FWHMs  is  observed:  they  are  <  0.06  cm"1 
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Table  1  :  Frequencies  (cm1)  of  the  IR-allowed  folded  transverse  (FT A)  and  longitudinal  (FLA) 
acoustic  modes  measured  at  6  K  in  the  present  work  ,  compared  with  the  Raman  scattering  data 
(in  brackets)  at  room  temperature  [6] 


Polytype 

qlqs 

FTA 

FLA 

6 H 

4/6 

236.08 

[236] 

240.36 

[241] 

506.01 

[504] 

15  R 

2/5 

168.15 

[167] 

172.61 

[173] 

[331,337] 

4/5 

255.23 

[255] 

256.82 

[256] 

569.95 
[569,  577] 

for  the  IR  active  FTAs  with  the  highest  frequencies  (precise  values  cannot  be  given  because  of 
saturation  in  the  samples  investigated);  for  the  IR  active  FLAs  reported  here,  they  are  0.2  and  0.4 
cm  in  6 H  and  1 5 R  SiC,  respectively.  In  4 H  SiC,  a  FLA  mode  is  observed  by  Raman  scattering  at 
610  cm'1  [5],  It  is  the  origin  of  the  vibrational  absorption  reported  at  this  frequency  in  [4]  and  left 
unassigned  at  that  time.  In  this  polytype,  the  IR  absorption  of  a  FTA  mode  has  also  been  reported  at 
266  cm'1  [9].  The  Raman  scattering  of  other  acoustic  modes  is  observed  in  6H  and  \5R  SiC,  but 
they  are  either  not  IR  active  [5,6]  or  they  could  not  be  observed  here  under  good  conditions  with  the 
geometry  used.  Additional  lines  are  also  observed  here  in  some  6 H  SiC  samples  in  the  vicinity  of 
the  FTA  mode  at  240  cm'1  and  they  could  be  due  to  stacking  disorder  [6], 

Summary 

In  SiC  polytypes,  Nc  gives  a  LVM  near  625  cm'1  that  depends  weakly  on  the  polytype  and  on  the 
type  of  the  site.  This  frequency  is  correctly  predicted  by  ab  initio  calculations.  In  one  SiC:B  sample, 
one  LVM  near  710  cm'1  could  be  related  to  boron,  but  the  nature  of  the  related  centre  is  still  not 
clear.  Lines  due  to  ER-allowed  folded  acoustical  phonons  are  reported  and  some  of  them  are  among 
the  sharpest  vibrational  features  observed  in  a  semiconducting  material. 
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Abstract.  The  diffusion  coefficient  of  free  carriers  in  4H-SiC  is  experimentally  determined  over  a 
large  injection  range.  For  this  purpose  two  transient  gratings  techniques  are  utilized  to  detect  light- 
induced  free-carrier  diffusive  motion  employing  the  changes  in  the  absorption  coefficient  or  in  the 
refractive  index,  respectively.  At  high-injections  a  smooth  reduction  of  the  ambipolar  diffusivity  is 
observed  with  a  following  sharp  increase  above  31018  cm'3.  Theoretical  calculations  based  on 
dynamic  band-gap  narrowing  in  the  former  case  and  degenerated  statistics  in  the  latter  case  yields  a 
reasonable  agreement  with  the  experimental  data. 

Introduction.  During  recent  years  the  quality  of  silicon  carbide  (SiC)  has  gradually  increased 
stimulating  successful  investigations  of  both  electrical  and  material  properties.  The  free-carrier 
diffusion  coefficient,  however,  remains  one  of  the  poorest  explored  ones  even  though  it  is  a  key 
parameter  governing  e.g.  the  collection  efficiency  of  a  p-n  junction  and  the  plasma  behavior  in 
power  devices.  Recently,  the  injection  dependence  of  the  carrier  diffusivity  has  been  explored  of 
low-doped,  epitaxial  4H-SiC  by  a  Fourier  transient  grating  (FTG)  technique,  covering  the  whole 
transition  region  from  minority-carrier  to  ambipolar  diffusion  [1].  At  higher  injections.  An  =  Ap  = 
31016  -  31017  cm'3,  it  was  experimentally  observed  that  the  ambipolar  diffusivity  D&  gradually 
reduces.  Such  behavior,  however,  is  not  expected  from  basic  thermodynamic  relations  which 
predict  a  constant  ambipolar  diffusivity  when  non-degenerated  Boltzmann  statistics  is  applicable. 
Moreover,  at  very  high  injections  degenerated  Fermi-Dirac  statistics  take  place  and  the  average 
energy  per  carrier  should  sharply  increase.  Thus,  an  accelerating  Da  ~  An213  dependence  is 
anticipated  [2]. 

In  the  current  work,  in  order  to  study  the  carrier  diffusivity  behavior  at  high-injections  in  4H- 
SiC,  we  have  extended  our  measurements  up  to  a  level  of  51018  cm'3.  The  results  were  obtained  by 
two  light-induced  transient  grating  (TG)  techniques  based  on  detection  of  free-carriers  by  two 
different  effects:  i)  a  refraction  index  difference  -  Holographic  TG  (HTG)  technique  [3]  and  ii)  free 
carrier  absorption  -  previously  mentioned  FTG  technique  [1].  In  this  work  we  also  provide 
theoretical  calculations  that  can  account  in  appropriate  way  for  the  many-body  interactions  and  the 
change  of  the  carrier  statistics  that  affect  the  injection  dependence  of  the  carrier  diffusivity. 

Samples  and  experiment.  Measurements  have  been  performed  on  «-type  4H-SiC  epilayers  grown 
either  by  chemical  vapor  deposition  (CVD)  or  by  high  temperature  CVD  (HTCVD)  on  the  heavily 
doped  substrates.  Epilayers  thickness  were  34  and  80  pm,  respectively,  with  extrinsic  concentration 
no  =  61014  cm'3  and  21015  cm'3  at  room  temperature.  The  high-injection  lifetime  as  measured  in  the 
material  was  T  =  500  ns  and  400  ns,  respectively.  Polishing  out  the  sample  substrate  attained  free 
standing  epilayer  films  used  in  the  HTG  measurements. 
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The  experimental  arrangement  of  the  HTG 
measurement  is  schematically  shown  in  the  top  of  the 
Fig.  1.  Single  mode  YAG:Nd3+  laser  pulses  of  -30  ps 
duration  of  energy  hv  =  3.5  eV  are  used  for  the 
excitation.  The  grating  is  produced  by  splitting  the  light 
into  two  coherent  beams  of  equal  intensity,  which  are 
allowed  to  interfere  on  the  surface  of  the  sample.  The 
absorbed  light  generates  e-h  pairs  in  a  regular  spatial 
arrangement  corresponding  to  the  optical  interference 
pattern.  Thus,  the  grating  period  inside  the  sample  in  the 
direction  defined  by  the  plane  of  incidence  of  the  two 
beams  is  A  =  ^eX/2sin(0/2),  which  can  be  adjusted  by 
varying  the  angle  0  between  the  two  excitation  beams. 
The  transient  grating  is  monitored  with  a  third  probe 
beam  (Apr  =  1064  nm)  as  it  diffracts  on  the  excess  carrier 
grating  induced  refraction  index  changes.  Probe  pulses 
are  delayed  by  a  variable  time  with  respect  to  the 
excitation  pulse.  The  time  dependence  of  the  first  order 
diffracted  pulse  IpT(t)  is  normalized  to  the  initial  probe 
intensity  /pi0  and  provides  the  decay  rate  of  the 
diffraction  efficiency  r|(/).  For  the  chosen  probe 
wavelength  and  the  sample  thickness  d  =  20  pm,  the 
absorption  change  in  the  grating  is  small  and  the 
diffraction  is  solely  due  to  the  change  in  refractive  index 
A |i.  In  other  words,  a  thin  phase  grating  approximation 
is  valid,  i.e.  2nAtiXd/A2A\JL  «  1,  so  the  diffraction 
appears  in  the  Raman-Nath  regime.  For  such  a  grating 
relation  entailing  the  proportionality  r|  -  Iex2  =  pch'A«2(r) 
holds  with  |0eh  being  the  refraction  index  change  per  e-h 
pair  and  A n(t)  -  density  of  non-equilibrium  charge 
carriers.  We  note  that  for  adequate  signal  to-noise  ratio 
the  HTG  technique  is  allowed  only  a  narrow  range  of 
excitation.  In  our  measurements  a  quadratic 
proportionality  has  been  observed  over  an  order  of 
magnitude  varying  7ex.  We  have  calibrated  the  excited 
carrier  concentration  in  the  TG  according  to  the  formula: 


Delay  time  (ps) 

200  400  600  800  1000 


Fig.  1.  Schematics  of  the  HTG  technique 
(top)  and  the  data:  a)  characteristic  decays  at 
296  K  and  A n  =  1 .5- 1018  cm'3;  b)  diffusion 
coefficient  extraction  from  the  slope  of  the 
reciprocal  erasure  time  at  two  temperatures. 


An  = 


- - f  —  [(1  -  -  exp(-afcf))  +  R(l  -  R)(exp(-ad)  -  exp(-2  ad)  +  ...], 

a -rtr  nco 


(1) 


where  r  =  110  ±  20  |im  is  a  well-defined  excitation  spot  radius  (in  comparison  to  5fttl0  jxm  for  the 
probe  beam),  R  =  0.25  and  a  =  200  cm'1  are  reflection  and  absorption  coefficients  at  296  K, 
respectively.  In  Eq.  1  the  term  in  the  square  brackets  represents  the  fraction  of  the  excitation  light 
absorbed  accounting  for  multiple  reflections  in  the  sample. 

The  Fourier  transient  grating  technique  using  orthogonal  scanning  has  been  presented  in  earlier 
work  [1].  In  that  measurement  the  probe  beam  penetrated  the  sample  along  the  epilayer  for  a  1  mm 
distance  (sample  width).  Such  geometry  allowed  to  reach  the  low-injection  case,  but  lead  to  early 
saturation  of  the  induced  absorption  signal  while  approaching  the  high-injection  range,  because  the 
absorption  coefficient  change,  Aa eh(t),  is  directly  proportional  to  the  probe  path  d.  In  this  work  we 
extend  our  measurements  to  very  high  injection  levels  by  using  pure  epitaxial  layers  with  both 
excitation  and  probe  beams  entering  from  the  epilayer  growth  surface.  In  this  collinear 
configuration  the  optical  absorption  path  is  determined  by  the  small  epilayer  thickness.  We  note  that 
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in  order  to  suppress  interference  effects  in  such  geometry  the  sample  was  inclined  towards  the 
probe  beam  close  to  Brewster  angle  incidence. 

Results.  Typical  examples  of  the  HTG  measurement  recorded  at  room  temperature  and  at  an  injection 
level  of  1 .5- 1018  cm'3  for  four  different  A  values  are  shown  in  Fig.  1  (a).  The  data  are  normalized  to  the 
signal  peak  after  the  pumping  pulse.  From  the  r\(t)  exponential  decay  slope  the  erasure  time  xg/2  of  the 
grating  is  extracted.  It  has  been  shown  that  the  erasure  time  could  be  expressed  using  an  analytical 
form  1/Tg  =  l/xr  +  4tu2Z)/A2,  where  xr  describes  the  carrier  recombination  lifetime  and  the  second 
term  stands  for  lateral  diffusion  decay  [3].  This  equation  predicts  that  xg  decreases  with  decreasing  A 
and  this  behavior  is  clearly  observed  (Fig.  1  (a)).  The  carrier  diffusion  coefficient  D  is  obtained  from 

the  slope  of  the  resulting  plots  l/xg 
vs.  4t^/A2,  as  shown  in  Fig.  1  (b)  at 
two  different  temperatures.  From  the 
intercept  with  the  vertical  axis  it  is 
obvious  that  the  recombination  rate 
l/xr  is  much  longer  compared  with 
the  diffusion  erasure  time  at  these 
grating  periods. 

All  measured  data  at  two 
temperatures  and  for  both 
techniques  are  summarized  in  Fig.  2 
as  a  function  of  injected  e~h 
concentration.  Different  symbols 
and  error  bars  in  the  figure  stands 
for  two  sample  types  (CVD  and 
HTCVD)  and  two  measurement 
techniques  (FTG  and  HTG).  We  get 
a  superb  agreement  of  all  the  data  in 
all  samples  and  at  different 
experimental  conditions  and 
conclude  that  the  obtained  injection 
dependence  is  a  fundamental  feature 
of  the  carrier  diffusion  flow.  It  has  been  shown  that  at  low  injection  the  rise  in  the  carrier  diffusivity 
is  caused  by  transition  from  the  minority  hole  diffusion  Dp=  (2.3±0.3)  cm2/s  to  the  ambipolar 
diffusion  Da=  (4.2±0.4)  cm2/s  [1].  In  contrary  to  the  predicted  saturation  of  the  ambipolar  diffusion 
coefficient  at  high  injections  we  observe  an  appreciable  Da  reduction  by  about  40%  at  296  K  and  by 
20%  at  T  =  463  K,  when  the  injection  level  increases  from  1016  to  1018  cm'3.  A  following  sharp 
increase  of  Da  at  injections  above  3- 1018  cm'3  is  clearly  observed  at  room  temperature. 

Discussion.  The  observed  injection  dependencies  have  been  simulated  theoretically,  while  minority 
carrier  diffusion  coefficients  Z)p  and  Dn  have  been  extended  to  include  effects  of  band-gap 
narrowing  (BGN)  and  Fermi-Dirac  statistics.  Afterwards  they  were  substituted  into  the  formula  to 
calculate  the  ambipolar  diffusivity  as  a  function  of  the  injected  excess  carrier  density  in  w-type 
material:  Da  -  (n0  +  An  +  Ap)/((w0  +A n)/Dp  +Ap!Dn).  To  get  the  desired  expressions  we  start  from 
the  diffusion  current  density  for  holes: 

Jp=V-pPVlfp,  (2) 

where  pp  is  the  hole  mobility,  p  is  their  concentration  and  £fp  is  the  quasi-Fermi  potential.  The 
concentration  is  stated  in  the  form: 

p  =  nvf1/2{z)  t 


Fig.  2.  Free  carrier  diffusivity  versus  the  injected  carrier  density 
at  two  temperatures.  Continuous  curves  represent  theoretical 
calculations  of  the  diffusion  coefficient  injection  dependence 
including  BGN  effect  and  Fermi-Dirac  statistics. 


(3) 
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where  Nv  is  the  effective  density  of  states  in  the  valence  band,  Fm  is  the  Fermi-Dirac  integral  and  £ 
is  the  normalized  chemical  potential:  £  =  (ev  -  q§  -  Efp)/kBT  Here,  ev  is  the  valence  band  edge  and  (|> 
is  the  corresponding  electric  potential.  Combining  Eq.  2  and  Eq.  3  and  assuming  that  the  valence 
band  edge  depends  on  the  hole  concentration  together  with  the  expression  6Fi/2/5r|  =  F-m  we  get: 


J P  ~  MpkBT 


-Pj/2  ,  P  fey 


.Y7n 


i 


(4) 


Using  the  Einstein  relation  in  the  generalized  form:  jr  =  ( qDplkBT)iFolF\a ),  we  see  that  the  first 
term  in  Eq.  4  represents  an  effective  diffusion  coefficient: 


d’  =  d°T- 

M/2 


:/2 


+ 


-1/2 


P 

kBT  dp 


(5) 


In  the  same  way  an  analogous  expression  for  electrons  can  be  obtained.  The  term  6ev  /5 p  in  Eq.  5 
represents  the  BGN  and  was  calculated  [4]  using  the  random  phase  approximation  [5].  We  note  that 
in  Ref.  4  it  was  taken  into  account  the  full  valence  and  conduction  band  structure  of  4H-SiC,  but 
calculations  were  done  using  a  zero-temperature  Green’s  function.  Some  authors  have  claimed  that 
Green’s  function  dependence  of  temperature  should  not  affect  the  BGN  calculations  substantially 
[6,7]. 

Calculated  diffusion  dependencies  are  presented  in  Fig.  2  by  solid  curves.  Included  BGN 
effects  tend  to  lower  the  ambipolar  diffusion  at  injections  >1016  cm'3  and  is  capable  to  explain  half 
of  the  observed  decrease  at  296  K.  Calculations  are  also  extended  to  463  K  with  the  determined 
low-injection  diffusion  versus  temperature  dependence.  The  BGN  influence  is  proportionally 
smaller  which  agrees  with  the  tendency  of  experimental  data.  A  qualitative  agreement  of  the  sharp 
diffusivity  increase  is  also  seen  between  the  theory  and  experiment  in  the  region  of  very  high- 
injection.  However,  in  our  calculations  we  use  an  effective  density  of  states  in  the  valence  band  Ny  = 
7T0i8  cm'3  which  is  lower  than  that  calculated  theoretically  [8]. 

Similar  theoretical  and  experimental  discrepancy  in  diffusion  coefficient  dependency  was  also 
observed  in  Si.  It  was  proposed  that  the  diffusivity  in  addition  is  indirectly  affected  by  e-h  scattering 
which  may  reduce  the  hole  and  electron  mobilities  [9].  Another  suggestion  is  exciton  formation  in 
the  e-h  plasma.  Excitons  may  reduce  the  total  experimental  diffusivity  value  if  the  exciton 
diffusivity  coefficient  is  lower  than  the  free  carrier  ambipolar  diffusivity  [9].  Low  temperature 
diffusivity  measurements  with  corresponding  calculations  could  clarify  the  importance  of  these 
processes. 
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Abstract  15R  SiC  has  significant  advantages  over  4H  and  6H  SiC  for  certain  device  applications. 
We  have  measured  the  free  exciton  low  temperature  photoluminescence  (LTPL)  spectrum  for  E  ±  c 
and  the  wavelength  derivative  of  the  absorption  coefficient  da/d  A,  of  15R  SiC  for  both  polarizations 
E 1  c  and  E  fl  c  using  modulation  absorption  spectroscopy.  We  use  the  E 1  c  intrinsic  2  K 
photoluminescence  spectrum  to  make  assignments  to  features  in  the  E 1  c  absorption  derivative 
spectrum.  We  obtain  7.15±0.25  meV  for  the  spin  orbit  splitting,  in  agreement  with  previous  work, 
but  with  improved  precision.  The  determination  of  the  crystal  field  splitting  is  more  challenging.  We 
argue  for  a  value  of  about  51  meV.  This  value  is  in  good  agreement  with  recent  calculations. 

Introduction 

As  part  of  our  ongoing  study  of  the  valence  band  maxima  of  the  important  SiC  polytypes  [1-3], 
we  turn  our  attention  to  15R  SiC.  We  report  measurements  of  the  free  exciton  low  temperature 
photoluminescence  (LTPL)  and  the  wavelength  derivative  of  the  absorption  coefficient  and  the 
analysis  to  obtain  values  of  the  valence  band  splittings. 

The  space  group  of  15R  SiC  is  R3m.  It  is  symmorphic.  The  point  group  associated  with  the 
point  T  at  the  center  of  the  Brillouin  zone  is  C^.  With  spin  included,  the  irreducible  representations 
[4]  labeling  the  top  three  valence  bands  are  T^,  T4  and  T4.  The  energy  difference  between  the  top  T* 
band  and  the  first  T4  band  is  called  the  spin  orbit  splitting  Aso.  The  energy  difference  between  the  top 
T*  band  and  the  second  T4  band  is  called  the  crystal  field  splitting  A^. 

Experiment 

High  quality  15R  SiC  boule  material  was  grown  at  Cree,  Inc.  Slices  of  the  material  were  cut  into 
thicknesses  of  0.081  cm,  0. 19  cm  and  0.56  cm  and  polished.  The  c  axis  of  uniaxial  symmetry  lies  in 
the  plane  of  the  surface,  enabling  optical  measurements  for  both  polarizations  E  _L  c  and  E  B  c. 

The  technique  of  wavelength  modulated  absorption  spectroscopy  and  our  specially  designed 
apparatus  are  discussed  in  earlier  publications  [1-3].  The  measurements  were  performed  with  the 
sample  at  2  K  using  an  immersion  type  liquid  He  cryostat. 

To  assist  the  interpretation  of  the  E  _L  c  da/dX  spectrum,  we  measured  the  low  temperature 
photoluminescence  (LTPL)  spectrum  of  a  7-10  pm  thick  homoepitaxial  epilayer  of  15R  SiC  grown 
at  NASA  Glenn  Research  Center  by  chemical  vapor  deposition  onto  the  Si  face  of  a  polished  boule 
substrate.  The  sample  was  excited  using  the  2440  A  line  of  a  frequency  doubled  Ar  ion  laser.  The 
spectrum  was  acquired  using  a  Fast  Fastie  spectrometer  equipped  with  an  1800  1/mm  grating  blazed 
at  4000  A  and  a  CCD  array.  The  slits  were  set  at  100  pm. 

Results  and  Discussion 

Fig.  1  shows  the  LTPL  spectrum  of  the  1 5R  SiC  epilayer.  The  intrinsic  (free  exciton)  spectrum 
dominates  the  near  band  edge  emission.  Each  of  the  eleven  most  prominent  intrinsic  lines  is  labeled 
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Fig.  1:  Low  temperature 
photoluminescence  spectrum  of  a  15R 
SiC  homoepitaxial  layer  showing 
strong  intrinsic  (free  exciton)  lines. 
These  lines  are  marked  “I”  with  the 
subscript  specifying  the  energy  of  the 
momentum  conserving  phonon  in 
meV. 


— - Wavelength  (A) 

4100  4075  4050  4025  4000  3975 


Fig.  2:  Wavelength  derivative 
absorption  spectra  of  15R  SiC. 

(a)  Polarization  E 1  c.  Peaks  matching 
intrinsic  photoluminescence  lines 
(Fig.  1)  are  marked  with  the  energy 
displacement  from  the  exciton  gap 
Egx  =  2.986  eV.  Peaks  separated  by 
the  spin  orbit  splitting  =  7.15±0.25 
meV  are  indicated  by  solid  line 
brackets.  Dashed  brackets  show  peaks 
separated  by  the  proposed  value  of 
about  51  meV  for  the  crystal  field 
splitting  Acp. 


3.02  3.04  3.06  3.08  3.10  3.12 

Energy  (eV) - - 


(b)  Polarization  E  9  c.  Some  of  the 
prominent  peaks  are  labeled  with  the 
energy  displacement  from  EqX.  Solid 
brackets  and  dashed  brackets  indicate 
tentatively  assigned  pairs  of  peaks  to 
spin  orbit  splitting  and  crystal  field 
splitting,  respectively. 
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Table  1:  Selection  rules  for  ‘T  with  a  subscript  specifying  the  energy  of  the  associated 

transitions  from  the  initial  states  |i)  momentum  conserving  phonon  in  meV,  based  on  the  value  EGX  = 
(the  r3  and  rx  valence  bands),  to  the  2.986  eV  [5]  for  the  exciton  gap.  The  labels  A*,  and  H2  mark  no 
final  state  |  f>  (the  bottom  of  the  phonon  lines  due  to  Ti  [6]  and  hydrogen  [7],  respectively, 

conduction  band).  The  symmetry  Figs  2a  and  2b  show  the  wavelength  derivative  absorption 

labels  of  momentum  conserving  spectrum  of  the  15R  SiC  boule  material  for  polarizations  E  ±  c 

phonons  are  listed  under  Q.  Checks  £  |  ^  respectively.  The  asymmetric  shape  of  the  features  with 
(vO  311(1  F’s  nmk  ahowed  and  a  sharp  onset  on  the  low  energy  side  and  a  high  energy  tail  is  in 

forbidden  transitions,  respectively.  accord  ^  ^  behavior  predicted  by  R.J.  Elliott’s 

ijv  q  1 0  theory  for  indirect  transitions  [8],  We  use  the  LTPL  intrinsic 

Xj  X2  spectrum  (Fig.  1)  to  assign  absorption  features  associated  with  the 
”  ~  ~  highest  valence  band  in  the  E 1  c  spectrum  (Fig.  2a).  The  I76  5 

Y  1  intrinsic  line  is  assigned  to  the  feature  marked  “79.0  meV”  in  Fig. 

3  x2  /  V  2a.  These  features  are  in  vertical  alignment  in  the  two  figures. 

Elc - Since  the  energy  scales  in  Figs.  1  and  2  are  the  same,  it  is  then 

xi  ^  ^  straightforward  to  make  further  assignments,  most  of  which  are 

X  >/  V  marlcecl  on  Flg  2a  with  the  energy  of  the  momentum  conserving 

- - - phonons  in  meV,  assuming  EGX  =  2.986  eV.  Doublets  appear  in 

XI  y/  y/  the  da/dA,  spectrum  due  to  transitions  associated  with  the  top  two 

r3  valence  bands.  Four  of  the  most  prominent  doublets  are 

jj,  |  « _ ^  _  connected  by  solid-line  brackets  in  Fig.  2a.  The  average  value  of 

Xj  yj  F  the  separation,  7.15±0.25  meV,  is  the  measured  spin  orbit 

rt  splitting  of  the  valence  bands.  This  value  agrees  with  an  earlier 

_ X2  F  V  measurement  [9],  but  with  improved  accuracy.  In  the  absence  of  a 

good  LTPL  E II  c  intrinsic  spectrum  it  is  a  challenge  to  make 
assignments  to  the  E I  c  dot J6X  spectrum.  We  have  marked  some  of  the  features  in  Fig.  2b  with  their 
energy  separations  from  2.986  eV,  and  suggest  several  pairs  of  features  tentatively  assigned  to  spin 
orbit  splitting. 

We  use  the  calculated  band  structure  of  15R  SiC  and  a  group  theoretical  analysis  to  assist  the 
determination  of  the  crystal  field  splitting  from  the  da/dA,  spectra.  It  is  necessary  to  neglect  spin,  and 
thus  the  spin  orbit  interaction,  to  obtain  useful  results.  According  to  the  calculations  of  Wellenhofer 
and  Rossler  [10],  15R  SiC  has  three  equivalent  conduction  band  minima  located  at  the  points  X  in 
the  rhombohedral  Briilouin  zone.  The  point  group  symmetry  associated  with  the  X  point  is  Clv. 
Neglecting  electron  spin,  there  are  two  possible  irreducible  representations  for  the  conduction  band 
minimum,  Xl  and  X2,  which  are  symmetric  and  antisymmetric,  respectively,  with  respect  to  reflection 
in  the  mirror  plane.  There  are  thirty  phonons  associated  with  each  k-space  point  in  the  Briilouin 
zone.  At  the  point  X  their  symmetries  are  20  Xx  +  10  X2.  There  are  no  published  symmetry 
assignments  for  the  phonons  at  X.  Neglecting  spin,  the  top  valence  band  is  a  T3  doublet  and  the 
crystal  field  split  off  band  is  labeled  rx  in  C3v  Table  I  lists  the  selection  rules  for  indirect  transitions 
involving  all  possible  phonons  for  both  polarizations.  In  the  case  of  4H  SiC  [3],  a  similar  analysis  led 
to  the  conclusion  that  one  must  use  both  polarized  spectra  to  determine  the  crystal  field  splitting. 

Due  to  the  low  symmetry  in  the  case  of  15R  SiC,  no  such  restrictions  are  required.  However,  Table  I 
indicates  that  there  are  fewer  allowed  transitions  from  the  Tx  crystal  field  split  band  for  E II  c.  With 
little  guidance  from  theory  it  is  risky  to  extract  a  value  for  from  the  da/dA,  spectra.  Based  on  the 
pairings  suggested  by  dashed  brackets  shown  on  Figs.  2a  and  2b,  we  tentatively  assign  the  value  A^ 
“51  meV. 

The  model  of  Bir  and  Pikus  [11]  provides  a  framework  for  interpreting  the  valence  band 
splittings.  Since  we  are  not  concerned  with  k-dependence  (effective  masses)  or  strain  effects,  the 
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version  of  this  model  applicable  to  the  hexagonal  and  rhombohedral  polytypes  has  three  parameters, 
two  of  which  describe  the  spin  orbit  interaction,  allowing  for  anisotropy.  However,  there  is  no  reason 
to  expect  that  the  spin  orbit  interaction  will  depend  strongly  on  hexagonality  (which  may  be  defined 
as  the  fraction  of  sublattice  sites  with  “hexagonal”  local  symmetry),  or  be  significantly  anisotropic. 
Neglecting  anisotropy,  the  Pikus  and  Bir  model  reduces  to  Hopfield’s  quasicubic  model  [12].  The 
two  parameters  are  a  spin  orbit  parameter  5S  and  a  crystal  field  parameter  5C.  The  value  5S  =  10 
meV,  based  on  wavelength  modulated  absorption  measurements  on  3C  SiC  [9],  is  typically  used. 
Lambrecht  et  al.  [13]  found  a  linear  dependence  between  8C  and  hexagonality,  based  on  their  band 
structure  calculations  for  a  number  of  polytypes.  Including  our  new  result  for  15R  SiC,  our  measured 
values  for  the  crystal  field  splitting  support  this  assertion.  At  least  two  other  calculations  of  the 
crystal  field  splittings  for  several  polytypes  have  been  published  [10,14].  Regarding  the  spin  orbit 
splitting,  in  the  quasicubic  model  the  largest  possible  value  for  the  splitting  of  the  highest  two  valence 
bands  is  25s/3,  which  is  about  6.7  meV.  This  splitting  increases  with  increasing  8C,  i.e.,  hexagonality. 
This  dependence  is  weak  in  the  interval  of  hexagonality  convered  by  our  measurements  on  6H,  4H 
and  15R  SiC.  However,  our  measured  values  for  three  polytypes  are  all  larger  than  6.7  meV  and 
decrease  with  increasing  hexagonality,  although  the  uncertainties  in  the  measured  values  are  large 
relative  to  this  weak  trend.  In  this  measurement  of  low  temperature  absorption  we  are  studying  free 
excitons,  and  it  is  possible  that  the  difference  in  binding  energies  for  excitons  made  up  of  holes  taken 
from  the  two  highest  valence  bands  is  responsible  for  these  discrepancies.  According  to  Table  6  in 
Lambrecht  et  al.  [13],  the  components  of  the  heavy  hole  (highest  valence  band)  mass  tensor  are 
greater  than  or  equal  to  those  of  the  light  hole  (spin  orbit  split  valence  band).  Since  binding  energy 
increases  with  mass,  the  binding  energy  of  the  exciton  made  up  of  the  hole  from  the  top  valence  band 
is  larger,  based  on  these  calculated  masses.  This  difference  will  add  to  the  energy  separation  of  an 
absorption  doublet  peak  for  a  given  momentum  conserving  phonon. 

Conclusion 

Our  measurements  of  the  wavelength  derivative  spectrum  of  high  quality  15R  SiC  boule  material 
lead  to  values  of  7.15±0.25  meV  for  the  spin  orbit  splitting  and  about  51  meV  for  the  crystal  field 
splitting.  Further  details  and  comparison  with  results  for  4H  and  6H  SiC  will  be  published. 
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Abstract.  The  Zeeman  behavior  of  the  Di  photoluminescence  (PL)  lines  is  found  to  be  angular  and 
polarization  dependent.  From  the  magnetic  splitting,  the  electronic  fine  structure  of  the  Di  bound 
exciton  (BE)  is  obtained.  Besides  the  L,  M  and  H  levels,  there  exist  three  other  LH,  Ll  and  N  energy 
levels.  Based  on  thermalization  behavior,  it  is  deduced  that  the  Zeeman  splitting  of  the  Di  PL  lines 
originates  from  the  initial  states  of  the  luminescence  process.  This  result  supports  that  the  Dj  defect 
is  an  isoelectronic  center.  We  complement  our  experimental  results  by  some  general  considerations 
concerning  the  symmetry  of  the  BE. 

Introduction 

The  Di  defect  is  expected  to  be  an  intrinsic  defect  since  it  does  not  depend  on  any  specific 
impurities.  Its  fingerprint  is  an  efficient  luminescence  of  the  Di  bound  exciton  (BE)  which  usually 
dominates  the  low  temperature  photoluminescence  (PL)  spectrum.  At  low  temperature,  there  is  one 
Di  no-phonon  PL  line  L  (4272.6  A,  2.9012  eV)  in  4H-SiC.  Two  higher  energy  no-phonon  lines  M 
(4261.3  A,  2.9087  eV)  and  H  (4257.0  A,  2.9118  eV)  appear  at  higher  temperatures.  The  large 
exciton  binding  energy  EBx  (the  exciton  band  gap  of  4H-SiC  is  3.265  eV)  and  the  existence  of 
different  forms  of  Di  PL  lines  for  low  and  high  temperatures  are  similar  to  the  behavior  of  excitons 
bound  to  an  isoelectronic  center  observed  in  other  semiconductors.  Detailed  information  on  the 
nature  of  the  defect,  to  which  the  exciton  is  bound,  can  be  obtained  from  the  Zeeman  effect. 
Furthermore,  Zeeman  spectroscopy  reveals  the  electronic  fine  structure  and  the  symmetry  properties 
of  the  BE.  In  the  present  paper,  we  report  on  the  Zeeman  effect  of  the  Di  BE  in  4H-SiC. 

Experimental 

In  order  to  measure  the  polarization  dependence  of  the  Di  lines,  the  Zeeman  spectra  were  measured 
in  four  configurations  as  shown  in  Table  I.  Two  different  4H-SiC  samples  were  used.  For  Voigt(l) 
and  Faraday  (2)  configurations  with  polarization  E  _L  c,  we  used  a  sample  SI  with  the  c  axis  nearly 
perpendicular  to  the  surface.  To  broaden  the  distribution  of  the  Di  defects,  A1  and  C  ions  were 
implanted  with  the  box  profile.  Post-implantation  annealing  was  conducted  at  1630°C  for  30  min  in 
Ar  atmosphere.  For  Faraday  (1)  and  Voigt  (2)  configurations,  a  sample  S2  was  used  which  was  cut 
from  a  4H-SiC  boule  with  the  c  axis  parallel  to  surface.  It  was  implanted  by  helium  ions  and 
subsequently  annealed  at  1600°C  for  30  min.  The  luminescence  was  collected  with  unpolarized 
light.  Thus  for  sample  S2,  the  electrical  field  vector  of  emission  includes  both  polarizations  E  1  c 
and  E  II  c.  The  measurements  were  conducted  in  a  resistive  magnet  with  the  maximum  value  of  B  = 
23  T  at  temperatures  from  5  to  35  K.  A  Kimmon  He-Cd  laser  operating  at  325  nm  was  used  as  an 
excitation  source.  The  PL  spectra  were  recorded  with  a  charged-coupled  device  camera  attached  to  a 
single  grating  0.5m  Jobin-Yvon  monochromator  fitted  with  a  1800  grooves/mm  grating.  All  PL 


362 


Silicon  Carbide  and  Related  Materials 


Table  I.  Different  configurations  for  magneto-luminescence  measurements  in  4H-SiC. 


(B,c) 

emission  k 

configurations 

emission  E 

sample 

Blc 

k  II B 

Faraday  (1) 

E  II  c  and  E 1  c 

S2 

klB(kllc) 

Voigt  (1) 

Elc 

SI 

Bile 

k  II B 

Faraday  (2) 

Elc 

SI 

klB 

Voigt  (2) 

E  II  c  and  Elc 

S2 

measurements  were  carried  out  in  a  near  backscattering  configuration. 

Results  and  Discussion 

The  Zeeman  effect  of  the  Di  PL  lines  in  4H-SiC  shows  a  strong  angular  dependence.  We  present  the 
results  according  to  B  perpendicular  and  parallel  to  the  c  axis,  respectively. 
l.Blc  (Faraday  (1)  and  Voigt  (1)) 

Figure  1  shows  the  Zeeman  spectra  of 
the  Di  PL  lines  in  Voigt  (1)  with  B  1  c 
and  polarization  E  _L  c  at  30  K.  In  Fig. 

2(a)  we  present  the  energy  positions  of 
the  Zeeman  components  as  a  function  of 
the  magnetic  field  B.  As  shown  in  these 
figures,  two  Zeeman  components  La  and 
Lb  appear  symmetrically  around  the  L 
line  for  B  >  0.  At  higher  fields  beyond  15 
T,  the  energy  positions  of  La  and  Lb  vary 
linearly  with  B  [Fig.  2(b)].  By  making  a 
linear  extrapolation  to  B  =  0,  it  is  found 
that  the  La  and  Lb  components  can  be 
described  by  a  linear  Zeeman  splitting  of 
the  L  line,  i.e.,  the  external  magnetic  field 
perturbation  dominates  for  large  B.  At 
lower  fields,  the  energy  positions  deviate 
from  the  linear  dependence.  The  extrapolation  leads  to  two  zero-field  splitting  levels  Lh  and  Ll 
shifted  by  about  ±0.35  meV  with  respect  to  the  L  level.  This  indicates  that  there  are  other 
perturbations  of  the  L  level  which  become  dominant  at  low  fields.  The  PL  lines  intensity  ratio  WIl* 
shows  a  clear  thermal ization  dependence.  The  energy  position  of  the  L  and  M  lines  exhibits  a  very 
weak  diamagnetic  shift  to  higher  energies.  Around  the  M  line  two  new  components  Na  and  Nb  are 
observed.  The  energy  positions  of  the  Nb  line  vary  linearly  at  low  field,  whereas  at  high  fields  they 
show  an  anticrossing  with  the  H  line.  The  lower  energy  Na  line  is  very  weak  and  can  only  be 
resolved  at  B  beyond  16  T.  By  extrapolating  the  components  Na  and  Nb  to  zero  field,  an  exciton 
level  N  about  0.5  meV  above  the  M  level  is  found.  This  zero  field  level  is  consistent  with  the  weak 
Ni  line  in  the  PLE  spectra  [1].  The  intensity  of  the  Nb  line  is  much  lower  than  that  of  the  Na  line, 
which  cannot  be  understood  based  on  thermalization.  At  low  fields,  the  H  line  shows  a  small  shift  to 
higher  energies.  At  higher  fields,  this  shift  becomes  larger  due  to  the  anticrosssing  interaction.  For 
the  same  configuration  Blc,  we  also  studied  the  Zeeman  effect  of  the  Dj  lines  with  polarizations  E 
±  c  and  E  II  c,  in  Faraday  (1)  by  using  the  sample  S2.  The  Zeeman  behavior  is  found  to  be  similar  to 
that  in  the  Voigt  (1).  Since  the  energy  positions  and  the  intensity  distribution  of  the  Zeeman 
components  are  very  similar  in  both  configurations,  we  cannot  obtain  further  information  about  the 
polarization  dependence. 
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Fig.  1.  Zeeman  spectra  of  the  D}  PL  lines  in  the  con¬ 
figuration  ofVoigt(J)  with  Blc. 
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Fig.  2.  (a)  Fan  diagram  of  the  Zeeman  behavior  of  the  Di  PL  lines  with  B  _L  c.  (b)  The 
Zeeman  behavior  of  the  L  line  in  configurations  with  B  _L  c  and  B\\c. 

2.  B  II  c  (Faraday  (2)  and  Voigt(2)) 


For  B  II  c  in  Faraday  (2)  with  polarization  E 
_L  c,  the  Zeeman  splitting  of  the  L  line  at  5  K 
and  B  =  12  T  is  shown  in  Fig.  3.  Two  Zeeman 
components  Li  and  Ln  appear  on  the  low 
energy  side  of  the  L  line.  Moreover,  two  new 
Zeeman  components  Lm  and  Liv  with  higher 
energies  appear  at  higher  temperatures  due  to 
the  thermalization  effect  [Fig.  2(b)].  The 
intensities  of  these  four  new  components  are 
much  weaker  as  compared  with  the  intensity 


2.897  2.898  2.899  2.900  2.901  2.902 


of  the  L  line  at  30  K.  The  L  line  shows  a  small  Photon  Energy  (eV) 

diamagnetic  shift.  We  do  not  observe  any  new 


Zeeman  components  around  the  M  and  H  pig  3  Zeeman  behavior  of  the  L  line  in  two  con- 
lints.  Both  lines  only  show  a  small  figurations  Voigt(2)  and Faraday(2)  with  B\\c. 
diamagnetic  shift.  The  transitions  related  to 

the  N  level  cannot  be  observed  in  this  case.  We  have  confirmed  the  zero-field  splitting  of  the  L  level 


by  linearly  extrapolating  the  Zeeman  components  to  B  =  0.  In  Fig.  2(b),  one  can  see  that  the  Zeeman 
components  Li  and  Lm  result  from  the  splitting  of  the  LH  level,  while  the  Ln  and  Liv  lines  stem  from 


the  Ll  level.  The  Zeeman  behavior  of  the  L  line  in  4H-SiC  is  very  similar  to  that  in  6H-SiC  [2]. 


With  the  same  B  II  c,  the  magnetic  behavior  of  the  L  line  was  studied  in  Voigt  (2)  for  both 
polarizations  (Fig.  3).  It  can  be  seen  that  in  Voigt  (2)  the  intensity  of  the  Ln  line  is  larger  than  that  of 
the  Li  and  L  lines,  in  contrast  to  the  result  in  Faraday  (2)  with  polarization  E  ±  c,  where  Ln  <  In- 
Based  on  a  comparison  between  the  results  for  Voigt  (2)  and  Faraday  (2),  we  suggest  that  the  Li,  Lm 
and  L  lines  are  mainly  related  to  polarization  E  JL  c,  which  is  similar  to  the  polarization  properties  of 
the  L,  M  and  H  lines  at  zero  field,  while  the  Ln  and  Liv  lines  are  mainly  related  to  polarization  E  II  c 
in  the  configurations  with  B  ll  c.  As  pointed  out  above,  in  the  configurations  with  B  1  c  and  B  II  c, 
the  Zeeman  effect  shows  thermalization.  Therefore,  the  Zeeman  splitting  of  the  Di  BE  results  from 
the  initial  states  of  these  luminescence  transitions.  There  is  no  splitting  in  the  final  state  in  any 
configuration.  This  result  supports  that  the  Di  exciton  are  bound  to  an  isoelectronic  center. 


We  complement  our  experimental  results  by  some  general  considerations  concerning  the 
symmetry  of  the  BE.  The  host  crystal  4H-SiC  has  a  hexagonal  crystal  structure  (space  group  C64F), 
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and  we  will  assume  that  the  point  group  of  the  Di  defect  is  that  of  a  substitutional  impurity,  i.e.,  C3V. 
The  topmost  valence  band  in  4H-SiC  transforms  according  to  the  two-dimensional  irreducible 
representation  T5  of  C6V  (with  spin:  T7  +  Koster’s  notation  [3]).  The  lowest  conduction  band  has 
three  equivalent  minima  at  the  M  points.  But  the  C3V  crystal  field  lifts  the  threefold  degeneracy,  i.e., 
we  have  a  valley-orbit  splitting  of  the  conduction  band  states,  giving  a  Fi  state  and  two  degenerate 
F3  states  if  the  conduction  band  at  the  M  point  transforms  according  to  F\  or  T2  of  C2V  (r2  +  T 3  for  a 
conduction  band  transforming  like  or  T4).  This  situation  for  the  BE  is  completely  analogous  to 
donor  states  in  SiC  (whereas  free  excitons  in  a  multivalley  semiconductor  do  not  show  a  valley-orbit 
splitting).  The  representation  according  to  which  the  total  exciton  wave  function  transforms  is  the 
product  of  the  three  representations  De,  Dh  and  Dx  of  the  electron,  the  hole  and  the  relative  motion, 
respectively.  Obviously,  this  product  representation  is  rather  complicated.  Therefore,  it  is  helpful 
that  we  have  only  three  distinct  single-valued  irreducible  representations  for  the  point  group  C3V, 
which  can  be  contained  in  this  product,  namely  the  two  one-dimensional  representations  T\  and  T2 
as  well  as  the  two-dimensional  representation  T3.  In  Table  II  we  have  listed  the  selection  rules  for 
optical  transitions  between  exciton  states  transforming  according  to  these  representations  and  a  T 1 
ground  state.  Note  that  we  have  several  nontrivial  selection  rules  for  forbidden  optical  transitions 
and  that  these  selection  rules  must  be  fulfilled  by  any  microscopic  model  with  point  group  C3V  and  a 
ground  state  transforming  according  to  T\.  Unfortunately,  we  were  not  able  to  derive  a  simple 
scheme  in  order  to  classify  our  measured  spectra  based  on  Table  II.  We  expect  that  certain  peaks  in 
the  measured  spectra  correspond  to  several  almost  degenerate  states.  Forbidden  transitions  could 
become  allowed  due  to  a  distortion  of  C3V.  However,  this  would  imply  that  the  twofold  degeneracy 
of  F3  exciton  states  was  lifted,  too.  We  have  compared  our  results  with  a  recent  axial  model  for  the 
Dj  BE  due  to  Egilsson  et  al.  which  was  based  on  the  assumption  that  the  spin-orbit  interaction  is 
very  small  for  the  Dj  BE  [1].  Several  excitonic  transitions,  that  are  observed  experimentally,  should 
be  dipole-forbidden  according  to  this  model  due  to  its  rather  high  symmetry.  Moreover,  we  would 
like  to  note  that  valley-orbit  splitting  cannot  be  taken  into  account  within  a  model  with  axial 
symmetry. 

Table  31.  Selection  rules  for  optical  transitions  from  an  exciton  state  transforming  like  Tt  of 

C3v  to  a  ground  state  transforming  according  to  Ti.  ‘A’  and  ‘F*  denote  allowed  and 

forbidden  transitions,  respectively.  T 3  splits  in  the  presence  of  B. 
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Abstract:  A  deep  level  in  4H  SiC  is  studied  by  photoluminescence  (PL)  for  different  annealing 
temperatures.  The  luminescence  consists  of  four  no-phonon  lines  between  1.09  and  1.15  eV 
and  their  phonon  assisted  spectra.  No  splitting  or  shifting  of  the  lines  could  be  observed  in  a 
magnetic  field  up  to  5T.  The  defect  can  be  introduced  in  the  material  by  either  ion  implantation 
or  irradiation,  but  may  also  be  present  in  as-grown  samples.  The  PL  intensity  increases  with 
annealing  up  to  1000°C,  thereafter  decreases  and  vanishes  at  1300°C.  We  tentatively  ascribe 
this  deep  level  defect  to  a  silicon  vacancy  related  complex. 

1  Introduction 

In  semi-insulating  (SI)  4H  SiC  wafers  (p  >  109  Ocm  at  R.T.)  -  not  intentionally  doped  with 
vanadium  -  grown  by  high  temperature  chemical  vapour  deposition  (HTCVD)  [1],  several  deep 
levels  appear  [2]  which  have  not  been  reported  before.  The  activation  energy  for  the  defect 
responsible  for  the  SI  properties  of  the  wafers  is  about  1.15  eV  [1]  which  is  close  to  what  has 
been  reported  in  vanadium-free  SI  material  from  another  source  [3].  In  this  work  we  investigate 
the  luminescence  from  one  of  these  defect  levels  which  we  label  unknown  defect  2  (UD-2).  This 
defect  can  also  be  induced  during  ion  implantation  or  irradiation  with  electrons,  protons  or 
neutrons.  A  similar  defect  has  earlier  been  observed  in  the  6H  polytype  [4]. 

In  this  study  we  have  performed  PL  and  Zeeman  measurements.  We  have  made  an  annealing 
series  which  shows  the  temperatures  at  which  the  defect  is  formed  and  annealed  away.  The 
origin  of  the  center  and  why  it  can  be  found  in  as- grown  material  are  also  discussed.  The 
results  are  relevant  from  a  device  process  point  of  view  as  they  provide  a  scheme  to  anneal  the 
material,  for  instance,  after  an  implantation  to  remove  this  particular  defect. 

2  Experiments 

The  material  used  in  this  study  was  a  hot- wall  CVD  4H  SiC  epitaxial  layer  [5]  (thickness  ~30  pm 
and  doping  2xl014  cm-3).  This  type  of  low  doped  epitaxial  layer  never  shows  any  luminescence 
in  the  infrared  region  before  irradiation.  To  create  the  UD-2  defect  in  high  concentration  we 
used  neutron  irradiation,  after  which  the  wafer  was  cut  into  5x5  mm  pieces  and  annealed  at 
different  temperatures  in  the  range  from  600°C  to  1700°C.  All  annealings  besides  the  one  at 
1700°C  were  done  in  an  argon  ambient  but  in  the  case  of  the  1700°C  anneal  a  small  fraction 
of  silane  was  added  in  order  not  to  etch  the  sample.  The  annealing  times  were  90  minutes 
for  temperatures  between  600°C  and  1200°C,  30  and  10  minutes  for  the  1300°C  and  1700°C 
anneals,  respectively. 

The  Fourier  transformed  PL  (FTPL)  measurements  were  done  either  in  a  continuous  flow 
cryostat  at  10  K  or  in  a  bath  cryostat  which  allows  temperature  regulation  in  the  range  from 
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1.6  K  to  room  temperature.  The  samples  were  excited  using  either  the  ultraviolet  lines  (351.1- 
363.8  nm)  from  an  Ar  ion  laser  or  the  266  nm  line  of  a  frequency-quadrupled  Nd:YAG  laser. 

To  detect  the  luminescence  a  Bomem  DA8  Fourier  Transform  spectrometer  equipped  with  a 
quartz  beamsplitter  and  a  North  Coast  Ge  detector  were  used.  , 

For  Zeeman  experiments  we  used  an  Oxford  split-coil  superconducting  magnet  (0-5  T)  with 
a  helium  bath  cryostat.  For  the  angular  dependence  studies  of  the  Zeeman  splitting  rotation  ( 

of  the  magnetic  field  in  the  (1120)  plane  can  be  achieved  by  rotating  the  sample  holder.  The  i 

351.1  nm  line  from  an  Ar  ion  laser  with  a  power  of  150  mW  was  used  for  excitation.  The  PL 
emission  was  dispersed  by  a  double  grating  monochromator  SPEX-1404,  collected  at  the  second 
order  of  the  600  grooves/mm  gratings  and  detected  with  a  North  Coast  Ge  detector.  ! 

i 

3  Results  and  Discussion 

In  figure  1  the  FTPL  spectrum  of  the  center  is  shown.  It  consists  of  four  no  phonon-lines  at 
1.0952,  1.0968,  1.1193  and  1.1495  eV,  which  are  followed  by  a  broad  phonon-assisted  band. 

The  line  width  measured  with  a  Fourier  transform  spectrometer  is  about  0.4  meV  for  all  lines 
except  the  1.1193  eV  line  that  has  a  line  width  of  0.3  meV.  It  is  also  worth  noting  that  this 
PL  signal  can  hardly  be  observed  when  one  uses  below  bandgap  excitation  in  contrast  to  other 
defects  (e.g.  the  V4+  PL  center)  which  give  rather  strong  luminescence  in  the  infrared  with 
both  above  and  below  bandgap  excitation. 


(cm1) 

7500  8000  8500  9000  9500 


Figure  1:  FTPL  spectrum  observed  in  a  neutron  irradiated  low-doped  4H  SiC  epilayer  after  annealing 
at  1000° C.  The  measurement  is  done  at  low  temperature  (2  K),  with  266  nm  excitation  (80  mW). 

Zeeman  measurements  at  5T  were  done  on  all  four  PL  lines  in  figure  1.  Even  with  a  line 
width  of  typically  0.5  meV  or  better  (in  a  monochromator  system)  we  could  not  observe  any 
splitting,  broadening  or  shifting  of  the  lines  at  any  angle  between  B||c-axis  and  B_Lc-axis.  From 
this  experiment  we  conclude  that  both  the  excited  and  the  ground  states  of  the  four  emission 
lines  are  spin-singlet  levels. 

The  annealing  behavior  of  the  defect  is  presented  in  figure  2.  A  weak  luminescence  is  observ¬ 
able  in  as-irradiated  material,  which  increases  slowly  in  intensity  with  increasing  temperature 
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up  to  600-800°C,  then  increases  much  faster  until  it  reaches  a  maximum  at  an  annealing  tem¬ 
perature  of  1000°C.  Further  increase  in  annealing  temperature  results  in  decrease  of  the  FTPL 
intensity.  The  spectrum  is  completely  quenched  after  1300°C  anneal. 


Annealing  temperature  (°C) 


Figure  2:  Annealing  behavior  of  the  UD-2  defect  monitored  by  the  peak  hight  of  the  highest  energy 
no-phonon  line  in  figure  1.  The  measurement  is  done  at  low  temperature  (2  K),  with  266  nm  excitation 
(80  mW). 

The  fact  that  the  defect  can  be  induced  by  irradiation  in  both  high-  and  low-doped  sample 
suggests  that  it  is  an  intrinsic  defect.  In  view  of  the  annealing  results,  this  makes  it  possible 
to  draw  some  first  conclusions  on  the  composition  of  the  defect.  From  previous  isochronal 
annealing  of  electron  irradiated  3C  SiC  one  knows  that  the  silicon  vacancy  anneals  out  at 
around  750°  C  [6].  From  the  annealing  behavior  shown  in  figure  2,  it  is  obvious  that  at  the 
temperatures  where  the  silicon  vacancy  gets  mobile,  the  luminescence  from  the  defect  increases 
fast  in  intensity.  The  luminescence  of  the  UD-2  defect  is  therefore  attributed  to  a  complex  that 
involves  the  silicon  vacancy.  Since  the  defect  can  always  be  detected  in  irradiated  and  annealed 
material  independent  of  the  concentration  of  impurities  (both  intentional  and  unintentional 
doping),  such  as  N,  B,  A1  and  other  common  transition  metal  impurities,  it  is  likely  that  the 
defect  complex  is  entirely  intrinsic. 

In  as-grown  HTCVD  material  we  suggest  that  this  defect  is  introduced  during  the  cooling 
down  phase  of  the  growth  since  it  is  not  stable  at  the  temperatures  where  the  growth  occurs 
(2100  to  2300°C).  Some  of  the  different  components  in  the  defect  are  mobile  within  the  crystal, 
so  when  the  cooling  down  process  starts  they  will  form  the  defect  center  at  temperatures  below 
1300°C.  This  formation  scheme  of  the  defect  also  gives  some  insight  to  why  in  the  as-grown 
HTCVD  material  we  seldom  observe  the  silicon  vacancy  related  luminescence  [7].  This  may  be 
due  to  that  some  of  the  silicon  vacancies  that  exist  during  the  growth  form  the  UD-2  defect 
during  the  cooling  down  stage. 

It  should  be  noted  that  the  SI  properties  of  SI  HTCVD  wafers  survive  after  CVD  growth 
at  1600°C  -  a  temperature  which  is  high  enough  to  quench  the  UD-2  defect  spectrum. 
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4  Conclusion 

In  summary,  we  have  investigated  a  deep  level  defect  center  (UD-2)  which  gives  luminescence 
in  the  infrared  region.  The  PL  consists  of  four  no-phonon  lines  between  1.09  and  1.15  eV  which 
are  followed  by  a  broad  phonon  assisted  band.  The  lines  do  not  split  or  shift  in  a  magnetic  field 
up  to  5T.  The  defect  can  be  created  by  ion  implantation  or  irradiation  with  electrons,  protons 
or  neutrons.  Annealing  at  temperatures  up  to  1000°C  increases  the  luminescence  intensity. 
At  higher  annealing  temperatures  the  signal  decreases  and  is  completely  quenched  by  1300°C. 
The  defect  is  also  found  in  semi-insulating  wafer  demonstrators  prepared  from  HTCVD  grown 
crystals.  We  conclude  that  the  UD-2  defect  is  a  silicon  vacancy  related  complex  and  that  in 
the  as-grown  material  it  is  formed  during  the  post-growth  cooling  phase. 
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Abstract 

In  order  to  get  phosphorous  doped  SiC  we  irradiated  4H  SiC  samples  with  several  neutron  fluences 
of  various  energy  distributions.  After  irradiation  the  samples  were  sucessively  annealed  between 
1600°C  and  1750°C  and  thereafter  characterized  by  Fourier-Transform-InfraRed  spectroscopy 
(FTIR)  and  Hall-effect  experiments.  We  compared  the  ionization  energies  of  33  meV  and  99  meV 
which  we  evaluated  from  Hall-effect  with  the  absorption  in  the  IR-region  of  150  cm"l  to  5000  cm'l 
We  observed  phosphorous-related  and  defect-related  as  well  as  vibronic  and  electronic  absorptions. 

Introduction 

Nuclear  Transmutation  Doping  (NTD)  is  based  on  the  reaction  [39Si(n,y)  31  Si  — — 5  31P]  and 
thus  it  is  basically  useful  to  produce  the  P-donor  in  SiC.  The  phosphorous  doping  of  SiC  was 
characterized  after  ion  implantation  [  1  ]  together  with  the  residual  doping  with  nitrogen  (Hall-effect 
after  implantation  of  nitrogen:  [1]).  The  unintentional  nitrogen  doping  of  4H  SiC  was  also 
characterized  with  different  samples  by  FTIR  and  Zeeman-splitting  measurements  [2].  First  at¬ 
tempts  applying  NTD  on  SiC  were  made  with  respect  to  the  behaviour  of  SiC  in  radiative  environ¬ 
ments  [3]  and  in  order  to  get  higher  residual  doping  levels  for  ESR-investigations  [4].  In  the  last 
years  NTD  was  introduced  in  SiC  research  as  a  doping  technique  [5,  6,  7].  The  electrical  charac¬ 
teristics  of  irradiated  samples  are  influenced  by  defects  due  to  fast  neutrons  which  are  incorporated 
inevitably  by  NTD  using  reactor  spectra  [5]. 

Experimental 

We  irradiated  4H  SiC  epitaxial  layers  grown  by  Cree  on  8.5°  off-axis  orientated  substrates,  both  p- 
type  and  n-type.  The  samples  for  Hall-effect  measurements  were  irradiated  with  a  fluence  of  thermal 

neutrons  of  8.3xl019  cm"2  and  a  fluence  of  fast  neutrons  of  2xl018  cm"2.  In  this  way  we  generated 
n-type  epilayers  by  furnace  annealing  at  1600°C  to  1700°C  for  half  an  hour  in  Ar  atmosphere.  The 
original  epilayer  was  p-type  with  NA-Np>-2xl015  cm-3.  With  completely  activated  phosphorous 
dopants  we  should  get  from  the  applied  fluences  a  net  doping  of  Np>-NA~  1.25x1 0*6  cm-3  in  the 
layer.  The  pn-junction  generated  hereby  was  used  to  measure  Hall-effect  in  van  der  Pauw  geometry. 
By  etching  the  edges  of  the  epilayer  we  avoided  leackage  currents  over  the  substrate. 

Whereas  for  FTIR  characterization  we  used  samples  with  applied  fluences  of  thermal  neutrons  of 
3.0;  3.4;  4.0xl019  cm"2  and  fluences  of  fast  neutrons  of  7.9xl016  cm'2;  8.8xl016  cm"2  and 
4.5xl013  cm"2  respectively.  The  annealing  temperatures  of  the  measured  samples  were  1600°C  and 
1750°C.  The  FTIR  measurements  were  carried  out  with  a  Bruker  IFS  66  v/S  spectrometer.  A  cold 
finger  cryostat  with  Csl-windows  was  used. 
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Fig.  1:  Hall  effect  measurement  of  the  transmuted  4H  SiC  n-type  epilayers.  In  both  plots  are  shown 
sucessive  annealing  temperatures  applied:  a)  The  analysis  of  the  electron  concentration  vs. 
temperature  (dots)  gives  for  the  donor  concentration  :  1.2  x  lO1^  cm"3,  for  the  compensation 
concentration:  5.9  x  1013  cm-3;  the  ionization  energies  for  the  hexagonal  lattice  site  (the 
concentrations  of  the  P-donors  on  cubic  and  hexagonal  lattice  sites  were  assumed  to  be 
equal)  is  fitted  (line)  with  33  meV  and  the  cubic  lattice  site  with  99  meV  respectively,  b) 
Half  mobility  refering  to  the  measured  dots  in  a). 
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For  transmission  experiments  the  samples  of 
about  8x8x0.4  mm  were  thinned  stepwise  by 
mechanical  polishing  and  reactive  plasma 
etching  to  120  pm,  60  pm,  40  pm,  28pm.  In 
the  spectrometer  the  samples  were  rotated  per¬ 
pendicular  to  the  beam  to  get  information 
about  lines  originating  from  ETC  and  ElC 
with  the  assumption  that  the  IR-light  is  elliptic 
polarized  (Fig.  4b). 


NTD,  7K  U  I  Results 


400  500  600  700  800  900  a)  Hall-effect  measurements 

wavenumber  (cm  )  We  measure(j  Hall- effect  to  get  the  ionization 

Fig.  2:  Transmission  up  to  the  “reststrahlenbande“  in  energies  for  the  P-donors  in  4H  SiC.  We 
the  mid-IR.  An  “as  grown“  and  a  transmuted  started  the  series  of  experiments  after  an- 
sample  (annaled  at  1700°C)  are  shown  at  nealing  the  samples  at  1600°C  and  addtionally 
different  temperatures.  carried  out  annealing  with  steps  of  50°C. 

After  annealing  at  1700°C  we  fitted  the  con¬ 
centrations  determined  by  the  neutrality  equation  to  the  measured  dots  (Fig.  la).  So  we  got  33  meV 
and  99  meV  as  ionization  energies  for  the  P-donors. 


b)  IR-absorption 

With  FTIR-spectroscopy  we  have  investigated  the  above  described  transmuted  4H  SiC  samples.  For 
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Fig.  3:  Transmission  over  wavenumbers  in  the  far  IR  of  a  NTD-sample  measured  at  300K  and  at 
7K. 


Fig.  4:  In  a)  a  detailed  extract  from  the  far  IR-region  with  two  groups  of  absorption  lines  is  shown, 
which  grow  at  low  temperatures  at  about  360-370  cm"l  and  at  390-400  cm“l.  In  b)  is  shown 
the  configuration  of  measurement  of  a).  The  samples  are  rotated  by  180°C  (approx,  round 
the  a  -  plane  ,  with  8.5  degree  deviation). 

comparison  a  n-type  sample  with  “as  grown44  epilayer  was  also  measured.  The  interferences  of  one 
and  moretimes  passed  beams  in  the  “as  grown44  sample  (Nq— N a~7x  10^  cm  3)  prevented  an 
evaluation  of  the  transmission  measurements  of  the  “as  grown44  sample  (thickness  approx:  20  pm) 
for  less  than  800  cm"1  (fig.  2).  Therefore  we  compared  our  results  with  pubished  investigations  on 
nitrogen  in  4H  SiC  [2]  in  this  region.  “As  transmuted44  samples  show  applicable  transmission  with  a 
thickness  of  120  pm.  After  annealing  at  1600°C  the  thickness  has  further  to  be  reduced  to  28  pm  for 
further  investigations.  At  energies  higher  as  the  „reststrahlenbande“  (from  796  to  964  cm  1)  there 
are  normally  no  changes  due  to  NTD  expected.  But  there  we  observed  two  broad  temperature 
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independant  absorption  lines  (at  1043  cm'1  and  1177  cnr1).  In  the  far  IR  are  broader  absorptions 
(=25  cm'1)  as  well  as  a  few  narrow  lines  (1.5  cm'1)  appearing  at  low  temperatures  (Fig.  3).  Two 
groups  of  lines  between  360  cm*1  and  400  cm'1  are  very  conspicious.  These  are  magnified  in  Fig.  4 
where  clearly  is  stated  that  the  intensities  vary  with  rotation  of  the  samples  in  the  beam  (Fig.  4b).  As 

well  as  one  can  see  that  both  are  tripletts.  All  sharp  lines  without  266  cm’1  and  610  cm'1  -which  are 
related  to  accoustic  phonons-  develop  at  low  temperatures  therefore  we  assume  these  lines  may  be 
caused  by  electronic  transitions. 

Discussion 

The  high  electron  mobility  evaluated  from  Hall-effect  (fig.  lb)  leads  to  low  resistivity  of  our 
samples  after  annealing  at  1700“C.  This  makes  plausible  that  the  annealing  procedure  is  sucessful  at 
1700°C.  The  fit  in  fig.  la  shows  an  activation  of  phosphorous  of  82  %,  compared  to  the  phos¬ 
phorous  concentration  we  expect  from  the  applied  neutron  fluences.  The  ionization  energy  of  the 
deep  P-donor  (99  meV  from  our  Hall-effect  data)  is  nearly  equal  to  the  energy  of  the  optical 
phonons  in  4H  SiC  (=95,  104  meV)  therefore  this  ionization  process  cannot  be  detected  by  optical 
absorption.  The  observed  electronic  IR-transition  in  the  530  cm'1  to  650  cm'1  area  can  be  attributed 
to  transitions  in  excited  bound  states  of  the  deep  donor  (597  cnr1)  in  a  hydrogenic  model. 

For  the  interpretation  of  electronic  transition  lines  in  the  160  cnr1  to  500  cm"1  region  we  have 
taken  into  account  the  background  doping  by  nitrogen  (= 8xl014  cm-3).  The  absorption  lines  in  the 
360-400  cm"1  region  are  in  excellent  agreement  with  transitions  into  excited  states  of  the  shallow 
N-donor  [2].  We  attach  the  absorption  lines  at  at  173  cm"1,  222  cm'1,  271  cm'1,  321  cnr1  to 
electronic  transitions  because  of  the  temperature  dependent  absorption.  Therefore  321cm'1  is 
related  to  the  ionization  energy  of  the  shallow  P-donor,  the  other  lines  are  absorption  lines  to 
transitions  in  excited  states  of  the  shallow  P-donor.  Thus  we  evaluate  from  optical  measurements  an 
ionization  energy  of  =40  meV  compared  to  33  meV  from  Hall-effect  data.  Both  measurement 
techniques  show  in  this  respect  an  excellent  agreement.  To  distinguish  E1C  and  ElC  correlated 
absorptions  further  investigations  have  to  be  made. 
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Abstract 

An  unexpected  presence  of  hydrogen  in  4H-SiC  was  revealed  by  the  observation  of  hydrogen 
related  lines  in  the  low-temperature  photoluminescence  (LTPL)  spectrum  after  secondary  ion  mass 
spectrometry  (SIMS)  measurements.  The  lines  were  not  observed  before  SIMS.  The  high-energy 
ions  during  SIMS  are  proposed  to  break  the  boron-hydrogen  bonds.  This  phenomenon  is  observable 
only  for  a  certain  impurity  concentration  in  the  material  due  to  the  competition  of  various 
recombination  channels  during  the  LTPL  experiment. 

Introduction 

In  the  early  seventies,  Choyke  and  Patrick  [1]  reported  strong  bound  exciton  (BE) 
photoluminescence  (PL)  spectra  in  silicon  carbide  (SiC)  implanted  with  the  hydrogen  isotopes, 
H  (*H)  and  D  (2H).  The  PL  spectra  in  the  case  of  H  and  D  implantation  are  very  similar  apart  from 
the  energy  positions  of  some  prominent  lines  in  the  phonon  assisted  side-bands.  The  defect  was 
proposed  to  consist  of  an  H  or  D  atom  bonded  to  one  of  the  four  C  atoms  neighboring  a  Si  vacancy. 
From  as-grown  epitaxial  layers  the  H-related  PL  spectrum  has  also  been  observed  when  using 
specific  growth  conditions  [2,  3].  Hydrogen  is  also  known  to  form  stable  complexes  with  e.g.  boron 
in  SiC  [4]. 

We  will  show  in  this  work  experimental  evidence  of  the  unexpected  presence  of  hydrogen  in  4H- 
SiC.  Low-temperature  photoluminescence  spectra  reveal  after  secondary  ion  mass  spectrometry  the 
presence  of  both  boron  and  hydrogen  related  lines,  which  were  not  observable  before  the  SIMS 
measurement. 

Experiments 

The  samples  used  in  this  study  were  grown  on  a  n+  substrate  either  by  the  close  space  sublimation 
(CSS)  [5]  or  by  the  high-temperature  chemical  vapor  deposition  (HTCVD)  [6]  techniques.  The  CSS 
technique  (or  sublimation  epitaxy)  is  referred  to  as  a  “hydrogen-free”  technique  as  growth  is  done 
generally  at  a  reduced  Ar  pressure  with  a  solid  source  material  (polycrystalline  3C-SiC  plate  in  our 
case).  In  the  HTCVD,  the  transport  of  the  growth  species  to  the  seed  crystal  is  directly  provided  by 
high  purity  gas  precursors  such  as  SiFLt  and  C2H4.  The  transport  gas  is  helium,  whereas  both 
precursor  gases  contain  hydrogen. 

LTPL  experiments  were  first  performed  on  the  as-grown  samples.  This  was  done  in  a  bath  cryostat 
(T=2K)  with  the  244  nm  line  of  a  FreD  laser  as  excitation.  The  laser  spot  was  focussed  on  the 
sample  with  a  few  mW.  The  penetration  depth  of  this  excitation  line  is  theoretically  less  than  1  pm, 
however  it  has  previously  reported  that  the  volume  under  study  could  reach  a  few  tens  of  pm 
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depending  of  the  material  purity  [7].  The  luminescence  was  dispersed  by  a  single  monochromator 
fitted  with  a  2400  groves/mm  grating  blazed  at  330  nm  and  detected  by  an  UV  sensitive  CCD 
camera.  Then,  SIMS  measurements  were  carried  out  on  these  samples  with  a  Cameca  IMS  4f 


Fig.  1 :  LTPL  spectra  a)  before  SIMS  and  b)  after  SIMS 
measurement  of  a  4H-SiC  sample  grown  with  He  as 
carrier  gas. 


Photon  Wavelength  (A) 


Fig-2:  LTPL  spectrum  of  a  4H-SiC  sample  after  SIMS 
analysis.  Hj  and  H2S  denote  the  C-H  bond-stretching 
vibrational  modes. 


microanalyse  to  obtain  the  depth 
profiles  of  impurities  such  as 
nitrogen,  aluminum  or  boron. 
Usually  a  sputtering  beam  of  12.5 
keV  02+  or  13.5keV  Cs+  ions  are 
used  depending  of  the  impurity  of 
interest.  Finally,  LTPL  spectra 
were  again  recorded  on  the  same 
samples. 

The  HTCVD  samples,  also 
included  sliced  and  polished 
wafers,  which  could  result  in  a 
rather  low  intensity  spectrum 
when  using  the  244nm  excitation, 
whereas  the  CSS  samples  were  as 
grown  material. 

Results 

A  typical  LTPL  spectrum  in  the 
near  band  gap  (NBG)  emission  of 
4H-SiC  high  resistivity  bulk 
sample  grown  with  HTCVD 
using  helium  as  carrier  gas  is 
shown  in  Fig.  La.  The  spectrum 
consists  of  various  sharp  lines 
which  are  identified  as  the  no¬ 
phonon  lines  (P0  and  Q0)  of  the 
N-bound  exciton  (N-BE),  and 
phonons  replicas  of  the  N-BE  and 
weakly  of  the  free  exciton  (I76) 
[8].  The  PL  spectrum  was 
recorded  up  to  6500  A  but  no 
other  emission  was  observed. 
After  SIMS  analysis  of  this 
sample,  which  reveals  a  boron 
concentration  of  ~  8T015  cm'3,  a 
change  of  the  NBG  emission  is 
observed  (Fig.  Lb).  Firstly,  the 
presence  of  a  line  at  3838  A 
(labeled  B  in  the  figure)  which 
has  previously  been  reported  as 
boron  related  [9],  is  detected  and 
secondly,  the  H-related  lines  (Hi 
and  H2)  are  clearly  observed. 
These  two  H-related  lines  show 
their  typical  behavior  with  a 
decrease  in  intensity  with 
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excitation  time  at  2K  [10],  H2 
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Fig.3:  LTPL  spectra  of  a  CSS  4H-SiC  layer  a)  before  and 
b)  after  SIMS  analysis. 


decreasing  faster  than  Hi.  In 
addition  as  phonon  replicas  the  C- 
H  bond-stretching  vibrational 
modes  at  around  369  meV  were 
observed  for  both  H-related  lines. 

A  second  sample  grown  with  the 
same  HTCVD  technique  shows  an 
even  more  pronounced  change  of 
the  NBG  emission  spectrum. 
Before  SIMS  analysis,  the  NBG 
emission  was  very  weakly  observed 
(not  shown  here),  whereas  after 
SIMS  it  was  dominated  by  the  3838 
A  and  H-related  lines  (Fig-2).  The 
boron  concentration  of  this  special 
sample  was  particularly  high 
(2-1017  cm"3). 

Fig.3  shows  the  LTPL  spectra 

recorded  from  a  p-type  (5-1015 
cm'3)  CSS  sample  before  (a)  and 
after  (b)  SIMS  analysis, 
respectively.  As  can  be  seen,  before 
SIMS  (Fig.3. a),  the  N-BE  and  the 


aluminum  BE  were  observed,  and  after  SIMS  the  H-related  lines  are  well  detected  together  with  the 
3838  A  line.  The  A1  and  B  concentrations  were  5*  1015  cm3  and  4- 10  cm  ,  respectively.  The  Al- 
BE  was  very  weakly  observed  after  the  SIMS  analysis.  However  comparing  the  spectra  before  and 
after  SIMS,  another  behavior  is  observed  here;  a  change  of  ratio  between  the  Q0  and  P77  line  is  also 
observed.  The  origin  of  the  H  incorporation  in  the  CSS  growth  technique  is  proposed  to  be  the 


polycrystalline  SiC  source,  which  is  grown  by  a  CVD  process.  16 

The  change  of  the  NBG  emission  has  not  been  observed  for  (1)  highly  doped  n-type  (  n  >  5-10 
cm'3)  samples,  (2)  compensated  material  showing  donor-acceptor  N-Al  pair  emission  in  the  PL 
spectrum  or  (3)  samples  with  boron  concentration  <  21015  cm 3,  as  determined  by  SIMS. 


uiatussiuu  ,  1 

LTPL  spectra  reveal  after  SIMS  analysis  the  presence  of  both  boron  and  hydrogen  related  lines, 
which  were  not  observed  before  the  SIMS  measurement.  The  SIMS  experiment  conditions  that 
could  influence  the  change  of  the  NBG  emission  are  i)  bombardment  of  high-energy  10ns,  11) 
electrons  or  iii)  potential  differences  between  the  sample  holder  and  the  electron  source.  However, 
preliminary  results  show  that  the  phenomenon  of  NBG  emission  change  can  be  observed  only  when 
the  high-energy  ions  bombard  the  sample,  however  more  spectacular  change  is  seen  when  all 
conditions  to  perform  SIMS  are  satisfied.  The  phenomenon  is  observed  more  strongly  close  to  the 
crater  created  by  the  ions,  however,  it  may  be  also  detected  a  few  millimeters  from  the  crater.  It  is 
likely  that  hydrogen  is  trapped  in  the  material  during  the  growth  process  or  cool-down  after  the 
growth  as  a  B-H  complex.  The  high-energy  ions  used  in  SIMS  analysis  break  the  B-H  bonds  and 
release  the  H  atoms.  This  hydrogen  can  easily  diffuse  and  be  trapped  by  vacancies  to  form  the 
known  H-vacancy  center,  giving  rise  to  the  PL  spectrum.  PL  lines  related  to  radiation  damage,  such 
as  observed  after  electron-irradiation  [11],  have  also  been  detected  after  SIMS  analysis  in  low 
doped  epilayers. 
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The  NBG  emission  change  has  been  observed  for  material  grown  with  the  HTCVD  technique  where 
the  carrier  gas  is  not  hydrogen  but  helium,  however  the  precursor  gases  contain  hydrogen.  Most 
important  is  that  the  SIMS  influence  on  the  PL  spectrum  is  also  observed  for  samples  grown  with  a 
technique  such  as  the  close-space  sublimation,  where  hydrogen  can  be  incorporated  from  the 
polycrystalline  3C-SiC  material  used  as  a  source  or  from  water  vapor  in  the  residual  gas.  These 
growth  conditions  may  suggest  that  the  hydrogen  concentration  is  not  very  high  in  these  samples, 
however,  it  still  can  be  detected  by  the  LTPL  technique. 

In  the  case  of  compensated  material,  generally  very  efficient  nitrogen-aluminum  donor-acceptor 
pair  emission  is  the  dominant  feature  of  the  LTPL  spectra,  which  is  associated  with  an  efficient 
recombination  channel.  This  prevent  the  observation  of  the  H-related  lines,  however,  the  H-related 
defect  giving  rise  to  these  lines  may  still  be  present  in  the  material.  The  other  non-radiative 
channels  should  also  be  considered. 

Conclusion 

The  unexpected  presence  of  hydrogen  in  SiC  can  be  revealed  by  the  breaking  of  the  B-H  bond 
induced  by  the  ion  bombardment  during  SIMS  analysis.  Although  the  H  and  B-related  lines  in  the 
PL  spectra  could  only  be  observed  in  some  samples  due  to  competing  recombination  channels,  the 
phenomenon  probably  occurs  in  all  samples,  irrespective  of  doping.  Our  study  shows  that  hydrogen 
can  exist  in  SiC  trapped  to  defects. 
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Abstract:  We  report  a  study  of  the  Du  defect  spectrum  in  6H  SiC  using  different  photolumi¬ 
nescence  techniques.  The  spectrum  is  proposed  to  be  the  result  of  bound  exciton  recombination 
at  isoelectronic  centers. 

Introduction 

Among  the  various  defect  related  spectra  seen  in  photoluminescence  (PL)  of  ion- implanted  SiC 
epilayers,  only  two  are  known  to  persist  even  after  a  high  temperature  anneal  of  1700°C.  These 
persistent  defect  spectra  have  been  labeled  D/  and  Djj  in  the  literature.  Both  the  Dj  and  Du 
are  observed  via  sharp  bound  exciton  recombinations  in  the  near  band-gap  spectral  region.  The 
Dj  has  been  extensively  studied  [1,2],  however  no  clear  understanding  of  the  actual  defect  origin 
has  yet  been  presented.  From  a  device  perspective,  the  persistent  nature  of  these  defect  spectra 
makes  the  defect  centers  responsible  for  them  important  to  understand.  The  Du  spectrum  has 
been  identified  in  all  the  four  major  polytypes  of  SiC  [3,4,5].  A  study  of  the  Du  spectrum  in  4H 
SiC  with  different  optical  techniques  has  also  been  reported  [6].  In  this  paper  we  report  a  study 
of  the  Dn  spectrum  in  6H  SiC  using  time-resolved,  magneto-optical, and  variable  temperature 
photoluminescence  (PL)  techniques. 

Experimental 

6H  SiC  epilayers  implanted  with  Ga  (implantation  energy  =  0.1MeV-2MeV,  total  fluence  — 
4.5xl013cm“2)  at  700°C  with  mean  Ga  concentration  of  4xl017  cm"3  and  subsequently  annealed 
at  1700°C  were  used  for  this  study.  PL  measurements  were  made  using  an  Oxford  variable 
temperature  cryostat.  A  244nm  wavelength,  frequency  doubled  Ar+-ion  laser  was  used  for  the 
excitation  source.  Time  resolved  measurements  were  made  using  a  355nm,  frequency  tripled, 
variable  repetition  frequency,  diode  pumped  YAG  laser.  For  magneto-optical  measurements  a 
He  bath  cryostat  fitted  with  a  5  Tesla  superconducting  magnet  was  used. 

Results  and  Discussion 

Fig.  1  shows  the  no-phonon  portion  of  the  D^f  spectrum  taken  at  2K.  The  spectrum  consists 
of  at  least  four  lines  between  73meV  to  79meV  from  the  excitonic  bandedge,  at  3.023eV.  They 
have  been  labeled  dl  ,  d2  ,  d3  and  d 4  ,  respectively,  in  accordance  with  the  labeling  in  the 
literature  [5].  Vibrational  modes  of  all  four  no-phonon  lines  are  seen  (not  shown  in  figure)  with 
the  highest  energy  mode  of  164meV,  which  is  characteristic  of  this  defect  spectrum  [2,3,4].  The 
relative  intensities  of  the  four  lines  vary  between  the  epilayers  and  also  between  different  points 
on  the  same  epilayer,  indicating  a  sensitivity  to  stress  of  the  center  responsible  for  these  lines. 
To  get  a  qualitative  idea  of  the  response  of  these  lines  to  stress,  we  compared  the  spectrum 
taken  when  the  sample  was  glued  to  a  holder,  to  the  spectrum  taken  when  the  sample  was 
mounted  in  a  stress-free  manner  by  placing  it  in  a  loose  pocket.  The  contraction  of  the  glue 
at  low  temperature  puts  a  compressive  stress  on  the  back  of  the  sample  causing  the  epilayer  to 
bend.  The  stress  should  be  in  the  basal  plane  in  this  case.  As  shown  in  Fig.  1  there  is  a  clear 


378 


Silicon  Carbide  and  Related  Materials 


Energy  (eV) 

2.952  2.95  2.948  2.946  2.944 

1  |  | - 1 - 1 


Wavelength  (A) 


Figure  1:  2K  PL  spectra  illustrating  the  sen¬ 
sitivity  of  the  D^j1  no-phonon  lines  to  stress 
in  the  epilayer. 


Energy  (eV) 


Figure  2:  Polarization  study  of  the  no¬ 
phonon  lines. 


difference  in  the  PL  intensity  of  the  four  lines  between  the  two  cases.  In  addition  lines  d3  and 
dA  also  shift  to  lower  energies  by  0.5meV  and  0.6meV  respectively  when  the  sample  is  mounted 
with  glue.  The  absence  of  splitting  of  any  of  the  lines  under  stress  might  indicate  that  they  are 
transitions  from  singlet  states  as  was  proposed  in  the  case  of  nitrogen  bound  excitons  [7].  The 
shifting  of  lines  with  stress  was  also  observed  in  the  case  of  the  nitrogen  bound  excitons  and 
was  suggested  to  be  due  to  change  in  bandgap  [7].  However  since  only  two  out  of  the  four  lines 
in  the  spectrum  exhibit  a  shift  it  is  not  clear  if  a  change  in  the  bandgap  might  explain 
the  shift  observed  here.  Nevertheless,  such  a  strong  difference  between  the  two  cases  is  still 
surprising  because  the  implanted  layer  is  estimated  to  be  only  1/im  while  the  stress  is  being 
induced  from  at  least  300/im  beneath. 

The  polarization  properties  of  these  lines  with  respect  to  the  crystal  c-axis  were  investigated 
using  a  Glan-Taylor  prism.  The  sample  was  turned  so  that  the  c-axis  pointed  along  the  direction 
of  the  incident  laser  and  the  luminescence  was  collected  from  the  side  of  the  sample.  As  shown 
m  Fig.  2,  lines  d1  and  d2  show  no  relation  to  the  crystal  c-axis  but  lines  d3  and  d4  are 
strongly  polarized  parallel  to  the  c-axis.  Both  the  stress  experiment  result  and  the  polarization 
result  appear  to  indicate  that  the  Dff  spectrum  might  actually  comprise  two  sets  of  two  lines 
originating  from  two  different  defect  centers. 

Temperature  dependence  of  the  no-phonon  lines  was  measured  upto  80K.  The  line  d4 
quenches  at  about  20K  while  the  remaining  lines  persist  up  to  about  80K  when  the  whole 
spectrum  disappears.  This  early  quenching  of  the  d4  line  despite  having  the  highest  binding 
energy  among  the  four  lines  suggests  that  it  is  a  forbidden  transition.  As  shown  in  Fig.  3, 
excited  states  between  4170A  to  4200 A  can  be  seen  when  the  temperature  is  raised  from  2K. 
These  have  been  labeled  from  ’a’  to  *g\  The  origin  of  these  excited  states  is  still  under  inves¬ 
tigation.  The  total  luminescence  intensity  of  the  no-phonon  lines  is  plotted  as  a  function  of 
reciprocal  temperature  and  is  shown  in  Fig.  4.  The  PL  intensity  of  the  lines  d1  ,  d2  and  d3  can 
be  seen  increasing  as  the  temperature  is  increased  which  suggests  that  they  may  be  related  to 
excited  states  of  the  bound  exciton  rather  than  the  ground  state.  From  the  quenching  of  the 
Djj  no-phonon  lines, d1  ,  d2  and  d3  ,  at  high  temperatures,  the  value  of  the  thermal  activation 
energy  is  calculated  to  be  about  69meV  which  is  about  the  same  value  as  the  binding  energies 
of  the  four  lines.  A  similar  result  was  reported  for  the  Du  spectrum  in  4H  SiC  [6].  The  ratios 
of  the  areas  of  d1  to  d2  and  d3  to  d4  do  not  fit  to  the  Boltzmann  expression,  thereby  indicating 
that  the  lines  are  not  thermalized. 
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Figure  3:  D spectrum  at  5K  and  40K.  Ex¬ 
cited  states  can  be  seen  as  the  temperature  is 
raised  and  have  been  labeled  from  ’a’  to  ’g\ 
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Figure  4:  Arrhenius  plot  of  PI  intensity  of  the 
no-phonon  lines  as  a  function  of  temper¬ 
ature.  An  activation  energy  of  69meV  is  ob¬ 
tained  from  the  high  temperature  portion  of 
the  curve. 


Figure  5:  Variation  of  decay  times  of  the 
.Dff  no-phonon  lines  with  temperature. 


4  The  luminescence  decay  of  these  lines  was  stud- 

10|  ~4  .  '  6HsicT  ie< 3  as  a  function  of  temperature  and  is  shown  in 

3  Fig.  5.  Only  three  lines,  d 1  ,  d 2  and  di  could 

~  a2  be  resolved  and  therefore  only  the  decay  times  of 

^1(2  these  lines  are  shown  in  the  figure.  The  long  decay 

P  times  of  these  lines  show  an  absence  of  competetive 

|10'.  /  Auger  recombination  processes,  which  is  character- 

/  \  istic  of  recombination  at  isoelectronic  centers  [2]. 

io°  s'  The  very  long  decay  time  of  the  line  dA  indicates 

d1  that  it  is  a  forbidden  transition  which  supports  the 

1010°  10i  102  variable  temperature  PL  data.  In  the  case  of  the 

Temperature  (K)  spectrum  which  has  been  attributed  to  recom- 

w  r  ,  ..  «.  ,i  bination  at  an  isoelectronic  center  [2],  a  similar  re- 

Figure  5:  Variation  of  decay  times  of  the  .  .  ,  .  ,  .  x  1  J  .  ,T  r  , 

,  ,  suit  was  obtained  for  the  low-temperature  L-line , 

DjY  no-phonon  lines  with  temperature.  .  ,  .  .  ,  ,  .  r , ,  ,  , 

11  associated  with  the  ground  state  of  the  bound  ex- 

citon.  On  the  basis  of  that,  we  propose  that  this 
line  is  the  transition  from  the  ground  state  of  the  bound  exciton.  The  decay  times  of  the  two 
lines,  dl  and  (P  approach  each  other  at  higher  temperatures  indicating  thermalization  between 
the  two  states  responsible  for  the  two  lines.  The  increase  in  the  decay  time  of  d1  and  the  cor¬ 
responding  decrease  in  the  decay  time  of  d 2  at  lower  temperatures  might  then  be  the  result  of 
population  changes  between  the  two  levels  resposible  for  these  lines.  It  should  be  remembered 
however  that  the  decay  time  of  d2  includes  that  of  d?  .  Based  on  the  lower  decay  times  of 
these  lines  and  their  presence  at  higher  temperatures,  we  propose  that  dl  and  d2  are  related 
to  excited  states  of  the  bound  exciton.  The  presence  of  excited  states  at  2K  along  with  their 
long  decay  times  suggests  a  slow  relaxation  process  between  the  excited  states  and  the  ground 
states  of  the  bound  excitons. 

Zeeman  measurements  on  the  Du  spectrum  were  conducted  at  2K  in  B  ||  c  and  B  J_ 
c  configurations.  The  B  ||  c  measurement  was  made  in  back-scattering  geometry  and  therefore 
the  luminescence  is  polarized  perpendicular  to  the  crystal  c-axis.  As  shown  in  Fig.  6,  we  see 
three  lines  in  the  spectrum.  The  intensity  of  d 3  is  expected  to  be  very  small  in  this  configuration 
based  on  polarization  measurements.  None  of  the  lines  show  any  splitting  even  at  the  highest 
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Figure  6:  Zeeman  measurements  on  the  D]f  no-phonon  lines  at  2K  with  B  ||  c  and  B  J_ 
c  configurations.  Insets  show  the  shifts  of  the  peak  positions  of  the  different  lines  at  different 
magnetic  fields,  from  their  respective  energy  positions  at  zero  magnetic  field. 


field  suggesting  that  they  are  transitions  from  singlet  to  singlet  states,  which  supports  the  stress 
experiment  results.  The  PL  intensity  of  the  line  d 1  decreases  by  roughly  a  factor  of  two  while 
that  of  d2  by  a  factor  of  three  with  increasing  field.  Line  d4  on  the  other  hand  shows  no  decrease 
in  intensity  with  increase  in  field  strength  but  the  peak  position  shifts  to  lower  energy  by  about 
0.6meV  as  illustrated  in  the  fan  diagram  (inset).  The  figure  also  shows  the  case  of  B  _L  c 
The  luminescence,  in  this  case  was  measured  from  the  side  of  the  epilayer.  The  luminescence 
intensity  was  considerably  weaker  in  this  case.  Only  two  lines  d?  and  d4  are  observed  in  this 
configuration.  A  shoulder  can  also  be  seen  in  the  OT  spectrum  which  could  be  the  d 3  peak. 
As  the  field  is  increased,  both  lines  shift  to  lower  wavelengths.  d4  also  decreases  in  intensity 
relative  to  <P  as  the  field  is  increased.  In  comparison,  no  shifts  or  splittings  were  seen  in  the 
case  of  the  Du  spectrum  in  4H  SiC  [6]. 

Conclusion 

The  no-phonon  lines  in  the  spectrum  are  the  result  of  bound  exciton  recombinations  at 
isoelectronic  centers.  From  the  variable  temperature  CW  and  pulsed  measurements  it  appears 
that  d4  is  a  forbidden  transition  while  the  other  three  lines  are  related  to  excited  states  of  the 
bound  exciton.  Magneto-optical  measurements  suggest  that  these  lines  are  transitions  from 
smglet  to  singlet  states.  We  do  not  believe  inequivalency  to  be  the  reason  for  the  multiple  lines 
in  the  Du  spectrum  in  6H  as  opposed  to  the  single  line  in  4H  SiC  [5]. 
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Abstract 

In  this  work  we  have  been  able  to  distinguish  between  silicon  and  carbon  displacements  by 
carrying  out  near-threshold  electron  irradiation  experiments  using  a  transmission  electron 
microscope.  The  displacement  energies  for  carbon  and  silicon  are  found,  respectively,  to  be  about 
100  keV  and  250  keV.  After  irradiation  the  samples  have  been  studied  by  low-temperature 
photoluminescence  spectroscopy.  By  carrying  out  the  electron  bombardment  along  (0001)  and 

(000T)  directions  significant  anisotropy  of  behaviour  is  found  near  the  carbon  displacement 
threshold.  While  the  products  of  silicon  displacement  are  found  to  be  restricted  to  a  region  of 
irradiation  those  of  carbon  displacements  are  found  to  extend  outside  this  region.  Spectral  features 
of  higher  photon  energy  than  the  laser  used  are  explained  by  a  two-photon  absorption  process. 

Experimental  Details 

The  creation  of  point  defects  during  the  irradiation  of  SiC  is  of  some  interest  in  view  of  the  need  to 
implant  the  material  during  device  fabrication.  In  order  to  study  the  damage  process  we  have 
embarked  on  a  study  of  near-threshold  displacement  of  4H  and  6H  SiC  using  a  transmission 
electron  microscope  (TEM)  with  continuously  variable  accelerating  voltage  in  the  range  50- 
300  kV.  After  room  temperature  irradiation  we  have  used  low  temperature  photoluminescence 
microscopy  to  investigate  the  damaged  regions;  the  sample  temperature  was  nominally  about  7K 
but  depended  somewhat  on  the  laser  power.  An  increase  in  power  of  the  325  nm  laser  by  a  factor 
of  100  increased  the  total  sample  temperature  by  about  10K.  This  technique  has  the  advantage  of 
great  sensitivity  and  relatively  high  spatial  resolution  (down  to  about  1pm)  but  often  leads  to  a  rich 
variety  of  results  where  it  can  be  difficult  to  distinguish  the  involvement  of  intrinsic  defects  from 
that  of  impurities  or  dopants.  We  have  endeavoured  to  minimize  these  complications  by  studying 
n  (N)  and  p(Al)-doped  samples  from  a  variety  of  sources  (Cree,  the  Ioffe  Institute,  Erlangen)  both 
as  substrates  and  epitaxial  layers.  As  compared  with  elemental  semiconductors  the 
photoluminescence  spectra  of  SiC  are  much  more  complex.  Not  only  are  there  two  elements  but 
also  crystallographically  distinct  locations,  the  possibility  of  new  defects  (anti-sites)  and  even 
regions  of  unintended  polytypes.  Nevertheless,  recent  work  from  Linkoping  has  identified  silicon 
vacancy-related  centres  [1]  and  higher  energy  centres  [2]  in  high  energy  electron  irradiated  SiC. 
We  will  compare  these  results  with  our  own  near-threshold  observations  in  what  follows. 

Results  and  Discussion 

Silicon  vacancies 

Since  the  atomic  weight  of  silicon  is  more  than  twice  that  of  carbon  we  carried  out  a  series  of 
irradiations  within  the  voltage  range  of  our  TEM.  Two  clear  thresholds  were  found,  one  at  about 
90keV  and  the  other  between  225  and  250  keV  and  we  associate  the  lower  threshold  with  the 
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displacement  of  C  atoms  and  the  higher  one  with  the  displacement  of  Si  atoms.  Fig.  1  shows  a 
voltage  sequence  of  spectra  obtained  for  4H  SiC  in  the  wavelength  region  770-920  nm.  In 
particular,  the  spectrum  with  the  zero  phonon  line  doublet  at  858.9  and  861.8  nm  (1.444  and 
1.439  eV)  and  a  vibronic  peak  with  its  maximum  at  884  nm  (1.403  eV)  may  be  associated  with  the 
neutral  Si  vacancy  for  a  number  of  reasons.  First  the  spectral  system  is  quenched  at  the 


Fig.  1  Spectra  obtained  at  different  Fig.  2  Spectra  obtained  at  20pm  spacing  across  a 
electron  energies  to  show  the  onset  of  300  keV  irradiated  area  of  4H  SiC  showing  the 
silicon  displacements  in  4H  SiC  VSi  spectrum  terminating  abruptly  (488  nm  laser) 

anticipated  electron  energy.  Second,  one  of  the  zero  phonon  lines  is  very  close  to  the  PL  peak 
identified  by  Sorman  et  al  [1]  as  related  to  the  neutral  Si  vacancy  (1.438  eV).  Third,  the  peak  is 
strictly  limited  to  the  irradiated  area  (Fig.  2)  and  stops  abruptly  at  its  perimeter.  This  is  consistent 
with  the  well-established  fact  that  Si  vacancies  are  not  mobile  below  750°C.  Fourth,  the  spectral 
system  bears  a  distinct  similarity  to  the  GR1  system  of  the  neutral  vacancy  in  diamond  although  at 
slightly  longer  wavelength.  This  result  might  have  been  anticipated  since  the  Vsi  has  four  nearest 
neighbour  C  atoms  just  as  the  vacancy  in  diamond.  Indeed,  the  energy  level  calculations  for  the 
centre  [3,4]  give  results  that  resemble  the  equivalent  calculations  for  the  neutral  vacancy  in 
diamond  [5].  However,  there  remain  several  points  that  do  not  sit  so  well  alongside  these 
conclusions.  First,  the  4H  SiC  centre  has  a  doublet  zero-phonon  line  in  all  the  samples 
investigated  here  but  Sorman  et  al  [1]  only  found  a  singlet  with  a  second  line  at  1.352  eV  that  we 
do  not  find.  Second,  we  have  not  found  an  equivalent  centre  in  6H  SiC,  or  even  a  centre  with 
broadly  similar  spectral  properties,  that  vanishes  at  accelerating  voltage  below  250  kV  and  is 
restricted  to  irradiated  region.  So  far  our  investigation  has  been  limited  to  a  maximum  wavelength 
of  about  960  nm.  Sorman  et  al  quote  three  spectral  lines  for  the  neutral  silicon  vacancy  in  6H  SiC 
at  1.433,  1.398  and  1.366  eV.  We  do  find  three  spectral  lines  of  approximately  similar  energy  at 
1.434,  1.398  and  1.368  eV  but  they  did  not  vanish  for  accelerating  voltages  below  250  kV  (some 
persisted  down  to  150  kV)  their  appearance  and  relative  intensities  varied  considerably  from  one 
sample  to  another  and  several  other  spectral  lines  in  the  same  wavelength  range  were  also 
detected.  In  addition  we  find  a  number  of  other  spectral  features  in  4H  SiC,  not  previously 
reported,  that  also  vanish  at  electron  energies  of  less  than  250  keV  (at  627,  730,  803  and  828  nm). 
We  assume  that  these  correspond  to  centres  created  by  Si  displacements. 
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Carbon  related  spectra 

These  are  mostly  found  in  the  short  wavelength  part  of  the  spectrum  and  broadly  correspond  to  the 
region  described  as  EA  by  Egilsson  et  al  [2]  but  also  include  some  longer  wavelength  centres  that 
we  will  not  describe  here.  Although  Egilsson  et  al  [2]  have  demonstrated  that  the  true  situation  is 
very  complicated  in  4H  SiC  our  results  from  4H  and  6H  SiC  are  remarkably  similar  and  can  be 
simply  described  in  terms  of  four  apparently  independent  centres.  For  4H  SiC  these  are  a  complex 
multiplet  at  434  nm  (di  c2  c3  c4  and  d2  in  the  notation  of  [2])  and  spectral  lines  at  437.0  nm,  441.6 
nm  and  449.5  nm.  The  equivalent  situation  in  6H  SiC  is  a  complex  multiplet  at  479  nm  (477.7, 
478.6,  479.2,  480.5  nm)  and  spectral  lines  at  483.8  nm,  490.8  nm  and  499.1  nm.  In  6H  SiC  these 
spectral  systems  reveal  a  remarkable  asymmetry  as  the  carbon  displacement  threshold  is 

approached  depending  on  the  direction  of  incidence  of  the  electron  beam,  (0001)  or  (0001).  The 
results  are  illustrated  in  Fig.  3.  For  C  above  Si  during  the  irradiation  the  only 


Fig.  3  Electron  energy  dependence  of  spectra  obtained  from  (a)  carbon  above  silicon  and 
(b)  silicon  above  carbon  during  irradiation.  (325  nm  laser) 

spectral  systems  to  survive  below  130  keV  are  those  at  483.8  and  499.1  nm  while  for  Si  above  C 
all  four  systems  remain  right  down  to  the  threshold  at  91  keV.  One  very  interesting  aspect  of  the 
spectra  related  to  the  C  displacements  is  that,  depending  on  the  dose  given,  certain  of  the  spectral 
features  are  found  to  exist  well  outside  the  irradiated  region  itself.  The  implied  diffusion  of  C- 
related  defects  out  of  the  irradiated  zone  has  previously  been  reported  in  electron  irradiation  of 
diamond  [6].  A  simple  example  of  this  behaviour  is  illustrated  in  Fig.  2.  This  figure  is  a  small 
portion  of  the  spectra  generated  at  20  pm  spacings  along  a  line  through  an  electron  irradiated  area 
of  4H  SiC.  The  strong  peaks  are  from  the  silicon  vacancy  with  a  sharp  zero-phonon  doublet  and 
the  vibronic  band  described  earlier.  On  exiting  the  irradiated  area,  the  VSi  system  vanishes 
abruptly  and  the  weak  sharp  spectral  lines  that  remain  are  second  order  lines  of  the  carbon-related 
luminescence.  It  is  clear  that  these  centres  persist  at  least  40  pm  into  the  unirradiated  regions. 

Excitation  of  higher  energy  systems  than  the  laser 

Fig.  4  shows  an  extended  spectrum  of  300  kV  electron  irradiated  region  of  p  type  4H  SiC.  The 
richness  of  the  spectrum  obtained  is  immediately  apparent.  However,  careful  study  of  the  figure 
(see  insert)  reveals  a  more  remarkable  result.  The  spectrum  evidently  continues  to  shorter 


384 


Silicon  Carbide  and  Related  Materials 


wavelength  below  the  notch  filter  in  which  the  exciting  488  nm  laser  line  can  be  seen.  Moreover, 
the  spectrum  appears  to  be  continuous  either  side  of  the  notch  and  the  spectral  features  observed  at 
higher  energy  than  the  laser  line  are  exactly  what  is  observed  from  the  same  specimen  region  using 
a  325  nm  laser.  In  seeking  an  explanation  of  this  effect,  the  spectrum  was  found  to  behave  in  an 
approximately  linear  fashion  with  laser  power,  ruling  out  second  harmonic  generation  in  the  SiC  or 
two-photon  absorption  as  a  single  process.  A  possible  explanation  of  this  effect  depends  on  two 
centres  with  rapid  energy  transfer  between  them.  Suppose  centre  A  has  an  excited  state  near  the 
conduction  band  that  transfers  its  energy  very  efficiently  to  a  nearby  centre  B  with  an  excited  state 


Fig.  4  Extended  spectrum  of  300  keV  electron  irradiation  region  of  p  type  4H  SiC. 

Inset  demonstrates  excitation  of  higher  energy  level  than  the  exciting  488  nm  laser 

of  similar  energy.  Suppose  that  centre  B  is  already  excited  to  a  long-lived  state  near  mid-gap  and 
that  the  electron  transferred  to  the  other  excited  state  of  B,  near  the  conduction  band  edge,  is  easily 
transferred  to  the  empty  ground  state.  This  would  give  photons  of  energy  greater  than  those  of  the 
laser  and  also  depend  linearly  on  the  laser  power.  The  continuity  of  the  spectrum  across  the  notch 
would  seem  to  imply  that  such  indirect  excitation  mechanism  predominates  over  direct  single 
centre  excitation  processes. 
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Abstract 

We  present  an  infrared  investigation  of  the  effect  of  Al-implantation  and  annealing  on  the 
reststrahlen  band  of  4H-SiC  crystals.  Modeling  the  IR  spectra  with  a  transfer  matrix  method, 
we  show  that  the  difference  corresponds  with  i)  an  increased  phonon  damping  parameter  in 
the  implanted  zones  and  ii)  an  activation  of  silent  folded  modes.  After  annealing  all  differences 
reduce  but,  still,  weak  folded  modes  manifest  with  large  damping  parameters.  * 

Introduction 

One  problem,  common  to  all  SiC  polytypes,  is  to  avoid  surface  deterioration  during  implan¬ 
tation  annealing  while  still  recovering  the  full  crystal  properties.  Using  standard  production 
tools  the  implantation  energy  is  small  (~  200  keV  or  less)  and  the  depth  of  the  implantation 
damage  is  limited  to  a  few  1000  A.  In  this  case,  probing  the  recovery  of  the  crystal  properties 
with  non  destructive  optical  techniques  is  difficult.  An  interesting  approach  has  been  recently 
introduced  by  Sands  et  al.  [1]  using  infrared  techniques.  In  this  work,  we  show  that  the  same 
technique  allows  to  probe  the  recovery  of  4H-SiC  samples  implanted  with  aluminum,  using 
standard  implantation  and  annealing  techniques. 

Experimental  results,  analysis  and  discussion 

Most  experimental  details  have  been  already  described  [2],  The  4H-SiC  samples  were  4  pm 
thick  n~  epitaxial  layers  from  Cree  Research  with  a  residual  doping  of  about  1016  cm'3.  The 
wafer  was  n+  doped  to  about  8  x  1018  cm-3.  Multipie-implantation  was  done  with  energy 
ranging  from  20  to  200  keV.  Four  samples  were  targeted  with,  a  190  nm  square-like  profiles  and 
Al  concentrations:  1,  2,  4  and  10  x  1020  cm“3  for  samples  #A,  #B,#C  and  #D,  respectively. 
The  implantation  temperature  was  fixed  at  650  °C.  Post-implantation  anneals  were  done  at 
1670  °C  in  a  SiC-coated  graphite  crucible.  Short  time  anneals  were  chosen  with  6  min  duration. 
In  order  to  prevent  sample  surface  sublimation,  additional  SiC  material  was  introduced  into  the 
crucible.  After  implantation,  some  of  the  Al  profiles  were  checked  by  SIMS.  A  typical  example 
is  shown  in  Fig.l  (sample  #A).  The  maximum  concentration  is  well  achieved  (dashed  line  at 
190  nm)  but,  because  of  ion  channeling,  a  long  tail  manifests.  This  makes  the  concentration 
to  decrease  by  one  order  of  magnitude  at  about  315  nm  (second  dashed  line).  In  between  is  a 
vertical  line  bar.  It  represents  the  average  depth  of  damaged  material  assumed  in  this  work. 

Reflectivity  spectra  have  been  collected  at  room  temperature  in  the  range  500  -  4000  cm-1. 
We  used  a  Bio-Rad  FTS  165  spectrophotometer  equipped  with  a  MCT  detector,  operated  at 
near  normal  incidence.  Details  of  the  Reststrahlen  band  are  shown  in  Fig.2  for  the  as-implanted 
(Fig. 2- a  -  open  circles)  and  annealed  samples  (Fig.2-c  -  open  circles).  Similar  to  the  work  of 
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Ref.l  we  notice,  before  annealing,  a  decrease  and  broadening  of  the  topmost  reflectivity  spec¬ 
trum  versus  implantation  dose.  Quantitative  values  will  be  discussed  later. 


Figure  1:  SIMS  profile  obtained  for  sample  Figure  2:  Near  normal  incidence  infrared  re- 
#A  (see  text).  flectivity  spectra  of  4H-SiC:  a)  samples  #A  #C 

#D  before  annealing  (open  circles)  and  calcu¬ 
lation  (full  line),  b)  sample  #A  after  annealing 
Table  1:  Damping  parameters  of  4H-SiC  ^ne)j  typical  virgin  sample  (dotted  line), 
modes  in  A1  implanted  layers.  c)  sample  #A  after  annealing  (open  circles); 

calculation  (full  line  -  including  Bx  modes;  dot¬ 
ted  line  without  Bi  modes). 


Ei  (TO) 

Ei(LO) 

Damping  (an  L) 

Bl« 

Bit 

Ai 

Annealed  samples  3.5 

3.5 

100 

120 

5 

Sample  #A  -  [Al]  =  1020  cm~z  20 

15 

45 

70 

18 

Sample  #B  -  [Al]  =  2  x  1020  cm~z  20.5 

15.5 

45 

70 

18 

Sample  #C  -  [Al]  =  4  x  1020  cm-3  21.7 

16.7 

45 

70 

18 

Sample  # D  -  [Al]  =  1021  cm~ 3  26.5 

21.5 

50 

70 

25 

After  annealing,  all  spectra  recover  and  become  identical.  We  will  consider  simply  the  one 
collected  on  sample  #A.  It  is  shown  in  Fig.  2-b  (full  line)  and  compares  well  with  a  typical 
spectrum  collected  on  a  virgin  sample  (dotted  line).  Since  there  is  no  significant  difference,  we 
conclude  that  most  of  the  cristal  structure  recovers  after  annealing.  Also  shown  Fig.  2-c  is  the 
result  of  the  theoretical  calculation  (full  line).  Between  the  TO  and  LO  mode  frequencies  is  a 
small  structure  at  about  838cm-1.  This  is  a  weak  (folded)  Ai-like  mode  coming  from  the  axial 
optic  branch  in  the  extended  zone  scheme.  It  is  well  known  from  previous  Raman  experiments 
[3]  and  appears  because  of  finite  incidence  effects.  Similar  observations  have  been  made  many 
times  for  other  uniaxial  crystals  (see,  for  instance  Ref.4  and  Refs  therein).  Notice  also  that 
a  second  (weak)  feature  appears  around  942  cm-1.  It  is  not  totaly  understood  and  will  be 
neglected. 

To  model  our  infrared  reflectivity  spectra,  we  used  a  transfer  matrix  method  and  a  factorized 
form  of  the  dielectric  function  [5]: 


£(LJ)  =  eoo[JI 
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In  this  expression,  e x  is  the  dielectric  constant  at  high  energy;  u  the  photon  frequency; 
n  runs  over  all  different  oscillators  considered  in  the  fit.  (jJlo  and  ojto  are  longitudinal  and 
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transverse  phonon  frequencies;  respectively.  TLo  and  VTo  are  the  corresponding  damping 
coefficients.  Finally,  lop  is  the  plasmon  frequency  and  7  the  plasmon  damping  parameters. 

We  have  used  the  same  nominal  thickness  (4  /xm) 
t  for  all  epitaxial  layers,  allowing  only  for  a  small  vari- 

x  20;  a)  ;  ation  of  4%  from  sample  to  sample.  According  to 

;  SIMS,  we  have  used  an  effective  thickness  of  250  nm 
g  10;  /  ;  for  the  implanted  layer  (full  bar  in  Fig.  1) .  Finally,  in 

H  5_  the  three  successive  layers  (implanted,  epitaxial  and 

^  Q :  . t — ■ — =  substrate)  we  used  the  same  phonon 

600  700  800  900  ^000  1100  frequencies:  ojto  =  600;  c Olo  =  966.4  cm"1  for 

_  25  Wave  number  (cm  ).  the  main  Ei  mode.  The  values  of  the  epitaxial  layer 

.§20-^  I  -  damping  parameters  were:  Tto  =  F lo  —  3.5  cm"1. 

%  15;  I  :  In  the  substrate,  the  phonon  damping  is  about  7 

£  10;  \  .  cm"1  for  the  transverse  mode  (which  is  a  typical 

B  .  value  for  bulk  4H-SiC)  and  140  cm"1  for  the  longi- 

-B  q  . rsj  [  tudinal  frequency.  This  is  a  very  large  value,  which 

m  600  700  800  900  ip00  1100  comes  mainly  from  the  fit  of  oscillations  between 

^100  .  Wave  number  (cm  )  _ —  1000  ancj  1599  cm-i  (not  sh0wn).  At  the  present 

-f  80  -  \ . T=j^  H  time,  it  is  not  clear  whether  this  comes  from  the 

S  60-  \  -  phonon-plasmon  interaction  or  (as  suggested  in  the 

^  40  -  .  work  of  Ref.6  for  6H-SiC)  from  an  extra  layer  sand- 

20-  . . .  wiched  between  the  commercial  epilayer  and  wafer. 

g  Q  c)  .  — ; — — ,  index  and  extinction  coefficient  of  the  response 

£  0  50  100  150  200  250  of  the  4H-SiC :  Al+  implanted/  structure.  Full  line  : 

Depth  (nm)  sample  #D  (1021  cm"3)  Dashed  line  :  annealed  sam¬ 

ple. 

Figure  3:  a)  Refractive  index,  b)  ex-  To  reproduce  the  experimental  line  shape  in  Fig. 
tinction  coefficient  and  c)  calculated  2,  it  is  mandatory  to  put  four  oscillators  in  the  im- 
percent  depth  contribution  of  the  im-  planted  layers: 

planted  layer  to  the  optical  response  of  a)  Ei  witE  T0  811(1  L0  frequencies  at  800  cm"1  and 
the  Al+  implanted/  epilayer/  substrate  966.4  cm  1  is  the  main  one; 

structure,  c)  Results  of  calculation  at  b)  the  weak  folded  mode  Ax  with  TO  and  LO  fire* 
frequencies:  uTO{Ex)  =  800  cm"1  and  quencies  at  838  cm"1  and  837.7  cm"1  (inverted  LO- 
ULoiEj  =  966.4  cm"1.  Full  line:  sam-  T0  splitting)  already  discussed; 
pie  #D  (1021  cm"3)  annealed.  Dashed  c)  fina11^  tw0  additional  modes  with  TO  frequencies 

line:  unannealed  sample.  at  855  9  and  906  cm_1  811 d  L0  frequencies  at  854.1 

and  903.9  cm  L,  respectively.  These  modes  are  new. 
They  manifest  clearly  (see  arrows  on  Fig.2.a)  but  have  not  yet  been  identified.  The  folded  zone 
scheme  predicts  the  presence  of  two  Bi  folded  modes  near  910  cm"1  in  4H-SiC  but  group  theory 
indicates  that  the  E^modes  should  be  silent.  Our  results  suggest  that  the  implantation-induced 
disorder  in  4H-SiC  activates  the  silent  modes,  through  a  coupling  with  the  active  Ai-like  fre¬ 
quencies,  and  convert  them  in  two  active  infrared  components.  They  should  not  be  seen  but, 
similar  to  the  weak  Ai  mode,  appear  through  finite  incidence  effect.  Experimental  values  for 
the  phonons  damping  parameters  of  implanted  layers  have  been  listed  in  Table  1.  We  observe 
a  general  increase  versus  implantation  dose  which  corresponds  well  with  an  effect  of  increasing 
damage.  After  annealing,  the  damping  of  the  two  ” allowed”  (Ex  and  Ai)  modes  decrease  and 
reach  reasonably  small  values.  The  interesting  result  is  that,  on  the  opposite,  after  annealing 
the  damping  parameters  of  the  two  forbidden  Bi  modes  increase.  On  the  experimental  line- 
shape  of  Fig.2-c  they  are  still  present  but  (compared  with  the  same  sample  before  annealing) 


100  150 

Depth  (nm) 


Figure  3:  a)  Refractive  index,  b)  ex¬ 
tinction  coefficient  and  c)  calculated 
percent  depth  contribution  of  the  im¬ 
planted  layer  to  the  optical  response  of 
the  Al+  implanted/  epilayer/  substrate 
structure,  c)  Results  of  calculation  at 
frequencies:  ojto(E  1)  =  800  cm"1  and 
cjlo{E.  1)  =  966.4  cm"1.  Full  line:  sam¬ 
ple  #D  (1021  cm"3)  annealed.  Dashed 
line:  unannealed  sample. 
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they  have  a  broadening  parameter  two  times  larger.  This  is  because  the  Bimodes  becoming 
less  and  less  coupled  to  the  allowed  ones,  the  lifetime  of  the  corresponding  excitation  (phonon- 
polariton)  decreases.  To  confirm  that  such  modes  are  indeed  present,  and  do  participate  in 
the  optical  response  of  the  final  material,  we  display  a  second  calculation  performed  with  the 
same  parameters  but  neglecting  the  two  Bi-like  modes  (dashed  line  inFig.  2-c).  Obviously, 
the  agreement  is  much  less  satisfactory. 

To  evaluate  the  extent  of  implanted  layers  probed  at  different  wavenumbers,  we  computed  the 
extinction  coefficient  k  from  the  standard  expression  of  the  dielectric  function:  e  =  (n  +  ik )2 
where  n  is  the  refractive  index.  Extracting  the  real  and  imaginary  parts  of  Eq.l,  we  have  solved 
this  equation  to  obtain  n  and  k.  Results  are  shown  in  Fig.  3  for  sample  (full  line  and  dashed 
line  for  the  annealed  and  non  annealed  sample,  respectively).  In  both  cases,  between  the  LO 
and  TO  frequencies,  the  strong  reflectivity  comes  from  the  low  value  of  the  refractive  index. 
However,  concerning  the  in-depth  interaction,  it  is  clear  that  the  result  is  very  different  depend¬ 
ing  on  whether  one  considers  an  incident  photon  frequency  close  to  wTo  or  wL0.  At  critical 
value  loto  the  interaction  is  maximum,  and  the  interaction  length  is  minimum.  One  probes  only 
the  surface  of  the  implanted  layer.  Between  LO  and  TO,  the  extinction  coefficient  decreases, 
first,  very  rapidly  and,  then,  slows  down.  Finally,  around  ujlo,  the  interaction  is  weak  and 
one  starts  probing  more  and  more  the  total  stack  of  layers  and  wafer.  This  is  exemplified  in 
Fig.  4.  We  display  for  the  two  limiting  frequencies  (both  as-implanted  and  annealed  samples) 
the  percent  (implanted)  layer  contribution  to  the  optical  response.  Obviously,  since  the  range 
of  the  unexplained  structure  observed  in  this  work(around  942  cm-1)  is  close  to  the  region  of 
transparency,  it  is  not  clear  whether  it  comes  from  the  initial  material  (wafer  or  epitaxial  layer) 
or  from  some  effect  of  polytype  conversion  after  annealing  (a  Ai-like  mode  should  be  observed 
at  938.1  cm  1  in  15R  polytype,  see  Ref.  7.)Finally,  we  have  found  that  the  high  energy  di¬ 
electric  constant  £<*,  varies  slightly  from  medium  to  medium.  It  is  about  6.56  for  the  substrate 
and  epitaxial  layer  and  about  10%  larger  for  the  implanted  layer.  This  suggests  the  presence 
of  residuals  silicon  droplets  in  the  annealed  silicon  carbide  lattice  [8]. 

Conclusion 

We  have  shown  that  infrared  reflectivity  constitute  a  very  useful  tool  to  investigate  the 
amount  of  implantation  damage  and  implantation  damage  annealing  in  4H-SiC.  We  do  not 
explain  all  details  of  the  experimental  spectra  but  we  have  shown  that  some  forbidden  Bi 
modes  certainly  contribute. 
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Abstract  Studies  have  been  conducted  on  the  carrier  recombination  radiation  properties  across 
operating  4H-SiC  p+/n-/n+  structures.  Spectral  and  spatial  distributions  of  the  electroluminescence 
(EL)  emitted  from  the  cross-sectional  plane  of  forward  biased  diodes  were  investigated  by 
combining  optical  emission  microscopy  and  imaging  spectroscopy  techniques.  The  spectral  content 
of  the  luminescence  across  the  active  region  was  analyzed  as  a  function  of  injection  in  a 
temperature  range  of  300-500K.  At  low  currents  deep-boron  related  recombination  is  dominating 
within  the  p-n  junction  region  and  with  rising  forward  bias  is  gradually  taken  over  by  emission  from 
the  injection  regions  via  shallow-dopant  transitions.  Interestingly,  this  band-edge  EL  component  is 
found  to  extend  deep  into  the  substrate,  apparently  resulting  from  excess  carrier  diffusion  and 
recombination.  The  effective  diffusion  length  of  holes  was  estimated  from  the  profiles  of  EL 
penetration  into  the  4H-SiC  substrates.  The  observed  dissimilarity  of  EL  penetration  in  different 
diodes  is  discussed  considering  carrier  trapping  and  processing-induced  effects. 

Introduction 

Efficient  control  of  SiC  material  growth  and  processing  properties  is  a  key  issue  for  reliability  of 
electronic  applications.  Currently,  well  developed  electrical  methods  (IV,  DLTS,  CV,  etc.)  are 
routinely  applied  for  general  device  characterization.  An  increasing  concern  and  interest  in  device 
performance-limiting  factors,  however,  calls  for  a  diagnostic  technique  capable  to  provide  a  direct 
insight  into  both  SiC  material  properties  and  dynamic  processes  taking  place  in  an  operative  device. 
Actual  distributions  of  temperature,  carrier  lifetime,  diffusion  and  injection  across  the  base  are 
highly  imperative  for  optimization  of  device  design.  All  direct  methods  to  measure  carrier  diffusion 
length  use  a  form  of  excitation,  i.e.,  either  an  electron  beam,  a  current  injecting  tip  or  a  light  source. 
The  electron-beam  induced  current  (EBIC)  technique  is  well  developed  and  retains  high  spatial 
resolution  [1].  An  alternative  way  for  accurate  determination  of  minority  carrier  diffusion  length 
could  be  based  on  optical  emission  microscopy  method.  In  this  work,  we  report  on  a  technique 
capable  to  analyze  spatially  and  spectrally  mechanisms  of  recombination  emission  in  the  active 
region  of  forward  biased  p-n  devices.  In  addition,  we  investigate  it’s  potential  to  estimate  carrier 
diffusivity  parameters  from  the  spatial  distribution  of  injected  carriers. 

Experimental 

We  have  investigated  several  different  4H-SiC  p+/n-/n+  and  p-n  diodes  with  Al  or  AUB  co¬ 
implanted  p+  anodes.  Nominally  25  pm-thick  low-doped  n  base  layers  were  epitaxially  grown  by 
CVD  on  commercial  n+  substrates  [2].  The  utilized  technique  is  based  on  spectrally  resolved 
imaging  of  EL  emitted  from  the  cross-sectional  plane  of  forward  biased  diodes.  Thus,  strip-shaped 
specimens  with  centermost  located  diodes  were  cut  out  from  the  wafers  and  one  of  the  sidewalls 
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Fig.  2.  In-depth  variation  of  the  integrated  EL  emission 
in  different  4H-SiC  p+/n-/n+  structures  (A  and  B)  and 
p-n  diode  (C).  Curves  within  groups  represent  different 
measurement  positions  across  diodes. 


Fig.  1.  Schematics  of  the  optical  emission 
microscopy  setup:  IS  -  Imaging  Spectrometer,  T 
-  interchangeable  Turret  cassette  with  2  gratings 
and  mirror,  MCP  -  Micro-Channel  Plate  image 
intensifier,  CCD  -  Liquid  Nitrogen  cooled 
Charge  Couple  Device  camera,  SL  -  motorized 
Slit,  OM  -  Optical  Microscope,  PC  -  computer 
controller.  p+/n~/n+  structure  is  mounted  on  a 
thermal  chuck  in  a  cross-sectional  imaging 
configuration. 


was  then  polished  straight  to  the  edge  of  the  diodes. 
An  optical  emission  microscopy  setup  equipped 
with  a  LN-cooled  digital  CCD  camera  {Hamamatsu 
C4880-10),  gated  image  intensifier  and  an  imaging 
spectrometer  (Spex  Triax-190)  was  employed  to 
obtain  the  in-depth  distributions  of  EL  in  a 
temperature  range  of  300-500K.  Forward  biasing 
was  provided  in  pulsed  mode  (10  pis  duration,  5 
kHz  repetition  rate),  yielding  current  densities  in 


the  range  1-200  A/cm2.  The  spectral  response  of 
the  system  is  in  the  200-950  nm  wavelength  range,  whereas  the  spatial  resolution  is  defined  by  the 
1000x1000  pixels  of  the  CCD  sensor.  An  optical  image  or  a  spectral  line-scan  can  be  acquired  by 
selecting  either  a  mirror  or  an  optional  grating  on  the  interchangeable  turret  cassette  inside  the 


spectrometer.  The  width  of  the  motorized  entrance  slit,  positioning  of  the  turret,  acquisition, 
amplification  and  processing  of  the  images  were  controlled  by  a  computer.  A  sketch  of 


experimental  the  setup  is  shown  in  Fig.  1. 


Results  and  Discussion 

The  preliminary  imaging  of  recombination  radiation  performed  in  cross-sectional  geometry  has 
revealed  an  extensive  propagation  of  the  EL  inside  the  n+  substrate.  Figure  2  summarizes  typical  in- 
depth  distributions  of  the  integrated  (full  spectrum)  EL  emission  measured  in  different  diodes.  Note 
an  apparent  difference  in  light  penetration  depth  Leff  for  diodes  A  and  B.  To  clarify  the  origin  of  this 
phenomenon,  EL  from  the  entire  active  region  has  been  scanned  spectrally  and  analyzed  as  a 
function  of  injection  in  a  temperature  range  of  300-500K  by  applying  imaging  spectrometry 
technique.  A  characteristic  spectral  content  of  the  EL  across  the  p+/n-/n+  structure  is  presented  in 
Fig.  3,  where  the  top  panel  clarifies  the  layout  of  spectral  imaging.  First,  the  test  sample  is  aligned 
so  that  the  region  of  interest  appears  in  the  center  of  the  optical  image,  then  the  mirror  inside  the 
spectrometer  is  substituted  by  a  grating,  and  the  width  of  the  entrance  slit  is  adjusted  for  the 
preferred  spectral  resolution.  It  should  be  emphasized  that  a  single  spectral  image  contains  an 
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immense  amount  of  information.  Any 
horizontal  sectioning  provides  an  in- 
depth  EL  intensity  profile  at  any 
selected  wavelength,  while  the  vertical 
one  -  EL  emission  spectra  at  any 
selected  depth.  Figure  4  illustrates 
typical  EL  spectra  from  the  p-n  junction 
region,  from  the  central  part  of  n-  base 
and  from  the  n+  substrate  alone.  The 
dominating  "blue"  peak  in  the  region  of 
400  nm  mainly  involves  free-to-bound 
transitions  through  TV-donor  and  Al- 
acceptor  levels  and  also  free  carrier 
recombination.  A  broad  "green"  peak 
around  514  nm  is  attributed  to  optical 
transitions  of  free  electrons  to  neutral 
deep  5-acceptor.  In  addition,  intrinsic 
and  post-implantation  defects  give  rise 
to  energetically  deep  levels  in  the  band 
gap  [3,  4]  with  the  corresponding  peaks 
in  the  red  region  of  the  EL  spectrum. 


Contact  j  Epilayer  i  Substrate 
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Fig.  3.  Spectral  content  of  EL  emission  across  the  4H- 
SiC  p+/n-/n+  structure  at  T=300K  and  100  A/cm2. 


Our  results  show  that  both  with  rising 

temperature  and  forward  bias,  the  prevailing  at  low  currents  deep-5  related  recombination  within 
the  p-n  junction  region  is  gradually  taken  over  by  emission  from  the  injection  regions  via  shallow- 
dopant  transitions.  Interestingly,  this  band-edge  EL  component  is  found  to  extend  deep  into  the 
substrate,  apparently  resulting  from  excess  carrier  diffusion  and  recombination  (see  Fig.  3.).  The 
effective  diffusion  length  of  holes  was  estimated  from  the  profiles  of  EL  penetration  into  the  4H- 
SiC  substrates,  for  different  diodes  yielding  values  in  the  range  from  14  to  28  pm  at  room 


temperature.  Measurements  of  both  p+/n- 
/n+  and  p-n  diodes  have  revealed  a  general 
decrease  of  characteristic  EL  penetration 
depth  with  temperature.  Conversely,  no 
changes  in  5eff  were  observed  versus 
forward  current  density. 

Generally,  a  probability  exists  that 
light  generated  in  the  active  region  might 
be  dispersed  by  some  scattering  centers, 
homogeneously  distributed  throughout  the 
volume  of  the  substrate  material. 
Considering  the  light  absorption  properties 
of  4H-SiC,  the  spectral  contents  of  EL 
emitted  from  the  active  region  is  supposed 
to  go  deeply  into  optically  passive  areas  of 
the  substrate.  Specifically,  the  self¬ 
absorption  of  the  shortest  wavelength  peak 
in  the  EL  spectrum  around  391  nm 
provides  penetration  depth  a1  of  more 
than  1.1  mm  [5].  Clearly,  no  correlation 
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with  the  typical  EL  penetration  depths  Fig.  4.  EL  spectra  from  the p+/n-  junction  region,  center 
observed  in  this  work  can  be  considered.  of  the  n -  base  and  n+  substrate,  respectively. 
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The  effective  lifetime  r  is  the  most  critical  parameter  in  determining  the  effective  diffusion  length, 
since  Leff  =  {Dz)v\  Considering  the  hole  diffusion  constant  D  =  2.6  cm2/s,  the  experimentally 
observed  Zeff  values  of  about  30  fxm  insist  on  unrealistic  carrier  lifetimes  of  a  few  microseconds. 
Instead,  a  non-linear  carrier  relaxation  and  relatively  low  rvalues  in  the  range  of  10-100  ns  are 
commonly  observed  for  the  substrate  material,  mainly  as  a  consequence  of  inferior  crystalline 
quality.  Moreover,  the  high  doping  of  substrates  also  implies  that  higher-order  recombination 
mechanisms,  i.e.,  bimolecular  and  Auger,  are  also  involved.  On  the  other  hand,  carrier  trapping 
phenomenon  is  usually  of  major  concern  in  wide  band-gap  semiconductors  as  4H-SiC.  In  contrast 
to  fast  processes  of  trap  filling  and  free-carrier  recombination,  the  relaxation  of  captured  carriers 
may  well  take  tens  of  microseconds  and  more  [6].  Generally,  an  increase  of  the  minority  carrier 
lifetime  occurs  when  recombination  traps,  which  control  the  lifetime  in  the  substrate,  are  filled  at 
high  concentrations.  The  holes  injected  into  the  substrate  may  recombine  through  the  trap  centers  in 
a  radiative  way  and  thus  directly  contribute  to  the  luminescence  yield,  while  the  particular 
diffusivity  and  lifetime  parameters  delineate  the  in-depth  EL  distribution.  In  this  way,  the 
experimentally  observed  extensive  Le ff  is  most  likely  a  consequence  of  the  saturation  of  the 
dominating  recombination  channel.  The  discrepancy  in  Leff  values  observed  in  diodes  A  and  B  can 
therefore  be  explained  taking  into  account  differences  in  thermal  treatment  during  processing, 
resulting  in  different  trapping  properties  of  the  substrates. 

Summary 

Our  results  suggest  that  emission  microscopy  in  combination  with  imaging  spectrometry  is  a  direct 
and  highly  informative  technique  for  localization  and  analysis  of  recombination  emission  in 
operating  devices.  We  demonstrate  its  capability  to  provide  carrier  diffusivity  characteristics  along 
with  the  spatial  distributions  of  these  parameters  over  the  active  device  area.  The  estimated 
extended  penetration  depth  of  minority  carriers  into  the  highly  doped  substrate  material  might  be 
explained  considering  carrier-trapping  effects.  The  observed  dissimilarity  of  Le ff  in  different  devices 
is  attributed  to  differences  in  thermal  pretreatment. 
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Abstract  :  Integrated  and  spectrally  resolved  PL  scanning  was  investigated  in  6H-SiC  epitaxial 
layers  under  a  laser  excitation  with  a  photon  energy  of  about  5.08  eV.  Highly  spatial  resolved 
measurements  revealed  the  presence  of  microscopic  pattern  (5-20  pm)  where  the  integrated  PL 
intensity  increases.  We  suggest  that  the  gettering  effect  of  dislocations  trough  their  strain  field  is 
responsible  for  these  microscopic  intensity  variations.  Spectrally  resolved  PL  mappings  shows  an 
enhancement  of  the  near  band  edge  peak  intensity  and  width  which  confirm  the  presence  of  a 
denuded  zone  in  the  neighbourhood  of  the  dislocation. 

1.  Introduction 

During  the  last  several  years,  tremendous  progress  in  SiC  bulk  growth  and  epitaxy  has  been 
realised.  Nevertheless,  the  non  uniformity  of  impurity  and  defect  distribution  in  SiC  wafers 
(particularly  in  semi-insulating  one)  and  the  doping  inhomogeneities  of  the  epitaxial  layers  still  act 
as  show-stopper  for  high  performance  and  high  reliability  devices  development.  This  is  why  a 
spatially  resolved,  non  destructive  and  few  time  consuming  characterization  tool  is  strongly  needed 
for  a  tight  quality  control  of  the  wafers. 

Photoluminescence  (PL)  mapping  is  a  non-destructive  and  fast  method  for  spatial  profiling  of 
impurities  and  defects  in  semiconductors.  For  instance,  the  method  has  been  successfully  utilized 
for  the  characterization  of  the  dominant  midgap  donor  EL2  in  semi-insulating  GaAs  wafers  [1],  for 
dislocations  mapping  in  InP  and  GaAs  bulks  and  epitaxial  layers  [2-4],  and  for  revealing  oxygen 
precipitates  [5,  6]  and  dislocations  [7]  in  Si  wafers.  The  first  results  related  to  SiC  [8,  9]  indicates 
that  PL  imaging  is  a  very  promising  tool  for  material  characterization.  This  is  why  we  have  adapted 
a  integrated  PL  imaging  system  from  ’SCANTEK’  company  in  order  to  make  integrated  and 
spectrally  resolved  PL  scanning  for  evaluation  of  SiC  epitaxial  layers  and  bulk  wafers.  In  this  study, 
we  evidence,  from  the  PL  spatial  and  spectral  profiling,  the  ability  of  PL  scanning  to  reveal  the 
screw  dislocations  in  6H-SiC  epitaxy. 

2.  Experimental  procedure 

The  samples  used  in  the  present  study  are  n-type  (1016  cm-3)  6H  SiC  epitaxial  layers  purchased 
from  a  commercial  source.  A  block  diagram  of  the  PL  scanning  apparatus  is  shown  in  Fig.l.  A 
beam  from  a  doubled  Ar  ion  laser  (244  nm)  passes  through  a  chopper  and  a  low-pass  filter  and  is 
then  focused  to  a  diameter  of  about  1  pm  on  the  surface  sample  using  an  objective  mirror 
(magnification  x52)  of  focal  length  3.6  mm.  The  luminescence  light  is  then  collected  by  the 
objective,  dispersed  by  a  monochromator  (BENTHAM  TM300)  and  detected  by  a  photomultiplier 
(HAMAMATSU  5701-50).  The  electric  signal  from  the  PM  is  amplified  by  a  lock-in  (EGG  5209), 
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and  recorded  on  a  computer  trough  an  A-D  converter.  The  sample  is  placed  on  a  precision  x-y  stage 
which  can  move  it  by  102  mm  in  both  x  and  y  directions  with  a  maximal  precision  and  a 
reproducible  adjustment  of  1  pm.  The  x-y  stage  is  driven  by  3  step  by  step  motors  which  are 
controlled  by  electric  pulse  from  the  computer.  This  one  also  drives  the  rotation  of 
monochromator’s  turret  and  allows  to  select  a  mirror  for  an  integrated  PL  measurement  or  a  grating 
for  a  spectral  mapping.  We  have  two  grating  to  cover  a  spectral  range  from  0.3  pm  to  1.7  pm.  One 
(1200  grooves/mm,  blazed  at  400  nm,  spectral  range  0.3-0. 9  pm)  is  associated  with  the  PMT  and 
the  other  (600  grooves/mm,  blazed  at  1.1  pm,  spectral  range  0.8-2.5  pm)  disperses  the  PL  collected 
towards  the  InGaAs  photodetector  to  make  soon  measurements  in  the  infrared  range.  The  spectral 
resolution  is  1  nm  and  our  computer  program  can  make  a  spatial  profile  of  the  peak  intensity,  the 
peak  wavelengths,  the  Full  Width  at  Half  Maximum  (F.W.H.M.)  and  the  Half  Maximum  Positive 
wavelength  (A,hmp). 


Integrated  PL  images  have  first  been 
realized.  On  all  the  investigated  samples, 
an  arbitrary  distribution  of  bright  spots 
(high  PL  intensity)  has  been  observed. 
Their  density  is  ranging  between  6.103  cm"2 
and  1.2*104  cm"2  depending  on  the  sample. 
On  the  samples  periphery  well  defined 
lines  formed  by  closely  spaced  bright  spots 
were  also  observed.  An  example  showing 
20  of  these  high  PL  intensity  cells  is 
displayed  on  fig.  2.  Their  dimension  is 
ranging  between  few  micrometers  to 
20  pm.  For  the  three  whiter  ones,  an 
asymmetric  intensity  pattern  with 
extension  of  the  bright  zone  along  a 
preferential  direction  is  clearly  observed. 
For  the  brightest  zones  the  integrated  PL 


Low 


High  100  pm 


Fig.  2  :  Integrated  PL  intensity  mapping  of  a 
0.6*0.6  mm2  zone. 
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intensity  is  approximately  one  order  of  magnitude  higher  than  in  the  rest  of  the  sample.  The  density 
of  these  bright  spots  and  their  distribution  imply  that  they  are  due  to  elementary  screw  dislocations. 
In  order  to  confirm  this  hypothesis  and  to  analyse  the  origin  of  this  localized  PL  intensity  exhausts 
we  have  next  performed  spectral  PL  mapping  in  the  range  400-800  nm  with  high  spatial 
resolution.  Either  on  the  high  intensity  regions  or  around  them,  only  near  band  edge  PL  signal  was 
found.  It  consists  of  a  predominant  peak  at  2.98  eV  and  a  shoulder  on  the  lower  energy  side  at  2.850 
eV.  This  correspond  to  previously  reported  values  obtained  in  classical  PL  measurement  [10].  High 
spatial  resolution  mapping  of  the  spectral  parameters  for  the  predominant  near  band  edge  peak  are 
displayed  in  fig.  3.  Fig.  3a)  is  an  integrated  PL  mapping  realized  around  a  bright  spot  described 
above.  Fig.  3b)  and  3c)  are  respectively  the  intensity  mapping  and  the  FWHM  mapping  of  the  2.98 
eV  peak  in  the  same  spatial  zone. 


low  mm-  .  )  High  10 


Fig.  3  :  PI  mapping  of  a  bright  zone  with  3  pm  spatial  resolution,  a)  Integrated  PL  intensity, 
b)  2.98  eV  near  band  edge  peak  intensity,  c)  Full  Width  at  Half  Maximum  for  this  peak. 

We  clearly  obtain  a  very  good  correlation  between  the  integrated  PL  scanning  image  and  the 
spectral  parameters  ones.  Classical  PL  measurement  as  a  function  of  temperature  revealed  that  N 
bound  exciton  lines  disappear  above  100  K  in  our  samples.  In  consequence,  the  peak  at  2.98  eV 
measured  at  room  temperature  probably  arises  from  free  exciton  recombinations.  In  the  case  of  FE 
the  luminescence  intensity  is  limited  by  the  recombination  via  non  radiative  traps  acting  as  lifetime 
killer  centres.  Therefore  we  attribute  the  local  enhancement  of  the  PL  to  a  cleaning  of  lifetime  killer 
centres  in  these  zones.  This  phenomenon  has  been  observed  in  liquid  encapsulated  Czochralski 
(LEC)  GaAs  and  attributed  to  the  presence  of  dislocations  [11].  Indeed,  impurities  and  microdefects 
can  be  gettered  by  the  strain  field  existing  in  the  neighbourhood  of  an  extended  defects  like  a 
dislocation.  This  result  in  a  local  cleaning  of  a  zone  around  the  defect  much  greater  than  the  defect 
itself  which  is  known  as  the  denuded  zone.  In  our  case,  we  think  that  the  bright  spots  we  observe, 
are  due  to  denuded  zones  in  the  vicinity  of  elementary  screw  dislocations.  In  this  hypothesis,  we 
should  observe  a  small  dark  point  in  the  centre  of  the  bright  cell  corresponding  to  the  decorated 
dislocation  core  which  we  have  not  found  even  with  1  pm  spatial  resolution.  This  can  be  due  either 
to  an  insufficient  spatial  resolution  or  to  a  lateral  diffusion  length  of  the  exciton  greater  than  the 
spatial  resolution.  The  FWHM  observed  in  fig.  3c  is  relatively  important  with  a  relative  variation  of 
20  %.  This  peak  width  enhancement  is  also  consistent  with  the  presence  of  a  dislocation.  Indeed, 
the  strain  field  in  the  dislocation  boundary  implies  modifications  of  the  band  structure  resulting  in 
the  enlargement  of  the  peak.  This  phenomenon  has  been  clearly  observed  for  InP  and  Si  doped 
GaAs  [2]. 

From  the  previous  discussion  we  so  propose  that  the  bright  spots  observed  in  our  integrated 
measurements  are  due  the  denuded  zone  around  screw  dislocations.  Nevertheless  we  cannot 
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conclude  that  all  the  integrated  PL  intensity  come  from  the  near  band  edge  recombination.  Indeed 
some  infrared  contribution  due  to  gettered  metallic  impurity  like  V  can  also  be  included  in  the 
integrated  PL  signal.  The  spectral  extension  of  our  equipment  in  this  region,  described  in  section  2, 
will  give  us  information  on  this  possible  effect. 

4.  Conclusion 

A  unique  PL  scanning  apparatus,  working  in  the  UV  range  (244  nm  for  excitation),  has  been 
developed  with  a  spatial  resolution  of  1  pm,  a  scanned  area  up  to  10*10  cm2,  a  spectral  resolution 
of  1  nm  and  a  spectral  range  cover  from  0.3  pm  to  1.7  pm.  Using  this  equipment,  we  have 
evidenced  the  gettering  effect,  due  to  the  strain  field,  of  microdefects  acting  as  lifetime  killer 
centres  around  the  elementary  screw  dislocations  in  6H-SiC  epitaxial  layers.  The  understanding  of 
this  gettering  effect  is  of  crucial  importance  for  the  development  of  SiC  devices.  For  instance,  the 
presence  of  minority  carrier  lifetime  killers  in  the  screw  dislocations  vicinity  is  detrimental  for 
bipolar  devices  applications. 
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Abstract 

An  optical  characterization  method  based  on  the  fundamental  absorption  bands  in  SiC  is 
presented  for  determination  of  the  spatial  distribution  of  doping  level  concentration  in  n-type  4H- 
and  6H-SiC  and  p-type  (Al,  B)  6H-SiC.  Band  gap  related  absorption  has  been  calculated 
numerically  taking  into  account  band  filling,  band  shrinkage  and  band  tailing  effects  and  has  been 
compared  with  experimental  data.  In  addition,  below  band  gap  absorption  transitions  in  n-type  4H- 
SiC  and  p-type  (B)  6H-SiC  at  460nm  and  730nm,  respectively,  have  been  investigated.  Calibration 
plots  correlating  these  absorption  bands  with  the  charge  carrier  concentration  have  been  determined 
and  the  application  for  mapping  of  the  doping  level  distribution  in  SiC  wafers  will  be  demonstrated. 

1.  Introduction 

The  wide  band  gap  semiconductor  silicon  carbide  (SiC)  is  of  growing  interest  for  industry  as  a 
material  for  high  power,  high  temperature  and  high  frequency  device  applications.  Control  of 
doping  level  homogeneity  and  SiC  polytype  stability  are  crucial.  Optical  characterization  methods 
play  an  important  role  since  they  are  advantageous  in  comparison  to  their  electrical  counterpart  due 
to  their  non-contact,  non-destructive  and  non-time-consuming  properties. 

We  will  introduce  an  absorption  based  measurement  method  which  allows  us  to  determine  the 
doping  type  and  doping  level  (Nd-Na).  We  will  discuss  the  physical  origin  of  the  absorption  bands 
of  various  n-type  and  p-type  doped  4H-  and  6H-SiC  wafers  and  investigate  their  relation  to  doping 
level  and  corresponding  charge  carrier  concentration  (section  2).  In  section  3  calibration  plots  based 
on  Hall  measurements  will  be  presented  and  we  will  compare  our  experimental  results  with 
numerical  calculation  of  the  band  edge  related  absorption.  The  presented  characterization  method  is 
used  as  a  wafer  mapping  tool,  i.e.  determination  of  doping  level  distribution  in  SiC  wafers. 

2.  Absorption  bands  in  SiC 

The  physical  origin  of  absorption  bands  in  SiC  are  under  study  since  several  years  [1,  2,  3].  For 
n-type  SiC  nitrogen  is  the  common  doping  material.  Typical  absorption  spectra  at  room  temperature 
are  shown  in  Fig.  la  for  4H-SiC  and  in  Fig.  lb  for  6H-SiC.  In  Fig.  lc  and  Fig.  Id  we  have  plotted 
absorption  spectra  of  aluminum  and  boron  doped  p-type  6H-SiC.  Each  diagram  (Fig.  la  to  Id) 
shows  a  high  doped  and  a  low  doped  sample;  three  characteristic  absorption  bands  can  be  identified. 
The  absorption  band  (i),  the  so  called  band  edge  related,  is  caused  by  the  transition  of  electrons  from 
the  valence  band  into  the  conduction  band  (see  Fig. 2).  For  an  indirect  semiconductor  like  SiC  the 
transition  shows  a  square  root  dependent  behavior  of  the  absorption  coefficient  (see  section  3).  The 
band  edge  varies  strongly  with  the  polytype,  i.e.  3.3eV  for  4H-SiC  and  3.0eV  for  6H-SiC.  In 
addition,  a  variation  of  the  band  gap  related  absorption  with  charge  carrier  concentration  is 
observed.  Due  to  charge  carrier  induced  band  gap  narrowing  [7,8]  and  doping  induced  band  tailing 
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[4]  an  increase  of  the  absorption  is  observed  at  transition  energies  close  to  the  fundamental  band  gap 
energyEgof  SiC  [11]. 


Fig.  I :  Typical  absorption  spectra  of  a)  n-type  (N)  4H- 
SiC,  b)  n-type  (N)  6H-SiC,  c)  p-type  (Al)  6H-SiC  and  d) 
p-type  (B)  6H-SiC  for  low  (dotted  line)  and  high  doped 
material.  The  bands  (i)  to  (iv)  are  defined  in  Fig.  2. 


Fig.2:  Energy  dispersion  and  doping  levels  for  SiC 
(schematically).  Transitions:  (i)  valence  band  (vb)  to 
conduction  band  (cb),  (ii)  vb  to  donor  or  acceptor  to  cb, 
(iii)  donor  to  higher  conduction  band  and  (iv)  vb  to 
acceptor 


The  absorption  band  (ii)  is  due  to  a  transition  from  valence  band  to  donor  level  for  n-type 
material  or  from  acceptor  level  to  conduction  band  for  p-type  material  and  reflects  the  concentration 
Np  of  positively  charged  donors  and  N~  of  negatively  charged  acceptors,  respectively.  The 
transition  (iii)  (see  Fig.  la  and  lb)  is  only  present  in  n-type  (N)  SiC  material  and  shows  a  strong 

polarization  dependence.  In  the  literature  this 
transition  is  controversial. 

It  is  either  assumed  to  be  defect  related  [3,6]  or 
due  to  intra  conduction  band  transitions  [9]. 
Dubrovskii  et  al.  [3]  have  shown  that  there  is  a 
linear  relationship  between  the  absorption  band 
(iii)  and  the  charge  carrier  concentration.  The 
presence  or  absence  of  this  transition  can  be  used 
to  evaluate  the  doping  type  (n-  or  p-type).  In  the 
case  of  p-type  doping  or  low  n-type  doping 
(n<10  cm  )  this  band  is  not  seen  (Fig.  1).  P-type  doped  (B)  6H-SiC  shows  a  band  (iv)  at  730nm 
(1.7eV)  (Fig.  Id  )  which  is  believed  to  be  due  to  a  transition  from  the  valence  band  to  the  acceptor 
level  (Fig.  2)  [5].  For  aluminum  doped  6H-SiC  (Fig.lc  )  an  increase  of  absorption  to  higher 
wavelengths  is  observed  which  probably  peaks  at  above  3pm  (0.4  leV)  and  may  have  the  same 
origin  as  in  the  boron  doped  case. 

Using  monochromatic  light  which  matches  band  (i),  (ii),  (iii)  or  (iv)  absorption  measurements 
enabled  us  to  carry  out  SiC  wafer  mappings  of  the  doping  level  distribution  based  on  calibration 
results  with  Hall  effect  described  in  section  3.  The  matching  wavelengths  for  the  various  bands  of 
4H-  and  6H-SiC  are  listed  in  table  1. 


values  at 
300K 

n-type 
6H  SiC 

p-type  (Al) 
6H-SiC 

n-type 

4H- 

SiC 

p-type  (B) 
6H-SiC 

band  (i) 

band  (ii) 

(450nm) 

B 

■ 

band  (iii) 

630nm 

- 

460nm 

: 

band  (iv) 

- 

(>3pm) 

- 

730nm 

Table  1:  Fundamental  absorption  bands  and  matching 
wavelengths  for  wafer  mapping. 
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3.  Evaluation  of  doping  levels  and  wafer  mapping 

The  band  edge  related  absorption  can  be  calculated  by  taking  into  account  a)  the  density  of  initial 
states  Dvb  and  final  states  Dcb ,  b)  the  occupation  of  the  initial  and  final  states  regulated  by  the  Fermi- 
function  and  c)  the  transition  matrix  element  [11].  The  latter  is  assumed  to  be  constant  in  the  EM  A 
(effective  mass)  approximation.  The  transition  from  the  valence  band  to  the  conduction  band  is 
governed  by  phonons  because  of  the  indirect  band  structure  of  SiC.  Therefore  the  optical  absorption 
Abs(E)  is  given  by: 


Abs(E)  =  const.  ■  J  dE'Dch  (£'  +  £)■(!- fch  (£*  +  E,T))- DJE')fJE\T) 


2.8  3.0  3.2  3.4 

Eg(eV) 


Fig  2:  Numerical  calculation  of  the  charge  carrier 
concentration  dependent  band  gap 


The  integration  over  E*  in  equation  (1)  takes  into 
account  various  transitions  which  are  possible  at  a 
given  energy  E.  In  the  case  of  doped  SiC  the  density 
of  states  function  has  to  be  modified  due  to  band 
shrinkage  and  band  tailing  using  methods  derived  in 
[7,8,11].  In  the  effective  mass  approximation  the 
band  gap  related  absorption  (i)  is  proportional  to  E2 
and  the  Abs(E)I/2  plot  is  linear.  Therefore  the 
extrapolation  of  the  Abs(E)in  to  zero  value  yields  the 
charge  carrier  concentration  dependent  band  gap 
Eg(n)  which  “shrinks”  by  increasing  charge  carrier 
concentration.  In  Fig.  2  the  dependence  of  the  band 


gap  on  the  doping  concentration  for  n-  and  p-type 
4H-  and  6H-SiC  is  calculated  [11].  This  allows  us  to 
determine  the  charge  carrier  concentration  from 
band  edge  related  absorption  measurements. 

Two  methods  for  wafer  mapping  i.e.  spatial 
determination  of  charge  carrier  concentration  are 
applicable  [10,1 1]: 

Method  1 

Unlike  the  above  described  evaluation  of  doping 
concentration  the  absolute  absorption  at  the  band 
gap  Eg(n=0)  is  used  to  calculate  the  charge  carrier 
concentration.  Considering  band  tailing  effects  as 
described  in  [4,11]  is  obligatory.  A  calibration  plot 
i.e.  absorption  coefficient  at  the  matching 
wavelength  versus  charge  carrier  concentration  of  p- 
type  (Al)  6H-S1C  is  shown  in  Fig.  3.  An  example  is 
shown  in  Fig.  4a  where  an  axial  cut  of  a  p-type  (Al) 
6H-SiC  crystal  grown  in  a  so  called  double  seed 
experiment  is  shown.  A  higher  doping  incorporation 
is  observed  in  the  crystal  part  grown  on  the  Si-face 
oriented  seed. 


p(1*10 15cm°  )  Method  2 


Fig  3:  Experimental  calibration  plots  of  absorption  ™S  method  is  based  on  the  below  band  gap 
versus  charge  carrier  concentration  for  a)  p-type(Al)  absorption  bands  (iii)  in  n-type  SiC  and  (iv)  tor  p- 
6H-SiC,  b)  n-type  (N)  4H-SiC  and  c)  p-type(B)  6H-  type  (B)  6H-SiC.  Experimental  calibration  curves 
SiC  were  generated  by  plotting  the  absorption  coefficient 

at  the  transition  (iii)  or  (iv)  versus  the  charge  carrier 
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concentration  determined  by  Hall  measurements  (Fig.  3b,  c).  A  linear  relationship  between  the 
absorption  level  and  the  charge  carrier  concentration  is  found.  It  should  be  pointed  out  that  for 
doping  levels  below  about  1017cm3  no  absorption  band  (iii)  is  present  in  the  experimental  spectra. 
Therefore,  n=1017cm3  in  n-type  (N)  SiC  is  the  lower  limit  for  doping  level  determination  using 
method  2.  In  Fig.  4b  and  4c  two  absorption  mappings  of  low  defect  wafers  of  n-type  (N)  4H-SiC 
and  p-type  (B)  6H-SiC  are  shown.  Note  that  in  both  cases  a  high  doped  facet  is  clearly  visible.  The 
charge  carrier  concentration  in  the  4H-SiC  wafer  is  extremely  homogeneous.  Whereas  the  main  part 
of  the  boron  doped  wafer  show  a  rather  good  homogeneity.  Non-uniformities  are  present  at  the 
transition  to  the  facetted  area. 


Fig.  4:  Absorption  Mappings  of  a)  axial  cut  of  p-type  (Al)  6H-SiC  (double  seed)  at  410nm,  b)  n-type  (N)  4H-SiC  wafer 
at  460nm,  c)  p-type  (B)  6H-SiC  at  730nm 


4.  Summary 

In  this  paper  we  investigated  the  fundamental  absorption  bands  in  n-type  (N)  and  p-type  (Al,  B) 
4H-  and  6H-SiC.  The  band  gap  related  absorption  was  calculated  in  order  to  determine  the  charge 
carrier  concentration.  An  optical  wafer  mapping  method  for  the  determination  of  spatial  charge 
carrier  concentration  distribution  was  introduced.  The  method  was  employed  for  n-type  (N)  4H-  and 
6H-SiC3and  p-type  (Al  and  B)  6H-SiC.  It  is  applicable  for  doping  concentrations  in  the  range  of 
10  cm'  up  to  1020cm'3  in  both  n-  and  p-type  4H-  and  6H-  SiC  (see  also  [10,1 1]).  The  method  can 
also  be  used  for  other  polytypes  like  3C  or  15R  if  the  corresponding  dopant  correlated  absorption 
bands  (not  discussed  in  this  paper)  are  evaluated. 
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Abstract.  6H-  and  15R-SiC  crystals  were  enriched  by  13C  during  the  sublimation  growth  in  a 
modified  Lely  furnace.  Furthermore,  a  13C  enriched  6H-SiC  sample  was  implanted  with  helium  to 
generate  the  Di-defect.  The  samples  have  been  investigated  by  low  temperature  photoluminescence 
(LTPL).  The  helium  implanted  samples  were  additionally  studied  by  photoluminescence  (PL)  at 
temperatures  up  to  59  K.  We  report  on  an  isotopic  effect  in  6H-  and  15R-SiC  on  the  momentum- 
conserving  optical  phonon  lines  of  the  exciton  recombination  as  well  as  on  the  zero  phonon  exciton 
recombination  lines.  We  estimate  a  shift  to  higher  energy  of  the  zero-phonon  bound  exciton  lines  of 
a  6H-SiC  crystal  with  pure  I3C  by  2.19  meV  for  nitrogen  and  0.85  meV  for  titanium  relative  to  a 
sample  with  natural  isotopic  composition. 

Introduction 

The  atomic  isotope  composition  of  crystals  strongly  influence  the  electronic  and  vibrational 
properties  of  semiconductors  and,  therefore,  are  a  subject  of  current  investigations  for  different 
semiconductor  materials.  Most  papers  are  dealing  with  elemental  semiconductors,  like  germanium 
(Ge)  and  diamond  [1,2].  The  semiconductor  with  the  largest  isotopic  mass  spread  is  Ge  [70Ge,  73Ge, 
74Ge,  76Ge].  Investigations  of  compound  semiconductors,  especially  SiC,  are  published  by  Widulle 
et  al.  [3].  SiC  is  an  indirect  semiconductor;  the  optical  spectra  cover  different  electronic  and 
vibronic  processes  and  show  the  influence  of  the  isotopic  composition  on  the  different  optical 
transitions  [4,  5].  In  [3],  the  isotopic  composition  of  SiC  varied  between  natural  Si  (92.2%  28Si- 
atoms)  and  30Si.  In  contrast,  we  substituted  I2C  by  13C  due  to  the  larger  relative  mass  difference. 

We  have  measured  the  photoluminescence  emission  spectra  of  6H-and  15R-SiC  samples,  with 
different  ratios  of  the  I3C  to  12C  concentration,  at  low  temperature  (1.9  K).  The  emission  spectrum 
correlated  to  the  Drdefect  of  a  13C  enriched  6H-SiC  sample  was  measured  by  PL  up  to  59  K  to 
observe  both  the  zero-phonon  low  temperature  lines  (L-lines)  and  the  high  temperature  lines  (H- 
lines),  as  reported  for  6H-SiC  with  natural  isotopic  composition  by  Patrick  et  al.  [6]. 

Experimental 

The  investigated  6H-  and  15R-SiC  crystals  have  been  grown  by  the  modified  Lely  method  [7]  using 
a  mixture  of  99%  pure  13C  powder  and  natural  silicon  powder  (msi  =  28.09  u)  as  source  material  in 
a  graphite  crucible.  The  seed  crystals  showed  a  natural  isotopic  composition.  Both  polytypes  were 
grown  simultaneously  utilizing  the  dual-seed-method  [8].  Reference  samples  have  been  grown 
under  identical  conditions  using  a  conventional  SiC  powder  source.  The  grown  samples  are  nitrogen 
doped.  In  order  to  generate  the  Di-defect,  6H-SiC  samples  were  implanted  with  helium-ions  (box¬ 
shaped  profile  of  1  pm  in  depth)  resulting  in  a  mean  vacancy  concentration  of  2x10 17  cm'3 
(calculated  by  TRIM_C).  The  samples  were  annealed  at  1400°C  for  30  min. 

The  LTPL-measurements  at  1 .9  K  are  conducted  in  a  bath  cryostat  containing  superfluid  helium. 
For  measurements  at  higher  temperature  the  cryostat  is  cooled  with  helium  gas.  The  samples  were 
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excited  by  a  40  mW  He-Cd  laser  (X  =  325  nm),  the  helium  implanted  samples  by  a  50  mW  SHG 
laser  (X  =  257  nm).  The  luminescence  is  spectrally  resolved  by  a  0.75  m  Czemy-Tumer- 
monochromator  (Spex  1700-III)  with  a  1200/mm  grating  blazed  at  5000  A  and  slit  widths  of  50  pm 
and  25  pm  resulting  in  a  resolution  of  about  0.4  meV  and  0.2  meV,  respectively.  A  S20 
photomultiplier  tube  operating  in  photon-counting  mode  is  used  as  detector.  To  control  for  an 
absolute  shift  of  the  spectra  due  to  the  experimental  setup,  a  reference  sample  of  natural  isotopic 
composition  has  been  measured  simultaneously. 

Results  and  Discussion 

6H-SiC 

We  have  demonstrated  [5]  that  the  optical  phonon  replica  of  the  nitrogen-  (N-)  bound  exciton 
emission  in  the  LTPL  spectra  of  13C  enriched  samples  show  a  shift  to  lower  energy  relative  to  the 
corresponding  zero  phonon  lines.  In  contrast,  the  acoustic  phonon  replica  don't  show  that  shift. 

The  C  concentration  x  has  been  determined  from  the  energy  of  the  TO(0)  mode  in  Raman 
spectroscopy  [4]  utilizing  the  indirect  proportionality  of  the  energy  to  the  reduced  mass  ft  with: 

p  =  (l/mc -t-l/msi)"1  and  Ero(o)2  “c  ft  1  (1) 

where  mc  is  the  average  mass  of  carbon  atoms  in  a  mixture  of  12C  and  l3C  (13CX  l2Ci.x): 

mc  =(12+x)-atomic  units  (2) 

Identically,  we  calculated  the  isotopic  composition  x  from  the  shift  of  the  TO-phonon  replica  of 
the  N-bound  exciton  emission  lines  P95,  P96,  and  RS95/96  relative  to  the  zero  phonon  lines.  We  obtain 
a  concentration  x  of  3C  up  to  0.82  ±  0.16  (see  Fig.  1).  However,  our  values  are  about  0.15  higher  as 
determined  by  Raman  spectroscopy. 

As  reported  in  [5],  we  also  observe  a  shift  AEN  and  AETi  of  the  zero  phonon  lines  related  to  the 
recombination  of  excitons  bound  to  nitrogen  and  titanium,  respectively.  Fig.  1  displays  the 
dependence  of  the  energy  shift  of  the  zero  phonon  lines  on  the  13C  concentration  x  calculated  as 
stated  above.  By  performing  a  linear  fit  we  achieve  AEN  =  2.19  x  and  AETj  =  0.85  x. 

The  Di-defect  induced  by  helium  implantation  has  been  investigated  at  a  sample  with  a  mean  13C 
concentration  of  about  65%.  We  measured  PL  spectra  in  the  temperature  range  from  1.9  K  to  59  K. 
Fig.  2  shows  spectra  taken  at  37  K  of  both  the  l3C  enriched  sample  and  a  reference  sample  with 

25  ji  .  - ; - r  2.5  natural  isotopic  composition.  The  low 

□  nitrogen  6H-SiC  temperature  (Li  to  L3)  and  the  high 

2.0  [  *  titanium  1/:  2.0  temperature  (Hi  to  H3)  zero  phonon  lines 

^  1 1  t/<d- - h  are  visible  together  with  the  phonon 

®  15  ;  ‘T - 15  replica  of  Hj  (LA,  TO,  LO).  The 

“  ,  1  xlf  T  superscript  “loc”  denotes  replica  of  the 

<  10  ■  i  I _ 10  particular  lines  where  a  localized  mode  is 

n  j.  3)  |  — -  j  ~  involved  in  the  recombination  process. 

1  0.5  The  energy  shift  of  the  zero  phonon  lines 

n  n  -  b)  1  related  to  the  Drdefect  of  the  l3C 

'  n7  77  77  77  77  7  0  °  enriched  sample  is  overall  0.8  meV 

1,0  relative  to  the  reference  sample  (see  Fig. 

,3C-concentration  x  2).  This  shift  is  similar  to  the  shift  of  the 

Fig  1:  Energy  shift  AE  of  the  zero  phonon  lines  of  tkani"ra  reIated  zero  Phonon  lines  but 
excitons  bound  to  nitrogen  a)  and  titanium  b)  as  a  S12mflcantly  smaller  than  the  nitrogen 
function  of  the  l3C  concentration  (calculated  fi-nm  on?  related  ones  (Fig.  1,  [5]).  The  local 
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Fig  1:  Energy  shift  AE  of  the  zero  phonon  lines  oj 
excitons  bound  to  nitrogen  a)  and  titanium  b)  as  a 


function  of  the  13 C  concentration  (calculated  from  eqs  reIated  ones  (Flg- [5D-  The  local 
(1)  and  (2)).  modes  (energy  of  about  82.5  meV)  of  the 


zero  phonon  replica  of  the  H-  and  L-lines 
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Energy  [eV] 


Tab.  1:  Energy  of  the  vibrational  and 


470  480  490 

Wavelength  [nm] 


localized  modes  (difference  between 
zero  phonon  lines  and  phonon  replica) 
in  the  Dj-defect  related  emission  of  a 
13C  enriched  6H-SiC  sample  and  a 


Fig.  2:  PL  spectra  of  He-implanted  samples  (6H-SiC )  at 
a  temperature  of  37  K  (natural  reference  and  the  13 C 
enriched  sample ).  Lj  to  L3  are  the  low  temperature  and 
Hi  to  H3  the  high  temperature  zero  phonon  lines  due  to 
the  Drdefect.  LA,  TO,  and  LO  denotes  the  phonon  replica 
of  Hh  Replica  denoted  with  the  superscript  " loc  ”  involve 
localized  vibrational  modes  in  the  recombination  process. 


show  no  energy  shift  (see  Tab.  1)  and 
no  splitting,  in  contrast  to  the  local 
mode  of  titanium  with  an  energy  of 
90  meV  (see  [5]).  An  exponential  fit  of 
the  intensity  ratio 

H;  /  Li  =Cie_Ei/kT  i=l,2,3  (3) 


as  a  function  of  temperature  shows  no  significant  difference  between  the  reference  sample  and  the 
13C  enriched  sample  (i.e.  activation  energy  Ej  is  identical).  The  acoustic  phonons  show  no  energy 
shift  (see  Tab.  1:  e.g.  zone  edge  LA:  ~77  meV)  in  agreement  with  the  acoustic  phonons  evaluated 
from  the  nitrogen  related  spectra  [5].  However,  the  optical  phonons  shift  to  lower  energies  by  about 
1  meV  (see  Tab.  1),  similar  to  the  phonons  in  the  nitrogen  related  spectra  (~  1.5  meV)  [5].  The  LO 
phonon  rbplica  of  the  Hi-line  can  not  be  resolved  sufficiently  due  to  the  interference  with  replica  of 
further  Dj  related  zero  phonon  lines.  Therefore,  a  shift  of  the  LO-replica  in  the  13C  enriched  sample 
can  only  be  observed  by  the  broadening  of  the  LO-spectrum  relative  to  the  reference  sample 
(Fig.  2).  In  general,  the  vibrational  replica  of  the  lines  due  to  the  Di-defect  of  the  13C  enriched 
sample  show  a  lower  intensity  than  the  corresponding  lines  of  the  reference  sample  (see  peaks  at 
483.8  nm,  484.6  nm  and  488.7  nm  in  reference  spectrum  of  Fig.  2). 


15R-SiC 

Fig.  3  shows  LTPL  spectra  of  a  13C  enriched  15R-SiC  sample  and  the  15R-SiC  reference  sample. 
The  mean  shift  of  the  nitrogen  related  zero  phonon  exciton  recombination  lines  (P0,  Qo,  Ro,  S0)  of 
the  13C  enriched  sample  is  1.5  meV  (the  simultaneously  grown  6H-SiC  sample  showed  a  shift  of 
1.7  meV  [5]).  The  titanium  related  zero  phonon  lines  (e.g.  A0)  of  the  15R  polytype  shift  to  higher 
energy  by  0.9  meV  similarly  to  6H-SiC  (0.8  meV)  [5].  The  energy  of  the  phonons  contributing  to 
the  replica  of  the  nitrogen-bound  exciton  recombination  lines  of  the  13C  enriched  15R-SiC  sample 
and  the  15R-SiC  reference  sample  is  listed  in  Tab.  2.  The  acoustic  phonons  of  both  samples  have  an 
identical  energy.  However,  the  energy  of  the  optical  phonons  differ  significantly.  The  C 
concentration  x  calculated  by  Eq.  (1)  and  (2)  from  the  energy  shift  of  the  TO-phonons  is  higher  in 
the  15R-SiC  sample  (x]5R  -0.96)  than  in  the  corresponding  6H-SiC  sample  (x6H  -0.82). 
Nevertheless,  the  error  for  the  calculation  is  0.16. 
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Fig.  3:  LTPL  spectra  of  J5R-SiC  enriched  by  13 C  and 
a  15R-SiC  reference  sample  with  natural  isotopic 
composition. 


Conclusion 

The  LTPL  spectra  of  15R-  and  6H-SiC 
crystals  behave  similar  when  substituting 
I2C-atoms  by  13C-atoms.  The  recombination 
of  bound  excitons  without  phonon  contri¬ 
bution  could  be  separated  in  two  different 
recombination  processes.  The  first  type  is  a 
radiative  recombination  at  the  neutral  nitro¬ 
gen  impurity  [9,  10]  which  is  determined  by 
the  shift  of  the  energy  gap  due  to  the 
isotopic  composition  [5,  11].  The  second 
type  is  a  strongly  localized  transition  at  an 
impurity  like  titanium  and  at  the  Di-defect. 
Latter  shows  the  same  energy  shift  as  the 
titanium  related  transition  (as  measured  on 
6H-SiC).  However,  the  localized  mode  of 


Tab.  2:  Phonon  energy  in  meV  of  the  ,3C  enriched  the  D'-defect  shows  no  splitting  when 
15R-SiC  sample  (*3C)  and  the  15R-SiC  reference  Partially  substituting  C  by  C  in  contrast 
sample  with  natural  isotopic  composition  (,2C).  dle  l°cabzed  mode  of  titanium.  The 

Dj-defect  related  phonon  replica  behave  like 

I3C  I2r  I3r  I2r  I3r  I2p  I3p  i2p  the  nitroSen  related  phonon  replica,  where 

- _ - _ - _ _ _ _ u  c  the  optic-phonon  replica  show  a  smaller 

39.6  39.9  75.3  75.5  92.1  94.6  100.8  103.3  shift  than  the  zero  phonon  lines.  We  have 

45.7  45.8  77.6  77.4  104.8  106.7  evaluated  the  energy  shift  of  the  zero 

— —  —  phonon  lines  of  nitrogen  and  titanium 

related  emission  in  6H-SiC  as  a  function  of  the  13C  concentration. 
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Abstract  The  paper  presents  a  study  of  the  low-temperature  photoconductivity  of  6H-SiC.  The 
photocurrent  at  the  absorption  edge  is  assigned  to  Auger  recombination  of  excitons  captured  to 
impurities.  This  is  shown  to  saturate  and  decrease  with  increasing  the  photon  energy,  so  the  further 
increase  in  the  photocurrent,  observed  in  the  purest  sample,  can  be  attributed  to  free  excitons 
created  in  non-bound  states  in  the  exciton  continuum.  Thus,  the  exciton  binding  energy  can  be 
estimated,  Ebx  ~  60  ±  5  meV  in  6H-SiC. 

Introduction  The  excitonic  bandgap  Ex,  i.e.  the  lowest  energy  of  the  intrinsic  free  exciton  (FE),  is 
known  for  many  SiC  polytypes.  However,  the  values  reported  so  far  for  the  binding  energy  Ebx  of 
the  FE  is  not  reliable  for  any  of  the  polytypes  (see  [1]  for  a  review).  Consequently,  the  energy 
position  of  the  conduction  band  Eg  =  Ex+Ebx  remains  unknown.  The  main  difficulty  in  determining 
Ebx  in  indirect  semiconductors  by  optical  techniques  arises  from  the  fact,  that  the  fundamental 
absorption  edge  is  due  to  the  onset  of  phonon-assisted  exciton  creation.  It  is  continuous  versus  the 
incident  light  energy  because  phonons  of  various  wavevectors  are  involved  to  create  excitons  of 
various  wavevectors  and  energy  [2].  This  absorption  creates  a  huge  background  which  obscures  the 
weak  step-like  features  expected  from  the  absorption  into  higher  excitonic  bands.  There  exist 
modulation  techniques  like  the  electroabsorption  [3],  or  the  wavelength  modulation  spectroscopy 
[4],  which  help  to  get  rid  of  the  background  absorption  to  a  large  extent,  yet  the  assignment  of  some 
peaks  observed  by  these  methods  is  rather  ambiguous.  The  electroabsorption  technique  has  been 
used  so  far  to  determine  the  reported  values  of  Ebx  for  6H-  and  4H-SiC  (78  meV  and  20  meV, 
respectively)  [3,5]. 

This  study  presents  the  low  temperature  photoconductivity  (PC)  spectra  of  6H-SiC.  The 
spectra  of  the  purest  sample  allow  us  to  distinguish  the  extrinsic  photocurrent  (due  to  residual 
impurities)  from  the  intrinsic  (due  to  free  excitons  excited  in  the  exciton  continuum),  and  attribute 
step-like  features  in  the  intrinsic  photocurrent  to  phonon-assisted  generation  of  free  carriers  (non¬ 
bound  electron-hole  pairs,  or  excitons  excited  in  the  exciton  continuum).  Thus  an  estimate  of  Ebx  for 
6H-SiC  is  obtained.  A  simple  model  is  presented  in  order  to  illustrate  the  mechanism  of  saturation 
of  the  extrinsic  photocurrent. 

Theoretical  background  In  a  perfect  crystal,  one  would  expect  that  the  FEs,  being  electrically 
neutral,  would  not  contribute  to  the  photocurrent,  unless  they  are  excited  into  the  continuum  of  non¬ 
bound  states  (above  the  edge  of  the  conduction  band).  In  this  latter  case,  there  exists  a  probability 
that  the  electron  and  hole  excited  by  light  will  be  separated  away  in  externally  applied  electric  field 
before  they  relax  to  a  lower  state,  or  recombine.  They  will  thus  contribute  to  the  photocurrent.  The 
conduction  band  edge  (the  exciton  continuum)  would  be  indicated  by  a  sharp  increase  in  the 
photocurrent,  as  soon  as  the  energy  of  the  exciting  light  minus  the  lowest  energy  (hQ)  of  a  lattice 
phonon  needed  to  conserve  the  momentum  is  enough  to  reach  the  bottom  of  the  exciton  continuum. 
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However,  in  a  real  crystal,  FEs  are  very  efficiently  (=rapidly)  captured  to  shallow 
impurities.  The  fastest  recombination  mechanism  for  a  bound  exciton  (BE)  is  by  Auger  process, 
which  produces  free  carriers  (electrons  in  the  case  of  binding  to  donors,  or  holes  in  the  case  of 
acceptors).  Thus  the  FEs  contribute  to  the  photocurrent  by  binding  to  impurities,  and  in  a  real 
crystal  the  sharp  increase  in  the  photocurrent  occurs  at  the  fundamental  absorption  edge  (i.e.  Ex  + 
hQ).  Since  this  photocurrent  is  due  to  impurities,  we  shall  call  it  “extrinsic”  in  order  to  distinguish 
it  from  the  “intrinsic”  photocurrent  arising  from  free  excitons  created  in  the  exciton  continuum.  In 
the  sample  with  lowest  doping  (|ND-NA|  =  1013  cm'3),  we  have  observed  saturation  followed  by  a 
decrease  of  the  extrinsic  photocurrent  when  increasing  the  incident  light  energy.  The  photocurrent 
saturation  can  be  viewed  as  a  consequence  of  the  saturation  of  the  mechanism:  capturing  of  FE  by 
impurity  =>  Auger  recombination,  and  the  following  decrease  is  due  to  the  decrease  of  the 
penetration  depth  of  the  incident  light. 

In  order  to  show  that  the  extrinsic  photocurrent  saturates  and  then  decreases  with  increasing 
absorption  when  the  incident  light  energy  increases,  we  introduce  a  simple  model.  It  takes  into 
account  the  presence  of  only  one  capturing  impurity  (say,  shallow  nitrogen  donors)  of  homogeneous 
concentration  Nn.  The  donor  can  exist  in  three  states,  namely,  ionized  (N+(x)),  neutral  (N°(x)),  and 
neutral  with  a  bound  exciton  (Nox(x)).  The  values  in  brackets  denote  the  concentration  of  donors  in 
each  state  in  equilibrium  at  steady  illumination  and  at  depth  x  below  the  surface  of  the  sample. 
Obviously,  N  (x)  +  N  (x)  +  N  (x)  =  Nn.  Furthermore,  ionized  donors  are  created  by  Auger 
recombination  of  excitons  bound  to  neutral  donors,  and  this  also  creates  free  electrons  of 
concentration  e(x)  =  N+(x),  which  expresses  the  electroneutrality  condition,  as  well.  The  incident 
light  energy  is  supposed  to  lie  below  the  excitonic  continuum,  so  only  the  extrinsic 
photoconductivity  will  be  investigated,  and  the  photocurrent  is  assumed  to  be  proportional  to  the 

integral  J  —  J^e(x)dx .  Here  d  is  the  sample  thickness.  The  following  system  of  coupled  equations 

describes  the  dynamics  of  the  free  excitons  +  donors  ensemble  (all  derivatives  vanish  in 
equilibrium): 

—~1  =  S  N+  (x)e(x)  +  p  Nox  (x)-k*  N°(x)Nex  (x)  =  0, 
dN0X  tx'l 

=  *  N°(x)Nex  (x)  -Q3  +  y)N0X (x)  =  0,  (1) 

~^-  =  r  Nox(x)-£  N*(x)e(x)=  0, 

N*(x)  +  N°(x)  +  N°x(x)  =  Nn,  and  e(x)  =  N"(x). 

Here  Nex(x)  is  the  FE-concentration,  8  is  the  rate  of  capture  of  electrons  by  an  ionized  donor 
per  unit  electron  concentration,  p  and  y  are  the  rates  of  radiative  and  Auger  recombination, 
respectively,  of  the  BEs,  k  is  the  rate  of  capture  of  FEs  by  a  neutral  donor  per  unit  FE- 
concentration.  The  units  for  8  and  k  are  cmV1,  and  for/?  and  y  just  s'1.  The  following  equation, 

describing  the  generation  of  FEs  by  light  completes  the  system: 

t/N  (x) 

— ^ —  =  Aa(E)exp(-a(E)-x)-fc  N°(x)Nex(x)-Nex(x)/r0  =0.  (2) 

Here  r0  is  the  FE  radiative  lifetime,  a(E)  is  the  absorption  coefficient  dependant  on  the 
energy  E  of  the  incident  light,  A  is  a  coefficient  proportional  to  the  incident  photon  flux  density, 
assumed  to  be  a  constant.  Eqs.  1  and  2  can  be  solved  numerically,  and  the  solutions  for  various  x 
are  then  used  to  calculate  the  integral  J  proportional  in  our  approximation  to  the  photocurrent  for 
each  fixed  value  of  a(E) .  Our  purpose  is  to  show  that  the  dependence  of  the  integral  J (E)  has  a 
maximum  (saturation  followed  by  decrease),  provided  the  "absorption"  function  a{E)  is 
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Fig.  1 .  Variation  of  the  photocurent  with  the  "doping" 
parameter  n,  according  to  the  model. 


shift  of  the  maximum  to  lower  energies  with 
saturation  occurs  at  lower  value  of  a(E)  when  Nn 


monotonically  growing  with  E.  In  this  study, 
the  "absorption"  function  a(E)  is  taken 
simply  proportional  to  E ,  the  other  constants 
are  reduced  by  making  the  equations 
dimensionless,  and  chosen  quite  arbitrarily 
(see  Fig.l),  which  however  does  not  affect  our 
qualitative  results.  Accurate  values  and  more 
advanced  model  would  be  needed  if 
quantitative  estimations  are  to  be  made. 

Fig.  1  shows  the  result  for  the 
numerical  solution  for  the  integral  J,  for  two 
values  of  the  "doping  concentration"  parameter 
n  =  (2S  ly  )Nn  =  0.1,  and  n  -  10.  As  expected, 
the  integral  proportional  to  the  photocurrent 
saturates,  then  decreases  with  the  increase  of 
a(E).  The  figures  illustrates  also  a  trend  of 
decreasing  doping  concentration  (because  the 
s  lower). 


Experimental  results  and  discussion  The  two  samples  presented  here  are  CVD  (or  HTCVD) 
grown  6H  epilayers  with  the  substrate  etched  away.  The  residual  net  doping  concentrations  are  in 

the  low  1014  cm'3  range  for  sample  #1,  and 
Wavelength  (A)  low  1013  cm'3  range  for  sample  #2.  The 


4100  4050  4000  3950  3900  3850  3800 


3050  3100  3150  3200  3250 


Photon  Energy  (meV) 

Fig.2.  Photoconductivity  spectra  (top)  and  their  deriva¬ 
tives  (bottom)  for  samples  #1  and  #2,  as  denoted  on  the 
curves.  The  Y-axis  units  are  arbitrary  linear,  the  zero  is 


spectra  were  obtained  with  a  xenon  lamp 
passed  through  the  first  half  of  a  double 
SPEX  1404  monochromator.  The  samples 
were  cooled  down  to  2K.  Annealed  and 
unannealed  Ni  contacts  were  used.  Higher 
doped  bulk  samples  were  measured,  too, 
though  not  presented  here  because  of  the 
overwhelming  behavior  of  the  extrinsic 
photocurrent. 

Fig.  2  shows  the  PC  spectra  of  both 
samples  obtained  with  nearly  constant 
illumination  of  »50  ^W/cm2,  as  well  as 
their  numerical  first  derivatives.  The 
spectrum  of  the  higher  doped  sample  (#la) 
exhibits  a  continuously  growing 
photocurrent,  with  features  characteristic 
for  absorption  spectrum,  i.e.  step-like 
increase  of  the  photocurrent  at  energies 
equal  to  Ex  plus  the  well  known  (from  the 
photoluminescence  and  absorption) 
energies  of  the  main  phonons  at  the  edge  of 
the  Brillouin  zone,  where  the  minima  of  the 
conduction  and  exciton  bands  occur.  The 
spectrum  is  therefore  dominated  by  the 
extrinsic  photocurrent,  at  least  in  the  low- 
energy  part.  On  the  other  hand,  the 


denoted  for  each  curve. 


spectrum  of  the  low  doped  sample  (#2a) 
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exhibits  saturation  of  the  extrinsic  photocurrent  at  energy  «3070  meV,  followed  by  decrease,  as 
explained  by  the  above  model.  A  new  increase  of  the  photocurrent  at  higher  energies  can  be 
anticipated,  due  to  phonon  assisted  creation  of  excitons  by  light  in  the  exciton  continuum.  This 
occurs  at  approximately  3119  +  5  meV.  If  we  admit  that  this  energy  corresponds  to  Eg  +  36  meV 
(the  lowest  energy  phonon),  then  further  step-like  increase  will  be  expected  at  energies  Eg  +  46 
meV  «  3 129  ±  5  meV,  and  Eg  +  76  meV  «  3 1 59  ±  5  meV,  corresponding  to  the  “strongest*4  assisting  ! 
phonons.  These  are  pointed  out  with  bold  arrows  in  the  spectrum  (#2a).  I 

The  structure  of  the  spectra  is  revealed  better  by  considering  their  first  derivatives  (curves  , 
#lb  and  #2b).  The  "main  phonons"  assisting  the  light  absorption  give  rise  to  three  peaks  in  the 
derivative  of  the  photocurrent  of  higher  doped  sample  #1  (marked  with  arrows  in  fig.2,  curve  #lb). 
These  are  not  observed  in  curve  #2b  because  of  the  saturation.  However,  three  other  peaks  with  the 
same  separation,  and  with  similar  amplitude  relations  between  them  are  observed  at  60  meV  above 
the  former  peaks.  These  are  marked  with  bold  arrows  in  curve  #2b.  It  is  then  natural  to  assign  them 
to  phonon-assisted  creation  of  excitons  in  the  exciton  continuum  (the  conduction  band).  Moreover, 
these  peaks  can  also  be  seen  in  curve  #lb  for  the  higher-doped  sample  (pointed  also  with  bold 
arrows),  but  their  overall  contribution  to  the  spectrum  is  much  weaker,  in  agreement  with  our 
conclusion  that  the  PC-spectrum  of  sample  #1  is  dominated  by  the  extrinsic  photocurrent.  Thus  one 
can  deduce  that  the  features  marked  with  thin  arrows  in  Fig.2,  curve  # lb  are  due  to  the  extrinsic 
photocurrent,  whereas  the  features  marked  with  bold  arrows  arise  from  the  intrinsic  photocurrent, 
and  these  two  contributions  in  the  total  photocurrent  can  be  distinguished  by  comparing  the  spectra 
shown  in  Fig.2. 

Within  this  picture,  the  binding  energy  for  the  free  excitons  in  6H-SiC  follows  to  be  Ebx  =  60 
±  5  meV.  Thus,  the  reported  value  of  78  meV  [3]  seems  to  be  overestimated.  So  far,  the  accuracy  of 
our  experiment  is  limited  by  the  linewidth  of  the  used  light  source  (Xe  lamp  and  monochromator), 
which  is  about  5.5  A  with  1  mm  slits.  It  is  worth  to  compare  the  value  Ebx  ~  60  meV  with  a  value 
obtained  by  a  simple  isotropic  hydrogen  model.  Even  though  the  model  is  not  applicable  for 
anisotropic  crystals  because  of  the  anisotropy  of  the  electron  and  hole  effective  masses,  an  estimate 
can  be  obtained  by  taking  an  average  effective  mass  for  the  electron  and  hole  as 

me  =(meMrmeMK-nieML)I/3  and  mh*=  (mhnc  •mj±e)1>3,  respectively.  Here  meMr,  meMK  and  meML  are 
the  main  components  of  the  electron  effective  mass  tensor,  and  mhllc,  mlllcare  the  two  hole 
effective  masses.  Since  these  have  been  both  measured  [6]  and  calculated  [7]  for  6H-SiC,  one 
obtains  for  the  effective  mass  of  the  FE  mFE  =  (l/me*+  1/mh*)'1  =  0.4  electron  masses,  and  Ebx  »  54 
meV,  which  is  surprisingly  close  to  our  experimental  value. 
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Abstract  SiC  layers  were  grown  on  hexagonal  (or  a-)SiC(OOOl)  by  means  of  solid-source  mole¬ 
cular  beam  epitaxy.  The  layers  were  investigated  by  photoluminescence  at  4.2  K.  The  dominant  e- 
mission  lines  in  the  spectra  for  all  polytypes  were  attributed  to  the  recombination  of  bound  excitons 
at  a  D  i -center.  The  intensity  of  the  centre  lines  was  found  to  increase  for  layers  of  higher  perfection 
and  doped  by  boron,  resp..  No  influence  was  found  regarding  a  change  of  the  chemical  potential 
from  more  carbon-rich  to  Si-rich  conditions.  A  shift  of  2  meV  to  lower  energies  of  the  Dj-center 
lines  connected  with  a  decrease  in  intensity  was  detected  for  3C-SiC  layers  of  high  twin-boundaries 
density.  The  obtained  results  support  the  earlier  interpretation  of  the  nature  of  the  Di -center  to  be 
result  from  a  carbon-divacancy.  The  spectrum  of  intentionally  boron-doped  samples  exhibits  the 
characteristic  signature  of  the  shallow  boron-related  neutral  four  particle  bound  exciton  complex. 

INTRODUCTION 

SiC  is  a  wide-band-gap  semiconductor  material  of  great  technological  interest  for  devices  operating 
at  high  temperatures,  high  power,  high  frequency  and  in  harsh  environments.  Especially  epitaxial 
SiC  layers;  with  defined  doping  level  and  of  high  quality;  have  attracted  considerable  interest  in  re¬ 
cent  years  for  application  for  example  in  high-power  devices.  The  life  time  of  the  devices,  however, 
is  strongly  depend  on  the  defect  level  within  the  material.  It  is  therefore  important  to  study  the  na¬ 
ture  of  these  defects  and  the  way  to  influence  its  appearance.  In  this  field,  the  analysis  of  the  low 
temperature  photoluminescence  (LTPL)  is  a  powerful  tool  for  material  characterisation. 

Furthermore,  despite  of  the  fact  that  nowadays  molecular  beam  epitaxy  (MBE)  is  widely  used  for 
semiconductor  epitaxy,  it  is  used  only  to  a  small  extent  for  application  in  SiC  technology  [1-3]  and 
only  some  few  reports  exist  regarding  the  layer  properties  [1,3].  MBE  is  advantageous  for  the  prep¬ 
aration  of  layers  with  definite  properties  because  of  the  controlled  deposition  conditions  within  an 
atomic  layer  range  and  the  clean  growth  conditions  preventing  for  example  the  unintentional  nitro¬ 
gen  doping.  It  can  be  therefore  expected  that  layers  grown  by  MBE  exhibit  properties  somewhat 
different  from  those  of  layers  grown  by  other  methods.  In  this  work,  we  report  about  photolumi¬ 
nescence  investigations  of  SiC  layers  grown  by  solid-source  MBE. 

EXPERIMENTAL  DETAILS 

SiC  layers  were  grown  on  off-axis  a-SiC(OOOl)  (Cree  Research  Inc.)  by  solid-source  MBE  (Riber 
32).  Typical  conditions  for  the  growth  of  the  layers  as  well  as  experimental  details  of  ex  situ  and  in 
situ  preparation  of  the  substrate  surfaces  are  described  extensively  elsewhere[4].  Boron  was  evapo¬ 
rated  from  an  evaporation  source  at  a  temperature  (T)  of  1700  K  with  a  rate  of  about  1019  atoms/s 
cm2.  After  in  situ  preparation  by  sublimation  etching  in  a  Si  flux,  the  surfaces  show  a  well-devel¬ 
oped  step  structure  with  steps  typically  2-6  monolayers  (ML)  in  height  as  revealed  by  atomic  force 
microscopy  (AFM).  PL  measurements  were  performed  at  4.2  K  (liquid  helium)  (LTPL)  with  excita¬ 
tion  with  a  He-Cd  laser  operating  at  a  wavelength  of  325  nm,  with  an  excitation  power  of  2  mW  and 
at  an  angle  of  incident  of  the  laser  beam  tilted  85°  with  respect  to  the  surface  normal. 
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RESULTS 


Fig-1:  AFM  pictures  of  a  4H-SiC  substrate  surface  after  sublimation  etching  (a)  and  of  4H-SiC  layer  grown 
homoepitaxially  on  4H-SiC(0001)  (b). 


Figure  1  shows  the  surface  morphology  of  a  4H-SiC  substrate  after  sublimation  etching  (a)  and  after 
growth  of  a  epitaxial  layer  (b)  via  step-flow  on  off-axis  4H-SiC(0001)  at  1600  K  and  growth  rate  of 
30  nm/h.  The  surface  of  the  layer  is  very  smooth  without  indications  of  significant  step-bunching. 
Doping  by  boron  does  not  influence  the  surface  morphology  significantly,  where  only  some  needle¬ 
like  hillocks  occur.  In  the  case  of  heteroepitaxial  growth  of  3C-SiC  on  a-SiC  double-position 
boundaries  (DPB)  occur  with  domain  size  up  to  some  hundreds  pm. 


Wavelength  (nm)  Wavelength  (nm) 


Photon  energy  (eV)  *  photon  energy  <eV) 

Fig.  2:  LTPL  spectra  (T  =  4.2  K,  HeCd  laser  excitation  at  325  nm,  P  =  2  mW)  of  a  6H-SiC  substrate  (a)  and 
an  undoped  1  pm  thick  6H-SiC  layer  grown  by  solid-source  MBE  on  6H-SiC(0001)  at  1600  K  (b). 


A  typical  LTPL  spectrum  of  a  nitrogen-doped  6H-SiC(0001)  substrate  is  shown  in  Fig.2(a).  The 
spectrum  is  dominated  by  a  broad  band  centred  at  about  2.65  eV  due  to  deeper  luminescence  related 
to  crystal  imperfections.  In  Fig.2  (b)  is  shown  a  spectrum  of  a  undoped  1  pm  thick  6H-SiC  layer 
grown  on  such  6H-SiC(0001)  substrate  at  1600  K  and  a  growth  rate  of  40  nm/h.  In  comparison  to 
the  substrate,  the  spectrum  is  dominated  by  three  strong  lines  (Li-L3)  associated  with  the  so-called 
D i -center  [5]  and  its  phonon  replica.  The  full  width  at  half  maximum  (FWHM)  of  these  lines  is  in 
the  order  of  1-2  meV.  The  strong  intensity  of  the  lines  indicates  a  good  layer  perfection.  Because 
the  penetration  depth  of  the  laser  beam  is  larger  than  the  layer  thickness,  even  at  the  angle  of 
incident  of  5°,  the  spectrum  is  superimposed  by  the  luminescence  of  the  substrate  related  to  defects 
and  the  nitrogen  bound  excitons.  To  check  the  influence  of  the  growth  conditions  to  the  LTPL 
spectrum,  the  chemi-cal  potential  in  the  growth  process  was  shifted  from  more  carbon-rich  to  more 
Si-rich  conditions  by  an  increase  in  Si-supply  by  a  factor  of  two.  In  this  case  the  growth  rate  was 
found  to  increase  slightly  (about  20  %),  however,  there  was  no  influence  regarding  the  LTPL 
spectrum  and,  especially,  the  Di -centre  lines  intensity. 


A  LTPL  spectrum  of  4H-SiC  on  4H-SiC(0001)  doped  by  boron  is  presented  in  Figure  3.  In  the  high 
energy  region  between  3.24  and  3.1  eV,  there  are  seen  lines  associated  with  a  no-phonon  spectrum 
of  the  neutral  boron  acceptor  bound  excitons,  where  the  recombination  can  be  attributed  to  a  four 
particle  complex  (4B0)  [6].  At  2.903  eV  there  occurs  a  strong  line  of  the  zero  phonon  line  of  the  Dr 
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centre  with  a  number  of  phonon  replicas  at  lower  energies.  The  FWHM  is  also  small  with  about  1.5 
meV.  The  intensity  and  the  FWHM  of  the  Lj  line  are  in  the  same  order  of  magnitude  as  obtained  for 
6FI-SiC.  The  LTPL  spectrum  of  undoped  4H-SiC  layers  also  shows  such  a  strong  Di  centre  peak, 
however,  with  a  lower  intensity. 

Wavelength  (nm)  Wavelength  (nm) 


Photon  energy  (eV)  Photon  energy  (eV) 

Fig.3:  LTPL  spectrum  of  a  boron-doped  1.4  pm  thick  4H-SiC  layer  grown  by  solid-source  MBE  on  4H- 
SiC(OOOl)  at  1600  K  (T  =  4.2  K,  HeCd  laser  excitation  at  325  nm,  P  =  2  mW). 


The  Di  centre  was  also  observed  in  case  of  the  heteropolytypic  growth  of  3C-SiC  on  a-SiC(OOOl) 
as  shown  in  Figure  4c, d.  In  this  case,  the  Di  centre  line  appeared  at  1.973  eV,  however,  with  a  much 
lower  intensity  in  comparison  to  4H-  and  6H-SiC.  Moreover,  in  some  samples  with  larger  DPB- 
domain  sizes  (Fig.4(b))  a  blue-shift  of  the  Di  line  of  about  2  meV  was  observed  connected  with  an 
increase  in  luminescence  intensity  (Fig. 4  (d)).  Such  blue-shift  indicates  a  high  amount  of  strain  in 
the  pseudomorphic  grown  layer  [7].  Indeed,  from  XRD  measurements  [8]  a  stress  of  about  0.23 
GPa  has  been  estimated,  for  example,  for  pseudomorphic  grown  3C-SiC  layers  on  6H-SiC(0001). 
Using  the  data  of  Choyke  et  al.  [7],  this  stress  should  result  in  an  energy  shift  in  the  range  of  2  meV, 
which  compares  very  well  to  the  obtained  value  within  the  accuracy  of  the  measurements. 

Photon  energy  (eV) 


700  650  600 

Wavelength  (nm) 

Fig.4:  AFM  pictures  of  1  pm  thick  3C-SiC  layers  grown  on  6H-SiC(0001)  at  1425  K(a)  and  (b)  at  1500  K 
showing  DPB  with  different  sizes;  LTPL  spectra  of  the  layer  grown  at  1425  K  (c)  and  grown  at  1500  K  (d). 

The  reduced  LTPL  intensity  of  the  Dj -centre  line  intensity  of  the  pseudomorphic  grown  3C-layers 
may  be  caused  on  the  one  hand  side  by  the  poorer  layer  quality  due  to  the  formation  of  double¬ 
position  boundaries  as  well  as  the  strain  within  the  layers.  However,  the  influence  of  the  lower 
growth  T  of  1425  -  1500  K  on  the  mechanisms  related  to  the  Dt  centre  formation  can  not  be 
excluded.  However,  this  will  be  a  subject  of  further  investigations. 

Generally,  no  impurity  related  emission  was  observed  in  the  spectra  of  all  MBE-grown  epilayers. 

DISCUSSION 

The  most  dominant  figure  in  the  LTPL  spectra  of  SiC  layers  grown  by  solid-source  MBE  is  the  e- 
mission  from  the  so-called  Di-centre  recombination.  This  is  different  from  the  properties  of  material 


412 


Silicon  Carbide  and  Related  Materials 


grown  by  other  methods,  where  only  sometimes  very  small  peaks  related  to  the  Di -centre  were  ob¬ 
served  in  LTPL  measurements  of  untreated  epitaxial  layers  grown  by  chemical  vapour  deposition 
(CVD)  and  sublimation  [9,10].  First  report  about  these  kind  of  defect  was  already  made  thirty  years 
ago  [5].  In  that  investigation,  radiation  defects  were  introduced  into  cubic  SiC  by  He-ion  implanta¬ 
tion  and  electron  bombardment.  After  this  treatment,  the  LTPL  spectrum  obtained  at  1.5  K  revealed 
a  strong  no-phonon  line  of  a  new  luminescence  centre  (Di)  at  a  peak  position  of  6279.8  A.  The  Di¬ 
centre  was  interpreted  to  be  connected  with  vacancies  introduced  by  the  damage.  However,  the  na¬ 
ture  of  the  Di -centre  is  still  under  discussion.  In  recent  years  the  Dj-related  emission  was  observed 
in  LTPL  spectra  also  for  other  SiC  polytypes  after  ion  implantation  and  a  subsequent  annealing,  and 
after  high-energy  electron  bombardment  [11-14].  Characteristic  features  of  the  corresponding  defect 
are  high  thermal  stability  and  an  unusual  temperature  dependence  of  the  related  emission  line  in  the 
PL  spectrum.  Investigations  of  the  Di-centre  emission  in  4H-SiC  were  interpreted  by  exciton  recom¬ 
bination  at  an  isoelectronic  centre,  where  one  of  the  particle  of  the  exciton  is  weakly  bound,  where¬ 
as  the  other  is  more  tightly  bound  [13].  Therefore,  the  sharpness  of  the  Di  line  should  be  a  conse¬ 
quence  of  such  an  excitonic  effect. 

Till  now,  the  investigations  presented  in  literature  suggest  that  the  defect  will  be  formed  under  con¬ 
ditions  far  from  the  equilibrium  by  implantation  and  a  subsequent  annealing.  These  conditions  are 
completely  different  to  those  used  in  the  MBE  and  the  question  is  why  this  kind  of  defect  prefer¬ 
entially  occurs  in  MBE  grown  layers.  From  the  point  of  view  of  thermodynamics,  point  defects  gen¬ 
erally  should  exist  in  a  certain  level  dependent  on  the  growth  conditions,  as  for  other  semiconductor 
materials.  The  absence  of  the  Di-centre  luminescence  in  CVD  grown  material  may  be  a  conse¬ 
quence  of  the  passivation  of  such  kind  of  point  defect,  for  example,  by  hydrogen  present  in  a  high  a- 
mount  during  CVD  growth.  During  implantation  the  saturating  hydrogen  will  be  removed  and  dif¬ 
fuse  out  of  the  sample. 

SUMMARY 

Summarising  the  experimental  results,  it  has  been  found,  that  in  SiC  layers  grown  on  SiC  under 
near  equilibrium  conditions,  the  Di -centre  generally  exist  in  a  high  density.  The  intensity  of  the 
centre  emission  increases  by  an  improvement  of  the  layer  quality  and  by  doping  with  boron.  This 
seems  to  be  in  contrast  to  former  results  were  the  Di -centre  was  only  observed  after  introducing  of 
defects.  Therefore,  the  discussion  about  the  nature  of  this  defect  and  especially  the  question  whether 
this  defect  appears  under  thermodynamically  equilibrium  conditions  or  not  is  still  open.  The  results 
regarding  the  influence  of  the  B-doping  and  the  change  of  the  growth  conditions  (chemical  poten- 
tiaB  can  illuminate  the  discussion. 
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Abstract:  We  present  parameter-free  calculations  of  the  frequency-dependent  dielectric  function  in 
order  to  understand  the  optical  properties  of  Si  and  Ge  nanoparticles  in  a  SiC  matrix.  The 
calculations  are  based  upon  a  pseudopotential-plane-wave  method.  The  dots  are  described  by 
clusters  up  to  239  atoms  embedded  in  cubic  SiC  or  saturated  by  hydrogen  to  simulate  a  polytype 
with  a  wider  energy  gap.  The  resulting  optical  spectra  are  discussed  in  dependence  on  the  dot  size 
and  dot  surroundings. 

Introduction 

Nanometer-sized  Si  and  Ge  structures  give  rise  to  an  efficient  photoluminescence  in  the  visible  and 
even  blue  wavelength  region  [1,  2,  3].  This  observation  has  prompted  many  studies,  both  exploring 
technological  applications  and  investigating  fundamental  properties.  Such  nanostructures  have  been 
fabricated  by  ion  implantation  in  amorphous  Si02  or  AI2O3  matrices,  by  electrochemical  etching,  or 
by  Stranski-Krastanov  growth  using  molecular  beam  epitaxy  (MBE).  Unfortunately, 
electroluminescence  from  the  nanocrystals  is  limited  by  the  insulating  character  or  the  too  small 
energy  gap  of  the  matrix  material.  To  overcome  these  limitations,  embedding  the  nanoparticles  in  a 
wide-gap  semiconductor,  e.g.  hexagonal  SiC,  seems  to  be  promising.  In  fact,  recent  MBE 
deposition  experiments  of  Si  and  Ge  dots  on  SiC  offer  a  realistic  possibility  for  the  preparation  of 
such  embedded  dots  [4]. 

Calculational  Method 

In  a  first  step  we  calculate  the  underlying  one-electron  states  from  first-principles  using  density- 
functional  theory  (DFT)  in  the  local  density  approximation  (LDA).  The  electron-electron  interaction 
is  described  within  the  parametrization  of  Perdew  and  Zunger.  The  interaction  of  the  electrons  with 
the  atomic  cores  is  treated  by  non-normconserving  ab  initio  Vanderbilt  pseudopotentials  [5].  They 
allow  a  substantial  potential  softening  even  for  first-row  elements.  For  instance,  in  the  SiC  case  the 
cutoff  of  the  plane-wave  expansion  of  the  eigenfunctions  has  been  chosen  to  be  13.2  Ry.  The 
Vienna  ab-initio  Simulation  Package  [6]  is  used. 

The  use  of  a  plane-wave  expansion  requires  a  supercell  approach  for  the  description  of  the  quantum 
dots.  We  consider  an  arrangement  of  simple-cubic  cells  with  512  or  216  atoms  to  describe  the  case 
of  a  tetrahedrally  coordinated  system.  First,  we  consider  cubic  SiC  and  substitute  Si  or  Ge  atoms  for 
host  atoms  such  that  the  Td  symmetry  of  the  initial  system  is  preserved.  The  resulting  nanocrystals 
of  1,  5,  17,  41,  83,  147,  and  239  atoms  are  highly  strained  due  to  the  large  lattice  misfit  between  Si 
or  Ge  and  SiC.  The  strain  is  homogeneously  distributed  throughout  the  dot  because  we  keep  to  the 
original  atomic  positions.  The  clusters  possess  different  interface  bonds  in  dependence  on  the 
choice  of  a  Si  or  C  site  as  the  center  of  the  dot.  Second,  embedment  of  Si  and  Ge  in  hexagonal  SiC 
leads  to  a  type-I  heterostructure,  cf.  Fig.  2.  Hydrogen  coverage  induces  barriers  which  simulate  this 
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behaviour,  although  the  barrier  heigts  are  overstimated.  Hence  our  calculations  considering 
hydrogenated,  unstrained  dots  model  dots  within  a  hexagonal  SiC-matrix. 

The  calculations  of  the  optical  properties  are  performed  within  the  independent-particle  picture  [7]. 
We  make  use  of  a  partial  cancellation  of  self-energy  and  excitonic  effects.  The  net  effect  should 
merely  increase  the  optical  transition  energies  by  a  size-independent  shift  [8].  The  matrix  elements 
of  the  optical  transition  operator  are  calculated  using  all-electron  wave  functions  generated  by 
means  of  the  PAW  method  [9].  The  tetrahedron  method  and  a  Gaussian-broadening  scheme  are 
applied  to  the  k-space  integration.  The  tetrahedron  method  is  combined  with  k-p  perturbation  theory 
in  order  to  circumvent  the  problem  of  band  allocation  at  the  four  tetrahedron  vertices  and  to  reduce 
the  minimum  number  of  k  points  to  just  one. 

Resulting  Spectra  and  Discussion 

For  Si  quantum  dots  embedded  in  cubic  SiC  with  Si-C  interfaces  the  imaginary  parts  of  the 
dielectric  functions  are  plotted  in  Fig.  la.  One  observes  a  significant  change  of  the  spectra  from  the 
behaviour  of  pure  cubic  SiC  [7]  with  increasing  size  of  the  quantum  dots.  There  is  a  reduction  of  the 
high-energy  SiC  peak  located  at  about  8  eV  in  the  DFT-LDA  spectrum  with  mixed  E'i,  E'0,  and  E2 
+  8  character.  The  lower-energy  peak  of  the  SiC  absorption  spectrum  shows  a  similar  but  much 
more  weakened  influence  of  the  dot  due  to  its  E0  and  Ej  character.  On  the  other  hand,  a  Si-induced 
shoulder  appears  at  about  5  eV  (in  the  DFT-LDA  spectrum).  With  increasing  Si  content  it  becomes 
more  pronounced,  increases  its  intensity  and  shifts  to  smaller  photon  energies.  Consequently,  an 
additional  peak  develops  at  lower  energies  at  which  the  SiC  crystal  is  transparent.  At  much  lower 
photon  energies  of  about  3  eV  a  further  shoulder  occurs.  Its  changes  are  more  significant  for  the  Ge 
dots  embedded  in  SiC  (not  shown)  than  for  Si  ones. 


Fig.  1:  Dielectric  function  of  spherical  Si  quantum  dots  embedded  in  cubic  SiC.  (a)  Only  the 
imaginary  parts  Ime(w)  are  plotted.  The  number  of  dot  atoms  is  indicated,  (b)  The  spectrum  of  the 
host  material  is  substracted.  A  216-atom  supercell  is  used. 


The  changes  with  the  number  of  dot  atoms  are  more  obvious  in  the  difference  spectra  Alme(a))  in 
which  the  effects  of  the  3C-SiC  host  material  are  substrated  (cf.  Fig.  lb).  In  the  Si  case  only  one 
main  peak  develops  slightly  to  lower  energies  indicating  a  weak  quantum  confinement  in  the  small 
dots.  One  may  speculate  that  this  peak  would  develop  in  unstrained  bulk  Si  into  the  E2  absorption 
structure.  A  similar  situation  occurs  for  Ge.  There  is  an  additional  strong  peak  at  about  6  eV. 
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However,  this  peak  does  not  shift  with  changing  dot  size  and,  hence,  is  not  influenced  by  any 
quantum  confinement.  On  the  other  hand,  in  the  low-energy  region  of  the  spectra  of  both  Si  and  Ge 
nanocrystals  an  additional  shoulder  is  visible.  Its  rapid  development  is  accompanied  by  a  significant 
red  shift.  It  seems  that  this  shoulder  becomes  the  Ei  structure  in  unstrained  bulk  Si  and  Ge. 
However,  the  shifts,  in  particular  of  the  high-energy  peak,  do  not  follow  the  common  rules  of 
spatial  quantization.  We  trace  the  weakened  influence  on  the  dot  size  back  to  a  type-II 
heterostructure  behaviour.  For  a  3C-SiC  host  it  is  demonstrated  in  Fig.  2. 


3C  -  SiC 


Si 


3C  -  SiC 


/////////////. 

////////////A  V////////////.  £ 


/////////////, 


////////////A 


6H-SiC  Si  6H-SiC 


Fig.  2:  Band  line-up  of  Si  nanostructures  embedded  in  SiC  (schematically).  The  distinct  conduction 
band  positions  of  the  cubic  (3C)  and  the  hexagonal  (6H)  polytypes  are  indicated.  The  shown  band 
line-up  for  the  valence  bands  has  been  calculated  using  a  tight-binding  method  [10].  The  conduction 
bands  followed  by  adding  the  experimental  energy  gaps. 


The  absorption  spectra  are  plotted  in  Fig.  3  for  unstrained  spherical  hydrogenated  quantum  dots. 
The  spectra  are  substantially  influenced  by  quantum  confinement  effects.  The  absorption  threshold 
moves  to  lower  photon  energies  with  increasing  dot  size.  This  is  clearly  indicated  by  the  vertical 
arrows  which  represent  the  respective  HOMO-LUMO  gap  (highest  occupied  molecular  orbital  - 
lowest  unoccupied  molecular  orbital).  There  is  a  main  peak  at  photon  energies  below  5  eV  which 
presumably  develops  into  the  bulk  E2  structure.  The  shoulder  at  lower  energies  occurs  significantly 
only  in  the  Ge  case.  It  is  stronger  influenced  by  quantum  confinement  effects.  Its  energetical  shift 


Fig.  3:  Imaginary  part  of  dielectric  function  of  Si  and  Ge  nanocrystallites.  Their  embedment  in  a 
wide-gap  material  is  simulated  by  a  hydrogen  saturation  of  the  dangling  bonds.  A  Lorentzian 
broadening  is  used.  The  vertical  arrows  in  the  absorption  spectra  indicate  the  respective  HOMO- 
LUMO  gaps.  Nominally,  a  512-atom  cell  is  used. 
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towards  smaller  energies  with  increasing  dot  diameter  is  more  drastic.  It  probably  develops  into  the 
bulk  Ei  absorption  structure.  However,  as  a  consequence  of  the  absence  of  excitonic  effects  it 
remains  a  shoulder  in  correspondence  to  the  DFT-LDA  calculations  of  the  optical  absorption  in 
bulk  crystals  [7]. 

Summary 

We  have  developed  a  first-principles  method  to  calculate  the  optical  properties  of  embedded 
quantum  dots.  This  method  is  based  on  a  supercell  approach.  Using  supersoft  non-normconserving 
pseudopotentials  we  can  fully  quantum-mechanically  treat  512  atoms  in  a  simple-cubic  cell  within 
density-functional  theory  and  a  pseudopotential-plane-wave  scheme.  These  supercells  allow  to 
study  spherical  quantum  dots  of  up  to  239  atoms  but  also  nanocrystallites  of  arbitrary  shape.  Only 
the  size  is  restricted  due  to  limited  computational  resources.  We  found  that  the  absorption  behaviour 
of  the  quantum  dots  depends  strongly  on  the  embedding  matrix  material.  This  is  related  to  the 
different  heterostructure  behaviour  varying  between  type  II  and  I.  Quantum  size  effects 
dramatically  change  the  peak  positions  and  intensities.  The  development  of  the  spectral  character  of 
atomic  clusters  into  bulk  spectra  of  the  corresponding  crystals  has  been  shown. 
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ABSTRACT  This  paper  investigates  a  novel  approach  for  accurate  refinement  and  direct  determination  of 
dielectric  properties  of  uniaxial  materials  below  the  gap,  available  both  in  form  of  a  thick  transparent  double 
side  polished  wafer,  and  as  a  semi-infinite  bulk  wafer  (single  side  polished).  Most  of  the  common  hexagonal 
and  trigonal  wide  band  gap  materials  are  uniaxial  birefringent.  We  propose  to  split  the  complete  accurate 
characterisation  of  the  optical  properties  of  these  materials  into  several  steps,  using  spectroscopic 
ellipsometry.  The  overall  goal  is  thus  to  determine  both  the  ordinary  and  extra  ordinary  components  of  the 
dielectric  function.  The  birefringence  is  determined  from  a  double  side  polished  wafer.  A  spectroscopic  fit  is 
further  used  to  determine  the  overlayer  (oxide)  thickness  and  approximate  dielectric  functions,  while  we 
show  that  higher  sensitivity  to  the  ordinary  dielectric  function  may  be  obtained  through  the  Brewster  angle 
condition  obtained  from  spectroscopic  ellipsometry.  The  material  under  investigation  in  the  current  paper  is 
4H-SiC. 


INTRODUCTION 

Most  work  related  to  characterisation  of  the  optical  properties  of  uniaxial  semicondutors  have  focussed  on 
the  pseudo-ordinary  dielectric  function;  in  case  of  4H  and  6H-SiC  see  for  example  Refs.  1-3.  Firstly, 
because  spectroscopic  ellipsometry  is  mainly  sensitive  to  the  ordinary  component  [2,4],  secondly,  since  the 
extraordinary  component  is  hard  to  measure  accurately,  and  finally,  because  the  ordinary  and  extraordinary 
components  are  fairly  similar  below  the  band  gap,  it  is  difficult  to  measure  both  accurately. 

In  a  set  of  recent  papers  it  has  been  shown  that  it  is  indeed  possible  to  enhance  the  sensitivity  to  the 
birefringence  substantially  by  measuring  a  thick  double  side  polished  wafer  using  spectroscopic 
ellipsometry  [5-7].  Most  important,  an  accurate  model  was  developed  that  made  possible  the  simultaneous 
spectroscopic  fitting  of  a  Sellmeier  type  dispersion  model  for  both  the  ordinary  and  extraordinary 
component  [5].  Some  of  these  results  are  directly  applicable  to  SiC  wafer  characterisation,  since  the 
birefringence  seem  to  be  a  strong  function  of  SiC  polytype  [8].  In  this  paper  we  show  a  complete  set  of 
ellipsometric  measurements  of  double  side  polished  4H-SiC  as  a  function  of  energy  and  as  a  function  of 
angle  of  incidence.  The  aim  of  the  paper  is  to  discuss  the  use  of  these  measurements,  rather  to  give  a 
compact  review  of  all  related  theory. 


EXPERIMENT  AND  THEORY 

A  Phase  Modulated  Spectroscopic  Ellipsometer  (PMSE)  was  used  to  perform  the  UV-Visible  ellipsometric 
measurements  of 


(r/s)  +  {r/p) 


2R  e(r,r/ 

(vv)+(v-;)’ 


a) 


where  Re  and  Im  stand  for  real  and  imaginary  part  respectively.  rp  and  rs  are  the  sample  reflection 
coefficients  for  p  and  s  polarisations  respectively,  the  asterisk  stands  for  complex  conjugate,  and  the 
brackets  (“<>”)  denote  the  ensemble  average,  introduced  to  account  for  the  bandwidth,  which  is  necessary 
when  dealing  with  thick  double  side  polished  samples  [5].  The  resulting  averaged  products  entering  into 
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Eq.  1  in  case  of  a  thick  double  side  polished  wafer  were  : 


fa) 


rr„  )  =  rm  t, 
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where  x,y  =s  in  case  of  s-polarisations,  and  x,y=p  in  case  of  p-polarisation.  The  rs.p  and  t12s,p  are  reflection 
and  transmission  coefficients  for  s  and/?  polarisation  respectively  [5-7].  The  optical  phases  (3S  and  (3P  are 
defined  by: 


A  -2^y^«02-«2sin2^0  and  (3p  =  -n2sin2<po  (3) 

where  D  is  the  thickness  of  the  layer,  nD  and  ne  are  the  ordinary  and  extraordinary  refractive  indices  of  the 
layer,  n  is  the  ambient  refractive  index,  A  is  wavelength  of  light  and  (pQ  the  angle  of  incidence.  The  uniaxial 

dielectric  functions  are  defined  as  £oe  =n*e ,  and  the  dielectric  difference  as  A  £  —  se—  eo,  where  the 
subscripts  o  and  e  denotes  the  ordinary  and  extra  ordinary  components. 


RESULTS  AND  DISCUSSION 

Fig.  1  shows  the  result  of  the  PMSE  intensity  recorded  from  a  double  side  polished  4H-SiC  wafer.  The 
measurements  were  recorded  as  a  function  of  angle  of  incidence  between  35-55  degrees  in  steps  of  0.1 
degrees,  and  as  a  function  of  photon  energy  from  1. 5-3.5  eV  with  a  step  of  0.025  eV.  It  is  clearly 
demonstrated  that  clear  interference  patterns  are  observed,  both  as  function  of  angle  of  incidence  and  as  a 

function  of  photon  energy,  as  a  result  of  the  interference  in  the  cross  terms  (rpr*^  due  to  the  difference  in 

optical  path  length  between  the  extra-ordinary  and  the  ordinary  mode.  Fig.  2  shows  the  same  recorded 
intensity  but  for  the  angle  of  incidence  between  65-75  degrees.  It  is  seen  that  the  measured  Ic  crosses  zero  at 
what  we  now  define  as  the  apparent  Brewster  angle  for  the  uniaxial  medium.  This  observation  is  very 
interesting,  since  in  case  of  a  normal  Brewster  angle  measurement,  the  reflectance  goes  trough  a  slow 
minimum.  In  the  case  of  ellipsometry,  there  is  a  steep  line  crossing  zero,  giving  a  high  sensitivity  to  the 
ordinary  component  of  the  dielectric  function.  (This  is  not  unique  for  a  double  polished  material,  but  is 
identical  for  a  semi-infinite  material,  however,  in  the  latter  case  there  are  thus  no  contributions  from  the 
backside.) 


Figure  1.  Recorded  PMSE  intensity  Ic  from  double  polished  semi-insulating  4H-SiC.  The  measurements  are 
performed  as  a  function  of  incidence  and  as  a  function  of  photon  energy. 
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A  spectroscopic  fit  around  the  apparent  Brewster  angle  was  previously  presented  [5-7]  through  the 
use  of  Sellmeier  models  for  both  the  ordinary  and  extra  ordinary  components  .  The  resulting  dispersion 
models  were  [7]: 


5.63*  (7.53)2 
(7.53)2  -E2 


5.86*(7.26): 
<7.26)2  -Ez 


However,  some  experimental  uncertainty  (within  3  %)  existed  as  a  function  of  angle  of  incidence  between 
65-75  degrees,  and  the  above  results  represents  an  average  within  this  uncertainty.  We  believe  that  the  best 
result  was  obtained  at  around  68-70  degrees  angle  of  incidence.  There  are  three  reasons  for  this.  Firstly,  the 
occurence  of  the  Brewster  angle  within  the  measured  region,  is  pinning  the  ordinary  component,  which 
otherwise  has  a  tendency  to  vary  as  a  function  of  incidence.  Secondly  the  amplitude  of  the  interference 
oscillations  are  reduced,  reducing  also  the  errors  due  to  depolarisation  by  the  sample,  and  finally  reduces 
also  errors  due  to  ellipsometer  calibrations.  However,  this  uncertainty  is  the  motivation  for  the  investigation 


of  the  Brewster  angle  method. 


Figure  2.  Recorded  PMSE 
intensity  Ic  from  double 
polished  semi-insulating  4H- 
SiC.  The  measurements  are 
performed  as  a  function  of 
incidence  around  the 
Brewster  angle,  and  as  a 
function  of  photon  energy. 
The  intersection  between  the 
flat  surface  defining  Ic=0,  and 
the  measured  surface  we 
define  as  the  apparent 
Brewster  angle. 


From  the  difference  in  wavelength  or  incidence  angle  of  interference-maxima  it  is  possible  to  calculate  the 
birefringence  of  the  material.  Alternatively,  they  may  be  used  in  order  to  determine  the  thickness  of  the 
wafer  [7,9].  In  order  to  measure  directly  the  birefringence  of  the  uniaxial  wafer  from  the  maxima  as  a 
function  of  photon  energy,  the  derivatives  of  the  birefringence  with  respect  to  wavemumber  must  be 
included  in  order  to  accurately  determine  the  birefringence  or  the  thickness  of  the  wafer  [7,9].  A  much  more 
elegant  method  is  to  use  the  interference  maxima  as  a  function  of  angle  of  incidence  (see  Fig.  1),  and  solve 
numerically  for  As ,  provided  the  ordinary  dielectric  constant  so  is  known.  Fig.  3  shows  the  resulting 
birefringence  from  the  spectroscopic  fit,  the  spectrocopic  half  wave  method  and  from  the  variable  incidence 
half  waves.  The  latter  is  expected  to  be  the  most  accurate  measurement.  We  hereby  define  a  new  set  of 
parametrized  dielectric  difference  functions  from  the  Sellmeier  functions.  A  fit  to  the  resulting  birefringence 
gives  the  following  parametric  model  for  the  dielectric  difference  in  the  interval  [1.5-3.25]  eV  : 

0  22*  \6  3631)4 

A  e(E)  =  j^ - - - V  ,or  using  the  ordinary  component  in  equation  (4)  but  fitting  the  £e  ,  we  get  the 

((6.3631)2-£2) 


expression  for  the  extra  ordinary  component  through  £e 


5.845*  (7.24): 
(7.24)2 -E2 


.  It  is  interesting  to  note 


that  the  dielectric  difference  function  is  as  representative  to  the  hexagonal  uniaxial  SiC  materials  as  is  the 
ordinary  dielectric  function.  Furthermore,  if  4H  and  6H  SiC  are  compared,  then  in  the  below  band  gap 
region  the  dielectric  difference  is  20  %,  while  the  difference  in  the  ordinary  dielectric  function  is  less  than 


5%  ! 
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Figure  3.  Birefringence  of  4H-SiC  as 
determined  from  Spectroscopic  fit  using 
Anisotropic  Incoherent  Reflection  Model 
[5-7]  (full  line),  spectroscopic  half  wave 
method  including  correction  for  derivatives 

[7],  and  variable  incidence  half  wave 
method  [this  work].  The  birefringence  is 
compared  to  6H-SiC  (dotted  lines)  as 
extracted  from  Ref.  10. 


BREWSTER  METHOD 


The  determination  of  absolute  birefringence  still  depends  upon  the  accuracy  with  which  the  ordinary 
component  of  the  dielectric  function  can  be  determined.  The  measured  intensity  Ic  crosses  zero  (see  Fig.  2) 
when  Re(rpprss*)  =0,  where  rpp  is  the  uniaxial  anisotropic  reflection  coefficient  for  p  polarised  light.  Let  (pB 
be  defined  as  the  apparent  Brewster  angle  for  which  this  crossing  appears.  If  the  overlayer  (e.g.  oxide),  the 
bulk  absorption  and  the  backside  reflections,  are  neglected,  then  the  below  band  gap  ordinary  dielectric 
function  may  be  calculated  analytically  as  : 


S=  — 


cos  cpB 


As 


-As 


cos  (pB 


tan' 


B 


As 


cos  cpB 


(5) 


Note  that  neglecting  the  birefringence  means  just  letting  As  0  in  equation  (5).  We  find  in  accordance 
with  Ref.  4,  only  a  0.4  %  correction  (increase)  to  the  ordinary  refractive  index,  for  An!no  ~  2  %.  By  also 


including  the  overlayer  (and  eventually  absorption  determined  from,  e.g.,  transmission  measurements),  a 
numerical  solution  of  Re(rpprss*)  =0,  give  a  further  0.3  %  correction  to  the  refractive  index  (increase)  for  a  3 
nm  thick  Si02  overlayer.  It  is,  however,  observed  from  the  measurements  in  Fig.  1  that  one  still  gets 
contributions  from  the  back  side  of  the  sample  (the  apparent  Brewster  angle  is  an  oscillating  function  of 
energy,  which  is  surprisingly  different  from  the  isotropic  case).  This  means  that  the  complete  model 
including  the  back-side  reflections  must  be  used.  This  is  complicating  the  analysis,  and  we  plan  to  perform  a 
new  set  of  measurements  on  a  single  side  polished  wafer.  In  conclusion,  we  believe  that  this  approach  is 
extremely  powerful  in  order  to  accurately  completely  describe  the  dielectric  function  of  uniaxial  wide  band 
gap  semiconductors,  and  plan  to  pursue  this  approach  in  the  near  future. 
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ABSTRACT.  Interaction  of  hydrogen  atoms  is  considered  with  the  “perfect”  lattice  and  with  iso¬ 
lated  vacancies  (V),  by  means  of  ab  initio  model  calculations  in  3C-  and  4H-SiC.  We  find  that  inter¬ 
stitial  atomic  hydrogen  acts  as  a  relatively  shallow  donor  in  3C-  and  as  an  amphoteric  trap  in  4H- 
SiC.  Only  two  H  atoms  can  be  accomodated  by  Vc  and  (Vc  +  nH)  complexes  are  hole  traps  (n-1,2). 
VSi  can  in  principle  be  saturated  with  H  but  (Vsi  +  nH)  complexes  are  electron  traps  for  n  =  1,2.  We 
predict  high  concentration  of  mobile,  compensating  Hs+  centers  in  p-type  material.  In  n-type  SiC  the 
stable  form  of  interstitial  hydrogen  is  H2  (with  low  solubility)  and  the  dominant  hydrogen  defects 
are  (VSi  +  nH)  traps.  II,  is  attracted  by  shallow  acceptors  and  (VSi  +  H)  but  not  by  shallow  donors 
or  (Vc  +  H).  Spectroscopic  properties  of  H-related  defects  have  been  calculated.  We  propose  that 
the  T5  center  is  more  likely  to  arise  from  (Vc  +  2H)+  than  from  Vc  . 

INTRODUCTION.  The  use  of  semiconductors  in  electronics  is  based  on  the  tight  control  of  earner 
concentration  and  lifetime.  This  is  jeopardized  by  the  unwanted  introduction  of  defects  which  starts 
already  with  the  growth  of  the  crystal.  For  SiC  both  bulk  and  CVD  growth  are  bound  to  introduce 
hydrogen  which  is  an  inherent  contaminant  of  graphite  reactor  parts  in  the  former,  and  intrinsic  part 
of  the  precursor  molecules  in  the  latter.  Generally,  a  defect  may  diminish  the  carrier  concentration  in 
four  different  ways:  i)  deep  levels  introduced  into  the  gap  can  act  as  traps,  capturing  free  earners,  ii) 
shallow  levels  introduced  to  the  opposite  side  of  the  gap  with  respect  to  the  dopant  levels  produce 
free  minority  carriers,  compensating  the  effect  of  the  dopants  and  pinning  the  Fermi  level,  iii)  chemi¬ 
cal  bonds  established  in  a  defect-dopant  complex  passivate  the  dopant,  i.e.,  remove  the  electrically 
active  level  of  the  dopant  from  the  gap,  and  iv)  the  defect  may  outcompete  the  dopant  in  the  first 
place  for  securing  the  substitutional  sites,  thereby  preventing  dopant  activation.  In  this  paper  we 
will  show  by  means  of  ab  initio  atomistic  model  calculations  that  H  in  SiC  is  capable  of  doing  at 
least  two  of  these  evils  and  can  be  suspected  with  the  other  two  as  well. 

The  presence  of  hydrogen  was  proven  in  as  grown,  B-doped,  p-type  6H-SiC  epilayers  and  it  was 
assumed  that  it  had  been  incorporated  as  a  complex  with  the  B  atom  [1].  Low  temperature  H- 
plasma  treatments  showed  very  strong  decrease  in  the  hole  concentration  of  p-type  samples,  which 
could  only  be  restored  after  heat  treatments  at  700  °C  [2,3].  Low-energy  H-implantation  studies 
have  shown  that  hydrogen  is  positively  charged  in  p-type  material,  i.e.,  it  acts  as  a  compensating 
center,  but  can  also  passivate  A1  acceptors  by  forming  a  complex  [4a, b].  In  contrast,  implantation 
resulted  in  very  low  H  concentration  in  n-type  material  [4a].  The  decrease  of  free  earner  concentra¬ 
tion  after  high-dose  H-implantation  [5]  or  high  density  DC  plasma  treatment  [6]  was  attributed  to 
the  intrinsic  traps  created,  and  an  ECR  plasma  treatment  was  ineffective  in  decreasing  the  carrier 
concentration  of  n-type  samples  [3].  However,  annealing  in  high  temperature,  high  pressure  hydro- 
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gen  gas  succeded  in  doing  that  not  only  in  p-type  but-  to  a  lesser  extent  —  also  in  n-type  material, 
although  no  complex  formation  could  be  detected  in  either  case  [7].  Despite  these  facts,  spectro¬ 
scopic  evidence  about  the  presence  of  hydrogen  in  SiC  is  meager.  PL  bands  arising  as  phonon  replica 
due  to  local  modes  were  interpreted  as  C— H  stretch  modes  due  to  H  in  silicon  vacancies  [8]  but  vi¬ 
brations  which  could  be  assigned  to  Si-H  stretching  modes  (-2100  cm'1)  have  not  yet  been  ob¬ 
served.  No  new  DLTS  peaks  appeared  after  deuterium  implantion  of  previously  electron-irradiated 
SiC  [9],  and  no  ESR  signal  has  yet  been  assigned  to  H  either.  This  general  lack  of  information  is  in¬ 
triguing,  so  a  priori  knowledge  about  various  H-related  defects  could  be  helpful  —  even  if  the  data 
supplied  by  model  calculations  are  only  approximate. 

METHODS.  The  calculations  have  been  carried  out  using  the  FHI98MD  [10]  and  the  AIMPRO 
[11]  codes,  both  utilizing  ab  initio  density  functional  theory  in  the  local  density  approximation 
(LDA).  The  main  parameters  of  the  calculations  are  given  in  Table  1,  for  more  details  see  ref.  [12]. 


Table  1.  Main  parameters  of  the  calculations. 


calculated 

properties 

formation  energy, 
occupancy  levels,  spin  distribution 

vibrations 

code 

FHI98MD 

AIMPRO 

supercell 

32  (128)  atoms  for  3C, 

96  atoms  for  4H 

64  atoms  for  3C 

basis 

Plane-waves 
cut-off:  64  (32)  Ry 

s  and  p  Gaussians 

Si(4,4),  C(4,4),  H(3,3),  BC(1,1) 

k-set 

MP  2x2x2 

k=0 

pseudopot. 

Trouiller-Martin 

BHS 

E,0,  correction 

LDA  gap  error,  dispersion,  spin- 
polarization,  zero  point  energy  of  H 

- 

Eot  minimization 

1  st  -  2nd  neighbors  relax 

1st  -  2nd  neighbors  relax 

Formation  energies  of  the  defects  in  charge  state  q  were  calculated  as: 

Eform inSi » nC 5 nH » f^Si > » f^H > ^f)  ~  Etot(nSi*nC’nH)  ~  ^iE'Si  ~  nCEc  ~  nH^H  +  ^ 

where  n  is  the  number  of  constituent  atoms,  p  is  their  chemical  potential  and  EF  is  that  of  the  elec¬ 
trons.  The  Fermi-level,  EF  was  determined  as  a  function  of  temperature  and  net  carrier  concentration 
from  the  neutrality  condition  including  the  electrically  active  defects  in  a  self-consistent  way. 

As  a  function  of  the  supercell  size  the  calculated  formation  energies  are  converged  within  0.3  eV 
[12].  Accuracy  of  occupation  levels  (calculated  as  the  difference  of  total  energies)  is  influenced  by 
the  corrections  applied  in  Etot,  and  are  expected  to  be  within  0.15  eV.  The  estimates  for  the  concen¬ 
trations  are  more  or  less  lower  bounds  but  an  order  of  magnitude  error  is  possible.  The  host  atom  - 
hydrogen  stretching  vibrations  are  calculated  with  an  estimated  accuracy  of  40  cm'1. 

RESULTS  AND  DISCUSSION.  Atomic  interstitial  hydrogen  has  its  equilibrium  position  at  an 
antibonding  (AB)  site:  behind  a  C  atom  in  the  positive  and  behind  a  Si  atom  in  the  negative  charge 
state  (along  the  axis  of  the  Si-C  bond).  In  the  former  case  a  strong  covalent  three-center  bond  is 
formed  on  the  H— C— Si  unit,  with  a  H-C  distance  of  1 .14  A.  In  the  latter,  H  is  1.74  A  away  from  Si, 
close  to  the  TSl  site.  The  C-Si  distance  is  -  1.95  A  in  both  cases  (c.f.  1.88  A  in  the  perfect  lattice). 
The  relative  stability  of  the  two  sites  in  the  neutral  charge  state  depends  on  the  poly  type.  This  can 
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be  understood  as  follows.  Due  to  the  electronegativity  difference,  C  atoms  are  negatively  and  Si  at¬ 
oms  are  positively  charged  in  SiC.  Interstitial  H  introduces  a  localized  (s-like)  state  which  is  in  a  low 
electron  density  region  if  surrounded  by  Si  and  a  high  one  if  surrounded  by  C  atoms.  As  a  conce- 
qence,  the  corresponding  one-electron  energy  level  lies  in  the  gap  and  is  occupied  if  H  is  behind  a  Si 
atom.  In  the  other  case  the  level  falls  into  the  conduction  band  (CB),  and  a  delocalized  state  at  the 
CB  edge  accomodates  the  extra  electron  introduced  by  hydrogen.  Therefore,  the  energy  of  H°  at  ABC 
depends  on  the  width  of  the  gap  (the  valence  band  off-set  between  the  poly  types  is  small).  In  case 
of  3C-SiC  the  stronger  bond  between  HAB(q  and  C  compensates  the  advantage  of  the  lower  one- 
electron  energy  of  HAB(Si>  while  the  latter  wins  out  in  4H-SiC  where  the  gap  is  wider.  The  relation 
of  the  total  energies  are  shown  in  Fig.  1 .  Since  the  energy  of  the  charged  states  change  very  little  be¬ 
tween  the  polytypes,  position  of  the  (+/-)  occupation  level  is  almost  the  same  with  respect  to  the 
valence  band  (VB)  edge  in  3C-  and  4H-SiC.  The  bistability  is  accompanied  with  a  definite  negative 
U  behavior  in  the  latter,  while  a  small  stability  window  for  H°  may  exist  in  the  former.  Fig.  1  also 
shows  that  interstitial  atomic  H  is  a  relatively  shallow  donor  in  3C-SiC  and  can  compensate  p-type 
doping.  It  is  also  attracted  to  shallow  acceptors.  In  4H-SiC  it  is  an  amphoteric  trap.  A  H2  molecule 
is  most  stable  at  TSl  (in  3C-SiC)  but  is  less  more  favorable  than  H,+  in  p-type  material. 


Fig.  1  The  energy  of  the  three  charge  states  of  Hi  with  respect  to  a  free  H  atom  in  3C-  and  4H-SiC. 


Fig.2  Occupation  levels  with  respect  to  the  VB  edge  in  3C-SiC.  (Positive  and  higher  negative  charge 
states  of  VSi  as  well  as  positive  charge  states  of  (VSi  +  nH)  may  exist  but  have  not  been  calculated.) 


Within  the  accuracy  of  our  calculations,  the  position  of  the  occupation  levels  with  respect  to  the  VB 
edge  of  3C-  and  4H-SiC  changes  also  little  for  the  other  defects.  E.g.,  the  (2+/0)  level  of  (Vc  +  2H)  is 
at  Ev  +  1.81  eV  and  at  Ev  +  1.80  eV,  while  the  (0/-)  level  of  (Vsi  +  H)  is  at  Ev  +  0.66  eV  and  at  Ev  + 
0.47  eV,  in  3C-  and  4H-SiC,  respectively.  Therefore,  we  restrict  further  discussion  to  3C-SiC,  in 
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which  the  occupation  levels  are  shown  in  Fig.2.  The  situation  is  similar  with  respect  to  the  VB-edge 
of  4H-SiC,  only  the  CB  edge  should  be  shifted  up  by  0.9  eV. 


A  hydrogen  atom  in  Vsi  saturates  one  dangling  bond.  Due  to  the  long  C-C  distances  across  the  va¬ 
cancy,  the  interaction  of  the  remaining  well  localized  carbon  dangling  bonds  does  not  give  rise  to  a 
significant  Jahn-Teller  reconstruction,  and  the  symmetry  remains  close  to  C3v.  The  stretching  mode 
vibration  frequency  of  2961cm'1,  calculated  in  3C-SiC,  agrees  well  with  the  values  found  in  6H-  and 
4H-SiC  [7].  The  C  dangling  bonds  give  rise  to  a  doubly  occupied  state  in  the  VB,  and  a  close  lying 
pair  of  orbitals  in  the  gap,  close  to  the  VB  edge.  These  are  occupied  by  only  one  electron,  therefore, 
(Vs i  +  H)  is  a  multiple  electron  trap  which  is  negatively  charged  if  the  Fermi-level  is  above  Ev  +  0.66 
eV.  It  may  also  attract  further  Hj  atoms.  In  (Vs,  +  2H)  two  dangling  bonds  are  still  unsaturated, 
therefore,  it  is  also  an  electron  trap.  The  energy  gain  on  capturing  H  atoms  in  Vsi  (lower  bound  to  the 
dissociation  energy)  in  n-type  material  are  given  by  eqs.  /2-3 /: 


H  +  e 


•[2.45  eV+(EF-Ev)]  ^ 
-[2.70  eV+(Ep-Ey)] 


(Vsi+Hy 


(Vsi  +  H)-  +  H  +  e  --L  -*v-^F^vn  >  (Vsi  +  2Hf  /3/ 

Although  the  formation  energy  of  VSi  is  significantly  higher  than  that  of  Vc,  the  formation  of  (VSi  + 
2H)  complexes  is  already  more  favorable  than  that  of  (Vc  +  2H)  ones,  since  the  strong  C-H  bonds 
compensate  the  energy  needed  for  creating  a  vacancy  better  than  the  weaker  Si-H  bonds.  Since  the 


stability  of  the  charged  states  increases  as  the  Fermi-level  moves  away  from  the  occupation  level, 
(Vs,  +  nH)  defects  can  have  rather  low  formation  energies  in  4H-SiC. 


Hydrogen  in  a  carbon  vacancy  interacts  with  two  silicon  neighbors  forming  three-center  bonds  both 
in  3C-  and  4H-SiC  [13].  Therefore,  only  two  H  atoms  can  be  accomodated.  The  electrons  introduced 
by  H  occupy  the  antibonding  combinations  of  the  sp3  hybrids  of  the  Si  neighbors,  with  one-electron 
levels  in  the  upper  half  of  the  gap.  Accordingly,  Vc  remains  a  hole  trap  even  after  hydrogenation.  As 
can  be  seen  from  Fig.  2,  interstitial  Hj  is  never  attracted  to  Vc  .  Also,  the  binding  energy  of  H  in  Vc 
is  smaller  than  in  Vsi.  In  p-type  material: 

(Vc  +  H)3+  -+L26eV  )  Vc2+  +  H+  /4 / 

(Vc  +  2H)2+  +  2h+  +[0-03+2  (EF  -Ev )]  }  (Vc  +  h)3++  h+  /5/ 

The  calculated  stretching  mode  frequencies  for  the  three-center  Si-H-Si  bonds  are  way  out  of  the 
usual  range  of  Si-H  bonds.  For  (Vc  +  H)  it  is  1570  and  991  cm'1  in  the  (0)  and  1770  and  1 189  cm'1 
in  the  (+)  charge  state  (for  more  details  see  ref.  [13]).  The  symmetry  of  (Vc  +  H)°  in  3C-SiC  is  C2v, 
and  it  has  a  very  similar  spin  distribution  to  that  of  Vc\  (Vc  +  H)3+  reconstructs  to  C3v.  In  case  of 
(Vc  +  2H),  the  (0)  and  (2+)  charge  states  have  D2d  symmetry.  (Vc  +  2H)+  —  which  is  only  sligtly 
unstable  with  respect  to  the  other  charge  states  —  distorts  to  D2.  This  agrees  with  the  symmetry 
found  for  the  paramagnetic  T5  center  in  3C-SiC,  which  was  assigned  to  Vc+  [14].  (Note,  that  Vc+ 
has  D2d  symmetry  and  it  is  also  slightly  unstable  with  respect  to  Vc°  and  Vc2+.)  Apart  from  the 
symmetry  difference,  the  spin  distribution  is  very  similar  on  the  four  silicon  neighbors  in  these  two 
defects,  too. 

In  order  to  estimate  the  abundance  of  hydrogen  in  as  grown  CVD  layers,  we  have  assumed  equli- 
brium  between  the  H  contents  of  the  growing  crystal  and  of  the  gas  phase,  at  the  typical  tempera¬ 
ture  of  CVD  growth  (1400  °C),  under  atmospheric  pressure.  Gas  phase  modeling  predicts  the  pres- 
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ence  of  1  %  atomic  hydrogen,  so  we  calculated  the  concentration  of  hydrogen  defects  assuming  ei¬ 
ther  1  atm  H2  or  0.01  atm  Ha.  As  can  be  seen  from  Fig.  3,  Ha  in  the  gas  phase  is  mainly  responsible 
for  H  incorporation  into  the  crystal  during  growth.  Substantial  amounts  enter  only  in  p-doped  mate¬ 
rial.  If  only  hydrogen  and  vacancies  are  considered,  the  dominant  defect  is  H{+  but  the  concentration 
is  significantly  lower  than  that  of  free  carriers.  If,  following  ref.  [1],  we  assume  that  B  and  H  are  in¬ 
corporated  together  than,  even  without  assuming  covalent  bonding,  the  Coulomb  attraction  between 
a  close  B"  and  H+  pair  is  ~  0.8  eV.  This  lowers  the  formation  energy  of  Hj+,  resulting  in  equal  con¬ 
centration  of  H  with  that  of  B,  as  found  in  ref.  [1]. 
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1019  1018  1017  1016  10i7  1018  1019 
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Fig.  3  Concentration  [cm"3]  of  H-related  defects  as  a  function  of  net  carrier  concentration  in 
3C-SiC,  being  in  equilibrium  with  hydrogen  gas  at  1400  °C.  The  p(n)-type  side  was  calculated 
assuming  extreme  C(Si)-rich  conditions.  Empty  squares  represent  next  neighbor  B  +  H+  pairs 
bonded  only  by  Coulomb-attraction. 

[Hj]  depends  primarily  on  the  Fermi-level  position,  so  higher  temperature  leads  to  lower  concentra¬ 
tions.  Fig.  3  also  shows  that  the  detection  limit  of  mobile  H,  is  reached  with  the  Fermi-level  at 
midgap.  This  leads  us  to  the  suggestion  that  the  T5  center  observed  in  electron-irradiated  CVD  lay¬ 
ers  [14]  originates  from  (Vc  +  2H)+  rather  than  Vc+.  The  former  has  the  right  symmetry  (D2),  while 
Vc+  is  D2d-  Both  have  occupation  levels  in  the  upper  half  of  the  gap  (see  Fig.  2),  which  contradicts 
the  argument  of  ref.  [14]  explaining  the  lack  of  a  T5  signal  in  even  weakly  n-type  material  by  as¬ 
suming  an  occupation  level  at  midgap.  If  we  assume  that  electron-irradiation  produces  a  sufficient 
number  of  carbon  vacancies  and  diffusion  of  Hi?  (Vc  +  2H)  complexes  may  arise.  Their  concentra¬ 
tion  will  be  determined  by  the  mobile  Hi  concentration  in  the  as  grown  material,  which  is  sufficient 
for  detection  in  p-type  material  only! 

H-plasma  treatment  is  definitely  no  equilibrium  process  but,  as  a  guide,  we  have  calculated  the  con¬ 
centration  of  hydrogen-related  defects  in  stoichiometric  3C-SiC  in  equilibrium  with  Ha  gas  at  T  = 
300  °C  and  p  =  0.03  atm  (Fig.  4a).  Results  for  heat  treatment  in  H2  at  1700  °C  and  10  atm  are 
shown  in  Fig.  4b.  There  we  have  assumed  that  at  this  temperature  ~10  %  of  the  hydrogen  is  already 
dissociated. 
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Fig.  4  Concentration  [cm'3]  of  dominant  H  defects  in  stoichiometric  3C-SiC  being  in  equilibrium 
with  a)  0.03  atm  atomic  hydrogen  gas  at  300  °C,  b)  1  atm  atomic  hydrogen  at  1 700  °C. 

H-plasma  treatment  in  p-type  material  causes  complete  compensation,  while  a  considerable  amount 
of  electrons  will  get  trapped  in  (VSi  +  nH)  defects  in  n-type  material.  High  temperature  heat 
treatment  is  very  effective  in  introducing  hydrogen,  but  also  carbon  vacancies.  The  concentration  of 
(VSi  +  nH)  electron  traps  becomes  substantial  in  hexagonal  polytypes  at  high  level  of  n-type  doping. 

SUMMARY.  All  these  findings  are  in  good  qualitative  agreement  with  the  experimental  results  de¬ 
scribed  in  the  introduction.  We  note  that  both  the  paramagnetic  properties  and  the  ionization  ener¬ 
gies  are  very  similar  for  vacancies  and  vacancy -hydrogen  complexes.  Since  hydrogen  is  likely  to  be 
present  in  as  grown  material,  care  should  be  taken  in  identifying  spectroscopic  centers.  Finally  we 
note  that,  according  to  our  preliminary  results,  the  reaction  VSi  +  4Hj  -»  (VSi  +  4H)  may  be  more 
exothermic  than  VSi  +  B;  Bsi.  This  may  influence  the  activation  rate  of  implanted  B.  Further  work 
in  this  direction  is  in  progress. 
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ABSTRACT  The  thermal  stability  of  the  passivating  hydrogen-aluminum  complex  (2HA1)  in  4H- 
silicon  carbide  has  been  studied  by  determining  the  effective  diffusion  constant  for  hydrogen  in  an 
Al-doped  epitaxial  layer.  Assuming  a  complex  comprised  of  one  2H  and  one  A1  acceptor  ion,  the 
extracted  diffusivities  provide  the  dissociation  frequency  of  the  complex.  The  extracted  frequencies 
cover  three  orders  of  magnitude  and  yield  a  close  to  perfect  fit  to  an  Arrhenius  equation  with  the 
extracted  dissociation  energy  for  the  2HAl-complex  equal  to  1.66  (±0.05)  eV  and  a  pre-exponential 
attempt  frequency  v0  =  1.7xl013  s'1  in  good  agreement  with  the  expected  value  for  a  first  order 
dissociation  process. 

INTRODUCTION 

It  is  a  well  known  fact  that  hydrogen  (H)  can  electrically  passivate  doping  atoms  as  well  as  deeper 
impurities  in  silicon  and  other  semiconductors  [1].  This  feature  has  recently  also  been  demonstrated 
in  SiC  for  the  acceptors  boron  (B)  [2,3]  and  aluminum  (Al)  [3],  but  no  quantitative  data  has  so  far 
been  presented.  However,  since  large  amounts  of  H  are  present  in  a  variety  of  the  SiC  processing 
steps,  hydrogen  is  for  example  used  as  a  carrier  gas  in  CVD  growth  of  SiC,  a  more  detailed 
knowledge  of  the  passivation  kinetics  is  needed.  In  this  contribution  we  focus  on  the  formation  and 
thermal  stability  of  the  hydrogen-Al  complex  in  Al-doped  epitaxial  4H-SiC. 

EXPERIMENT 

An  epitaxial  4H-SiC  film  with  a  buried  moderately  doped  Al-layer  was  implanted  in  the  low-doped 
near  surface  region  with  10  keV  2H+  ions  to  a  dose  of  lxlO15  cm'2.  The  epitaxial  layer  was  grown  in 
a  horizontal  CVD  reactor,  described  in  detail  elsewhere  [4].  The  implanted  epi-layer  was  then 
annealed  at  300  °C  for  30  min  in  a  vacuum  furnace  during  which  a  small  amount  of  the  implanted 
2H  migrated  into  the  buried  Al  layer.  The  surface  layer,  including  the  implanted  2H,  was  then  etched 
off  using  an  ICP  etch  system  with  a  SF6  plasma.  After  etching  the  sample  was  cut  into  smaller 
pieces  which  were  annealed  in  vacuum  at  the  temperatures  270,  300,  350,  and  400°C.  Two  anneals 
were  performed  at  each  temperature  where  the  longer  anneal  time  was  a  factor  of  four  greater  than 
the  shorter  one. 

Concentration  versus  depth  profiles  for  Al,  B,  and  2H  were  determined  by  secondary  ion 
mass  spectrometry  measurements  (SIMS)  utilizing  a  Cameca  IMS  4f  microanalyser.  A  primary 
sputtering  beam  of  8  keV  (l60)2+  and  13.5  keV  133Cs+  ions,  for  the  Al  and  B,  and  2H  measurements, 
respectively,  was  rastered  over  an  area  of  200x200  pm2.  The  erosion  rate  was  typically  15  and  25 
A/s  in  the  Cs  and  02  measurements,  respectively.  Secondary  ions  of  27A1+,  1  B+,  or  H  were 
collected  from  an  area,  60  pm  in  diameter,  in  the  center  of  the  sputtered  crater.  The  total  boron 
concentration  was  assumed  to  be  25%  higher  than  the  concentration  of  llB  in  order  to  account  for 
the  10B  isotope.  The  use  of  2H  instead  of  rH  is  motivated  by  the  fact  that  the  sensitivity  of  2H  in  the 
SIMS  measurements  is  three  orders  of  magnitude  higher  than  of  ’H.  A  frequent  problem  in  SIMS 
analysis  of  implanted  non-annealed,  or  highly  passivated  SiC,  is  sample  charging.  To  minimize  this 
effect  a  thin  gold  layer  (~20  nm)  was  deposited  on  the  samples  in  order  to  increase  the  surface 
conductivity. 
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FIG.  1.  SIMS  profiles  of  2H,  27 Al,  and  llB  of  a 
4H-SiC  epitaxial  layer  with  a  buried  Al-doped 
region.  The  sample  was  implanted  with  10  keV 
2H*  ions  to  a  dose  of  IxlO15  cm'2  and 
subsequently  annealed  at  300  °C  for  30  min 
during  which  a  small  amount  of  the  implanted  2H 
migrated  into  the  buried  layer  forming  a  well 
defined  peak  of  2H-A1  complexes  in  the  buried 
layer. 


FIG.  2.  SIMS  profiles  of  2H  and  27 Al  of  the  sample 
shown  in  Fig.  1  after  a  0.5  pm  plasma  etch  and 
further  annealing  at  350  °C  for  1  h  (circles)  and  4  h 
(triangles),  respectively.  Least  square  fits  of  Eq.  (2) 
(solid  lines)  to  the  SIMS  profiles  provide  the 
effective  diffusion  constant  of  the  2H  in  the  Al-layer. 


Moreover,  electron  flooding  was  employed  in  the  02  measurements  to  further  compensate  the 
charging  by  the  primary  beam. 

RESULTS  AND  DISCUSSION 

Fig.  1  demonstrates  the  SIMS  profiles  for  the  2H  implanted  and  300  °C  annealed  sample.  The  B 
content  remains  homogenous  through-out  the  epitaxial  layer  at  a  concentration  of  2xl015  cm'3.  The 
buried  Al-layer  starts  at  a  depth  of  1  pm  and  extends  at  a  concentration  of  3xl018  cm'3  to  a  depth  of 
2  pm,  where  the  signal  falls  to  the  Al-background  level  in  the  epitaxial  layer  equal  to  2xI016  cm'3. 
The  implanted  2H  distribution,  reaching  a  depth  of  0.3  pm,  exhibits  no  visible  difference  compared 
to  the  as  implanted  profile  (not  shown).  This  is  in  agreement  with  a  previous  study  where  implanted 
H  remained  unaffected  by  thermal  annealing  up  to  temperatures  of  650  °C  [5].  However,  Fig.  1 
shows  that  a  small  fraction  (6x10 4)  of  the  implanted  2H  has  migrated  into  the  buried  Al-layer 
forming  a  well  defined  peak  at  the  edge  of  the  layer.  This  accumulated  2H  peak  strongly  suggests 
the  formation  of  2HA1  complexes,  an  interpretation  in  accordance  with  the  recent  finding  of 
electrical  passivation  of  Al  by  hydrogen  in  SiC  [3].  Another  interpretation  suggests  that  the  built-in 
electric  field  at  the  edge  of  the  Al-layer  creates  the  segregation  of  the  mobile  positively  charged 
[6,7]  hydrogen  atoms.  However,  numerical  simulations  of  a  similar  structure  [7]  show  that  such 
process  could  not  result  in  the  sharp  peak  inside  the  higher  doped  layer  as  observed  in  Fig.  1. 

After  the  initial  300  °C  anneal,  0.5  pm  of  the  surface  layer  is  etched  off,  removing  all  of  the 
^H  that  did  not  diffuse  out  of  the  implanted  region.  Further  annealing  will  thus  not  introduce  more 
2H  into  that  Al-layer  but  only  redistribute  the  original  2HAl-complex  peak.  This  can  be  seen  in  Fig. 
2  which  shows  the  2H  SIMS-profiles  of  two  etched  samples  annealed  at  350  °C  for  1  and  4  hours, 
respectively.  The  redistribution  of  the  2H  indicates  that  the  complexes  are  not  stable  at  the  annealing 
temperature  and  the  effective  diffusion  is  thus  a  process  of  continuous  dissociation  and  formation  of 
2HAl-complexes.  To  further  analyze  the  experimental  data  a  kinetic  model  including  diffusion  of 
untrapped  H  as  well  as  the  formation  and  dissociation  of  immobile  2HA1  complexes  is  taken  into 
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consideration.  In  the  model  the  complex  formation  rate  is  given  by  the  expression  [8]:  0[2HAl]/8/  = 
47t/?/^/Z)^[2H][Al],  where  Rhai  is  an  effective  capture  radius,  Du  is  the  2H  diffusion  constant,  and  t 
is  the  annealing  time.  The  brackets  denote  concentration  values.  The  complex  dissociation  rate  is 
assumed  to  follow  first  order  kinetics:  -0[2HAl]/3/  =  Vuai[2 HA1],  where  vHai  is  the  complex 
dissociation  frequency.  In  the  case  of  a  simple  dissociation  process,  v Hai  is  expected  to  follow  an 
Arrhenius  temperature  dependence:  Vhai  =  Vo  exp(-2£//£s7),  where  Vq  is  the  so  called  attempt 
frequency  and  Ed  is  the  dissociation  energy  of  the  complex.  Vo  should  in  turn  be  within  the  same 
order  of  magnitude  as  the  characteristic  oscillation  frequency  of  the  lattice  Viamce  which  can  be 
estimated  by  weighing  each  vibration  mode  a)k  with  the  energy  in  that  mode:  2nviattice  =  {(o)  = 
X  C0k(C0kh{n))  /  X  ( (Dkh{n )),  where  ( n )  is  the  quantum  number  following  the  Planck  distribution. 
Using  the  standard  Debye  approximation  with  the  Debye  temperature  =  1120  K  for  SiC  [9], 
numerical  integration  of  the  above  expression  yields  Viamce  =  1.6xl013  s'1  at  350  °C,  and  is  virtually 
independent  on  temperature  in  the  investigated  temperature  range.  The  capture  radius  for  the  2HB 
complex  in  SiC  has  recently  been  experimentally  determined  to  Rhb  =  20  A  at  460  °C  [10].  This 
relatively  large  value  indicates  that  the  driving  force  in  the  trapping  of  2H  by  the  acceptor  ions  is  the 
coulomb  attraction  between  the  mobile  positively  charged  2H  and  the  ionized  acceptor.  Since  the 
coulomb  attraction  from  an  ionized  AI  atom  should  be  the  same  as  for  B,  and  since  the  temperature 
dependence  in  R  is  expected  to  be  weak  [10],  we  use  Rhai  =  Rhb  =  20  A. 

The  diffusion  model  described  above  has  no  general  mathematical  solution  but  may  be 
solved  analytically  for  some  limiting  cases.  When  the  dissociation  rate  is  significant  compared  to 
the  trapping  rate,  and  the  total  hydrogen  concentration  [2Htot]  =  [2H]  +  [2HA1]  is  small  compared  to 
the  trap  concentration,  [2Htot]  will  diffuse  according  to  standard  Fickian  diffusion  with  an  effective 
diffusion  constant  given  by  [11]: 


*  4  tiRhaiAI, 

where  Alo  is  the  aluminum  concentration  in  the  Al-layer.  It  is  interesting  to  note  that  Deff  is 
independent  on  the  diffusivity  of  the  mobile  H,  D//.  Physically,  this  means  that  the  average  time 
between  de-trapping  and  re-trapping  of  a  2H  atom  is  negligible  compared  to  the  average  lifetime  of 
a  complex.  The  solution  to  the  Fickian  diffusion  of  a  thin  delta-like  profile  placed  just  inside  a 
reflective  boundary  at  x  =  xo  and  with  another  reflective  boundary  at  x  =  xj  is  given  by  two 
Gaussian  functions  [12]: 


_2Q_ 
V2 ~7t<J 


1  f  x  -  2jc,  +  xQ 


(2) 

where  Q  is  the  integrated  dose  of  [2Htot]  and  a  is  the  standard  deviation  of  a  Gaussian  function, 
related  to  the  diffusivity  as  Dejf  =  o*/2t.  The  reflective  boundary  conditions  are  motivated  by  the 
fact  that  the  trap-limited  diffusion  mechanism  inside  the  Al-layer  enhances  the  effective  transport  of 
2H.  Least  square  fits  of  Eq.  (2)  to  the  2H  SIMS  profiles  of  the  etched  and  annealed  samples  exhibit 
excellent  agreement  for  all  investigated  temperatures  and  times,  illustrated  for  the  350  °C  anneals  in 
Fig.  2.  By  plotting  the  extracted  <7  at  each  temperature  as  (?!2  vs.  ty  Dejj  is  determined 
independently  on  the  original  shape  of  the  2H  profile.  The  2HA1  dissociation  frequencies  are  then 
calculated  from  the  extracted  Deff  values  using  Eq.  (1).  Fig.  3  displays  a  least  square  fit  of  an 
Arrhenius  equation  to  the  extracted  Vhai,  showing  a  close  to  perfect  fit  over  the  three  orders  of 
magnitude  covered  by  the  extracted  frequencies.  The  Arrhenius  fit  yields  an  attempt  frequency  Vq  of 
1.7xl013  s'1  and  a  dissociation  energy  Ed  for  the  2HAl-complex  of  1.66  (±0.05)  eV,  which  may  be 
compared  with  the  slightly  lower  value  of  1.44  eV  for  the  1HAl-complex  in  silicon  [13].  The  good 
agreement  between  v0  and  V/attice  supports  the  validity  of  the  diffusion  model  with  trapping  and  first 
order  de-trapping  of  mobile  2H  at  Al-trapping  centers.  However,  the  spot-on  agreement  in  this 
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FIG.  3.  Arrhenius  plot  of  the  experimental 
dissociation  frequencies  calculated  from  the  effective 
2H  diffusion  constants  by  Eq.  (1).  The  fitted  Arrhenius 
equation  (solid  line)  yields  a  dissociation  energy  of 
1.66  (±0.05)  eV  for  the  2HAl-complex  and  a  pre¬ 
exponential  attempt  frequency  v0  =  1.7xl013  s'!. 


experiment  is  most  likely  coincidental.  The  small  experimental  error  in  Ed  alone  translates  to  a 
factor  2.5  in  v0.  It  should  also  be  mentioned  that  our  experiment  regards  the  hydrogen  isotope  2H 
whose  diffusion  and  trapping  characteristics  may  not  be  identical  to  that  of  !H  in  SiC.  On  the  other 
hand,  the  isotope  effect  in  the  H-acceptor  dissociation  energy  is  most  likely  small. 

SUMMARY 

By  measuring  the  thermal  redistribution  of  a  well  defined  2H  peak  in  an  A1  doped  epitaxial  layer, 
we  have  determined  the  dissociation  energy  of  the  passivating  2HA1  complex  in  4H-SiC  to  1.66 
(±0.05)  eV.  The  experiment  also  provides  the  dissociation  attempt  frequency  Vo  =  1.7xl013  s  1 
which  is  in  excellent  agreement  with  the  expected  value  for  a  first  order  dissociation  process.  The 
next  step  in  this  work  is  to  determine  the  dissociation  kinetics  for  the  2H-B  complex. 
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Abstract:  Defects  created  by  proton  irradiation  of  n-type  4H-SiC  epilayers  with  different  fluences 
and  six  annealing  steps  were  investigated  by  Deep  Level  Transient  Spectroscopy  (DLTS)  and 
Minority  Carrier  Transient  Spectroscopy  (MCTS).  Three  previously  unreported  hole  traps  with 
energy  levels  of  Ev  +  0.35  eV,  Ev  +  0.44  eV,  Ev  +  0.80  eV  and  several  electron  traps  were  found. 
Annealing  properties  and  dependence  upon  irradiation  dose  of  majority  and  minority  carrier  traps  is 
presented.  High  temperature  stability  of  a  Ev  +  0.35  eV  trap  has  been  demonstrated. 

Introduction: 

Irradiation  induced  defects  is  a  very  important  issue  for  all  electronic  materials,  since  they  are 
unintentionally  created  during  different  device  processing  steps  by  ion  implantation  and  are  also 
used  for  lifetime  control  in  the  material.  Thus,  detailed  knowledge  about  defect  dynamics  and 
dependence  on  irradiation  dose  and  annealing  temperatures  is  needed  to  control  and  remove  them. 

Existing  reports  about  irradiation-induced  traps  in  SiC  are  often  limited  to  majority  carrier  traps 
which  are  more  simple  to  measure  and  the  results  are  more  easily  interpreted.  Since  n-type  4H-SiC 
material  is  more  easily  available,  most  deep-level  transient  spectroscopy  (DLTS)  studies  have  been 
done  on  electron  traps  [1-4].  However,  knowledge  about  hole  traps  is  required  to  complete  the 
picture  of  the  induced  defects.  Hole  traps  can  be  detected  by  junction-DLTS  using  p+ n  diodes  in 
n-type  material  [5,  3]  or  alternatively  using  standard  DLTS  on  p-type  material  [6]. 

In  our  study  we  use  DLTS  to  detect  electron  traps  and  Minority  Carrier  Transient  Spectroscopy 
(MCTS)  [7]  with  front  illumination  for  detection  of  hole  traps  in  n-type  material.  The  latter 
technique  does  not  require  a  p+n  junction  in  order  to  inject  holes  into  depletion  region,  but  uses 
above-bandgap  illumination  to  create  electron-hole  pairs.  A  Schottky  contact  can  be  used  for  both 
measurements. 

Experimental  details: 

For  these  studies  we  used  a  20  pm  thick  4H-SiC  epilayer  grown  by  hot-wall  CVD  technique  and 
irradiated  by  2.9  MeV  protons  with  fluences  3-1011,  M012,  3-1012,  M013  cm’2.  The  damage  profile 
was  flat  with  a  peak  located  at  60  pm.  Therefore  vacancies  were  distributed  uniformly  in  the  whole 
epilayer  (20  pm  thick).  The  calculated  vacancy  concentration  (TRIM)  in  the  epilayer  ranged  from 
61014  to  2-1016  cm’3.  Samples  were  then  cut  into  smaller  pieces  and  annealed  for  1  hour  at  different 
temperatures:  200  °C,  400  °C,  600  °C,  900  °C,  1100°C  and  1700  °C.  Semi-transparent  circular 
1  mm  diameter  Schottky  barrier  contacts  were  formed  by  thermally  evaporating  a  120  A  thick  nickel 
layer.  The  same  contacts  were  used  for  both  DLTS  and  MCTS  measurements.  Backside  ohmic 
contacts  to  the  substrate  were  created  by  conducting  silver  paint.  The  nitrogen  doping, 
(3.5-5)- 1015  cm-3,  as  measured  by  C-V,  did  not  change  after  irradiation  for  lightly  irradiated  samples. 
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The  nitrogen  donors  were  partially  compensated  by  the  generated  intrinsic  defects  in  un-annealed 
samples,  irradiated  with  doses  higher  than  31012cm"2,  reducing  the  effective  doping  and 
complicating  DLTS  and  MCTS  measurements  at  low  temperatures  due  to  carrier  freeze-out. 
Transient  capacitance  measurements  were  conducted  on  the  same  computer  controlled  DLTS- 
MCTS  system  with  full  transient  acquisition  and  off-line  analysis  in  the  range  of  100  -  600  K.  The 
upper  temperature  limit  was  restricted  by  the  properties  of  the  contacts.  For  DLTS  measurements, 
the  reverse  bias  was  -5  V,  and  -0.5  V  and  10  ms  long  filling  pulses  were  applied.  Above  bandgap 
excitation  for  MCTS  measurements  was  provided  by  300  ms  long  Ar  laser  pulses  with  a  wavelength 
of  355  nm  and  an  intensity  of  20  mW.  In  order  to  achieve  greater  signal  to  noise  ratio,  lock-in 
amplifier  simulation  with  a  rate  window  of  21 1  ms  was  used  when  analyzing  capacitance  transients. 
Trap  parameters  were  extracted  assuming  temperature  independent  capture  cross-section. 

Results  and  discussion 

Majority  carrier  traps.  The  observed  annealing  behavior  for  the  sample,  irradiated  with  a  fluence 
of  3*  1012  cm 2,  is  shown  in  Fig.l.  The  observed  features  are  similar  for  all  samples  irrespective  of 
irradiation  doses,  while  the  defect  concentration  increases  with  increasing  dose.  Their  general 
properties  are  summarized  in  Table  1,  and  annealing  behavior  shown  in  Fig.  1-2. 

Immediately  after  the  irradiation  a  broad  peak  at  155  K  is  observed,  probably  consisting  of  two 
peaks,  one  of  which  is  annealed  out  by  200  °C,  leaving  a  single  0.40  eV  peak  at  168  K,  which  is 
annealed  out  by  400  °C.  The  properties  of  this  peak  are  similar  to  that  of  the  S-level,  reported  after 
300  °C  boron  implantation  [8],  but  the  emission  rate  is  slightly  higher. 

The  Zj/Z2  peak  is  initially  hidden  by  two  closely  spaced  peaks  at  263  K  and  303  K,  with 
activation  energies  0.65  eV  and  0.86  eV,  respectively.  They  are  very  likely  the  same  defects  as 
reported  in  [4]  for  electron  irradiated  4H-SiC.  The  higher  temperature  peak  is  annealed  out  at 


Temperature,  K 

Fig.  1 .  DLTS  spectra  obtained  for  the  sample  with 
irradiation  dose  3- 1012  cm'2  after  different  annealing 
steps  (spectra  are  shifted  vertically  for  clarity) 


Annealing  temperature,  °C 
Fig.  2.  Defect  concentration  versus  annealing 
temperature  for  samples  with  different 
irradiation  doses:  ■  31011,  •  MO12,  A  31012, 
▼  MO13  cm'2. 
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400  °C,  while  the  lower  is  stable  up  to  1 100  °C  and  broadens  the  low  temperature  side  of  the  Z\fZ2 
peak.  At  irradiation  doses  higher  than  MO12  cm'2  these  peaks  become  stronger  than  the  Z]/Z2  peak 
in  un-annealed  samples. 

The  amplitude  of  the  Zi/Z2  peak  is  constant  (within  ±10%)  up  to  annealing  temperatures  of 
1100  °C  (Fig  2).  After  annealing  at  1700  °C  the  concentration  drops  to  approximately 
(7-8)- 1012  cm'3  for  all  the  irradiation  doses,  i.e.  a  factor  of  2-30  depending  on  the  irradiation  dose 
(Fig.  2). 

Peaks  at  395  K  (Ec  -  0.87  eV)  and  490  K  (Ec  -  0.99  eV)  show  good  agreement  with  previously 
reported  RDi/2  and  RD3  defects  in  He+  irradiated  material  [1].  Both  appear  to  be  quite  stable  defects, 
disappearing  at  temperatures  between  1100°C  and  1700  °C.  The  RD3  concentration  drops 
somewhat  faster  than  for  RDi/2  (Fig.  2).  A  peak  emerging  at  temperatures  above  550  K  is  probably 
the  RD4  [1]  or  EH6/EH7  [3]  defect,  however,  it  could  not  be  observed  completely.  But  it  is  still 
present  after  1700  °C  annealing.  There  are  possibly  several  overlapping  peaks  in  this  temperature 
range,  as  previously  noted  [3].  A  shoulder  at  577  K  sometimes  appeared,  but  did  not  show  any 
correlation  with  implantation  dose  or  annealing  temperature  and  is  probably  a  metastable  defect, 
dependent  on  measurement  and  cooling  conditions. 

Minority  carrier  traps.  Evaluation  of  MCTS  spectra  is  complicated  for  two  reasons.  First,  the 
calculation  of  concentration,  using  DLTS  formulae  is  questionable,  since  many  requirements,  which 
are  difficult  to  control,  must  be  fulfilled  [9,  10].  Second,  MCTS  spectra  exhibited  a  finite  baseline 
shift,  which  can  be  caused  by  voltage  fluctuations  after  the  end  of  the  light  pulse.  In  order  to  make 
the  results  comparable,  contacts  on  all  the  samples  were  prepared  at  the  same  time,  to  ensure  the 
same  contact  thickness.  Further,  the  same  laser  power  was  kept  throughout  the  measurements. 
Despite  this,  the  MCTS  results  are  only  suitable  for  qualitative  comparisons.  Defect  dynamics  for 
samples  irradiated  with  different  doses  follow  the 
same  profile,  but  the  concentration  of  the  defects  is 
dose  dependent.  Summary  of  the  detected  traps  is 
presented  in  Table  1. 

Un-annealed  samples  feature  a  peak  labeled  HS2 
at  170  K  with  a  thermal  activation  energy  of  0.44  eV 
from  the  valence  band  edge.  This  peak  has  a  small 
shoulder  on  the  low  temperature  side  which  is 
difficult  to  resolve  by  MCTS  analysis.  This  second 
peak  gradually  increases  with  annealing  temperature, 
while  the  originally  present  0.44  eV  trap 
concentration  decreases  (Fig.  3).  The  energy  level  of 
the  second  peak  is  Ey  +  0.35  eV  and  is  located  at 
153  K  (marked  as  HS1  in  Fig.  3).  It  can  probably  be 
related  to  the  same  defect  as  the  HH1  center  reported 
in  [3]  for  electron  irradiated  and  400  °C  annealed 
4H-SiC  samples,  detected  by  junction-DLTS.  After 
900  °C  anneal  the  spectra  are  dominated  by  the  HS1 
peak,  while  the  HS2  peak  is  weaker  and  completely 
disappears  by  1700  °C.  The  0.35  eV  level  is  left  with 
nearly  the  same  (or  slightly  higher)  concentration 
even  after  1700  °C  annealing  and  is  the  only  peak 
that  survives  with  high  concentrations  after  the  final 
annealing  step  (estimated  1.4*1014cm'3  for 
3T013  cm'2  irradiation  dose). 


annealing  steps  (spectra  are  shifted  vertically 
for  clarity) 
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Table  1.  Properties  of  electron  and  hole  traps,  observed  in  proton  irradiated  4H-SiC.  Temperature  independent  capture 
cross-section  was  assumed.  Peak  temperature  Tpeak  corresponds  to  21 1  ms  rate  window.  Capture  cross-section  oint  is 

estimated  from  the  intercept  of  the  Arrhenius  plot. 

Tpeak 

Label 

Ea 

Ujnt. 

Comments 

[K] 

[eV] 

[cm2] 

Electron  traps 

168 

- 

Ec  -  0.40H).02 

7-10'13 

Annealed  at  400  °C 

263 

- 

Ec-0.65±0.05 

M011 

Annealed  at  400  °C 

286 

Zl/2 

Ec-  0.68+0.02 

2'1014 

303 

- 

Ec  -  0.86+0.05 

7-1012 

Stable  up  to  1100  °C 

395 

RDj/2 

Ec- 0.87+0.10 

MO*15 

490 

rd3 

Ec-0.99±0.10 

210'16 

Hole  traps 

153 

HS1 

Ev  +  0.35+0.02 

510'14 

Increases  with  annealing,  thermally  stable  up  to  1700  °C 

170 

HS2 

Ev  +  0.44±0.02 

810'13 

Descreases  with  annealing,  annealed  out  at  1700  °C 

304 

HS3 

Ev  +  0.79+0.05 

410'13 

Appears  after  1 100  °C  anneal,  annealed  out  at  1700  °C 

Another  defect  level,  as  observed  by  MCTS,  is  the  0.80  eV  peak  HS3  at  304  K.  This  peak 
appears  only  after  the  1100°C  annealing  step  and  it  disappears  completely  after  the  1700  °C 
treatment. 


Conclusions: 

Proton  irradiation  creates  several  electron  traps  and  three  hole  traps  in  4H-SiC.  Minority  Carrier 
Transient  Spectroscopy  was  applied  on  SiC  and  detected  previously  unreported  hole  traps  at 
Ey  +  0.44  eV  and  Ey  +  0.80eV.  A  hole  trap  HS1,  located  at  Ey  +  0.35  eV  was  revealed  with 
surprising  high  temperature  stability.  It  appears  to  be  more  stable  than  the  Zi/Z2  defect.  After  the 
1700  °C  annealing  the  concentration  of  the  Zi/Z2  peak  has  reduced  by  a  factor  of  2  to  30  for  lightly 
and  heavily  irradiated  samples,  respectively,  while  the  HS1  amplitude  stayed  nearly  constant.  All 
other  defects,  created  by  proton  irradiation  and  detected  by  DLTS  and  MCTS,  are  annealed  out  after 
1700  °C.  Further  studies  to  identify  the  observed  defects  by  comparison  with  optical  techniques 
have  been  initiated. 
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Abstract:  The  properties  of  the  Sic-CSi  antisite  pair  in  4H-SiC  as  well  as  its  formation 
mechanism  have  been  investigated.  For  the  formation  of  an  antisite  pair  in  the  ideal  bulk 
a  high  energy  barrier  has  to  be  overcome.  However,  in  the  presence  of  other  defects  the 
formation  energy  and  the  barrier  are  significantly  lowered.  Here,  we  present  our  results 
concerning  formation  energies  and  diffusion  barriers  for  the  formation  of  an  antisite  pair 
next  to  silicon-  and  carbon-vacancies  as  well  as  to  the  Vc+CSi  pair  which  arises  from 
VSi.  Structure  and  formation  energy  of  the  antisite  pair  have  been  calculated  within  ab 
initio  density  functional  theory  (DFT)  in  the  local  density  approximation  (LDA).  These 
results  are  well  reproduced  by  a  charge  selfconsistent  DFT  based  tight  binding  method 
(SCC-DFTB),  which  was  used  to  calculate  the  diffusion  paths  and  the  activation  energies 
for  formation. 


Electrically  active  intrinsic  defects  may  play  a  critical  role  in  material  quality  if  their  formation 
energy  is  low.  Furthermore,  they  may  segregate  during  various  technological  processes  form¬ 
ing  larger  complexes.  Isolated  antisites  in  SiC  have  been  theoretically  investigated  in  3C-  and 
2H-SiC  [1].  They  have  relatively  low  formation  energies,  and  the  silicon  antisite,  Sic,  behaves 
as  a  hole  trap  with  levels  near  the  valence  band.  The  structure  and  electronic  properties  of 
the  antisite  pair,  Sic-CSi,  in  3C~SiC  have  recently  been  reported  [2].  It  was  found  that  the 
pair  possesses  electronic  activity  similar  to  Sic,  and  the  formation  energy  for  the  pair  (5.8  eV) 
is  lower  than  the  sum  of  the  formation  energies  of  isolated  Csi  (3.7  eV)  and  Sic  (4.6  eV).  The 
formation  energy  of  the  pair  (quoted  values  refer  to  stoichiometric  3C  material)  is  still  too  high 
to  lead  to  significant  concentrations  during  growth.  The  question  is,  however,  whether  and 
how  such  pairs  can  be  formed  in  existing  material.  The  polytypes  of  practical  interest  are  4H 
and  6H.  Regarding  the  computational  costs,  we  restricted  our  investigation  to  stoichiometric 
4H-SiC  considering  only  the  neutral  charge  state  of  the  antisite  pair  at  cubic  sites. 

First  we  have  determined  the  structure  and  formation  energy  of  the  Sic-Csi  pair  at  the  ab 
initio  level  using  a  plane- wave  based  LDA  code  (FHI98MD[3]).  A  96  atom  supercell  was  used 
with  a  2  x  2  x  2  k-point  set  [4]  and  an  energy  cutoff  of  30  Ry.  Two  shells  of  neighbors  were  al¬ 
lowed  to  relax.  Then  we  have  repeated  the  calculation  in  a  240  atom  supercell  using  a  T-point 
approximation  in  tight  binding  framework.  (Details  of  the  SCC-DFTB-method  are  given  in 
Refs.  [5,  6,  7].)  Based  on  the  good  agreement  of  both  geometry  and  formation  energy,  we  used 
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the  SCC-DFTB  method  for  the  very  time-consuming  investigation  of  the  possible  formation 
mechanisms  of  the  Sic-Csi  pair. 

Our  ab  initio  calculation  for  the  antisite  pair  at  the  cubic  site  of  4H-SiC  gives  very  similar 
results  to  those  obtained  in  3C-SiC  [2].  The  bondlengths  we  obtain  differ  by  less  than  0.02  A 
and  the  formation  energy,  5.8  eV,  is  identical.  This  shows  that  the  defect  is  of  very  localized 
nature.  Based  on  the  calculated  electronic  structure,  the  hole  trap  behavior  of  the  antisite 
pair  can  be  confirmed  in  4H-SiC  as  well. 


The  SCC-DFTB  calculation  with  Sic-Csi  at  cubic  sites  of  the  large  4H-SiC  supercell  repro¬ 
duces  the  ab  initio  geometry  very  well:  the  differences  in  bond  lengths  are  again  within  0.02 
A.  The  symmetry  is  C3v.  The  bond  length  between  the  two  antisites  is  contracted  by  «  2%, 
the  next  neigbor  C-C— bonds  are  shortened  by  12%,  and  the  Si-Si— bonds  are  elongated  by  15%. 
All  values  are  respective  to  the  ideal  Si-C  bulk  bond  length  of  1.88  A.  For  the  formation  energy 
we  find  5.2  eV  with  the  SCC-DFTB  scheme  which  compares  well  to  the  5.8  eV  obtained  with 
the  ab  initio  method  (especially,  since  the  larger  supercell  allows  the  lowering  of  the  formation 
energy).  SCC-DFTB  calculations  for  the  isolated  antisites  (on  cubic  sites)  result  in  3.6  eV  for 
CSi  and  4.1  eV  for  Sic,  to  be  compared  to  3.7  and  4.6  eV,  respectively,  obtained  in  3C-SiC  in 
Ref.  [2]  .  These  results  prove  that  formation  energies  as  well  as  the  geometrical  data  can  be 
obtained  in  the  SCC-DFTB  scheme  in  good  agreement  with  ab  initio  results. 

The  relatively  low  formation  energies  of  the  isolated  interstitials  indicate  that  they  can  not 
be  uncommon  defects  in  SiC,  especially  after  irradiation.  The  high  binding  energy  of  the 
antisite  pair  predicts  a  tendency  of  isolated  antisites  to  conglomerate  and  form  pairs  or  even 
larger  clusters.  To  our  knowledge,  there  have  not  yet  been  any  investigations  about  how  an 
antisite  pair  can  develop  directly.  Therefore,  we  investigated  several  mechanisms  using  the 
SCC-DFTB  code.  For  any  given  diffusion  path  we  searched  for  the  saddlepoint  geometry  using 
an  activation-relaxation  technique  (ART)  as  proposed  in  Ref.  [8].  The  saddle  point  nature  of 
the  geometry  has  been  confirmed  by  the  calculated  vibrational  spectrum  showing  up  exactly 
one  imaginary  mode.  Starting  from  the  saddle  point  geometry  we  let  the  structure  relax  with¬ 
out  constraints  within  a  steepest  descent  algorithm  and  recorded  the  energy  during  relaxation. 


In  the  perfect  lattice  an  antisite  pair  can  only  be  created  by  the  exchange  of  a  Si  and  a  C  atom 
in  a  rotational  movement  of  a  Si-C  pair.  A  simple  rotation  of  a  Si-C  pair  in  a  (1120)  plane  of 
the  crystal  is  energetically  very  costly.  The  energetically  most  favourable  mechanism  we  found 
is  a  concerted  exchange  mechanism  as  proposed  by  Pandey  [9].  It  consists  of  a  simultaneuos 
movement  of  the  pair  with  a  gradual  change  of  the  rotational  plane  by  60°.  Rotation  starts  in 
a  (1120)  plane,  then  the  rotation  plane  gradually  changes.  After  its  rotation  by  30°,  the  saddle 
point  geometry  is  passed  (here  the  axis  of  the  pair  is  in  a  (1010)  plane).  Finally,  after  another 
30°  rotation  of  the  rotation  plane  the  rotation  of  the  pair  is  finished  in  the  next  (1120)  plane 
(60  to  the  first  plane).  The  movement  of  the  atoms  is  marked  with  arrows  on  the  left  hand 
side  of  Fig.  1  where  the  minimal  energy  path  is  shown  on  the  right  hand  side.  The  reaction 
coordinate  r  has  been  constructed  by  calculating  the  projection  of  the  actual  positions  of  the 
diffusing  C-  and  Si-atoms  separately  onto  the  connecting  vectors  from  their  initial  to  final 
positions.  In  the  insert  in  Fig.  1  these  two  projections  are  marked  with  x  for  the  C-atom 
and  y  for  the  Si-atom.  The  reaction  coordinate  is  then  obtained  by  summing  up  these  two 
contributions  r  —  x  +  y  for  each  geometry  during  the  diffusion  process. 
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Figure  1:  Geometry  and  movement  of  the  atoms  that  create  the  antisite  pair  (on  the  left).  In 
the  middle  the  construction  of  the  reaction  coordinate  is  shown  (see  text  for  details).  On  the 
right  the  energy  difference  between  the  actual  geometry  and  the  ideal  crystal  is  shown  during 
the  process  ( left  ordinate );  on  the  right  ordinate  the  bondlength  of  the  rotating  Si-C  pair  is 
shown. 


At  the  saddle  point  geometry  the  distance  between  the  moving  C  and  Si  atoms  reaches  its 
minimum  length  with  a  contraction  of  11%  compared  to  the  ideal  bulk  bond  length. 

The  energy  barrier  between  the  ideal  bulk  and  the  Sic-Csi  defect  for  this  concerted  exchange 
mechanism  is  found  to  be  10.5  eV,  i.e.  ~  1  eV  lower  than  the  barrier  for  the  two  atoms  rotating 
in  a  (1120)  plane.  This  is  a  very  high  value,  indicating  that  direct  antisite  pair  formation  is 
unlikely  to  happen  in  a  perfect  lattice. 


However,  both  formation  energy  and  energy  barrier  for  formation  can  be  lowered  in  the  pres¬ 
ence  of  vacancies.  We  find  that  the  formation  energy  of  an  antisite  pair  next  to  a  carbon 
vacancy  (Vc)  is  lowered  to  3.8  eV.  In  principle,  there  are  two  ways  to  create  the  pair  next 
to  the  vacancy.  A  simple  rotation  of  a  Si-C  pair  (as  in  the  ideal  crystal)  has  a  barrier  of  9.0 
eV.  The  second  process  can  be  described  in  two  steps.  First,  one  of  the  Si  atoms  next  to  Vc 
moves  into  the  vacancy,  resulting  in  a  Sic  antisite  next  to  a  Vsi-  In  the  second  step  one  of 
the  carbon  atoms  moves  into  VSi.  These  two  steps  should  happen  simultaneously,  i.e.  the  two 
atoms  should  move  as  a  pair.  The  result  is  Vc+  Sic-Csi,  but  the  carbon  vacancy  has  moved 
one  site  further  on  the  carbon  sublattice.  The  energy  barrier  for  this  process  is  reduced  to 
only  6.0  eV,  which  is  a  substantial  lowering  compared  to  the  value  obtained  for  the  ideal  lattice. 


Investigating  the  analogue  situation  for  the  antisite  pair  creation  next  to  a  silicon  vacancy, 
the  VSi+  Sic-Csi  complex  turns  out  to  be  unstable,  since  the  silicon  antisite  relaxes  directly 
and  without  an  energy  barrier  into  the  Vsi,  resulting  in  Vc-Csi  ■  Thus,  Vsi  cannot  help  the 
formation  of  an  antisite  pair  in  the  same  way  as  Vc. 

The  pair  defect  Vc-CSi  has  a  lower  formation  energy  than  VSi  and  can  easily  develop  from  an 
isolated  VSi  as  well  with  an  energy  barrier  of  only  1.8  eV[10].  Therefore,  we  examined  possible 
mechanisms  to  create  antisite  pairs  next  to  Vc-Csi-  Since  both  defects  are  pair  defects,  there 
are  several  possible  relative  orientations.  The  most  stable  arrangement  is  to  place  both  defects 
in  a  hexagon  as  shown  in  Fig.  2.  The  most  favourable  mechanism  to  create  the  antisite  pair 
consists  of  the  simultaneous  movement  of  a  Si  and  a  C  atom,  in  analogy  to  the  process  described 
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Figure  2:  Left:  Arrangement  of  the  two  pair  defects  in  Sic-Csi  +Vc-CSi.  Black  circles  represent 
C,  white  circles  Si  atoms.  The  movement  of  the  Si-C  pair  is  marked  by  arrows.  Right:  Energy 
change  during  diffusion  plotted  against  the  distance  the  moving  C  atom  has  covered  from  its 
lattice  site  to  the  antisite  position. 

for  the  formation  next  to  a  single  Vo  The  motion  of  the  atoms  is  illustrated  schematically  in 
Fig.  2.  The  formation  energy  of  the  antisite  pair  next  to  Vc-CSi  is  only  2.0  eV  and  the  energy 
barrier  is  lowered  to  4.7  eV! 

In  conclusion,  we  find  that  the  Sic-CSi  antisite  pair  is  an  electrically  active  defect  in  4H-SiC 
which  has  a  2.5  eV  binding  energy  with  respect  to  isolated  Sic  and  CSi.  The  formation  energy 
of  the  antisite  pair  can  be  significantly  lowered  by  the  presence  of  other  intrinsic  defects, 
becoming  as  low  as  2.0  eV  next  to  a  Vc-CSi  complex  (which  developes  easily  from  VSi).  In 
that  case  the  antisite  pair  can  be  created  even  a  posteriori  at  the  cost  of  only  4.7  eV. 

This  work  was  done  in  the  framework  of  the  bilateral  DFG  (Nr.  436  UNG113/137/0)  -  MTA 
(Nr.  118)  project.  The  authors  thank  the  support  of  the  Hungarian  OTKA  Nr.  T32174  (P.D.) 
and  the  German  FR889/12-1  (E.R.)  projects  for  support  of  their  work. 
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Abstract.  Intrinsic-related  defect  centers  have  been  generated  in  n-type  4H/6H-SiC  by  bombardment 
with  different  particles  like  high-energy  electrons  (2  MeV),  hydrogen  (H),  helium  (He)  or  ions  of 
heavier  masses  like  neon  (Ne)  or  argon  (Ar).  The  annealing  behavior  of  implantation-induced  defects 
in  6H-SiC  has  been  studied  by  DLTS  investigations  after  annealing  the  samples  at  elevated  temperatures. 
The  Ei/Er,  Zi/Z2(6H)-  and  R-center  are  the  prevailing  defect  centers  observed  in  DLTS  spectra.  The 
activation  energy  AEa  for  the  annihilation  process  of  the  Zi/Z2(4H) -center  has  been  determined  by 
isochronal  annealing  of  e'-irradiated  4H-SiC  samples. 

Introduction 

Ion  implantation  is  an  important  technique  to  dope  silicon  carbide  (SiC).  In  order  to  electrically 
activate  the  implanted  donor  or  acceptor  species  and  to  largely  remove  the  introduced  lattice 
damage,  an  annealing  step  at  elevated  temperatures  is  required.  As  an  unintentional  side  effect 
electrically  active  defect  centers  are  generated  by  the  implantation  process,  which  partially  survive 
temperatures  up  to  1700°C.  The  chemical  composition  and  microscopic  structure  of  all  these  defect 
centers  are  still  unknown.  Investigations  are  partially  performed  on  the  formation  and  thermal 
stability  of  implantation-induced  defect  centers  (see  e.g.  [1-4]). 

In  this  paper,  the  dependence  of  generated  defect  centers  in  6H-SiC  on  the  implanted  ion  mass  is 
studied;  in  addition,  the  thermal  stability  of  the  Zi/Z2-center  in  4H-SiC  generated  by  irradiation  with 
high-energy  electrons  is  investigated. 

Experimental 

For  the  investigations,  samples  were  cut  from  n-type  4H-/6H-SiC  epilayers  (6H-SiC:  nitrogen 
concentration  [N]  =  5xl015  cm'3,  thickness  d  =  5  pm;  4H-SiC:  [N]  =  9xl015  cm'3,  d  =  5  pm).  Defect 
centers  in  6H-SiC  were  generated  by  implantation  of  H+,  He+,  Ne+  and  Ar+  ions.  A  box-shaped  profile 
was  formed  by  multiple  implantations  with  different  ion  energies.  The  depth  of  the  profile  varied 
between  1.2  pm  and  1.6  pm  depending  on  the  ion  species.  The  implantation-induced  damage  is 
characterized  by  the  total  vacancy  concentration  [VsJ+[Vc]  calculated  with  the  TRIM_C  Monte-Carlo 
simulation  program  after  Biersack  [5].  The  calculated  vacancy  concentration  is  just  an  index  and  does 
not  correspond  to  the  real  vacancy  concentration,  because  the  simulation  program  does  not  take  into 
account  more  complicated  processes  like  recombination  or  clustering.  The  fluence  of  the  different  ion 
species  was  adjusted  in  such  a  way  that  a  vacancy  concentration  of  lxlO18  cm'3  was  generated.  Three 
sets  of  6H-SiC  samples  were  prepared.  Set  1  and  set  2  samples  were  identically  implanted  with 
different  ion  species  and  annealed  at  800°C  and  1400°C,  respectively,  for  30  min.  Set  3  consisted  of  5 
samples  which  were  He-implanted  ([Vac]  =  2xl016  cm'3)  and  annealed  at  different  temperatures 
(700°C,  800°C,  1000°C,  1400°C  and  1700°C)  for  30  min.  Finally  one  set  of  4H-SiC  samples  (set  4) 
was  irradiated  with  high  energy  electrons  (electron  energy  Ee  =  2 MeV,  fluence  f  =  lxlO15  cm  2,  fluence 
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rate  r  =  3.2xl013  cm'V1)  and  annealed  at  different  temperatures  between  873  K  and  2273  K  in  a  first 
step  for  30  min,  followed  by  a  second  step  for  60  min. 

The  anneals  up  to  1000°C  were  conducted  in  a  rapid  isothermal  annealing  system  (RIA)  under 
vacuum.  Anneals  at  higher  temperatures  were  conducted  in  a  graphite  furnace;  these  samples  were 
protected  in  a  SiC  crucible  and  kept  in  an  argon  ambient  of  1  atm  to  avoid  thermal  decomposition  of 
the  surface.  Prior  to  the  fabrication  of  contacts,  a  surface  layer  of  300  nm  thickness  was  removed  by 
reactive  ion  etching  (RIE)  and  a  standard  chemical  cleaning  process  was  performed  using  acetone, 
aqua  regia  and  hydrofluoric  acid.  Ni-Schottky  contacts  with  0.6  mm  or  1.0  mm  in  diameter  were 
evaporated  for  the  DLTS  investigations.  The  DLTS  spectra  were  taken  in  a  temperature  range  from 
100K  to  700  K. 

Experimental  Results  and  Discussion 

Fig.  1(a)  and  1(b)  display  DLTS  spectra  of  6H  samples  implanted  with  H,  He,  Ne  and  Ar  and 
annealed  at  800°C  and  1400°C,  respectively.  Because  of  the  differing  defect  concentrations,  which 
are  summarized  in  Tab.l  for  the  DLTS  spectra  revealed  in  Fig.  1(a),  the  scale  of  the  y-axis  in  both 
figures  is  differently  selected. 


Fig.l:  DLTS  spectra  of  H-,  He-,  Ne-  and  Ar-  implanted  n-type  6H-SiC  samples  annealed  at 

(a)  800°C  for  30  min 

(b)  1400°C  for  30  min 


The  peak  structure  of  observed  DLTS  spectra  in  Fig.  1(a)  strongly  depends  on  the  implanted  ion 
species.  DLTS  spectra  of  Ne-  or  Ar-implanted  samples  are  similar  (dotted,  dashed  curve):  The 
dominating  peak  at  «310K  is  caused  by  the  Zi/Z2(6H)-center;  two  further  peaks  with  smaller  height 
(RDs*  RT>6)  appear  at  —240  K  and  —440  K,  respectively.  In  the  DLTS  spectra  of  the  He-implanted 
sample  (chained  curve),  two  large  peaks  (Zi/Z2(6H)  and  R)  are  observed;  in  addition,  the  E^- 
center  is  formed  at  approx.  200  K.  In  the  H-implanted  sample  (solid  curve),  three  pronounced 
centers  (RD5,  Z]/Z2(6H)  and  RD6)  are  generated.  All  the  observed  defect  centers  are  described  in  the 
literature  (for  a  summary,  see  e.g.  [1]). 


Tab.l:  Concentration  of  defect  centers  in  6H-SiC  samples,  which  have  been  implanted  with  H,  He,  Ne  and 
Ar,  respectively,  and  annealed  at  800°C  for  30  min  (set  1  samples). _ 


concentration  of  defect  centers  (cm'3)  i 

defect  center 

H 

He 

Ne 

Ar 

E,/E2 

=  (1  ±0.4)x  1015 

— 

_ 

rd5 

— - 

— 

_ 

Zj/Z^H) 

=  (2  ±0.6)  x  1015 

(5  ±  0.2)  x  10IS 

(1  ±  0.5)  x  1015 

(4  +  0.2)  x  1015 

R 

— 

(1.2  +  0.4)  x  1016 

— 

... 
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Subsequent  to  the  anneal  at  1400°C  (see  Fig.  1(b),  set  2  samples),  the  DLTS  spectra  of 
correspondingly  implanted  6H-SiC  samples  look  largely  similar.  The  Ei/E2-center  has  been  formed 
during  the  heat  treatment  and  dominates  in  all  the  observed  DLTS  spectra,  while  the  other 
implantation-induced  defect  centers  are  strongly  reduced.  Only  in  the  Ar-implanted  sample 
(heaviest  ion  mass),  the  energetically  shallow  IDs-center  (AEQD5)  =  (280-320)  meV)  additionally 
appears.  The  defect  concentrations  obtained  from  the  DLTS  peak  heights  are  listed  in  Tab.2. 


Tab.2:  Concentration  of  defect  centers  in  6H-SiC  samples,  which  have  been  implanted  with  H,  He,  Ne  and 
Ar,  respectively,  and  annealed  at  1400°C  for  30  min  (set  2  samples). _ 


,  ,  - - - 

concentration  of  defect  centers  (cm'3)  1 

defect  center 

H 

He 

Ne 

Ar 

IDs 

— 

(3  +  0.8)  x  1013 

— 

(5±  0.6)  x  1014 

E./E2 

(2±  0.3)  x  10IS 

(2  +  0.3)  x  1015 

(2  +  0.3)  x  1015 

Zi/Z2(6H) 

(1.5  ±  0.2)  x  1014 

(1  ±0.2)x  1014 

=  (1  ±0.5)x  1014 

_ =: _ 

R 

not  observed  after  the  annealing  step 

The  formation  of  implantation-induced  defect  centers  is  a  complicated  process  which  depends  on 
many  parameters  like  implanted  ion  species,  fluence  or  generated  vacancy  concentration,  ion  current 
and  annealing  conditions  (temperature,  annealing  time).  Although  the  generated  DLTS  peaks  (defect 
centers)  are  in  most  cases  identical,  their  concentrations  and  their  abundance  depend  on  the 
individual  experimental  conditions.  In  Fig.  1(a)  and  1(b),  we  have  demonstrated  the  dependence  on 
the  implanted  ion  mass  and  annealing  temperature.  The  dependence  on  the  generated  vacancy 
concentration  and  annealing  temperature  is  demonstrated  in  Fig.2  (set  3  samples).  In  comparison  to 
set  1/set  2  samples,  the  generated  vacancy  concentration  in  set  3  samples  is  by  approx,  two  orders  of 
magnitude  smaller  for  corresponding  annealing  temperatures.  As  can  be  seen  in  Fig.2,  the 
concentration  of  Ei/E2  centers  dominates  subsequent  to  annealing  steps  between  700°C  and  1700°C 
in  contrast  to  set  1  samples  (Fig.  1(a));  maximum  concentrations  for  all  the  observed  defect  centers 
(Ei/E2,  Zj/Z2(6H),  R)  are  reached  by  the  anneal  at  800°C. 

The  applied  electron  irradiation  generated  a  maximum  Zi/Z2(4H)  concentration  already  without 
additional  annealing  step  (not  shown).  For  4H-SiC  samples  (set  4),  the  annihilation  behavior  of  the 
Z i/Z2(4H) -center  between  873  K  and  2273  K  is  shown  in  Fig.3.  (The  Zi/Z2(4H)~center  in  4H-SiC 
corresponds  to  the  Ei/E2(6H) -center  in  6H-SiC  [7]).  Isochronal  anneals  for  30  min/90  min  do  not 


annealing  temperature  (°C) 


Fig.2:  Annealing  behavior  of  the  E1/E2-, 
Zj/Z2(6H)-  and  R-center  generated  in  He- 
implanted  6H-SiC  samples. 


annealing  temperature  Tann  (K) 

Fig.3:  Concentration  of  Z!/Z2(4H)-centers  [Zi/Z2(4H)3 

determined  in  n-type  4H-SiC  samples  subsequent  to  isochronal 
anneals  (tA=30min  /  90min). 
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noticeably  reduce  the  concentration  of  Z,/Z2(4H)-centers  up  to  the  annealing  temperature 
Ta,2  =  1200  K  /  Ta.i  =  1700  K;  the  concentration  starts  to  decrease  exponentially  at  temperatures 
Ta  >  TAi/TA2. 

Assuming  first  order  kinetics,  this  decrease  can  be  described  by 


~[Z]/Z2  (4H)]  =  -  K  •  [Z}/Z2  (4H)]  with  the  reaction  constant  K  =  Kq  •  exp  \  - 
Integration  over  the  annealing  time  tA  leads  to 


aea| 

k-TAJ 


(1) 


In 


In 


N0 


[Zi/Z2(4H)] 


=  ln(K0-TA)-^- 
k-TA 


(2) 


Eq.(2)  is  plotted  in  Fig.4  with  the  experimental  data  (dots)  taken  from  Fig.3;  the  solid  and  dashed 
straight  lines  are  least-squares-fits  to  the  experimental  data.  From  the  slopes,  an  activation  energy 
AEa  for  the  annihilation  process  of  2.1  eV  is  determined. 


Fig.4  :  Determination  of  the  activation 
energy  for  the  annihilation  of  Zi/Z^(4H)- 
centers;  ln(N0/[Z1/Z2(4H)])  is  plotted  vs. 
the  reciprocal  temperature.  The 
activation  energy  AEa  is  determined 
from  the  slope  of  the  straight  lines. 


0.40  0.45  0.50  0.55  0.60  0.65  (T70  0.75  0.80 

1000 /Ta 


Summary 

DLTS  investigations  were  performed  on  H+-,  He+-,  Ne+-  and  Ar+-implanted  6H-SiC.  The  formation 
and  annihilation  of  implantation-induced  defects  in  6H-SiC  was  studied  as  a  function  of  ion  mass, 
fluence  (generated  [Vac])  and  annealing  temperature.  The  Z]/Z2(4H)-center  was  generated  in  4H- 
SiC  by  irradiation  of  high-energy  electrons.  The  activation  energy  AEa  for  the  annihilation  process 
was  obtained  from  isochronal  anneals;  AEa  is  equal  to  2.1  eV. 
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Abstract.  Deep  level  transient  spectroscopy  spectra  of  the  near  Z-defect  region  (150-350K)  were 
investigated  for  B  implanted  samples  of  low  doses  (108-109  cm  2).  For  300  °C  implantation,  a  level 
at  an  energy  of  0.41  eV  below  the  conduction  band  edge  was  found,  referred  to  as  the  S-level.  The 
S-center  was  shown  to  form  in  both  implanted  and  electron  irradiated  4H-SiC,  either  after  room 
temperature  (R.T.)  implantation  followed  by  mild  heat  treatments  or  long  R.T.  storage  (several 
months)  or  after  200-300  °C  implantations/irradiations.  The  S-center  was  found  to  anneal  out  at 
temperatures  above  250  °C. 


1  Introduction 

At  low  doses  (<  1010  cm-2)  the  implantation  induced  damage  in  SiC  has  proven  to  widely  exceed 
that  in  Si  for  the  same  implantation  dose[l]  and  this  poses  a  major  complication  for  implantation 
doping  in  SiC  technology.  4H-SiC  has  a  high  density  with  a  closest  atom  distance  of  ~  1.9  A  and 
a  high  atomic  bonding  energy.  The  high  bonding  energy  manifests  itself  by  a  high  temperature 
stability,  and  likewise  high  temperatures  are  needed  to  anneal  out  implantation  induced  damage. 
Further,  as  a  binary  material,  there  are  several  different  possible  substitutional  sites  for  displaced 
atoms  and  implanted  ions.  There  exist  not  only  C  and  Si  sites,  but  the  crystal  structure  also  gives 
rise  to  both  cubic  and  hexagonal  sites.  For  heavily  damaged  layers,  there  is  further  the  possibility 
of  epitaxial  re-growth  of  different  polytypes  during  post-implant  annealing. 

Electrically  active  point  defects  generated  by  the  implantation  process  affect  the  doping  and 
carrier  lifetimes  and  very  little  is  yet  understood  about  the  identity  and  formation  processes  of 
these  defects.  For  this  reason  low  dose  implantation  experiments  are  well  suited  together  with  deep 
level  transient  spectroscopy(DLTS)  for  monitoring  the  evolution  of  electrically  active  point  defects 
as  a  function  of  implantation  parameters  and  post  implantation  anneals.  Here  we  concentrate  on 
the  region  of  the  DLTS  spectra  surrounding  the  most  prominent  implantation  induced  defect,  the 
Z- center [2]  (150-350  K). 

2  Experiment 

The  material  used  was  epitaxial  (10  pm)  4H-SiC  layers  grown  on  Cree  wafers  by  chemical  vapor 
deposition  (CVD)  at  Linkoping  university [3].  The  material  was  nitrogen  doped  in  the  range  (4 
to  8)xl015  cm-3.  The  samples  were  implanted  with  boron  using  the  Uppsala  tandem  accelerator 
facilities  at  an  energy  of  2  MeV  and  doses  of  1  x  108  cm-2  and  1  x  109  cm-2.  This  gives  rise  to  a  boron 
distribution  with  a  projected  range  of  2  pm,  according  to  experimental  data[4].  The  low  dose  was 
selected  to  produce  negligible  electrical  compensation,  thereby  eliminating  any  obfuscating  effects 
during  capacitance- voltage  analysis  and  also  eliminating  the  normally  necessary  post-implantation 
anneals.  The  ion  implantations  were  performed  at  R.T.,  300  and  600  °C.  One  sample  was  electron 
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(e  )-irradiated  with  2  MeV  electrons  at  R.T.  to  a  dose  of  lxlO1^  cm  2.  The  samples  were  cleaned 
in  Aqua  Regia,  followed  by  acetone  and  ethanol  rinse  and  a  dip  in  10%  hydrofluoric  acid.  Schottky 
contacts  of  Ni  were  grown  in  an  e-beam  evaporator  at  a  base  pressure  of  lxl0“8  mbar.  Capacitance- 
voltage  (CV)  measurements  were  made  for  doping  characterization,  followed  by  temperature  scan 
DLTS  and  double-pulse  DLTS  (DDLTS).  The  measurements  were  made  using  a  computer  controlled 
setup,  consisting  of  an  HP4280A  C(t)-meter,  an  HP8110A  dual  pulse  generator  and  a  Neocera 
PID  temperature  controller.  The  sample  was  mounted  in  an  adapted  Schaefer  cryostat,  with  a 
temperature  range  of  77-800  K. 


Fig.  1.  DLTS  spectra  (1.6  s  rate  window)  for 
samples  implanted  at  R.T.,  300  °C  and  600  °C 
with  a  B  dose  of  1  x  108  cm-2. 


Fig.  2.  DLTS  spectra  (1.6  s  rate  window)  for  a 
R.T.  implanted  sample  directly  after  implanta¬ 
tion  and  after  subsequent  isochronal  anneals  for 
15  min. 


3  Results  and  discussion 

Different  implantation  temperatures  result  in  both  different  defect  concentrations  and  different  types 
of  defects,  as  seen  in  Fig.  1.  All  ion  implantations  give  rise  to  a  broad  DLTS  feature  in  the  range 
225-325  K,  which  has  an  energy  position  at  0.7  eV  below  the  conduction  band  edge  (Ec)  and  is  in  this 
contribution,  for  simplicity  referred  to  as  the  Z-level.  The  DLTS  spectra  after  R.T.  ion  implantation 
show  a  broad  peak  at  ~  280K  for  1.6  s  rate  windows.  It  is  well  known  that  the  Z-level  DLTS  spectrum 
consists  of  several  different  defects[5],  of  which  one  type  is  very  temperature  stable.  The  Z-level  has 
been  shown  to  consist  of  a  negative  U-center  pair[6]  in  experiments  where  a  light  emitting  diode 
(A=470  nm)  was  used  for  emptying  traps  between  filling  pulses.  For  short  pulses  the  Z-level  was 
seen  to  decrease  in  amplitude  by  one  half,  and  the  energy  shifted  towards  the  conduction  band  by 
roughly  0.2  eV.  This  was  attributed  to  a  larger  capture  cross  section  for  the  more  shallow  energy 
states,  which  thus  would  be  filled  while  the  deeper  states  did  not  respond  until  longer  pulses  were 
applied. 

A  level  at  ~175  K  is  seen  for  slightly  elevated  implantation  temperature  (here  300  °C,  but  it  is 
also  seen  after  200  °C  implantation).  The  level  was  first  detected  sporadically  in  R.T.  e~-irradiated 
samples  which  had  been  left  at  R.T.  for  several  months,  and  is  therefore  referred  to  as  the  S-level. 
The  S-level  is  not  observed  after  the  600  °C  implantation.  DLTS  measurements  with  19V  reverse  bias 
and  filling  pulse,  which  cover  the  implantation  region  except  for  the  near  surface  region  (0.5  /im), 
give  an  energy  position  of  Ec-0.41  eV,  and  extrapolated  capture  cross  section  of  3xl0~13  cm2  for 
the  S-level.  It  is  interesting  to  note  that  the  level  has  an  electronic  fingerprint  (energy  level  and 
capture  cross  section)  close  to  that  of  the  negative  U-centers  Zq^[6].  Also,  compared  to  the  R.T. 
implantation,  the  Z-level  is  sharpened  and  increased  in  concentration  at  300  °C  implantations  and 
further  sharpened  at  600  °C  implantations. 
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When  the  R.T.  implanted  sample  was  isochronally  annealed  for  15  min.  the  S-level  was  seen 
to  form  above  ~100  °C,  as  shown  in  Fig.  2  for  lxlO8  cm"2  B  dose.  The  maximum  concentration 
was  reached  for  «175  °C,  and  for  higher  temperatures  the  signal  decreased.  The  600  °C  sample  was 
likewise  annealed,  but  no  change  in  the  DLTS  signal  was  revealed. 

The  concentration  versus  depth  distribution  of  the  S-level  was  investigated  by  DDLTS,  using 
the  300  °C  sample  and  is  shown  in  Fig.  3.  Transport  of  ions  in  matter  code  (TRIM) [7]  calculations, 
using  S RIM-2000,  of  the  vacancy  distribution  after  implantation  is  also  included;  the  S-level  profile 
exhibits  a  very  similar  half- height  width  as  the  vacancy  distribution  and  is  clearly  an  implantation 
related  defect. 

Doyle  et  al.  have  previously  reported[8]  a  level  at  Ec  —  0.42  eV,  which  was  formed  after  electron 
irradiation  followed  by  mild  heat  treatments  (216-252  °C  for  20  min.).  The  same  level  also  appeared 
in  samples  left  at  R.T.  for  9  months  after  irradiation.  One  sample  was  selected  from  that  study 
and  re-measured  with  the  result  given  in  Fig.  4.  It  is  clear  that  the  S-level  is  produced  in  both  ion 
implanted  and  electron  irradiated  samples. 


Fig.  3.  DLTS  depth-profile  for  the  S-level  after 
300  °C  B  implantation.  Included  is  also  the  va¬ 
cancy  distribution  for  the  implantation  obtained 
by  TRIM  calculation. 


Fig.  4.  4H-SiC  sample  irradiated  with  electrons 
and  heat  treated  at  250  °C  for  20  min.  displays  a 
concentration  of  the  S-level,  comparable  to  that 
of  the  Z-level  just  els  for  hot  B-implantation. 


The  energy  position  of  the  S-level  displays  an  electric  field  dependence,  ranging  from  Ec~0.41  eV 
at  a  reverse  bias  of  19V  to  Ec-0.37  eV  at  39  V  reverse  bias  in  the  B  implanted  samples.  This  could 
be  interpreted  as  a  Poole-Frenkel  effect,  and  hence  a  donor  character  of  the  trap  as  the  material  is 
n-type.  However,  also  the  electron  irradiated  sample  was  measured,  using  different  reverse  biases  but 
no  shift  in  the  energy  position  was  detected.  One  major  difference  between  the  ion  implantation  and 
electron  irradiation  experiments  lies  in  the  damage  profile;  while  for  the  electron  irradiated  samples 
a  mostly  uniform  damage  profile  is  created  there  is  a  sharp  damage  peak  for  the  ion  case.  This  region 
will  have  a  much  higher  damage  density  than  the  average,  and  therefore  centers  in  the  peak  region 
can  be  expected  to  be  perturbed  by  the  crystal  lattice  disorder  and  stress.  Hence,  as  the  different 
reverse  biases  were  used  with  a  common  pulse  height  (19V),  different  regions  of  the  damage  profile 
were  monitored  and  this  can  explain  the  difference  in  field  dependence  for  the  S-level  between  the 
ion  implanted  and  electron  irradiated  samples.  Indeed,  one  sample  was  implanted  with  a  higher  dose 
(lxlO9  cm"2)  at  200  °C,  after  which  the  S-level  occurred  at  Ec-0.35  eV  when  the  surface  tail  of  the 
implantation  profile  was  measured. 

In  an  attempt  to  distinguish  between  the  S-level  and  the  Zo/+-level  short  filling  pulses  (50  ns) 
were  applied  and  as  shown  in  Fig.  5,  both  levels  were  found  to  exist  simultaneously.  The  sample 
in  Fig.  5  was  cooled  down  under  reverse  bias  after  that  the  Z  levels  had  been  thermally  emptied. 
This  way,  the  Zo  state  was  available  for  the  short  filling  pulses,  and  signals  from  the  Z 0/+  and  Z L/+ 
transitions  were  both  resolved.  Not  all  the  states  were  completely  filled  as  the  DLTS-signal  was  much 
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Temperature  (K) 


Fig.  5.  DLTS  scans  with  different  filling  pulse 
lengths.  Long  pulses  give  predominantly  S-level 
and  Z_f+  response,  while  for  short  pulses  (50  ns) 
also  response  from  the  Z0/+  negative  U-center 
charge  state  can  be  resolved  (providing  that  all 
traps  have  been  emptied  before  cooling  down, 
and  reverse  bias  is  maintained  during  cooling). 


weaker  than  for  long  pulses. 


4  Conclusions 

After  implantation  of  boron  ions  or  irradiation  of  electrons  at  R.T.  there  exists  an  excessive  concen¬ 
tration  of  mobile  intrinsic  point  defects  compared  to  thermal  equilibrium  in  4H-SiC.  After  several 
months  storage  at  R.T.,  or  short  time  annealing  at  elevated  temperatures  a  new  electronic  level 
forms,  here  referred  to  as  the  S-center  level.  The  S-center  is  irradiation  induced  and  stable  up  to 
temperatures  around  250  °C.  When  samples  are  implanted  at  600  °C,  there  is  no  formation  of  the 
S-center  during  post-implantation  heat-treatments  as  for  R.T.  e“ -irradiated  samples.  The  level  asso¬ 
ciated  with  the  S-center  has  an  energy  position  of  Ec  -  0.41  eV,  but  shifts  to  more  shallow  positions 
for  implanted  regions  with  a  high  damage  density.  No  correlation  with  the  Z-level  is  found,  and 
the  reported  negative  U-centers  (single  ionized  form  of  the  Z-center),  which  has  similar  electronic 
fingerprints  as  the  S-level,  were  shown  to  co-exist  with  the  S-level.  Hence,  the  S-center  is  a  separate 
entity  relative  to  the  Z-center,  an  assumption  that  is  further  substantiated  by  its  lower  temperature 
stability. 
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Abstract  The  structure  and  kinetics  of  boron-related  defects  is  investigated  by  an 
ab  initio  method.  We  focus  on  the  stability  of  the  substitutional  boron  impurities 
and  their  migration.  We  demonstrate  that  interstitials  and  carbon  vacancies  play  a 
prominent  role  in  the  migration  of  substitutional  boron. 

Introduction 

In  recent  experiments  boron-implanted  SiC  samples  were  shown  to  exhibit  a  transient  enhanced 
diffusion  of  the  dopant  [1].  The  experiments  indicate  that  silicon  interstitials  are  the  driving 
power  of  boron  diffusion  and  at  the  same  time  affect  the  electrical  activity  of  boron  as  a  shallow 
acceptor.  Yet,  the  participation  of  vacancies  in  the  boron  diffusion  cannot  be  excluded.  In  a 
previous  paper  [2]  we  have  presented  results  for  the  stable  boron  defects,  mobile  intrinsic  defects 
as  well  as  the  boron-related  complexes.  The  aim  of  the  present  paper  is  to  investigate  possible 
mechanisms  of  boron  diffusion.  For  simplicity,  we  have  restricted  the  investigation  to  cubic 
3C-SiC.  We  expect  qualitatively  similar  results  for  other  polytypes. 


Method 

Density  functional  theory  has  proven  to  be  a  reliable  and  efficient  tool  for  the  investigation 
of  defect  energetics  and  migration.  The  calculations  have  been  performed  using  the  program 
package  FHI96SPIN  [3]  within  the  local  density  approximation  (LDA)  [4]  and  including  spin- 
polarisation  (LSDA)  where  indicated.  Supercells  of  64  atoms  and  216  atoms  have  been  em¬ 
ployed.  The  smooth  norm-conserving  pseudopotentials  of  the  Troullier- Martin  type  [5]  have 
enabled  a  plane  wave  basis  of  30  Ry.  Special  k-point  sampling  has  been  employed.  The  quality 
of  the  sampling  and  basis  has  been  systematically  monitored.  For  charged  defects  we  have 
applied  the  approximate  technique  of  Makov  and  Payne  [6]  to  correct  for  the  mandatory  charge 
compensation  under  periodic  boundary  conditions.  This  technique  consistently  improves  the 
energetics  obtained  with  a  constant  background  [2],  especially  for  the  higher  charge  states. 

In  equilibrium  the  defect  concentration  is  determined  by  the  defect  formation  energy.  The 
formation  energy  depends  on  the  stoichiometry,  which  we  express  by  the  Si-chemical  potential 
A//Si  and  the  boron  chemical  potential  as  well  as  on  the  Fermi-level  [2].  Apsi  may 
vary  between  0  (Si-rich  condition)  and  —AHf  (C-rich  condition),  where  AHf  is  the  heat  of 
formation  of  3C-SiC.  We  have  investigated  the  saddle  points  of  the  interstitial  migration  by  the 
ridge  method  [7].  For  the  vacancy-mediated  migration  and  the  stability  of  substitutional  boron 
and  boron  complexes  the  potential  energy  surfaces  have  been  calculated  using  the  constrained 
relaxations  [8]. 
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Figure  1:  (a)  Formation  energy  Eft si  of  boron-related  defects  versus  the  Fermi-level  position  fi F 
under  Si-rich  conditions  (c.f.  text),  (b)  Geometry  of  boron-interstitials  (top  panel) 
and  the  boron- vacancy  complexes  (bottom  panel). 


Substitutional  boron  and  boron-related  defects 

In  this  section  we  briefly  describe  our  results  on  the  energetics  of  substitutional  boron  and 
boron-related  deep  centers,  with  emphasis  on  the  mobile  defects.  In  Figure  la  we  summarise 
the  formation  energies  of  substitutional  and  mobile  defects  as  a  function  of  the  Fermi-level 
position  under  Si-rich  conditions.  Figure  lb  displays  the  geometry  of  interstitial  boron  and  the 
boron- vacancy  complexes  (BSj-Vc)  and(Bc-Vsi). 

Substitutional  boron  For  the  substitutional  boron,  we  find,  in  agreement  with  earlier  calcu¬ 
lations  [9],  that  the  preferred  sublattice  is  determined  by  the  Si/C  ratio:  in  Si-rich  material  Bc 
dominates  over  BSi,  whereas  in  C-rich  material  we  find  the  reversed  situation.  The  localised 
energy  levels  of  Bsi  and  Bc  are  three-fold  degenerate  and  are  located  close  to  the  valence  band. 
In  the  neutral  states  the  boron  atom  occupies  an  off-center  position  as  a  result  of  a  Jahn-Teller 
distortion.  For  BSi  and  Bc  we  find  ionisation  levels  e(-|0)  at  0.2 eV  and  0.43 eV  as  calcu¬ 
lated  in  the  216  atom  cell  including  the  charge  state  corrections  and  spin  polarisation  (without 
charge  corrections  and  spin-polarisation  effects  we  recover  the  results  of  the  the  previous  calcu¬ 
lation  [9]).  In  order  to  avoid  overcorrection,  it  is  required  [6]  that  the  additional  electron  is  well 
localised  within  the  supercell.  For  our  calculations  in  the  216-atom  cell  this  is  well  fulfilled. 

Experimentally  a  boron-related  shallow  center  with  an  acceptor  level  in  the  range  0.22  eV- 
0.39  eV  has  been  found.  The  experimentally  accepted  model  is  an  off-center  substitutional 
boron  at  a  silicon  site  (c.f.  [10]  and  references  therein).  A  comparison  between  our  results  for 
the  acceptor  level  of  BSi  and  the  experimental  findings  shows  a  good  agreement.  For  Bc  we  find 
our  calculated  ionisation  level  close  to  the  position  of  the  deep  acceptor  level  (0.55eV-0.75eV, 
c.f.  [10]).  Yet,  Bc  has  not  been  identified  experimentally.  At  first  sight,  this  might  be  due 
to  a  kinetical  instability.  To  verify  this,  we  have  tried  to  move  Be  into  the  interstice,  but  we 
have  found  a  large  barrier  of  at  least  5eV  (depending  on  the  Fermi  level).  On  the  contrary, 
a  direct  source  of  Bc  is  the  recombination  of  a  boron-interstitial  and  a  carbon  vacancy,  which 
is  accompanied  by  an  energy  gain  of  at  least  2eV  (in  p-type  material).  These  results  suggest 
that  Be  should  be  present  in  thermodynamic  equilibrium. 

Boron-interstitials  The  boron-interstitials  have  been  described  previously  without  applying 
charge  state  corrections  [2].  Due  to  these  corrections  the  formation  energy  of  the  boron- 
interstitials  increases.  Still  the  tetrahedral  C-coordinated  site  is  the  most  stable  under  p-type 
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conditions.  It  becomes  unstable  at  a  Fermi-level  ~  1.2  eV,  where  a  weakly  localised  degenerate 
orbital  gets  occupied.  The  Jahn-Teller-effect  drives  BTc  into  BHex-  On  the  other  hand  BHex  be¬ 
comes  unstable  when  this  bonding  orbital  is  not  occupied.  Due  to  the  charge  state  corrections 
Bxsi  and  Bspsi<no)  are  at  most  doubly  positive. 

Boron-related-complexes  Among  the  boron-vacancy  complexes,  we  have  only  considered 
(Bsi-Vc)  and  (Bc-VSi),  and  the  second-nearest-neighbour  complex  (Bc-Vc),  where  boron  sub¬ 
stitutes  one  of  the  nearest  neighbours  (second  nearest  neighbour  rsp.)  of  the  vacancy.  Here 
we  note  that  the  (BSi-Vc)-complex  and  the  (Bc-Vc)-complex  have  a  formation  energy  close  to 
the  substitutional  defects.  However,  under  Si-rich  conditions  both  are  more  favourable  than 
the  substitutional  BSi.  For  C-rich  material  only  (BSi-Vc)  has  a  lower  formation  energy.  Its 
formation  is  insensitive  to  the  Si/C-ratio.  The  abundance  of  (Bc-Vsi)  is  negligible  due  to  its 
high  formation  energy,  furthermore  it  is  unstable  in  p-type  material.  We  find  that  (BSi-Vc) 
and  (Bc-Vc)  are  positively  charged  in  p-type  and  intrinsic  material.  Therefore  these  centers 
diminish  the  electrical  activation  of  shallow  boron.  For  both  complexes  we  find  ionisation  lev¬ 
els  in  the  upper  part  of  the  band  gap,  which  we  explain  in  terms  of  the  carbon-vacancy-like 
character  of  the  center’s  electronic  structure.  For  both  centers  it  has  only  a  small  contribution 
of  the  boron-orbitals.  Previously  (BSi-Vc)  has  been  proposed  as  a  model  for  the  deep  accep¬ 
tor  [10,  11].  According  to  our  results  for  the  ionisation  levels  this  is  not  the  case  and  (BSi-Vc) 
is  not  the  model  for  the  deep  boron-related  acceptor.  Other  recently  suggested  candidates  are 
boron-antisite  complexes  [12].  Yet  for  3C-SiC  we  find  the  acceptor  levels  of  (BSi-Sic)  and  (Bc- 
Sic)  at  1.2  eV  and  1.5 eV  (0.9 eV  and  1.3 eV  rsp.,  without  the  charge  state  corrections).  Donor 
levels  exist  at  0.6  and  0.8 eV  (0.8  and  1.1  eV)  rsp..  (Bc-CSi)  has  an  acceptor  level  at  0.7 eV 
(0.5  eV)  and  a  donor  level  at  0.2  eV  (0.4 eV).  Hence  only  Bc  and  the  latter  center  have  acceptor 
levels  close  to  or  within  the  range  of  the  deep  acceptor.  However,  since  boron- antisite  complexes 
are  by  2  eV  to  3  eV  higher  in  energy  than  Bc  the  kinetic  argument  has  to  be  invoked  [12]  to 
explain  the  deep  acceptor  and  its  experimentally  observed  large  abundance  by  these  complexes. 

Boron  migration 

Boron  interstitial  migration  The  interstitial  migration  of  substitutional  boron  is  initiated  by 
a  kick-out  reaction  with  intrinsic  interstitials.  Here  we  consider  a  kick-out  by  a  Si-interstitial. 
The  interstitial-boron-complex  (SiTcrBsi)  is  the  starting  point  of  the  reaction.  It  has  a  binding 
energy  of  0.86  eV  and  is  by  3.5  eV  higher  in  energy  than  the  boron  interstitial  B^c-  The  barrier 
of  this  reaction  amounts  to  1.1  eV.  The  kick-in  reaction  has  a  large  barrier  of  4.6  eV.  This  means 
that  once  the  boron-interstitial  has  been  formed  a  migration  between  the  most  stable  intersti¬ 
tial  sites  is  an  overwhelmingly  likely  process.  Under  p-type  conditions  these  are  the  BTc-site 
and  the  BHex-site.  The  latter  is  preferred  under  intrinsic  conditions.  In  n-type  material  also 
Bspsi<iio)-site  becomes  important.  Here  we  only  consider  diffusion  in  p-type  and  intrinsic  mate¬ 
rial.  The  migration  barrier  between  the  carbon-coordinated  sites  for  the  triply  positive  charge 
state  amounts  to  3.5  eV.  The  saddle  point  is  located  close  to  the  Btsi  site.  During  the  migration 
electrons  might  be  transfered  to  a  localised  level  that  moves  down  into  the  band  gap.  In  this 
case  the  migration  proceeds  as  for  the  BHex-interstitial.  For  the  hexagonal  boron-interstitial  we 
distinguish  two  types  of  motion.  In  one  type  the  migration  proceeds  between  Bnex-sites  that 
have  the  same  BTC"sife  as  a  nearest  neighbour.  The  barrier  amounts  to  0.2  eV  for  Bg+X  and 
B|jgX.  The  other  type  connects  more  distant  BHex-sites  having  a  saddle  point  in  the  vicinity 
of  the  BTsi-site.  The  barrier  amounts  to  2.2  eV  for  B^x  and  1.6  eV  for  B^x.  Charge  transfer 
could  lower  the  barrier  to  at  most  1.6  eV  for  p-type  and  intrinsic  conditions. 

Vacancy-mediated  boron  migration  Two  mechanisms  are  considered  here:  a  ring  mechanism 
and  migration  on  the  carbon  sublattice  by  second  nearest  neighbour  hops.  The  ring  mechanism 
is  based  on  nearest  neighbour  hops:  in  the  first  step  the  neighbouring  boron  and  the  vacancy 
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exchange  places,  which  is  followed  by  a  migration  of  the  vacancy  around  a  six-fold  ring.  The 
first  step  transforms  (BSi-Vc)  into  (Bc-VSi).  However,  we  find  that  (Bc-VSi)1+  is  unstable. 
The  neutral  complex  is  stable,  but  the  exchange  barrier  amounts  to  5.8  eV  contrasted  with  a 
small  barrier  of  0.1  eV  for  returning  to  the  initial  configuration.  Since  these  are  the  relevant 
charge  states  under  p-type  and  intrinsic  conditions,  we  consider  a  ring  mechanisms  in  this  case 
improbable.  In  n-type  material  (Bc-VSi)  is  stabilised  by  a  larger  barrier  of  1.0  eV,  at  the  same 
time  the  barrier  for  the  initial  jump  reduces  to  3.7  eV.  The  migration  of  (Bc-Vc)  evolves  in 
three  different  types  of  second  nearest  neighbour  hops.  The  first  type  is  a  hop  of  Bc  into  the 
carbon-vacancy.  The  second  and  third  type  correspond  to  a  hop  of  a  carbon  atom  into  the 
carbon- vacancy  which  is  a  second  nearest  neighbour  of  boron  as  well.  In  the  second  kind  the 
carbon  atom,  boron  and  the  vacancy  have  a  common  nearest  neighbour.  Under  p-type  condi¬ 
tions  (Bc-Vc)  is  singly  positive.  The  barriers  are  3.57  eV,  5.57  eV  and  5.82  eV  rsp.  (p-type  and 
intrinsic  material).  A  contribution  of  (BSi-Vsi)-complexes  to  boron  diffusion  in  p-type  material 
is  less  likely  as  the  Si- vacancy  itself  is  metastable  [2]. 

Discussion 

Our  investigation  of  substitutional  boron  suggests  that  both  BSi  and  Bc  should  be  present. 
While  we  find  BSi  to  be  consistent  with  the  model  of  the  shallow  acceptor,  our  results  sug¬ 
gest  Bc  (along  with  the  higher  energetic  boron-antisite  complexes)  as  a  candidate  for  the  deep 
acceptor.  In  equilibrium,  a  high  abundance  of  mobile  boron-interstitials  and  boron- vacancy 
complexes  contributes  to  electrical  deactivation  of  boron.  While  the  interstitial  migration  in¬ 
cluding  the  kick-out  reaction  by  Si-interstitials  have  relatively  small  barriers  the  kick-in  reaction 
is  the  bottle-neck  of  the  mechanism.  Our  results  indicate  that  a  vacancy  mechanism  applies 
only  to  boron  on  the  carbon  sublattice.  Though  (Bc-Vc)  has  a  high  abundance  in  equilibrium, 
the  high  barrier  of  the  carbon  vacancy  migration  (which  is  higher  than  the  barrier  of  the  kick-in 
reaction)  is  the  limiting  factor  of  this  mechanism. 
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Abstract.  ICTS  measurements  on  aluminum,  aluminum/carbon,  boron,  and  boron/carbon  implanted 
pn-diodes  annealed  at  1600°C  and  1800°C  for  30  min  were  performed  to  investigate  doping  related 
and  implantation  induced  traps  in  the  vicinity  of  the  pn-junction.  An  Arrhenius  plot  analysis  was 
used  to  determine  the  trap  ionization  energies.  From  this  analysis  the  identified  traps  can  be  divided 
into  two  groups;  one  group  can  be  related  to  the  shallow  dopants  nitrogen  and  aluminum.  The 
second  group  consists  of  deep  centers,  which  can  be  identified  as  the  implantation  induced  Zi- 
center  and  the  boron  related  D-center.  The  concentration  of  the  Z\ -center  was  reduced  by  at  least  1- 
2  orders  of  magnitude  in  pn-diodes  annealed  at  1800°C  compared  with  pn-diodes  annealed  at 
1600°C. 

Introduction 

Electronic  devices  made  from  silicon  carbide  (SiC)  are  on  the  edge  to  be  commercialized.  To 
fabricate  SiC  devices,  the  formation  of  pn-junctions  has  become  a  critical  issue,  especially  for 
power  devices  such  as  MOSFETs  and  IGBTs  operating  at  voltages  in  the  kV  range.  For  the 
fabrication  of  pn-junctions  in  SiC,  ion  implantation  is  a  key  technology,  because  of  the  possibility 
to  selectively  dope  through  masking  techniques.  The  diffusion  process  is  not  applicable  due  to  low 
diffusion  coefficients  of  commonly  used  acceptor  and  donor  dopants. 

In  this  study,  we  investigated  pn-junction  diodes  implanted  with  MeV  acceptor  ions  using 
isothermal  capacitance  transient  spectroscopy  (ICTS)  [1].  ICTS  is  a  variation  of  deep  level  transient 
spectroscopy  (DLTS),  which  is  more  commonly  used  for  deep  level  analysis. 

Experimental 

N-type  4H-SiC  epilayers  with  a  donor  concentration  of  1-2-1015  cm'3  have  been  implanted  at  room 
temperature  with  aluminum  (Al)  and  boron  (B)  ions.  A  more  detailed  description  of  the  pn-junction 
fabrication  process  can  be  found  in  ref.  [2].  The  total  implanted  Al  and  B  fluence  was  adjusted  to 
form  a  3  pm  box  profile  with  an  atomic  acceptor  concentration  of  around  MO18  cm'3.  Post 
implantation  anneal  was  performed  at  temperatures  of  1600°C  and  1800°C  for  30  min  in  argon 
atmosphere.  In  addition,  the  effect  of  carbon  (C)  co-implantation  as  a  possible  way  to  enhance  the 
electrical  activation  of  the  implanted  acceptor  species  was  investigated. 

ICTS  measurements  at  temperatures  in  the  range  of  120  K  to  400  K  were  performed  with  various 
biasing  conditions  to  determine  the  concentration  and  ionization  energy  of  deep  centers  in  the 
depletion  region  of  the  implanted  pn-diodes.  Compared  with  conventional  DLTS,  ICTS  is  not 
limited  by  trap  concentrations  higher  or  close  to  the  net  doping  concentration.  This  allows  the 
acquisition  of  capacitance  transients  under  forward  bias  and  pulse  conditions.  Forward  biasing  the 
pn-junction  limits  the  extension  of  the  depletion  layer  close  to  the  vicinity  of  the  actual  pn-junction 
in  order  to  electrically  probe  the  transition  area  between  the  layer  damaged  by  the  ion  implantation 
and  the  virgin  epilayer. 
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The  analysis  of  the  ICTS  spectra  was  done  by  a  least  square  fit  of  the  calculated  ICTS  signal  S(t) 
(Eq.  1)  to  the  measured  data. 


S(t)  =  t-  =  c-YjNt,~-  exp(- 1/ 't„  ) 


HVu-K) 


t  is  the  time,  Nji  the  concentration  of  trap  i,  Xti  the  time  constant  of  trap  i  for  capturing  or  emitting 
charge  carriers,  q  the  electron  charge,  es  the  dielectric  constant,  A  the  device  area,  Vbi  the  build-in 
potential,  and  Vr  the  reverse  bias  voltage  during  the  acquisition  of  the  capacitance  transient.  The 
process  of  a  trap  changing  its  charge  state  by  emitting  or  capturing  charge  carriers  appears  as  peak 
or  dip  in  the  ICTS  spectrum.  The  peak  maximum  or  dip  minimum  is  correlated  with  the  trap 
concentration.  The  time  after  the  filling  pulse,  where  the  peak  maximum  or  dip  minimum  appears, 
is  equal  to  the  time  constant  xT  for  the  changing  process  of  the  trap  charge  state.  The  ionization 
energy  of  the  traps  can  be  determined  by  measuring  xT  at  several  temperatures  and  using  an 
Arrhenius  plot  analysis  of  the  temperature  dependent  time  constant  xT  multiplied  with  the  squared 
temperature  T  plotted  as  function  of  the  reciprocal  temperature. 


IQ5  10-4  IQ*3  IQ'2  10'1  10°  IQ'5  1 0'4  10-3  IQ’2  IQ'1  10° 


time  (s)  time  (s) 

Fig.l  ICTS-spectra  at  room  temperature  for  an  A1  implanted  (a)  and  a  B  implanted  (b) 
pn-diode  obtained  at  different  reverse  bias  voltages  Vr  with  IV  pulse  voltage. 

Observed  deep  centers  are  marked  with  Trap  1  to  Trap  3. 

Results  and  Discussion 

The  ICTS  measurements  obtained  for  the  different  implanted  and  annealed  pn-diodes  resulted, 
depending  on  the  bias  conditions  during  the  acquisition  of  the  capacitance  transient,  in  a  variety  of 
negative  and  positive  transients  corresponding  to  dips  and  peaks  in  the  ICTS  spectra.  Qualitatively 
the  ICTS  measurements  showed  no  difference  in  the  spectra  for  the  A1  and  the  Al/C  implanted  pn- 
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diodes  as  well  as  the  B  and  B/C 
implanted  pn-diodes.  Fig.  1 
shows  for  the  1600°C  annealed 
AI  and  B  implanted  pn-junctions 
ICTS  spectra  at  room 
temperature  for  3  different 
reverse  bias  voltages  and  a  fixed 
pulse  voltage  of  IV.  It  was 
found  that  at  a  fixed  temperature 
and  for  different  reverse  bias 
voltages  some  dips  and  peaks 
appear  at  similar  time  position. 
The  position  of  these  dips  and 
peaks  is  shifting  in  the  same  way 
with  changing  the  temperature, 
indicating  that  they  are  related  to 
the  same  trap.  An  example  for 
that  is  trap  1  in  fig.  la.  The  peak 
analysis  revealed  that  trap  1 
consists  actually  of  two  traps. 
The  Arrhenius  analysis  resulted 
in  ionization  energies  of 
55+8  meV  and  89±9  meV 
(fig.  2).  These  values  for  the 
ionization  energies  are  in 
agreement  with  the  ionization 
energies  of  nitrogen  sitting  on 
hexagonal  and  cubic  lattice  site 
obtained  by  Hall  effect  [3]. 

In  the  B  implanted  pn-diodes  a 
dip  can  be  observed  (e.g. 
T  =  300  K,  Tti  =  HO"3  s,  marked 
trap  3  in  fig.  lb),  which  is  not 
present  in  the  Al  implanted  pn- 
diodes.  This  dip  comes  from  a 
single  trap  and  the  Arrhenius 
plot  results  in  an  ionization 
energy  of  575+20  meV  (fig.  2). 
Comparing  with  DLTS  results 
trap  3  can  be  identified  as  the 
boron  related  D-center  [4]. 

Trap  2  is  seen  in  the  ICTS 


Al  implanted  4H-SiC  pn-diode 


post  implantation  anneal 
1600°C.  30 min 


J: 


y  Vr  =  -1  V:  Trap  2 
lin.  regression 
D  Vr  =  0V:  Trap  2 
lin.  regression 
»  Vr  =  0  V:  Trap  1  (a) 

—  lin.  regression 

►  Vr  =  -t  V:  T rap  1(a) 

—  lin.  regression 

»  Vr  =  0  V:  Trap  1  (b) 

—  lin.  regression 

— 

AE^  65meX*  - 
“AEt  =  54  mev 


3,0  3,5  4,0  4,5 

recipr.  temperature  1/T  (1000/K) 


B  implanted  4H-SiC  pn-diode 


post  implantation  anneal 
1600°C,  30  min 


♦  Vr  = -1 V:  Trap  1  (a) 
- lin.  regression  ! 

O  Vr  =  0  V:  Trap  2 
lin.  regression 
O  Vr  =  -1  V:  Trap  2 
lin.  regression 

♦  Vr  =  -1 V:  Trap  1  (bj 
- lin.  regression 

♦  Vr  =  0  V:Trap3 
—  lin.  regression 

♦  Vr  =  -1  V:  Trap  3 
- lin.  regression 


AEt  =  45  meV 


2,5  3,0  3,5  4,0  4,5  5,0  5,5 

recipr.  temperature  1/T  (1000/K) 

Fig  2  Arrhenius  analysis  for  the  traps  observed  in  ICTS 
measurements  of  Al  (a)  and  B  (b)  implanted  pn-diodes  for 
reverse  bias  voltages  of  -IV  and  0V  and  a  pulse  voltage  of 
IV.  The  slope  m  of  the  linear  regression  lines  is  correlated  to 
the  ionization  energy  AET  of  the  traps  (AET  =  kB  Ln(10)  m, 
where  kB  the  Boltzmann  constant).  The  result  of  the  ionization 
energy  calculation  for  each  line  is  shown  in  the  figure. 


spectra  of  all  pn-diodes  annealed 

at  1600°C  and  appears  always  as  a  peak  (fig.  1).  This  peak  can  be  fitted  by  assuming  a  single  trap 
and  the  Arrhenius  plot  analysis  results  in  an  ionization  energy  of  647±22  meV  (fig.  2).  This  value 
for  the  ionization  energy  of  trap  2  corresponds  to  the  ionization  energy  of  the  Zj -center,  which  is  a 
defect  seen  in  DLTS  spectra  of  implanted  layers  [5].  Trap  2  is  appearing  in  the  Al  as  well  as  the  B 
implanted  pn-junctions,  indicating  that  it  is  a  defect  induced  by  the  implantation.  The  concentration 
of  trap  2  was  observed  to  be  very  much  dependent  on  the  measurement  conditions  and  increases 
with  increasing  measurement  temperature.  It  varies  from  mid  1012  cm'3  to  mid  1013  cm'3. 
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Fig.  3  shows  for  two  different  measurement 
temperatures  a  comparison  of  ICTS  spectra  for 
the  A1  implanted  pn-diodes.  It  can  be  seen,  that 
trap  2  appears  not  in  the  spectra  of  the  diode 
annealed  at  1800°C.  Instead  a  dip  (trap  4  in  fig. 

3)  is  observed,  be  identified  as  aluminum  with 
an  ionization  energy  of  237±7  meV. 

In  general,  trap  2  was  not  present  in  the  ICTS 
spectra  of  the  investigated  pn-diodes  annealed 
at  1800°C.  The  lowest  concentration  observable 
with  ICTS  is  around  10'4  of  the  net  doping 
concentration.  The  concentration  of  trap  2  can 
be  estimated  to  be  less  than  21011  cm'3  after 
anneal  at  1 800°C,  around  2  orders  of  magnitude 
lower  than  for  the  diodes  annealed  at  1600°C. 

Summary  and  Conclusion 

In  general,  we  observed  two  groups  of  traps  in 
ICTS  measurements  of  A1  and  B  implanted  pn- 
diodes  annealed  at  1600°C  and  1800°C  for 
30  min.  An  Arrhenius  plot  analysis  of  the  trap 
energies  revealed  that  one  group  can  be  related 
to  the  shallow  dopants  nitrogen  on  hexagonal 
(trap  la)  and  cubic  (trap  lb)  lattice  site  and 
aluminum  (trap  4).  The  second  group  consists 
of  deep  centers  with  an  ionization  energy  of 
575±20  meV  identified  as  the  boron  related  D- 
center  (trap  3)  and  647±22  meV,  identified  as 
Zi -center  (trap  2).  The  Z\ -center  is  a  remaining 
implantation  damage.  The  concentration  of  the 
Zi -center  is  reduced  by  at  least  one  order  of  magnitude  through  post  implantation  anneal  at  1800°C 
for  30  min.  This  reduction  in  implantation  induced  defects  indicates  that  higher  post  implantation 
anneal  temperatures  are  required  for  better  device  performance  due  to  a  reduced  concentration  of 
possible  recombination  centers  limiting  the  carrier  lifetime. 
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Abstract.  The  origin  of  the  “deep  boron  related  acceptor  level”  in  SiC  is  subject  to  a  lot  of 
controversy.  Based  on  ENDOR  investigations,  a  Bsi+Vc  model  was  suggested,  while  PL  stud¬ 
ies  indicated  the  acceptor  on  the  carbon  sublattice.  Our  former  ab  initio  LDA  molecular  cluster 
calculation  showed  that  in  the  Bsi+Vc  complex  the  carbon  vacancy  acts  as  the  acceptor.  Now,  ab 
initio  LDA  supercell  calculations  have  been  carried  out  for  boron-related  complexes  to  calculate 
the  occupation  levels  in  4H-SiC.  It  has  been  found  that  the  0/-  level  for  the  BSi+Vc  complex  lies 
in  the  upper  half  of  the  gap,  therefore  it  can  be  disregarded  as  the  origin  of  the  “deep  boron-related 
acceptor  level”.  Investigating  other  feasible  boron-related  complexes,  Bsi+Sic  appears  to  be  the 
best  candidate. 


Boron  gives  rise  to  a  shallow  as  well  as  to  a  deep  acceptor  level  [1]  in  SiC.  The  “shallow  boron 
level”  was  suggested  to  be  an  off-center  boron  substitutional  on  a  Si  site  (BSi)  [2].  Low  concentrations 
(1013-14  cm-3)  of  the  center  responsible  for  the  ’’deep  boron  level”  arise  in  boron  doped  epilayers 
grown  under  C-rich  conditions,  with  higher  concentrations  in  samples  grown  with  high  Si/C  ratio  [3]. 
From  conduction-band-to-neutral-defect  photoluminescence  (PL)  in  the  latter  samples,  the  position 
of  the  one-electron  level  associated  with  the  negative  charge  state  of  this  center  was  estimated  to  be 
at  Ew  +  0.655  eV  in  4H-SiC  [3].  Such  a  transition  implies  acceptor  character  of  the  center. 

In  B-implanted  p-type  6H-SiC,  Deep  Level  Transient  Spectroscopy  (DLTS)  has  revealed  a  boron 
related  deep  level,  called  D  center,  [4]  which,  however,  had  donor  character.  B-implantation  into  n- 
type  material  and  subsequent  annealing  produced  concentrations  in  the  order  of  1016  cm-3  [5].  It  is 
usually  assumed  that  the  D  center  contains  an  intrinsic  point  defect  besides  B.  It  is  also  assumed  that 
the  “deep  acceptor  level”  seen  in  PL  experiments  and  the  D  center  originate  from  the  same  amphoteric 
defect  which  has  close  lying  +/0  and  Of-  occupation  levels.  The  D  center  was  also  found  in  the  boron- 
doped  4H-SiC  epilayers  mentioned  above.  DLTS  measurements  in  layers  grown  with  low  Si/C  ratio 
put  the  occupancy  level  at  Ey  +  0.550  eV  [3]  (assuming  T~2  dependence  of  the  capture  cross  section). 

By  electron  spin  resonance  (EPR)  and  electron  nuclear  double  resonance  (ENDOR)  experiments 
[6,  7]  a  boron  related  complex  with  a  B  atom  on  a  Si  site  next  to  a  C  vacancy  (Bsi+Vc)  has  been 
recently  identified  in  6H  material.  This  complex  was  suggested  [6,  7]  as  the  origin  of  the  “deep  boron 
level”. 

3C-SiC  samples  co-doped  with  N  and  B  have  shown  a  Type  I  PL  spectrum  for  the  deep  B  acceptors 
recombining  with  the  shallow  nitrogen  donors  [8],  indicating  that  the  ionized  donor  and  acceptor 
occupy  the  same  sublattice.  Since  nitrogen  sits  on  a  carbon  site,  the  deep  B  center  was  associated 
with  a  complex  containing  B  at  a  C  site. 

Regarding  the  controversy  in  the  experimental  information  about  the  “deep  boron  level”,  our  paper 
aims  at  investigating  boron  related  complexes  by  means  of  ab  initio  electronic  structure  calculations 
in  4H-SiC.  We  were  looking  for  a  complex 

1.  with  amphoteric  electronic  activity 
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2.  having  a  +/0  (donor)  occupation  level  around  Ev  +  0.55  eV 

3.  having  a  one-electron  level  at  Ev  +  0.66  eV  in  the  negative  charge  state 

4.  with  acceptor  activity  connected  to  the  carbon  site 

5.  occurring  more  frequently  in  silicon-rich  material  or  after  implantation 

Taking  this  experimental  information  into  account  we  studied  stable  complexes  of  boron  with  vacan¬ 
cies  and  anti  sites. 

Ab  initio  calculations  in  the  local  density  approximation  of  density  functional  theory  [9]  (DFT) 
were  performed  using  the  FHI98MD  code  [10],  which  applies  plane  waves  to  expand  the  one-electron 
wave  functions.  A  kinetic  energy  cut-off  of  36  Ry  was  used  in  conjunction  with  Troullier-Martins 
norm  conserving  soft-core  pseudopotentials  [11].  Tests  on  carbon  pseudopotentials  have  shown  the 
cut-off  of  36  Ry  to  provide  convergent  results  [12].  4H-SiC  was  modeled  by  a  96-atom  supercell  (SC). 
Summation  over  the  reduced  Brillouin-zone  of  the  supercell  was  carried  out  using  a  2x2x2  MP  scheme 
[13].  DFT  is  known  to  uniformly  underestimate  the  position  of  the  conduction  band  (CB)  states  with 
respect  to  the  valence  band  maximum  (VBM).  The  band  gap  in  our  case  was  2.3  eV  compared  to 
the  experimental  3.3  eV.  Defect  states  are  a  mixture  of  states  from  the  CB  and  VB,  therefore  defect 
levels  in  the  band  gap  have  been  shifted  by  (3.3  eV  -  2.3  eV)  •  S,  where  S  is  the  overlap  of  the  defect 
state  with  the  CB  states  [14].  The  total  energy  was  then  corrected  with  this  shift,  times  the  occupation 
number  of  the  defect  state.  Another  correction  was  made  necessary  because  of  the  dispersion  caused 
by  the  interaction  of  repeated  defects  in  the  SC  model.  An  approximate  position  of  the  “isolated” 
defect  level  was  found  by  a  tight  binding  fit  to  the  energies  calculated  at  different  k-points  [15].  The 
total  energy  was  then  corrected  by  the  differences  between  this  value  and  the  defect  levels  calculated 
at  the  individual  k-points,  times  the  occupation  numbers.  The  dispersion  in  our  calculations  were 
always  less  than  0.2  eV.  For  spin  half  systems  the  error  due  to  the  lack  of  spin-polarization  in  the  total 
energy  (and  in  one-electron  levels)  is  estimated  to  be  —0.1  eV,  and  this  value  was  added  as  correction. 
The  occupation  levels  were  determined  from  the  difference  of  the  total  energies  in  different  charge 
states. 

In  an  earlier  paper  we  have  shown  [16]  by  ab  initio  molecular  cluster  calculations  that  the  BSi+Vc 
complex  is  more  stable  both  in  the  neutral  and  in  the  negatively  charged  state  than  the  VSi+Bc  system 
(see  Fig.  l.a,b).  It  was  also  shown  that  the  spin  distribution  of  the  BSi+Vc  complex  corresponds  indeed 
to  the  EPR/ENDOR  signals  found  in  Ref.  [7].  In  addition,  it  was  pointed  out  that  the  acceptor  activity 
is  connected  to  the  carbon  vacancy.  Now,  we  have  calculated  the  BSi+Vc  complex  in  our  supercell  to 
obtain  its  one-electron  and  occupation  levels  with  respect  to  the  gap.  The  calculations  were  carried 
out  at  the  cubic  site  with  the  complex  oriented  along  the  c-axis.  After  relaxation,  the  symmetry  of  this 
complex  is  Clh  due  to  a  Jahn-Teller  distortion  from  C3v.  In  the  neutral  charge  state  a  singly  occupied 
one-electron  level  was  found  in  the  gap  at  Ev  +  2.3  eV,  associated  with  the  Si  neighbors  of  Vc.  The 
corresponding  +/0  and  0/-  occupation  levels  are  at  Ev  +  1.9  eV  and  Ev  +  2.1  eV,  respectively.  These 
values  are  much  too  high,  so  the  BSi+Vc  complex  can  be  disregarded  after  all  as  the  origin  of  the  deep 
boron  level!  Still,  it  is  a  stable  amphoteric  defect  which  was  detected  in  EPR  and  ENDOR.  However, 
this  complex  is  more  likely  to  act  as  a  deep  donor. 


a)  b)  c)  d)  e)  f) 


Fig.  1.  The  investigated  complexes:  a)  VSi+Bc,  b)  Bsi+Vc,  c)  CSj+Vc+BSj,  d)  CSi-BSi  pair,  e)  CSi+Bc,  f)  Bsi+Sic 


After  excluding  boron  next  to  a  carbon  vacancy,  B  next  to  VSj  could  have  been  investigated. 
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However,  not  only  showed  the  molecular  cluster  calculation  [16]  Vsi+Bc  instable  with  respect  to 
Bsi+Vc  by  a  large  margin,  Vsi  itself  is  metastable  with  respect  to  Vc+Csi  [17,  18].  Therefore,  next 
we  have  investigated  the  latter  complex  with  a  Si  atom  in  the  neighborhood  of  Vc  substituted  by 
B,  forming  the  CSi+Vc+BSi  complex  (see  Fig.  Lc).  This  defect  turns  out  to  be  stable  with  a  singly 
occupied  level  in  the  band  gap  at  Ev  +  1.5  eV  in  the  neutral  charge  state.  The  level  can  be  associated 
with  the  dangling  bond  on  CSi-  This  is  a  bit  surprising,  since  carbon  dangling  bonds  usually  have 
levels  close  to  the  VBM.  However,  due  to  the  back  relaxation  of  CSi  towards  the  plane  of  its  carbon 
neighbors,  its  dangling  bond  is  almost  entirely  p-like,  unlike  the  usual  sp 3  hybrids.  The  0/-  occupation 
level  is  at  Ev  +  2.0  eV.  Therefore,  this  defect  can  also  be  discarded  as  the  origin  of  the  “deep  boron 
level”. 

The  lowest  energy  intrinsic  point  defects  after  the  vacancies  are  antisites.  First  we  have  investi¬ 
gated  boron  next  to  a  carbon  antisite,  both  as  an  interstitial  and  as  a  substitutional.  The  most  stable 
interstitial  configuration  was  the  CSi-Bsi  split-interstitial  pair  (see  Fig.  l.d).  It  is  a  stable  defect  with 
low  formation  energy,  but  it  is  more  a  donor  than  an  acceptor.  It  has  a  singly  occupied  level  at  Ev  +  2.4 
eV  in  the  neutral  charge  state,  associated  with  ap-like  dangling  bond  on  Csi-  The  position  of  the  level 
disqualifies  this  complex  as  well.  Placing  boron  at  a  substitutional  site  next  to  CSi  gives  the  CSi+Bc 
structure  (see  Fig.  l.e).  This  defect  is  metastable  with  respect  to  BSi  (which  can  be  obtained  by  in¬ 
terchanging  the  C  anti-site  and  the  B  atom)  by  ~  4  eV.  Besides,  the  acceptor  activity  of  CSi+Bc  is 
connected  to  CSi,  i.e.,  to  the  silicon  sublattice,  so  it  can  also  be  disregarded  as  a  candidate  for  the 
“deep  boron  level”. 

Finally,  we  have  investigated  substitutional  boron  next  to  a  silicon  antisite  at  the  cubic  site,  ori¬ 
ented  along  the  c-axis  (see  Fig.  Lf).  The  BSi+Sic  complex  has  C3v  symmetry.  Similarly  to  the  case 
of  the  isolated  Sic  [19],  we  find  localized  one-electron  levels  in  the  gap,  relatively  close  to  the  VBM. 
The  highest  one  at  Ev  +  0.60  eV  is  singly  occupied  in  the  neutral  charge  state.  Fig.  l.f)  shows  the 
relaxed  structure  in  the  neutral  charge  state.  In  the  negatively  charged  state  the  Si-B  distance  becomes 
somewhat  longer  than  in  the  neutral  state,  but  the  geometry  is  essentially  the  same.  The  orbital  with 
the  unpaired  electron  in  the  neutral  and  accommodating  the  extra  charge  in  the  negative  charge  state  is 
strongly  localized  on  Sic.  Therefore,  the  acceptor  activity  is  connected  with  the  carbon  sublattice.  The 
0/-  occupation  level  is  at  Ev  +  0.64  eV  and  the  position  of  the  ionized  acceptor  level  is  at  Ev  +  0.73. 
The  defect  can  also  be  positively  ionized.  The  +/0  occupation  level  is  at  Ew  +  0.53  eV. 

Considering  the  accuracy  of  our  calculations,  these  energy  values,  i.e.,  the  +/0  occupation  level 
at  Ev  +  0.53  eV  and  the  one-electron  level  in  the  negative  charge  state  at  Ev  +  0.73  eV  compare 
rather  nicely  with  the  experimental  values  of  Ey  +  0.55  eV  and  Ev  +  0.66  eV,  respectively.  Therefore, 
the  Bsi+Sic  complex  meets  the  criteria  1—4  mentioned  earlier.  As  for  criterion  5,  the  Bsi+Sic  complex 
implies  silicon  rich  material.  It  has  to  be  noted,  however,  that  interchanging  the  boron  atom  with  Sic  in 
this  complex,  Bc  is  obtained,  which  is  significantly  lower  in  energy.  As  a  consequence,  the  formation 
of  Bsi+Sic  complexes  in  equilibrium  is  unlikely.  However,  if  created  in  some  non-equilibrium  process 
during  growth,  it  will  remain  stable.  Recent  work  on  antisite  pairs  [20]  has  shown  that  interchanging 
Si  and  C  atoms  in  SiC  requires  an  energy  barrier  of  ~  10  eV.  The  interchange  of  BSi  and  Sic  is 
expected  to  have  an  activation  energy  in  this  range  as  well.  The  Bsi+Sic  complex  may  well  arise 
in  the  activation  process  of  implanted  boron  interstitials.  Boron  is  known  to  prefer  the  silicon  site 
[21]  but  emission  of  an  interstitial  Si  atom  is  energetically  very  costly.  Calculations  on  tetrahedral 
interstitials  in  the  neutral  charge  state  [22]  predict  Q  to  be  ~  6  eV  lower  in  energy  than  Si[.  More 
recent  results  [23]  give  smaller  differences  but  for  n-type  SiC  (high  Si/C  ratio)  also  predict  Q  lower  in 
energy  than  Sq.  Therefore,  the  following  reaction  seems  plausible:  Bj  — »  BSl  +  Sii  — >  (BSi+Sic)  +  Q. 

To  summarize,  several  boron-related  complexes  have  been  investigated  to  find  the  microscopic 
origin  of  the  deep  boron  level.  We  have  found  that  the  BSi+Vc  complex  seen  in  ENDOR  is  an  ampho¬ 
teric  defect  but  it  is  rather  a  donor  than  an  acceptor.  So  there  ought  to  be  a  boron  related  donor-like 
level  at  around  Ev  +  1.9  eV  in  4H-SiC!  We  have  found  only  one  boron-related  complex  with  donor 
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and  acceptor  occupation  levels  around  Ev  +  0.6  eV.  In  agreement  with  PL  results  on  the  “deep  boron 
level”,  in  this  BSj+Sic  the  final  state  of  the  conduction-band-to-neutral-defect  photoluminescence  is 
calculated  to  be  at  Ev  +  0.73  eV  and  is  strongly  localized  on  the  carbon  site.  The  complex  is  am¬ 
photeric,  with  a  donor-like  +/0  occupation  level  at  Ey  +  0.53  eV,  in  good  agreement  with  values 
obtained  for  the  D  center  in  4H-SiC.  The  composition  of  this  defect  implies  higher  concentrations  in 
silicon-rich  material,  and  it  is  likely  to  be  created  during  B -implantation.  It  has  to  be  noted,  though, 
that  formation  of  Bc  substitutionals  is  energetically  more  favorable  than  the  creation  of  BSi+Sic  com¬ 
plexes.  Still,  among  the  investigated  complexes,  Bsi+Sic  fits  the  experimental  information  available 
on  the  “deep  boron  level”  best. 
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Abstract:  Nitrogen  (N)-doped  4H/6H-SiC  epitaxial  layers  have  been  grown  by  the  Chemical  Vapor 
Deposition  (CVD)  technique  on  SiC  substrates  of  the  same  polytype  under  additional  C02  flow. 
Deep  level  transient  spectroscopy  (DLTS)  spectra  of  these  epilayers  reveal  three  energetically  deep 
traps,  identical  with  the  defect  centers  Om,  Or/  and  Ov  observed  in  oxygen  (O)-implanted  4H/6H- 
SiC  samples.  Admittance  spectroscopy  (AS)  investigations  result  in  the  nitrogen  donors  (N(h), 
N(ki,k2))  and  a  double  peak  termed  Oi/On.  This  double  peak  is  caused  by  two  energetically  shallow 
O-related  donors.  With  increasing  C02  flow,  the  concentration  of  O/On  donors  increases;  however, 
this  increase  cannot  explain  the  strong  increase  of  the  net  donor  concentration  (Nd-Na)  determined 
by  C-V  measurements.  It  is  suggested  that  the  incorporation  of  nitrogen  atoms  during  the  CVD 
growth  is  enhanced  by  the  presence  of  oxygen. 

Introduction 

O-related  defect  centers  in  4H/6H-SiC  have  mainly  been  studied  in  O-implanted  and  annealed  SiC- 
epilayers  [1,2].  AS  spectra  reveal  two  energetically  shallow,  donor-like  centers  (Oi/On);  three 
energetically  deep,  acceptor-like  centers  (Om/Oiv/Ov)  are  observed  by  DLTS.  Positron  annihilation 
experiments  result  in  complexes,  which  are  supposed  to  be  of  a  vacancy-oxygen-type  [3].  In 
addition,  it  has  been  demonstrated  that  O-related  defect  centers  can  occasionally  be  observed  in 
unimplanted  epilayers  grown  by  the  CVD  technique  under  standard  conditions. 

In  this  paper,  we  report  on  experiments  with  4H/6H-SiC  epilayers  grown  by  the  CVD  technique 
with  additional  C02-flow.  Electrical  analysis  methods  reveal  identical  O-related  defect  centers  Ov 
(v=I,...,V)  in  these  epilayers  as  observed  in  O-implanted  SiC  samples.  With  increasing  C02  flow 
rate,  the  concentration  of  O-related  defect  centers  increases;  however,  the  striking  feature  is  that,  in 
parallel,  a  huge  increase  of  the  doping  level  occurs  which  cannot  be  created  by  O-related  centers.  It 
seems  that  the  incorporation  of  N  atoms  during  the  CVD  growth  is  strongly  enhanced  in  the 
presence  of  C02.  This  paper  presents  predominantly  results  taken  on  the  6H-SiC  poly  type. 

Experimental 

Oxygen-doped  4H/6H-SiC  epitaxial  layers  were  grown  on  substrates  of  the  same  poly  type  in  a  SiEU- 
C3H8-H2  CVD  system  at  1500° C.  The  substrates  were  placed  side  by  side  on  a  SiC-coated 
susceptor.  Epilayers  of  a  thickness  of  10pm  were  grown  with  a  typical  growth  rate  of  3pm/h. 
Growth  runs  were  conducted  with  three  different  additional  C02  flow  rates  0.1  seem,  0.5sccm  and 
1  seem;  the  other  growth  parameters  were  kept  constant. 

Prior  to  the  preparation  of  Schottky  contacts,  a  standard  chemical  cleaning  of  the  sample  surface 
was  performed  using  acetone,  aqua  regia  and  hydrofluoric  acid.  For  the  DLTS  investigations, 
Schottky  contacts  with  different  diameters  (0.2mm  to  1.0mm)  were  fabricated  by  evaporation  of 


460 


Silicon  Carbide  and  Related  Materials 


nickel.  The  DLTS  and  AS  spectra  were  taken  in  a  temperature  range  of  (100K-700K)  and  (30K- 
200K),  respectively.  The  net  donor  concentration  was  determined  at  room  temperature  (f=lMHz)  by 
the  CV  method. 


Experimental  results 


In  Table  1  the  net  donor  concentration  (ND-NA)  determined  by  C-V  measurements  is  listed  for  the 
investigated  6H/4H-SiC  samples  (see  column  3  and  4).  By  increasing  the  C02  flow  rate  by  a  factor 
of  10,  the  net  donor  concentration  (ND-NA)  determined  by  CV  increases  by  three  to  four  orders  of 
magnitude.  With  exception  of  the  C02  flow  rate,  identical  growth  parameters  were  used  for  the 
three  growth  runs.  It  can  be  excluded  that  this  strong  increase  of  the  donor  concentration  is  created 
by  contamination  of  nitrogen,  which  may  have  its  origin  in  the  process  gases  or  the  graphite 

susceptor,  which  was  coated  with  a  thick  SiC  film. _ 

6H-SiC  epilayer/4H-SiC  epilayer  Table  1 : 

sample  C02  flow  (seem)  ND-NA  (cm  3)  ND-NA  (cm'3)  Net  donor  concentration  (ND- 
#la/b  0.1  ixlO15  9xl014  Na>  determined  h  CV;  the 

#2a/b  0.5  2xl015  2xl015  4Hl6H-SiC  epilayers  were 

#3a/b  1.0  4xl018  IxlO19  grown  under  various  C02  flow 

~  “  rates. 

In  order  to  figure  out  the  chemical  nature  of  the  incorporated  donor  species,  which  are  responsible 
for  this  large  change  of  the  doping  level,  AS  and  secondary  ion  mass  spectroscopy  (SIMS) 


investigations  were  taken  on 
these  samples.  Normalized 
conductance  spectra  G/to(T)  of 
the  6H-SiC  epilayers  #la  and 
#3a  are  displayed  in  Fig.l  and 
Fig.2,  respectively.  The 
dominating  peaks  in  Fig.l  are 
caused  by  N-donors  residing  at 
hexagonal  (h)  and  cubic  (ki,k2) 
lattice  sites.  The  broad  peak  at 
T=95K  (sample  #la)  is 
attributed  to  the  O-related  defect 
centers  Oi/On. 

With  increasing  C02  flow  rate 
(compare  Fig.l  and  Fig.2)  the 
peak  heights  and,  as  a 
consequence,  the  defect 
concentrations  of  O-related 
centers  and  N  donors  increase. 
However,  the  nitrogen  donors 

dominate  in  both  samples.  This  observation  is  a  strong  argument  that  the  doping  level  in  both 
samples  is  determined  by  N  donors. 


Fig.  1:  Normalized  conductance  G/to  as  a  function  of 

temperature.  The  spectra  are  taken  on  6H-SiC  epilayer 
#la  and  #2a,  respectively. 


For  the  6H-SiC  epilayer  #3a  -grown  under  the  highest  applied  C02  flow  rate-,  capacitance  C  and 
normalized  conductance  G/o)  as  a  function  of  the  temperature  are  displayed  in  Fig.2. 


sample  #3a  sample  #3b 

concentration  (cm'3)  concentration  (cm'3) 


O  (cm*3) 

<5xl017 

<5x1 01 7 

N  (cm'3) 

2xl018 

4xl018 

B  (cm*3) 

2xl016 

4x1 0IS 

Table  2: 

SIMS  results  of  sample  #3a 
and  #3b  grown  under  a  C02 
flow  rate  of  1  seem. 
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6H-SiC:0  Epi 
f=100kHz 
sample  #3a 
Isccm  CO,  flow 


The  conductance  spectrum  shows  only  one  broad  peak  with  a  peak  height  of  G/(0=65pF;  the 

individual  peaks  overlap  and 

_  80  can  no  longer  be  resolved.  From 

-  the  corresponding  capacitance 

i4o-|  — Conductance  _ ■ 70  step  (see  solid  curve),  a  donor 

120 .  N(h,ki/k2)^,  ,60  I  concentration  of  ND>3xlO,8cm-3 

£  /  Y  6H-SiC:0  Epi  g  (fording  to  AC~ND)  is 

~  100-  /  A  t=iookHz  50  §  evaluated;  this  value  is  in  good 

g  /  \  sample  #3a  %  agreement  with  the 

c  80  -  /  /  \  Isccm  CO,  flow  -  40  g  ®  „  , 

5  '  /  \  «  corresponding  donor 

g.  60  -  j  /  \  ■ 30  1  concentration  obtained  from  the 

«  I  \  ^  g  CV  measurement  (see  Table  1: 

40 '  /  /  \  20  |  (ND-NA)=4xl018cm‘3). 

20  -  //  \  L  o  SIMS  investigations  were 

^  v  - — _  conducted  to  determine  the 

°  40  50  60  70  80  90  ioo  no  120°  chemical  concentrations  of  O,  N 

temperature  [K]  and  boron  (B);  the  concentration 

Fig. 2:  Normalized  conductance  G/co  and  capacitance  as  a  profiles  were  monitored  to  a 

function  of  temperature.  The  spectra  are  taken  on  6H-SiC  depth  of  2pm.  The 

epilayer#3a.  concentration  of  O,  N  and  B 

determined  in  sample  #3a  are 

listed  in  Table  2.  The  SIMS  data  (see  second  column  in  Table  2)  clearly  confirm  that  only  the  N 
atoms  can  account  for  the  high  donor  concentration  of  approx.  4xl018cm'3. 

In  order  to  be  able  to  investigate  energetically  deep  centers  in  epilayers  #1  to  #3,  DLTS  spectra  of 
these  samples  were  recorded;  they  are  displayed  in  Fig.  3.  The  ionization  energies  and 
concentrations  of  the  observed  defect  centers  -  determined  in  epilayer  #2a  -  are  summarized  in 
Table  3. 

Besides  the  O-related  centers  Om  and  Orv/v,  two  further  peaks  are  observed  in  the  DLTS  spectra; 
peak  E1/E2  and  peak  V1/V2  are  caused  by  an  intrinsic  defect  and  by  vanadium,  respectively.  The  O- 
related  peaks  Om,  Oiv/v  increase  with  increasing  CO2  flow  (see  solid  and  dashed  spectra  in  Fig.3); 
the  corresponding  concentrations  in  epilayer  #2a  are  seven  times  as  great  as  in  epilayer  #la.  In  O- 


temperature  [K] 


Fig. 2:  Normalized  conductance  G/co  and  capacitance  as  a 

function  of  temperature.  The  spectra  are  taken  on  6H-SiC 
epilayer  #3 a. 


100  200  300  400  500 


temperature  [K] 

Fig.3:  Normalized  deep  level  transient  spectroscopy 
(DLTS)  spectra  ( time  window  lms/2ms)  taken  on 
6H-SiC  epilayers  #la,  #2a  and  #3a. 


implanted  SiC  samples,  it  was 
demonstrated  that  the  formation  of 
Om  and  Orwv-centers  saturates  for 
implanted  O  concentrations 
>10l7cm'3  [2],  The  fact  that  O 
related  centers  cannot  be  observed 
in  the  DLTS  spectrum  of  epilayer 
#3a  confirms  indirectly  the 
saturation  behavior  of  Om  and  Oiv/v 
also  for  the  investigated  O-doped 
epilayers.  According  to  the  high 
doping  level  of  epilayer  #3a 
(ND«4xl018cm'3)  and  the  limit  of 
the  sensitivity  of  the  DLTS  system 
of  N(defect)/ND  ~  10*5,  [Om]  and 
[Oiv/v]  in  epilayer  #3a  are 
estimated  to  be  equal  to  or  lower 
than  approx.  5xl013cm'3;  this  value 
agrees  roughly  with  the  O-related 
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defect  concentrations  determined  in  epilayer  #2a. 

Investigations  taken  on  O-doped  4H-SiC  epilayers  provide  identical  results. 


Ionization  energy 

Concentration 

Table  3: 

meV 

xlO'W3 

DLTS  results  for  epilayer  #2 a : 

Om 

508/554 

2.1 

~  Ionization  energies  and 

Ojv/v 

608/661 

2.9 

concentrations  of  observed 

v,/v2 

607/677 

0.8 

defect  centers. 

Discussion 

4H/6H-SiC  epitaxial  layers  doped  with  oxygen  during  the  CVD  process  reveal  the  same  O-related 
defect  centers  like  O-implanted  samples.  In  addition,  the  presence  of  O  during  the  CVD  growth  of 
SiC  layers  strongly  enhances  the  incorporation  of  N  atoms.  At  the  present,  the  driving  force  for  the 
enhanced  incorporation  of  N  is  unknown.  Based  on  the  observation  that  the  growth  rate  of  SiC  is 
strongly  reduced  in  the  presence  of  O,  we  suggest  that  the  growth  mechanism  is  modified.  During 
the  CVD  growth,  “high  temperature  oxidation”  of  C  and  Si  occurs.  At  1500°C,  the  equilibrium 
pressure  of  CO  is  higher  than  that  one  of  SiO  leading  to  a  “pronounced”  evaporation  of  C  from  the 
growth  front.  In  this  way,  the  probability  for  the  incorporation  of  N  atoms  is  enhanced.  The 
oxidation  process  consumes  a  large  portion  of  oxygen  during  the  CVD  growth;  as  a  consequence, 
the  concentration  of  observed  O-related  defect  centers  is  smaller  (saturation  concentration 
[Om+iv+v~5xl013cm'3])  than  the  corresponding  concentration  achieved  in  O-implanted  samples 
([Om+iv+v~2xl017cm‘3]).  In  addition,  O  atoms  could  form  complexes  or  precipitates  together  with  C 
atoms  which  reside  at  interstitial  lattice  sites.  In  this  way,  additional  C  vacancies  are  provided, 
which  can  preferentially  be  occupied  by  N  atoms.  In  order  to  clear  up  this  growth  mechanism, 
further  experiments  are  required. 

This  doping  technique  could  also  be  used  during  the  modified  Lely  growth  to  fabricate  n-type 
4H/6H-SiC  substrates  with  extremely  low  resistivity. 

Summary 

4H/6H-epilayers  could  be  doped  with  O  during  the  CVD  process  by  additional  C02  flow.  The 
incorporated  O  atoms  form  identical  defect  centers  as  already  observed  in  O-implanted  samples.  In 
addition,  the  presence  of  O  atoms  during  the  CVD  process  strongly  enhances  the  incorporation  of  N 
atoms. 
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Abstract.  Ab  initio  LDA  calculations  have  been  carried  out  for  the  isolated  oxygen  impurity  in 
3C(cubic)  and  4H(hexagonal)  silicon  carbide.  Cluster  models  with  localized  basis  functions  were  used  to 
calculate  vibrational  frequencies  and  spin  distributions  while  supercell  calculations  were  used  to  determine 
the  relative  stabilities  and  occupancy  levels. 

The  substitutional  oxygen  has  been  studied  in  the  2+/+/0/-/2-  charge  states  on  both  the  C  and  Si  site,  and 
compared  in  stability  to  interstitial  oxygen.  It  has  been  found  that  oxygen  at  the  carbon  site  (Oc)  is  the  most 
stable  defect  and  it  is  an  on-center  double  donor  in  3C-SiC.  The  characteristic  vibration  frequencies  and  the 
spin  distributions  for  the  paramagnetic  state  are  given.  0Si  has  a  double  donor  level  in  the  lower  half  of  the 
band  gap.  Oj  is  also  electrically  active  with  complicated  bonds.  The  similar  behavior  of  the  Oc  has  been 
found  in  4H-SiC,  however  0Sj  is  proven  to  be  an  amphoteric  defect  in  4H-SiC. 

Introduction  MOS  devices  can  be  built  from  SiC  because  its  native  oxide  is  Si02.  Oxygen  may 
enter  the  bulk  of  the  SiC  crystal  as  an  impurity  during  processing  but  it  is  also  a  contanimant  of 
the  SiC  powder  used  to  grow  the  crystals.  It  is  well-known  that  oxygen  is  electrically  inactive  in 
its  most  stable  (interstitial)  form  in  silicon,  but  it  can  form  electrically  active  defects,  like  thermal 
double  donors  (TDD)[1].  After  irradiation  and  heat  treatment  of  the  silicon  sample  oxygen  are  trapped 
into  vacancies,  form  the  so-called  A-center.  In  a  defect-molecule  model,  the  dangling  bonds  around 
the  vacancy  form  quasi-atomic  s  and  p  states  occupied  by  four  electrons,  which  interact  with  the 
s  and  the  p  orbitals  of  the  oxygen  atom  with  six  valence  electrons.  As  a  result  fully  occupied  ai 
and  f2  bonding  orbitals  accommodated  8  electrons  and  the  remaining  two  electrons  go  to  the  anti¬ 
bonding  a*  orbital  with  an  empty  t*2  state  above  that.  Due  to  a  dynamic  Jahn-Teller  effect  the  oxygen 
moves  out  of  the  on-center  position  along  the  [001]  direction  (C2v  symmetry)  forming  two  strong 
bonds  with  the  Si  atoms  and  leaving  two  Si  dangling  bonds  behind  which  create  a  long  bond.  The  t*2 
states  split  and  they  are  responsible  for  the  acceptor  activity  of  this  center  in  silicon.  It  is  of  interest 
whether  the  substitutional  or  the  interstitial  oxygen  is  more  stable  in  SiC  and  whether  oxygen  is 
active.  Electrical  activity  related  to  oxygen  has  been  reported[2]  in  0+  implanted  4H  and  6H-SiC. 
It  is  found  by  the  deep  level  transient  spectroscopy  (DLTS)  technique  that  two  shallow  donor-like 
oxygen  related  centers  were  created  yielding  ionization  energies  at  Ev+(2.85-2.87)  eV  and  Ev+(2.80- 
2.82)  eV  in  6H,  at  Ev+(2.99-3.03)  eV  and  Eu+(2.84-2.88)  eV  in  4H.  Three  deep  acceptor-like  oxygen 
related  centers  have  been  found  both  in  6H  and  4H-SiC.  These  levels  are  around  Ev+2.4  and  Ey+2.6 
eV.  The  microscopic  origin  of  these  centers  are  not  known.  Our  paper  takes  the  first  step  to  in  this 
direction  by  examining  the  properties  of  isolated  oxygen  defects  in  SiC. 

Although  at  present  the  technologically  important  polytypes  are  the  hexagonal  4H  and  6H-SiC, 
cubic  3C-SiC  is  easier  to  examine  from  the  theoretical  point  of  view  because  3C-SiC  has  two  basis 
atoms/unit  cell  comparing  to  eight  and  twelve  in  4H  and  6H-SiC,  respectively.  Since  the  calculation 
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time  increases  as  the  third  power  of  the  volume  size,  exploratory  calculations  were  performed  in  3C- 
SiC.  Starting  from  the  results  obtained  on  O  in  3C-SiC,  the  most  important  forms  of  the  isolated 
oxygen  were  recalculated  in  4H-SiC.  The  investigation  of  the  site  dependencies  is  not  the  purpose  of 
this  paper,  so  the  oxygen  was  always  placed  at  the  cubic  site  in  4H-SiC. 

The  only  theoretical  studies  we  are  aware  of  in  SiC  considered  oxygen  solely  as  interstitials  in  the 
neutral  charged  states,  using  molecular  and  supercell  models[3,  4],  Ventra  et  al.  has  found  that  the 
oxygen  clustering  in  the  (110)  plane  in  3C-SiC  could  be  energetically  feasible  which  is  very  similar 
to  the  possible  core  of  the  thermal  double  donor  in  silicon.  Relative  stabilities  with  respect  to  other 
isolated  oxygen  impurities  has  not  been  investigated  in  that  paper.  In  an  earlier  work  we  calculated 
interstitial  and  substitutional  oxygen  in  the  neutral  state  in  a  molecular  cluster  modeling  3C-SiC 
[5]  but  neither  relative  stabilities  nor  occupancy  levels  were  given.  Those  MCM  calculations  were 
recalculated  in  bigger  basis  set  (for  silicon  and  carbon  8  s-type  and  8-type  Gaussian-type  orbitals 
(GTO)  were  used;  3  x  s  +  3  x  p  and  8  x  s  +  8  x  p  GTOs  were  taken  for  hydrogen  and  oxygen, 
respectively)  in  a  molecular  cluster  where  the  charge  oscillations  between  the  Si  and  C  shells  around 
the  defect  were  avoided  (for  more  details  see  Ref.  [6]). 

Calculational  method  This  time  first  principles  calculations  were  carried  out  in  supercells  (SC)  to 
determine  the  relative  stabilities  and  occupancy  levels  together  with  molecular  cluster  calculations  to 
give  the  spin  distributions  and  local  vibration  modes.  In  the  SC  calculations  3C-SiC  was  modeled  by 
a  32  atom  bcc  unit  using  the  FHi98md  code  [7].  One  electron  states  were  expanded  as  a  plane  wave 
basis  with  a  relatively  high  kinetic  energy  cut-off  of  64  Ry.  Troullier-Martins  pseudopotentials  were 
used  [8].  Convergence  of  relative  stabilities  and  localized  one-electron  levels  with  SC  size  were  tested 
on  a  128  atom  fee  unit.  In  that  case  36  Ry  cut-off  and  the  pseudopotential  of  Ref.  [9]  were  used  as  well 
as  in  the  96  atom  hexagonal  4H  supercell  calculations.  Summation  over  the  reduced  Brillouin-zone 
of  the  supercell  were  carried  out  using  2x2x2  and  3x3x3  MP  schemes!  10]  for  the  all  units  depending 
on  the  nature  (localization,  dispersion)  of  the  defect  states.  For  the  details  of  applied  corrections  due 
to  the  dispersion  and  LDA  gap,  see  Ref.  [11]. 

Results  on  Oc  in  3C-SiC  We  have  considered  the  oxygen  substitutional  on  the  carbon  site  (Oc)  in 
3C-SiC,  first.  Neutral  Oc-  was  found  to  remain  on-center.  The  Si-0  distances  are  2.00  A.  The  localized 
anti-bonding  oj  one-electron  level  is  lying  above  the  conduction  band  edge  by  0.54  eV,  therefore  an 
EMT  orbital  gets  occupied  instead.  The  molecular  cluster  calculation  provided  a  reconstruction  with 
C2v  symmetry  because  the  cluster  “gap”  was  much  higher  and  the  localized  a*  state  was  coupled.  If 
the  gap  is  reproduced  correctly  (as  in  the  SC  calculation  corrected  for  the  LDA  gap)  then  the  electrons 
should  occupy  the  conduction  band  states,  i.e.  Oc  is  a  double  effective  mass  like  donor  in  3C-SiC  like 
sulfur  in  silicon.  (The  off-center  configuration  with  C2v  symmetry  obtained  in  the  molecular  cluster 
calculation  is  a  metastable  state  with  a  total  energy  of  about  2.0  eV  higher.)  The  doubly  occupied 
delocalized  level  splits  off  from  the  conduction  band  to  Ec-0.44  eV.  In  the  single  and  double  positively 
charged  states  no  metastable  state  have  been  found  and  the  geometry  differs  only  slightly  from  the 
neutral  case.  The  relative  energy  of  the  ++/+/0  charge  states  as  a  function  of  the  Fermi-energy  as  well 
as  the  occupation  levels  for  the  Oc  defect  in  3C-SiC  are  shown  in  Fig.  1(a).  (The  value  of  the  relative 
stabilities  are  convergent  within  0.1  eV  checked  on  128  atom  SC.) 

Because  the  Oj  is  EMT  donor,  the  results  in  MCM  for  the  spin  distribution  would  not  be  reliable 
in  this  case.  However,  the  charge  distribution  of  the  single  occupied  level  projected  into  (1 10)  plane 
shows  that  the  electron  is  sufficiently  localized  on  the  oxygen  atom  to  detect  it  by  EPR.  The  shape  of 
the  electron  distribution  is  spherical  therefore  the  Fermi-contact  hyperfine  interaction  must  be  much 
bi§§£r  than  the  dipole-dipole  one.  O^-*"  is  stable  for  Fermi  levels  up  to  Ev+1.9  eV.  The  characteristic 
local  vibration  modes  (LVM)  are  falling  into  the  continuum  (around  900  cm"1). 

Results  on  Os;  in  3C-SiC  We  have  found  that  the  most  stable  configuration  for  the  oxygen  at 
the  silicon  site  (Os;)  in  the  neutral  state  is  the  on-center  position  with  1.92  A  C-O  distances  in  the 
32  atom  unit.  A  doubly  occupied  localized  aj  level  appears  at  E^+0.33  eV  and  the  empty  t£  is  at 
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Fig.  1.  The  occupation  levels  of  the  substitutional  oxygen  impurities.  The  thickness  of  the  line  represents  the  uncertainty 
due  to  the  neglect  of  spin  polarization. 

Ec+0.34  eV.  However,  if  the  oxygen  is  placed  in  the  [001]  direction  with  0.34  A  forming  a  bridge 
between  two  carbon  atoms  with  a  distance  of  1 .61  A  and  an  angle  of  122°  then  the  total  energy  of  this 
structure  is  only  0.05  eV  higher  than  of  the  on-center’s  one.  The  barrier  energy  is  very  small,  0.13  eV 
from  the  on-center  to  the  off-center  position.  In  the  128  atom  unit  careful  test  were  carried  out,  three 
neighbor  relaxation  were  allowed  during  the  geometry  optimization.  In  this  case,  no  metastable  state 
has  been  found:  the  structure  with  Td  symmetry  (1.89  A  C-0  distances)  has  the  lowest  energy.  The 
doubly  occupied  localized  a*  level  appears  at  Ev+0.71  eV  and  the  empty  t£  is  at  Ec+0.64  eV  in  this 
case.  The  32  atom  calculations  provided  inadequate  results  for  the  occupation  levels  of  O^.  Thus,  the 
occupation  levels  are  determined  in  the  128  atom  unit  for  It  is  clear  from  the  obtained  electronic 
structure  that  the  Osi  is  a  rather  deep  donor  and  no  acceptor  activity  takes  place  in  3C-SiC. 

The  relative  stabilities  of  the  O Si  defect  in  different  charge  states  is  shown  in  Fig.  1(b).  The  spin 
distribution  of  the  paramagnetic  Oj,-  is  3.1%  on  the  oxygen  atom  (purely  s-like),  and  19%  on  each  C 
neighbor  (purely  p-like).  Because  of  the  localized  basis  in  MCM  calculation  the  localization  could  be 
overestimated  by  a  factor  of  two.  The  characteristic  LVM’s  are  too  low  to  measure. 

Results  on  Oz  in  3C-SiC  The  interstitial  oxygen  forms  complicated  bonds  between  oxygen  and 
carbon  (see  Fig.  2),  and  the  oxygen  with  two  silicon  atom  provide  two  fully  occupied  levels  in  the 
band  gap  very  close  to  the  valence  band  top  (within  0.1  eV).  The  LVM  of  1035  cm”1  and  890  cm-1 
belongs  to  the  C-O,  and  Si-O  stretch  mode,  respectively.  The  symmetry  of  this  structure  is  Ci*.  (In 
the  earlier  paper  [5]  wrong  numbers  were  given  for  these  stretch  modes!) 


Fig.  2.  The  relaxed  structure  of  interstitial  oxygen  in  3C-SiC 

Relative  stabilities  We  have  investigated  the  relative  stabilities  between  the  isolated  oxygen  im¬ 
purities  depending  on  Si/C  ratio  and  the  position  of  the  Fermi  level.  We  have  found  that  under  any 
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circumstances  O c  is  more  stable  over  Os*  by  more  than  5  eV  and  it  is  more  stable  than  O*  by  at 
least  3.5  eV!  Therefore  during  growth  Oc  is  the  prefered  form  of  the  isolated  oxygen.  In  addition, 
the  binding  energy  of  Os*  to  a  Si-vacancy  with  respect  to  Oz  is  7.3  eV  while  the  binding  energy  of 
Oc  to  a  C-vacancy  respect  to  O*  is  10.1  eV.  Therefore  diffusing  O*  prefers  the  C-vacancy  against  the 
Si-vacancy  by  2.8  eV  if  both  are  present.  The  difference  between  the  formation  energies  are  so  large 
that  the  [0c]>[0d>[05i]  relation  may  be  predicted  for  all  polytypes  based  on  the  calculations  in 
3C-SiC. 

Results  on  Oc  in  4H-SiC  Based  on  the  results  in  3C-SiC,  Oc  has  been  first  examined  in  4H-SiC. 
Oc  is  also  an  on-center  in  4H-SiC  with  C3v  symmetry.  The  doubly  occupied  a\  level  corresponding 
the  anti-bonding  combination  of  O  and  Si  atoms  is  now  in  the  band  gap.  The  ++/+  and  +/0  occu¬ 
pation  levels  are  at  E^+2.93  eV  and  E^+2.97  eV,  respectively,  which  are  very  close  to  the  measured 
occupation  levels  of  the  oxygen-related  shallow  donors  in  4H-SiC  [2].  Therefore  Oc  is  also  a  double 
donor  in  4H-SiC,  but  it  is  not  EMT-like  as  in  3C-SiC.  In  this  case  the  spin  distribution  for  0£  can  be 
calculated  in  MCM.  The  spin  is  localized  on  oxygen  with  4.5%  (pure  s-like)  and  on  the  Si  neighbors 
with  61%  (pure  p-like).  Based  on  this  facts  we  assign  the  Oc  defect  to  the  origin  of  the  shallow  donor 
centers  found  in  4H  and  6H-SiC. 

Results  on  Osi  in  4H-SiC  The  possible  acceptor  activity  of  is  examined  in  4H-SiC.  In  the  neu¬ 
tral  state  the  symmetry  is  Cxh  (only  slightly  distorted  from  C3u  with  oxygen  being  0.12  A  away  from 
the  on-center  position).  The  double  occupied  localized  one-electron  level  is  at  Ev+0.72  eV  (practically 
same  as  in  3C-SiC)  and  the  first  unoccupied  level  is  at  Ev+2.28  eV,  therefore  acceptor  activity  can  be 
expected.  (The  ++/+  and  +/0  occupation  levels  should  resided  in  the  same  place  as  in  3C-SiC.)  In  the 
negatively  charged  state  the  oxygen  moves  away  from  the  on-center  position  (0.44  A)  bonding  to  two 
C  closer  than  to  the  other  ones  (this  resembles  to  C2v  symmetry  in  a  cubic  cell,  as  the  A-center  in  sili¬ 
con).  The  0/-  level  is  at  Ev+2.0  eV.  This  value  is  far  from  the  measured  oxygen-related  acceptor  level 
at  Ev+2.6  eV  in  4H-SiC.  More  work  is  needed  to  identify  the  acceptor  centers  which  are  probably 
related  to  more  complex  defects. 

Summary  To  summarize,  Oc  is  far  the  most  stable  oxygen  impurity  in  SiC.  It  is  a  relatively  shallow 
double  donor  (EMT  in  3C-SiC  but  not  in  4H-SiC).  0Si  is  a  deep  double  donor  in  3C-SiC,  but  it  can 
also  act  as  an  acceptor  in  4H-SiC.  We  assign  the  DLTS  donor  centers  to  Oc  in  4H-SiC. 
Acknowledgement  Support  by  the  Hungarian  OTKA  T-22139,  FKFP  0289/97  and  AKP  97-92  2,2/27 
grants  as  well  as  the  bilateral  US-Hungarian  (JFNo.  667),  German-Hungarian  (DFG  -MTA  No.  118) 
and  Swedish-Hungarian  (IVA-MTA  No.  36)  projects  and  the  grant  PHY970006P  from  the  Pittsburgh 
Supercomputing  Center  are  appreciated. 

References 

[1]  C.  S.  Fuller,  J.  A.  Ditzenberger,  N.  B.  Hannay,  and  E.  Buehler,  Phys.  Rev.  B  96,  (1954),  p.  833. 

[2]  T.  Dalibor  et  al. ,  Mater.  Sci.  Forum  264-268,  (1998),  p.  533. 

[3]  M.  A.  Roberson,  S.  K.  Estreicher,  and  C.  H.  Chu,  J.  Phys.:  Condens.  Matter  5,  (1993),  p.  8943. 

[4]  M.  D.  Ventra  and  S.  T.  Pantelides,  Phys.  Rev.  Lett.  83,  (1999),  p.  1624. 

[5]  P.  Deak  et  al. ,  Mater.  Sci.  Forum  264-268,  (1998),  p.  279. 

[6]  A.  Gali,  P.  Deak,  R.  P.  Devaty,  and  W.  J.  Choyke,  Phys.  Rev.  B  60,  (1999),  p.  1620. 

[7]  M.  Bockstedte,  A.  Kley,  J.  Neugebauer,  and  M.  Scheffler,  Comp.  Phys.  Comm.  107,  (1997),  p.  187. 

[8]  N.  Troullier  and  J.  L.  Martins,  Phys.  Rev.  B  43,  (1991),  p.  1993. 

[9]  M.  Bockstedte,  private  communication. 

[10]  H.  J.  Monkhorst  and  J.  K.  Pack,  Phys.  Rev.  B  13,  (1976),  p.  5188. 

[11]  B.  Aradi  et  al ,  this  volume. 


Materials  Science  Forum  Vols.  353-356  (2001)  pp.  467-470 
©  2001  Trans  Tech  Publications,  Switzerland 


Beryllium-Related  Defect  Centers  in  4H-SiC 

Michael  Krieger,  Michael  Laube,  Michael  Weidner  and  Gerhard  Pensl 

Institute  of  Applied  Physics,  University  of  Erlangen-Nurnberg, 

Staudtstr.  7/A3,  DE-91058  Erlangen,  Germany 

Keywords:  Acceptor,  Beryllium,  Diffusion,  Doping  by  Implantation,  p-Type  4H-SiC 


Abstract  It  is  demonstrated  that  beryllium  (Be)  is  a  strong  diffusing  species  in  SiC.  Two 
acceptor-like  defect  centers  are  detected  in  Be-implanted,  p-type  4H-SiC  epilayers;  their 
ionization  energies  are:  AE(Bei)  =  (535/585)  meV  and  AE(Be2)  =  (925/1008)  meV.  Bei-center 
is  thermally  stable  up  to  620K,  while  Be2-center  is  thermally  unstable.  In  Be-implanted  n-type 
4H-SiC  a  series  of  peaks  is  observed  in  the  DLTS  spectra;  among  the  observed  peaks  the  Kr 
center  is  not  yet  described  in  the  literature. 

Introduction 

For  vertical  electronic  power  devices,  SiC  substrates  with  low  resistivity  are  required.  In  order 
to  reach  this  aim,  acceptors  with  small  ionization  energy  AE  and  high  solubility  are  necessary. 
At  the  present  knowledge,  aluminum  (Al)  providing  an  ionization  energy  AE(A1)  of  approx. 
200meV  is  the  acceptor  with  the  smallest  ionization  energy.  Depending  on  the  doping  level  and 
compensation  the  degree  of  ionization  of  Al  acceptors  at  room  temperature  is  only  a  few  per¬ 
cent;  therefore,  an  intensive  search  for  acceptors  with  suitable  properties  is  under  way. 
Beryllium  (Be)  located  in  the  second  column  of  the  periodic  table  is  a  possible  candidate  for  a 
double  acceptor  in  SiC  assuming  that  the  Be  atoms  reside  at  silicon  (Si)  or  carbon  (C)  lattice 
sites  [1].  On  the  other  hand,  Be  atoms  which  are  of  small  size  could  also  act  as  donors,  if  they 
would  occupy  an  interstitial  lattice  site.  Up  to  now  only  a  few  data  are  published  on  the  electri¬ 
cal  properties  of  Be-related  centers  in  SiC  (see  e.g.  [2,3]),  which  do  not  provide  enough  infor¬ 
mation  to  clarify  the  problems  addressed  above. 

In  this  paper,  we  predominantly  report  on  electrical  properties  of  Be-implanted  p-/n-type  4H- 
SiC  epilayers.  It  turns  out  that  there  arise  experimental  difficulties  to  achieve  p-type 
conductivity  in  low-doped,  n-type  4H-SiC  epilayers  by  implantation  of  Be.  DLTS  spectra  taken 
on  Be-implanted  p-/n-type  4H-SiC  epilayers  reveal  several  energetically  deep  Be-related  defect 
centers. 

Experimental 

For  the  employed  electrical  analysis  methods  (Hall  effect,  deep  level  transient  spectroscopy 
(DLTS),  capacitance-voltage  (C-V)  technique),  n-type  4H-SiC  epilayers  doped  with  nitrogen 
[N]  =  9.7xl015  cm*3  and  p-type  4H-SiC  epilayers  doped  with  Al  ([Al]  =  8.5xl015  cm3)  were 
used.  Secondary  ion  mass  spectrometry  (SIMS)  profiles  were  taken  on  N-doped  4H-SiC 
epilayers  ([N]  =  1.8xl015  cm*3).  Box-shaped  Be  profiles  were  generated  to  a  depth  of  1.8pm  by 
eight-fold  implantation  of  Be  as  shown  in  Fig.  1.  The  Be-implanted  samples  were  annealed  in 
two  steps:  pre-anneal  at  900°C  for  (3  to  10)h  followed  by  a  final  anneal  at  (1400  to  1700)°C  for 
30min. 
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Fig.  1.  Be  box-shaped  profiles  formed  by  eight¬ 
fold  implantation;  the  Be-profiles  are 
calculated  after  TR1M-C. 


Results  and  Dicussion 

In  order  to  remove  the  implantation  damage 
and  to  activate  the  implanted  dopants  in 
SiC,  annealing  temperatures  up  to  1700°C 
are  usually  required.  Based  on  our 
experience  with  boron  (B)  [4,  5],  which  is  a 
fast  diffusing  species  in  SiC,  we  also 
expected  a  strong  diffusion  for  Be.  We 
have,  therefore,  in  a  first  step  investigated 
the  Be  diffusion  in  the  temperature  range 
between  1400°C  and  1700°C.  SIMS 


analyses  of  annealed  box-shaped  Be  profiles 
(not  shown  here)  resulted  in  a  strong  Be  diffusion  to  the  bulk  and  to  the  surface  leading  to  a 
considerable  out-diffusion  of  Be  atoms  (residual  Be  fluence:  20%  /  7%  subsequent  to  an  anneal 
at  1400°C  /  1700°C  for  30min  each).  These  results  compare  well  with  diffusion  experiments 
reported  by  Henkel  et  al.  [6]. 


The  strong  Be  diffusion  introduced  experimental  difficulties  to  achieve  p-type  films  by  Be 
implantation  in  n-type  4H-SiC  epilayers.  Hall  effect  measurements  taken  on  Be-implanted  and 
annealed  films  indicated  p-type  conductivity  (not  shown  here).  However,  the  measurement 
points  were  affected  by  a  large  uncertainity,  which  made  it  impossible  to  determine  an 
ionization  energy  for  the  prevailing  acceptor;  the  resistivity  at  room  temperature  resulted  in 
p  =  3xl03  Qcm. 


DLTS  spectra  taken  on  Be-implanted 
and  subsequently  annealed  p-type  4H- 
SiC  epilayers  are  displayed  in  Fig.  2. 
The  spectra  consist  of  two  pronounced 
peaks  termed  Bei  and  Be2;  it  is  assumed 
that  both  peaks  are  Be-related.  In  order 
to  be  able  to  make  a  clear  chemical 
assignment  to  Be,  DLTS  spectra  have  to 
be  taken  on  SiC  samples,  which  are 
implanted  with  a  radioactive  isotope 
(DLTS-RI)  [7],  e.g.  the  radioactive 
isotope  7Be,  which  decays  with  a 
lifetime  of  53  days  into  the  stable 
isotope  7Li.  Corresponding  DLTS-RI 
investigations  are  under  way.  An 
Arrhenius  evaluation  of  the  DLTS  data 
assuming  a=T°  /  a^T*2  results  in  energy 
levels  at  AE(Bej)  =  Ev+  (535/585)  meV 
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Fig. 2.  DLTS  spectra  of  Be-implanted  and  annealed 
(900°C/3h  and  1600°C/30min)  Al-doped  4H-SiC 
samples  ([Al]  =  8.5x10 15  cm3).  DLTS  spectra  are 
taken:  a)  directly  after  implantation  and  annealing, 
b)/c)  subsequent  to  3/6  DLTS  temperature  scans  up 
to  620  K. 


and  AE(Be2)  -  Ey  +  (925/1008)  meV;  the  corresponding  defect  concentrations  are: 
N(Bei)  —  1x10  cm  ,  N(Be2)  =  2x10  cm  .  It  turns  out  that  the  Be \ -center  is  stable  during  the 
temperature  scan  of  the  DLTS  measurement,  while  the  Be2-center  strongly  decreases  with 
increasing  number  of  DLTS  scans  that  is  by  repeated  exposure  to  heat  treatments  up  to  620K 
(see  spectra  (a),  (b)  and  (c)  in  Fig.  2). 

Due  to  the  fact  that  the  Be-implanted  samples  have  been  exposed  to  an  annealing  step  at 
1700°C  prior  to  the  DLTS  measurement,  we  assume  that  the  Be2-center  is  formed  during  the 
ramp  down  of  the  annealing  temperature. 
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Fig.  3.  Ionization  Energy  AE(Bej)  as  a  function  of  the 
applied  electric  field.  The  full  dots  are  obtained  from 
double-correlated  DLTS;  the  solid/dashed  curves  are 
calculated  taking  into  account  the  Poole-frenkel  correction 
after  [8];  Z  =  1  and  Z  -  2  are  the  assumed  charge  states 
of  the  defect. 


Depth  (M-m) 


Fig.  4.  Net  A  l  concentration  [Nai~NdJ  as  a  function  of  the 
depth  determined  by  C-V;  the  measurements  are  taken  on 
the  identical  samples  as  described  in  Fig.  2. 


Fig. 5.  DLTS  spectrum  taken  on  a  Be-implanted  and 
annealed  n-type  4H-SiC  sample. 


Double  correlated  DLTS 
investigations  reveal  that  the 
ionization  energy  of  both  centers 
depends  on  the  applied  electric 
field;  for  the  Be  i -center,  the 
correponding  dependence  is 
shown  in  Fig.  3.  The  solid  and 
dashed  curve  in  Fig.  3  are 
calculated  according  to  the  Poole- 
Frenkel  effect  [8].  The 
dependence  on  the  electric  field 
implies  that  both  centers  are 
acceptor-like.  Within  the 
measurement  uncertainty  (see 
error  bars  in  Fig.  3)  there  is  no 
clear  decision  possible  whether 
the  final  acceptor  state  (after 
emission  of  a  hole)  is  singly 
(Z=l)  or  doubly  (Z=2)  charged. 
The  different  peak  heights  of  the 
Bei  -center  and  the  Be2-center  and 
their  extremely  different  thermal 
stability,  however,  indicate  that 
the  two  peaks  are  not  caused  by  a 
single  defect  representing  the  two 
different  charge  states  of  a  double 
acceptor. 

In  parallel  to  the  DLTS 
investigations,  we  have  con¬ 
ducted  C-V  measurements  on  the 
identical  samples  (see  Fig.  4). 
With  increasing  number  of  DLTS 
scans,  the  net  A1  acceptor 
concentration  (NAi  -  ND)  de¬ 

creased  in  the  surface-near,  Be- 
implanted  region  (see  curves  (a), 
(b)  and  (c)  in  Fig.  4).  This 

decrease  of  the  net  acceptor 
concentration  can  only  be  caused 
by  an  increase  of  the 

compensation  ND.  A  possible 
mechanism,  which  could  explain 
the  observed  phenomena,  is  the 
formation  of  Be  donors;  the 
required  Be  atoms  may  be 
released  from  the  Be2-complexes 
or  precipitates,  which  are 

thermally  dissolved.  The 
nucleation  and  growth  of  such 
precipitates  may  originate  from  a 
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supersaturation  of  Be  at  lower  temperatures  [6,  9].  DLTS  spectra  have  been  taken  on  Be- 
implanted  n-type  4H-SiC  samples;  they  reveal  several  peaks  (see  Fig.  5  and  Table  1):  peaks 
P1/P2,  Zj  and  RD1/2  are  intrinsic  defects  [10],  defect  Kj  is  not  yet  described  in  the  literature.  All 
these  peaks,  however,  are  thermally  stable;  their  heights  do  not  increase  as  a  function  of  the 
number  of  DLTS  scans.  Alternatively,  the  required  donors  may  energetically  be  located  in  the 
middle  of  the  band  gap  of  4H-SiC,  which  is  not  accessible  for  standard  DLTS.  Optical  DLTS 
experiments  have  to  be  conducted  to  clarify  this  open  question. 


Table  1.  Defect  parameters  obtained 
from  the  analysis  of  DLTS  spectra 
taken  on  Be-implanted  n-type  4H-SiC. 


Defect 

Concentration 
(1013  cm'3) 

Ionization  Energy  (meV) 

0  =  const. 

o~r2 

Pi/p2 

1.9 

221 

246 

K, 

9.7 

367 

404 

z, 

5.8 

636 

696 

RE)  1/2 

10 

826 

904 

Summary 

Implanted  Be  atoms  are  a  fast  diffusing  species  in  SiC  at  temperatures  above  1400°C.  No 
energetically  shallow  Be-related  acceptors  in  4H-SiC  could  be  formed  by  Be  implantation.  As  a 
consequence,  we  like  to  point  out  that  Be  is  not  suited  to  generate  p-type  SiC  substrates  with 
low  resistivity. 

Two  pronounced  defect  centers  (Beh  Be2)  are  created  in  Al-doped  4H-SiC  by  Be  implantation; 
their  energy  levels  are:  AE(Bei)  -  Ev  +  (535/585)  meV  and  AE(Be2)  =  Ev  +  (925/1008)  mev’. 
Bei -center  is  thermally  stable  during  DLTS  scans,  while  Be2-center  thermally  dissociates  at 
temperatures  up  to  620K.  Along  with  the  decrease  of  the  Be2-center,  a  decrease  of  the  net  A1 
acceptor  concentration  in  the  surface-near,  Be-implanted  region  is  observed. 
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Abstract:  Bandgap  states  of  Cr  in  p-type  4i7-SiC  (Silicon  Carbide)  were  investigated  by 
radiotracer- DLTS  (Deep  Level  Transient  Spectroscopy).  Doping  with  the  radioactive  isotope 
5*Cr  was  done  by  recoil  implantation  followed  by  annealing  (4 h,  1600A).  Repeated  DLTS  mea¬ 
surements  during  the  elemental  transmutation  of  the  isotope  to  51 V,  reveal  the  corresponding 
concentration  changes  of  bandgap  states.  In  the  lower  part  of  the  band  gap  accessible  by  these 
experiments,  we  find  two  Cr-releated  levels  at  and  0.63eV  above  the  valence  band  edge, 

and  no  level  of  Vanadium. 

1  Introduction 

Because  of  its  excellent  properties,  Silicon  Carbide  (SiC)  will  play  an  important  role  as  a  semi¬ 
conductor  for  power  devices,  for  high  frequency  electronics  and  in  high  temperature  or  high 
radiation  environments.  Based  on  magnetic  resonance  [1],  Deep  Level  Transient  Spectroscopy 
(DLTS)  experiments  [2,  3,  4,  5,  6]  and  on  theory  [7],  several  transition  metals  are  known  to 
form  electrically  active  band  gap  states  in  this  material.  In  the  case  of  chromium,  acceptor-like 
states  at  about  0.15eV  and  at  0.74eV  below  the  conduction  band  edge  of  the  n-type  4iT-SiC 
have  definitely  been  identified  by  radiotracer  DLTS  [3].  For  the  first  time,  the  present  work 
provides  information  on  deep  levels  of  chromium  and  vanadium  impurities  in  the  lower  part  of 
the  band  gap  by  performing  DLTS  on  p-type  4ff-SiC. 

The  chemical  identification  of  these  levels  is  done  by  using  the  radioactive  isotope  51  Cr.  The 
correspondence  of  concentration  changes  of  the  levels  (DLTS  spectra  depend  linearly  on  con¬ 
centrations  in  the  present  case  of  low  trap  concentrations)  to  the  well  known  elemental  trans¬ 
mutation  Cr  ^  V  is  used.  This  technique  allows  the  estimation  of  the  fraction  of  implanted 
atoms  which  are  electrically  active,  too. 

2  Experiment 

The  crystals  used  in  this  work  were  commercial  p-type  4i7-SiC  CVD-epitaxial  layers  on 
heavily  p-doped  (5  x  1018cm“3)  substrates  (grown  by  Cree  Inc.).  Capacitance- voltage  profiling 
revealed  a  shallow  doping  concentration  of  the  epitaxial  layer  (\NA  -  ND\)  of  8(2)xl015cm~3. 
Doping  with  radioactive  51Cr  (decaying  to  51V  with  a  nuclear  half-life  of  T1/s  =  27.7 d)  was 
done  at  the  tandem  accelerator  of  the  University  of  Erlangen-Niirnberg  by  recoil  implantation 
following  the  (a,  n)  nuclear  reaction  with  a  fluence  in  the  range  of  1010cm-2  [8]. 

Doping  with  stable  isotopes  (^2Cr  and  34V)  was  done  at  the  tandetron  ion  accelerator  JULIA 
of  the  University  of  Jena.  We  used  multiple  implantations  (1...3 MeV)  to  achieve  fairly 
homogeneous  Cr  and  V  concentrations  of  about  5xl014cm  3. 
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The  implantation  damage 
was  removed  by  thermal 
annealing  in  sealed  quartz 
ampoules  for  4 h  at  1600# 
in  oxygen  atmosphere.  The 
formed  oxygen  layer  was 
then  removed  by  etching 
with  hydrofluoric  acid 
before  contact  preparation 
(evaporation  of  5004  Ti 
0=0. 5mm  as  Schottky- 
contacts,  500^4  A1  full  area 
as  Ohmic  backside)  [3]. 

Before  and  after  the  en¬ 
tire  sample  preparation 
process,  the  initial  as  well 
as  the  final  number  of 
51  Cr  atoms  incorporated 
were  determined  by  y-ray 
spectroscopy. 

The  DLTS  measurements 
were  performed  with  a 
commercial  DLTS  system 
(DL-8000  by  Bio-Rad 
Laboraties).  The  spectra 
were  taken  between  200 
and  650#  (below  200# 
the  shallow  doping  ’freezes 
out’).  The  reverse  bias 
U#  was  set  to  5V.  To  fill 
the  traps,  the  reverse  bias 
was  degraded  to  zero  volts 

^0r  ^ mS‘  1;  a)  DLTS -spectra  of  p-type  4H-SiC,  recoil  implanted  with  51  Cr, 

DLlb  time  constants  rref  subsequently  measured  during  the  elemental  transmutation  to  51  V.  b) 
were  varied  from  approx-  DLTS-spectra  obtained  by  subtracting  the  initial  spectrum  (measured 
imately.  1ms  to  Is.  The  4d  after  annealing)  from  the  subsequently  measured  spectra. 
spectra  shown  correspond 
to  rTef  =  12.48ms. 


300  400  500  600 

temperature  (K) 


3  Results 

DLTS  spectra  of  one  sample  implanted  with  51  Cr  are  shown  in  Fig.  la.  The  peaks  A  and  B  are 
diminishing  during  observation.  Fig.  lb  shows  the  difference  signals  formed  by  substracting  the 
initially  measured  spektrum  from  the  others.  Thus,  time  independent  signals  are  eliminated. 
Negative  peaks,  labeled  #1  and  j)2,  indicate  decreasing  concentrations.  Fig.  2  shows  the  heights 
of  the  peaks  (jl  and  #2  from  the  difference  spectra  during  observation.  Exponential  curves  with 
the  half-life  of  the  nuclear  decay  (27.7d)  demonstrate  the  correspondence  with  the  elemental 
transmutation  and  justify  the  assignment  of  the  peaks  to  51  Cr. 

The  level  parameters  of  the  Cr-related  peaks  j)l  and  #2  are  derived  from  the  difference  spec- 
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tra  as  usual  (assuming  o=const.)  [9]. 
They  are  summarized  in  Tab.  1.  An 
increasing  signal  is  not  detectable,  i.e.  a 
deep  level  caused  by  the  daughter  ele¬ 
ment  vanadium  does  not  exist  in  the  in¬ 
vestigated  part  of  the  band  gap. 

In  Fig.  3,  the  initial  measurement  on 
a  51  Cr  doped  sample  is  compared  to  an 
unimplanted  reference  and  to  samples 
implanted  with  stable  51V  and  52Cr.  The 
shoulder  labeled  A  is  present  in  the  Cr- 
implanted  samples  only.  It  is  equivalent 
to  the  Cr-level  jjl .  Peak  B  with  parame¬ 
ters  within  the  error  margins  of  the  Cr- 
level  J2  is  present  in  all  spectra,  i.e.  there 
is  an  additional  defect  present  that  can¬ 
not  be  distinguished  from  the  Cr-level  #2 
by  standard  DLTS.  The  existence  of  this 
additional  defect  contributing  to  peak  B 
is  also  obvious  in  the  radiotracer  exper¬ 
iment.  In  Fig.  la,  a  large  peak  B  fi¬ 
nally  remains,  though  51  Cr  has  vanished. 
Peak  C  is  an  unidentified  implantation 
induced  defect  with  an  activation  energy 
of  Et  -  Ey  =  0.81  {2)eV  and  a  capture 
cross  section  (cr)  of  6  x  10~15cm2.  It  may 
be  equivalent  to  a  level  found  in  similar 
experiments  on  p-type  6H- SiC  [10]. 

An  effect  of  the  electrig  field  strength 
(F  —  14...  140 kV/cm)  on  the  emission 
time  constant  (Poole-Frenkel-Effekt)  for 
the  interesting  peaks  A  and  B  is  not  de¬ 
tectable  in  the  samples  implanted  with 
stable  chromium.  Though  peak  B  con¬ 
tains  an  unidentified  level  in  addition  to 


0  50  100  150 

delay  (d) 


Fig.  2:  Peak  height  differences  of  the  Cr-related  peaks  §1 
and  j \2  versus  delay  time,  measured  during  the  transmu¬ 
tation  of  51  Cr  to  51  V.  The  solid  lines  are  fitted  exponen¬ 
tial  functions  with  the  fixed  half-life  of  the  nuclear  decay 
(Tifc  —  27. 7d). 
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Fig.  3:  DLTS-spectra  of  p-type  4H-SiC,  initial  spectrum 
of  a  51  Cr  doped  sample,  samples  implanted  with  stable  Cr 
and  stable  V  and  a  spectrum  of  an  unimplanted  part  of  a 
sample  (reference  contact). 


Cr,  the  absence  of  any  Poole- Frenkel-shift  indicates  that  the  chromium-levels  f|l  and  #2  are 


donor  like. 


4  Discussion 

Performing  the  tracer  experiment,  we  can  definitely  assign  the  peaks  #1  and  J2  to  chromium. 
These  defects  contain  one  Cr-atom.  Peak  $2  would  not  have  been  assigned  safely  to  Cr  without 
the  tracer  concept  due  to  an  underlying  additional  defect  B.  This  intrinsic  defect  with  the  same 
level  parameters  as  #2  probably  is  the  well  known  D-center  described  as  boron- vacancy-complex 

[4]- 

Because  of  the  small  energy  difference  between  the  two  Cr  levels,  we  propose  the  occupation 
of  inequivalent  lattice  sites  in  the  4#-SiC  (quasi-cubic  and  -hexagonal  sites).  This  interpre¬ 
tation  has  also  been  given  for  the  splitting  (0.04eP)  of  the  Cr  double  acceptor  state  (around 
Ec  —  0.15eV)  [3,  11]. 
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The  degree  of  the  electrical  activation  of  the  incorporated  Cr-isotopes  is  determined  as  de¬ 
scribed  in  ref.  [3].  It  is  in  the  order  of  75%  with  an  uncertainty  of  a  factor  of  two.  The  same 
degree  has  been  found  for  Cr  in  n-type  SiC  [3]. 

We  shall  now  compare  our  data  to  theoretical  results  on  Cr  in  3C-SiC.  To  do  this,  we  are 
assuming  that  there  is  no  valence  band  offset  between  3 C  and  4 H.  This  alignement  of  SiC 
valence  band  edges  is  supported  by  various  experiments  [6,  11,  12].  In  3 C,  a  donor  state  of  Cr 
in  3C  at  lA5eV  above  Ey  [7]  and  a  double  donor  state  at  Ey +0.7eV  is  predicted  [13].  The  first 
one  is  too  deep  to  be  detected  by  DLTS,  but  the  second  one  reasonably  well  corresponds  to  the 
Cr- level  around  0.6eV  (splitting  ignored)  determined  in  the  present  work.  Thus,  we  assign  the 
Cr-Ievels  jjl  and  #2  to  a  (slightly  split)  double  donor  level  of  Cr  in  4i7-SiC.  The  level  scheme  of 
Cr  in  4i7-SiC  is  now  completely  determined, 
consisting  of  4  levels:  the  double  donor  re¬ 
ported  here,  a  midgap-donor  not  detectable 
by  DLTS,  but  predicted  by  theory,  and  the 
acceptor  and  double  acceptor  levels  already 
known  [3]. 


Peak 

#2 

Et  (el/) 

£V+0.54(1) 

£k+0.63(1) 

0  (10~  15cm2) 

2 

8 

Tab.  1:  Energies  and  capture  cross  sections  of  Cr- 
related  levels  in  4H-SiC 


5  Conclusion 


Based  on  radiotracer  DLTS  experiments  and  on  a  comparison  to  theory,  a  double  donor  level 
of  Cr  is  identified  in  477-SiC.  Due  to  the  occupation  of  inequivalent  lattice  sites,  the  level  is 
split,  with  energies  of  0.54eP  and  0.63eP  above  the  valence  band  edge.  Combined  with  earlier 
experiments  [3],  the  level  scheme  of  Cr  in  4 H  is  now  completely  known.  As  expected,  there  is 
no  level  of  vanadium  in  the  lower  part  of  the  band  gap. 
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Abstract: 

We  characterize  band  gap  states  of  tantalum  and  tungsten  in  n-type  SiC  (polytpes  4 H-,  6H-,  and 
15 R)  by  means  of  Deep  Level  Transient  Spectroscopy  (DLTS).  To  establish  a  definite  chemical 
identification,  the  radioactive  tracer  isotopes  177Ta  and  !78W  were  used.  Both  elements  have  deep 
band  gap  states  in  the  investigated  polytypes.  A  comparison  of  level  energies  among  the  three 
polytypes  confirms  the  validity  of  the  “Rule  of  Langer-Heinrich”. 

Introduction 

Its  excellent  material  properties  make  the  wide  gap  semiconductor  silicon  carbide  (SiC)  a  good 
candidate  to  replace  Si  and/or  GaAs  in  high  power  or  high  frequency  electronics.  The  main  bottle¬ 
neck  to  the  application  of  SiC  devices  on  an  industrial  scale  are  the  severe  problems  encountered  in 
the  growth  of  SiC  bulk  crystals.  Several  publications  about  the  crystal  growth  of  SiC  report  the  use 
of  tantalum  crucibles  to  avoid  graphitization  during  sublimation  growth  [1,2,3].  For  high  voltage 
devices  thicker  epitaxial  layers  are  required.  To  increase  the  lifetime  of  the  graphite  susceptors, 
tantalum  carbide  (TaC)  is  used  as  a  coating  material  [4]. 

Due  to  its  thermal  stability  the  transition  metal  tungsten  (W)  may  play  a  similar  role  like  Ta  in  the 
future.  In  any  case,  a  transition  metal  (Ta  or  W)  is  present  in  growth  containment  and  may  therefore 
be  a  possible  contamination  in  SiC  crystals  grown  in  such  environments.  Transition  metals  are  in 
general  known  to  give  rise  to  energy  levels  in  the  band  gap  of  SiC  and  may  therefore  alter  the  elec¬ 
trical  properties  of  the  material.  The  high  technological  relevance  to  electrically  characterize  the 
influence  of  Ta  and  W  on  SiC  is  obvious.  Hence,  we  directed  our  studies  to  the  investigation  of  Ta- 
and  W-related  deep  levels  in  the  band  gap  of  SiC  by  means  of  deep  level  transient  spectroscopy 
(DLTS).  This  technique  is  extremely  sensitive  to  minor  traces  of  electrically  active  impurities 
(traps).  Though,  it  is  difficult  to  reveal  the  chemical  or  structural  nature  of  a  trap  with  DLTS.  To 
provide  a  definite  chemical  identification  of  Ta  and  W-related  band  gap  states  we  observe  the  ele¬ 
mental  transmutation  of  incorporated  radioactive  tracer  isotopes  (177Ta  and  178W)  in  4//-SiC :  traps 
corresponding  with  the  parent/daughter  isotope  will  diminish/arise  while  being  observed  by  means 
of  DLTS  (for  a  comprehensive  description  of  the  method  see  available  reviews  [5]).Part  of  the  ex¬ 
perimental  work  we  present  here  has  already  been  accepted  for  publication  in  reports  treating  Ta  in 
4/7-SiC  [6]  and  W  in  the  three  polytypes  4/7-,  6H-,  15R-SiC  [7].  In  this  study,  we  concentrate  on 
the  comparison  of  the  level  positions  of  Ta-  or  W-related  traps  in  the  three  investigated  polytypes. 
The  conduction  band  offsets  between  the  polytypes  we  obtain  according  to  the  “Langer-Heinrich- 
Rule”  [8]  are  in  good  agreement  with  values  already  derived  in  other  studies  [9]. 

Experiment 

The  samples  investigated  were  n-type  epitaxial  layers  grown  by  Cree  Inc.  with  a  net  shallow  doping 
level  in  the  range  of  (l-9)xl015  cm'3.  Polytype  determination  was  done  by  Raman  spectroscopy.  For 
radiotracer  spectroscopy,  4/7-SiC  samples  were  doped  with  the  radioactive  isotopes  l77Ta  or  17  W 
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by  recoil  implantation  [11]  at  the  Hahn-Meitner-Institute 
(Berlin).  The  isotope  177Ta  transmutes  to  stable  I77Hf 
whereas  178W  decays  to  stable  178Hf: 

l77Ta  -»  177W,  T,/2  =  56.6  h  and  l78W  178Hf,  T,n  =  22  d 

T 1/2  represents  the  half-life  of  the  respective  nuclear  de¬ 
cay.  The  properties  of  recoil  implantation  lead  to  a  co¬ 
implantation  of  isotopes  with  adjacent  mass  numbers. 
Hence,  we  investigated  the  mixture  of  implanted  isotopes 
by  y-ray  spectroscopy  on  each  implanted  sample.  We 
found  that  isotopes  other  than  the  desired  have  a  signifi¬ 
cantly  different  half-life  or  are  fewer  in  number  and, 
therefore,  do  not  influence  our  experiments.  For 
l77Ta/178W  an  implantation  fluence  of  5xl09cm‘2/ 
1.5xl010cm'2  was  derived. 

Ion  implantation  of  stable  Ta  and  W  isotopes  was  per¬ 
formed  at  the  tandetron  accelerator  JULIA  in  Jena  at 
room  temperature.  To  achieve  a  fairly  homogeneous  con¬ 
centration  of  2xl014cm'3  we  performed  a  sixfold  im¬ 
plantation  with  energies  between  1.0  and  6.2  MeV.  To 
remove  implantation  damage  the  samples  were  annealed 
at  1 600  K  in  oxygen  atmosphere  and  then  etched  in  hy¬ 
drofluoric  acid  to  remove  the  resulting  oxide  layer.  DLTS 


temperature  (K) 


Fig.  1.  (a)  DLTS  spectra  of  n-type  4H-SiC 
measured  during  the  elemental  transmuta¬ 
tion  of  177Ta.  (b)  Difference  spectra  ob¬ 
tained  by  subtracting  the  initial  spectrum 
from  subsequently  measured  spectra. 


spectra  were  recorded  on  Schottky  contacts  (Ni).  Trap 
parameters  were  derived  from  a  standard  Arrhenius 
evaluation  [12]  assuming  the  capture  cross  section  to  be 
constant. 

Results 

During  the  elemental  transmutation  of  the  radioisotopes, 
we  subsequently  recorded  DLTS  spectra  with  delay  times 
adapted  to  the  half-life  of  the  respective  radioisotope.  The 
spectra  of  the  4/7-SiC  samples  implanted  with  ,77Ta  are 
highly  reproducible  except  for  the  temperature  range  be¬ 
tween  280  and  310  K  (see  Fig.  la).  Within  this  scope,  the 
DLTS  signal  is  decreasing  with  delay  time.  Unfortu¬ 
nately,  the  signal  is  superimposed  by  one  ore  more  stable 
background  peaks.  This  prevents  a  standard  DLTS- 
analysis  [12].  Taking  into  account  that  the  DLTS  signal  is 
proportional  to  the  trap  concentration  (the  capacitance  of 
the  diodes  remained  unchanged  during  the  experiments), 
we  subtracted  the  initial  spectrum  (recorded  25  h  after 
implantation)  from  the  spectra  we  measured  during  the 
nuclear  decay  of  !77Ta  and  obtain  difference  spectra  con¬ 
taining  only  DLTS  peaks  related  to  traps  with  time  de¬ 
pendent  concentration  (see  Fig.  lb).  The  difference  spec¬ 
tra  exhibit  a  broadened  peak  with  a  well  defined  tem¬ 
perature  position.  The  height  of  peak  T  exponentially  de¬ 
creases  with  a  half-life  of  57(±1)  h  which  is  in  good 
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temperature  (K) 

Fig.  2.  DLTS  spectra  of  stable  ,81Ta 
implanted  (a)  6 H-  and  (b)  15/?-SiC.  The 
peak  height  ratio  of  the  peaks  labeled 
Tahcx  and  Tacub  reflects  the  ratio  of  in¬ 
equivalent  hexagonal  and  cubic  lattice 
sites  in  the  respective  polytype  (1:2  for 
6H  and  2:  3  for  15/?). 


agreement  with  the  half-life  of  the  nuclear  decay  of  177Ta.  This  is  a  direct  proof  that  level  T  contains 
exactly  one  radioactive  parent  isotope  177Ta.  For  the  radioisotope  l78W  in  4/f-SiC  the  DLTS  spectra 
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measured  at  temperatures  between  40  and  300  K  (Fig.  3a) 
reveal  one  peak  at  88  K  labeled  A,  that  clearly  vanishes 
during  the  transmutation  whereas  other  peaks  remain  con¬ 
stant.  The  height  of  this  peak  exponentially  decreases  with 
delay  time.  The  DLTS  signal  in  the  temperature  range 
measured  between  550  and  600  K  also  decreases  with  de¬ 
lay  time  but  is  a  superimposition  of  two  or  more  back¬ 
ground  peaks.  To  isolate  time  dependent  signals  from  sta¬ 
ble  ones,  we  performed  the  same  procedure  (see  difference 
spectra  in  Fig.  3b)  as  already  described  for  the  tantalum 
related  level  T.  The  peak,  labeled  B,  we  obtain  from  the 
difference  spectra  exponentially  decreases  with  the  same 
time  constant  we  find  for  the  decrease  of  peak  A.  This 
exponential  time-dependence  of  the  peak  heights  can  be 
well  described  by  a  half-life  of  21  (±3)  d.  The  close  match 
with  the  nuclear  half-life  of  178W  immediately  demon¬ 
strates  that  the  corresponding  band  gap  states  are  due  to 
defects  that  involve  exactly  one  W-atom. 

After  this  chemical  identification  we  derive  trap  parame¬ 
ters  and  further  properties  of  the  Ta-  and  W-related  deep 
levels  from  DLTS-measurements  carried  out  on  samples 
implanted  with  stable  isotopes  (see  Fig.  2  for  Ta  in  6 H- 
and  \5R-S\C)  The  trap  parameters  (Pool -Frenkel  corrected 
in  the  case  of  Ta  [7])  can  be  found  in  Tab.  1.  In  the  case  of 
Ta,  we  find  a  split  of  the  corresponding  energy  levels 
which  we  attribute  to  the  occupation  of  in-equivalent  lat¬ 
tice  sites  in  the  different  SiC  polytypes.  This  split  could 
not  fully  be  resolved  in  4/7-SiC.  Double-correlated  DLTS 
(DDLTS)  investigations  reveal  the  donor-/acceptor-like 
character  of  the  Ta-AV-related  defect  centers  [6,  7]. 


temperature  (K) 

Fig.  3:  DLTS  spectra  of  n-type  4//-SiC 
taken  sequentially  during  the  transmuta¬ 
tion  of  17  W  to  Hf:  (a,  b)  Low-  and  high- 
temperature  part  of  the  spectra,  (c)  Dif¬ 
ference  of  spectra  obtained  from  Fig.  (b). 


Tab.  1:  Parameters  of  tantalum-  and  tungsten-related  band  gap  states:  Thermal  activation  energy  of  electron 
emission  and  electron  capture  cross  section  a  (assumed  to  be  independent  of  temperature).  The  errors  given 
include  all  measured  samples.  The  charge  states  were  derived  from  DDLTS  measurements. 


Polytype 

Level 

Energy  (eV) 

Capture  cross  sec¬ 
tion  (1013  cm2) 

Interpretation  / 
charge  state 

4  H 

T 

0.68±4 

O 

o 

oo 

Ta/(+/0) 

A 

0. 17  ±  1 

0.1  ..0.6 

W /(--/-) 

B 

1.43  ±4 

3. .20 

W/(-/0) 

6H 

Tahex  /  Tacub 

0.46+2  /0.43±2 

00 

o 

d 

Ta/(+/0) 

B 

1.16±3 

4..  10 

^EZZsQllIH 

15  R 

Tahex !  Tacub 

0.42±2  /  0.39±2 

I 

B 

1.14+3 

4..  10 

W/(-/0) 

Conduction  band  offset  and  comparison  of  theory  and  experiment 

According  to  the  empirical  “Rule  of  Langer-Heinrich”  deep  levels  of  transition  metals  are  aligned 
within  a  group  of  isovalent  compound  semiconductors  with  respect  to  a  common  bulk  reference 
level.  Obviously,  the  deep  levels  of  Ta  or  W  exhibit  different  activation  energies  in  the  three 
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different  polytypes  investigated.  As- 
suming  the  Langer-Heinrich-Rule  is 
valid  for  SiC,  this  difference  can  be 
interpreted  as  the  conduction  band 
offset  between  the  poly  types  4 77,  6H , 
and  15/?.  In  Fig.  4,  the  alignment  of 
the  valence  bands  of  all  SiC  polytypes 
is  postulated  according  to  Ref.  [12]. 
Obviously,  both  the  statement  that  the 
valence  bands  of  all  SiC-polytypes  are 
energetically  aligned  as  well  as  the 
rule  of  Langer-Heinrich  are  valid  for 
SiC.  This  result  agrees  with  data  re¬ 
cently  derived  by  similar  means  for 
Cr-  and  V-related  traps  in  4/7-  and 
6/7-SiC  [9].  Finally  we  compare  our 
data  to  theoretical  results  on  Ta  and 
W  in  the  polytype  3C-SiC.  If  we  also 
include  conduction  band  resonances, 
for  each  impurity  (Ta  and  W),  two 
states  are  predicted  in  3C  by  theory 
[13].  For  an  intelligible  comparison 


valence  band 


Fig.  4.  Energy  scheme  of  the  SiC  polytypes  3C,  4/7,  6/7,  and 
15/?.  It  is  based  on  the  assumption,  that  the  valence  bands  of  the 
SiC  polytypes  are  energetically  aligned  [12].The  trap  positions 
in  the  band  gap  of  the  polytypes  are  given  by  their  energetical 
distance  to  the  valence  bands.  The  lower  part  of  the  gap  was 
not  investigated.  The  values  for  3C-SiC  are  theoretical  predic¬ 
tions  [13]. 


in  Fig.  4,  all  energy  levels  are  described  by  their  energetical  distance  from  the  valence  band  in  each 
polytype.  Though  Fig.  4  suggests  a  good  agreement  between  theoretical  and  experimental  data  con¬ 
cerning  level  positions,  the  charge  states  of  W,  however,  differ  from  the  charge  states  of  the  meas¬ 
ured  levels.  We  do  not  have  an  explanation  for  this  disagreement  of  the  charge  states  in  the  case  of 
W.  Donor-like  states  predicted  by  theory  should  result  in  a  well  detectable  Poole-Frenkel -effect. 
This  was  not  the  case  in  our  in  DDLTS  measurements.  Nevertheless,  the  Ta-related  donor  state  re¬ 


markably  corresponds  to  theory. 
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Abstract.  In  this  work,  the  shallow  majority-carrier  traps  in  6H-SiC  MOS  structures  are  studied  using 
thermally  stimulated  current  (TSC)  measurements  in  the  range  6-100  K.  In  this  temperature  range,  we 
observe  TSC  signals  from  shallow  doping  levels  and  from  traps  at  the  SiC/Si02  interface.  The  first 
results  of  the  investigation  of  very  shallow  (shallower  than  doping  levels)  interface  states  in  differently 
prepared  structures  are  presented.  We  find  that  the  re-oxidation  anneal,  which  essentially  reduces  the 
density  of  deep  interface  states,  results  in  a  significant  increase  (by  a  factor  of  2)  in  the  density  of 
shallow  states  near  the  valence  band. 

Introduction 

Silicon  carbide  MOS  structures  have  a  great  potential  for  high-power,  high-frequency,  and  high- 
temperature  electronics.  However,  the  performance  of  SiC  MOS  devices  is  yet  limited  by  the  low 
carrier  mobility  in  the  inversion  channels  at  the  SiC-Si02  interface  due  to  interface  defects,  which  can 
trap  or  scatter  carriers.  In  this  work,  we  report  an  investigation  of  shallow  majority-carrier  traps  in  6H- 
SiC  MOS  structures  by  a  thermally  stimulated  current  (TSC)  technique  [1].  A  TSC  method,  which  is 
based  on  dc  measurements,  is  not  adversely  affected  by  increased  series  resistance  due  to  the  carrier 
freeze-out.  This  makes  it  suitable  for  the  investigation  of  trap  levels  located  near  the  band  edges.  In 
contrast  to  conductance  spectroscopy,  the  TSC  method  is  free  of  uncertainty  related  to  the  surface 
potential  fluctuations  and  thus  seems  to  be  well  suited  for  the  investigation  of  shallow  surface  states  at 
the  SiC/S  i02  interface.  The  results  obtained  on  differently  prepared  n-  and  p-type  6H-SiC  MOS 
structures  are  presented. 

Experimental  details 

MOS  capacitors  were  fabricated  on  commercially  available  Al-doped  and  N-doped  6H-SiC  epitaxial 
layers  grown  on  the  Si-face  of  SiC  substrates.  Prior  to  the  oxidation,  the  samples  were  cleaned  using  a 
modified  RCA  clean.  Thermal  oxidation  was  performed  at  temperatures  1100°C  and  1 1 50°C  in  dry  02 
or  in  a  pyrogenic  steam.  The  loading  and  deloading  of  the  furnace  were  carried  out  at  700°C.  Some  of 
the  samples  received  an  additional  re-oxidation  anneal  at  950°C  in  a  pyrogenic  steam.  An  A1  layer  was 
evaporated  on  the  oxidized  side  of  the  samples  and  lithographically  patterned  to  form  MOS  capacitors. 
The  gate  area  of  the  capacitors  was  1.25xl0'3  cm'2.  The  backside  contact  was  made  by  rubbing  the 
backside  with  GaZn  eutectic. 

TSC  measurements  were  performed  with  a  linear  heating  rate  of  0.2  K/s  in  the  temperature  range  6-100 
K  using  a  liquid-helium  cooling  system.  The  volume  and  surface  components  of  the  TSC  spectrum  were 
identified  by  measurements  with  various  charging  (V0)  and  discharging  (Vd)  voltages.  In  addition  to  the 
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TSC  measurements,  the  MOS  structures  were  characterized  using  the  displacement  current  versus  gate 
voltage  measurements  with  a  linear  voltage  ramp,  being  directly  proportional  to  the  differential 
capacitance. 

Results  and  discussion 

TSC  measurements  of  the  n-type  samples  with  various  charging  voltages  shown  on  Fig.  1(a)  reveal  two 
clearly  defined  peaks  and  tooth-shaped  plateau,  which  arises  from  the  low-temperature  edge  of  the 
spectrum  as  the  charging  voltage  increases.  The  spectrum  reaches  “saturation”,  when  the  charging 
voltage  corresponds  to  sufficiently  strong  accumulation  at  the  surface.  When  the  charging  voltage 
corresponds  to  flatband  or  depletion  conditions  at  the  surface,  only  two  TSC  peaks  are  observed.  (Fig. 
1(b)).  The  behavior  of  TSC  spectra  of  n-type  samples  obtained  in  different  oxidation  processes  was  in 
much  the  same.  We  assume  that  the  tooth-shaped  plateau  in  the  n-type  samples  is  due  to  interface  states 
near  the  conduction  band  edge,  whereas  the  above  peaks  are  associated  with  volume  traps,  that  is,  with 
nitrogen  in  the  hexagonal  lattice  site  (h)  and  cubic  ( k} ,  k2)  sites. 


Fig.  1 .  (a)  TSC  spectra  measured  on  the  n-type  6H-SiC  MOS  structure  with  a  dry  oxide  grown  at 
T=1 100  C  for  various  charging  voltages  applied  to  the  gate.  The  insert  shows  the  surface-related  part  of 
the  spectrum;  (b)  a  TSC  spectrum  measured  on  the  same  sample  when  the  charging  voltage  corresponds 
to  depletion  at  the  surface  (dT/dt=0.2  K/s,  dox=140  nm,  depi=2  pm,  ND=2xl015cm'3). 

CV-data  derived  from  the  I-V-measurements  at  different  temperatures  support  the  assumption  that 
volume-related  TSC  peaks  result  from  the  doping  levels.  At  temperatures  above  both  peaks,  a  standard 
CV-curve  is  observed  with  the  maximum  capacitance  value  in  an  accumulation  region  being  equal  to 
the  oxide  capacitance.  At  temperatures  below  both  peaks,  a  C-V  plot  represents  a  straight  line  with  the 
capacitance  value  corresponding  approximately  to  a  series  connection  of  the  oxide  capacitance  and 
depleted  epilayer  capacitance  indicating  that  no  accumulation  layer  can  be  obtained  for  a  reasonable 
measurement  time.  This  means  that  the  response  time  of  majority  carriers  dramatically  changes  in  the 
temperature  range  corresponding  to  the  above  TSC  peaks. 

The  systematic  shift  of  both  volume-related  peaks  to  lower  temperatures  was  observed  with  increasing 
the  discharging  (detrapping)  voltage  indicating  that  the  emission  rate  from  both  centers  is  enhanced  by 
the  electric  field.  In  this  work,  the  activation  energies  of  the  doping  levels  were  obtained  from  the  slope 
of  the  initial  rise  of  the  TSC  peak  measured  at  low  applied  voltages  and  replotted  in  Arrhenious 
coordinates.  The  activation  energies  obtained  with  taking  into  account  the  Poole-Frenkel  effect  were  83 
meV  and  126  meV,  that  is  in  a  good  agreement  with  reported  ionization  energies  for  nitrogen  in  6H-SiC 
in  the  (^)-site  and  {k}k2)~ sites  [2,  3]. 

The  tooth-shaped  form  of  the  surface-related  part  of  the  TSC  spectrum  in  n-type  samples  suggests  the 
existence  of  the  individual  interface  traps,  which  must  be  separated  from  one  another  in  energy  by  the 
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value  exceeding  2kT,  so  that  they  could  be  resolved  by  TSC  measurements.  Besides,  these  traps  should 
be  located  in  the  surface  space  charge  region  or  in  the  very  narrow  interfacial  layer  in  the  oxide.  These 
results  can  be  considered  as  evidence  of  isolated  interface  traps  close  to  the  conduction  band  edge  in  the 
n-type  6H-SiC  MOS  structures,  though  bandlike  behavior  seems  to  be  more  natural  for  interface  traps 
near  the  band  edges. 

The  measurements  of  the  p-type  samples  shown  in  Fig.  2  (a)  reveal  a  TSC  peak  at  around  70  K  and  a 
smooth  hump  at  lower  temperatures  observed  only  when  the  SiC  surface  is  in  accumulation  during 
cooling.  If  the  SiC  surface  is  depleted  during  both  cooling  and  measurement,  two  TSC  peaks  can  be 
seen,  namely,  a  large  peak  at  70  K  and  a  small  wide  peak  at  27  K,  which  appears  at  high  depletion 
voltages  (Fig.  2(b)).  This  indicates  that  both  peaks  are  likely  caused  by  volume  traps,  while  the  hump  in 
Fig.  2(a)  results  from  the  interface  traps.  The  behavior  of  the  C-V  characteristics  of  p-type  MOS 
structures  extracted  from  I-V  measurements  at  temperatures  above  and  below  the  large  volume-related 
TSC  peak  is  identical  to  that  in  n-type  samples,  as  illustrated  by  the  insert  in  Fig.  2  (b).  This  strongly 
suggests  that  the  TSC  peak  around  70  K  is  due  to  the  doping  level.  The  doping-related  peak  shown  in 
Fig.  2(b)  has  a  broader  half-width  than  that  expected  from  a  single-level  model  and  depends  on  the 
depletion  voltage  during  the  measurement.  The  energy  activation  obtained  from  the  initial  rise  of  the 
peak  by  taking  into  account  of  the  Poole-Frenkel  effect  was  E«190  meV,  that  is  in  a  reasonable 
agreement  with  values  reported  in  the  literature  for  A1  in  6H-SiC  [2,  3].  A  small  TSC  peak  at 
temperature  of  27  K  observed  at  high  depletion  voltages  is  likely  associated  with  an  impurity  in  the  p+- 
substrate. 


In  p-type  samples,  the  surface-related  part  of  the  TSC  spectrum  changes  with  both  charging  and 
discharging  voltages,  as  shown  in  Fig.  2(a)  and  Fig.  3(a).  This  suggests  that  the  hole  traps  near  the 
valence  band  are  extended  from  the  interface  into  the  bulk  of  oxide. 


pj 

o 

< 


T  (K)  T(K) 


Fig.  2.  (a)  TSC  spectra  of  the  p-type  6H-SiC  MOS  structure  with  a  dry  oxide  grown  at  T=1150°  C 
measured  for  various  charging  accumulation  voltages;  (b)  a  TSC  spectrum  measured  on  the  same 
sample  when  the  charging  voltage  corresponds  to  depletion  at  the  surface.  The  insert  presents  C-V 
curves  measured  at  temperatures  indicated  by  arrows  (dox=50  nm,  depi=5  pm,  ND=1 .3x1 016  cm'3). 

The  density  of  the  shallow  interface  states  was  found  to  be  very  sensitive  to  the  oxide  preparation.  The 
lowest  value  was  obtained  for  the  n-type  sample  with  a  dry  oxide  grown  at  1100°  C  (2.6x1 0U cm'2), 
whereas  for  the  sample  with  a  dry  oxide  grown  at  1 150°  C  it  was  about  1.6xl012  cm'2.  The  absence  of 
significant  charge  at  the  Si02-SiC  interface  in  the  n-type  structures  at  room  temperature,  as  revealed  by 
C-V  measurements,  suggests  that  the  observed  traps  are  either  acceptors,  or  more  likely  donors  that  are 
neutralized  (or  compensated)  by  negatively  charged  acceptor  states  located  in  the  lower  half  of  the 
bandgap.  The  latter  assumption  is  supported  by  measurements  on  the  p-type  samples  prepared  in  the 
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same  processes,  which  indicate  the  presence  of  almost  the  same  value  of  the  shallow  interface  state 
density  near  the  valence  band. 

Surprisingly  the  re-oxidation  anneal,  which  essentially  (2-3  times)  reduces  the  density  of  deep  interface 
states  [4,5],  does  not  reduce  the  density  of  shallow  (shallower  than  doping  levels)  interface  states  near 
the  conductance  band  and  significantly  (by  a  factor  of  2)  increases  it  near  the  valence  band,  as 
illustrated  in  Fig.  3.  It  is  quite  possible  that  this  is  the  reason  for  the  appearance  of  negative  effective 
charge  in  n-type  samples  after  the  re-oxidation  treatment  [5]. 


Fig.3.  TSC  spectra  of  the  p-type  6H-SiC  MOS  capacitors  measured  for  accumulation  charging  and 
various  discharging  depletion  voltages  showing  the  effect  of  re-oxidation  after  dry  oxidation  at  T=1 150° 
C:  (a)  a  dry  oxide  without  re-oxidation  anneal;  (b)  a  dry  oxide  with  re-oxidation  anneal. 

Conclusion 

We  have  presented  the  first  results  of  the  TSC  study  of  very  shallow  traps  in  6H-SiC  MOS  structures. 
We  found  that  two  volume-related  TSC  peaks  in  n-type  samples  can  be  attributed  to  N  in  hexagonal  site 
and  quasicubic  sites.  In  p-type  samples,  only  one  volume-related  TSC  peak,  which  can  be  attributed  to 
AI  doping  levels,  was  observed.  The  measurements  of  n-  and  p-type  6H-SiC  MOS  capacitors  prepared 
in  the  same  dry  oxidation  process  indicate  the  presence  of  almost  the  same  value  of  the  shallow 
interface  state  density  near  the  conduction  and  valence  band  edges.  It  is  shown  that  re-oxidation  anneal, 
which  essentially  reduces  the  density  of  deep  interface  states,  does  not  reduce  the  density  of  shallow 
(shallower  than  doping  levels)  interface  states  near  the  conductance  band  for  n-type  and  significantly 
(by  a  factor  of  2)  increases  it  near  the  valence  band  for  p-type.  It  is  quite  possible  that  this  is  the  reason 
for  the  appearance  of  negative  effective  charge  in  n-type  samples  after  the  re-oxidation  treatment. 
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Abstract 

Samples  of  4H-SiC  grown  by  cold- wall  CVD  have  been  investigated  with  the  use  of  transport 
methods  in  the  temperature  range  35  K  to  850  K.  Our  best  sample  had  an  electron  mobility  of 
12400  cm2 /Vs  at  50  K.  We  describe  the  temperature  dependence  of  the  electron  density  and 
mobility  and  discussed  the  effects  of  the  two  inequivalent  lattice  sites  of  the  nitrogen  levels, 
including  valley-orbit  splitting.  At  room  temperature,  the  density  dependence  of  electron  mo¬ 
bility  was  established,  described  theoretically,  and  compared  with  the  results  of  other  authors. 
The  calculated  asymptotic  value  is  about  930  cm2 /Vs  for  weakly  doped  samples. 

Introduction 

Because  of  its  wide  energy  gap,  large  thermal  conductivity  and  high  breakdown  electric  field, 
4H-  SiC  is  a  promising  material  for  high  power,  high  frequency  and  high  temperature  electronic 
devices.  The  purpose  of  the  present  contribution  is  threefold.  First  report  the  highest  value  of 
electron  mobility  in  4H-SiC  measured  by  transport  methods.  Second  describe  simultaneously 
the  experimental  temperature  variations  of  the  electron  density  and  mobility  taking  into  ac¬ 
count  the  valley-orbit  splitting  of  nitrogen  levels.  Third  we  present  our  data  on  the  density 
dependence  of  mobility  at  room  temperature  and  compare  it  with  the  results  of  other  authors. 
Ten  n-type  samples  (with  carrier  concentration  ranging  from  1015  to  1020  cm”3)  were  grown  at 
1450  K  in  a  cold-wall  AP-CVD  (Atmospheric  Pressure  -  Chemical  Vapor  Deposition)  reactor  al¬ 
ready  described  [1].  Electrical  measurements  were  done  using  the  experimental  set-up  described 
in  Ref.  2,  The  temperature  dependence  of  the  free  electron  density  n  was  analyzed  using  a  two 
inequivalent  levels  donor  Ed(h,k)  model  where  h  and  k  correspond,  respectively,  to  the  hexagonal 
and  cubic  C-lattice  sites  of  nitrogen  donor  in  4 H  -  SiC.  In  the  effective-mass-approximation 
(EM A),  the  multi- valley  structure  induces  a  valley-orbit  splitting  A Evo  of  the  ground-state. 
The  optical  measurements  exhibit  a  small  valley-orbit  splitting  (A Evoh  —  7.6  meV)  for  the 
hexagonal  ( h )  nitrogen  level  [3,4,5].  Kisielowski  et  al.  measured  the  splitting  of  the  cubic 
level  ( k )  (AEVok  =  45.5  eV)  by  EPR  [6].  These  two  excited  levels  contribute  to  the  thermal 
ionization  of  donors  [7].  However,  due  to  a  large  splitting,  the  cubic  split  valley-orbit  level  has 
a  negligible  influence.  Therefore,  we  only  took  into  account  the  valley-orbit  splitting  of  the 
h-level. 

Temperature  dependence  of  the  free  electron  density 

We  write  the  neutrality  equation  for  a  non  degenerate  semiconductor  as  [7]: 

_  Ndh _  _ Ndk 

n+  a  1  +  gn  n/Nc  exp  (Edh/ksT)  +  9hvon/Nc  exp {E^/ksT  -  AEvohlksT)  1  +  gk  n/Nc  exp  ( Edk/ksT ) 
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lathis  equation,  Nc  =  2 Mc  (2tt  m*  kBT/h2)3/2,  Mc  is  the  number  of  equivalent  minima,  m*  = 
(mi7n2m3)1/3  is  the  density  of  states  mass,  h,  kB  and  T  have  their  usual  meaning.  gh,gk,  and 
9hvo  are  the  degeneracy  factors.  In  Fig.l  we  show  the  temperature  dependence  of  the  electron 
density  (full  circles)  found  for  our  lowest  doped  sample  (n  =  3  x  1015cm~3  at  RT).  The  solid 
line  is  calculated  from  Eq.l  using  the  parameters  listed  in  Table  1.  The  anisotropy  of  the 
effective  mass  was  introduced  using  the  procedure  of  Kinoshita  et  al  [8].  The  Hall  factor  was 
assumed  to  be  unity.  The  dashed  line  is  calculated  with  the  same  parameters  except  ghvo  =  0 
(in  other  word,  we  neglect  the  valley  orbit  level).  As  shown  in  Fig.l,  the  valley-orbit  level  have 
a  sensitive  influence  at  low  temperature  (1000/T  >  8)  and  slows  down  the  exhaustion  of  the 
impurity  levels.  When  the  thermal  energy  (kBT)  increases  and  becomes  comparable  to  A Evohi 
impurity  electrons  are  trapped  on  the  hvo  level.  Consequently,  the  energy  of  the  Fermi  level 
(Ef)  progress  is  slowed  down.  This  is  shown  in  Fig.2,  where  the  temperature  dependence  of 
the  Fermi  levels  with  and  without  the  valley  orbit  level  are  compared  with  the  three  energy 
levels.  At  very  low  temperature  (T  <  20  K),  EF  is  just  above  Erf/l  and  kBT  «  A Evoh.  At 
very  high  temperature,  almost  the  totality  of  impurities  are  ionized,  h,  k  and  hvo  are  empty. 
In  this  two  cases  the  valley  orbit  level  can  be  neglect.  However,  if  we  don’t  take  into  account 
of  the  valley  orbit  level  in  our  calculation  between  (during  the  ionization  of  h),  we  can  not  fit 
correctly  the  experimental  results. 


Fig  1:  Hall  free  electron  density  versus 
(1000/T),  as  measured  in  our  best  4H-SiC 
sample  (full  circles)  and  calculated  using  the 
two-level  donor  approximation  :  solid  line  - 
with  valley  orbit  level,  dashed  line  -  without 
valley  orbit  level. 
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Fig  2:  Temperature  dependence  of  Fermi 
level  calculated  with  (solid  line)  and  without 
(dashed  line)  valley  orbit  level.  Energies  of  cu¬ 
bic  (k),  hexagonal  (h)  and  hexagonal  valley  or¬ 
bit  (voh)  levels  are  represented. 


Temperature  dependence  of  the  Hall  mobility 

In  Fig.3  we  show  the  experimental  temperature  dependence  of  the  Hall  mobility  measured 
in  our  best  sample.  Because  of  the  weak  compensation  and  high  quality  of  the  epitaxial  layer, 
we  could  measure  a  maximum  value  of  12400  cm2 /Vs  at  T=50  K.  To  give  quantitative  descrip¬ 
tion  of  the  Hall  mobility,  we  have  taken  into  account  the  scattering  of  electrons  by  acoustic 
and  optic  phonons  (polars  and  non  polars  interactions),  ionized  and  neutral  impurities.  The 
anisotropy  of  the  effective  mass  and  of  the  Hall  factor  were  introduced  using  the  procedure  of 
Kinoshita  et  al  [8].  A  more  detailed  description  about  the  calculation  of  relaxation  time  can  be 
found  in  Ref.  2.  The  result  of  calculation  is  shown  as  solid  line  in  Fig.3  and  the  fitting  param¬ 
eters  listed  in  Table  1.  At  low  temperatures,  the  ionized  impurity  (ii)  scattering  dominates. 
At  100  K  the  mobility  becomes  controlled  by  the  intervalley  acoustic  (ia)  process.  Finally,  at 
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high  temperature,  the  intervalley  scattering  by  high  energy  phonons  (iph)  becomes  dominant. 
The  important  point  is  that  the  same  deformation  potentials  describe  also  the  temperature 
dependences  of  the  mobility  in  the  more  strongly  doped  samples. 

Electron  density  dependence  of  the  mobility  at  room  temperature 


■* - ■ — . . ■ — • — . .  -  \ 
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Fig  3:  Hall  mobility  versus  temperature,  as 
measured  in  our  best  4H-SiC  sample  (empty 
circles)  and  calculated  (solid  lines) .  Scattering 
modes:  ionized  (ii)  and  neutral  (ni)  impurities, 
intravalley  acoustic  (ac),  intervalley  phonons 
(iph),  polar  optic  (pop),  total  mobility  (tot). 


Fig  4:  Hall  mobility  at  292  K  versus  free  elec¬ 
tron  density.  Calculation  for  zero  compensa¬ 
tion  :  (solid  line).  Experimental  data:  our  re¬ 
sults:  •,  Schaffer  et  al.  [9]:  □,  Burk  et  al.  [10]: 
A  and  V  for  single  and  multi-wafer  reactors, 
respectively.  Scattering  modes  (dotted  lines) 
:  ionized  (ii)  and  neutral  (ni)  impurities  and 
lattice  (lat). 


The  mobility  of  the  ten  different  samples  (corresponding  to  ten  different  Hall  electron  den¬ 
sities)  were  compared  with  mobility  values  quoted  in  the  literature  [9,10].  In  Fig.4,  we  plot 
the  room  temperature  mobility  versus  Hall  concentration  :  our  results  (full  circles),  literature 
results  (open  symbols).  The  solid  line  corresponds  to  the  theoretical  mobility  calculated  in 
the  ideal  case  where  there  is  no  compensation.  We  do  not  introduce  broadening  effect  on  the 
level  impurity  due  to  the  increase  of  the  doping  concentration.  We  used  ionization  energies 
and  parameters  previously  determined.  We  have  plotted  using  dotted  lines  mobility  due  to 
the  intrinsic  scattering  processes  (lattice  scattering  (lat)  which  includes  (ac),  (pop)  and  (iph) 
scattering)  and  mobility  due  to  the  extrinsic  impurity  scattering  processes  ((ii)  and  (ni)).  Be¬ 
yond  10 15  cm-3,  only  intrinsic  scattering  controls  mobility.  The  intrinsic  4H-SiC  mobility  leads 
to  an  asymptotic  value  of  about  930  cw? /Vs.  The  comparison  of  this  asymptotic  value  with 
the  room  temperature  mobility  of  887  cm2 /Vs  measured  on  our  lowest  doped  layer  confirm  the 
high  quality  of  this  sample.  Increasing  the  doping  concentration,  the  two  impurity  modes  ((ii), 
(ni))  start  to  play  a  role  and  become  dominant  above  1017  cm-3.  Finally,  above  few  1018  cm-3, 
our  modelization  does  not  account  for  the  experimental  mobility.  Persson  et  al  [11]  predicted 
at  5.6  x  1018  cm"3  the  metal-non-metal  (MNM)  transition  for  4H-SiC  and  our  model  becomes 
invalid. 


To  summarize,  we  have  investigated  high  quality  4H-SiC  samples  and  measured  the  highest 
mobility  reported  up  to  now  from  transport  experiments.  We  have  also  successfully  described 
the  dependence  of  n(T)  and  //(T),  taking  into  account  the  valley-orbit  splitting  of  nitrogen  level. 
Finally,  we  have  investigated  the  room  temperature  dependence  of  the  mobility  as  a  function  of 
the  free  carrier  concentration,  described  it  theoretically  and  compared  with  literature  data.  We 
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conclude  that  the  maximum  mobility  at  : 
by  lattice  scattering. 

room  temperature  is  ~  930  cm2 /Vs,  mainly  limited 

Conduction  banda 

Hexagonal  level 

Cubic  level 

Mc 

3 

Ndh 

1.8  x  10lscm~3 

Ndk  1.8  x  1015cm-3 

m\(ML) 

0.33  ttiq 

Edh 

62meV 

Edk  110  meV 

ml(MT) 

0.58  m0 

9h 

2 

9k  2 

m\(MK) 

0.31  mo 

AEvoh  7.6  meV 

9voh 

4 

Lattice  scattering 

Impurities  scattering 

Intravalley 

Intervalleyc 

Ionizedd 

Neutrale 

11.5  eV6 

1st  phonon  36  meV 

0.7 

Na  =  4.3  x  1014cm~3 

R*y  =  54  meV 

2nd  phonon  72  meV 

0.5 

3rd  phonon  94  meV 

5 

Table  1:  Parameters  used  for  the  neutrality  equation  and  calculation  of  the  relaxation  time. 
Bold  characters  correspond  to  adjustable  parameters.  “Experimental  data  [12]  -  6Acoustic 
deformation  potential  -  “Phonon  energies  and  coupling  constants  defined  by  Herring  [13],  - 
‘'Compensation  concentration  (plus  ionized  nitrogen)  used  in  Takimoto  model  [14]  -  “Effective 
Rydberg  used  in  neutral  impurity  model  [15]. 
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Abstract.  The  band  structure  of  hexagonal  SiC  polytypes  has  regions  in  the  k-space  where  two  or 
more  energy  bands  are  very  close  to  each  other.  Tunneling  of  electrons  (or  holes)  between  bands 
due  to  a  high  electric  field  is  one  of  the  processes  that  may  allow  the  electron  to  jump  between 
energy  bands.  It  is  important  to  consider  this  effect  in  order  to  understand  high-field  transport 
properties  in  these  polytypes.  In  this  work  we  have  used  the  two-band  k*p  approximation^]  to 
calculate  the  time-dependent  tunneling  probability  for  electron  transitions  between  two  bands  using 
the  approach  of  Krieger  and  Iafrate  (KI)  [2].  Electric  field  strengths  between  0.1-4  MV/cm  have 
been  used  to  study  the  effect  of  tunneling.  Drift  times  in  the  order  of  10  fs  have  been  considered, 
which  is  representative  for  the  time  between  scattering  events.  We  have  applied  the  k«p 
approximation  to  different  points  in  the  Brillouin  zone  of  4H-SiC  and  proved  that  there  is 
considerable  tunneling  between  bands  under  realistic  electric  field  strengths  and  scattering  times. 

Introduction 

The  importance  of  having  an  accurate  model  for  band-to-band  tunneling  to  calculate  high-field 
transport  in  hexagonal  SiC  polytypes  has  been  demonstrated  in  [3].  Here  we  propose  a  simple  field- 
dependent  two-band  model  that  can  be  incorporated  in  the  ensemble  Monte  Carlo  (MC)  method  to 
describe  the  tunneling  of  carriers  between  bands.  We  will  solve  the  KI  equations  [2],  using  the  two- 
band  k»p  approximation  [1],  to  describe  the  motion  and  tunneling  of  the  electron  under  the  effect  of 
a  high  electric  field  in  different  regions  of  reciprocal  space  for  4H-SiC.  This  simple  model  can  be 
used  in  regions  where  two  bands  come  close  to  each  other  and  the  effect  of  the  other  bands  on  the 
electron  motion  can  be  neglected.  First  we  describe  basically  the  general  KI  formulation  and  the 
two-band  k«p  approximation.  The  next  section  contains  some  application  to  4H-SiC  for  both 
valence  and  conduction  bands  using  this  model. 

Theory:  The  Krieger  -Iafrate  approach  and  the  two  band  k»p  approximation 

The  equations  that  describe  the  tunneling  between  bands  induced  by  an  electric  field  using  the  KI 
approach  [2]  are: 

=  ejk(t))an(t)  -YeEXnJk(tj)aJt) .  (1) 

dt  n* 

Eq.  1  describes  the  time  evolution  of  the  probability  amplitude  an(t)  for  an  electron  to  be  in  band  n 
under  the  influence  of  the  electric  field  without  collisions,  and  having  a  wave  vector  k(t)  at  a  time  t,  e 
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is  the  electron  charge  and  E  is  the  electric  field  strength  (throughout  this  text  we  are  going  to  assume 
that  the  electric  field  is  in  the  z-direction),  £n(k(t))  is  the  band  structure  energy,  and  the  expression  for 
Xnn’  is  given  by 


Here  Unk  is  the  periodic  part  of  the  Bloch  function.  The  second  term  in  the  RHS  of  eq.  1  allows  the 
electron  to  change  band.  In  order  to  solve  eq.  1  we  need  to  calculate  the  coefficients  Xnn>  that 
represent  the  interactions  between  all  the  bands.  We  have  obtained  the  coefficients  Xnn>  and  solved 
eq.  1  by  using  the  k*p  approximation  and  by  restricting  the  number  of  bands  to  two.  However,  this 
approximation  is  only  valid  in  the  neighborhood  of  those  points  in  k-space  where  the  tunneling 
between  the  two  chosen  bands  is  supposed  to  be  much  larger  than  the  tunneling  to  the  other  bands* 
The  general  two-band  k«p  approximation  is  given  by  the  following  Hamiltonian  [4] 


h2k2  f  h(k.pu)  h(k  •  pn) 

2m  ^  m  m 

W*Pu)  E  ,  fi2k2  ,  h(k»p22) 

m  8  2m  m 

Here  m  is  the  electron  mass,  Eg  the  energy  gap  between  the  two  bands  and  the  ptj  coefficients  can  be 
extracted  from  numerical  band  structure  calculations  [5].  The  eigenvalue  problem  can  be  solved 
analytically  providing  simple  expressions  for  the  k*p  eigenvalues  and  eigenvectors. 

The  eigenvalues  of  eq.  3  can  be  written 


e  ^  (//n  +  i/22 )  ±  —  [(//n  - //22  )2  +  4|//I2|2}^  .  (4) 

where  H{j  are  the  matrix  elements  of  the  Hamiltonian  in  eq.  3,  and  the  e±  represent  the  larger  and 
smaller  energy  eigenvalue.  It  is  convenient  to  define  the  constant 

c, _ ' 

U>-ff=)2+4itfl2ri* 

which  allows  us  to  express  the  two  eigenvectors  as 

-J2U,„  =  exp(  i0)[ 1  +  cY<j>d  +  [l  -  cY<Pu  ■  (6a) 

"JlU ik  =  &  -  cY<j>d  -  exp(  -i'0)[l  +  cY<t>u  ■  (6b) 

The  eigenvectors  Uik  ,Uik  correspond  to  the  upper  and  lower  energy  eigenvalues  respectively;  <j>u 
(fa)  represents  the  £*(e  )  energy  wave  function  at  k  =  0;  in  our  case  they  stand  for  the  periodic  part 
of  the  Bloch  function  at  k  =  0  (or  around  the  critical  point).  6  is  the  phase  of  Hn.  It  should  be 
pointed  out  that  the  eigenfunctions  given  by  eq.  6  a,  b  are  valid  for  both  k  and  -k  (unlike  Callaway’s 
[4]  and  Kane’s  [1]  expressions  that  are  only  valid  for  k  >  0).  Note  that  when  k  ->  0  ,  c  ->  -1.  In  the 
case  where  pn  is  equal  to  p2 2  and  kx,  ky  are  zero  the  component  X,2  can  be  obtained  from  eq.  2 
using  the  eigenfunctions  in  eq.  6a,  b 

X  —  ^  P\2 

12  im2(l-c2)c3E2 


(7) 
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Note  that  eq.  7  is  not  valid  at  kz  =  0  except  as  a  limit  expression.  For  the  general  case,  the  X12 
component  can  be  obtained  from  eq.  2  using  the  eigenfunctions  in  eq.  6a,  b.  With  all  these  tools  in 
hand,  we  can  calculate  the  time  dependent  probability.  The  value  of  Xu  is  zero  in  the  approximation 
of  this  paper. 


Results:  Tunneling  in  4H-SiC 

In  general,  semiconductor  materials  with  a  large  unit  cell  have  band  structures  that  contain  a  lot  of 
points  where  bands  are  very  close  to  each  other.  In  these  materials  the  band-to-band  tunneling  is 
important  in  order  to  understand  the  high  field  transport  properties  (i.e.  saturation  velocity  and 
impact  ionization  coefficient).  In  this  work  we  present  calculations  of  the  tunneling  probabilities  at 
different  regions  in  k-space  for  4H-SiC.  The  pij  coefficients  appearing  in  eq.  3  have  been  deduced 
by  fitting  the  k®p  eigenvalues  to  the  numerical  band  structure  [5].  The  first  example  that  we  will 
study  is  the  second  and  third  valence  bands  of  4H-SiC  along  the  T-K  direction.  In  fig.  1  the  energy 
dispersion  obtained  by  the  k«p  model  is  compared  with  the  numerical  full  potential  band  structure 
[5].  The  corresponding  tunneling  probabilities  are  shown  in  fig.  2  for  E=100  kV/cm  and  in  fig.  3  for 
E=1  MV/cm.  The  tunneling  probability  at  100  kV/cm  is  as  high  as  65%,  which  clearly  demonstrates 
the  importance  of  multi-band  carrier  transport  in  4H-SiC.  In  the  next  example  we  will  estimate  the 
tunneling  probability  over  the  energy  gap  between  the  second  and  third  conduction  bands  along  the 
M-L  segment.  Full  band  Monte  Carlo  simulations  of  4H-SiC  shows  that  this  energy  gap  limits  the 
carrier  heating  for  an  electric  field  parallel  to  the  c-axis  [6].  Even  small  band  to  band  tunneling  over 
this  barrier  may  be  important  to  consider  in  order  to  study  the  electron-  initiated  impact  ionization. 
Fig.  4  compares  the  conduction  band  structure  from  [5]  and  the  k«p  model.  In  this  case  the  fitting  is 
not  as  good  as  in  the  former  example,  but  in  essence,  the  main  features  as  mean  energy  separation 
and  band  curvatures  can  be  reproduced  under  a  certain  degree  of  approximation.  The  calculated 
probability  for  an  electric  field  of  4  MV/cm  is  0.02  %. 


Fig.  1.  Dispersion  relation  for  holes  in 
4H-SiC  in  the  vicinity  of  the  T-point. 
The  full  thin  lines  represent  the  three 
uppermost  valence  bands  in  the  T-K 
direction  calculated  by  the  full 
potential  method;  the  thicker  lines 
represent  the  fitting  using  the  k»p 
model,  and  a  is  the  lattice  constant 
equal  to  3.0655  A. 


Fig.  2.  Probabilities  calculated  for  holes 
initially  in  the  second  band,  for  an 
electric  field  of  100  kV/cm.  The  full 
thin  line  represents  the  probability  for 
holes  to  remain  in  the  same  band 
starting  from  k  =  0.  The  thicker  line 
stands  for  the  probability  to  change 
band. 
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Fig.  3.  The  same  as  fig.  2  but  for  an 
electric  field  of  1  MV/cm. 


Fig.  4.  Full  thin  lines  represent  the  four  lowest 
conduction  bands  in  M-L  direction  calculated  with 
the  full  potential  method;  the  thicker  lines  represent 
the  fitting  using  the  two-band  k«p  model. 


Conclusions 

A  simple  two-band  field-dependent  band  to  band  tunneling  model  has  been  presented.  An  inherent 
feature  of  the  proposed  model  is  that  it  is  time  dependent,  which  makes  it  suitable  for 
implementation  in  a  Monte  Carlo  simulation  framework.  The  model  has  been  applied  to  two 
different  case  studies  of  tunneling  in  4H-SiC.  The  first  case  study  shows  that  there  is  a  significant 
tunneling  (65%)  between  valence  band  two  and  three  along  the  T-K  segment  at  an  electric  field  of 
lOOkV/cm.  The  minimum  energy  separation  in  this  case  is  10  meV.  The  4H-SiC  band  structure 
contains  large  regions  where  the  band  separations  are  below  100  meV.  This  indicates  that  band  to 
band  tunneling  should  be  considered  in  accurate  modeling  of  high  field  earner  transport  in  4H-SiC. 
The  second  case  study  addresses  tunneling  over  large  energy  separations  (1.5  eV)  in  the  conduction 
band.  The  tunneling  probability  is  only  0.02%  in  this  case.  However,  the  discontinuity  at  the 
Brillouin  zone  boundary  of  the  energy  spectra  along  the  c-axis  direction  for  the  conduction  band  in 
4H-SiC  prevents  electrons  to  reach  really  high  energy  levels  unless  they  can  tunnel  to  higher 
conduction  bands  [6].  In  this  case,  even  a  very  small  tunneling  probability  may  affect  the  electron 
initiated  impact  ionization  coefficient  significantly. 
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Abstract  The  Seebeck  coefficient  study  in  a  heavily  nitrogen-doped  «-type  4H-SiC  epilayer  in  the 
direction  perpendicular  to  c-axis  is  presented.  The  Seebeck  coefficient  steeply  increases  from  0.56 
mV/K  to  1.7  mV/K  with  decreasing  temperature  in  the  range  400-80  K.  This  behavior  is  explained 
by  the  phonon  drag  effect.  An  approach  to  the  theoretical  modeling  of  the  phonon  drag  effect  is 
discussed  and  simulation  of  the  Seebeck  coefficient  temperature-dependence  is  displayed. 

Introduction.  The  thermopower  measurement  is  one  of  the  most  sensitive  probes  of  the  free 
carriers  charge  sign  and  their  energy  in  semiconductors.  One  of  the  thermopower  phenomena,  the 
Seebeck  effect,  refers  to  a  generation  of  a  voltage,  U,  across  two  points  of  the  material  if  a 
temperature  gradient  exists  between  them.  The  Seebeck  coefficient,  S  =  Uf AT,  is  in  fact  a  direct 
measure  of  the  heat  per  carrier  over  temperature  or  the  entropy  per  carrier  [1].  In  semiconductors 
charge  carriers  are  transporting  energy,  which  consists  of  the  difference  between  the  Fermi  level 
and  the  conduction  (or  valence)  band  and  the  kinetic  energy  of  a  particle  in  a  classical  free  electron 
gas  (for  Boltzmann  statistics  E^m  ~  3/2  kgT)  [1].  Thus,  S  in  semiconductors  can  be  of  the  order  of  a 
few  mV/K,  i.e.  about  103  times  larger  than  in  metals.  It  is  important  to  note  that  Seebeck  coefficient 
appears  as  a  factor  in  the  equation  term  describing  any  nonisothermal  part  of  actual  SiC  devices  and 
thus  must  be  included  properly  during  the  device  modelling. 

The  Seebeck  effect  in  semiconductors  was  widely  investigated  in  sixties  and  seventies.  At  that 
time,  it  was  observed  that  in  a-SiC  the  Seebeck  coefficient  exceeds  the  ones  in  silicon  and 
germanium.  It  was  believed  that  the  reason  for  that  phenomenon  is  not  only  in  a  simple  difference 
in  the  bandgap  energy  but  also  in  a  stronger  phonon-electron  coupling  —  so-called  phonon  drag 
effect.  The  phonon  drag  effect  makes  an  important  contribution  to  the  thermopower  in 
semiconductors  at  low  temperature  [2].  It  consists  in  the  long  wavelength  phonons  that  are  carrying 
heat  from  the  hot  to  the  cold  region.  Phonons  collide  with  carriers  and  are  swept  with  them  along 
the  temperature  gradient.  However,  in  those  early  investigations  the  polytype  of  SiC,  the  carrier 
concentration  and  many  transport  parameters  of  the  semiconductor  were  not  specified  accurately 
enough.  In  this  work,  a  Seebeck  effect  study  of  a  well-defined  4H-SiC  crystal  is  presented. 

Experiment.  A  300-pm  thick  epilayer  of  w-type  nitrogen  doped  4H-SiC  was  grown  on  a  substrate 
by  sublimation  technique  [3].  Then  the  substrate  was  carefully  polished  away  and  Ti  contacts  were 
deposited  and  annealed  for  5  min  at  950  °C.  The  measurements  of  the  Hall  effect  have  been 
performed  to  determine  the  electron  concentration,  n ,  and  their  mobility,  pu,  in  the  temperature 
range  of  80-400  K  (Fig.  1).  Some  data  of  similarly  doped  4H-SiC  from  literature  are  also  shown  in 
order  to  illustrate  the  behavior  of  the  doping  influence.  The  temperature  dependence  of  electron 
mobility  is  caused  by  a  mixed  ionized  impurity  and  lattice  scattering  mechanism.  The  ionized 
impurity  scattering  is  mainly  a  limiting  factor  for  mobility  at  low  temperature  while  lattice 
scattering  causes  mobility  reduction  at  high  temperature.  The  carrier  concentration  increases  with 
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T(K)  1000/T  (K1) 

Fig.  1  Temperature  dependences  of  Hall  mobility  and 
concentration  in  4H-SiC. 


temperature  because  of  the  thermal  ionization  of  the  donor  levels.  From  electron  concentration 
extrapolation  to  1/T  =  0  we  roughly  estimated  the  total  donor  concentration  in  the  sample  as  6-1018 
cm'  .  The  concentration  of 
compensating  acceptors  can  be 

evaluated  at  about  l(r7  cm'3.  „ _ _  i 

The  thermoelectric  voltage  was  \ 

measured  in  the  direction  2  ^  V& 

perpendicular  to  c-axis  of  the  crystal.  ^10  ; 

Measurements  have  been  produced  ^  nA.  "1o18 

under  nearly  steady-state  conditions  "t  ^  \  Np 

maintaining  a  small  positive  or  ^  ^ 

negative  temperature  drop  AT  between  t  ^  17 

the  ends  of  the  sample.  Thin  copper-  10  :  c£  \  •  "10 

constantan  (Cu-Con)  thermocouples  :  Qo ^  V  .  — o—  [6]  ! 

served  as  voltage  probes  and  . ,  '  o  This  work  ^  \ 

temperature  sensors  at  the  same  time.  100  1000  o  5  io  is 

Some  spurious  voltages  usually  appear  ^(K)  1000/T  (K1) 

in  the  measuring  circuit  and  must  be 

eliminated.  An  example  of  FiS- 1  Temperature  dependences  of  Hall  mobility  and 
measurement  at  T  =  401  K  is  shown  in  concentration  in  4H-SiC. 

Fig.  2.  Negligibly  small  spurious  r— - p - 

voltages  (bi  and  b2)  are  evident  at  AT  =  ucu  =  a^T  +  b 

0.  It  should  be  noted  that  the  measured  ^  ° 

voltages  actually  depend  on  the 

difference  in  the  Seebeck  coefficients  JT  \ 

of  the  semiconductor  sample  and  the  >  =  a2AT  +  b2 

thermocouple  wires  since  they  are  also  £  0  - 

experiencing  the  temperature  drop.  The  =>  S' 

double  simultaneous  measurements  jr 

using  Cu  and  Con  as  contact  wires  -1  -  ST  S  =  -0.560  (mV/K) 

provide  two  slopes  (ai  and  a2)  and  jpy  T  =  401K 

allow  accurate  extraction  of  the 

Seebeck  coefficient  of  the  sample  (S  =  -3-2-10123 

-0.56  mV  in  particular  case  shown  in  Ay 

Fig.  2).  The  detail  procedure  of 

Seebeck  coefficient  extracting  from  the  „  „  ,  _ , 

measured  parameters  can  be  found  in  F'g'  2  Example  of  thermopower  voltages  versus  AT.  Copper  and 
pj  Constantan  is  used  as  contacts  to  SiC. 

Results.  The  temperature  dependence  of  the  Seebeck  coefficient  is  shown  in  Fig.  3.  The  Seebeck 
coefficient  increases  from  0.56  mV/K  up  to  1.7  mV/K  with  decreasing  temperature  in  the  range 
from  400  K  to  80  K.  The  theoretical  dependence  without  taking  the  electron-phonon  coupling  into 
account  is  also  shown  in  Fig.  3.  It  is  calculated  according  to  the  classical  expression  [2,8]; 

where  At  is  the  density  of  the  conduction  band  states.  Note  that  Eq.  (1)  is  valid  for  nondegenerated 
statistics,  the  first  term  accounts  for  thermal  energy  per  electron  in  the  band  and  the  second  term  - 
for  the  energy  difference  between  the  conduction  band  edge  and  the  Fermi  level  [2],  As  it  is  clearly 
seen  in  Fig.  1,  the  conventional  Seebeck  coefficient  obtained  from  Eq.  (1)  can  describe  neither  the 
value  nor  the  temperature  dependence  of  the  experimental  data. 


a  aT  +  b 


‘  -0.560  (mV/K) 
T  =  401  K 


AT(K) 

Fig.  2  Example  of  thermopower  voltages  versus  AT.  Copper  and 
Constantan  is  used  as  contacts  to  SiC. 
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Phonon-drag  effect.  Frederikse  [8]  and  Herring  [2]  have  shown  that  the  phonon  drag  contributes 
additively  to  the  regular  term  of  the  Seebeck  coefficient,  so  S  =  SQ  +  Sp h.  The  strength  of  the  phonon 
drag  is  proportional  to  the  ratio  of  phonon  and  electron  (or  hole)  relaxation  times 

$  mS{  <TTPh^ac  >  ^2) 


>honon  drag  included 


with  no  phonon  drag 


Temperature  (K) 


Fig.  3  Experimental  and  theoretical  temperature  dependencies 
of  the  Seebeck  coefficient. 


where  m  is  the  carrier  effective  mass,  si  — T — , — „ — r — . — , — T — , — . — , — 

is  the  average  longitudinal  sound  o  \  4H-SiC  - 

velocity,  tac  is  the  electron  momentum  -15-  0  \  J_  c  ' 

relaxation  time  due  to  acoustic  o  \ 

deformation  potential  scattering,  t  is  the  o  \  - 

total  relaxation  time  of  mixed  earner  ^  1U  oV--^ 

scattering.  In  Eq.  (2)  xph  is  the  low- 

energy  phonon  relaxation  time,  i.e.  time  co  - • 

averaged  over  the  phonon  spectrum  in  "®-5  * _  _ _ 

the  range  from  qmin  =  0  to  qmax  =  2k 

where  k  is  the  electron  wave  vector.  ^th  no  phonon  drag 

Phonon-drag  rises  rapidly  at  low  0  0  0  1  00  2oo  300  400  500 

temperatures  due  to  the  predominating  Temperature  (K) 

increase  of  the  phonon  mean  free  path. 

At  very  low  temperatures  (about  1C I  K)  Experimental  and  theoretical  temperature  dependencies 

the  influence  of  the  phonon  drag  must  of  the  Seebeck  coefficient. 

saturate  due  to  the  sample  boundary 

scattering  that  will  limit  the  phonon 

mean  free  path  to  the  crystal  size. 

We  assume  that  the  main  contribution  to  the  mixed  carrier  scattering  is  given  by  the  acoustic 
deformation  potential  and  the  ionised  impurity  scattering  mechanisms.  In  the  case  of  the 
predominantly  ionised  impurity  scattering  (Xion  «  Tac),  the  Eq.  (2)  can  be  rewritten  as 

V  h  15^  lp»  (3) 

*  H  32  /Jr 

where  the  mean  free  path  of  the  phonons  is  /Ph  —  s?< Tph>  and  of  charge  carriers  -  4c  “  ^Vgta^  = 
lyfx /4-ij2kBT/m  <rac  >.  The  characteristic  temperature  is  defined  as  Tc  -  ms]  1 2 kB.  Eq.  (3)  is 
almost  the  same  as  obtained  by  Frederikse  except  a  slightly  different  numerical  coefficient 

(35  V^/32  in  Eq.  (25b)  of  Ref.  [8]).  This  is  resulting  from  Frederikse's  assumption  of  the  energy- 
independent  relaxation  time  of  the  phonons.  The  essential  factor  in  the  expression  (3)  is  the  ratio  of 
the  phonon  and  electron  mean  free  paths. 

The  evaluation  of  /Ph  is  a  very  complicated  theoretical  problem.  The  well-known  theory 
developed  by  Herring  [2]  predicts  the  following  dependence  of  the  low-energy  phonon-phonon 
scattering  relaxation  time 

=  z'J-'E-'  (4) 


where  r*  h=ti*  ps]  1 4kBm  and  p  is  the  density  of  the  material.  For  pure  lattice  scattering  the 

temperature  dependence  of  the  phonon-drag  term  might  be  expected  from  Eq.  (4)  as  £P  h~  T'  [2]. 
This  strong  temperature  dependence,  however,  was  not  confirmed  experimentally  by 
comprehensive  Seebeck  coefficient  measurements  in  high  purity  silicon  and  germanium  crystals. 
Instead,  the  S ph  extracted  from  the  experiments  is  proportional  to  T  *2  3  for  «-  and  p- Si,  to  T  for  p- 
Ge  and  to  T  '*4  for  n-Ge  [9,10].  In  the  present  measurements  in  4H-SiC,  after  subtraction  the  values 
of  the  regular  Seebeck  coefficient  (doted  curve  in  Fig.  3)  from  the  experimental  data,  we  have  also 
deduced  a  weaker  temperature-dependence  of  Sph,  namely  Sph  ~  T  8.  Actually,  the  investigated 
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sample  obviously  has  a  large  concentration  of  impurities,  which  may  reduce  the  phonon  mean  free 
path  significantly  at  low  temperatures. 

Because  of  the  lack  of  a  reliable  theoretical  model  for  low-energy  phonon-phonon  relaxation 
process  we  estimated  the  phonon  mean  free  path  using  the  measured  lattice  thermal  conductance. 
From  Debye's  formula  for  lattice  thermal  conductance  kl  =  l/3(cv  s,  /ph),  where  cv  is  the  heat 

capacity  of  the  unit  crystal  volume,  inserting  electron  mobility  as  pac  =  e  <xkc>/m,  we  obtain  from 
Eq.  (3) 


s,  lph  _  3  kl  1 

T  Mac  Cj  Mac 


(5) 


This  formula  agrees  with  the  result  obtained  by  variational  solution  of  the  coupled  Boltzmann 
transport  equations  for  electrons  and  phonons  [11],  The  final  expression  used  in  the  present 
calculations  was  obtained  using  substitution  of  cv  by  its  expression  from  Debye's  classical  theory 
(see  [2]): 


2x2(s,h)3 

Mac  (kjyj4(&D/T) 


Bd!T  4  x 

f  X€ 

where  J4(®D  /T)=  J  ———dx  and  the  0D  is  the  Debye  temperature.  In  Eq.  (6)  the  degenerated 

o  \e  V 

statistics  and  incomplete  doping  ionisation  corrections  are  omitted.  To  obtain  the  calculated  values 
of  S( T)  with  phonon-drag  effect  shown  in  Fig.  3  the  following  data  were  used'  /4C(T)  =  947  cm2/V-s 
•(T/300  K)2,  xtl(T)  =  (4.9  W/cm  K)  (T/300  K)'17,  s,  =12.6105  cm/s,  0D  =  1200  K.  For  the 
temperature-dependence  of  the  mobility  an  assumption  proposed  in  Ref.  [12]  (p  ~  T~2)  is  used.  The 
temperature-dependence  of  heat  conductivity  was  obtained  by  approximating  Slack's  data  [13], 

As  one  can  see  from  Fig.  3,  the  entering  of  the  Sp,  sufficiently  improves  the  agreement 
between  experimental  points  and  calculated  curve,  though  the  disagreement  at  low  temperatures 
still  exists.  For  the  proper  evaluation  of  this  effect,  however,  we  have  to  conclude  that 
measurements  in  lower  doped  samples  are  needed.  These  measurements  will  be  performed  in  a 
nearest  future. 

This  work  was  partially  financed  by  the  Swedish  grants  from  the  SiCEP  and  Visby  programs. 
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Abstract  Without  any  assumption  of  the  number  of  donor  species,  the  densities  and  energy  levels  of 
donors  in  undoped  3C-SiC  grown  from  hexamethyldisilane  (HMDS;  Si2(CH3)6)  are  precisely 
determined  by  a  graphical  peak  analysis  method  proposed  here,  using  the  temperature  dependence 
of  the  majority-carrier  concentration  obtained  from  Hall-effect  measurements. 

1.  Introduction 

Silicon  carbide  (SiC)  has  been  regarded  as  a  promising  semiconductor  for  power  electronic 
applications  owing  to  its  excellent  physical  properties.  In  order  to  use  SiC  wafers  or  epilayers  for 
electronic  devices,  an  accurate  evaluation  of  densities  and  energy  levels  of  electronically  active 
impurities  or  defects  is  essential.  Among  these  impurities  and  defects,  the  electronic  properties  of 
deep  level  impurities  or  defects  can  be  accurately  determined  by  deep  level  transient  spectroscopy 
(DLTS)  or  isothermal  capacitance  transient  spectroscopy  (ICTS)  [1,2]. 

The  temperature  dependence  of  the  majority-carrier  concentration  n(T)  obtained  from 
Hall-effect  measurements  includes  important  information  on  shallow  level  impurities  in  a 
semiconductor.  However,  it  has  been  difficult  to  determine  the  energy  levels  and  densities  of 
shallow  impurities  from  the  experimentally  obtained  n(T)  .  A  curve-fitting  method  seems 
unsuitable  because  of  the  uncertainty  in  the  number  of  impurity  species  in  the  semiconductor. 

In  this  article,  we  introduce  a  new  graphical  peak  analysis  method  (free  carrier  concentration 
spectroscopy;  FCCS)  to  analyze  the  free  carrier  concentration  n(T) ,  and  apply  it  to  undoped  cubic 
SiC  (3C-SiC)  grown  on  silicon  (Si)  from  non-flammable  hexamethyldisilane  (HMDS).  In  addition, 
we  investigate  the  dependence  of  the  donor  energy  levels  on  the  thickness  of  the  3C-SiC  film. 

2.  Basic  Concept  of  Free  Carrier  Concentration  Spectroscopy 

DLTS  or  ICTS  can  uniquely  determine  the  densities  and  energy  levels,  because  each  peak  in  the 
signal  corresponds  one-to-one  to  an  impurity  or  defect.  For  example,  the  ICTS  signal  is  defined  as 
S(t)  =  tdC(T)2  /  dt ,  where  C(t)  is  the  transient  capacitance  after  a  reverse  bias  is  applied.  Since 
S(t)  is  described  as  the  sum  of  zxp(-e.t) ,  it  has  a  peak  value  of  exp(-l)  at  a  peak 

time  ~\lei.  Here,  Nt  and  e.  are  the  density  and  emission  rate  of  the  i-th  energy  level. 
Therefore,  Nfttex p(-e,0  plays  an  important  role  in  the  analysis. 

For  the  analysis  of  the  free  carrier  concentration  n(T)  with  respect  to  impurities,  we  have 
introduced  a  function  that  is  described  as  the  sum  of  N] ^exp(-A£,  fkT)lkT,  where  AL  and  A £. 
are  the  density  and  energy  level  of  the  /  -th  impurity,  respectively,  T  is  the  measurement 
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temperature  and  k  is  the  Boltzmann  constant  [3,4],  The  function  JV,exp(-AE,.  / kT)/ kT  has  a 
peak  at  —  AEt  Ik ,  which  is  not  for  all  impurities  in  the  temperature  range  of  the  measurement. 
If  we  can  introduce  a  function  in  which  the  peak  appears  at  Tpsakj  =  (A E, -En[)/k ,  we  can  shift  the 
peak  temperature  within  the  measurement  temperature  range  by  changing  the  parameter  Etd  .  This 
indicates  that  we  can  determine  Nt  and  A E,  in  a  wide  impurity-energy-level  range.  Therefore,  a 
function  to  be  evaluated  should  be  described  as  the  sum  of  Ni  exp[-  (AE,.  -  Etcr)l kT]/ kT ,  where 
Nt  and  A £.  determined  by  this  method  should  be  independent  of  EIC[  [5,6],  In  addition,  we 
have  avoided  introducing  a  differential  evaluation  of  n(T) ,  because  the  differential  of  experimental 
data  results  in  an  increase  of  observation  errors. 


3.  Theoretical  Consideration  of  FCCS 

For  the  following  theoretical  considerations,  we  assume  an  n-type  semiconductor  with  n 
different  donor  species  (density  NDj  and  energy  level  A EDi  of  the  /  -th  donor  for  l</<«)and 
one  acceptor  density  (NA).  The  donor  energy  levels  A EDi  are  measured  from  the  bottom  of  the 
conduction  band  (Ec  )  with  AEDM  <  AEDi .  From  the  charge  neutrality  condition,  the  free  electron 
concentration  n(T)  can  be  derived  as 


n(T)  =  ^  Nd,  [l  -  /(AEDj  )]  -  7/a  , 

J=1 

where  f(AE)  is  the  Fermi-Dirac  distribution  function  given  by 
1 


/(A£Di) 


,  1  (AEF-AEDi 

1  + — exp  — F  D; 


8d 


)  - 

V 


kT 


(1) 


(2) 


A£f  is  the  Fermi  level  measured  from  Ec ,  and  gD  is  the  degeneracy  factor  of  donors. 

On  the  other  hand,  using  the  effective  density  of  states  NC(T)  in  the  conduction  band,  we  can 
describe  n(T)  as 


«(r)=tfc(2>xP|-^ 


(3) 


where  Nc(T)-(kT)  Nco ,  Nco  -  2(27unn  !h2)x  5MC ,  mn  is  the  electron  effective  mass,  h  is 


the  Planck  constant,  and  Mc  is  the  number  of  equivalent  minima  in  the  conduction  band 
From  Eq.  1  and  Eq.  3,  we  can  introduce  a  favorable  function  to  determine  N, 
follows.  We  define  the  function  to  be  evaluated  as 


Dl.  and  AEDi  as 


H(T,Ek  f) 


n(T)2 


^ref 

kT 


(4) 


Substituting  Eq.  1  for  one  of  the  n(T)  in  Eq.  4  and  substituting  Eq.  3  for  the  other  n(T)  in  Eq.  4 
give 


H(T,E,d)  =  ±^exp\  - 
1=1 

where 


A E 


Di 


kT 


-\(AEDi)-Ni 


J 


Nco 

A  -7— -exp 
kT 


^r-Afip 

kT 


/(A£d/) 


N, 


CO 


£d  +  exP 


(EEr-bEr 


y  kT 


(5) 


(6) 


Finally,  using  a  personal  computer,  we  take  the  temperature  dependence  of  7(AED  )  into  account 


n(T)  [xlO17  cm': 
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and  we  can  easily  determine  NDj  and  A EDi  for  each  peak. 

4.  Experimental 

3C-SiC  epilayers  with  thicknesses  (8  \i  m,  16  ji  m  and  32  \x  m)  were  grown  on  (100)  Si  substrates 
by  atmospheric  pressure  chemical  vapor  deposition.  HMDS  with  a  flow  rate  of  0.5  seem  and  H2 
with  a  flow  rate  of  2.5  slm  were  introduced  at  1350°C.  The  growth  rate  was  about  4.3  ti  m/h. 

Each  3C-SiC  was  cut  into  pieces  of  5x5  mm2,  and  Si  substrates  were  removed  by  chemical 
etching.  The  free  electron  concentration  n(T)  was  measured  by  the  van  der  Pauw  method  at 
temperatures  between  85  K  and  500  K,  at  a  magnetic  field  of  5  kG  and  a  current  of  1  mA. 


5.  Results  and  Discussions 

Figure  1  shows  the  free  electron  concentration  n(T)  (open  circles)  and  the  function  H(Ty  £rrf) 
(solid  line)  for  the  8-ju  m-thick  3C-SiC  epilayer.  tf(7,£ref)  is  calculated  by  interpolating  n(T) 
with  a  cubic  spline  function.  From  the  peak,  the  density  ( ND2 )  and  energy  level  (A£D2)  can  be 
determined  to  1.7xl017  cm'3  and  46  meV,  respectively. 

As  is  clear  from  Eqs.  4  and  5,  the  function  that  is  not  influenced  by  this  donor  is  introduced  as 


W,£ref) 


n  asD2) 


which  is  shown  by  the  solid  line  in  Fig.  2.  From  the  lower  peak  temperature  and  the  lowest 
measurement  temperature,  Nm,  A ED]  and  NA  are  determined  to  be  l.lxl 017  cm'3,  10  meV  and 
1.3x1 016  cm'3,  respectively. 

The  function  that  is  not  influenced  by  the  first  donor,  or  the  second  donor,  or  the  acceptor  is 
introduced  as 


W,£,cf)-^rexp 


-§^eXP 


A£d,  -E,tf 


(A£Di)+ArA-^exp 

kT 


which  is  shown  by  the  broken  line  in  Fig.  2.  From  the  lower  peak  temperature,  Nm  and  A ED3 
are  determined  to  be  l.lxlO17  cm'3  and  107  meV,  respectively.  In  the  same  matter,  iVD4  and  A 
are  determined  to  be  4.6x1 016  cm"3  and  156  meV,  respectively. 

Figure  3  shows  the  free  electron  concentration  simulated  using  the  values  determined  here  (solid 


Temperature  [K]  Temperature  [K] 

Fig.  1  n(T)  and  H(T, -0.007)  for  8-pm-thick  3C-SiC  Fig.  2  H2(T,-0.01 )  and  H3(T,0.01)  for  8-pm-thick  3C-S1C 


H3(T,0.01)  [xlO38  cm'^eV' 
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line).  The  open  circles  represent  the  experimentally 
obtained  n(T)  .  The  simulated  free  electron 
concentration  is  quantitatively  in  good  agreement 
with  the  experimentally  obtained  n(T) ,  indicating 
that  the  values  determined  here  are  reliable. 

In  the  same  way  as  illustrated  for  the  8-  n  m-thick 
epilayer,  the  densities  and  energy  levels  of  donors  in 
the  16-  /i  m-thick  and  32-  ji  m-thick  3C-SiC  epilayers 
are  determined,  and  are  listed  in  Table  1. 

In  undoped  3C-SiC  grown  from  a  mixture  of  SiH4 
and  C3H8j  only  the  ~15  meV  donor  with  a 
concentration  higher  than  1018  cm'3  was  reported  with 
the  compensation  ratio  higher  than  0.9  [7].  In 
high-purity  3C-SiC  crystals,  on  the  other  hand,  a  ~50 
meV  donor  was  reported  [8].  From  those  reports, 
Segall  et  al  [7]  concluded  that  both  the  ~15  meV  and 
~50  meV  donors  resulted  from  substitutional  nitrogen 
(N)  atom,  and  that  a  high  degree  of  compensation  and 
a  large  N  concentration  induced  the  reduction  of  the 
N  donor  energy  level. 

In  the  3C-SiC  investigated  here,  both  the  —15  meV 
and  ~50  meV  donors  coexist.  The  density  of  the  ~15 
meV  donor  is  sensitive  to  the  crystallinity  of  the 
epilayer,  as  shown  in  Table  1,  because  the 


Fig.  3  Experimental  and  simulated  n(T) 


Table  1  Values  determined  by  FCCS 


Thickness  [  n  m] 

8 

16 

32 

aed1 

[meV] 

10 

7 

14 

Nd, 

TxlO"cm‘Jl 

11 

8.1 

4.7 

A  ED2 

[meV] 

46 

46 

54 

Nd2 

[xlO"Wl 

17 

20 

8.1 

aeD3 

[meV] 

107 

97 

120 

nD3 

[xlO16  cm'3! 

11 

13 

10 

AEd4 

[meV] 

156 

— 

— 

Nim 

[xl0,cWl 

4.6 

— 

na 

[xlO16  cur] 

1.3 

0.99 

0.57 

crystallinity  of  our  epilayers  was  enhanced  as  the  thickness  increased.  Moreover,  the  substitutional 
N  donor  energy  level  was  reported  to  be  54  meV  from  photoluminescence  measurements  [9], 
Therefore,  the  ~50  meV  donor  may  be  ascribed  to  a  substitutional  N  atom,  while  the  ~15  meV 
donor  may  be  attributed  to  some  defect-N  complex  or  nonstoichiometric  defect,  which  Freitas  et  al 
[9]  and  Suzuki  et  al  [10]  suggested. 


6.  Conclusion 

Even  if  we  do  not  know  the  number  of  impurity  species  included  in  a  semiconductor,  we  have 
found  that  FCCS  can  determine  the  densities  and  energy  levels  of  shallow  impurities  accurately.  In 
undoped  3C-SiC  grown  from  HMDS,  we  detected  four  types  of  donors  whose  energy  levels  are 
7-14  meV,  46-54  meV,  97-120  meV  and  156  meV. 
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Abstract  Electron  paramagnetic  resonance  (EPR)  has  been  used  for  investigation  of  intrinsic 
defects  in  4H  and  6H  SiC.  At  W-band  frequency  (~95  GHz),  the  detailed  structures  of  most  of  the 
EPR  spectra  in  4H  and  6H  SiC  irradiated  with  electrons  have  been  observed.  We  report  our 
observation  of  two  new  EPR  spectra,  labelled  Ell’  and  EI3’,  which  are  other  configurations  of  the 
vacancy-related  Ell  and  EI3  centers.  The  transformation  from  the  Ell  and  EI3  centers  to  the  Ell 
and  EI3’  configurations,  respectively,  can  be  realised  by  annealing.  Two  new  EPR  spectra,  labelled 
EI5  and  EI6,  with  trigonal  symmetry  and  spin  S=l/2  were  observed  in  irradiated  p-type  material. 
The  EI5  and  EI6  centers  can  be  identified  as  the  C  vacancy  and  Si  anti  site  in  the  positive-charge 
state. 

1.  Introduction 

Intrinsic  defects  in  SiC  have  been  studied  for  many  years  but  so  far  only  a  moderate  knowledge  on 
the  vacancies  and  vacancy-related  defects  has  been  obtained.  The  interstitials  and  antisites  in  SiC 
are  practically  unknown.  For  antisites  only  calculations  in  3C  SiC  [1,2]  have  been  reported. 

Both  the  silicon  and  carbon  vacancies  are  known  to  be  stable  at  room  temperature.  The 
negatively  charged  silicon  vacancy  (Vsi  )  has  been  identified  by  electron  paramagnetic  resonance 
(EPR)  in  the  3C  [3],  4H  [4]  and  6H  SiC  [5]  polytypes.  It  has  a  high  spin  configuration  (S=3/2)  [4] 
and  is  undistorted  (Td  symmetry).  Such  an  electronic  structure  was  also  supported  by  theoretical 
investigations  [6,7].  The  ground  state  of  the  silicon  vacancy  in  the  neutral-charge  state  (Vsi  )  in  3C 
and  2H  SiC  was  theoretically  predicted  by  Torpo  et  al  [6]  to  be  a  triplet.  This  seems  to  support  the 
assignment  of  the  photoluminescence  (PL)  centers  VI,  V2  in  4H  and  VI,  V2  and  V3  in  6H  SiC  (or 
the  P3  and  P5  EPR  centers,  which  were  previously  attributed  to  long-distance  vacancy  pairs  by 
Vainer  et  al  [8])  by  Sorman  et  al  [9]  as  originating  from  the  Vsi°  at  different  inequivalent  sites. 
However,  taking  into  account  many-electron  interactions,  Deak  et  al  [10]  found  in  their  calculations 
that  the  VSi°  in  3C  SiC  has  a  spin  singlet  ground  state  and  therefore  no  EPR  signal  due  to  the  ground 
state  can  be  expected. 

In  the  recent  calculations  [7,11],  the  carbon  vacancy  in  3C  and  4H  SiC  was  found  to  be  a 
negative-U  system.  Therefore,  EPR  observations  of  the  carbon  vacancy  in  the  equilibrium  condition 
can  not  be  expected.  This  is  in  contrast  to  the  previous  EPR  studies  by  Itoh  et  al  [12],  in  which  they 
have  attributed  the  T5  center  in  proton-  and  electron -irradiated  p-type  3C  SiC  to  the  positively 
charged  carbon  vacancy  (Vc+). 

EPR  is  the  most  used  and  important  technique  for  defect  identification.  However,  its  use  for 
characterisation  of  3C  polytype  is  limited  since  mainly  thin  epitaxial  films,  which  are  not  suitable 
for  the  EPR  technique,  have  so  far  been  available.  For  the  hexagonal  polytypes,  the  crystal  structure 
with  low  symmetry  and  the  existence  of  different  inequivalent  lattice  sites  make  EPR  studies 
difficult.  It  is  very  common  that  in  irradiated  4H  and  6H  SiC,  many  EPR  spectra  appear  together  in 
the  region  of  g-values  close  to  2,  resulting  in  a  severe  overlapping  between  the  spectra.  As  a  result, 
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the  hyperfine  structure  (HFS)  due  to  the  interaction  with  the  29Si  or  13C  atoms  in  the  nearest 
neighbour  (NN)  shell,  which  can  provide  the  most  important  information  for  the  defect 
identification,  is  often  obscured.  To  overcome  the  above  problems,  high  frequency  EPR  is  needed. 

In  this  work,  we  use  high  frequency  EPR  to  study  intrinsic  defects  in  4H  and  6H  SiC.  At  W- 
band  (~95  GHz)  frequency,  it  is  possible  to  separate  most  of  the  spectra  in  4H  and  6H  SiC  and  to 
obtain  detailed  structures  of  several  EPR  centers.  Our  results  on  vacancy-related  defects,  including 
the  identification  and  electronic  structure  of  the  carbon  vacancy  and  silicon  antisite  in  their  positive- 
charge  state  are  presented. 

2.  Experimental 

The  samples  used  in  this  work  were  mainly  commercial  n-  and  p-type  4H  and  6H  SiC  substrates  but 
also  free-standing,  p-type  layers  grown  by  high  temperature  chemical  vapor  deposition  (HTCVD). 
The  p-type  substrates  were  Al-doped  (2xl0l7-lxl018  cm'3).  The  p-type  layers  were  either  Al-doped 
(in  the  mid  10  cm'3  range)  or  compensated  by  residual  impurities  with  a  concentration  below  1016 
cm'  .  The  samples  were  irradiated  with  2.5  MeV  electrons  at  room  temperature  or  at  400°C  with 
doses  in  the  range  of  1x1017-2x1018  cm'2.  EPR  measurements  were  performed  on  Bruker  X-band 
(~9.5  GHz)  EPR  spectrometers  (ER200D-SRC  or  ELESYS  580)  and  also  on  a  home  made  W-band 
(~95  GHz)  EPR  setup. 

3.  Vacancy-  and  antisite-related  defects 
3.1.  The  Ell  and  EI3  centers 


Magnetic  Field  (mT) 


Fig.l:  EPR  spectra  of  the  Ell  centers  in  electron- 
irradiated,  p-type  4H  SiC  at  (a)  X-band  and  (b)  W-band 
frequencies. 


Fig.  2:  EPR  spectra  observed  in 
irradiated  6H  SiC  (a)  before  and  (b) 
after  annealing  at  240  °C.  At  this 
temperature,  the  Ell  and  EI3  signals 
completely  disappear  while  the 
intensities  of  the  two  new  spectra. 
Ell’  and  EI3’,  reach  their  maximum. 


The  Ell  center  has  previously  been  observed  in  electron- 
irradiated,  p-type  4H  and  6H  SiC  [13]  at  X-band  frequency. 

The  Ell  center  has  Cih  symmetry  and  an  effective  electron 
spin  S=l/2.  It  has  the  HFS  due  to  the  interaction  with  two 

nearest  Si  neighbours  as  can  be  can  seen  in  Fig.  1(a).  It  is  possible  that  the  Ell  center  and  the  PB 
center  in  6H  SiC  [14]  are  the  same.  Based  on  the  similarity  in  g-values  and  annealing  behaviour 
compared  to  the  T5  center  in  3C  SiC  [12],  the  PB  center  was  also  suggested  to  be  the  Vc+  [14] 
despite  the  difference  in  the  hyperfine  (HF)  interaction  (in  the  case  of  the  T5  center,  the  HF 
interaction  is  with  four  nearest  Si  neighbours).  At  X-band  frequency,  the  HFS  due  to  the  interaction 
with  12  C  atoms  in  the  next  nearest  neighbour  (NNN)  shell  appears  to  be  confusing  with  three 
equidistant  satellites  on  each  side  of  the  main  line  [Fig.  1(a)].  At  W-band  frequency  (~95  GHz),  the 
Ell  signal  is  well  separated  from  the  other  spectra  and  the  detailed  HFS  of  23C  atoms  in  the  NNN 
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Table  1:  Spin-Hamiltonian  parameters  that  we  obtained  for  some  vacancy-related  centers  and  the  Si  antisite 
in  4H  and  6H  SiC.  a  and  (3  are  the  angles  between  the  c-axis  and  the  directions  of  gz  and  Az,  respectively. 
Here  the  principal  gz  and  gx  axes  are  in  the  (11 2  0)  plane  and  gy  is  perpendicular  to  this  plane.  The  error  in 
the  g-values  is  ±0.0001  for  the  EI1-EI4  and  ±0.00002  for  the  EI5  and  EI6  centers. 


Center 

Spin  and 
symmetry 

Polytype 

g 

A  ,  D  and  E  [Iff4  cm’1] 

Model 

Ell 

S=l/2 

4H&6H 

gx  =1.9962 

with  2  Si;  two  different  Cih  tensors 

(Vc+H)u  (?) 

Cjh 

gy  =2.0019 
gz  =2.0015 

Ax'=19,  Ay'=23.4,  Az'=22.6 
Ax2=23.4,  Ay2=28.6,  A22=20.2 

<x=41° 

13=41° 

Ell’ 

S=l/2 

4H&6H 

gx  =1.9954 

with  2  Si 

(Vc+H)°  (?) 

Cih 

gy  =2.0013 
gz  =2.0014 

<x=33° 

EI2 

S=l/2 

4H&6H 

g|l=2.0030 

with  4  C 

(?) 

C3V 

gi=2.0049 

EI3 

S=1 

4H&6H 

g=2.0063 

with  4  Si 

(VC+2H)°  (?) 

c^ 

a=46° 

4H:  D=552;  6H:  D=559 

EI3’ 

S=1 

4H&6H 

g=2.0063 

with  4  Si 

(VC+2H)°  (?) 

Cih 

a=46° 

6H:  D=538 

EI4 

S=1 

4H&6H 

gx  =2.0051 

with  4  Si 

(Vc++Vc+) 

Cih 

gy  =2.0038 

4H:  D=344;  E=67 

gz  =2.0029 

6H:  D=328;  E=67 

a=54° 

EI5 

S=l/2 

4H 

g, 1=2.00322 

1  Si:  A, |=60.4;  Ax=41.7 

Vc+ 

C3V 

gi=2.00484 

3  Si:  Ax=46.9,  Av=34.5,  A2=35.6;  P=5° 

6H 

gn=2.00316 

1  Si:  A„=  60.6;  Ax=41.1 

gx=2.00461 

3  Si:  Ax=46.8,  Av=34.5,  A2=35.6;  P=5° 

EI6 

S=l/2 

4H 

g,i=2.00302,  gx=2. 00473 

A|,=  123.5,  Ax=84.8  (138  K) 

Sic+ 

C3v 

gn=2.00242,  gi=2.00489 

A|=  141.0,  Ax=96.2  (23  K) 

6H 

gn=2.00286,  gx=2.00478 

A,|=  134.5,  Ax=91.7  (102  K) 

g„=2.00236,  *,=2.00487 

A„=  146.8,  Aj=100.8  (23  K) 

shell  can  be  detected  [Fig.  1(b)].  The  same  spectrum  is  also  observed  in  6H  polytype.  Thus,  based  on 
the  obtained  HFS  from  the  NN  and  NNN  shells  it  can  be  unambiguously  concluded  that  the  Ell 
center  is  a  defect  at  a  C  site.  The  HF  interaction  with  only  two  of  the  four  Si  neighbours  is  typical 
for  the  singly  negatively  charged  vacancy  in  Si  [15],  and  has  also  been  suggested  by  calculations  for 
4H  SiC  [16].  Therefore,  in  our  previous  study  [13],  the  Ell  center  was  tentatively  attributed  to 
either  the  Vc~  or  a  complex  between  the  carbon  vacancy  and  an  impurity. 

The  EI3  center  has  also  Cih  symmetry,  but  the  spin  is  S=1  [13].  In  irradiated  p-type  material, 
this  spectrum  is  always  observed  together  with  the  Ell  signal.  The  HF  interaction  is  with  four 
nearest  Si  neighbours  and  the  EI3  center  was  attributed  to  a  pair  between  a  carbon  vacancy  and  an 
impurity  [13].  The  annealing  behaviour  of  these  two  centers  is  very  similar  to  that  of  the  T5  center 
in  3C  SiC  [12].  We  have  performed  a  careful  annealing  study  and  found  that  the  Ell  and  EI3 
centers  are  actually  transformed  to  the  Ell’  and  EI3’  centers,  respectively.  In  some  samples  the 
Ell  ’is  already  present  together  with  the  Ell  signal,  but  very  weak.  The  EI3’  signal  only  appears  at 
annealing  temperatures  around  200°C.  At  this  temperature,  the  two  new  centers  start  increasing  in 
intensity  rapidly  while  the  Ell  and  EI3  signals  decrease  and  completely  vanishes  at  around  240°C. 
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The  EPR  spectra  of  these  centers  in  6H  SiC  before  and  after  annealing  at  240°C  for  5  minutes  are 
shown  in  Fig.  2(a)  and  2(b),  respectively.  The  Ell*  and  EI3’  centers  are  very  similar  to  the  Ell  and 
EI3  [13],  respectively.  The  principal  g-values  of  the  Ell’  center  are  slightly  different  from  that  of 
the  Ell  (see  Table  1),  but  the  angle  between  the  principal  gz  and  the  c-axis  is  33  °  compared  to  41° 
in  the  case  of  the  Ell.  In  both  cases,  the  HF  interactions  with  two  nearest  Si  neighbours  are  also 
similar  as  can  be  seen  in  Fig.  2(a)  and  2(b).  The  g-values  and  the  direction  of  the  principal  axis  of 
the  fine-structure  tensor  D  are  the  same  for  both  the  EI3  and  EI3’  centers,  but  the  D- value  of  the 
EI3  center  is  smaller  (Table  1).  Based  on  the  annealing  behaviour  and  the  similarity  in  the  spin- 
Hamiltonian  parameters,  we  assign  the  Ell  and  Ell’  centers  to  two  different  configurations  of  the 
same  defect.  Similarly,  the  EI3  and  EI3’  spectra  are  suggested  to  be  originated  from  different 
configurations  of  the  same  center. 

The  electronic  structure  of  the  Ell  and  Ell’  centers  can  be  explained  by  either  the  Vc~  or  Vc 
+  impurity  model.  However,  taking  into  account  the  link  between  the  Ell  and  EI3  centers  and  the 
conditions  for  observation  (only  in  p-type),  the  latter  model  appears  to  be  more  appropriate.  The 
most  probable  impurity  in  this  case  is  hydrogen.  The  (Vc+H)°  defect  with  the  H  making  bond  with 
two  of  the  four  Si  neighbours.  The  extra  electron  introduced  by  the  H  atom  finds  places  on  the 
antibonding  combination  of  the  two  Si-H  ^-hybrid  bonds,  so  that  the  H  atom  is  at  the  node  of  this 
orbital  [17].  Therefore,  no  HF  interaction  with  the  H  atom  would  be  expected.  Trapping  one  more  H 
at  the  other  Si-Si  bond,  this  defect  becomes  (Vc+2H)°,  which  can  explain  the  electronic  structure  of 
the  EI3  and  EI3’  centers.  The  above  models  can  also  explain  why  these  defects  could  not  be 
detected  in  n-type  material.  Recent  calculations  by  Gali  et  al  [17]  also  predict  the  stability  of  these 
hydrogen-Vc  complexes  and  the  similarity  in  the  electronic  structures  compared  to  the  Vcf. 
However,  a  conclusive  identification  of  these  centers  requires  further  investigations. 

3.2.  The  EI5  and  EI6  center 

In  p-type  4H  and  6H  SiC  irradiated  at  400°C,  several  new  EPR  signals  were  observed.  Fig.  3(a) 


Fig.  3:  EPR  spectra  of  the  EI4,  EI5  and  EI6  centers  in  electron-irradiated,  p-type  4H  SiC  observed 
for  the  magnetic  field  parallel  to  the  c-axis  at  (a)  X-band  and  (b)  W-band  frequencies.  The  solid  or 
dashed  arrows  indicate  the  29Si  HF  lines  related  to  the  EI5  and  EI6  centers,  respectively.  Weak 
EPR  lines  at  around  3386.5  and  3390  mT  in  (b)  are  not  related  to  the  EI5  and  EI6  spectra. 
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shows  the  spectrum  observed  in  4H  SiC  at 
X-band  frequency  for  the  magnetic  field 
parallel  to  the  c-axis.  The  EI4  signal  was 
previously  observed  and  studied  [18].  Two 
strong  lines  at  around  338  mT,  labelled 
EI5  and  EI6,  could  not  be  resolved  at  X- 
band  frequency.  Each  line  seems  to  be 
accompanied  by  several  satellites  as 
indicated  by  solid  and  dashed  arrows.  The 
intensity  ratio  between  the  satellites  and 
the  main  line  EI5  is  about  20  %,  which  is 
approximately  the  natural  abundance  of 
four  29Si  (1=1/2  and  4.7  %  natural 
abundance)  atoms.  Therefore,  these 
satellites  can  be  assigned  as  the  HFS  due 
to  the  interaction  between  the  electron 
spins  and  the  nuclear  spin  of  29Si  nuclei  in 
the  NN  shell.  Fig.  3(b)  shows  the  spectrum 
observed  in  the  sample,  at  the  same 
temperature  and  the  direction  of  the 
magnetic  field,  but  at  ~95  GHz.  As  can  be 
seen  in  the  figure,  the  EI5  and  EI6  lines 
are  now  well  separated.  The  distances 
between  the  satellites  corresponding  to 
each  center  are  still  the  same  as  at  X-band 
frequency.  This  confirms  that  all  the 
satellites  are  HFSs.  The  two  far-satellites 
of  the  EI6  center  has  the  intensity  of  about  4.5-5%  of  that  of  the  main  line,  and  therefore,  can  be 
attributed  to  the  HFS  of  one  29Si  atom  at  a  C  site.  A  small  difference  in  the  intensity  of  these  two 
satellites  is  due  to  a  different  thermal  distribution  at  I=+l/2  and  I=-l/2  HF  splitting  levels,  which 
becomes  pronounced  at  higher  magnetic  fields. 

The  angular  dependencies  of  the  EI5  and  EI6  spectra  were  studied  with  the  magnetic  field 
rotating  in  the  (11  20)  plane  and  at  both  X-band  and  W-band  frequencies  for  comparison.  As  an 
example,  the  angular  dependencies  of  these  two  centers  in  4H  SiC  measured  at  138  K  and  at  94.91 
GHz  are  illustrated  in  Fig.  4.  Both  the  centers  have  C3v  symmetry  and  an  effective  electron  spin 
S=l/2.  The  g-values  obtained  from  the  fit  for  these  centers  are  given  in  Table  1.  The  curves 
represent  the  simulation  using  the  spin-Hamiltonian  parameters  deduced  from  the  fit.  The  thin  and 
thick  dashed  curves  are  the  calculated  angular  dependencies  of  the  29Si  HF  lines  corresponding  to 
the  EI5  and  EI6  centers,  respectively,  using  the  g-values  and  HF  parameters  A  given  in  Table  1.  In 
the  case  of  the  EI5  center,  the  HF  interaction  with  four  nearest  Si  neighbours  can  be  described  by 
two  tensors  as  expected,  one  with  C3v  symmetry  (for  the  Si  atom  on  the  bond  along  the  c-axis)  and 
the  other  with  Clh  symmetry  (for  three  other  Si  atoms).  The  g-values  of  the  EI5  in  4H  and  6H  SiC 
are  very  similar.  Within  experimental  errors,  the  HF  tensor  of  the  EI5  center  is  the  same  for  both 
polytypes. 

The  EI5  spectrum  is  not  detectable  at  temperatures  below  25  K  or  at  room  temperature, 
while  the  EI6  signal  can  always  be  observed.  The  HF  interaction  with  four  nearest  Si  neighbours  of 
the  EI5  center  clearly  indicates  that  it  is  a  single  defect  at  a  C  site.  This  center  can  only  be  detected 
in  irradiated  materials  regardless  of  the  concentration  of  impurities.  We  therefore  assign  the  EI5 
spectrum  as  originated  from  the  carbon  vacancy.  The  Vc  in  either  the  negative  or  positive-charge 
state  can  have  spin  S=l/2.  Since  the  EI5  spectrum  is  detected  only  in  p-type  materials,  the  center  the 
is  suggested  to  be  in  the  positive-charge  state.  It  should  be  noticed  that  the  A-values  of  the  EI5 
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Fig.4:  Angular  dependencies  of  the  EI5  and  EI6  centers 
in  4H  SiC  measured  at  138  K.  Solid  and  dashed  curves 
are  the  simulations  of  the  main  and  HF  lines, 
respectively,  using  parameters  in  Table  1. 
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center  are  about  two  times  larger  than  that  of  the  T5  center,  which  was  attributed  to  the  Vc+  in  3C 
SiC  [12].  The  EI5  center  is  stable  at  higher  temperatures  as  compared  to  the  T5  center.  Due  to 
overlapping,  the  annealing  study  using  X-band  EPR  was  not  possible. 

The  observation  of  the  HFS  due  to  a  29Si  atom  at  a  C  site  confirms  that  the  silicon  antisite  is 
involved  in  the  EI6  center.  The  HF  interaction  with  four  nearest  Si  neighbours  was  also  detected. 
This  HFS  and  the  C3V  symmetry  indicate  that  the  defect  is  the  isolated  Si  antisite.  The  observation 
of  the  defect  in  p-type  material  and  its  spin  S=l/2  suggest  that  the  EI6  center  is  the  silicon  antisite  in 
the  positive-charge  state  (Sic+).  It  should  be  noticed  that  both  the  g-values  and  the  HF  tensor  A  of 
this  center  change  with  temperature  as  can  be  seen  in  Table  1  for  two  different  temperatures. 
Replacing  a  C  atom  by  a  bigger  Si  leads  to  an  outward  relaxation  of  the  defect.  However,  at  low 
temperatures,  the  outward  relaxation  can  be  difficult.  Due  to  the  stress  from  the  surrounding 
environment  the  configuration  of  the  defect  is  changed  to  a  more  anisotropic  one  as  can  be  seen 
from  the  g-values.  Increasing  temperature  makes  it  easier  for  the  defect  to  relax  to  the  normal 
configuration,  which  is  less  anisotropic.  Due  to  the  outward  relaxation,  the  localisation  of  the 
wavefunction  at  the  Sic  may  reduce,  resulting  in  a  decrease  of  the  HF  constant. 

4.  Summary 

The  Ell  and  Ell’  centers  belong  to  two  different  configurations  of  the  same  defect,  whose 
electronic  structure  can  be  described  by  the  (Vc+H)°  model.  The  EI3  and  EI3’  centers  are  attributed 
to  different  configurations  of  the  (VC+2H)°  complex.  Since  the  Vc+  and  the  EI4  spectra  are 
observed  in  the  same  sample,  the  (Vc++Vc+)  model  is  suggested  for  the  EI4  center  instead  of  the 
(Vc  +VC  ),  which  we  previously  proposed.  Using  high  frequency  EPR,  we  have  identified  the  EI5 
and  EI6  centers  as  the  Vc+  and  Sic+,  respectively.  In  both  4H  and  6H  polytypes,  no  site  dependence 
of  the  EI5  and  EI6  centers  has  been  observed.  The  outward  relaxation  of  the  Sic+  is  strongly 
temperature  dependence.  This  center  acts  as  a  donor  in  p-type  materials.  Therefore,  it  may  be  used 
for  compensating  acceptors  to  make  semi-insulating  SiC. 
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Abstract:  We  used  the  magnetic  circular  dichroism  of  the  absorption  (MCDA)  and  MCDA- 
detected  electron  paramagnetic  resonance  (MCDA-EPR)  to  study  a  radiation-induced  point  defect 
in  neutron-irradiated  and  subsequently  annealed  6H-silicon  carbide.  We  found  MCD A-lines  at 
photon  energies  in  the  1.0-1.  leV  range  to  be  associated  with  EPR  spectra  for  spin  S=1  with  positive 
fine  structure  constants  around  400-10'4cm'1.  The  analysis  of  the  hyperfme  (HF)  structure  indicates 
that  the  defect  measured  is  the  excited  spin  triplet  state  of  the  neutral  Csi-Vc  antisite-vacancy-pair  at 
the  three  inequivalent  lattice  sites,  which  is  a  possible  annealing  product  of  the  isolated  silicon 
vacancy. 

Introduction 

Among  the  numerous  point  defects  created  by  irradiation  of  SiC  with  high  energy  particles  there  are 
many  spin  S=1  centers  known  from  EPR  experiments.  Most  of  them  have  tentatively  been  assigned 
to  vacancy  pairs  [1].  In  most  cases  their  optical  transitions  have  not  yet  been  found,  which  would 
allow  to  identify  the  defects  by  photoluminescence  (PL).  Moreover,  differences  between  the 
inequivalent  lattice  sites  in  hexagonal  SiC  have  not  been  resolved  in  most  cases.  We  report  on  the 
properties  of  one  of  these  radiation-induced  defects  in  6H-SiC.  Until  now  it  has  been  assumed  to  be 
a  non-radiative  recombination  center  [2],  and  only  two  different  lattice  sites  have  been  resolved  [2]. 
In  this  study,  the  identification  of  its  optical  transitions,  of  three  different  MCDA-  and  EPR  spectra 
and  of  the  hyperfme  (HF)  structure  is  presented.  The  defect  measured  is  the  excited  spin  triplet  state 
of  the  neutral  Csi-Vc  antisite-vacancy  pair  on  the  three  inequivalent  lattice  sites  in  agreement  with 
recent  calculations  [3]. 

Experimental 

6H-SiC  bulk  single  crystal  samples  grown  by  the  sublimation  sandwich  method  [4]  and  irradiated 
with  reactor  neutrons  were  used.  For  most  experiments  a  sample  annealed  at  1000°C  was  used  since 
it  provided  the  highest  signal  intensities. 

The  Electron  Paramagnetic  Resonance  (EPR)  spectra  were  detected  optically  via  the  magnetic 
circular  dichroism  of  the  absorption  (MCDA)  which  is  proportional  to  the  spin  polarization  of  the 
ground  state  [5].  The  MCDA-EPR  measurements  were  performed  in  K-band  (24GHz)  at  1.5K. 
Some  experiments  were  carried  out  in  a  double  beam  configuration,  in  which  the  sample  was 
additionally  excited  with  eiter  visible  (457.9nm-515.5nm)  or  UV  (351.lnm-363.8nm)  light  of  an 
Argon  ion  laser.  We  will  call  this  briefly  “additional  excitation”.  The  conventional  EPR  spectra 
were  measured  in  an  X-band  (9.7GHz)  spectrometer  under  illumination  of  the  sample  with  white 
light. 
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Experimental  Results 

Without  additional  excitation  and  with  the  magnetic  field  parallel  to  the  c-axis  of  the  crystal 
(0=0°),  the  MCDA  spectrum  consists  of  three  lines  labelled  P6a  (1075meV),  P6b  (1048meV)  and 
P6c  (lOllmeV).  With  additional  excitation  and  the  magnetic  field  rotated  away  from  the  c-axis, 
further  MCDA  signals  at  999meV,  1030meV,  1049meV  and  1065meV  appear  (fig.  1). 
Luminescence  lines  were  observed  at  the  same  photon  energies  as  the  MCDA  lines  under  excitation 
of  the  sample  with  above  band  gap  light  (UV)  as  well  as  with  below  band  gap  (457.9nm-515.5nm) 
light. 

In  the  P6a,  b  and  c  MCDA  lines  the  MCDA-EPR  spectra  of  Spin  S-l  centers  with  axial  symmetry 
about  the  c-axis  of  the  crystal  were  measured  (fig.  2).  Their  parameters  are  given  in  table  1,  where 
gH  and  gj_  have  their  usual  meaning  and  the  fine  structure  constant  D  is  the  zero-field  splitting 
between  the  ms=0  and  the  ms=±l  levels.  It  is  noted  that  that  the  centers  with  the  larger  photon 
energy  have  the  larger  fine  structure  constant.  They  seem  to  be  proportional  to  each  other. 

Without  additional  excitation,  both  the  high  field  and  the  low  field  MCDA-EPR  lines  are  negative, 
i.  e.  the  EPR  transitions  decrease  the  spin  polarization.  The  spin  lattice  relaxation  time  Tj  at  1.5K  is 
of  the  order  of  several  minutes.  Upon  additional  excitation,  the  high  field  MCDA-EPR  line  becomes 
inverted,  and  the  relaxation  time  Tj  is  of  the  order  of  a  few  seconds. 

To  determine  the  sign  of  D  the  relative  reduction  of  the  MCDA  line  intensity  upon  fully  saturating 
the  EPR  transitions  was  measured  after  the  spin  system  had  been  left  to  thermalize.  The  high  field 
line  for  B||c  was  the  more  intense  one  belonging  to  the  ms=-l<-^ms==0  transition.  Therefore  the  sign 


spectrum 

dll 

9± 

d  [  icrW1] 

photon  energy 
[meV] 

P6a 

nm 

2.003(1) 

456(2) 

1075(1) 

P6b 

447(2) 

1048(1) 

P6c 

2.0028(5) 

2.003(1) 

430(2) 

1011(1) 

Table  1:  Parameters  of  the  P6  center  determined  by  MCDA-EPR  at  T=1.5K 


photon  energy  [meV] 

Fig.  1:  The  MCDA  spectrum  of  neutron- 
irradiated  6H-SiC  annealed  at  1000°C.  The 
magnetic  field  of  B=2T  was  directed  0=25° 
off  the  c-axis  of  the  crystal.  The  sample  was 
additionally  excited  with  visible  laser  light. 


magnetic  field  [mT] 

Fig.  2:  MCDA-EPR  spectra  measured  in  the 
P6a,  b  and  c  MCDA  lines  under  additional 
excitation  at  0=25°.  The  microwave  frequency 
was  24GHz.  The  spectra  were  measured  at 
T=1.5K.  They  have  small  differences  in  their 
fine  structure  splitting  (table  1). 
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of  D  must  be  positive  (fig.  3).  The 
inversion  of  the  high  field  line  under 
additional  excitation  indicates  an  emissive 
EPR  transition  due  to  an  enhanced 
population  of  the  ms=0  level  in  the  case 
B||c. 

The  1065meV  MCDA  line  is  diamagnetic. 
In  the  999meV,  1030meV  and  1049meV 
MCDA  lines  MCDA-EPR  spectra  were 
measured.  Due  to  a  poor  signal  to  noise 
ratio  and  a  limited  angular  range  in  which 
the  signals  are  detectable,  a  complete 
analysis  of  the  angular  dependence  was 
very  difficult  from  the  MCDA-EPR  data. 
As  a  preliminary  result,  we  can  state  that  at 
least  the  999meV  and  the  1049meV  spectra 
seem  to  correspond  to  the  same  type  of 
center  as  the  P6  spectra,  but  with  their  fine 
structure  axes  directed  along  the  Si-C- 
bonds  which  are  inclined  by  71°  relative  to 
the  c-axis. 

Taking  over  the  notation  by  Vainer  et  al 
[1],  we  will  call  tese  the  P7  spectra.  The  P6 
and  P7  spectra  were  also  found  with 
conventional  EPR  in  the  same  sample 
under  illumination  with  hv>l.eV. 

Although  no  detailled  analysis  of  the 
annealing  behaviour  was  carried  out,  it  is 


magnetic  field 


Fig.  3:  Illustration  of  the  EPR  transitions  (left)  and 
relative  occupation  of  the  Zeeman  levels  (right)  for  the 
P6  triplet  system  at  B||c  a)  thermalized  and  b)  under 
additional  excitation  (see  text). 


magnetic  field  [mT] 


noted  that  the  P6  MCDA-spectrum  is  most  Fjg  4.  Hyperfine  structure  of  the  P6c  low  fleid  EPR 

intense  in  a  sample  annealed  at  1000°C.  In  ^  a(  gib  The  intensjty  ratio  t0  the  central  line 

samples  annealed  at  600  C  and  1200  C  it  is  corresponds  to  the  interaction  with  three  equivalent 

still  measurable,  but  weaker.  The  intensity  sdjcon  nuclei  and  one  carbon  nucleus.  The  line  marked 

ratio  between  the  P6a,  b  and  c  spectra  ^  an  asterisk  was  not  observed  in  the  MCDA-EPR 

varies  with  irradiation  and  annealing  spectra  and  belongs  t0  a  different  defect, 

parameters.  The  P6  spectrum  was  neither 

observed  in  as-irradiated  samples,  nor  in  the  unirradiated  reference  sample  of  the  same  batch. 


The  hyperfine  (HF)  structure  was  measured  with  conventional  EPR  in  order  to  avoid  saturation 
effects  which  occur  in  MCDA-EPR.  The  P6  EPR  lines  have  a  symmetric  HF  splitting  of 


A=12(l)MHz  due  to  the  interaction  with  1=1/2  nuclei  (fig.  4).  The  intensity  ratio  corresponds  to  the 
interaction  with  three  equivalent  silicon  nuclei  (29Si:  1=1/2:  4.7%  abundance)  nuclei.  Furthermore, 
for  the  P6c  line  weak  hyperfine  doublet  satellite  lines  split  symmetrically  to  the  central  line  by 
1.7mT  (A=48(l)MHz)  were  observed  for  B||c  (fig.4).  Their  intensity  with  respect  to  the  central  line 
is  0.7(2)%.  This  is  in  good  agreement  with  the  expected  intensity  ratio  of  0.55%  for  one  carbon 
nucleus  (1.1%  abundance  of  13C,  1=1/2).  The  SHF  structure  of  the  P7  spectra  was  not  resolved,  but 


their  overall  linewidth  is  the  same  as  for  the  P6  spectra. 


Discussion 

EPR  spectra  with  similar  g-factors  and  D-values  have  been  found  by  Pavlov  et  al  [6]  in  a-  and 
neutron-irradiated  SiC  (denoted  as  G6),  by  Vainer  and  Il’in  [1]  in  high  temperature  quenched  and 
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annealed  samples  (P6  and  P7  spectrum)  and  by  Son  et  al  [2]  in  as-grown  and  electron  irradiated 
materials.  From  the  sample  preparation  conditions  under  which  the  center  has  been  observed  [1,2,6] 
it  is  beyond  doubt  that  it  is  an  intrinsic/radiation-induced  defect.  Among  all  known  radiation- 
induced  spin-1  centers,  the  P6/P7  centers  are  the  only  ones  with  their  axes  directed  exactly  along 
the  Si-C  bonds,  i.  e.  they  have  the  symmetry  of  nearest  neighbour  pairs. 

The  question  is,  what  atoms/vacancies  are  at  the  neighbouring  sites.  In  principle,  there  are  four 
possibilities  for  such  a  pair  defect:  The  antisite  pair  (Csi-Sic),  the  vacancy  pair  (VSi-Vc)  and  antisite- 
vacancy  pairs  (Csi-Vc  and  VSi-Sic). 

For  the  Csi-Sic  antisite  pair  and  the  VSi-Sic  vacancy-antisite  pair  one  would  expect  a  hyperfine 
interaction  with  the  Si  antisite.  This  was  not  observed.  Furthermore,  calculations  by  Rauls  et  al  [7] 
indicate  that  Vsi-Sic  is  not  stable  at  least  in  the  neutral  charge  state. 

The  other  type  of  antisite-vacancy  pair  (Csi-Vc)  is  stable  in  the  neutral  charge  state  and  can  be 
generated  from  the  isolated  silicon  vacancy  by  the  migration  of  a  neighbouring  C-atom  into  the 
vacancy  [7].  This  model  can  explain  that  the  P6/P7  center  appears  at  temperatures  where  silicon- 
vacancy-related  centers  like  VSi0  [8]  are  annealed  out.  As  the  EPR  transitions  of  the  P6/P7  center 
enhance  the  efficiency  of  carrier  recombination  [2]  and  are  detected  in  conventional  EPR  only  upon 
illumination  of  the  sample  with  h-v>l.leV,  they  are  likely  to  arise  from  an  excited  triplet  state  from 
which  recombination  to  a  (possibly  diamagnetic)  ground  state  can  occur.  While  for  the  vacancy  pair 
(Vsi-Vc)  both  a  singulet  or  a  triplet  ground  state  may  be  possible,  the  neutral  CSi-Vc  antisite- 
vacancy  pair  can  have  S=1  only  in  an  excited  state  with  an  activation  energy  of  around  leV  over  the 
ground  state  [3].  The  positive  sign  of  the  fine  structure  constant  indicates  large  contributions  from 
spin-orbit  interactions  exceeding  the  dipole-dipole  interactions  and  indicates  that  the  electrons  are 
localized  in  a  common  orbital.  The  HF  structure  of  the  P6  spectrum  indicates  a  strong  interaction 
with  one  carbon  nucleus  and  by  a  factor  of  three  weaker  interactions  with  three  equivalent  silicon 
nuclei.  From  theoretical  calculations,  the  electron  and  spin  density  of  the  neutral  CSi-Vc  antisite- 
vacancy  pair  in  its  excited  triplet  state  is  expected  to  be  localized  mainly  at  the  carbon  antisite  and 
to  a  smaller  degree  at  the  three  silicon  neighbours  of  Vc  [3] . 

Conclusion 


The  excited  triplet  state  of  the  annealing  product  Csi-Vc  of  the  silicon  vacancy  has  been  identified. 
Its  optical  transitions  have  been  found  in  the  near  infrared  region.  It  is  noted  that  the  inequivalent 
sites  differ  primarily  in  their  zero  field  splitting  D  and  in  the  photon  energy  of  the  optical  transition. 
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Abstract  :The  intrinsic  defects  generated  by  electron  irradiation  at  energies  of  the  silicon 
deplacement  threshold  in  p-type  and  n-type  6H-SiC  have  been  investigated  by  electron 
paramagnetic  resonance  spectroscopy.  In  p-type  A1  doped  6H-SiC  two  main  intrinsic  defects  have 
been  observed.  They  were  attributed  to  Si-Frenkel  pairs  Vsi  -  Si  and  carbon  monovacancies  Vc  .  In 
n-type  material  a  different  defect  with  spin  Hamiltonian  parameters  electron  spin  S=l/2  and  an  axial 
g-tensor  (g//c=2.0026,  g±c=2.0029)  is  observed.  This  spectrum  is  characterized  by  an  unusual 
superhyperfine  interaction  with  6  equivalent  Si  and  (3+1)  equivalent  carbon  neighbours  of  equal 
magnitude.  The  C  SHF  interaction  could  only  be  determined  by  the  use  of  13C  enriched  samples. 
As  a  tentative  model  for  this  defect  the  VSi3'  -  Si  pair  center  is  proposed 

Introduction 

Electron  irradiation  has  been  shown  in  the  past  to  be  an  excellent  tool  for  the  controlled  generation 
of  intrinsic  defects.  It  has  been  applied  to  6H-SiC  and  after  high  energy  electron  irradiation  (2MeV) 
various  defects  have  been  observed[l-91.  Electron  irradiation  at  variable  energies  allows  also  to 
modify  the  nature  of  the  defects.  A  particularly  interesting  case  is  irradiation  near  the  threshold  for 
Si  or  C  atom  displacements.  In  this  case  primary  close  Frenkel  pairs  will  be  generated  whereas  for 
high  energies  spatially  separated  vacancies  and  interstitials  as  well  as  divacancies  will  be  formed. 
We  have  shown  recently  the  interest  of  such  an  approach  in  the  case  of  6H-SiC  :A1  for  irradiation 
near  the  Si  displacement  threshold  [10].  In  this  paper  we  will  resume  the  results  for  p-type  6H-SiC 
and  compare  them  to  the  different  one’s  obtained  in  n-type  6H-SiC. 

Experimental 

N-type  and  p-type  doped  bulk  6H-SiC  wafers  of  300pm  thickness  and  commercial  origin  (Cree 
Research)  have  been  used.  Typical  doping  concentrations  were  in  the  1017cm'3  to  1018cm‘  range. 
One  13C  enriched  nitrogen  doped  thick  layer  has  been  studied  in  addition.  The  samples  were 
irradiated  with  electrons  of  energy  of  350keV  to  doses  of  up  to  10l8cm‘2.  The  energy  of  350keV  is 
close  to  the  threshold  for  Si  atom  displacement  in  SiC.  X-band  EPR  studies  were  performed  at 
variable  temperatures  (4K  to  300K).  Angular  variations  of  the  EPR  spectra  were  measured  for 
rotations  of  the  magnetic  field  in  the  (11-20)  plane.  The  g-factors  were  determined  from  the 
microwave  frequency  and  the  magnetic  field  calibrated  with  a  proton  NMR  probe. 

Results  and  Discussion  In  p-type  A1  doped  samples  we  observe  (fig.l)  two  dominant  EPR  spectra 
after  typical  electron  doses  of  lxl018cm' .  The  first  spectrum  is  an  anisotropic  spectrum  which  can 
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be  described  by  a  spin  S— 1/2  and  a  g-tensor  with  principal  values  of 
gi=2.0012,g2=1.9961,g3=2.0017  with  gi,  g2  lying  in  the  (11-20)  plane  and  g2  being  oriented  41° 
from  the  c-axis.  This  spectrum,  which  has  been  already  reported  before  [7,9],  has  been  attributed 


Magnetic  field  B  (G) 

Fig.l  EPR  spectra  of  the  Vsf  -Si  and  Vc+ 
centers  in  p-type  6H-SiC;  T=300K,  B//c 


Magnetic  Field(G) 
Fig.2  Central  part  of  fig.l 


from  its  spin  Hamiltonian  parameters  to  the  positively  charged  carbon  vacancy.  However,  we  have 
shown  [11],  that  this  assignment  must  be  reconsidered;  similar  results  have  also  been  obtained  by 
[12].  The  second  one  is  an  anisotropic  three  line  spectrum  of  axial  symmetry;  it  is  characterized  by 
the  following  spin  Hamiltonian  parameters  S= 3/2,  g//c=2.0032,  gl=2.0028,D=68.7xl0'4cm'1.  Its 
HF  parameters  are  very  similar  to  those  of  the  isolated  negatively  charged  Si  vacancy  (table  1).  At 
higher  resolution  (fig.2)  the  EPR  spectrum  shows  superhyperfine  (SHF)  interaction  with  4  NN 
carbon  and  12  NNN  silicon  atoms.  However,  contrary  to  the  case  of  the  isolated  Vsf  the  4  C  NN  as 
well  as  the  12  Si  NNN  are  no  longer  equivalent  (table  1).  From  the  spin  Hamiltonian  parameters 
and  the  special  irradiation  conditions  required  for  its  formation  we  have  attributed  this  center  to  a 
negatively  charged  VSi'-Si  Frenkel  pair  defect  oriented  parallel  to  the  c  axis  In  the  n-type  nitrogen 
doped  samples  irradiated  under  the  same  conditions  we  do  not  observe  the  previous  two  vacancy 
defects.  Instead  we  observe  at  300K  one  dominant  and  different  EPR  spectrum  (fig.3)  with  axial 
symmetry,  electron  spin  S=l/2  and  g  values  of  g//c=2.00026,  glc=2.0029.  The  central  line  shows  in 
addition  different  SHF  spectra  in  the  2  to  10G  range.  The  SHF  doublet  with  the  smallest  splitting  is 
isotropic,  whereas  the  lower  intensity  doublets  with 


3C-SiC 

6H-  SiC  :N 

6H-SiC  :A1 

e-,  n°  irradiated 

n°  irradiated 

e-  irradiated 

Spin 

3/2 

3/2 

3/2 

g-tensor 

D 

giso=2.0029 

giso=2.0015 

D=0 

g//c=2.0032/gl=2.0028 

D=68.7xl0"4cm'1 

C  NN  HF  Interaction 

4  C  atoms 

4  C  atoms 

3  C  +  1  C  atoms 

T//c  (G) 

28.6 

28.8 

28.6  28.5 

Tic  (G) 

11.8 

11.6 

13.3  17.2 

Si  NNN  HF  Interaction 

12  Si  atoms 

12  Si  atoms 

3  Si  +  3  Si  +  6  Si 

Tiso  (G) 

2.92 

2.98 

3.84  3.52  2.53 

Model 

vSi- 

Va 

Vsf-Si 

Ref. 

[4] 

[5]  1 

[10] 

Table  1:  Spin  Hamiltonian  parameters  for  the  (1-)  negatively  charged  silicon  vacancy  defects  Vsf 
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Magnetic  Field  (G) 

Fig.3  EPR  spectra  of  6H-SiC:N  for  a  rotation 
in  the  (11-20)  plane;  T=300K 


Magnetic  Field(G) 

Fig.4  Experimental  and  simulated  spectra  for 
B//c;  6  Si  NNN  ,  Tiso=  2.20G 


splittings  in  the  6-10G  range  are  anisotropic.  The  isotropic  SHF  doublet  can  be  well  simulated  by 
interaction  with  6  equivalent  Si  neighbors  and  a  splitting  of  2.20G  (fig.4).  The  angular  variation  of 
the  anisotropic  SHF  structure  could  not  be  resolved  as  it  is  composed  of  different  overlapping 
components.  A  search  for  NN  related  C  and  Si  SHF  lines  in  the  10  to  40G  range  have  been 
unsuccessful  in  spite  of  in  principal  sufficient  signal  to  noise  ratios  for  the  detection  of  4NN.  We 
thus  have  to  conclude  that  this  center  does  not  present  any  strong  SHF  interaction,  comparable  to 
the  cases  of  the  Si  vacancy  (-/0)  or  the  carbon  vacancy(+).In  order  to  further  investigate  the  carbon 
SHF  interactions  we  have  irradiated  one  free  standing  thick  layer,  which  had  been  enriched  with 
13C  to  *35%.  The  EPR  spectrum  observed  at  300K  is  shown  in  fig.5.  The  apparent  overall  linewith 


Magnetic  Field(G) 

Fig.5  EPR  spectra  in  6H-Si13C:N  for  (a)  B//c  and 
(b)  Blc;  T=300K 


Magnetic  Field(G) 


Fig.6  experimental  and  simulated  EPR 
spectra  for  B//c;  (1+3)  C  NN  12/6.6G 


has  dramatically  increased  from  typically  0.5G  in  unenriched  samples  to  10G.  The  spectrum  is 
anisotropic  with  the  same  g-values  as  the  one  observed  in  non  enriched  6H-SiC.  It  shows  a  SHF 
structure  which  does  not  vary  with  the  orientation  of  the  magnetic  field.  As  the  effective  g-facors 
are  the  same  as  those  observed  in  the  non  enriched  case,  we  believe  that  we  observe  the  same 
defect.  This  is  further  confirmed  by  the  simulation  of  the  total  lineshape  of  this  spectrum.  In  fig.6 
we  present  a  simulation  of  the  spectrum  for  a  13C  enrichment  of  35%  and  a  SHF  interaction  with  4 
non  equivalent  (1+3)  carbon  atoms.  The  SHF  splittings  used  in  the  simulation  are  12.0G  (1C)  and 
6.6G  (3C)  respectively.  The  peak  to  peak  linewidth  of  the  individual  lines  is  increased  from  0.6G 
to  3.6G  due  to  inhomogeneous  broadening  by  the  35%  l3C  atoms.  The  parameters  of  this  defect  are 
presented  in  table  2.  A  simulation  of  the  spectrum  in  the  unenriched  case  taking  into  account  these 
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two  SHF  interactions  shows  that  the  anisotropic  SHF  interaction  with  splittings  in  the  6G  range 
must  be  related  to  further  interaction  with  Si  NNN.  As  the  spin  Hamiltonian  parameters  of  this 
center  do  not  allow  an  attribution  to  a  simple  silicon  or  carbon  vacancy  defect  only  a  tentative 


spin 

g-tensor 

Si  SHF 

C  SHF 

6  NNN 

1+3 

S=l/2 

g//c=2.0026 

g±c=2.0029 

Tiso=2.20G 

Tjso'=12.0G 

Tiso2'3,4=6.6G 

Table  2:  Spin  Hamiltonian  parameters  for  the  VSi3"  -  Si  center 

model  will  can  be  proposed.  The  irradiation  conditions  (electron  energy/dose)  are  the  same  in  the  p- 
type  and  n-type  samples  and  it  can  be  expected  that  the  primary  irradiation  induced  defects  are  the 
same:  Si  Frenkel  pairs  and  separated  carbon  vacancies  and  interstitials.  It  has  been  observed  in 
many  previous  studies  that  the  carbon  vacancy  related  defects  are  only  observable  in  p-type  material 
and  are  apparently  never  observed  in  n-type  samples.  A  probable  reason  for  this  might  be  carbon 
interstitial  /  vacancy  recombination  at  room  temperature.  However,  on  the  contrary  the  silicon 
vacancy  defects  with  a  high  thermal  annealing  stage  at  750°C  are  stable  at  300K.  In  this  case  the 
Fermilevel  position  -related  to  the  electrical  compensation-  must  be  at  the  origin  of  the  defect 
transformation.  If  we  assume  it  to  be  higher  in  the  n-type  doped  material,  the  only  more  negatively 
charge  state  of  the  silicon  vacancy  compatible  with  a  spin  of  S=l/2  is  the  3-  charge  state  [13].  The 
silicon  Frenkel  pair  Vsi  -  Si  aligned  parallel  to  the  c-axis  seems  thus  to  be  the  most  probable 
candidate  for  the  observed  defect.  Further  modeling  of  the  electronic  structure  of  this  defect  is 
required  to  confirm  this  assignment. 

Acknowledgments:  this  work  has  been  supported  by  a  CNRS  /  Russian  Academy  of  Science 
cooperation  program  (n°  7780) 

References 

[1]  L.A.de  S.Balona,  J.H.Loubser,  J.  Phys.  C.:  Solid  St.  Phys.  3,  (1970),  p.2344 

[2]  N.M.Pavlov,M.I.Iglitsyn,M.G.Kosaganova,V.N.Solomatin,  Sov.Phys.Semicond.  9, (1976), p.845 

[3]  V.S. Vainer,  V.A.IFin,  Sov.  Phys.  Solid  State  23,  (1982),  2125 

[4]  H.Itoh,  N.Hayakawa,  I.Nashiyama,  E.Sakuma,  J.  Appl.  Phys.  66,  (1989),  4529 

[5]  T.Wimbauer,B.K.Meyer,A.Hofstatter,  A.Scharmann,  H.Overhof,  Phys.  Rev.  B  56,  (1997),  7384 

[6]  N.T.Son,  W.M.Chen,  J.L.Lindstrom,  B.Monemar,  E.Janzen,  Mat.Science  Eng.B61,  (1999),  202 

[7]  N.T.Son,  W.M.Chen,  J.L.Lindstrom,  B.Monemar,  E.Janzen,  Materials  Science  Forum  264-268 
(1998),  599. 

[8]  E.Sorman,  N.T.Son, W.M.  Chen,  O.Kordina,  C.Hallin,  E.Janzen,  Phys.RevB61,  (2000),  2613 

[9]  D.Cha,  H.Itoh,  N.Morishita,  A.Kawasuso,  T.Oshshima,  Y.Watanabe,  J.Ko,  K.Lee,  I. 

Nashiyama,  Materials  Science  Forum  264-268,  (1998),  615 

[10]  H.  J.  von  Bardeleben,  J.  L.  Cantin,  L.  Henry,  M.  F.  Barthe,  Phys.  Rev.  B  61  (Oct  2000). 

[1 1]  V.  Ya.  Bratus,  I.  N.  Makaeeva,  S.  M.  Okulov,  T.  L.  Petrenko,  T.  T.  Petrenko  H  J  von 
Bardeleben,  Mater.  Sci.  Forum  353-356  (2001),  p.  517. 

[12]  N.  T.  Son,  P.  N.  Hai,  E.  Janzen,  Mater.  Sci.  Forum  353-356  (2001),  p.  499. 

[13]  L.  Torpo,  R.  M.  Nieminen,  K.  E.  Laason,  S.  Poykko,  Appl.  Phys.  Lett.  74  (1994),  p.  221. 


Materials  Science  Forum  Vols.  353-356  (2001)  pp.  513-516 
©  2001  Trans  Tech  Publications,  Switzerland 


EPR  Study  of  Proton  Implantation  Induced 
Intrinsic  Defects  in  6H-  and  4H-SiC 

H.J.  von  Bardeleben  and  J.L.  Cantin 

Groupe  de  Physique  des  Solides,  Universites  Paris  6  &  7,  UMR  7588  au  CNRS, 
2  place  Jussieu,  FR-75251  Paris  Cedex  05,  France 


Keywords:  Defects,  Electron  Paramagnetic  Resonance,  Implantation  Damage,  Vacancy  Defect 


Abstract.  The  intrinsic  defects  generated  by  high  energy  (12MeV)  proton  implantation  in  the  trace 
region  between  the  surface  and  the  end  of  range  have  been  studied  by  electron  paramagnetic 
resonance  spectroscopy  (EPR).  For  ion  doses  in  the  1016cm"2  range  we  observe  in  n-type  N  doped 
6H-SiC  three  paramagnetic  defects,  attributed  to  the  negatively  charged  and  the  neutral  silicon 
monovacancy  on  hexagonal  and  quasicubic  sites.  No  carbon  vacancy  related  defect  is  observed. 
The  total  introduction  rate  is  20cm'1  and  does  not  vary  with  dose.  The  simultaneous  observation  of 
the  VSi  in  the  -  and  0  charge  states  demonstrate  that  the  Fermilevel  is  pinned  by  this  defect  in  the 
electrically  compensated  samples.  A  correlation  of  the  negatively  charged  Vsi  on  hexagonal  and 
quasicubic  sites  with  the  Z1/Z2  centers  is  proposed. 

Introduction.  Ion  implantation  and  in  particular  proton  implantation  are  important  issues  for  the 
doping  of  SiC  epitaxial  layers,  electrical  isolation  and  the  elaboration  of  SiC  on  Insulator  structures 
by  the  smart  cut  technique.  In  addition  to  the  electrical  activity  of  the  implanted  ion  the  intrinsic 
defects  generated  by  the  implanted  ion  have  equally  to  be  considered  for  the  electrical 
compensation  of  the  samples.  Previous  results  for  ion  implanted  n-type  SiC  have  shown  strong 
compensation  with  the  formation  of  various  intrinsic  acceptor  like  deep  traps,  the  most  widely 
studied  being  the  D1  and  Z1/Z2  centers  [1,2].  The  nature  of  the  acceptor  like  defects  has  not  been 
established  but  they  are  believed  to  be  di vacancy  defects  Vc-Vsi. 

As  the  energies  transmitted  to  the  lattice  atoms  in  the  elastic  collisions  are  different  in  the  trace 
and  end  of  range  (EOR)  regions  the  nature  and  concentration  of  the  intrinsic  defects  is  expected  to 
be  different  in  these  two  parts  of  the  sample  also.  Generally,  it  is  difficult  to  separate  the  two 
regions  experimentally  and  often  the  distinction  between  the  defect  location  is  not  made.  However, 
the  understanding  of  the  microscopic  structure  of  the  defects  and  their  thermal  stability  in  the  two 
regions  is  a  key  parameter  for  their  successful  removal  by  high  temperature  annealing.  In  order  to 
simplify  the  experimental  situation  we  have  used  high  energy  proton  implantation  such  that  the 
implanted  ions  will  completely  cross  the  sample.  In  this  case  a  homogenous  defect  distribution  over 
the  entire  sample  thickness  can  be  expected  and  the  trace  defects  can  be  studied  separately  without 
the  interaction  from  the  EOR  defects. 

The  concentration,  nature  and  microscopic  structure  of  the  radiation  damage  defects  have  been 
studied  by  the  EPR  spectroscopy.  This  technique,  which  allows  to  obtain  from  the  spin  Hamiltonian 
parameters  of  the  different  defects  -  in  particular  the  hyperfine  interactions-  their  identification  has 
been  already  quite  successfully  applied  to  SiC.  The  main  intrinsic  defects,  which  have  been 
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attributed  previously  and  which  are  of  importance  in  this  study  are  the  negatively  charged  Si 
monovacancy,  the  neutral  Si  monovacancy  and  the  positively  charged  carbon  monovacancy  [3-6]. 
First  EPR  results  of  the  proton  implantation  related  damage  have  also  recently  been  reported  [7]. 

Experimental  details.  The  samples  used  in  this  study  were  commercially  produced  (Cree 
Research)  300pm  thick  SiC  substrates  of  6H  and  4H  polytypes.  The  samples  were  n-type  Nitrogen 
doped  at  2xlOncm3.  The  samples  were  irradiated  at  room  temperature  with  12MeV  protons  at 
doses  between  1  and  8xl016cm2.  The  samples  were  studied  by  X-band  electron  paramagnetic 
resonance  spectroscopy.  Absolute  spin  concentrations  were  determined  by  comparison  with  a  ruby 
standard  sample. 

Experimental  Results  and  Discussion.  A  first  idea  of  the  radiation  damage  and  the  projected 
range  of  the  proton  implantation  has  been  obtained  by  SRLM  2000  [8]  simulations.  The  projected 
range  for  12MeV  protons  is  700pm,  to  be  compared  to  the  sample  thickness  of  300pm.  Each  proton 
will  generate  =5  primary  Carbon  vacancies  and  primary  Silicon  vacancies  (Fig.l).  As  the 
vacancy  profile  is  rather  flat  this  corresponds  at  a  proton  dose  of  lxl016cm"2  to  average  vacancy 
concentrations  of  [Vc]=1.7xl018cm 3  and  [Vsi]=2.5xl018cm‘3.  The  simulation  program  does  not 
account  for  the  formation  of  multi  vacancies  nor  the  annihilation  of  vacancies  by  interstitial 
recombination  or  diffusion  to  the  surface.  They  represent  thus  an  upper  limit  only.  In  the  case  of  Si 
for  example  only  some  percent  of  the  primary  vacancy  concentrations  survive  the  implantation 
process. 


Figure  l:Vacancy  concentration  after  12MeV 
lxl0i6cm‘2  proton  implantation  obtained  by  SRIM 
2000  simulations 


Figure  2:  EPR  spectrum  of  6H-SiC:N 
after  a  proton  dose  of  lxl016cm'2 
B//c,  T=300K 


The  EPR  measurements  show  that  for  the  lowest  proton  dose  of  lxl016cm'2  the  samples  are  already 
electrically  compensated  at  room  temperature.  In  6H  samples  we  observe  at  300K  three  main 
paramagnetic  centers.  The  EPR  spectrum  of  the  first  center  is  shown  in  fig.2;  the  spectrum  is 
isotropic  with  g-factor  of  g=(2.0032±0.0001)1  ;  it  shows  a  central  line  of  width  ABpp=250mG  and  a 
hyperfine  (HF)  doublet  with  a  splitting  of  AB=2.94G  and  an  intensity  ratio  (doublet/central  line) 
characteristic  for  the  HF  interaction  with  12  silicon  next  nearest  neighbours.  At  higher  gain  the 
additional  anisotropic  HF  interaction  with  4  equivalent  nearest  carbon  atoms  is  also  observed.  This 
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Figure  3:  EPR  spectrum  of  6H-SiC:N  after  a 
proton  dose  of  lxlOl6cm*2; 

B//c,  T=300K 


Figure  4:  Silicon  vacancy  concentrations(Vsi°, 
VSi°h,  Vsi°cl,c2 )  as  a  function  of  proton 
dose 


spectrum  has  been  observed  before  and  has  been  attributed  to  the  negatively  charged  silicon 
monovacancy  Vsf[3].  It  is  a  spin  S=3/2  center  with  unresolved  zero  field  splitting.  No  site 
dependence  has  been  reported  for  this  center. 

For  larger  field  scans  two  additional  anisotropic  EPR  spectra  are  observed  (fig.3).  For  B//[0001] 
they  are  characterised  by  doublets  with  splittings  of  90.4G  and  19.3G  respectively  and  linewidth  of 
3G.  Their  angular  variation  for  a  rotation  of  the  magnetic  field  in  the  (11-20)  plane  has  been 
measured  and  their  spin  Hamiltonian  parameters  have  been  determined  to  S=l,  g//c=  2.0032, 
gic=2.0032,  D=42.8x104cm‘1  and  S=l,  g//c=  2.0032,  gic=2.0032,  D=9xl0"4cml. 

A  comparison  with  previously  reported  results  (table  1)  shows  that  the  two  defects,  which  are 
always  simultaneously  observed,  are  identical  with  the  Tv  [4]and  P  [9]centers.  The  Tv  centers  were 
observed  in  electron  irradiated  SiC  and  have  been  attributed  to  the  neutral  silicon  vacancy  on  the 
two  non  distinguished  quasicubic  and  the  hexagonal  sites  [4].  The  identical  zero  field  splitting 
parameters  D  leave  no  doubt  that  in  the  three  cases  the  same  defects  were  observed.  The  slight 
differences  in  the  g-factor  are  attributed  to  experimental  errors  and/or  T  effects.  We  adopt  equally 
the  model  proposed  in  [4]  on  the  basis  of  the  29Si  SHF  interaction.  The  same  defects  have  equally 
been  observed  before  [9]  and  were  named  P3/P5.  The  defect  model  proposed  at  that  time  was  a 
divacancy  pair;  however  the  assignment  is  believed  to  be  erroneous.  In  [9]  the  Si  NNN  HF 


Center 

Exp.Tech.  /T(K) 

g// 

g± 

D  (lO'W) 

Model  /  reference 

EPR/300K 

2.0032 

2.0032 

9.0 

VSi°  /  this  work 

EPR/300K 

2.0032 

2.0032 

42.8 

VSi°  /  this  work 

Tvia/  Tv3a 

ODMR/ 2 

2.0035 

2.0037 

9.2 

Vsiu(cl,c2)/[4] 

Tv2a 

ODMR/ 2 

2.0035 

2.0038 

42.8 

Vsiu  (h)/  [4] 

P5 

EPR  /  77K 

2.0026 

2.0031 

9.0 

Vsi-Vc/  [9] 

P3 

EPR  /  77K 

2.0026 

2.0031 

43.0 

Vsi-Vc/[9] 

Table  1:  Spin  Hamiltonian  parameters  of  the  two  S=1  centers  measured  in  this  work  and  the  S=1 
centers  reported  in  previous  ODMR  and  EPR  studies;  estimated  errors  Ag=  ±0.0002  ,  AD=±0.2xI0 
cm'1 
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interaction  as  well  as  the  NN  HF  with  4  NN  C  atoms  was  in  addition  resolved  for  both  P3  and  P5; 
values  close  to  those  of  Vsf  were  found;  this  can  be  taken  as  a  further  confirmation  of  the  Vsi° 
model.  Note,  that  the  P3/P5  centers  were  observed  as  thermally  induced  defects  in  high  temperature 
quenched  samples. 

In  fig-4  we  show  the  variation  of  the  defect  concentrations  with  the  proton  dose;  in  the  entire  dose 
range  these  four  defects  remain  the  dominant  paramagnetic  centers.  The  total  VSi  concentration  is 
only  =5%  of  the  one  expected  from  the  SRIM  simulation.  Similar  results  were  equally  obtained  for 
n-type  4H-SiC  [7]. 

The  simultaneous  observation  of  the  Vsi  mono  vacancy  in  two  charge  states  under  thermal 
equilibrium  conditions  demonstrates  that  this  defect  pins  the  Fermilevel.  The  nearly  constant 
concentration  ratio  of  the  1-  and  0  charge  states  between  proton  doses  of  1  and  8xlOI6cm'2  indicates 
that  the  overall  electrical  compensation  (Nd-Na)  is  constant.  The  EPR  results  can  be  compared  with 
electrical  measurements  on  proton  implanted  n-type  6H-SiC.  Lebedev  et  al[10]  have  reported  I(V) 
and  C(V)  studies  on  p+/n  junctions  implanted  with  8MeV  protons.  They  have  observed  two  main 
implantation  induced  defects  the  R  center  at  Ec-1.27eV  and  Z1/Z2  centers  at  Ec-0.6/0.7eV.  DLTS 
measurements  have  equally  been  reported  [11]  on  n-type  samples  submitted  to  50keV  and  120keV 
proton  implantation  at  1015-1016cnr  doses.  Under  these  conditions  the  Z1/Z2  as  well  as  a  ‘P’center 
at  Ec-0.35eV  have  been  detected.  It  confirms  previous  observation  that  the  Z1/Z2  center  is  a 
dominant  implantation  induced  acceptor  center.  Considering  our  EPR  results  the  association  of 
Z1/Z2  with  the  silicon  monovacancy  VSj'/0  on  quasicubic  and  hexagonal  sites  is  tempting.  As  the 
Z1/Z2  center  is  thermally  stable  up  to  1500°C  this  seems  to  be  conflicting  with  the  known 
annealing  stage  at  750°C  of  Vsi  in  electron  irradiated  material.  However,  the  fact  that  Vsi  is  also  a 
high  temperature  thermal  defect  changes  this  appreciation.  The  photoexcitation  spectrum  of  the 
P3/P5  defects  with  a  threshold  at  0.8eV  is  a  further  argument  for  this  model;  an  optical  threshold  of 
0.8eV  is  in  good  agreement  with  the  thermal  ionisation  energy  of  the  Z1/Z2  centers  of  =0.7eV; 
within  this  model  it  corresponds  to  the  photoionisation  of  the  negatively  charged  silicon  vacancy 
according  to  Vsf  ->  VSi°  +  ecb . 

Conclusion:  proton  implantation  in  n-type  6H-SiC  induces  in  the  trace  region  one  dominant 
intrinsic  defect,  the  silicon  monovacancy.  This  defect  is  electrically  active  and  introduces  various 
levels  in  the  gap.  The  correlation  of  the  Z1/Z2  center  with  Vsi_/  is  proposed.  No  evidence  for 
di  vacancy  defects  have  been  found. 
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Abstract 

The  EPR  spectra  produced  in  boron-doped  6H-SiC  by  2  MeV  electron  irradiation  are 
described.  Three  axially  symmetric  near  77  K  spectra  Kyi  with  gp  =  2.0035  and  gii  =  2.0041,  Ky2 
with  g||2  =  2.0028  and  g±2  =  2.0046,  Ky3  with  gp  =  2.0024,  gj_3  =  2.0048  and  with  relatively  strong 
hyperfine  splittings  have  been  detected.  Based  on  the  intensity  ratio  of  HF  satellites  to  the  central 
line  these  spectra  have  been  assigned  to  carbon  vacancy-related  defects.  Due  to  the  similarity  of  HF 
parameters  spectra  Kyi  and  Ky2  have  been  tentatively  attributed  to  the  same  defect  in  inequivalent 
crystal  sites.  The  results  of  preliminary  ab  initio  calculations  of  carbon  vacancy  in  different  charge 
states  are  briefly  discussed. 

Introduction 

Intrinsic  defects  in  silicon  carbide  are  studied  by  electron  paramagnetic  resonance  (EPR) 
over  many  years  [1,2].  A  complex  situation  with  numerous  spin  S— 1/2,  S=1  and  S=3/2  defects  has 
been  revealed  [3-5].  In  spite  of  highly  extensive  investigations,  structure  of  most  of  the  defects  is 
still  unclear.  The  tentative  models  are  generally  based  on  the  analysis  of  a  hyperfine  (HF) 
interaction  with  the  nearest  and  next-nearest  neighbors,  which  are  well  resolved  in  the  EPR  spectra. 
The  microscopic  structure  of  an  isolated  negatively  charged  Si  vacancy  (VsD  in  the  high  spin  state 
S=3/2  [6]  is  alone  completely  understood  now  in  SiC.  Certain  of  the  EPR  spectra  have  been 
assigned  to  a  single  positively  charged  carbon  vacancy  (Vc+)  and  Vc-related  defects  in  3C-SiC  [7] 
and  recently  in  4H-  and  6H-SiC  [8,9].  No  site  dependence  has  been  observed  for  both  Vsf  and  Vc 
defects  in  the  EPR  spectra.  The  observation  of  new  EPR  spectra  in  electron-irradiated  boron-doped 
6H-SiC  samples  is  presented  in  this  report.  Three  spectra  with  relatively  strong  HF  splittings  have 
been  detected.  Based  on  the  intensity  ratio  of  HF  satellites  to  the  central  line  the  spectra  have  been 
assigned  to  carbon  vacancy-related  defects.  Due  to  the  similarity  of  HF  parameters  two  spectra  have 
been  tentatively  attributed  to  the  same  defect  in  inequivalent  crystal  sites. 

Experimental 

The  samples  were  high  quality  Lely-grown  450  pm  thick  crystals  of  6H-SiC  with  boron 
content  about  4T017  cm'3.  The  electron  irradiation  was  performed  at  77  K  with  2.0  MeV  electron 
beam  parallel  to  the  c-axis  up  to  the  dose  of  lxlO18  cm’2.  The  X-band  EPR  studies  were  done  in  the 
4-300  K  temperature  range.  Most  of  the  K-  and  Q-band  EPR  measurements  were  performed  at  77K. 
The  angular  variation  of  the  EPR  spectra  was  measured  for  a  rotation  of  the  magnetic  field  in 

(112  0)  and  (1100)  crystals  plane.  The  g-values  of  irradiation  induced  defects  were  determined  with 
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a  precision  of  Ag  -  ±  0.0001  via  a  microwave  frequency  counter  and  a  calibration  of  the  magnetic 
field  by  a  proton  NMR  probe  (X-band)  and  relative  to  the  g-values  of  EPR  spectrum  of  shallow 
boron  observed  upon  UV  illumination  (K-  and  Q-band). 

Results  and  discussion 

The  EPR  spectrum  of  a  shallow  boron  [10]  was  found  in  the  initial  crystals  before 
irradiation.  After  irradiation  four  different  EPR  spectra  are  observed  near  g  =  2.0  over  a  temperature 
range  4  -  300  K,  a  shallow  boron  resonance  is  detected  only  upon  UV  illumination  at  T  <  130  K. 
Fig.  1  shows  the  spectra  observed  at  the  Q-band  at  77  K  for  two  orientation  of  the  magnetic  field  B. 


Fig.  1 .  Q-band  EPR  spectra  of  electron 
irradiated  6H-SiC<B>  for  orientation 
of  the  magnetic  field  B  parallel  (0  -  0°) 
and  perpendicular  (0  =  90°)  to  the  c- 
axis.  For  four  spectra  and  B  ||  c 
positions  of  the  central  line  and 
corresponding  hyperfme  doublets  are 
indicated  by  bold  and  narrow  arrows, 
respectively. 


Each  of  three  spectra  labeled  Kyi,  Ky2  and  Ky3  is  composed  of  an  intense  central  line  and  a  group 
of  hyperfme  lines.  The  HF  structure  of  the  broader  line  labeled  Ky4  can  only  be  found  at  a  higher 
gain.  Closely  spaced  central  lines  of  spectra  Ky2  and  Ky3  superimpose  on  one  another  at  the  X- 
band.  Due  to  the  long  relaxation  time  the  central  lines  of  spectra  Kyi,  Ky2  and  Ky3  are  readily 
saturated  in  the  temperature  range  4  -  40  K  while  the  hyperfme  satellites  are  saturated  at  one  order 
of  microwave  power  higher  level.  It  should  be  noted  that  the  outer  HF  doublet  of  spectrum  Ky3  is 
only  seen  at  T  >  40  K.  These  aspects  make  the  interpretation  of  experimental  data  more  complicated 
and  the  determination  of  low-temperature  symmetry  of  the  defects  related  to  the  observed  EPR  lines 
is  still  in  progress.  Central  lines  of  spectra  Ky2,  Ky3  and  Ky4  at  77  K  and  spectrum  Kyi  at  100  K 
have  axial  symmetry  around  the  [0001]  axis.  They  are  described  by  the  spin  Hamiltonian 

H  =  jLiB-BgS, 

where  the  effective  electron  spin  S  =  1/2  and  pe  is  the  Bohr  magneton.  The  g-values  are  equal  to 
glli  -  2.0035,  gn  =  2.0041;  gjp  =  2.0028,  g±2  =  2.0046;  gp  =  2.0024,  gi3  =  2.0048  for  spectra  Kyi, 
Ky2  and  Ky3,  respectively.  Slightly  anisotropic  spectrum  Ky4  with  gji4  =  2.0016  and  g14  =  2.0025 
will  no  longer  be  discussed  here. 

At  4  K  the  HF  structure  of  each  of  the  spectrum  Kyi  and  Ky2  involves  three  doublets  with 
an  intensity  ratio  approximating  1:2:1  (Fig.  2a).  At  T  >  30  K  a  position  of  closely  spaced  inner 
doublets  is  averaged  and  at  T  =  77  K  the  HF  structure  rearranges  to  two  doublets  with  intensity  ratio 
of  about  1:3.  At  the  later  temperature  two-doublet  HF  structure  with  the  same  intensity  ratio  have 
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been  found  for  spectrum  Ky3.  For  each  of  these  spectra  the  total  intensity  of  HF  lines  is  about  0.21 
±  0.02  as  compared  to  that  of  the  central  line.  This  ratio  is  approximately  more  than  29Si  nucleus 
natural  abundance  (4.7%,  nuclear  spin  I  =  1/2)  by  a  factor  of  4.  It  gives  the  evidence  that  the 
hyperfine  structure  of  spectra  Kyi,  Ky2  and  Ky3  arises  from  the  interaction  between  the  electron 
spin  and  the  nuclear  spins  of  four  nearest-neighbor  29Si  atoms. 


Magnetic  Field,  mT 


a  b 

Fig.  2.  a  -  Temperature  dependence  of  the  hyperfine  structure  of  spectra  Kyi  and  Ky2.  b  -  Angular 


variations  of  the  hyperfine  structure  of  spectra  Kyi  and  Ky2  in  (1 1  2  0)  plane  at  77  K.  The  spectra 
are  shifted  keeping  the  position  of  spectrum  Ky2  central  line  the  same  as  for  0  =  0°. 


The  hyperfine  interaction  for  all  these  spectra  has  quasi-axial  symmetry  around  the  nearest- 
neighbor  directions,  the  largest  value  is  observed  for  single  29Si  nucleus  lying  along  the  c-axis  (Fig. 
1  and  Fig.  2b).  The  numerical  values  of  the  Fermi  contact  isotropic  term  a  —  (Ay  +  2Ai)/3  and 
anisotropic  term  b  =  (Ay  -  A_l)/3  of  HF  interaction  for  such  nuclei  are  equal  to  a\  =  128.9  MHz,  b\  = 
15.6  MHz,  ai  =  140.9  MHz,  bj  -  19.5  MHz,  a 3  =  325.6  MHz,  b 3  =  43.2  MHz  for  spectra  Kyi,  Ky2 
and  Ky3,  respectively.  It  should  be  pointed  out  that  HF  splittings  are  temperature  independent  for 
spectra  Kyi  and  Ky2  at  T  >  77  K  (Fig.  2)  while  a  reduction  of  HF  parameters  up  to  12%  is 
observed  for  spectrum  Ky3  in  the  temperature  range  77-300  K.  Spectra  Kyi  and  Ky2  belong  to  the 
defects  with  identical  spin  and  close  values  of  HF  interaction.  Their  intensity  ratio  being  about  of 
1 :2,  so  it  is  reasonable  to  suggest  that  these  spectra  are  descended  from  the  same  carbon  vacancy- 
related  defect  in  three  inequivalent  sites  of  6H-SiC  crystal. 

After  assignment  of  spectrum  T5  in  cubic  SiC  to  isolated  carbon  vacancy  Vc+  [7]  it  is 
generally  agreed  that  HF  splitting  for  this  defect  is  in  the  range  of  1.48  -  2.03  mT  [8,9].  Our 
revealing  of  the  Vc-related  defects  with  higher  values  of  HF  splittings  have  stimulated  the 
calculations  of  the  symmetry,  spin  state  and  hyperfine  coupling  parameters  for  carbon 
monovacancy  and  impurity-carbon  vacancy  pair.  It  is  not  inconceivable  that  impurity-vacancy 
complex  is  relevant  in  our  case  since  strong  hyperfine  interaction  with  a  single  silicon  atom  has 
been  found  for  a  group  of  impurity-vacancy  pairs  in  silicon  [1 1].  Up  to  now  carbon  vacancy  in  the 
charge  states  of  1+,  0  and  1-  and  neutral  (BSj-Vc)  complex  have  been  examined.  Calculations  have 
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been  performed  for  a  defect  in  cubic  lattice  site  using  tetrahedral  52-  atom  clusters  Si4Ci2H36  and 
Si3BCi2H36.  The  cluster  geometry  has  been  fully  optimized  at  UHF/6-31G(d)  level  of  theory  [12] 
with  fixed  H  atoms.  Final  gradient  corrected  DFT  calculations  in  the  basis  of  Gaussian  functions 
have  been  carried  out  with  previously  obtained  equilibrium  structure.  Becke’s  3-parameter 
functional  including  both  local  and  nonlocal  terms  has  been  used.  Hyperfine  interaction  with  nearest 
and  next-nearest  neighbor  atoms  has  been  analyzed  with  the  use  of  the  determined  spin  density 
matrix. 

Geometry  optimization  leads  to  the  minimum  with  Cs,  C3V  and  Td  symmetry  and  spin  state 
of  S  =  1/2,  S  =  1  and  S  =  3/2  for  Vc\  Vc°  and  Vc~5  respectively.  Calculation  of  HF  parameters  for 
Vc+  shows  a  small  deviation  from  the  axial  symmetry.  Close  to  observed  for  spectra  Kyi  and  Ky2 
values  of  a  «  159  MHz  and  b  »  30  MHz  are  obtained  for  a  Si  atom  with  the  largest  HF  interaction. 
For  a  (BsrVc)  complex  an  increase  of  the  spin  density  on  one  Si  atom  {a  »  381  MHz  and  b  «  65 
MHz),  much  smaller  and  equal  values  on  two  equivalent  Si  atoms  {a  *  77  MHz  and  b  «  1 1  MHz), 
and  negligible  spin  density  on  boron  atom  are  found.  Hence  a  ratio  of  1 :2  is  expected  for  the  HF 
doublets  opposite  to  the  observed  ratio  of  1:3  for  a  spectrum  Ky3.  Examination  of  alternative 
models  as  well  as  more  precise  determination  of  HF  coupling  parameters  for  V<t  with  the  use  of 
70-atoms  cluster  and  more  complete  basis  set  is  now  in  progress.  Similar  calculations  for  well- 
known  shallow  boron  and  Vsf  defects  in  SiC  give  an  excellent  agreement  with  the  experimental 
values. 

In  summary,  four  EPR  spectra  with  an  effective  electron  spin  S  —  1/2  have  been  observed  in 
electron-irradiated  boron-doped  6H-SiC.  Based  on  the  analysis  of  a  hyperfine  interaction  three  of 
them  have  been  attributed  to  the  vacancy-related  defects  at  a  carbon  site.  According  to  the  similarity 
of  HF  parameters  and  their  temperature  behavior  two  spectra  are  assumed  to  belong  to  the  same 
defect  in  three  inequivalent  sites  of  6H-SiC  crystal.  For  all  these  defects  the  strongest  HF  interaction 
has  been  found  for  a  single  Si  atom  lying  along  the  hexagonal  axis.  Preliminary  ab  initio 
calculations  of  carbon  vacancy  in  different  charge  state  have  revealed  that  only  Vc+  possesses  spin 
S  =  1/2.  The  calculated  HF  coupling  parameters  for  Vc+  have  values  higher  than  observed  in  cubic 
SiC  and  close  to  that  of  the  present  study. 

This  work  was  partially  supported  by  INTAS  97-2141  grant. 
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Abstract.  We  report  on  the  electron  paramagnetic  resonance  observation  of  deep  Al  in  4H-SiC. 
EPR  spectra  due  to  deep  Al  acceptors  in  two  positions  in  the  lattice  was  observed.  In  both  cases 
symmetry  of  the  center  is  almost  axial  along  c-axis.  Deep  Al  acceptors  in  4H-SIC  consist  of  Al 
atom  in  Si  position  next  to  carbon  vacancy  along  c-axis.  EPR  of  deep  B  in  as-grown  SiC  doped 
during  growth  was  observed  for  the  first  time. 

l.Introduction 

It  is  well  known  that  group-III  acceptor  impurities  can  form  deep  and  shallow  levels  in  SiC 
bandgap.  Structure  of  the  shallow  group-III  acceptor  centers  in  SiC  is  well  established  by 
radiospectroscopic  investigations  [1-4].  In  silicon  B,  Al  and  Ga  form  a  sequence  of  energy  levels 
with  B  being  the  shallowest.  In  SiC  the  situation  is  quite  another:.  There  is  considerable  difference 
in  the  structures  of  B  on  one  hand  and  Al  and  Ga  on  the  other.  All  group-III  impurities  occupy  Si 
sites.  Boron,  being  smaller  than  Si,  moves  to  off-center  position  and  it's  energy  level  becomes 
deeper  than  that  of  Al  [3,4].  Shift  of  B  atom  to  off-center  position  leads  to  change  in  the  electron 
paramagnetic  resonance  (EPR)  spectra  [2-4].  While  Al  and  Ga  show  effective-mass  behavior  with 
very  anisotropic  g-factor,  shallow  B  g-factor  is  nearly  isotropic.  Besides  shallow  impurities,  deep 
group-III  centers  could  be  observed  in  SiC.  Up  to  now  deep  B  in  6H-[3,5],  4H-  [6]  and  3C-SiC  [6] 
as  well  as  deep  Al  and  deep  Ga  [3]  in  6H-SiC  were  investigated  by  EPR.  Preliminary  studies  of 
electron  nuclear  double  resonance  (ENDOR)  of  deep  Al  in  4H-SiC  have  been  reported  [7].  Studies 
of  EPR  and  ENDOR  of  deep  acceptor  centers  of  boron  allowed  to  establish  it's  structure:  a  BSj  -  Vc 
pair  [3,5].  Complex  is  oriented  along  c-axis  for  all  non-equivalent  positions  of  the  impurity  in  the 
lattice.  Similarity  of  the  behavior  of  EPR  signals  of  deep  Al  and  deep  Ga  with  that  of  deep  B  in  6H- 
SiC  allowed  to  suppose  that  deep  Al  and  Ga  acceptors  have  the  same  structure  as  deep  B.  Up  to  this 
work  the  EPR  of  deep  B  could  only  be  observed  in  SiC  after  B  diffusion  and  was  not  observed  in  as 
grown  SiC  crystals. 

2.  Experimental  method 

We  have  investigated  p- type  4H-SiC  crystals  heavily  doped  with  Al  (jVAi  =  1020cm'3).  A  bulk  4H- 
SiC  crystal  was  grown  by  sublimation  sandwich  method  in  vacuum  at  2050°C  with  growth  rate  0.8 
mm/h.  The  crystal  was  Al-doped  during  growth  and  contains  also  trace  boron  impurity  with 
concentration  1017  cm3.  Investigations  was  carried  out  on  conventional  EPR  X-band  (9.15GHz) 
spectrometer  in  the  temperature  range  3.5  -  300K.  The  crystal  was  oriented  for  rotation  in  {112  0} 
plane. 
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Fig.  1.  EPR  spectra  in  4H-SiC:Al  in  Fig.  2.  Temperature  dependence  of  dAl 
different  orientations  of  a  crystal.  Inset  signal  for  B\\c. 
shows  EPR  signal  of  deep  B  for  0=40°. 


3.  Experimental  results. 

The  Fig.  1  shows  the  EPR  spectra  recorded  for  several  orientations  in  4H-SiC:Al  crystal  at 
3.5K.  In  the  orientation  B  ||  c  (0  =  0°)  one  can  see  three  distinct  EPR  signals.  One  (consisting  of  two 
broad  lines)  is  marked  as  dAl  (deep  Al).  It  has  angular  dependence  very  close  to  that  observed  for 
deep  Al  centers  in  6H-SIC  [3].  Symmetry  of  this  center  is  almost  axial  along  the  c-axis  and  the 
signal  can  be  characterized  with  electron  spin  S  =  1/2  and  the  following  g-factors:  gy= 2.35;  2.23.  In 
B\\c  two  lines  could  be  seen  for  dAl  signal  at  3.5K.  They  appear  due  to  the  presence  of  Al  impurity 
in  two  crystallographically  non-equivalent  h  and  k  lattice  sites.  As  in  the  case  of  deep  Al  and  deep  B 
in  6H-SiC  we  believe  that  the  low-field  line  in  dAl  signal  belongs  to  Al  in  h-site  in  the  lattice. 
Contrary  to  previous  observation  of  deep  Al  in  6H-SiC  [3],  in  this  sample  the  deep  Al  EPR  signal  is 

not  masked  by  a  signal  from  shallow  Al  acceptors. 
EPR  intensity  of  shallow  Al  signal  is  at  least  200 
times  of  magnitude  smaller  than  that  of  deep  Al 
and  could  be  hardly  observed. 

The  dAl  EPR  signal  has  strong  temperature 
dependence  which  is  shown  in  Fig.  2  for  B  \\  c 
orientation.  This  dependence  is  qualitatively  the 
same  as  for  deep  Al  in  6H-SIC:  when  the 
temperature  is  raised,  the  signal  for  B  ||  c  moves  to 
higher  magnetic  fields  (gy  lowers)  and  it's  intensity 
decreases.  But  while  EPR  of  deep  Al  in  6H-SiC 
almost  disappears  at  9K,  in  4H-SIC  it  can  be 
observed  up  to  70K.  Since  the  g-factors,  angular 
and  temperature  dependence  of  this  signal  are  very 
close  to  that  of  deep  Al  in  6H-SIC,  we  ascribe  it  to 
deep  Al  acceptor  centers  in  4H-SIC.  This 


T 

211 

gi 

3.5 

2.24+0.05 

1.90+0.1 

2.35+0.05 

1. 8+0.1 

4K 

2.14+0.05 

2.00+0.1 

8K 

2.10+0.02 

2.00+0.1 

15K 

2.08+0.02 

2.01+0.05 

21K 

2.07±0.02 

2.01+0.05 

30K 

2.07+0.02 

2.02+0.05 

45K 

2.06+0.02 

2.02+0.05 

Table  1.  The  g-factors  of  deep  Al  signal 


for  several  temperatures. 
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assumption  was  proved  by  investigation  of  ENDOR,  which  allowed  to  observe  hyperfine  and 
quadruple  splitting  due  to  27 A1  nuclear  spin  (/=  5/2)  [7]. 

Angular  dependence  of  dAl  g-factors  at  different  temperatures  is  shown  in  Fig.  3.  The 
observed  values  are  listed  in  Table  1.  It  is  difficult  to  find  gj_  and  it  could  only  be  estimated  from 
the  extrapolation  of  available  experimental  data.  Lines  in  Fig.  3  show  angular  dependence 
calculated  using  the  g-factors  from  the  Table  1.  From  Fig.  3  one  can  see  that  symmetry  of  the  dAl 
center  is  axial  for  all  available  temperatures  within  experimental  error.  It  is  evident  from  Fig.  2  and 

Fig.  3  that  deep  A1  in  h- position  (a  line  with  the 
maximum  g-factor)  has  stronger  temperature 
dependence  and  is  almost  undetectable  at 
temperatures  higher  than  4K.  The  same  behavior 
was  observed  for  deep  A1  in  6H-SiC. 

Fig. 4  shows  temperature  dependence  of  the 
g-factors.  It  can  be  seen  that  dependence  of  the  gy 
and  gi  are  different:  while  gy  lowers  when  the 
temperature  is  raised,  gi  increases.  The  rate  of 
changes  of  g\\  and  g±  are  the  same  within  accuracy 
of  the  g-factor  determination.  Both  values  approach 
0  10  20  30  40  some  average  value  of  2.04. 

Angle  0  (Degree)  The  line  marked  as  sB  in  Fig.  1  arises  due  to 

shallow  B  centers.  Boron  is  a  common  trace 
Fig.  3.  Angular  dependence  of  dAl  g-  impurity  in  /7-type  SiC.  The  signal  named  in  Fig.  1 
factors  for  different  temperatures.  as  ^B  (deep  B)  has  angular  and  temperature 

dependence  completely  the  same  as  that  of  deep  B 
signals  that  was  found  earlier  in  4H-SIC  after  B 
diffusion  [6].  The  inset  in  the  figure  shows  this 
signal  for  orientation  0  =  40°  in  which  the 
characteristic  hyperfine  structure  due  to  nB  nuclear 
spin  (/  =  3/2)  is  well  resolved  for  two  positions  of 
B  atom  in  the  lattice.  This  signal  belongs  to  deep  B 
centers.  It  is  interesting  since  up  to  now  EPR  of 
deep  B  could  be  observed  only  in  the  crystals  that 
were  doped  by  diffusion  while  this  sample  was 
doped  during  growth  and  boron  is  a  trace  impurity. 

Temperature  (K)  4.  Discussion 

Fig.  4  Temperature  dependence  of  the  We  believe  that  deeP  A1  has  the  same  structure  as 
g-factors  of  deep  A1  other  deeP  accePtor  centers  in  SiC  [3,5].  It  is  shown 

in  Fig. 5:  a  complex  of  an  impurity  in  Si  site  next  to 
carbon  vacancy.  Investigation  of  angular  dependence  shows  that  the  center  is  oriented  along  c-axis 
for  all  crystallographic  positions  (see  Figs  5a,  5b).  This  model  was  proved  for  deep  B  centers  by 
first  principle  calculations  which  establish  Bsj-Vc  complex  as  its  origin  [8]. 

It  could  be  clearly  seen  in  Fig.  1  that  in  B  ||  c  direction  the  EPR  lines  of  deep  A1  are  very 
broad  and  they  become  narrower  when  the  crystal  is  rotated  away  from  B\\  c.  This  effect  was  first 
noticed  for  deep  B,  A1  and  Ga  in  6H-SiC  and  could  be  explained  as  influence  of  random  strain  in 
the  crystal.  This  random  strain  in  the  crystal  arises  from  a  difference  in  local  environments  of  the 
individual  centers.  For  B\\c  this  strain  leads  to  spread  of  the  g-factors  and  thus  to  line  broadening. 
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This  assumption  of  influence  of  g-strain  on  the  EPR 
spectra  was  proved  by  EPR  measurements  on  high 
(95GHz)  frequency  spectrometer  [5]. 

Deep  AI  EPR  signal  has  strong  temperature 
dependence.  It  is  also  important  that  anisotropy  of 
the  EPR  signals  decreases  when  the  temperature 
increases.  It  can  be  clearly  seen  in  Figs.  3  and  4:  a 
signal  at  high  temperatures  is  nearly  isotropic. 
Mechanism  of  this  dependence  is  not  easy  to 
unravel.  One  can  think  that  both  effects  of  g-factor 
spread  and  it's  dependence  on  the  temperature  have 
the  same  origin.  We  believe  that  distribution  of  the 
hole  among  energy  levels  of  the  center  plays  the 
main  role  in  both  effects.  Possible  influence  of 
dynamic  Jahn-Teller  effect  on  temperature 
dependence  of  the  g-factor  should  also  be  considered 
[5,8]. 

Important  point  is  nearly  complete  absence  of 
shallow  Al  signals  and  presence  of  deep  B  in  the 
studied  sample.  This  implies  that  growth  conditions  favor  formation  of  deep  centers,  i.e.,  complexes 
of  impurities  with  Vc.  The  origin  of  excess  vacancies  is  deviation  from  stoicheometry  during 
growth  process.  At  low  growth  temperatures  (2000°C)  vapor  phase  is  Si-enriched.  Excess  Si  (and, 
consequently,  Vc),  is  introduced  into  the  sample.  Carbon  vacancies  act  as  donors  and  when 
concentration  of  acceptors  (Al  in  our  case)  is  high,  their  concentration  also  increases.  The  third 
reason  is  high  growth  rate  (0.8  mm/h)  that  also  lead  to  great  number  of  Vc.  These  vacancies  form 
complexes  with  Al  and  B  atoms  which  could  be  detected  as  deep  acceptor  centers.  Nearly  no 
shallow  Al  could  be  found  in  the  sample  and  all  Al  atoms  formed  complexes  with  Vc.  Only  small 
part  of  B  atoms  are  involved  in  B-Vc  complexes.  This  is  perhaps  because  AI-VC  complex  is  more 
stable  than  B-Vc  one.  We  have  performed  a  high-temperature  annealing  of  this  sample  in  order  to 
destroy  deep  Al  centers.  It  was  found  that  they  are  stable  at  least  up  to  2200°C. 
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Abstract 

In  this  paper  we  present  high-frequency  (95  GHz)  pulsed  electron  paramagnetic  resonance  (EPR)  and 
electron  nuclear  double  resonance  (ENDOR)  measurements  on  the  nitrogen  (N)  donor  in  4H-SiC  ( k 
site)  and  6H-SiC  (h,  k\  and  k2  sites).  From  the  hyperfine  interaction  of  the  unpaired  electron  spin  of 
the  donor  with  the  13C  and  29Si  nuclei,  the  distribution  of  the  electronic  wave  function  of  the  N  donor 
is  determined.  The  main  part  of  the  spin  density  in  4H-SiC  is  located  on  the  Si  sublattice  and  the 
wave  function  contains  a  relatively  large  fraction  of  Si  p-character.  For  the  three  sites  in  6H-SiC  the 
main  part  of  the  spin  density  is  located  on  the  C  and  the  wave  function  is  built  mostly  of  s  like  C 
atomic  orbitals.  Comparing  the  three  sites  in  6H-SiC,  the  h  site  wave  function  has  the  largest 
delocalization  and  is  most  isotropic.  The  k2  site  wave  function  is  most  localised  and  less  isotropic. 
The  difference  in  behaviour  of  the  wave  function  in  4H  and  6H  polytypes  seems  to  find  its  origin  in 
the  difference  in  their  conduction-band  structure.  Our  results  indicate  that  the  conduction-band 
minima  in  4H-SiC  are  mainly  Si-like  whereas  in  6H-SiC  the  conduction-band  minima  are  most  C- 
like. 

Introduction 

To  further  the  development  of  SiC-based  semiconducting  devices  a  good  understanding  of  the 
electronic  and  geometric  properties  of  the  donor  and  acceptor  centers  is  imperative.  An  important 
issue  is  the  spatial  delocalisation  of  the  electronic  wave  function  of  the  donor  and  acceptor.  The 
method  of  choice  to  obtain  this  information  is  ENDOR  spectroscopy  developed  by  Feher1,  which  has 
been  applied  to  donor  impurities  in  Si  by  Feher[l],  Fletcher  et  al.[2],  Hale,  Ivey  and  Mieher[3]  and  to 
acceptor  impurities  in  SiC  by  A. v.Duijn- Arnold  et  al[4]. 

The  N  donor  in  SiC  has  been  studied  extensively  using  optical  absorption  and  emission 
spectroscopy  by  Choyke,  Hamilton  and  Patrick[5]  and  using  Raman  experiments  by  Colwell  and 
Klein[6].  The  first  EPR  measurements  on  the  N-donor  in  SiC  were  done  by  Woodbury  and 
Ludwig[7]  and  the  first  ENDOR  measurements  by  Hardeman  and  Gerritsen[8,9]  both  at  9.5  GHz. 
High-frequency  EPR  measurements  at  142  GHz  by  Kalabukhova,  Kabdin  and  Lukin[10]  allowed  to 
separate  overlapping  EPR  lines,  owing  to  the  high  spectral  resolution,  and  to  assign  the  various  EPR 
lines  to  specific  sites  in  the  SiC  lattice.  Additional  ENDOR  measurements  were  reported  by 
Greulich- Weber  et.  al.[l  1].  An  overview  of  our  current  knowledge  of  the  electronic  properties  of  the 
N-donor,  obtained  by  EPR  and  ENDOR  at  9.5  GHz  is  found  in  the  review  papers  by  Greulich- 
Weber[12]. 

In  this  paper  we  present  the  results  of  an  ENDOR  study  at  95  GHz  of  the  N-donor  center  in 
4H-SiC  and  6H-SiC.  This  high  microwave  frequency  allows  to  determine  the  hf  interaction  of  the 
unpaired  electron  spin  with  the  surrounding  nuclear  spins  in  great  detail  supplying  information  from 
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which  the  spatial  delocalisation  of  the  electronic  wave  function  can  be  obtained.  The  measurements 
were  performed  on  N-doped  4H~SiC  and  6H-SiC  samples  with  13C  in  natural  abundance  and  with  13C 
enriched  to  ~35  %.  The  samples  were  free-standing  epitaxial  layers  grown  by  the  sublimation 
sandwich  method. 

Results  and  analysis 


Magnetic  field  (Tesla) 

Figure  1:  The  EPR  spectra  at  95  GHz  of  the  N  donor  in  4H-SiC  (left)  and  6H-SiC  (right)  with  and 
without  ,3C  enrichment. 


Figure  1  shows  the  EPR  spectra  of  the  N  donor  in  non-enriched  and  13C-enriched  4H-SiC  and 
6H-SiC.  In  4H-SiC  a  slight  broadening  of  the  EPR  line  is  observed.  In  6H-SiC  however,  the  line 
width  is  increased  more  than  3  times.  We  conclude  that  in  4H-SiC  the  main  part  of  the  spin  density 
resides  on  Si  atoms,  whereas  in  6H-SiC  it  is  located  on  the  C  atoms.  Using  the  13C  and  29Si  ENDOR 
data  a  reasonable  value  for  the  observed  linewidth  is  calculated[13]. 

13  Figure  2a  and  b  show  the  comparison  between  the  different  sites  in  4H-SiC  and  6H-SiC  of  the 
1  C  ENDOR  and  the  29Si  ENDOR  spectrum  for  B  //  c  respectively.  It  is  clear  that  the  spin  density 


Figure  2:  The  9Si  (left)  and  13C  (right)  ENDOR  spectra  of  the  N  donor.  The  upper  spectrum,  Nk, 
belongs  to  the  N  donor  substituting  on  a  k  site  in  4H-SiC.  The  middle  spectrum  was  measured  on 
the  low-field  hf  EPR  line  of  the  Nk2  site,  which  overlaps  with  the  h  site  and  the  kx  site  hf  EPR  line. 
The  lower  spectrum  was  measured  on  the  h  site  and  low-field  Nw  site  hf  EPR  lines,  which  overlap 
with  the  k2  site.  By  comparing  the  last  two  spectra  it  is  possible  to  make  a  tentative  assignment  of 
ENDOR  lines  to  the  different  sites  in  6H-SiC[13]. 
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distribution  of  the  N-donor  electron  over  the  13C  and  29Si  nuclei  differs  between  4H-SiC  and  6H- 
SiC.  Whereas  the  main  part  of  the  spin  density  is  localised  on  the  29Si  atoms  for  the  k  site  in  4H- 
SiC  (as  expected  for  a  donor  electron)  it  is  localised  mainly  on  the  13C  atoms  in  case  of  the  6H- 
SiC  sites.  The  roman  numbers  and  letter  (I-IV,  XVI  and  A)  correspond  to  the  numbers  and  letter 
used  in  fig.  3.  Line  XVI  is  very  anisotropic  (a  =  0.47  ±  0.02  MHz  and  b  =  0.40  ±  0.01  MHz)  and 
resembles  the  anisotorpic  behaviour  of  the  shallow  donor  in  Si  for  the  interaction  with  the  Si 
nucleus  in  the  [111]  direction[l].  The  resemblance  was  used  as  a  basis  for  the  assignment  of  the 
lines  to  nuclei. 

III.  Discussion 

The  EPR  and  ENDOR  results  show  that  the  electronic  wave  function  of  the  N  donor  is 
quite  different  in  the  two  polytypes.  The  main  part  of  the  spin  density  in  4H-SiC  is  located  on  the 
Si  sublattice  and  the  wave  function  contains  a  relatively  large  portion  of  Si  p-character.  For  each 
of  the  three  sites  in  6H~SiC  the  main  part  of  the  spin  density  is  located  on  the  C  sublattice  and  the 
wave  function  is  built  mostly  of  s-like  C  atomic  orbitals.  Comparing  the  three  sites  in  6H-SiC,  the 
h  site  wave  function  has  the  largest  delocalization.  The  hi  site  wave  function  is  most  localised. 
For  the  h,  k\  and  fe  sites  in  6H-SiC  the  spatial  distribution  of  the  wave  function  of  the  N  donors 
over  the  Si  and  C  nuclei  is  qualitatively  the  same. 

To  obtain  the  distribution  of  the  electronic  wave  function  of  the  N  donor  in  the  SiC 
crystal,  the  hf  interactions  found  in  the  ENDOR  spectra  have  to  be  assigned  to  specific  (groups 
of)  nuclei  in  the  surrounding  of  the  N  donor  and  then  translated  to  spin  densities.  The  assignment 
to  specific  nuclei  presents  a  considerable  problem  because,  due  to  the  of  the  multi-valley  structure 
of  the  conduction  band,  interference  effects  occur,  which  make  that  the  overall  density  of  the 
wave  function  does  not  decay  monotonically  with  the  distance  to  the  N  donor.  We  use  a  model 
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figure  3:  The  spatial  distribution  of  the  calculated  isotropic  hfi  of  the  N  donor  at  the  k  site  in  4H- 
SiC.  The  black  and  shaded  disks  (numbers  e'1  -  e"5)  indicate  the  hfi  on  the  Si  and  C  relative  to 
the  N(C)  which  has  density  1.  No  distinction  was  made  between  Si  and  C.  The  roman  numbers 
indicate  the  nuclei  to  which  ENDOR  lines  of  fig.  2  have  been  assigned  [13]. 
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introduced  by  Kohn  and  Luttinger[14]  to  calculate  the  isotropic  hf  interaction  of  13C  and  29Si  nuclei, 
m  which  the  interference  effect  is  explicitly  taken  into  account.  As  an  illustration  we  show  in  fig.  3 
the  results  of  our  calculations  for  the  distribution  of  the  hf  interaction  around  the  k  site  in  4H-SiC 
together  with  a  tentative  assignment  of  the  29Si  and  one  13C  ENDOR  line  to  nuclei  surrounding  the 
N-donor.  ° 

A  possible  explanation  for  the  difference  in  the  electronic  wave  function  of  the  N  donor  in 
4H-SiC  and  6H-SiC  can  be  found  in  the  large  difference  in  the  band  structure  of  the  two  polytypes 
and  in  the  position  of  the  minima  in  the  Briliouin  Zone.  As  a  result  the  linear  combination  of  atomic 
orbitals  describing  the  wave  function  of  the  donor  electron  is  different.  Thus  the  wave  function  might 
have  a  completely  different  symmetry  and  a  different  distribution  of  s  and  p  character  on  the  Si  and  C 
atoms.  From  band  structure  calculations  it  is  not  clear  whether  Si  or  C  bands  lie  lowest  in  the  minima 
in  4H“SiC  and  6H-SiC.  Our  results  are  consistent  with  mainly  Si-like  conduction-band  minima  in 
4H-SiC  and  C-like  conduction-band  minima  in  6H-SiC. 

Conclusion 

From  the  hyperfine  interaction  of  the  unpaired  electron  spin  of  the  N  donor  with  the  13C  and  29Si 
nuclei,  the  distribution  of  the  electronic  wave  function  of  the  N  donor  is  determined.  The  main  part 
of  the  spin  density  in  4H-SiC  is  located  on  the  Si  sublattice  and  the  wave  function  contains  a 
relatively  large  portion  of  Si  /?-character.  For  the  three  sites  in  6H-SiC  the  main  part  of  the  spin 
density  is  located  on  the  C  sublattice  and  the  wave  function  is  built  mostly  of  5-like  C  atomic 
orbitals.  Comparing  the  three  sites  in  6H-SiC,  the  h  site  wave  function  has  the  largest  delocalization 
and  is  most  isotropic.  In  the  k2  site  the  wave  function  is  most  localised  and  least  isotropic.  The 
difference  in  the  behaviour  of  the  wave  function  in  the  4H  and  6H  polytypes  seems  to  be  due  to  the 
difference  in  their  conduction-band  structure.  They  suggest  mainly  Si-like  conduction-band  minima 
in  4H-SiC  and  C-like  conduction-band  minima  in  6H-SiC. 
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Abstract.  We  report  on  the  first  observation  of  electron  paramagnetic  resonance  of  iron  and  photo- 
EPR  of  nickel  impurities  in  6H-SiC  crystals.  Iron  exists  in  Fe3+  (3^5)  charge  state  with  electron  spin 
S  =  5/2.  Nickel  exists  in  Ni3+  (3d1)  charge  state  with  electron  spin  S  =  3/2.  Both  impurities  seem  to 
occupy  silicon  sites  in  the  6H-SiC  lattice.  Possibility  of  using  iron  doping  to  obtain  semi-insulating 
SiC  crystals  is  discussed. 

1.  Introduction 

Silicon  carbide  (SiC)  is  a  wide-bandgap  semiconductor  that  attracts  great  interest  because  of 
possible  applications  in  high-power  or  high-frequency  devices.  Transition  metals  have  been 
successfully  used  as  a  deep  compensating  centers  to  produce  semi-insulating  materials  urgently 
needed  for  applications.  Vanadium  is  used  in  SiC  to  produce  semi-insulating  layers  [1,2]  but  since 
the  compensating  effect  in  originally  rc-type  material  is  not  sufficient  at  high  temperatures,  a  search 
for  other  impurities  with  suitable  deep  levels  is  desirable  [3] 

Electron  paramagnetic  resonance  (EPR)  has  proven  to  be  an  extremely  powerful  tool  for  the 
study  of  defects  in  semiconductors.  Most  of  the  available  information  about  the  transition  metals 
arises  from  EPR  experiments.  By  now  3d-  (Sc,  Ti,  V,  Cr)  and  4^-group  (Mo)  transition  ions  were 
investigated  in  SiC  using  EPR,  see  reviews  [5,  6] 

We  report  here  on  the  first  observation  of  the  3d  transition  group  ions  Fe3+  and  Ni3+  in  6H- 
SiC  crystal. 

2.  Experimental  procedure 

In  this  work  we  investigated  iron-doped  6H-SiC  bulk  crystals  grown  by  the  sublimation  sandwich 
method  [7,8].  The  growth  process  was  carried  out  in  Ar  atmosphere  at  temperature  2500°C.  Growth 
rate  was  about  0.2  mm/hour.  Doping  with  iron  was  performed  during  growth  process.  Crystals  were 
of  «-type  conductivity  due  to  presence  of  N-donors  with  concentration  Nd  =  10]7cm‘3.  The  samples 
have  the  shape  of  4x8mm  platelet  and  were  oriented  for  rotation  in  the  {1120}  plane.  The  EPR 
spectra  were  studied  on  a  conventional  JEOL  X-band  (9.25  GHz)  EPR  spectrometer  in  the 
temperature  range  4  -  300  K. 

3.  Fe3+  in  6H-SiC 

In  Fig.l  we  show  the  EPR  spectra  observed  in  orientations  B  ||  c  and  B  1  c  in  6H-SiC:Fe.  One  can 
see  that  spectra  consist  of  a  number  of  EPR  lines.  Experimentally  measured  angular  dependence  of 
the  signals  which  we  ascribe  to  Fe3+  are  shown  as  circles  in  the  Fig.l.  The  observed  angular 
dependence  is  characteristic  for  a  center  with  S  =  5/2  in  strong  axial  crystalline  field.  Since  crystal 


530 


Silicon  Carbide  and  Related  Materials 


which  we  have  studied  was  doped  with  iron  it  is  natural  to  ascribe  these  signals  to  Fe3+  (6S5/2,  3 d5) 
impurity  centre  with  S  =  5/2. 

Angular  dependence  of  Fe3+  (S  =  5/2,  3 d5)  ion  in  axial  (C3v)  crystalline  field  can  be 
described  by  the  spin  Hamiltonian  of  the  form  [9]: 


6H-SiC:Fe 

T=65K 


H=g»BHS+la{SW+s/-^  D^2-J~}+~^4-~Sz2+^}.  (1) 

- - - -  A  system  of  coordinates,  arises  from  three 

V3+  I  y3+  perpendicular  cubic  crystal-field  axes  of  the  fourth 

0  - ^ — — vJ  order  with  the  center  at  the  Si  site  of  the  SiC  crystal. 

'  \  The  z-axis  is  parallel  to  the  hexagonal  c-axis  of  the 

^  I  .X  Jk  crystal  (the  same  as  the  <11 1>  axis  of  the 

2  Ss  system)  while  x-axis  lies  in  one  of  the  {1120} 

©  \  \/  planes  and  y-axis  is  perpendicular  to  both  x-  and  z- 

^  axes-  Parameters  D ,  F  and  a  characterize  the  axial 

o  j  6H-SiC:Fe  and  cubic  crystal  fields. 

c*  ^  T=65K  An  investigation  of  the  angular  dependence 

^  of  the  Fe3+  EPR  spectrum  allowed  us  to  find  spin 

j  \  Hamiltonian  parameters  for  Fe3+  signal  The 

90-.. |  .  _ '  following  parameters  were  found:  g  «  1.99,  axial 

- 1 - 1  T‘wi  1^  i  i  crystal  field  splitting  \D\  =  0.25  cm'1  and  cubic  field 

^ 50  250  350  450  splitting  \a\  =  0.016  cm’1.  The  calculated  angular 

Magnetic  field  (mT)  dependence  of  fine-structure  line  positions  of  Fe3+ 

.  .  ^ons  plotted  as  lines  in  the  Fie.  1  and  is  in  good 

lg.  ie  EPR  spectra  in  6H-SiC:Fe  for  agreement  with  experimental  one. 

B  ||  c  and  B  1  c  orientations.  Circles  and  In  princi ple  in  Hamiltonian  (1)  for  iron 

lines  show  experimental  and  calculated  ci,ntlu  ■  _i +  ,  ..  . 

angular  dependence  ofFe3+ EPR  signals  should  lnclude  a  te™  wh>ch  descr.be  hyperfme 

H  signals.  interaction  of  unpaired  electron  with  nuclear  spin  I 

=  1/2  of  57Fe  isotope.  However  we  have  not 
observed  hyperfme  splitting  of  Fe3+  lines  because  57Fe  isotope  have  low  natural  abundance  of 
2.15%  and  hyperfme  structure  could  not  be  found  in  non-enriched  samples. 

Some  signals  in  Fig.  1  arise  due  to  the  presence  of  V3+  (5=1)  impurity  [4,9],  Positions  of 
the  two  groups  of  lines  which  belong  to  V3+  impurity  in  one  quasi-cubic  lattice  site  are  marked  for  B 
||  c  orientation  in  Fig.  1.  Hyperfme  splitting  within  groups  caused  by  5IV  /  =  7/2  nuclear  spin  is 
difficult  to  observe  on  such  small-scale  figure. 

The  EPR  signals  of  Fe3+  could  be  observed  at  temperatures  from  4K  up  to  room  temperature 
with  maximum  intensity  at  about  100K. 

Here  we  summarize  the  main  features  of  Fe3+  in  6H-SiC.  Iron  exists  in  Fe3+  charge  state, 
electronic  configuration  3d5,  6S5/2.  The  g-factor  is  nearly  isotropic  and  it’s  value  is  close  to  2  in 
accordance  with  S5/2  ground  state.  Parameter  of  the  axial  crystalline  field  D  is  strong  and  much 
greater  than  cubic  field  parameter  a.  Small  cubic  crystalline  field  produce  only  weak  influence  on 
the  position  of  the  signals  in  the  spectrum.  In  particular  it  causes  splitting  of  lines  in  angular 
dependence  of  the  EPR  spectra,  see  Fig.  1.  From  EPR  spectra  observed  in  X-band  at  65K  it  is  only 
possible  to  find  relative  signs  of  crystal  field  parameters.  We  have  found  that  D,  a-F  and  a  have  the 
same  sign. 

One  of  the  most  important  points  is  simultaneous  presence  of  Fe3+  and  V3+  signals  in  the 
EPR  spectra  of  6H-SiC.  This  implies  that  positions  of  energy  levels  of  these  ions  in  6H-SiC 


150  250  350  450 

Magnetic  field  (mT) 

Fig.  1  The  EPR  spectra  in  6H-SiC:Fe  for 
B  II  c  and  B  Lc  orientations.  Circles  and 
lines  show  experimental  and  calculated 
angular  dependence  of  Fe3+  EPR  signals. 
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bandgap  are  rather  close.  It  is  known  that  energy  level  position  of  V3+  in  6H-SiC  bandgap  is  0.6eV 
below  the  conduction  band  [5].  So  one  may  expect  that  Fe3+  produces  energy  level  which  also  lies 
deep  in  the  6H-SiC  bandgap.  Furthermore,  energy  level  of  vanadium  in  V4+  charge  state  lies  near 
the  middle  of  the  bandgap  [5]  and  V4+  is  used  to  produce  semi-insulating  SiC  layers.  Thus  we  can 
expect  that  if  Fe4+  charge  state  is  stable  then  it  can  also  produce  energy  level  in  the  middle  of  the 
6H-SiC  bandgap.  This  will  allow  to  use  Fe4+  impurity  to  obtain  semi-insulating  6H-SiC  layers 
instead  of  vanadium. 

In  6H-SiC  there  are  three  non-equivalent  lattice  sites:  two  quasi-cubic  and  one  hexagonal 
one.  However  EPR  of  Fe3+  is  observed  for  only  one  lattice  site.  This  may  imply  that  iron  energy 
levels  within  the  bandgap  could  depend  significantly  on  the  lattice  site  occupied.  Similar  situation 
was  observed  for  Mo3+  and  Mo4+  ions  in  6H-SIC  [10].  For  the  reasons  mentioned  in  the  above 
paragraph  it  is  important  to  find  EPR  of  iron  in  another  charge  state  Fe4+  with  5  =  2. 

We  suppose  that  Fe3+  ions  occupy  silicon  sites  in  6H-SiC  lattice.  From  intensities  of  iron 
EPR  signals  we  have  estimated  concentration  of  iron  impurity  in  the  sample  to  be  approximately 
1017cm'3. 

4.  Nickel  in  6H-SiC 

In  the  sample,  where  EPR  signal  of  Fe3+  were  found,  other  signals  could  be  observed  if  the  sample 
is  illuminated  with  visible  or  infrared  light.  In  Fig.  2  we  show  EPR  spectra  observed  in  6H-SiC:Fe 

crystal  at  12K  in  different  orientations  of  the 
crystal  with  respect  _to  external  magnetic  field 
under  rotation  in  {112  0}  plane.  The  two  strongly 
anisotropic  EPR  lines  could  be  seen.  The  inset  in 
Fig.2  shows  EPR  spectra  on  expanded  scale  at 
angles  close  to  B  ||  c.  Two  lines  is  clearly  seen  in 
such  large-scale  figure. 

The  observed  EPR  spectra  could  be 
described  in  terms  of  effective  spin  S’  =  1/2  with  a 
spin  Hamiltonian 

H  =  g\\ ‘mbBzSJ  +  g± Mb(BxsJ  +  BySy),  (2) 

where  gf  is  the  effective  g-factor  and  S?  is  an 
effective  spin  £>  =  1/2.  From  experimental  data  we 
can  obtain  the  following  values  of  effective  g- 
factors:  g||/(l)=2.032,  g\{(2)~2.026  g±/(l)=4.10,  g± 
(2)  =4.08. 

Anisotropy  of  the  EPR  spectra  is  characteristic  for 
an  S  =  3/2  system  in  a  strong  axial  crystalline  field 
and  positive  g  shift  is  consistent  with  the  electron 
configuration  d1  .In  terms  of  real  spin  S  =  3/2  EPR 
spectrum  can  be  described  by  a  spin  Hamiltonian 
of  the  form 


Fig.  2  Angular  dependence  of  the  EPR 
spectra  of  Ni3+  in  6H-SiC.  Inset  shows  part 
of  the  dependence  on  the  expanded  scale. 


H  =  gWjUsBzSz  +  giMB(BxSx  +  BySy)  +  D[SZ2  - 1/35(5+1)]  (3) 

with  5  =  3/2,  z  denotes  the  c-axis  of  the  crystal  (principal  axis  of  the  centre);  D  is  the  axial  fine 
structure  parameter.  Investigation  of  angular  dependence  of  new  signal  allowed  us  to  find  a  best-fit 
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parameters  for  spin  Hamiltonian  of  Eq.  2:  g„  =  2.032;  2.026,  gl  =  2.05;  2.06,  |D|  >  1 .5  cm'1 

It  is  possible  to  use  effective  spin  approximation  since  the  magnitude  of  the  zero-field 
splitting  2D  is  much  larger  than  the  microwave  energy  at  the  X-band  (the  strong  zero-field  limit). 
Thus  only  transitions  within  the  Ms=±  1/2  Kramers  doublet  can  be  detected.  Practically,  it  is 
impossible  at  the  X-band  to  determine  parameter  D  of  the  spin  Hamiltonian  of  Eq.  3  for  a  real 
magnetic  field  in  the  strong  zero-field  limit.  Our  analysis  has  shown  that  D  >  1.5  cm'1. 

The  signal  could  be  observed  at  the  temperatures  from  4K  up  to  55K  with  maximum 
intensity  at  12-20K. 

The  question  arises  about  the  nature  of  the  center.  It  should  be  an  ion  in  d7  electronic 
configuration  with  small  natural  abundance  of  odd  isotopes,  since  no  hyperfine  structure  was 
observed.  Two  candidates  are  possible:  Fe+  and  Ni3+.  On  the  one  hand,  the  crystal  studied  was 
doped  with  iron  and  Fe  EPR  signal  have  been  found  in  it.  Incident  light  may  cause  recharging  of 
non  ions.  On  the  other  hand,  no  change  in  Fe3+  EPR  intensity  was  observed  when  the  light  is  turned 
on.  Moreover,  Fe  charge  state  is  not  very  probable  for  substitutional  Fe  ion,  rather  for  interstitial 
one.  No  direct  EPR  evidence  about  interstitial  transition  ions  in  SiC  is  available  up  to  now  At  last 
we  have  found  this  signal  in  the  4H-SiC  crystal,  heavily  doped  with  A1  where  no  trace  of  Fe3" 
signal  could  be  found.  Thus  we  believe  that  this  new  signal  belongs  to  Ni3+  ions.  Nickel  has  one 
stable  odd  isotope  Ni  (/  =  3/2)  with  low  natural  abundance  of  1 . 1  %.  So  there  is  no  surprise  that  no 
hyperfine  interaction  have  been  observed.  We  believe  that  two  lines  that  were  observed  belong  to 
Ni  impurity  in  two  crystallographicaly  non-equivalent  lattice  sites. 

The  most  interesting  feature  of  Ni3+  EPR  signal  is  its  photosensitivity.  It  has  very  low 
(nearly  zero)  intensity  before  illumination,  only  irradiation  with  visible  or  near-IR  light  make  it 
possible  to  detect  EPR.  After  the  signal  appeared,  its  intensity  does  not  change  after  the  light  is 
turned  off  at  low  temperatures.  Heating  of  the  sample  up  to  the  temperatures  >100K  is  needed  to 
destroy  the  EPR  signal.  Investigation  of  dependence  of  EPR  spectra  intensity  on  wavelength  could 
give  mformationabout  position  of  Ni3+ energy  level  in  6H-SIC  bandgap.  Now  it  is  only  possible  to 
state  that  the  Ni  signal  have  maximum  intensity  when  exciting  with  1 000- 1 500  nm  light. 

This  work  was  partially  supported  by  Russian  Foundation  for  Basic  Research  under  Grant  No.  98- 
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Abstract  We  calculate  positron  annihilation  parameters  (lifetime  and  high  momentum  part  of 
the  Doppler  broadening  of  the  annihilation  radiation)  for  different  native  defects  in  4H-SiC.  To  figure 
out  the  influence  of  lattice  relaxations,  we  consider  atomic  coordinates  in  the  ideal  lattice  as  well  as 
those  determined  as  minimum  energy  structures  from  ab-initio  calculations.  We  then  compare  the 
calculated  annihilation  parameters  to  experimental  data  on  irradiated  bulk  SiC,  where  vacancies  in 
different  sublattices  can  be  identified.  If  we  qualitatively  take  into  account  the  influence  of  the  trapped 
positron  on  the  relaxation  pattern,  we  find  good  agreement  with  experimental  data. 

1  Introduction  and  Methods 

Silicon  Carbide  (SiC)  is  a  very  promising  material  for  semiconductor  devices  under  extreme  conditions. 
However,  the  application  of  SiC  has  been  problematic  due  to  its  growth  properties:  it  has  turned  out 
to  be  difficult  to  control  the  incorporation  of  defects  (e.g.  micropipes)  or  retain  the  same  polytype. 
SiC  exhibits  polymorhism,  which  means  that  the  order  of  stacking  may  be  different  -  resulting  in 
different  electronic  structures:  for  example  the  value  of  the  indirect  bandgap  may  vary  more  than  1  eV 
for  different  polytypes  [1].  The  most  important  polytypes  are  3C,  2H,  4H,  and  6H,  characterized  by 
their  different  degree  of  hexagonality.  Important  properties  of  semi-conductor  materials  such  as  SiC 
are  often  determined  by  vacancies  or  vacancy-related  defects  (cf.  e.g.  [2]).  Vacancies  mediate  diffusion 
(dopants)  or  may  reduce  the  density  of  free  carriers.  Since  the  growth  procedure  has  been  improved  a 
few  years  ago,  it  has  become  important  to  identify  defects  after  irradiation  damage.  Different  methods 
(EPR,  ODMR,  ENDOR,  DLTS,  PL,  ...)  have  been  applied.  Nevertheless,  the  identification  many  of 
the  optical  centers  is  still  an  outstanding  problem,  since  the  detailed  microscopic  identification  of 
vacancies  and  vacancy  complexes  in  SiC  has  turned  out  to  be  difficult.  While  also  carbon  vacancies 
have  been  detected  experimentally,  theoretical  calculations  as  well  as  EPR  studies  indicate  that  Si 
vacancies  in  neutral  or  negative  charge  state  dominate  in  n-doped  SiC  [3,  4,  5,  6]. 

Positron  annihilation,  however,  is  a  method  directly  sensitive  to  vacancies.  Positron  lifetime  spec¬ 
troscopy  indeed  showed,  in  conjunction  with  EPR  experiments,  the  existence  of  negatively  charged 
native  vacancies  in  n-type  SiC  [7].  Nevertheless,  positron  lifetime  measurements  alone,  which  probe 
mainly  the  electron  density  at  the  trapping  site,  are  able  to  identify  defects  on  different  sublattices 
in  compound  semiconductors  only  if  the  size  difference  of  the  two  atomic  species  is  large  [8,  9].  For 
a  more  conclusive  identification  or  to  detect  vacancy-impurity  complexes,  one  can  make  use  of  the 
positron  annihilation  momentum  distribution.  The  chemical  surrounding  of  the  annihilation  site  can 
be  identified  using  the  high  momentum  part  of  this  distribution  [8,  10,  11,  12],  since  the  main  contri¬ 
bution  is  arising  from  annihilation  of  the  positron  with  tightly  bound  core  electrons  possessing  high 
momenta.  If  measurements  are  correlated  to  calculations  of  lifetime  and  momentum  distribution,  an 
identification  of  these  defects  is  possible  [8,  10].  Experimentally,  the  coincident  detection  of  both 
511-keV  7  quanta  from  single  annihilation  events  allows  the  observation  of  the  high  momentum  part 
of  the  annihilation  distribution  due  to  a  strong  reduction  of  the  disturbing  background  [8,  10,  11,  12]. 
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In  this  work,  we  utilize  the  structures  calculated  for  the  different  defects  in  SiC  using  first-principles 
methods  [3].  Using  these  structures,  theoretical  calculations  of  the  annihilation  parameters  are  then 
performed  employing  free  atomic  wave  functions  using  the  method  introduced  in  refs.  [8,  10].  The 
momentum  distribution  is  obtained  by  summing  up  the  contributions  from  each  core  electron  state 
weighted  with  its  partial  annihilation  rate.  The  partial  annihilation  rate  is  calculated  within  the 
generalized  gradient  approximation  (GGA)  of  electron-positron  correlation  [13].  From  the  theoretically 
calculated  momentum  distribution,  the  W  parameter  is  determined  in  the  range  20  —  25  x  10-3  moc. 
Positron  lifetimes  calculated  using  the  local-density  approximation  (LDA)  scheme  employing  Boronski- 
Nieminen  enhancement  [14,  15]  (high-frequency  dielectric  constant:  £<*,  =  6.7)  give  similar  results  as 
m  ref-  t9]-  We  use  the  GGA  scheme  [10]  in  a  supercell  of  128  atoms  in  order  to  compare  the  result  to 
relaxed  coordinates  from  plane  wave  pseudo  potential  (PWPP)  calculations  [3,  16]. 

Vacancies  on  different  sublattices  in  SiC  have  been  recently  identified  employing  a  combination 
of  positron  lifetime  and  coincidence  Doppler  broadening  [17,  18].  The  results  are  given  in  Table  1. 

Due  to  large  outward  breathing  mode  relaxations  of  the  carbon  atoms  surrounding  the  silicon 

Table  1:  6H~SiC:  Irradiated  with  different  energies  of  electrons  E{e~).  This  leads  for  low  energy  (« 
0.4  MeV)  to  atoms  exclusively  displaced  from  the  carbon  sublattice.  High  energy  electron  irradiation 
(~  2.5  MeV)  leads  to  atomic  displacement  mainly  on  the  silicon  sublattice. 

"sample  E(e~ )  [  MeV]  Lifetime  r[  ps]  scaled  to  rhll )k  identified  defect 


6H-SiC 

[17] 

bulk 

146  ±1 

1.000 

6H-SiC 

[17] 

0.35 

160  ±5 

1.096 

6H-SiC 

[17] 

2.50 

210  ±5 

1.438 

monovacancy  [3],  Si  monovacancies  may  actually  lead  to  longer  positron  lifetimes  than  estimated  by 
previous  calculations  using  unrelaxed  coordinates  («  195  ps)  [9]. 


2  Results  and  Discussion 


Provided  that  bulk  samples  are  available,  a  simultaneous  measurement  of  the  positron  lifetime  spec¬ 
trum  and  the  annihilation  momentum  distribution  is  possible,  and  this  provides  the  basis  for  an 
accurate  way  to  check  for  the  agreement  between  theory  and  experiment.  Then  the  experimental  an¬ 
nihilation  momentum  distribution  can,  in  principle,  be  directly  compared  with  the  theoretical  result. 
For  this  purpose,  the  annihilation  momentum  distribution  /vac  of  the  vacancy  has  to  be  extracted 
from  the  measured  momentum  distribution  /exp,  since  /exp  =  (1  -  7/)/buIk  +  rjfvac  is  the  superposition 
of  the  momentum  distributions  in  the  defect-free  SiC  lattice  (/bulk)  and  in  the  vacancy  (/vac).  While 
/hulk  is  known  from  the  SiC  reference  sample,  the  fraction  7/  of  positrons  trapped  at  vacancies  can  be 
determined  from  the  positron  lifetime  results. 

Figure  1:  Unrelaxed  atomic  positions  in 
the  {0010}-plane  in  4H-SiC:  Density  of  the 
positron  wave  function  (left:  bulk,  right: 
Vgub):  The  different  cubic  and  hexagonal 
sites  in  the  bulk  are  clearly  seen  since  the 
positron  is  repelled  from  the  ionic  cores 
(a).  The  positron  localizes  only  weakly  at 
the  missing  carbon  site  (b).  The  contour 
spacing  is  1/8  of  the  maximum  value  for 
(a),  and  1/10  for  (b). 


The  density  of  the  delocalized  positron  in  bulk  4H-SiC  is  shown  in  Fig.  1  (a),  while  in  Fig.  1  (b)  the 
density  of  the  positron  trapped  to  a  vacancy  in  cubic  site  on  the  carbon  sublattice  ( Vgub)  is  presented. 
Fig.  2  (a)  and  (b)  show  the  positron  localized  in  a  vacancy  in  the  cubic  site  on  the  silicon  sublattice 
(ysiu  )  and  in  a  divacancy  (KjCjUb  Vgub).  Since  there  are  only  minor  differences  between  vacancies  on 
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Table  2:  4H-SiC  in  128  atom  supercell:  Calculations  are  done  using  the  GGA  scheme  for  unrelaxed 
coordinates  and  those  taken  from  PWPP  calculations,  employing  the  LDA  lattice  constant  in  the 
latter  cage.  Ebind  is  the  binding  energy  of  the  positron  to  the  vacancy.  _ 


Configs. 

Eh'md  [  eV] 

Lifetime  r[ps] 

scaled  to  7buik 

rel.  W-param. 

core  contrib. 

unrel 

PWPP 

unrel 

PWPP 

unrel 

PWPP 

unrel 

PWPP 

unrel 

PWPP 

bulk 

0.00 

0.00 

134.4 

130.7 

1.000 

1.000 

1.00 

1.00 

0.0233 

0.0239 

ygub 

-0.04 

+0.09 

144.2 

136.7 

1.072 

1.046 

0.98 

0.99 

0.0226 

0.0234 

v£ex 

-0.06 

+0.06 

144.8 

137.6 

1.078 

1.052 

0.98 

0.99 

0.0225 

0.0235 

VSub 

-1.48 

-2.07 

180.3 

195.1 

1.342 

1.492 

0.43 

0.38 

0.0105 

0.0093 

-1.50 

-2.01 

181.3 

193.4 

1.350 

1.479 

0.43 

0.38 

0.0104 

0.0093 

y<sub  y$ub 

-2.25 

— 

208.6 

— 

1.553 

— 

0.44 

— 

0.0103 

— 

ycxib  yhex 

-2.25 

-2.66 

208.5 

215.7 

1.552 

1.649 

0.44 

0.40 

0.0104 

0.0096 

yj|ex  yGcub 

-2.26 

— 

208.9 

— 

1.555 

— - 

0.44 

— 

0.0104 

— 

ybex 

-2.27 

-2.59 

209.7 

213.5 

1.561 

1.633 

0.44 

0.40 

0.0103 

0.0098 

cubic  and  hexagonal  sites,  we  omitted  the  hexagonal  ones.  Note  the  weak  localization  of  the  positron 
in  the  case  of  the  carbon  vacancy.  Whereas  there  seems  to  be  not  such  a  significant  difference  in 
localization  for  the  positron  between  the  silicon  monovacancy  and  the  divacancy.  This  is  also  reflected 
in  the  calculated  positron  lifetimes  (cf.  Table  2). 

Figure  2:  Unrelaxed  atomic  positions  in 
(  .  the  {0010}-plane  in  4H-SiC:  Density  of  the 
'k)  positron  wave  function  (left:  kgjub,  right: 
divacancy  Vgub  V£ub):  The  positron  local¬ 
izes  much  better  in  the  monovacancy  on 
the  silicon  sublattice  than  on  the  carbon 
sublattice  (a).  But  the  difference  towards 
the  divacancy  is  small  (b).  The  contour 
spacing  is  1/10  of  the  maximum  value  for 
(a)  and  (b). 


Comparing  the  unrelaxed  to  relaxed  PWPP  coordinates,  we  find  for  Vc  that  the  scaled  positron 
lifetime  decreases  slightly  while  no  binding  of  the  positron  is  observed  anymore.  Employing  Hellmann- 
Feynman  forces  induced  by  the  trapped  positron,  they  slightly  over  compensate  the  electronically 
induced  forces  pointing  inwards,  and,  hence,  would  result  in  longer  positron  lifetimes.  In  the  case 
of  VS\  the  PWPP  calculations  indicate  a  strong  outward  breathing  mode  relaxation  of  surrounding 
C-atoms  [3,  4],  and,  hence,  the  scaled  lifetimes  increase  by  roughly  12.. .  15 ps.  For  the  divacancies 
a  similar  effect  is  found  resulting  in  an  increase  of  4 ...  7  ps.  Including  positron  induced  forces  the 
lifetimes  may  increase  even  further. 

The  calculated  high-momentum  part  of  the  annihilation  momentum  distribution  coincides  well  with 
the  experimentally  determined  for  momenta  pz>  20  x  10"3  m0c  as  given  in  Fig.  3  (a).  Remarkable  are 
the  large  differences  in  the  ratio  to  bulk  between  vacancies  on  different  sublattices  given  in  Fig.  3  (b). 
Due  to  the  relaxation  only  the  intensity  but  not  the  shape  of  the  ratio  curves  is  shifted. 


(a) 


[0001]-direction 


3  Conclusions 

In  this  work,  we  have  demonstrated  a  practical  way  how  to  identify  vacancies  on  different  sublattices 
in  SiC  by  a  comparison  of  theoretically  calculated  annihilation  parameters  with  experiments.  Indis¬ 
pensable  is  to  employ  a  combination  of  positron  lifetime  spectroscopy  and  measurement  of  the  core 
annihilation  momentum  distribution  by  coincidence  Doppler  broadening  spectroscopy. 

Defect-related  positron  lifetimes  as  well  as  the  intensity  and  shape  of  the  annihilation  momentum 


536 


Silicon  Carbide  and  Related  Materials 


Figure  3:  Comparison  between  experimental  data  for  6H-SiC  and  theoretical  data  for  4H-SiC  (a).  In 
the  right  panel  (b)  the  calculated  ratio  to  bulk  is  given  for  unrelaxed  and  PWPP-relaxed  coordinates. 
The  shaded  areas  indicate  the  momentum  range  to  be  excluded  in  a  comparison  between  experiment 
and  theory. 

distribution  are  different  for  Si  and  C  vacancies.  From  Fig.  3  the  ratio  between  the  annihilation 
momentum  distribution  for  divacancies  and  bulk  is  nearly  constant  for  high  momenta,  while  vacancies 
on  the  carbon  and  silicon  sublattice  exhibit  an  opposite  slope.  Comparing  to  annealing  experiments 
after  irradiation  [19],  the  positron  lifetime  component  of  ^  230  ps  detected  after  annealing  up  to  900° C 
may  be  due  to  divacancies,  which  are  found  to  be  very  stable  [16]. 
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Vacancy 

Abstract 

Annealing  processes  of  vacancy-type  defects  in  epitaxial  6H  SiC  after  2  MeV  electron  irradiation 
and  multiple  He  implantation  have  been  investigated  using  positron  annihilation  spectroscopy. 
Vacancy-type  defects  are  found  to  disappear  in  two  annealing  stages:  at  500-800°C  and 
1200-1500°C.  Silicon  vacancies  are  the  major  positron  trapping  centers  after  electron  irradiation. 
Two  annealing  stages  after  electron  irradiation  are  attributed  to  the  disappearance  of  isolated 
silicon  vacancies  and  complexes  associated  with  silicon  vacancies,  respectively.  In  He-irradiated 
SiC,  divacancies  are  also  generated  in  addition  to  silicon  vacancies. 

Introduction 

Radiation-induced  defects  in  SiC  are  of  great  importance  from  both  fundamental  and  technological 
viewpoints.  In  SiC  device  processing,  ion  implantation  is  indispensable  for  the  selective  doping 
because  of  small  diffusion  coefficients  of  dopants  in  this  material.  To  enhance  the  electrical  activity 
of  implanted  dopants,  defects  induced  by  implantation  should  be  removed.  Electron  irradiation  is 
also  used  for  the  control  of  minority  carrier  lifetime.  Electrical  devices  based  on  SiC  tend  to  be 
fabricated  using  high-quality  epilayers.  It  is  therefore  important  to  identify  defects  in  SiC  epilayers 
induced  by  irradiation  and  to  clarify  their  thermal  stability. 

In  deep  level  transient  spectroscopy  (DLTS)  measurements,  several  deep  levels  termed 
£i/£2(£c-0.39~0.43  eV),  RD5(Ec-0A3~0A1  eV),  Z]/Z2(£c-0. 65-0.72  eV)  and  R(Ec~l.  17-1.27  eV) 
centers  are  commonly  seen  in  6H  SiC  epilayers  after  fast-particle  irradiation  [1-5].  These  defects 
are  significantly  reduced  by  heat  treatment  up  to  1700°C  [1,  2].  The  photoluminescence  (PL)  D\ 
spectrum  is  also  a  main  center  observed  after  irradiation  and  subsequent  heat  treatment  [6].  The 
complementary  study  using  DLTS  and  PL  [2]  suggests  that  £j/£2  levels  and  D\  centers  are 
originating  from  the  same  defect  species.  The  origins  of  these  deep  levels  are  however  still  open 
questions.  Optically  detected  magnetic  resonance  (ODMR)  studies  show  the  generation  of  silicon 
vacancies  after  electron  irradiation  and  their  annealing  at  around  750°C  [7]. 

Positron  annihilation  spectroscopy  is  a  suitable  method  to  investigate  vacancy-type  defects 
in  semiconductors  [8].  Using  the  positron  beam  technique,  defects  in  thin  films  can  also  be  detected. 
We  performed  annealing  experiments  for  6H  SiC  epilayers  after  He  implantation  and  electron 
irradiation.  In  this  report,  we  show  the  annealing  characteristics  of  vacancy-type  defects. 

Experimental 

Samples  used  in  this  study  are  cut  from  a  high-quality  6H  SiC  epilayer  (4.9  pm  thick)  doped  with 
nitrogen  (n-type:  «=4xl015cm'3).  As  a  reference,  we  also  used  p-type  epitaxial  SiC.  They  were 
subjected  to  2  MeV  electron  irradiation  with  a  dose  of  3xl017e7cm2  and  He  implantation  at  room 
temperature.  In  the  He  implantation,  an  eight-fold  implantation  with  energies  from  30  to  950  keV 
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Fig.  1  Positron  lifetime  spectra  obtained  at 
E=17  keV.  The  reference  spectrum  is  measured 
with  unirradiated  ^-type  specimen. 


POSITRON  BEAM  ENERGY  (keV) 

Fig.  2  ^-parameters  (normalized)  as  a  function 
of  positron  beam  energy.  Solid  lines  are  the 
results  of  VEPFIT  analysis. 


and  doses  from  8.0x10"  to  1.3xl012  HeW  was  carried  out  to  form  a  box-shaped  damage  profile 

::La™XTm  depth  at  2,4  pm'  After  irradiation,  isochronal  annealing  was  done  from  100  to 
1700  C  for  30  minutes.  Using  a  monoenergetic  positron  beam,  Doppler  broadening  measurements 
were  per  ormed  at  room  temperature  after  each  annealing.  Positron  annihilation  parameters  called  5 
and  W,  which  are  defined  as  peak  and  tail  areas  [8],  respectively,  of  Doppler  spectrum,  were 
calculated.  To  see  the  change  of  dominant  defect  species  during  annealing,  S-W  correlation  was 
also  examined.  Positron  lifetime  measurements  were  performed  with  a  17  keV  positron  beam  The 
average  lifetime  was  determined. 


Results  and  Analysis 

Figure  1  shows  positron  lifetime  spectra  for  the  reference  (unirradiated  /?-type)  and  irradiated 
samples.  The  average  positron  lifetime  for  the  reference  sample  is  140  ps.  This  is  in  good 
agreement  with  the  bulk  lifetime  reported  so  far.  Positron  lifetimes  clearly  increase  after  irradiation 
showing  the  presence  of  vacancy-type  defects.  The  average  lifetimes  for  the  electron-irradiated  and 
He-implanted  samples  are  197  ps  and  212  ps,  respectively.  Figure  2  shows  5-parameters  as  a 
function  of  positron  beam  energy  E.  Here,  5-parameters  are  normalized  to  the  bulk  value.  For  the 
umrradiated  sample  (w-type),  5-parameter  is  almost  constant  at  £>15  keV.  This  shows  that  most 


DEPTH  (nm) 

Fig.  3  Distributions  of  5-parameter  for  the 
He-implanted  sample  from  VEPFIT  analysis  and 
vacancies  from  SRIM  simulation  [10]. 


positrons  annihilate  in  perfect  region.  The 
increase  in  5-parameter  in  low  energy  region  is 
due  to  surface  effects.  For  the 
electron-irradiated  sample,  5-parameter  is 
almost  constant  up  to  E= 39  keV  indicating  the 
homogeneous  vacancy  distribution.  For  the 
He-implanted  sample,  5-parameter  is  greater 
than  that  of  the  unirradiated  sample  below  20 
keV  and  decreases  at  higher  energies.  The 
VEPFIT  [9]  analyses  were  made  with  a 
uniform  and  a  box-shaped  defect  distribution 
for  the  electron-irradiated  and  He-implanted 
samples,  respectively.  The  results  of  fitting  are 
also  shown  in  Fig.  2.  For  the  He-implanted 
sample,  the  layer  boundary  of  defect  region 
determined  by  the  analysis  agrees  well  with 
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Fig.  5  S-W  plot.  Grey  regions  show  (S,W)  for 
silicon  vacancies  and  bulk.  ( S ,  W)  for  bulk 
coincides  with  fully  annealed  state. 

that  obtained  from  the  SRIM  simulation  [10]  (Fig.  3).  Annealing  behavior  of  S-parameters  is  shown 
in  Fig.  4.  For  both  the  electron-irradiated  and  He-implanted  samples,  two  annealing  stages  appear 
at  500-800°C  and  1200-1500°C.  The  S-parameter  approaches  the  unirradiated  state  until  1700°C. 
For  the  He-implanted  sample,  ^-parameter  tends  to  increase  from  800°C  to  1000°C  before  the 
second  annealing  stage.  The  S-W  correlation  is  also  shown  in  Fig.  5.  In  this  figure,  S  and  W 
parameters  for  silicon  vacancies  determined  previously  [11,12]  are  also  displayed. 

Discussion 

A.  Electron  irradiation 

The  lifetime  of  positron  at  a  silicon  vacancy  was  experimentally  determined  to  be  188  ps  for  3C 
SiC  at  room  temperature  [13].  Theoretical  positron  lifetimes  for  a  carbon  vacancy,  a  silicon 
vacancy  and  a  divacancy  are  reported  to  be  about  153  ps,  194  ps  and  214  ps,  respectively  [14].  The 
average  lifetime  for  the  electron-irradiated  sample  (197  ps)  is  close  to  the  positron  lifetime  for 
silicon  vacancies.  Thus,  silicon  vacancies  are  considered  to  be  the  major  positron  trapping  centers. 
Divacancies  may  also  be  generated.  Considering  that  the  displacement  energy  for  SiC  is  about  30 
eV  [15],  the  average  primary  knock-on  atom  energy  for  2  MeV  electron  irradiation  is  70-80  eV. 
The  concentration  of  divacancies  is  therefore  expected  to  be  much  smaller  than  that  of  silicon 
vacancies.  Carbon  vacancies  are  also  primary  defects  and  stable  at  room  temperature  [16]. 
However,  since  the  positron  lifetime  for  a  carbon  vacancy  is  fairly  close  to  the  bulk  lifetime,  carbon 
vacancies  may  have  a  minor  effect.  As  seen  from  the  S-  W  plots  (Fig.  5),  before  annealing  S  and  W 
for  the  electron-irradiated  sample  is  located  in  the  region  for  silicon  vacancies.  In  addition,  almost 
one  straight  correlation  is  found  until  the  full  annealed  state.  These  also  indicate  that  silicon 
vacancies  are  the  major  defects  and  the  concentration  decreases  upon  annealing. 

It  is  known  that  silicon  vacancies  in  3C  SiC  are  mobile  above  600°C  [17].  Carbon 
vacancies  disappear  below  300°C  [16].  It  is  also  shown  that  the  density  of  silicon  vacancies  in 
epitaxial  6H  SiC  drastically  decreases  after  the  annealing  at  750°C  by  ODMR  [7].  The  first 
annealing  stage  at  500-800°C  is  consistently  explained  as  the  disappearance  of  isolated  silicon 
vacancies.  Above  1000°C,  only  one  annealing  stage  appears  suggesting  one  type  of  defects  act  as 
positron  trapping  centers.  The  annealing  stage  at  1200-1500°C  is  attributed  to  the  disappearance  of 
complexes  associated  with  silicon  vacancies,  which  have  higher  thermal  stability  than  isolated 
silicon  vacancies  [12,18].  In  electron-irradiated  epitaxial  6H  SiC,  only  Ej/E2  levels  are  reported  to 
remain  after  annealing  at  1000°C  and  these  levels  drastically  decrease  above  1400°C  [3].  Thus,  it  is 
possible  to  assign  the  E\/E 2  levels  to  complexes  related  to  silicon  vacancies. 


Fig.  4  Annealing  behavior  of  5-parameters  in 
defect  region  obtained  from  VEPFIT  analysis. 
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B.  He  implantation 

For  the  He-implanted  sample,  the  average  lifetime  is  212  ps.  This  is  greater  than  the  positron 
lifetime  for  silicon  vacancies.  The  5-parameter  for  the  He-implanted  sample  is  also  greater  than 
that  for  silicon  vacancies.  Probably,  in  the  He-implanted  sample,  divacancies  are  also  important 
positron  trapping  centers  in  addition  to  silicon  vacancies.  The  He-implanted  sample  also  shows  two 
annealing  stages  at  500-800°C  and  1200-1500°C.  From  the  S-W  plots  (Fig.  4),  it  is  found  that 
dominant  defect  species  changes  above  800°C.  The  S-W  correlation  above  1000°C  approaches  the 
line  between  silicon  vacancies  and  bulk.  Probably,  divacancies  and  isolated  silicon  vacancies  are 
annealed  up  to  800°C.  Divacancies  are  considered  to  disappear  due  to  the  recombination  with 
interstitials  [17,18].  Above  800°C,  complexes  including  silicon  vacancies  are  major  defects  and 
they  disappear  up  to  1700°C  as  well  as  the  electron-irradiated  sample.  The  increase  of  5-parameter 
at  800-1000°C  indicates  the  formation  of  this  defect  due  to  annealing. 

According  to  the  DLTS  experiments  for  He-implanted  epitaxial  6H  SiC,  the  annealing 
temperatures  of  RD5  and  R  levels  are  reported  to  be  100-500°C  and  500-1000°C,  respectively  [1]. 
The  Z1/Z2  level  disappears  in  rather  broad  range  from  100°C  to  1400°C  [1,2].  The  concentration  of 
E\/E2  levels  increases  at  around  700°C  and  drastically  decreases  at  1200-1400°C  [2].  It  seems  that 
the  decrease  in  the  5-parameter  until  800°C  coincides  with  the  annealing  of  RD5  and  R  levels.  The 
annealing  characteristics  of  5-parameter  above  800°C  is  similar  to  that  of  E\!E2  levels.  Thus,  the 
E\!E2  levels  are  possibly  originating  from  vacancy-type  defects. 

Summary 

In  summary,  we  studied  annealing  processes  of  vacancy-type  defects  in  epitaxial  6H  SiC  after 
electron  irradiation  and  He  implantation.  Two  major  annealing  stages  at  500-800°C  and 
1200-1 500°C  related  to  vacancy-type  defects  are  detected.  It  was  found  that  silicon  vacancies  are 
the  main  positron  trapping  centers  in  the  electron-irradiated  SiC.  In  the  He-implanted  sample, 
di vacancies  are  also  comparable  positron  trapping  centers  to  silicon  vacancies.  Vacancy- type 
defects  were  no  longer  detected  after  the  annealing  at  1700°C. 
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Abstract  Recent  progress  in  SiC  epitaxial  growth,  ion  implantation,  and  MOS  technologies  made 
in  the  authors’  group  are  described.  Thick  (>  30  pm)  SiC  epilayers  grown  by  improved  cold- wall 
CVD  show  a  background  doping  level  of  l~5xl014  cm'3  with  a  low  trap  concentration  of  3~4xl012 
cm"3.  Specular  SiC  epilayers  have  been  grown  at  a  growth  rate  over  15  pm/h  by  a  chimney-type 
CVD  reactor  at  1700°C.  High-dose  P+  and  Al+  implantations  have  resulted  in  low  sheet  resistances 
of  105  Q/n  and  3600  ,  respectively.  Successful  MeV  Al+  and  B+  implantations  are 

demonstrated.  A  high  channel  mobility  of  96  cm2/Vs  for  4H-SiC(ll  20)  MOSFET  originates  from 
the  much  lower  interface  state  density  near  the  conduction  band  edge. 


1.  Introduction 

Breakthroughs  in  SiC  boule  and  epitaxial  growth  technologies  in  the  1980’s  have  been  accelerating 
the  development  of  various  prototype  SiC  devices  projected  for  high-power,  high-frequency,  and 
high-temperature  electronics  [1].  To  meet  the  requirements  for  wide  commercialization  of  SiC 
electronic  devices,  however,  there  still  remain  crucial  issues  in  both  growth  and  device  processing. 
The  size  and  structural  defects  including  micropipes  of  SiC  wafers,  for  example,  have  limited  high- 
current  handling  capability  of  SiC  devices.  Fast  epitaxy  and  further  purification  of  epilayers  will  be 
also  future  challenges.  Difficulty  in  activation  of  implanted  p-type  dopants,  low  inversion  channel 
mobility  in  SiC  MOSFETs,  and  oxide  reliability  at  high  temperatures  are  to  be  solved  before  the  full 
potential  of  SiC  is  achieved  in  real  electronic  devices.  This  paper  describes  recent  progress  in  SiC 
epitaxial  growth,  ion  implantation,  and  MOS  technologies  made  in  the  authors’  group. 

2.  Epitaxial  growth  of  thick  and  high-purity  SiC 

Epitaxial  growth  was  performed  by  atmospheric-pressure  chemical  vapor  deposition  (CVD)  in  a 
cold- wall  horizontal  reactor  [2].  Source  gases  were  SiH4  and  C3H8  with  a  Pd-cell  purified  H2  carrier 
gas.  The  authors  have  succeeded  in  epitaxial  growth  of  thick  and  high-purity  SiC  by  cold-wall  CVD 
at  1500°C  with  a  growth  rate  of  3.2  pm/h.  The  improvements  of  susceptor  design  and  growth 
process  have  enabled  to  grow  30-54  pm-thick  SiC  epilayers  with  a  low  net  doping  concentration  of 
1-5x10 14  cm'3.  A  prolonged  growth  run  leads  to  the  reduced  donor  concentration,  owing  to  the 
“baking  effect”.  Although  macrostep  bunching  was  more  pronounced  for  thick  epilayers  grown 
with  a  higher  C/Si  ratio,  a  specular  surface  was  obtained  by  keeping  the  C/Si  ratio  below  3.  By 
optimizing  the  HC1  etching  condition  prior  to  CVD  and  starting  CVD  with  a  slow  growth  rate  of  1 
pm/h,  “triangular-defects”  and  “carrot-like  grooves”  could  be  eliminated,  with  a  greatly  reduced 
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Photon  Energy  (eV) 

Fig.  1  Photoluminescence  spectrum  at  1 8  K  taken 
from  a  32  pm -thick  6H-SiC  epi  layer. 


Fig.2  Current  density- voltage  characteristics  of  an 
epitaxially  grown  6H-SiC  pin  diode  with  a  3 1 
pm-thick  z-layer. 


surface  defect  density  of  40-120  cm'2.  Surface-defect  free  area  over  lxl  mm2  could  reproducibly  be 
produced.  Figure  1  represents  the  photoluminescence  spectrum  at  18  K  taken  from  a  32  pm-thick 
6H-SiC  epilayer.  The  spectrum  reveals  that  free  exciton  peaks  denoted  by  the  “I”  series  dominate, 
and  very  few  signs  of  unwanted  impurities  such  as  Al,  B,  and  Ti  can  be  observed.  From  isothermal 
capacitance  transient  spectroscopy  (ICTS)  measurements,  one  deep  trap  located  at  Ec-0.67  eV  for 
4H-SiC  and  two  traps  closely  located  at  Ec-0.35  and  0.41  eV  for  6H-SiC  epilayers  were  detected. 
However,  the  trap  concentration  was  as  low  as  3-4x1 012  cm"3. 

Figure  2  depicts  the  current  density-voltage  characteristics  of  an  epitaxially  grown  6H-SiC  pin 
diode  with  a  31  pm-thick  Mayer.  At  a  reverse  voltage  of  -3200V,  the  diode  exhibited  stable  and 
reversible  avalanche  breakdown,  and  the  diode  withstood  a  relatively  high  current  density  of  1 
A/cm2.  In  the  forward  direction,  a  low  on-resistance  of  4.6  mOcm2  was  achieved,  indicating 
effective  conductivity  modulation  of  the  /-layer.  This  value  is  lower  than  not  only  the  theoretical 
limit  of  specific  on-resistance  for  SiC  unipolar  devices  but  also  the  on-resistance  of  Si  pin  diodes  in 
the  similar  blocking-voltage  region.  From  the  turn-off  measurements  of  diodes,  the  minority  carrier 
lifetimes  were  determined  to  be  0.45  ps  for  4H-SiC  and  0.64  ps  for  6H-SiC.  The  diffusion  length  of 
minority  carriers  was  estimated  to  be  10-12  pm,  suggesting  high  material  quality. 

High-quality  SiC  epilayers  with  excellent  surface  morphology  can  be  produced  on  “micropipe- 
free”  SiC(l  12  0)  substrates.  The  (112  0)  epilayers  showed  very  smooth  morphology  with  a  surface 
roughness  of  0.18  nm.  An  X-ray  diffraction  analysis  revealed  that  lattice-mismatch  strain  between 
n'-epilayers  and  n+-substrates  can  be  minimized  by  introducing  n-type  buffer  layers  [3].  The  doping 
efficiency  of  both  donor  and  acceptor  impurities  on  (1120)  is  located  in  between  (0001)Si  and 
(000  1  )C  faces.  The  lowest  donor  concentration  of  unintentionally  doped  epilayers  is  lxl014cm"3. 
Molten  KOH  etching  experiments  revealed  a  relatively  high  stacking  fault  density  of  102  cm‘l  for 

(112  0)  epilayers.  Nevertheless,  Ni/4H-SiC(ll  20)  Schottky  barrier  diodes  exhibited  lower  leakage 
current  density  than  SiC(0001)  diodes  [3]. 

Recently,  vertical  hot-wall  (chimney-type)  CVD  [4]  has  been  investigated  in  the  authors’  group 
to  increase  the  growth  rate.  With  this  up-flow  configuration  at  a  reduced  pressure  of  150-200  Torr, 
a  very  low  H2  carrier  flow  of  2-3  slm  is  sufficient  to  obtain  large  growth  windows.  At  a  high 
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growth  temperature  of  1700°C,  however,  the  optimum  C/Si  ratio  to  obtain  mirror-like  surfaces  is 
much  lower,  0.4-0.7,  than  that  at  1500°C(1.5~3),  probably  due  to  the  considerably  increased 
equilibrium  pressure  of  Si-related  species  at  the  high  temperature.  Mirror-like  surface  has  been 
obtained  at  a  high  growth  rate  over  15pm/h.  The  thickness  and  doping  uniformities  (at  a  lxl015cm'3 
doping  level)  on  a  half  two-inch  wafer  were  4%  and  6%,  respectively.  The  donor  concentration  of 
unintentionally  doped  SiC(OOOl)  epilayers  can  be  reduced  down  to  7x1 014  cm'3  by  increasing  the 
C/Si  ratio  up  to  0.7,  following  the  site-competition  concept  [5].  The  X-ray  rocking  curve  (co  scan) 
measurements  of  26  pm-thick  4H-SiC  epilayers  showed  a  small  FWHM  value  of  12  arcsec. 


3.  High-dose/high-energy  ion  implantation 

Phosphorous  ion  (P+)  implantation,  instead  of  N+  implantation,  has  attracted  increasing  attention  to 
form  selective  n+  region  in  SiC  [6,7].  In  this  study,  multiple  P+  implantation  was  performed  into  p- 
type  4H-SiC  epilayers  at  either  room  temperature  or  800°C  to  create  a  0.25  pm-deep  box  profile. 
The  total  implant  dose  was  fixed  at  4x1 01 5  cm'2.  Typical  data  are  summarized  in  Table  1.  As  is 
expected,  P+  implantation  at  elevated  temperatures  followed  by  high-temperature  annealing  at 
1700°C  is  effective  to  form  heavily  doped  n+  region  with  a  sheet  resistance  as  low  as  105  Q/D.  The 
authors  have  found  that  a  similar  sheet  resistance  (110  Q/D)  can  be  achieved  even  by  room- 
temperature  P+  implantation,  when  4H-SiC(1120)  epilayers  were  employed  (not  shown). 
Significantly  better  lattice  recovery  may  be  realized  on  4H-SiC(ll  2  0)  than  (0001),  owing  to  much 
faster  recrystallization  rate  along  the  <112  0>  direction  [8].  Thus,  SiC(ll  2  0)  may  possess  much 
potential  to  reduce  implantation  and  annealing  temperatures. 

High-dose  aluminum  ion  (Al+)  implantation  for  p+  doping  has  been  a  major  remaining  issue  in 
SiC  processing  technology,  due  to  the  difficulty  of  dopant  activation  as  well  as  the  large  ionization 
energy  of  A1  acceptors  [9].  Although  recent  trials  of  hot  Al+  implantation  at  500°C  followed  by 
annealing  at  1700°C  resulted  in  a  reasonable  sheet  resistance  of  3600  £!/□,  as  shown  in  Table  1, 
further  improvement  is  required,  especially  to  reduce  contact  resistivity  on  p-type  SiC. 


Table  1  Typical  results  of  high-dose  P+,  N+,  and  A!+ 
implantation  into  4H-SiC.  The  total  implant 
dose  is  4xl0,5cm'2. 


Implanted 

Ion 

Implantation 

Temperature 

Annealing 

Temperature 

Sheet 

Resistance 

p+ 

20°C 

1600°C 

200  Q/D 

1700°C 

180  Q/D 

800°C 

1 600°C 

no  o/n 

1700°C 

105  Q/D 

N* 

800°C 

1 600°C 

420  Q/O 

Af 

20°C 

1 600°C 

150  kQ/D 

1700°C 

95  kQ/D 

500°C 

1600°C 

12.5  kn/D 

1700°C 

3.6  kQ/D 

Al-impla.!  B-impla.  \  Al-impla.j  B-impla. 
1600°C  anneal  !  1800°C  anneal 


Fig.3  Ratio  of  average  blocking  voltage  measured 
and  ideal  blocking  voltage  calculated  from  the  diode 
structure  for  Al+-  or  B+-implanted  SiC  pin  diodes 
annealed  at  two  different  temperatures. 
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High-energy  (MeV)  A1  and  B  ion  implantations  into  SiC  have  been  investigated  to  form  3  pm- 
deep  pn  junction  for  future  several  kV-class  DIMOSFET  and  IGBT  fabrication.  The  3  pm-deep  box 
profiles  were  created  by  multiple  Al+  (50  keV~6.2  MeV)  or  B+  (30  keV~3.4  MeV)  implantations 
with  a  total  dose  of  3.0x1 014cm“2.  After  annealing  at  1600°C,  the  electrical  activation  ratios,  defined 
as  the  ratio  of  the  acceptor  concentration  measured  by  C-V  and  the  average  implanted  impurity 
concentration,  remained  low,  32%  for  Al+  and  2%  for  B+  implantations.  Nearly  perfect  electrical 
activation  (>  90%),  with  correcting  the  out-diffusion  effect  in  the  case  of  B+  implantation,  could  be 
attained  by  annealing  at  1 800°C. 

Reverse  blocking  performance  of  MeV-implanted  diodes  was  investigated  by  fabricating  4H- 
SiC(OOOl)  mesa  pin  diodes.  High  blocking  voltages  over  3000V  and  a  low  leakage  current  density 
of  10"8~10'7  A/cm2  at  -1000  V  could  be  achieved  for  1 800°C-annealed  diodes  with  15  pm-thick  /- 
layers.  Furthermore,  these  diodes  could  withstand  high  avalanche  current  density  up  to  2  A/cm2  at  a 
voltage  of  -3080V,  indicating  excellent  robustness  of  SiC  devices.  Figure  3  represents  the  ratio  of 
average  blocking  voltage  measured  and  ideal  blocking  voltage  calculated  from  the  diode  structure, 
for  Al+-  or  B+-implanted  4H-SiC  pin  diodes  annealed  at  two  different  temperatures.  Annealing  at 
1800°C  has  significantly  improved  the  blocking  performance,  and  more  than  80%  of  parallel-plane 
breakdown  voltage  has  been  realized.  Recent  deep  level  analyses  revealed  that  the  trap 
concentration  near  the  junction  interface  for  1 800°C-annealed  diodes  is  lower  than  1 600°C-annealed 
diodes  by  two  orders  of  magnitude  [10]. 

4.  High-channel  mobility  in  SiC(1120)  MOSFETs 

Very  high  channel  mobilities  of  96  and  116  cm2/Vs  have  been  achieved  for  inversion-type  4H-  and 
6H-SiC  MOSFETs  fabricated  on  (11  20),  respectively  [11].  In  this  section,  the  authors  describe  the 
temperature  dependence  of  MOSFETs  and  the  C-V  curves  of  MOS  capacitors  to  provide  better 
understanding  of  SiC  MOS  interface. 

N-channel  planar  MOSFETs  were  fabricated  on  boron-doped  p-type  4H-  and  6H-SiC  (11  2  0) 
and  off-axis  (0001)  epilayers.  The  source  and  drain  regions  were  formed  by  room-temperature  N+ 
implantation  followed  by  annealing  at  1550°C  for  30  min  in  Ar.  Then,  samples  were  cleaned  by  the 
RCA  process  prior  to  gate  oxidation.  The  40  nm-thick  gate  oxides  were  formed  by  wet  oxidation  at 
1100°C  for  60  min  on  (112  0)  or  at  1150°C  for  120  min  on  (0001),  taking  account  of  3~5  times 
faster  oxidation  rate  on  (1 1  2  0).  The  channel  length  and  width  were  30  and  200  pm,  respectively. 

When  4H-SiC(0001)  and  (112  0)  MOSFETs  were  tested  at  elevated  temperatures,  the  channel 
mobility  of  the  4H-SiC(0001)  MOSFET  was  thermally  activated  with  increasing  temperature.  This 
abnormal  dependence  may  be  caused  by  the  severe  Coulomb  scattering  and/or  the  trapping  of 
mobile  electrons  in  the  inversion  layer  at  a  high  density  of  interface  states.  In  contrast,  the  4H-SiC 
MOSFET  on  (1120)  exhibits  high  channel  mobility  at  room  temperature  and  decreases  with 
increasing  temperature  above  200K,  according  to  the  T'21  dependence,  due  to  phonon  scattering, 
demonstrating  a  superior  MOS  interface  on  (1120).  The  authors  have  suggested  that  negative 
charges  near  the  MOS  interface,  which  include  immobile  electrons  trapped  at  interface  states  or 
oxide  traps  and  fixed  charges,  may  control  the  channel  mobility  [12].  Schomer  et  al.  have  proposed 
that  the  channel  mobility  is  mainly  affected  by  acceptor-like  interface  states  near  the  conduction 
band  edge  [13].  One  evidence  for  these  speculations  can  be  seen  in  the  temperature  dependence  of 
threshold  voltage  shown  in  Fig.4.  The  threshold  voltage  of  4H-SiC(0001)  MOSFET  is  very  high, 
7.8  V  at  room  temperature,  and  it  greatly  decreases  down  to  2.7  V  at  500K.  This  characteristic  is 
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Temperature  (K)  Ec~E  (eV) 


Fig.4  Temperature  dependence  of  threshold  voltage  Fig.  5  Distribution  of  interface  state  density  for  4H- 
for  4H-SiC(0001)  and  (1120)  MOSFETs.  SiC(OOOl)  and  (1120)  MOS  structure  calculated  from 

the  threshold  voltage  shift. 

accompanied  with  the  increase  in  channel  mobility,  indicating  the  reduced  negative  charges  near  the 
MOS  interface  at  elevated  temperatures.  However,  the  threshold  voltage  of  4H-SiC(112  0) 
MOSFET  is  lower,  4.0  V,  and  is  insensitive  to  temperature  (with  the  decrease  in  mobility  at  elevated 
temperatures). 

Based  on  these  data,  the  interface  state  density  near  the  conduction  band  edge  was  estimated  by 
assuming  that  the  shift  of  threshold  voltage  as  a  function  of  temperature  is  mainly  attributed  to  the 
emission  (detrapping)  of  electrons  from  the  MOS  interface  states.  Figure  5  represents  the 
distribution  of  interface  state  density  for  4H-SiC(0001)  and  (1 1  20)  MOS  structures  calculated  from 
the  threshold  voltage  shift.  The  interface  state  density  near  the  conduction  band  edge  is  much  lower 
for  (1 1  2  0).  Since  the  interface  state  density  is  in  the  10,2~1013  cm’2  range,  being’ the  same  order  as 
the  sheet  charge  density  in  an  inversion  layer  induced  by  the  gate  bias,  most  of  electrons  in  the 
inversion  channel  may  be  trapped  at  these  interface  states  and  become  immobile  [14].  Thus,  the 
lower  interface  state  density  on  (11  2  0)  leads  to  the  higher  concentration  of  mobile  electrons  in  an 
inversion  layer  together  with  higher  channel  mobility.  This  may  the  reason  why  the  dramatically 
improved  MOSFET  performance  is  realized  on  SiC(l  1  2  0). 

Recent  C-V  measurements  on  n-type  4H-SiC(0001)  and  (112  0)  MOS  capacitors  have  revealed 
that  (112  0)  MOS  capacitors  exhibit  much  smaller  frequency  dispersion  in  the  accumulation  [15]. 
The  interface  state  density  determined  from  C-V  curves  is  also  2~3  times  lower  on  (1 1  2  0)  than  on 
(0001),  as  far  as  we  focus  on  the  interface  states  near  the  conduction  band  edge.  The  authors  have 
also  clarified  that  the  high-quality  (112  0)  MOS  interface  can  be  formed  by  wet  oxidation  and  not 
by  dry  oxidation  [15].  Further  fundamental  investigations  are  required  to  understand  the  chemical 
nature  and  generation  mechanism  of  interface  states  or  near  interfacial  traps  [16]  in  SiC  MOS 
structure. 

5.  Conclusions 

Recent  progress  in  SiC  epitaxial  growth,  ion  implantation,  and  MOS  technologies  made  in  the 
authors’  group  were  discussed.  Photoluminescence,  ICTS,  and  high-voltage  pin  diode  performance 
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have  demonstrated  high  quality  and  high  purity  of  thick  (>  30  jam)  SiC  epilayers  grown  by 
improved  cold-wall  CVD.  The  (112  0)  epilayers  showed  very  smooth  morphology  and  the  quality 
can  be  improved  by  introducing  a  buffer  layer  to  minimize  lattice-mismatch  strain  between  n'- 
epi layers  and  n+-substrates.  Specular  SiC  epilayers  have  been  grown  at  a  growth  rate  over  15  jam/h 
by  a  chimney-type  CVD  reactor  at  1700°C.  Low  sheet  resistances  of  105  Q/D  and  3600  O/D  were 
obtained  by  high-dose  P+  and  Al+  implantations,  respectively.  MeV  Al+  and  B+  implantations 
followed  by  high-temperature  annealing  at  1800°C  resulted  in  nearly  perfect  activation  and 
excellent  blocking  performance  of  pin  diodes.  4H-SiC(ll  2  0)  MOSFETs  exhibited  a  high  channel 
mobility  of  96  cm2/Vs,  a  negative  temperature  coefficient  of  channel  mobility,  and  temperature- 
independent  threshold  voltage.  These  properties  can  be  ascribed  to  the  much  lower  interface  state 
density  near  the  conduction  band  edge  on  (1 1  2  0). 
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Abstract  A  brief  survey  is  given  of  some  recent  results  on  doping  of  4H-  and  6H-SiC  by  ion 
implantation.  The  doses  and  energies  used  are  between  109  and  1015  cm-2  and  100  keV  and  5 
MeV,  respectively,  and  B  and  A1  ions  (p-type  dopants)  are  predominantly  studied.  After  low  dose 
implantation  (<1010  cm-2)  a  strong  compensation  is  observed  in  n-type  samples  and  this  holds 
irrespective  of  implantation  temperature  up  to  600  °C.  However,  at  higher  doses  (1014-1015 
Al/cm2)  the  rate  of  defect  recombination  (annihilation)  increases  substantially  during  hot  implants 
(>200  °C),  and  in  these  samples  one  type  of  structural  defect  dominates  after  post-implant 
annealing  at  1700-2000  °C.  The  defect  is  identified  as  a  dislocation  loop  composed  of  clustered 
interstitial  atoms  inserted  on  the  basal  plane  in  the  hexagonal  crystal  structure.  Finally,  transient 
enhanced  diffusion  (TED)  of  ion-implanted  boron  in  4H-samples  is  discussed. 

Introduction 

One  key  issue  when  realizing  SiC  devices  is  doping  to  tailor  the  electrical  properties.  Controlled 
doping  of  bulk  crystals  and  epitaxial  layers  can  be  performed  in-situ  during  growth,  and  in 
particular,  using  vapour  phase  epitaxy  (VPE)  the  concentration  of  dopants  in  epitaxial  layers  is 
accessible  over  a  wide  range[l].  However,  for  a  genuine  implementation  of  SiC  devices  a  planar 
technology  with  selective  area  doping  is  required.  One  alternative  is  thermal  diffusion  but  it  is  not 
considered  as  a  viable  concept  in  device  processing  because  of  the  extremely  high  temperatures 
needed;  to  reach  reasonable  diffusivities  (>10-13  cm2/s)  temperatures  around  or  in  excess  of  2000 
°C  must  be  used  for  most  elements. 

In  principle,  ion  implantation  is  ideally  suited  for  selective  area  doping  because  of  the 
possibility  to  accurately  control  the  dopant  concentration  and  the  thickness  of  the  implanted  region 
without  any  chemical  or  thermodynamic  constraints.  However,  a  major  drawback  is  the  generation 
of  damage  destroying  the  crystalline  structure  of  the  semiconductor  material.  The  damage  can 
range  from  point  defects  caused  by  single  collision  cascades  at  low  ion  doses  to  complete 
amorphization  at  high  enough  doses.  Post-implant  annealing  is  required  to  restore  the  crystal 
structure  and  electrically  activate  the  implanted  dopants  as  shallow  acceptors  or  donors. 

For  SiC,  our  knowledge  about  such  annealing  processes  is  severely  limited,  and  to  understand 
and  control  these  annealing  processes  is,  indeed,  a  major  scientific  challenge.  In  this  contribution 
we  give  a  brief  overview  of  some  recent  results  covering  a  wide  dose  and  energy  regime  from  109 
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to  1015  cm-2  and  100  keV  to  5  MeV,  respectively.  Predominantly,  B  and  A1  ions  have  been 
studied. 

Experimental 

The  samples  used  were  mainly  low  doped  (-1-5x1015  Cm-3)  high  purity  epitaxial  layers  of  n-type 
grown  by  VPE  on  Cree  substrate  wafers.  The  layers  were  of  polytype  4H  or  6H  and  doped  with 
nitrogen.  More  details  about  the  sample  growth  can  be  found  in  Ref. 2. 

After  growth,  the  wafers  were  cut  into  small  samples  with  a  typical  size  of  7x7  mm2  and  then 
implanted  with  4He,  HB  or  27 A1  ions  using  energies  in  the  range  of  100  keV  to  5  MeV.  The 
implantation  temperatures  were  between  25  °C  and  800  °C,  and  the  MeV  energy  implants  were 
performed  at  the  Uppsala  tandem  accelerator  facilities[3]  while  the  keV  energy  implants  were 
carried  out  at  the  semiconductor  laboratory  in  Kista-Stockholm. 

For  sample  characterization  different  techniques  like  capacitance-voltage  (CV)  measurements, 
deep  level  transient  spectroscopy  (DLTS),  atomic  force  microscopy  (AFM),  secondary  ion  mass 
spectrometry  (SIMS),  Rutherford  backscattering  spectrometry  (RBS)  and  transmission  electron 
microscopy  (TEM)  were  applied.  Details  about  sample  preparation  (cleaning,  contact  growth,  etc) 
and  measurement  procedures  can  be  found  in  Refs.4-6. 

Results  and  Discussion 

Fig.  1  compares  the  charge  carrier  concentration,  as  obtained  by  1  MHz  CV  measurements,  in  4H- 
SiC  and  Si  samples  implanted  with  1.7  MeV  He  ions  at  room  temperature  (RT)  to  a  dose  of  2x109 
cm-2.  Prior  to  implantation  both  samples  had  a  free  and  uniform  electron  concentration  of  (0.9- 
1.0)xl0l5  cm-3.  According  to  simulations  using  the  transport  of  ions  in  matter  code  (TRIM, 
version  96.01)[7]  the  projected  range  for  1.7  MeV  He  ions  is  -3.8  pm  and  -5.9  pm  in  SiC  and  Si, 
respectively.  In  the  former  sample  strong  compensation  (-80  %)  occurs  at  the  implantation 
damage  peak  (-3.6  pm)  while  only  a  minor  effect  is  observed  at  the  peak  position  (-5.6  pm)  in 
the  silicon  sample.  The  apparent  increase  in  doping  with  a  maximum  at  -4. 1  pm  is  a  measurement 
artifact  indicative  of  deep  acceptor  traps  and  is  due  to  contributions  from  both  the  leading  and 
trailing  edges  of  the  Debye  tail  to  the  measured  capacitance[8].  Fig.  1  shows  a  maximum 
compensation  of  -8x1014  Cm-3  in  the  SiC  sample  and  -1x1014  cm-3  in  the  Si  sample,  i.e.,  the 
generation  rate  of  compensating  defects  is  about  a  factor  of  5-10  times  higher  in  SiC[9].  For  Si,  it 
is  known  that  only  a  few  percent  of  the  implantation-induced  vacancies  and  self-  interstitials 
survive  immediate  recombination  at  RT  and  form  stable  defects  at  low  doses[10].  Apparently,  this 
is  not  true  for  SiC,  and  different  explanations  can  be  put  forward.  First,  SiC  is  a  compound 
semiconductor  and  antisite  defects  (Si  on  a  C-site  and  vice  versa)  are  likely  to  form  during 
recombination  between  vacancies  and  self-interstitials.  Second,  the  mobility  of  vacancies  and  self- 


Fig.l  Comparison  of  the  electrical  carrier 
concentration  profiles  in  n-type  SiC  and 
Si  samples  after  implantation  of  He  ions 
at  RT. 
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Fig.2  Carrier  compensation  per  ion 
dose  versus  implantation  temperature 
for  n-type  4H  epi-layers  implanted 
with  2  MeV  B  ions. 
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interstitials  is  low  in  SiC  reducing  the  probability  for  annihilation  relative  to  that  in  Si. 

DLTS  measurements  [4]  reveal  no  deep-level  defects  of  acceptor  type  with  concentrations 
comparable  to  the  compensation  observed  in  Fig.  1.  One  possibility  is,  however,  acceptors  with 
levels  very  close  to  the  middle  or  even  in  the  lower  part  of  the  energy  bandgap.  Further, 
passivation  (neutralization)  of  the  nitrogen  donors  by  implantation-induced  defects  can  also 
contribute  to  the  compensation.  It  is  interesting  to  note  that  the  compensation  exhibits  no 
dependence  on  implantation  temperature  between  RT  and  600  °C,  as  illustrated  in  Fig.  2.  This 
suggests  that  the  mobility  of  vacancies  and  self-interstitials,  promoting  defect  recombination,  has 
only  a  minor  influence  (if  any)  on  the  compensation  effect. 

On  the  other  hand,  for  defect  accumulation  at  higher  doses  the  implantation  temperature  is 
known  to  play  a  vital  role.  Fig.  3(a)  shows  the  concentration  of  disordered  Si  atoms  as  a  function 
of  depth  in  4H  epi-samples  implanted  with  100  keV  A1  ions  to  a  dose  of  5x1014  cm-2  at  RT,  200 
°C  and  400  °C.  The  implants  were  performed  at  a  tilt  angle  of  8°  relative  to  the  <000 1>  axis  and 
RBS  in  the  channeling  mode  (RBS/C,  2.4  MeV  He+  ions)  was  employed  for  sample  analysis.  The 
concentration  profiles  in  Fig.  3(a)  were  extracted  from  the  measured  RBS  spectra  by  applying  the 
formalism  according  to  Eisen[ll].  In  addition  to  the  main  maximum  at  -1000  A  a  pronounced 
accumulation  of  defects  is  also  observed  in  the  near-surface  region.  A  similar  surface  peak  has  been 
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Fig.3(a)  Disordered  Si  atoms  as  a  function  of  depth  and  (b)  relative  damage  versus  implantation  temperature 
for  4H-SiC  samples  implanted  with  100  keV  A1  ions,  as  determined  by  RBS/C. 
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reported  in  previous  studies  on  Si,  Ge,  GaAs  and  GaN  and  attributed  to  an  amorphous  layer  at  the 
semiconductor  surface,  presumably  formed  due  to  trapping  of  migrating  point  defects  by  the 
surface [12].  For  the  implants  at  elevated  temperatures  a  substantial  reduction  in  the  concentration 
of  disordered  Si  atoms  occurs,  especially  around  the  main  peak.  This  shows  an  enhanced  defect 
recombination  during  the  hot  implants,  and  as  demonstrated  in  Fig.  3(b),  where  the  ratio  between 
the  channeled  and  random  RBS  yields  below  the  damaged  layer  is  depicted  as  a  function  of  the 
implantation  temperature,  the  main  decrease  in  defect  production  takes  place  already  below  200 
°C.  Hence,  the  process  controlling  the  defect  recombination  can  be  associated  with  a  relatively  low 
activation  energy,  and  at  800  °C  the  damage  level  extracted  from  RBS/C  is  close  to  that  in  virgin 
samples. 

In  this  context  it  should  be  emphasized  that  the  layer  in  Fig.  3(a)  is  not  rendered  amorphous  by 
5x1014  Al/cm2  even  at  RT.  Actually,  the  dose  required  to  form  an  amorphous  layer  in  SiC  at  RT  is 
comparable  to  that  in  silicon,  as  opposed  to  the  results  obtained  at  low  doses.  Fig.  1.  This 
‘contradiction’  shows  that  the  damage  buildup  in  SiC  as  a  function  of  ion  dose  is  different 
compared  to  Si.  The  former  one  appears  to  be  more  linear  over  a  wide  dose  range,  which  is 
consistent  with  the  small  (if  any)  dependence  on  ion  mass  for  amorphization  of  SiC  at  RT[13]. 
Here,  the  low  mobilities  of  point  defects  in  SiC,  reducing  defect  annihilation,  and  the  interplay 
with  the  ion  dose  rate  are  key  factors. 

A  high  resolution  cross  sectional  TEM  image  of  a  4H-sample  implanted  at  600  °C  with  180 
keV  A1  ions  to  a  dose  of  1.3x1014  cm-2  and  subsequently  annealed  at  1700  °C  for  30  min  is  shown 
in  Fig.  4.  In  this  kind  of  samples  only  one  type  of  structural  defect  is  observed,  and  detailed  TEM 
studies  have  identified  it  as  a  dislocation  loop  composed  of  clustered  interstitials  inserted  on  the 
basal  plane  in  the  hexagonal  structure^].  As  a  result,  the  surrounding  planes  bend  to 
accommodate  the  loop  and  a  corresponding  strain  field  is  generated  in  the  c-direction.  It  is 
interesting  to  note  that  the  loops  align  in  a  staircase  fashion  with  the  edges  located  on  top  of  each 
other,  presumably  due  to  a  minimization  of  the  elastic  lattice  energy.  Assuming  that  the  surface 
density  of  atoms  in  the  loops  equals  that  of  SiC  the  density  of  interstitials  stored  in  the  loops  is 
estimated  to  be  -1.0x1014  cm-2  using  plan-view  micrographs.  This  value  is  close  to  the  dose  of 
implanted  A1  ions  and  indicates  an  efficient  recombination  process  of  the  implantation-induced 
vacancies  and  self-interstitials  leaving  only  one  (or  less)  excess  interstitial  per  implanted  ion.  The 
identity  of  the  interstitial  atoms  stored  in  the  loops  is  not  fully  established  but  it  is  tempting  to 
suggest  that  they  are  Si  self-interstitials.  For  the  dose  and  annealing  conditions  used  close  to  100 
%  of  the  implanted  A1  ions  are  anticipated  to  be  electrically  activated  as  shallow  acceptors  [14], 
i.e.,  they  occupy  predominantly  substitutional  Si  sites,  and  thus,  a  considerable  concentration  of 
excess  Si  self-interstitials  can  be  expected. 


Fig.4  High  resolution  cross-sectional 
image  of  a  sample  implanted  with  A1 
ions  (180  keV,  1.3x1014  Cm-2) 

showing  alignment  of  dislocation 
loops  in  a  stair-case  fashion  after 
annealing  (1700  °C,  30  min).  The 
arrows  indicate  the  edges  of  each  loop. 
The  speckled  area  in  the  upper  right 
comer  is  an  amorphous  edge  caused 
by  ion  milling. 
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Fig.5  Loop  density  versus  loop  radius  for  AI- 
implanted  and  subsequently  annealed  (30  min) 
4H-SiC  samples. 


Fig.  5  displays  the  density  of  loops  versus  loop  radius  in  three  samples  annealed  for  30  min  at 
1700,  1900  and  2000  °C,  respectively.  The  mean  radius  of  the  loops  increases  with  temperature 
from  -3.1  nm  at  1700  °C  to  ~5.9  nm  at  2000  °C.  Concurrently,  the  density  of  loops  decreases  and 
the  total  number  of  interstitials  stored  in  the  loops  remains  constant.  Thus,  interstitials  are 
exchanged  between  the  different  loops,  and  the  evolution  is  characteristic  of  an  Ostwald  ripening 
process [15]  where  large  defects  grow  on  the  expense  of  smaller  ones.  The  driving  force  for  this 
coarsening  of  the  loops  is  a  minimization  of  the  interfacial  (surface)  and  elastic  energies. 
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Fig.6  Boron  concentration  versus  depth  profiles 
in  as-implanted  and  annealed  4H-SiC  epi-layers. 


The  excess  concentration  of  defects  induced 
by  ion  implantation  and  the  resulting  non- 
equilibrium  conditions  during  post-implant 
annealing  can  grossly  affect  the  diffusion  of 
dopants.  Indeed,  different  groups  have  recently 
reported  an  anomalous  diffusion  of  ion- 
implanted  boron  in  SiC[16,17].  Fig.  6  shows 
SIMS-profiles  of  boron-implanted  4H-samples 
before  and  after  annealing  at  1600,  1700  and 
2050  °C.  A  substantial  out-diffusion  occurs 
through  the  surface  but  here  we  will  focus  on 
the  diffusion  into  the  undamaged  part  of  the 
samples,  beyond  the  as-implanted  distribution. 
At  1600  and  1700  °C  almost  exponential  tails 
extending  >3  pirn  into  the  samples  are 
observed,  and  furthermore,  the  tails  obtained 
after  10  and  30  minutes  annealing  are  identical 
showing  that  the  migration  is  due  to  a  transient 
process.  In  contrast,  after  annealing  at  2050  °C 
the  B  profile  exhibits  a  concave  shape,  as 
expected  for  classical  diffusion  from  a  limited 
source  in  a  (semi-)infinite  medium[18].  The 
shape  and  evolution  with  time  of  the  nearly 
exponential  tails  in  Figs.  6(a)  and  6(b)  cannot 
be  described  by  an  ordinary,  concentration 
independent  Fickian  diffusion  process,  i.e., 
Gaussian  or  erfc  solutions.  However,  in  order 
to  obtain  a  quantitative  measure  of  the 
observed  diffusion  Gaussian  functions  are 
fitted  to  the  fast  diffusing,  low  concentration 
part  of  the  profiles.  These  are  depicted  as 
broken  lines  in  Fig.  6  and  using  the  extracted 
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values  of  the  broadening,  a,  an  effective  diffusion  coefficient  DBeff  can  determined  by  applying 
the  relation  DBeff  =  cV2i  [18].  For  the  sample  annealed  at  2050  °C  the  Gaussian  fit  is  excellent 
over  the  entire  diffusion  tail  suggesting  that  equilibrium  conditions  apply  and  DBeff(2050  °C), 
2.5x10-11  cm2/s,  agrees  closely  with  previous  values  reported  in  the  literature[19].  On  the  other 
hand,  DBeff  at  1600  and  1700  °C,  >6.7x10-12  and  >1.3x10-11  cm2/s,  are  enhanced  by  at  least  a 
factor  of  160  and  50,  respectively,  compared  to  the  literature  data.  In  fact,  a  similar  transient 
enhanced  diffusion  (TED)  is  well-established  in  B-implanted  crystalline  silicon,  and  in  this  case, 
TED  is  attributed  to  interaction  of  the  B  atoms  with  implantation-induced  excess  Si  self¬ 
interstitials  through  the  interstitialcy  or  kick-out  mechanism[20].  However,  for  SiC  the  amount  of 
data  is  too  scarce  at  this  stage  to  identify  the  mechanism  mediating  TED  and  further  work  is  being 
pursued. 
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Abstract.  The  effect  of  neutron  irradiation  on  4H  SiC  epitaxial  layers  are  studied.  Several  different 
doses  of  both  fast  and  thermal  neutrons  have  been  used  and  the  samples  have  been  annealed  from 
500  °C  to  2000  °C.  The  defect  concentration  dependence  on  the  fast  neutron  flux  and  on  the 
annealing  temperature  is  investigated.  At  temperatures  from  900  °C  to  1300  °C  new  lines  between 
3960  A  and  4270  A  appear.  They  are  similar  in  behavior  to  the  EA  and  D1  spectra  and  are  assumed 
to  be  related  to  excitons  bound  to  isoelectronic  centers.  After  annealing  at  2000  °C  another  new  line 
appears  at  3809  A.  The  similarity  of  this  line  with  phosphorus  in  6H  makes  us  tentatively  ascribe  it 
to  phosphorus. 

Introduction 

Neutron  irradiation  is  a  way  to  obtain  a  well  controlled  and  homogenous  n-type  doping,  in 
semiconductors  like  Si  and  SiC.  This  is  very  important  for  materials  intended  for  high  power 
devices,  and  the  Neutron  Transmutation  Doping  (NTD)  is  an  established  technique  in  Si  technology. 
In  NTD  thermal  neutrons,  produced  in  a  fission  reactor,  is  absorbed  by  30Si  transmutating  it  into  31P 
creating  a  donor.  The  isotope  30Si  have  a  3.12%  natural  abundance  and  is  evenly  distributed  in  SiC. 
With  a  NTD  much  higher  than  the  original  doping  concentration  the  resulting  n-type  doping  will  be 
very  homogenous.  The  reactor  also  produce  fast  neutrons  with  higher  kinetic  energy.  These  does  not 
contribute  to  the  NTD,  but  can  damage  the  lattice  by  creating  interstitials  and  vacancies.  The  fast 
neutrons  create  mostly  intrinsic  defects  by  direct  interaction  with  Si  and  C.  Nuclear  reactions  with 
impurities  such  as  A1  also  occurs.  They  can  create  beta  and  alpha  decays  that  cause  more  lattice 
damage  and  transform  the  impurities  into  new  ones.  The  amount  of  intrinsic  defects  will  be 
determined  by  the  total  dose  of  fast  neutrons,  which  in  turn  depends  on  the  desired  doping  and  the 
ratio  of  fast  to  thermal  neutrons.  This  can  be  useful  for  fundamental  studies  of  intrinsic  defects.  The 
lattice  damage  can,  at  least  in  Si,  be  removed  by  high  temperature  annealing. 

In  6H  the  transformation  of  p-type  SiC  to  n-type  SiC  by  NTD  have  been  shown  by  several 
authors  [1,2].  The  phosphorus  bound  exciton  (BE),  first  shown  in  doped  CVD  layers  [3],  appears 
after  annealing  at  2000  °C  [1].  In  4H  SiC  no  previous  report  on  NTD  have  been  published  and  the 
phosphorus  BE  have  never  been  observed. 

In  this  work  we  have  done  a  series  of  irradiations  of  epitaxial  4H  SiC,  using  different  doses  and 
different  relations  between  fast  and  thermal  neutrons.  After  irradiation  and  after  annealings  up  to 
2000  °C,  the  layers  have  been  analyzed  mainly  with  optical  techniques  but  electrical  techniques 
have  also  been  used.  The  defect  evolution  with  dose  and  annealing  temperature  have  been  studied. 


556 


Silicon  Carbide  and  Related  Materials 


Experimental 

For  all  neutron  irradiations  hot  wall 
epitaxial  4H  CVD  [4]  material  have  been 
used  with,  an  epi-layer  thickness  of 
20  pm  -  40  pm,  a  nitrogen  doping  of 
2’1014cm3  to  2T015  cm'3  and  a  low 
acceptor  concentration.  The  neutron 
irradiations  have  been  performed  at  the 
fission  research  reactor  at  Studsvik.  The 
neutrons  produced  by  a  fission  reactor 
have  a  wide  range  of  energies.  The  energy 
distribution  can  to  some  extent  be 
controlled  and  we  have  varied  the  ratio  of 
fast  to  slow  neutrons  from  10  to  0.001. 
The  dose  of  thermal  neutrons  were  varied 
between  5  T  0 1 1  cm'2  and  3  •  1 0 1 8  cm'2, 
where  3T018  cm'2  results  in  a  phosphorus 
concentration  of  5T014  cm'3.  The 

influence  of  fast  and  slow  neutrons  on 
SiC  can  be  studied  by  varying  their 
fluence  ratio. 

After  the  irradiation  all  samples  were 
measured  before  any  annealing.  The 
following  annealing  temperatures  ranged 
from  500  °C  to  2000  °C.  Several 
characterization  techniques  were  used  to 
study  the  effects  of  the  neutron 
irradiation.  Optical  techniques  like 
Photoluminescence  (PL),  Time  Resolved 
PL  (TR-PL)  and  Fourier  Transform  Infra- 
Red  spectroscopy  (FT-IR)  were  mainly 
used.  Electrical  measurements  for 
characterization  includes  Deep  Level 
Transient  Spectroscopy  (DLTS), 
Admittance  Spectroscopy,  IV,  CV  and 
Photo  Induced  Current  Transient 
Spectroscopy  (PICTS). 
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Figure  1.  Photoluminescence  spectra  for  a)  as  grown,  b)  as 
irradiated,  c)  annealed  at  1200  °C,  d)  annealed  at  1700  °C 
and  e)  annealed  at  2000  °C.  The  spectra  are  shifted 
vertically  and  limited  horizontally  for  clarity. 


Experimental  Results  _  ,  Th  ff  Annealing  temperature  (°C) 

Figure  2.  The  effect  of  annealing  on  defects.  The  a)  EA 

The  low  temperature  photoluminescence  spectra,  b)  new  defect  lines,  c)  D1  and  d)  IR  lines.  The  IR 
spectra  from  as-grown  4H  SiC  epitaxial  lines  are  not  normalized  a8ainst  the  other, 
layers  are  completely  dominated  by  the  near  bandgap  emissions,  including  the  recombination  of 
bound  excitons  related  to  nitrogen  and  free  exciton  (FE),  as  can  be  seen  in  figure  la.  No  other 
emission  are  normally  observed  with  comparable  intensities  in  the  as  grown  samples.  The  PL 
measurements  after  irradiation  does  not  show  any  changes  for  samples  irradiated  with  a  dose  of  fast 
neutrons  of  3.9T012  cm'2.  An  increase  of  fast  neutrons  will  create  lines  in  the  region  of  4260  A  - 
4420  A,  this  is  the  previously  well  investigated  EA  spectra  [5],  as  can  be  seen  in  figure  1.  A  further 
increase  of  the  fast  neutron  dose  leads  to  the  decrease  of  the  original  band  edge  emissions  from 
nitrogen  BE  s  and  the  FE  in  PL  as  the  EA  spectra  grows  stronger.  The  dose  dependence  between  the 
nitrogen  BE  Qo  and  the  EA  spectra  can  be  seen  in  figure  3.  The  EA  spectra  will  increase  in  intensity 
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while  the  band  edge  emission  disappears 
until  a  further  increase  of  fast  neutrons  to 
around  1016  cm'3  quenches  all 
luminescence.  The  effects  of  thermal 
neutrons  on  the  intrinsic  defects  are  small. 

Annealing  at  temperatures  from  500  °C 
to  800  °C  results  in  an  increase  of  the  D1 
line  at  the  expense  of  the  Ea  spectra.  Some 
of  the  Ea  lines  anneal  out  at  800  °C. 

At  annealing  temperatures  between 
900  °C  and  1400  °C  the  D1  line,  see  figure 
lc,  grows  strongly  and  the  Ea  spectra 
disappears.  New,  and  to  our  knowledge 
previously  not  reported,  lines  also  appear 
in  this  temperature  range.  They  are 
observed  in  the  spectral  range  between 
3960  A  and  4270  A,  as  can  be  seen  in 
figure  lc  and  figure  4.  These  lines  shows  a 
similar  properties  as  the  other  intrinsic  lines 
such  as  the  EA  lines  and  the  D1  [6].  They 
have  long  lifetimes  (49  ps)  and  quenches  at 
temperatures  above  100K,  which  can  be 
expected  from  an  exciton  bound  to  an 
isoelectronic  defect  [6].  In  the  infrared  a  set 
of  four  no  phonon  lines  and  their  phonon 
replicas  can  be  seen  [7]  with  a  maximum 
intensity  after  annealing  at  1000  °C  as  can 
be  seen  in  figure  2d. 

After  annealing  at  temperatures  above 
1500  °C,  D1  is  the  dominating  emission. 

The  Ea  and  the  new  lines  between  3960  A 
and  4270  A  have  now  completely 
disappeared.  For  samples  irradiated  with 
high  doses  of  fast  neutrons  the  original 
nitrogen  bound  excitons  and  the  free 
exciton  returns  but  with  very  weak  intensities. 

Annealing  at  2000  °C  improves  the  crystal  structure  and  more  of  the  band  edge  emissions  returns 
as  can  be  seen  in  figure  le,  the  emission  from  D1  is  however  still  dominating.  A  new  line  at  3.255 
eV  (3809  A)  appears  as  can  be  seen  in  figure  5.  The  intensity  of  this  line  increases  with  an  increase 
of  the  dose  of  thermal  neutrons.  This  line  have  also  been  seen  in  phosphorus  implanted  material,  but 
not  in  aluminum  or  boron  implanted  material,  which  indicates  that  it  is  not  an  intrinsic  line.  We 
attribute  this,  to  our  knowledge  never  previously  reported,  line  to  phosphorus. 

Discussion 

The  effect  of  neutron  irradiation  of  4H  SiC  have  been  investigated.  After  annealing  at  900  °C  new 
lines  appear.  These  lines  anneal  out  at  1400  °C  and  are  probably  of  limited  interest  for  devices. 
They  do  however  show  the  same  characteristics  as  Ea  and  D1  and  may  be  closely  related  to  them. 
The  study  of  these  lines  may  provide  an  improved  understanding  of  EA  and  Dl.  The  effect  on  PL 
on  the  dose  of  fast  neutrons  gives  a  strong  indication  to  the  dose  of  fast  neutrons  that  can  be 
acceptable  for  device  fabrication  on  NTD  material.  This  should  be  taken  into  consideration  when 
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Figure  3.  The  dose  dependence  of  as  irradiated  a)  EA  and 
the  1700  °C  annealed  b)  Dj  spectra. 
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Figure  4.  The  new  lines  that  appear  after  annealing  at  a) 

1 100  °C  and  b)  1200  °C.  The  spectra  are  shifted  vertically  for 
clarity. 
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the  desired  doping  and  the  fluence  4 
ratio  between  fast  and  slow  neutrons  ^ 
are  determined.  A  new  PL  line  at  3.255 
eV  has  been  observed.  The  position  of  ^ 
this  line  is  between  the  two  nitrogen  ^ 
bound  excitons,  which  is  the  expected 
position  of  the  phosphorus  BE,  based  Z? 
on  the  observation  of  phosphorus  in  a 
6H  SiC  [3].  In  6H  SiC  it  has  been  | 
shown  that  NTD  and  annealing  at 
2000  °C  results  in  emission  of  the  ^ 
phosphorus  BE  [1].  The  experimental 
evidence  suggest  that  it  is  related  to 
phosphorus.  The  emission  is  however  103 

weak  and  more  experiments  are  ^g 

needed  verify  the  proposed 
assignment.  The  dominating  defect 
observed  optically  after  NTD  and  Figures.  The  low  temperature  PL  Spectra  of  neutron  irradiated 

annealing  is  the  Dl.  This  defect  is  annealed  al  20 00 i°C  Jhe  new  emission  attributed  to 

„  f  ,  lc>  phosphorus  has  been  labeled  Ph. 

usually  believed  to  be  hole-attractive 

[8]  and  hence  a  minority  carrier  limiting  deep  defect.  In  order  for  NTD  to  be  useful  for  doping  SiC, 
irradiation  without  producing  this  defect  or  techniques  that  can  anneal  this  defect  has  to  be 
developed. 
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Abstract:  Three  different  methods  for  measuring  the  depth  distribution  of  dopants  in  4H-SiC 
have  been  investigated:  (1)  Spreading  Resistance  profiling  (SRP),  (2)  Scanning  Capacitance 
Microscopy  (SCM)  and  (3)  Scanning  Electron  Microscopy  (SEM).  The  investigated  samples 
included  p-  and  n-type  epitaxial  layers  grown  by  vapor  phase  deposition  with  doping  concentrations 
of  1016-102°  cm'3.  Also  p+n  implanted  profiles  using  a  combination  of  A1  and  B  multi-energy 
implantations  were  studied.  All  techniques  were  able  to  provide  doping  profiles  qualitatively 
corresponding  to  secondary  ion  mass  spectrometry  (SIMS)  data.  The  SRP  results  suggest  a  lower 
limit  of  the  p-doping  concentration  below  which  the  ohmic  contact  between  the  probe  tip  and 
sample  becomes  more  Schottky-like.  The  magnitude  of  the  SCM  signal  corresponds  well  to  the 
chemical  doping  profile  except  in  the  depleted  region  surrounding  the  metallurgical  junction  of  the 
p+n  structure. 

Introduction 

A  semiconductor  device  structure  is  defined  by  its  distribution  of  free  charge  carriers.  At  present, 
there  exists  no  established  and  well-understood  method  for  profiling  highly  graded  dopant 
distributions  in  SiC.  For  spreading  resistance  profile  (SRP)  measurements,  both  the  wide  bandgap 
and  extreme  hardness  complicates  the  reproducible  formation  of  stable  ohmic  contacts  [I].  Other 
traditional  methods  for  semiconductor  doping  profiling  include  repeated  etching  and  subsequent 
measurements  of  the  sheet  resistance,  i.e.  stripping  Hall  measurements,  but  again  SiC  has  been 
proven  problematic,  since  no  suitable  wet-etch  is  available.  Novel  scanning  probe  techniques,  such 
as  scanning  capacitance  microscopy  (SCM),  have  been  shown  to  be  in  good  qualitative  agreement 
with  SIMS.  Problems  still  exist  though;  for  example  contrast  reversal  have  been  observed  for  p-type 
doping  levels  below  1017  cm'3,  probably  related  to  poor  surface  oxide  quality  [2]. 

In  this  work  we  will  evaluate  and  compare  three  techniques,  SRP,  SCM  and  scanning  electron 
microscopy  (SEM).  Despite  the  various  complications  mentioned  above,  the  investigated  methods 
show  potential  usefulness  and  are  able  to  provide  qualitative  agreement  with  SIMS  for  both  n-  and 
p-type  4H-SiC. 

Experimental 

The  SRP  measurements  were  carried  out  with  a  SENTECH  SR-210  device  using  probes  of  sintered 
tungsten  carbide.  The  tip  bias  was  kept  in  the  mV  range,  corresponding  to  a  maximum  resistance  of 
1  G£X  Further  details  can  be  found  in  [1]. 
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A  Digital  Instruments  Dimension™  3000  scanning  probe  microscopy  (SPM)  system  operating 
in  contact  mode  AFM  was  used  for  SCM  profiling.  The  tips  were  commercial  metal-coated  silicon 
tips  with  radius  ~30  nm.  Both  dC/dV  and  feedback  bias  modes  were  used.  In  the  former,  the 
magnitude  of  the  dC/dV  signal  is  inversely  proportional  to  the  carrier  concentration,  whereas  in 
feedback  bias  mode,  where  instead  the  differential  capacitance  is  kept  constant  by  changing  the 
applied  voltage,  a  higher  signal  corresponds  to  a  higher  carrier  concentration. 

Secondary  electron  emission  shows  a  dependence  on  doping  concentration  [3],  an  effect  that  can 
be  used  for  semiconductor  dopant  imaging.  The  SEM  images/profiles  in  this  study  were  acquired  in 
a  JEOL  825-JSM  scanning  electron  microscope  using  acceleration  voltages  of  0.3  to  30  keV  and  e- 
beam  currents  in  the  p-  to  nA-range. 

The  two  investigated  structures  shown  here  consisted  of  a  4H-SiC  epi  layer  grown  by  vapor 
phase  epitaxy  with  five  aluminum  peaks  with  concentrations  of  2xl019  to  2xl020  cm'3  and  a 
background  doping  of  1016  cm'3.  In  addition,  boron  and  aluminum  implanted  samples  with 
maximum  doping  concentration  at  the  surface  of  1020  cm'3  were  used.  The  implantation  was 
performed  in  n-type  epi-layers  with  nitrogen  concentration  of  roughly  1015  cm'3  followed  by 
annealing  at  1700°C  for  10  min.  The  substrates  were  commercial  Cree  wafers  doped  with  nitrogen 
to  about  10  cm  .  The  chemical  profile  had  previously  been  determined  by  secondary  ion  mass 
spectrometry  (SIMS)  analysis,  using  a  Cameca  IMS  4f  microanalyser.  The  SRP  samples  were 
prepared  by  beveling  (using  a  0.1  jum  diamond  emulsion)  and  Ar  sputtering  [1].  Cross-sections  for 
SCM  and  SEM  analysis  were  prepared  by  cleaving,  since  polishing  was  found  to  create  topographic 
variations  -valleys-  where  the  doping  was  high.  The  observation  is  most  likely  related  to  a 
decreased  hardness  in  these  regions.  After  cleaving,  a  selection  of  samples  were  investigated  before 
and  after  treatment  in  diluted  (5  %)  hydrofluoric-  (HF)  acid. 

Results  and  Discussion 

Figure  1  shows  the  SRP  and  the  SIMS  data  of  an  A1  and  B  implanted  n-type  epi-layer.  For 
comparison,  the  SIMS  data  is  presented  here  as  the  sum  of  implanted  species,  while  the  SRP  is 
displayed  as  the  inverse  of  the  measured  data  (in  order  to  correspond  to  the  number  of  charge 
earners).  The  A1  ions  have  a  range  of  <0.2  pm,  and  are  thus  the  dominant  species  in  the  high  dopant 

concentration  observed  close  to  the  surface.  The  B 
io5  implantation  reaches  deeper,  about  0.5  pm,  but  is  also 
10^  o  implant  anneal  [4].  The  SRP  accordingly  suggests  a 
3  small  but  detectable  increase  in  conductance  both  close 
10’7  o  to  the  surface  and  in  the  0.5  pm  region.  Also  below  the 
io^  |  B  peak,  the  SRP  data  show  a  decreasing  conductance  in 
z  accordance  with  SIMS,  until  about  0.9  pm  where  the 
10  §  schottky-like  behavior  becomes  dominating  and  the 

io-10  ^  °hmic  contact  is  lost.  However,  the  low  conductance  in 

io11 

Depth  (nm) 

Figure  1.  SRP  (□)  and  SIMS  (o)  of  an 
A1  and  B  implantation  in  4H-SiC 


the  A1  dominated  region  scarcely  reflects  the  number  of 
charge  carriers,  although  the  reduction  in  both  mobility 
and  activation  expected  at  such  high  implantation  doses 
could  partly  account  for  the  loss  in  dynamic  range 
relative  to  the  SIMS.  In  addition,  it  is  not  clear  about  the 
influence  from  the  biased  probe  on  the  degree  of 
activation  in  this  region. 
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The  SIMS  profile  of  a  4H-SiC  CVD  grown  epitaxial  structure  is  shown  in  figure  2  a).  The 
structure  consists  of  five  A1  doped  peaks  in  a  low  doped  p-type  background.  Figure  2  b)  shows  a 
SCM  image  obtained  in  feedback  bias  mode  of  the  same  epi-layer.  The  five  A1 -peaks  can  be 
identified  as  the  bright  regions,  with  widths  consistent  with  SIMS  data.  Changing  the  biasing 
conditions  enables  also  the  relative  peak  concentrations  to  be  distinguished.  This  is  shown  in  the 
SCM  line  scan  superimposed  on  image  2b,  although  the  peak  nearest  to  the  surface  can  not  be 
resolved  properly.  This  information  can  not  be  obtained  from  SEM  data.  The  shape  of  the  “tail”  at 
the  edge  of  each  peak  can  also  be  observed  to  change;  from  left  of  the  peak  in  the  SIMS  profile  to 
right  in  the  SCM.  This  phenomenon  can  not  be  eliminated  by  changing  AC-  or  DC  biasing 
conditions  and  is  very  likely  related  to  the  contrast  reversal  that  has  been  observed  for  Al-doped  SiC 
in  this  concentration  range  [2].  In  Figure  2  c)  the  corresponding  SEM  image  is  depicted.  The  SEM- 
contrast  is  in  qualitative  agreement  with  theory;  i.e.  secondary  electron-emission  increases  with 
increasing  p-type  doping  [3],  Hence  the  A1 -peaks  can  again  be  identified  as  the  five  bright  stripes, 
although  they  are  not  as  clearly  defined  as  in  fig.  2  b.  At  depths  >10  pm  a  small  part  of  the  n-type 
substrate  -the  black  stripe  at  the  far  right-  is  seen  to  have  a  very  low  yield  of  secondary  electrons, 
which  is  also  consistent  with  [3]. 


Figure  2.  a)  SIMS-,  b)  SCM-  and  c)  SEM  profile  of  an  Al-doped  epi-layer  of  4H-SiC.  The  SCM  measurements  are 
performed  in  feedback  bias  mode  (DC  bias  of  2V  and  4  V  for  the  image  and  the  superimposed  line  scan,  respectively). 
The  SEM  image  is  acquired  at  an  acc.  voltage  of  5  keV.  Due  to  variations  in  growth  rate  (<10%)  over  the  wafer  area,  a 
small  distortion  of  the  total  epi-layer  thickness  may  be  present  in-between  the  images. 


It  appears  however  more  difficult  to  reproduce  SEM  measurements  than  SCM.  For  instance, 
contrast  reversal  between  A1 -peak/background  and  memory  effects  have  been  observed  in  SEM, 
where  areas  previously  subjected  to  beam  exposure  exhibit  a  general  reduction  of  SE-emission, 
although  much  more  pronounced  at  the  Al-peak  positions  relative  to  the  low-doped  background. 
This  observation  is  consistent  with  studies  of  GaAs/AlGaAs  multilayers,  showing  the  same 
behavior  at  the  Al-rich  layers  upon  exposure  of  the  e-beam  [5].  The  effect  may  originate  from 
preferential  oxidation  of  the  Al-rich  regions,  which  would  increase  the  work  function  and  thus 
reduce  the  SE-emission  [3].  For  SiC  the  oxide  thickness  may  also  vary  up  to  a  factor  of  5-6 
depending  on  the  exposed  cleavage  plane  and  if  the  surface  is  terminated  by  Si  or  C.  The  weak 
reproducibility  of  SEM  data  suggests  the  SE-emission  to  be  even  more  sensitive  to  the  surface 
conditions  than  SCM  measurements,  which  is  also  further  supported  by  the  results  from  HF  etching. 

Figure  3  shows  a  SCM  line  scan  measured  in  dC/dV  mode  for  an  A1  and  B  implanted  p+nn+ 
structure,  with  an  about  30  pm  thick  n-region.  The  SIMS  and  SRP  data  are  shown  in  Figure  1. 
Consistently,  the  high-doped  substrate  exhibits  a  lower  dC/dV  signal  than  the  low  doped  epi-layer. 
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The  dC/dV  signal  then  reaches  zero  at 
the  expected  position  of  the  pn- 
junction.  The  peak  at  about  9  pm  is  also 
a  characteristic  feature  of  the  dC/dV 
signal  at  the  edges  of  the  depleted 
zones.  Due  to  the  topography  close  to 
the  cross-section  edge,  the  magnitude 
of  the  measurement  points  nearest  to 
the  surface  show  low  reproducibility 
and  do  not  represent  reliable  data.  New 
p+p-type  implantation  profiles  and 
preparation  techniques  are  currently 
being  developed  for  this  purpose. 

Conclusions 

Spreading  resistance,  scanning  capacitance  microscopy,  and  scanning  electron  microscopy 
techniques  have  been  applied  to  obtain  depth  concentration  profiles  of  doping  in  implanted  and 
epitaxial  4H  SiC  structures.  SRP  and  SCM  clearly  show  a  potential  usefulness  for  doping  profiling, 
and  a  combination  of  the  two  methods  may  be  especially  suitable,  since  the  techniques  are 
complementary  to  each  other.  SRP  suggest  a  lower  detectable  concentration  limit  of  about  1017  cm'3 
below  which  the  ohmic  probe-to-sample  contact  is  lost.  SCM  exhibits  a  strong  and  reproducible 
doping  contrast,  although  methods  for  sample  preparation  need  to  be  improved.  SEM  shows  a 
weaker  and  more  complicated  doping  dependence,  but  may  be  used  e.g.  for  identifying  n-/p-type 
material  and  estimates  of  epi -thickness.  The  methods  are  at  present  only  able  to  provide  relative 
profiles,  but  with  calibration  samples  of  known  constant  doping,  e.g.  determined  by  CV- 
measurements,  SRP  and  SCM  data  may  be  calibrated  to  obtain  a  fully  quantitative  characterization 
also  of  strong  doping  gradients  in  SiC. 
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Abstract  N-  and  p-type  8-doped  SiC  epitaxial  layers  have  been  grown  by  vapour  phase  epitaxy  and 
characterised  by  SIMS  and  CV  measurements.  Different  techniques  of  achieving  5-doped  layers  are 
examined.  Doping  profiles  with  FWHM  from  1  to  lOnm  have  been  obtained  at  different  peak 
concentrations. 

Introduction 

Silicon  Carbide  device  research  is  constantly  making  progress  towards  higher  voltages, 
temperatures  and  frequencies.  As  a  result  of  this  development  the  degree  in  complexity  of  SiC 
device  structures  is  increasing,  which  puts  further  demands  on  dopant  and  thickness  control  of  both 
thick  and  very  thin  layers.  6-doping  is  a  technique  widely  used  in  the  epitaxial  growth  of  III-V 
semiconductors  in  order  to  spatially  confine  dopants  in  a  narrow  region,  ideally  to  one  atomic  layer. 
By  using  structures  with  5-doping,  the  performance  of  advanced  electronic  and  optoelectronic 
devices  have  been  improved  [1]. 

One  possible  application  for  5- 
doping  in  SiC  devices  is  FETs  where  a  8- 
layer  potentially  could  be  used  as  a  barrier 
under  the  channel  to  suppress  short  channel 
effects  (see  Fig.  1),  as  was  earlier  shown 
for  GaAs  [2-3].  The  8-doping  technique 
can  also  be  used  to  confine  avalanche 
multiplication  in  IMP  ATT  devices.  In  this 
paper  the  first  attempts  in  growing  n-  and 
p-type  8-doped  SiC  epitaxial  layers  by 
vapour  phase  epitaxy  are  presented. 

Growth  and  characterisation 

4H-SiC  layers  were  grown  by  vapour  phase  epitaxy  using  a  standard  single  wafer  horizontal  hot- 
wall  reactor  from  Epigress  AB.  The  epitaxial  growth  was  performed  on  n-  and  p-type  commercially 
available  substrates  using  silane  and  propane  as  growth  precursors,  and  nitrogen  (100%)  and 
trimethylaluminium  (TMA)  (18°C,  750mbar)  as  doping  precursors  to  achieve  n-  and  p-type 
conductivity,  respectively.  The  material  was  grown  at  a  temperature  of  1600°C  at  250mbar  with  a 
growth  rate  between  1.6  and  2.2pm/h  using  a  C/Si  ratio  between  1  and  3. 

Two  basically  different  methods  of  achieving  8-doping  have  been  tried.  One  is  the 
straightforward  method  of  a  low  growth  rate  and  a  limited  time  of  dopant  introduction  (A).  The 
second  method  is  a  version  of  a  common  MOCVD  procedure  including  pre-8-doping  purge,  5- 
doping  and  post-  5-doping  purge  (Bl-3).  The  pre-purge  step  removes  residual  growth  precursors 


►  N 
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Figure  1.  Schematic  drawing  of  a  FET  device 
showing  a  8-doped  layer  below  the  epitaxial  channel. 
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and  stops  all  growth  before  the  6-doping  step,  where  only  a  dopant  precursor  is  introduced  to  be 
adsorbed  on  the  non-growing  surface.  To  minimise  doping  memory  effects  when  the  growth  is 
resumed  a  post-purge  step  is  necessary.  In  the  field  of  III-V  epitaxy  all  three  steps  (method  B2) 
have  been  used  to  successfully  achieve  6-doping  [1].  It  has  been  shown  for  GaN  [4]  that  higher 
doped  layers  are  achieved  using  this  6-doping  sequence  without  the  post-5-doping  purge  step 
(method  Bl).  A  third  version  (B3)  has  been  tried  including  all  steps  described  above  but  together 
with  another  doped  growth  step  with  a  different  C/Si-ratio  located  between  the  6-doping  step  and 
the  post  purge  step,  see  table  1 . 
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=4> 

=> 

- 

- 

A  (Std) 

=> 

- 
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=> 
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B3 

=> 

=> 
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Table  1.  Overview  of  different  5-doping  methods  explored  in  this  investigation. 

The  5-doped  layers  were  characterised  by  secondary  ion  mass  spectrometry  (SIMS)  and 
capacitance-voltage  (CV)  measurements.  To  determine  the  thickness  and  the  atomic  concentration 
of  the  samples  using  SIMS  a  Cameca  ims  4f  instrument  was  used  with  an  02+  primary  ion  beam  to 
detect  aluminium  (  7A1+)  and  a  Cs+  primary  beam  to  detect  nitrogen  (13CI4N').  The  atomic 
concentrations  were  calibrated  with  implanted  standards  and  the  thicknesses  determined  from  crater 
depth  measurements  using  an  Alphastep  200  surface  stylus  profilometer  and  assuming  a  constant 
sputter  rate. 

The  net  doping  concentration  was  evaluated  by  CV  measurements  using  evaporated  Ti 
schottky  and  ohmic  contacts.  Both  contacts  were  prepared  on  the  epitaxially  grown  layer  by 
lithography,  metal  deposition  and  lift-off  to  achieve  well-defined  contacts  with  a  diameter  of 
400pm.  The  CV  measurements  were  performed  at  room  temperature  with  a  HP4284A  precision 
LCR  meter  at  a  frequency  of  1  MHz  for  nitrogen  doped  samples  and  at  30  kHz  for  aluminium 
doped  samples.  All  samples  characterised  by  CV  measurements  were  doped  to  the  lxl0I7cm'3  range 
before  and  after  the  5-layer. 

Results  and  discussion 

A  low  growth  rate  and  a  limited  time  of  dopant  introduction  (method  A)  were  found  to  be  efficient 
when  growing  thin  layers  with  full  width  half  maximum  (FWHM)  of  8-9nm  for  A1  and  16-17nm  for 
N.  These  thicknesses  were  achieved  using  constant  doping  flows  and  a  doping  time  between  4-32s 
resulting  in  concentrations  from  7xl017cm'3  to  3xl019  cm'3,  see  fig.2.  At  64s  of  doping  both  N  and 
A1  seem  to  approach  vapour  pressure  equilibrium  since  peak  concentrations  are  levelling  out  and 
the  FWHM  are  doubled.  It  is  possible  that  the  lower  FWHM  limits  can  be  fine-tuned  by  using 
extremely  low  growth  rates  but  the  basic  parameters  determining  the  final  doping  profiles  are 
hardware-related.  It  is  important  to  have  a  completely  laminar  flow  all  the  way  from  source  to  wafer 
but  even  so  there  will  always  be  a  delay  in  the  stabilisation  of  dopant  precursor  vapour  pressures.  A 
dopant  has  to  be  transported  to  the  hot-zone,  cracked,  diffused  through  the  boundary  layer  and  then 
adsorbed  on  the  surface  before  it  can  be  incorporated.  Other  reasons  for  broadening  are  rough 
surfaces  as  well  as  thermal  diffusion  and  segregation.  After  the  doped  growth  step  the  desorption  of 
dopants  from  surrounding  walls  causes  the  well-known  memory  effect  and  more  broadening.  The 
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Figure  2.  SIMS  profiles  of  Al  and  N  doped 
peaks  grown  using  std  doping  technique 
(method  A). 
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Figure  3.  Comparison  between  SIMS 
profiles  of  N  doped  peaks  grown  using 
method  A  and  B 1 . 


reason  why  N  gives  twice  the  FWHM  compared  to  Al  for  the  same  doping  times  can  be  explained 
by  different  doping  efficiencies  and  therefore  the  need  of  almost  a  factor  of  ten  higher  flow  of 
nitrogen  than  TMA. 

The  GaN  method  (Bl)  was  tried  using  nitrogen  with  a  pre-purge  step  and  a  5-doping  step 
(without  growth)  varied  in  length  between  2  and  50  s.  Delta  layers  grown  using  this  method  had 
smaller  FWHM  than  the  ones  achieved  using  standard  doping  technique,  as  can  be  seen  in  fig.3. 
The  length  of  the  pre-purge  step  did  not  have  any  influence  since  almost  the  same  result  was 
achieved  for  both  2  and  50s.  It  seems  as  if  residual  growth  precursors  left  in  the  system  after  they 
have  been  switched  out  are  not  contributing  significantly  to  broadening  ofgthe  5-layers.  The  effect 
of  longer  dopant  flushing  times  resulted  in  higher  doped  peaks  up  to  6x1 01 8  cm'3  for  50s.  Since  the 
memory  effect  mechanism  should  be  similar  for  method  A  and  B 1 ,  it  is  not  surprising  to  see  that 
layers  doped  by  flushing  a  long  time  have  a  more  extensive  broadening  or  memory  effect  than  std 
delta-layers  grown  at  shorter  times,  especially  at  lower  concentrations. 

The  same  doping  technique  except  for  an  added  post-purge  step  was  used  for  aluminium 
(method  B2).  As  expected  the  measured  peak  concentrations  decreased  with  increasing  post  purge 
times.  The  aluminium  desorption  from  the  surface  during  50s  of  purging  resulted  in  one  order  of 
magnitude  lower  concentration  than  if  the  post-purge-step  was  only  2s.  The  FWHM  of  the  5-layers 
was  similar  (9nm)  as  for  the  std  doping  sequence  in  the  lxl0,8cm 3  range  but  thicker  for  5-layers  in 
the  lxl0,7cm’3  range.  At  this  range  there  is  an  extensive  memory  effect  broadening  occurring  in  all 
Al  5-doped  samples  grown  in  this  investigation  and  any  effect  from  different  step  lengths  is  not 
seen.  The  results  from  using  techniques  B 1  and  B2  shows  that  peak  broadening  after  dopant  turn  off 
can  be  substantial  even  though  an  interruption  in  the  growth  sequence  is  used. 

A  third  method  of  5-doping  (B3)  is  a  combination  of  the  standard  technique  (A)  and  the  III- 
V  technique  (B2).  The  idea  is  to  use  a  growth  step  at  elevated  C/Si  ratio  between  the  5-doping  step 
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and  the  post-purge  step  in  order  to  “lock”  a 
high  doping  level  but  still  use  any  advantages 
from  the  purge  techniques.  Fig.4  shows  an  A1 
doping  profile  calculated  from  CV 
measurements  on  a  5-layer  “lock”-grown  for 
16s.  The  FWHM  is  around  lnm  and  the  layer 
can  be  considered  a  “true”  5-layer.  Similar 
layers  did  not  show  these  kind  of  extreme 
dimensions  when  measured  by  SIMS.  This  can 
only  be  explained  by  either  a  limitation  of  the 
SIMS  equipment  or  that  the  growth  process 
used  is  unpredictable  and  not  very 
reproducible.  The  latter  explanation  is  most 
likely  since  the  profile  obtained  with  CV 
measurements  was  so  thin  that  it  in  other 
samples  might  have  been  etched  away  during 
the  post-purge  step.  On  the  other  hand,  sharp 
doping  profiles  measured  with  SIMS  have  a 
broadening  on  the  trailing  edge  (when 
sputtering  material  from  high  to  low 

concentration)  due  to  ion  cascade  mixing.  This 
broadening  has  been  estimated  to 

approximately  2nm  at  FWHM  and  could 
therefore  explain  why  such  peaks  do  not  show  up  during  SIMS  measurements.  There  is  also  a 
potential  problem  in  measuring  non-uniform  layers  with  the  CV  technique.  What  is  actually 
measured  is  the  effective  majority  carrier  density  and  not  the  doping  density.  It  has  been  shown  that 
a  step  profile  cannot  be  resolved  accurately  to  less  than  about  two  to  three  Debye  lengths  [5].  The 
Debye  length  for  4H-SiC  doped  lxlOi8cm'3  is  3-4  nm  which  means  that  any  delta  layer  thinner  than 
about  lOnm  could  not  be  correctly  measured  by  the  CV  technique.  Practically,  this  means  that  all 
layers  are  thinner  than  that  indicated  by  CV  measurements. 

Conclusion 

Reproducible  S-doped  epitaxial  layers  with  a  FWHM  thickness  between  8  and  lOnm  has  been 
grown  using  both  Al-  and  N-doping  at  different  concentration  levels.  In  addition,  a  true  A1  delta 
doped  layer  with  a  FWHM  of  lnm  and  a  peak  concentration  of  lxlO,9cm'3  has  been  grown 
indicating  the  possibility  of  beneficial  2DEG  (two-dimensional  electron  gas)  effects.  The  use  of 
purge  and  doping  steps  in  the  doping  sequence  is  not  as  successful  for  SiC  as  for  III-V  materials. 
The  reason  for  this  is  the  higher  temperatures  needed  for  growth  causing  desorption  processes  to  be 
more  dominant. 
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Figure  4.  CV-profile  of  Al  5-doped  SiC 
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Abstract:  Nitrogen  implantation  into  a  boron  implanted  layer  is  a  potential  technology  for  the 
fabrication  of  double-implanted  n-p-n  bipolar  transistor.  The  effect  of  various  implant  and  anneal 
schedules  on  two  key  device  parameters  is  studied:  1)  residual  implant  damage  close  to  the  emitter- 
base  junction  and  2)  ohmic  contact  resistance  of  the  highly  doped  implanted  emitter.  The  effects  of 
post-implant  anneal  conditions  on  the  level  of  residual  damage  under  the  nitrogen  implant  after 
different  anneal  processes  are  investigated  using  the  PAS  and  RBS  techniques.  The  PAS  data  show 
clearly  that  after  implantation  there  is  a  substantial  defect  concentration  as  far  as  400nm  - 
significantly  below  the  range  of  the  nitrogen  implant  (in  this  case  150nm).  The  surface  morphology 
of  the  nitrogen  implanted  emitter  after  a  high  temperature  annealing  is  investigated  by  AFM. 
Surface  roughness  increases  significantly  at  higher  annealing  temperatures,  taking  the  form  of  a 
periodic  undulation  at  1700C.  Hall  effect  and  contact  resistivity  measurements  show  that  higher 
annealing  temperatures  result  in  decreased  ohmic  contact  resistivity  but  poor  surface  mobility. 
Finally  surface  profiles  show  significant  lattice  swelling  following  highly  doped  nitrogen  implant 
which  can  only  partially  be  removed  after  annealing. 

1.  Introduction 

Although  the  potential  of  bipolar  technology  in  SiC  has  already  been  demonstrated  using  multilayer 
epitaxial  wafers  [1,  2],  it  is  of  interest  to  investigate  alternative  technology  employing  multiple 
implants  since  this  reduces  wafer  costs  and  may  offer  a  relatively  easy  route  for  commercialisation. 
To  this  end,  double  implanted  bipolar  transistors  (BJT)  (nitrogen  implanted  emitter  into  a  Boron 
implanted  base)  have  been  fabricated  which  display  high  breakdown  voltage  (1600V)  but  a 
relatively  low  gain  (~2)  [3].  It  is  the  purpose  of  this  paper  to  study  the  effect  of  different  annealing 
strategies  on  the  transistor  emitter  region  characteristics  and  hence  on  transistor  gain.  Bulk 
properties,  both  before  and  after  high  temperature  (1300C  to  1700C)  annealing,  are  investigated  by 
RBS  and  PAS.  Then  AFM  is  used  to  explain  what  kind  of  surface  morphology  modifications  occur 
during  the  post-implantation  annealing  process.  Finally,  surface  properties  are  correlated  with 
electrical  results  obtained  by  Hall  effect  and  contact  resistivity  measurements. 

2.  Experimental  procedure 

4H-SiC  wafers,  provided  by  Cree  Research  Inc.  and  diced  into  5mm  x  5mm  square  samples,  were 
used  in  all  our  experiments.  Multi-implants  were  performed  at  room  temperature  with  the  ion  beam 
perpendicular  to  the  surface  to  avoid  channeling.  Boron  implants  were  performed  at  the  following 
energies  and  doses:  (20  keV,  50  keV,  100  keV,  160  keV)  and  (1013  cm"2,  2xl013  cm'2,  3xl013  cm'2, 
3x10 13  cm'2)  respectively.  In  the  case  of  nitrogen  implants,  the  energies  and  doses  were  (20  keV,  40 
keV,  60  keV)  and  (4xl014  cm"2,  4x10 14  cm'2,  1015  cm"2)  respectively.  These  parameters  were  chosen 
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to  give  a  shallow  (0.15  pm-deep)  highly  doped  (~  1020  cm'3)  box  profile  suitable  for  a  BJT  emitter 
region.  A  J.I.P.ELEC  SiC  furnace  System,  specially  developed  for  high  temperature  processing  of 
silicon  carbide,  was  used  for  post-implantation  annealing.  This  RF  induction  furnace  imposes  a  very 
fast  temperature  ramp  (50C/s)  under  argon  ambient  pressure.  To  optimise  emitter  properties,  a  fixed 
annealing  period  of  20  min  was  chosen  while  the  annealing  temperatures  were  varied  over  the  range 
1300C  to  1700C.  The  reactor  vessel  was  composed  of  a  graphite  susceptor  and  cap,  covered  by 
silicon  carbide,  plus  a  cover  plate  of  CVD  silicon  carbide.  In  these  conditions,  a  silicon  over¬ 
pressure  is  maintained  to  avoid  silicon  sublimation  from  the  sample  surface,  which  is  known  to 
occur  for  temperatures  above  900C  [4].  A  full  description  of  the  BJT  fabrication  can  be  found  in  the 
literature  [3]. 

3.  Results  and  discussion 

PAS  and  RBS  techniques,  both  sensitive  to  crystalline  damage,  were  used  to  monitor  residual 
defects  after  implant  and  annealing.  The  RBS  spectrum  of  a  nitrogen  implanted  sample  (see  Fig.l) 
shows  an  amorphous  layer  in  the  as-implanted  sample.  The  RBS  signal  decreases  significantly  after 
annealing  at  1300C  indicating  that  this  temperature  is  sufficient  to  recrystallise  the  amorphous  layer 
as  has  been  shown  previously  [5].  Although  the  RBS  draws  near  to  the  as-grown  level  for  higher 
annealing  temperature,  it  remains  higher,  indicating  that  all  the  lattice  damage  is  not  completely 
removed  even  after  1600C  annealing.  Figure  2  shows  PAS  results  with  both  boron  and  nitrogen 
implants  which  indicate  that  damage  induced  by  implantation  produces  a  region  containing  both  Si 
and  C  vacancies  which  is  favorable  for  nitrogen  substitution  [6  ,7].  The  high  vacancy  concentration 
close  to  the  surface  (corresponding  to  the  range  of  the  nitrogen  implant)  was  not  removed  by  low 
temperature  annealing  but  is  almost  completely  recovered  by  1600C.  However  there  are  still  defects 
within  the  boron  base  region  even  after  annealing  to  1600C  (albeit  at  a  much  reduced  level)  and  it  is 
these  defects  which  are  believed  to  affect  the  gain  of  implanted  base  bipolar  transistors. 


100  150  200  250  300 
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Fig:  1 :  RBS-c  data  for  nitrogen  implanted  4H- 
SiC  samples.  Unimplanted  (solid  line),  as- 
implanted  (dashed  line),  annealed  at  1300C 
(dotted  line),  at  1600C  (dot-dash  line). 


Distance  (A) 

Fig.2:  Positron  S  parameter  versus  distance  (A) 
for  samples  annealed  for  20  min  at  1300C 
(triangles),  1500C  (squares),  or  1600C 
(circles).  The  vertical  lines  are  guides  to  the 
eye  showing  the  approximate  boundaries  of  the 
nitrogen  and  boron  implants. 


AFM  was  used  to  investigate  nitrogen  implanted  surface  in  order  to  understand  surface  related 
mechanisms  involved  during  the  annealing  process.  The  surface  roughness  of  the  as-implanted 
sample  (r.m.s  =3.1  nm)  was  found  to  be  greater  than  that  of  the  as-grown  sample  (r.m.s  <  2  nm). 
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Some  sub-micron  features  were  observed  and  might  be  due  to  surface  contamination  or  a 
consequence  of  the  implantation  process.  After  annealing,  the  surface  roughness  increased  to  give 
stochastic  features,  the  r.m.s  roughness  in  the  middle  range  of  annealing  temperature  (6  nm  @  1300 
C,  40  nm  @  1500  C)  being  in  good  agreement  with  previous  values  {8]. 

The  topography  of  the  1700  C  annealed  sample 
was,  however,  very  different.  Triangular  profile 
undulations  up  to  100  nm  high  with  a  period  of 
about  320  nm  can  be  observed  in  such  samples 
(see  Fig. 3).  The  sides  are  differently  angled  to 
the  wafer  surface  at  an  average  of  13°  and  8° 

(see  Fig.4).  The  latter  angle  is  presumably  the 
same  as  the  angle  at  which  the  starting  wafer 
was  cut  to  the  (0001)  basal  plane  and  it  might, 
therefore,  be  assumed  that  the  undulations  are 
due  to  step  bunching.  However  the  step  heights 
observed  here  (approx.  lOOnm)  are  much  larger 
than  those  typical  of  step  bunching  found  on  an 
as-grown  4H-SiC  epilayer  surface  (two  to  four 
bilayers  or  between  8.2nm  and  16.4nm)  [9].  As 
the  features  are  not  observed  in  as-implanted 
samples,  it  is  probable  that  their  formation  is 
thermally  activated.  The  undulations  may  be 
created  by  the  desorption  of  silicon  containing 
species  (such  as  Si,  SiC2,  S^C  ...)  from  the 
exposed  surface  and  subsequent  regrowth 
during  the  high  temperature  annealing  [10].  It  is 
of  interest  to  note  that  these  large-scale  regular 
undulations  do  not  occur  with  other  dopants.  It 
seems  that  the  particular  combination  of 
nitrogen  and  very  high  (>1600  C)  annealing 
temperature  provides  the  correct  conditions  for 
enhanced  growth  of  undulations. 

The  sheet  resistance  measured  by  Hall  effect  measurements  on  a  nitrogen  implanted  surface  was 
found  to  increase  by  7%  and  the  mobility  decreased  by  38%  as  the  annealing  temperature  was  raised 
from  1300C  to  1700C.  This  drop  in  mobility  is  likely  to  be  related  to  the  increased  degree  of  surface 
roughness  (noted  in  the  AFM  experiments)  rather  than  a  decrease  in  the  bulk  mobility.  By  way  of 
contrast,  the  net  carrier  concentrations  showed  a  significant  increase,  rising  by  56%  over  the  same 
range  of  annealing  temperature.  This  indicates  that  the  proportion  of  implanted  ions  on  electrically 
active  substitutional  Carbon  sites  increases  with  annealing  temperature.  Indeed,  following  a  1700C 
anneal,  an  estimated  6.6  %  of  implanted  N  atoms  are  ionized  at  room  temperature.  If  the  average 
ionization  energy  for  nitrogen  is  taken  as  85meV  this  means  that  nearly  100%  of  implanted  atoms 
are  potentially  electrically  active.  It  is  of  interest  to  note  that  although  a  relatively  low  (1300C) 
anneal  can  yield  almost  complete  bulk  recrystallisation,  it  does  not  allow  complete  activation  of  the 
dopant.  The  reordering  that  occurs  at  higher  anneal  temperatures  will  include  the  migration  of 
nitrogen  atoms  to  the  electrically  active  and  energetically  stable  substitutional  Carbon  sites.  The 
increases  in  active  nitrogen  dopant  are  thus  evidence  for  reduced  levels  of  lattice  damage.  In 
contrast  to  the  mobility  results,  contact  resistivity  decreased  monotonically  from  a  value  of  O.lQcm2 
at  1300C  to  0.0057  Qcm2  at  1700C.  It  thus  seems  plausible  that  a  very  high  roughness  is 
advantageous  for  ohmic  contacts  because  of  increased  effective  surface  area. 


Fig3:  lOjLtm  x  10pm  AFM  picture  of  a  nitrogen 
implanted  4H-SiC  sample  after  1700C  anneal. 
The  height  of  the  undulations  is  approx 
lOOnm. 

600-800nm 


Fig  4:  Cross-section  of  a  nitrogen  implanted 
4H-SiC  sample  after  1700C  anneal. 
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At  high  nitrogen  implant  doses,  lattice 
swelling  can  occur.  To  investigate  this  effect 
further,  nitrogen  was  implanted  in  a  boron 
implanted  P-well,  (energies  remained  the  same 
as  before  but  all  the  doses  were  increased  by  a 
factor  of  2).  In  this  case,  the  nitrogen  region 
becomes  amorphous  after  the  room 
temperature  implantation  and  swelling  is 
observed  as  shown  in  Fig.5.  After  1300C 
annealing,  the  implanted  patterns  disappear 
completely.  However,  for  higher  annealing 
temperature  (in  the  range  of  1400  -  1700C), 
patterns  re-appear  and  look  darker,  indicating 
that  the  surface  is  carbonised. 


> - - - - 1  Q  00 

Cl  C<J  mm  141 


Fig.5:  Profilometric  picture  of  nitrogen 
implants  into  a  boron  p-well  after  a  1700  C 
anneal.  The  50  nm-high  steps  correspond  to 
nitrogen  implanted  areas 


4.  Conclusion 

The  effects  of  nitrogen  implantation  and  subsequent  high  temperature  (1300C  to  1700C)  annealing 
on  the  emitter  region  properties  of  4H-SiC  BJT  have  been  studied.  Bulk  crystal  properties  were 
studied  using  RBS  and  PAS.  The  RBS  spectra  show  almost  complete  recrystallisation  is  achieved 
after  a  1300C  anneal.  However,  there  is  evidence  that  some  structural  irregularities  remain  even 
after  annealing  at  the  highest  temperatures.  The  PAS  results  show  a  high  concentration  of 
divacancies  within  the  emitter  which  are  can  only  be  removed  by  high  temperature  annealing.  The 
PAS  spectra  however  clearly  indicate  that  residual  damage  from  the  nitrogen  implant  is  still  present 
beyond  the  implant  range  (i.e.  in  the  boron  implanted  base  region)  even  after  annealing  at  1600C. 
AFM  analyses  show  that  the  surface  roughness  increases  progressively  with  annealing  temperature. 
The  degree  of  surface  roughness  has  been  correlated  with  significant  reductions  in  the  resistivity  of 
ohmic  contacts  and  reductions  in  the  measured  value  of  mobility.  Finally  significant  lattice  swelling 
can  appear  after  a  highly  doped  nitrogen  implant  which  can  only  partially  be  removed  after 
annealing. 
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Abstract.  A1  and  N  implantations  were  carried  out  in  6H-SiC  n-type  epitaxial  layers  at  room  temperature.  RBS/C 
analysis  confirms  the  presence  of  an  amorphous  layer  up  to  the  surface  in  the  as-implanted  samples.  The  samples  rf- 
annealed  at  1700°C  during  30  mn  with  a  preliminary  40°C  per  second  heating  slope  are  recrystallised  in  RBS/C  analysis 
terms.  SIMS  measurements  show  no  dopant  loosing  after  the  annealing  and  dopant  profile  distributions  are  in  agreement 
with  CNM  Monte-Carlo  simulation.  A  good  surface  stoichiometry  is  revealed  by  XPS  after  annealing  but  AFM  surface 
measurements  reveal  a  relatively  high  rms  roughness  (14  nm)  on  annealed  samples.  High  electrical  activation  of  dopants 
was  found,  19  kQ/n  sheet  resistance,  which  corresponds  to  50  %  electrical  dopant  activation  for  A1  implanted  layer,  and 
6.7  kQ/n  sheet  resistance  and  100%  electrical  activation  for  N-impl anted  layer. 

Introduction 

Ion  implantation  in  SiC,  an  indispensable  technique  for  the  p-n  junction  creation,  due  to  very  weak 
dopant  diffusion  coefficients,  generates  an  important  density  of  defects  which  involve  high 
temperature  annealing  and  particular  conditions  on  ramp  temperatures  and  environment  partial 
pressures.  High  temperature  and/or  high  energy  ion  implantations  were  used  to  reduce  the  material 
damage  [1-4],  however,  these  implant  conditions  remain  not  interesting  in  an  immediate 
perspective  of  industrial  applications.  In  this  paper  we  present  room  temperature  (RT)  aluminium 
(Al)  and  nitrogen  (N)  ion  implanted  and  rf-annealed  samples  with  viable  physico-chemical  and 
electrical  properties. 

Experiment 

Aluminium  implantations  were  performed  at  RT  in  6H-SiC  n-type  epitaxial  layer  samples 
purchased  from  Cree  Research  (3xl015crn3  epitaxial  doping)  with  energies  ranging  from  25  up  to 
300  keV  and  100  to  400  keV  with  a  total  dose  of  1.75xl015cm‘2  and  lxl015cm'2  respectively.  A  thin 
aluminium  mask  (1500  A)  was  used  for  the  second  implant  series  to  avoid  the  channeling  of  Al 
ions,  a  major  effect  in  6H-SiC.  Nitrogen  was  implanted  in  similar  SiC  samples  at  RT  with  energies 
ranging  from  30  to  190  keV  and  a  lxlO13  cm'2  total  dose,  following  an  Al  350  keV  high  dose 
implantation  in  order  to  realise  a  n-p  junction  in  surface. 

All  these  samples  were  annealed  at  1700°C  during  30  mn  with  a  preliminary  heating  slope  of 
40°C/s  in  argon  atmosphere  with  a  silicon  carbide  partial  pressure,  in  a  J.I.P.ELEC™  rf-induction 
heating  furnace.  The  decreasing  of  the  temperature  at  the  end  of  the  annealing  is  governed  by 
thermal  inertia. 

SiC  annealing  in  a  rf  induction  furnace  presents  important  advantages  such  as  very  high  heating 
slope.  This  can  allow  the  recrystallization  of  amorphised  layers.  Specially  4H  and  6H-SiC  samples 
need  a  very  high  heating  slope  in  temperature  to  preserve  the  polytype  from  cubic  inclusions,  which 
may  be  generated  during  the  solid  phase  epitaxy  at  too  low  temperature  [5,6]. 

An  inhomogeneous  temperature  in  the  heated  wafer  support  is  a  drawback  of  the  induction 
technique.  Lateral  and  vertical  thermal  variations  can  induce  SiC  etching  if  appropriate 
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environments  and  configurations  rich  in  silicon  and  carbon  are  not  provided.  Silicon  volatilizes  at 
temperatures  above  1300°C  at  one  atmosphere  pressure  [3]. 

Dopant  distributions  before  and  after  annealing  have  been  investigated  by  Secondary  Ion  Mass 
Spectroscopy  (SIMS)  measurements,  and  have  been  compared  to  CNM-Monte  Carlo  simulations 
[7]  of  A1  implantations  in  6H-SiC.  Damage  induced  in  materials  and  recrystallization  have  been 
analyzed  by  Rutherford  Backscattering  Spectrometry  in  the  Channeling  mode  (RBS/C).  Concerning 
the  surface  its  stoichiometry  has  been  examined  by  X-Ray  Photoelectron  Spectroscopy  (XPS)  and 
its  roughness  by  Atomic  Force  Microscopy  (AFM).  Finally  electrical  activation  of  dopants,  i.e. 
incorporation  of  A1  and  N  in  substitutional  SiC  lattice  sites,  has  been  evaluated  by  sheet  resistance 
measurements  with  a  four  point  probe  technique  at  RT. 


Results 


SIMS  measurements 

In  order  to  examine  the  dopant  profile  distribution,  CNM  Monte-Carlo  simulations  were  earned  out 
as  well  as  SIMS  analyses  before  and  after  rf-annealing  (Figure  1).  The  CNM  Monte-Carlo 


Depth  (A) 


simulation  of  A1  ions  implanted  in 
6H-SiC  allows  us  to  quantify  the 
point  defect  generation  and  their 
effects  in  impurities  distribution  after 
annealing.  We  remark  a  good 
agreement  between  simulation  and 
SIMS  before  annealing  measurements 


Figl-  CNM  Monte-Carlo  simulation  and 
SIMS  analysis  for  the  100  to  400  keV  Al- 
implanted  layer 


SIMS  profiles  after  annealing  are  not  flat,  A1  dopant  peaks  are  formed  in  high  defect  concentration 
zones  due  to  an  amorphous  layer  formation  (A1  peak  at  3580  A  depth  in  Figure  1).  We  notice  no 
dopant  loosing  after  annealing. 

RBS/Channeling  measurements 

Residual  damage  before  and  after  annealing,  SiC  recrystallisation  were  evaluated  by  RBS/C 
technique.  RBS  spectra  before  and  after  annealing  have  been  compared  to  a  complete  disoriented 
analyzed  sample  (amorphous)  and  a  not  implanted  one  (virgin).  RBS/C  analyses  confirm  the 

presence  of  an  amorphous  layer  up  to 
the  surface  in  the  implanted  samples. 
Despite  that,  after  a  rf-annealing  a 
satisfactory  recrystallisation  is  found, 
the  backscattering  yield  for  the 
1700°C/30  mn  nearly  coincides  to  the 
virgin  one. 

Eig2.  RBS/C  measurements  for  the  25  to 
300keV  Al  implanted  samples  before  and 
after  annealing 

To  understand  silicon  carbide  recrystallisation  in  RBS/C  terms  the  heating  slope  during 
annealing  was  varied  from  10°C  per  second  to  40°C  per  second  for  samples  implanted  with  the 
same  dose  or  higher  (18  times).  RBS/C  analyses  showed  that  the  layer  remains  amorphous  in  this 
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latter  case,  and  there  is  no  influence  of  the  heating  slope  on  recrystallisation  rate.  It  is  possible,  that 
there  are  at  least  two  amorphous  states  depending  on  the  implantation  dose.  Above  a  given 
deposited  nuclear  energy  threshold,  the  layer  may  loose  all  bulk  crystallinity  information,  and 
epitaxial  recrystallisation  may  then  become  impossible  even  in  optimized  annealing  conditions. 
Surface  analyses 

A  good  surface  stoichiometry  is  obtained  by  XPS  after  annealing.  In  Table  1  are  presented  the 
atomic  ratio  [Si/C]  in  surface  and  after  thin  layers  Ar+  sputtering.  The  thickness  values  correspond 

to  a  silica  reference  material. 
Two  samples  have  been 
analyzed.  Sample  (A)  placed  in 
the  suscepteur  during  annealing 
and  sample  (B)  at  the  periphery. 
We  remark  that  the  surface  of 
the  sample  (B)  shows  a  carbonic 
layer  deposited  probably  due  to 
a  lateral  temperature  gradient 
evaluated  to  be  about  50°C. 

Cls  XPS  energetic  shifts  are 
more  related  to  a  deposited  layer 
rich  in  C-C/C-H  bonds  than  a  Si 


Depth  (A) 

%C 

%0 

%  Si 

Si/C 

Sample  A 

surface 

44.4 

16.0 

39.6 

0.89 

10 

46.6 

4.6 

48.8 

1.04 

70 

48.3 

2.1 

49.6 

1.03 

Sample  B 

surface 

84.3 

3.6 

12.1 

0.14 

10 

75.8 

0.8 

23.4 

0.31 

70 

56.2 

1.6 

42.2 

0.75 

200 

51.6 

2.0 

46.4 

0.9 

Table  1  Atomic  ratio  determined  by  XPS for  two  samples  annealed  in 
the  center  (A)  and  the  periphery  of  the  suscepteur  (B). 


volatilization  process.  At  20  nm  depth,  sample  B  looks  like  sample  A. 

AFM  surface  measurements  reveal  a  relatively  high  rms  roughness  (14nm)  on  annealed  samples. 
Many  samples  have  been  analyzed  to  discern  if  either  the  recrystallization  of  the  amorphized  layer 

or  either  the  rf-annealing  is  responsible  for  this  roughness.  For 
the  virgin  sample  (Figure  3)  a  rms  roughness  of  0.31  nm 
before  annealing  denotes  a  good  initial  surface  quality. 

After  annealing  we  found  very  close  values:  13.5  nm  rms 
roughness  for  the  virgin  annealed  and  14.4  nm  rms  roughness 
for  the  100  to  400  keV  A1  implanted  and  annealed  sample. 
Surface  morphologies  are  nearly  similar,  the  annealed  virgin 
sample  presents  furrows  much  more  parallel  which  is  normal 
seeing  the  initial  surface  before  the  annealing  of  the  implanted 
sample.  These  results  are  completely  different,  compared  to 
an  anneal  in  a  resistive  heating  furnace  with  very  similar  time 


a 


Fig3.  Atomic  force  micrographs  of  (a)  a  virgin  sample,  (b)  a  virgin  sample  1700°C/30  mn  rf-annealed,  (c)  Al  as- 
implanted  sample  and  (d)  Al  implanted  and  1700°C/30  mn  rf-annealed  sample .  Edge  length  of  images  correspond  to 
5pm  for  non  annealed  samples  and  19pm  for  annealed  ones. 
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and  temperature  parameters  (1700°C  /  40  min)  [8].  In  these  experiments  indeed,  the  implantation 
step  was  responsible  for  an  increase  of  the  surface  roughness. 

Electrical  measurements 


Sheet  resistance  measurements  by  a  RT  four  point  probe  technique  on  A1  and  N  implanted  and  rf- 
annealed  samples  prove  a  high  electrical  dopant  activation  for  RT  implanted  samples,  in  terms  of 
A1  an^  N  incorporation  in  SiC  lattice  sites  (Si  and  C  respectively).  For  Al-implanted  samples  a  19 
kfi/o  sheet  resistance  at  300K  has  been  found  which  corresponds  to  an  electrical  dopant  activation 

of  50%.  Better  results  are  found  for  N- 
implanted  samples  (Figure  4):  6.7  kQ/o  sheet 
resistance  and  100%  electrical  dopant 
activation. 


Fig4.  Sheet  resistance  measurements 
at  300K  on  a  RT N -implanted  layer 


Conclusion 

A1  and  N  room  temperature  implantations  were  realized  in  6H-SiC.  Rf-annealing  at  1700°C  during 
30  mn  in  a  special  silicon  and  carbon  rich  configuration  performs  satisfactory  physico-chemical 
properties.  Amorphous  layers  are  recrystalized,  dopants  are  not  loosed  during  the  heating  process. 
If  a  good  stoichiometry  are  obtained  in  surface  a  relatively  high  roughness  is  created  at  1700°C. 
Reasonable  electrical  properties  are  attained,  50%  activation  for  A1  implanted  dopants  and  100% 
forN. 
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Abstract  Carbon  (C)  ions  were  co-implanted  with  aluminum  (Al)  ions  into  hexagonal  silicon 
carbide  (6H-SiC).  The  hole  concentration  (p)  in  an  Al-implanted  layer  increases  by  a  co¬ 
implantation  of  C  at  a  concentration  range  from  2xl017  to  5xl018  /cm3.  The  maximum  value  of 
p  is  obtained  at  lxlO18  C/cm3.  The  electrical  activation  of  Al  acceptors  is  much  more 
enhanced  by  C  co-implantation  at  800  °C  as  compared  with  that  at  room  temperature. 

1.  Introduction 

Silicon  carbide  (SiC)  is  expected  to  be  applied  to  high-power  and  high-frequency  devices 
because  of  its  excellent  chemical  and  physical  properties]!].  Besides,  since  SiC  has  a  strong 
radiation  resistance[2],  it  is  also  regarded  as  a  candidate  for  electric  devices  used  in  ionizing 
radiation  environments  such  as  the  space  and  nuclear  reactors. 

One  of  the  key  issues  of  applying  SiC  to  electronic  devices  is  the  development  of  acceptor 
impurity  doping  technique.  Recently,  Itoh  et  al.[3]  reported  that  the  co-implantation  of  carbon 
(C)  with  acceptor  impurities  such  as  aluminum  (Al)  and  boron  (B)  enhanced  their  electrical 
activation.  However,  the  optimum  condition  of  C  co-implantation  has  not  yet  been  obtained. 
In  this  study,  we  have  carried  out  co-implantation  of  Al  and  C  into  6H-SiC  and  investigated 
the  electrical  properties  of  co-implanted  layers  by  Hall  effect  measurements.  We  report  the 
dependence  of  the  electrical  activation  of  Al  on  implantation  temperature,  the  co-implanted  C 
concentration  and  the  sequence  of  co-implantation. 

2.  Experimental 

The  samples  used  in  this  study  were  n-type  6H-SiC  epitaxial  films  (ND-NA  ~  5xl013  /cm3) 
grown  on  6H-SiC  substrates.  Five-fold  implantation  of  Al  (20,  50,  110,  200  and  340  keV)  was 
carried  out  to  form  a  box  profile  (depth:  0.5  pm)  with  a  mean  Al  concentration  of  2xl018  or 
2xl019  /cm3.  A  box  profile  of  C  with  a  thickness  of  0.5  pm  was  also  formed  in  a  mean  C 
concentration  range  from  2xl017  to  3xl019  /cm3  by  five-fold  C-implantation  (20,  60,  120,  190 
and  270  keV).  The  samples  were  annealed  at  1650  °C  for  30  min  in  argon  (Ar)  atmosphere 
after  implantation.  The  Al  electrodes  deposited  on  the  samples  were  alloyed  at  900  °C  for  3 
minutes  in  Ar  to  form  ohmic  contacts.  The  carrier  concentration  was  measured  using  van  der 
Pauw  arrangement  between  150  and  550  K.  The  hole  concentration,  p ,  in  Al-implanted  layers 
was  determined  from  the  Hall  coefficient,  RH ,  according  to 


where  rH  and  e  are  the  Hall  scattering  factor  and  electron  charge,  respectively.  In  our  analysis, 
rH  is  taken  as  unity  because  the  precise  rH  values  for  6H-SiC  are  not  known.  The  temperature 
dependence  of  p  obtained  experimentally  was  fitted  by  using  the  charge  neutrality  equation 
described  below. 
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l  +  ^exp(A E(Al)/kT) 

Nv 


-N. 


comp' 


(2) 


where  Ncomp,  g,  k  and  T  are  the  concentration  of  compensation  centers,  the  spin  degeneracy 
factor  (g= 4),  Boltzmann  constant  and  temperature,  respectively.  The  value  of  Ncomp  was 
determined  by  the  fitting.  Nv  is  expressed  as  2(2jtw PiAekT/h2)312,  where  mpde  is  the  effective 
density  of  states  mass  of  hole[4]  and  h  is  Planck’s  constant.  From  the  fitting,  we  can  obtain 
the  acceptor  concentration  A^(A1)  and  the  ionization  energy  of  A1  acceptors  A£(A1). 


3.  Results  and  discussion 

Figure  1  shows  the  relationship  between  co-implantation  of  C  (lxlO18  /cm3)  and  p  at  RT  for 
the  samples  implanted  with  A1  at  2xl018  and  2xl019  /cm3.  The  “C/Al”  and  “Al/C”  mean  the 
co-implantation  sequence,  i.e.,  implantation  of  C  prior  to  A1  and  that  of  A1  prior  to  C, 
respectively.  These  implantations  were  performed  at  RT  or  800  °C.  The  A1  concentration  for 
each  samples  was  confirmed  by  SIMS  measurements.  No  significant  difference  of  the  depth 
profile  of  A1  atoms  was  observed  between  only  Al-implanted  and  C-co-implanted  samples. 
This  result  indicates  that  C  co-implantation  has  little  effect  on  redistribution  of  A1  atoms.  All 
co-implanted  samples  have  higher  p  than  the  one  implanted  with  A1  only.  This  result  can  be 
interpreted  in  terms  of  the  site  competition  with  A1  and  C  atoms  because  A1  atoms  act  as 
shallow  acceptors  at  Si  sub-lattice  sites. 

As  for  the  C-implantation  temperature  dependence  of  p ,  the  values  of  p  in  samples  hot- 
implanted  with  C  are  higher  than  those  in  the  RT-implanted  ones.  In  contrast  to  this  result,  as 
for  the  Al-implantation  temperature  dependence  of  p ,  no  significant  difference  of  p  is 
observed  between  RT-  and  800°C-implantations  of  Al.  It  was  reported  that  in  low  dose 
phosphorus  (P)  implantation  into  6H-SiC,  the  electron  concentration  was  independent  of  the 
implantation  temperature  after  annealing  at  1400  °C  due  to  the  fact  that  almost  all  vacancy 
type  defects  were  annealed  out[5].  Thus,  the  result  that  p  did  not  depend  on  Al-implantation 
temperature  can  be  interpreted  in  terms  of  the  elimination  of  defects  by  1650  °C-annealing. 
However,  the  increase  of p  due  to  C  hot-implantation  can  not  be  attributed  to  the  same  scheme. 
It  is,  therefore,  considered  that  this  effect  is  particular  to  C  co-implantation.  Assuming  that 
the  migration  of  interstitial  C  atoms  is  enhanced  by  hot-implantation,  the  number  of  C  atoms 
occupying  C  sub-lattice  sites  increases  during  hot-implantation.  A  decrease  of  C  vacancies 
could  enhance  the  introduction  of  Al  atoms  into  Si  sub-lattice  sites.  To  clarify  this  point, 
further  investigations  are  necessary.  Concerning  the  relation  of  p  to  the  sequence  of  co¬ 
implantation,  no  significant  difference  is  observed  between  both  sequences. 

The  co-implanted  C  concentration  dependence  of  p  at  RT  for  the  samples  implanted  with 
Al  at  2xl018  and  2xl019  /cm3  is  shown  in  Fig.  2.  The  samples  were  implanted  with  C  at  800  °C 
prior  to  Al  at  RT.  The  values  of  p  in  the  samples  implanted  with  Al  only  at  RT  (reference 
sample)  are  also  shown  as  the  broken  lines  for  comparison.  For  both  implantations  of  Al  at 
2xl018  and  2xl019  /cm3,  an  increase  of p  due  to  C-implantation  is  observed  in  a  concentration 
range  from  2xl017  to  5xl018  C/cm3.  The  maximum  values  of  p  are  obtained  at  lxlO18  C/cm3. 
These  results  show  that  C  co-implantation  enhances  the  electrical  activation  of  Al  acceptors, 
and  that  the  optimum  C  concentration  is  «  lxlO18 /cm3.  At  lxlO18  C/cm3,  the  values  of p  in  the 
samples  implanted  with  Al  at  2xl018  and  2xl019  /cm3  are  about  2.5  and  1.5  times  higher  than 
those  in  the  reference  samples,  respectively.  Thus,  the  influence  of  C  co-implantation  tends  to 
be  small  when  implanted  Al  concentration  increases. 

At  a  high  concentration  of  co-implanted  C  (3xl019  C/cm3),  the  values  of  p  are  lower  than 
those  in  the  reference  samples.  It  was  reported  that  residual  defects  introduced  in  6H-SiC  by 
high  dose  implantation  still  remain  after  annealing  at  1700  °C[6].  Since  residual  defects  act  as 
carrier  traps  and/or  compensation  centers[7],  the  obtained  result  can  be  explained  as  an 
increase  of  residual  defects  after  annealing  in  such  a  high  dose  C-implantation. 

Figure  3  shows  the  temperature  dependence  of  p  in  the  samples  co-implanted  at  2xl018 
Al/cm3  and  lxlO18  C/cm3  or  3xl019  C/cm3.  The  result  for  the  sample  implanted  with  Al  only  is 
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also  shown  in  the  figure  for  comparison. 
The  solid  lines  in  the  figure  represent  the 
fitting  results  obtained  using  Eq.  2.  As  a 
result  of  fitting  for  every  sample,  the 
ionization  energy  of  A1  acceptors  is 
estimated  to  be  200  meV.  This  value  is  in 
good  agreement  with  the  value  reported 
previously  (199  meV)  [8].  For  the  sample 
co-implanted  with  C  at  lxlO18  /cm3,  NA 
and  Ncomp  are  estimated  to  be  2.0xl018  and 
6.0xl016  /cm3,  respectively.  The  former 
value  means  that  the  activation  ratio, 
which  is  defined  as  NA/Nimph  (where  Nimp)a 
is  the  concentration  of  implanted  Al 
atoms),  is  100  %.  Here,  we  should  point 
out  that  the  obtained  activation  ratio 
includes  some  uncertainty  because  rH  is 
assumed  to  be  unity  in  this  analysis.  As 
for  Acomp,  the  obtained  value  is  the 
smallest  of  the  three  samples.  This  result 
indicates  that  the  electrical  activation  of 
A1  acceptors  is  enhanced  as  well  as  the 
compensation  centers  are  reduced  by  the 
co-implantation  of  C  at  lxlO18  /cm3.  It 
was  reported  from  the  admittance 
spectroscopy  measurements  for  4H-SiC 
co-implanted  with  lxlO18  C/cm3  and 
lxlO18  B/cm3  that  the  peak  height 
corresponding  to  the  B  shallow  acceptor 
level  increased  and  that  the  peak  for  B- 
related  defect  (DJ  disappeared[9].  Thus, 
it  may  be  presumed  that  co-implantation 
of  C  is  useful  not  only  for  the  disposition 
of  acceptor  atoms  at  Si  sub-lattice  sites 
but  also  the  elimination  of  compensation 
centers.  On  the  other  hand,  NA  for  the 
sample  co-implanted  at  3xl019  C/cm3  is 
estimated  to  be  6.8xl017  /cm3.  This  value 
is  smaller  than  that  for  the  sample 
implanted  with  Al+  only.  In  addition, 
Ncomp  for  the  sample  co-implanted  at 
3xl019  C/cm3  shows  the  highest  value  of 
the  three  samples.  That  is,  the  co¬ 
implantation  of  C  at  3xl019  /cm3  reduces 
the  electrical  activation  of  A1  acceptors 
and  raises  the  concentration  of 
compensation  centers.  It  was  reported  that 
large  vacancy  clusters  were  formed  by 
annealing  in  the  case  of  high  dose 
implantation[6].  Nakano  et  al.  reported 
that  the  concentration  of  shallow  B 
acceptors  decreased  and  new  defects  were 
generated  by  high  dose  C  co-implantation 
into  B-implanted  4H-SiC[9].  Therefore, 
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Fig.  1  Relationship  between  co-implantation  of  C 
(lxl018/cm3)  and  the  hole  concentration  at  RT  for 
6H-SiC  implanted  with  Al.  Squares  and  circles 
represent  the  results  for  samples  implanted  at  2xl018 
and  2xl019  Al/cm3,  respectively.  All  these  samples 
were  annealed  at  1650  °C  after  implantation. 


Fig.  2  Co-implanted  C  concentration  dependence  of 
the  hole  concentration  at  RT  for  6H-SiC  implanted 
with  Al  at  2xl018  (squares)  and  2xl019  /cm3  (circles) 
and  subsequently  annealed  at  1650  °C.  The  samples 
were  implanted  with  C  at  800  °C  prior  to  Al  at  RT. 
The  broken  lines  represent  the  results  for  samples 
implanted  with  Al  only. 
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the  obtained  result  can  be  interpreted  in 
terms  that  A1  atoms  in  the  samples  co¬ 
implanted  with  such  a  high  dose  C 
combine  with  vacancy  clusters  during 
annealing,  leading  to  a  decrease  in  the 
activation  ratio  of  implanted  A1  atoms 
and  an  increase  in  compensation  centers. 

4.  Summary 

Co-implantation  of  C  and  A1  into  6H-SiC 
was  performed  in  a  C  concentration  range 
between  2xl017  and  3xl019  /cm3  and  in  A1 
concentrations  of  2xl018  and  2xl019  /cm3 
to  find  the  optimum  condition  for 
improving  the  electrical  activation  of  A1 
acceptors.  The  value  of  p  in  Al-implanted 
layers  increases  in  a  C  concentration 
range  from  2xl017  to  5xl018  /cm3,  and  the 
maximum  p  value  is  obtained  at  lxlO18 
C/cm3.  Hot-implantation  of  C  at  800  °C  is 
found  to  be  quite  useful  for  the 
improvement  of  the  electrical  activation 
of  A1  acceptors.  As  for  implantation 
temperature  of  A1  and  the  sequence  of  co¬ 
implantation,  no  significant  improvement 
in  p  is  observed. 
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Fig.  3  Temperature  dependence  of  the  hole 
concentration  in  6H-SiC  co-implanted  with  Al  at 
2xl018  /cm3  and  C  at  lxlO18  (circles)  or  3xl019  /cm3 
(triangles).  The  result  for  sample  implanted  with  Al 
only  is  also  shown  in  the  figure  (squares).  The  solid 
lines  indicate  the  fitting  results  using  Eq.  2. 
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Abstract:  The  phase  formation  in  6H-SiC  due  to  high  dose  implantation  was  studied  as  function  of 
temperature  by  means  of  transmission  electron  microscopy.  Two  examples  demonstrate  the  feasibility 
of  ion  beam  synthesis  of  crystalline  phases  in  6H-SiC  which  are  epitaxially  aligned  with  the 
surrounding  matrix.  In  the  first  example  AT  ions  were  implanted  up  to  concentrations  of  1 5  at%  at 
temperatures  between  RT  and  800°C.  The  precipitation  of  carbon  phases  due  to  high  dose  C+ 
implantation  in  6H-SiC  at  temperatures  between  300°C  and  900°C  was  investigated  in  the  second 
example. 

1.  Introduction 

Most  of  the  studies  devoted  to  implantation  in  SiC  focus  on  doping  [1]  and  radiation  damage  [2]. 
Typically,  the  impurity  concentrations  obtained  were  below  0.1  at%  (1020  cm'3).  The  goal  of  the 
present  study  is  to  investigate  the  effects  of  ion  implantation  in  6H-SiC  with  doses  resulting  in 
impurity  concentrations  above  1  at%.  Such  concentrations  are  much  higher  than  the  equilibrium 
solubilities  of  dopants  in  SiC  and  can  even  exceed  the  critical  concentration  for  impurity  incorporation 
under  the  dynamic  conditions  of  ion  irradiation.  Therefore,  precipitation  and  compound  formation 
can  be  expected.  Compared  to  high  dose  effects  observed  in  Si  the  situation  in  SiC  is  much  more 
complex  due  to  the  presence  of  two  reactive  elements  in  the  matrix  and  the  very  dense  lattice  structure 
[3].  In  order  to  avoid  the  amorphization  of  the  6H-SiC  lattice  the  implantations  must  be  performed  at 
elevated  temperatures.  The  phase  formation  in  6H-SiC  due  to  high  dose  implantation  of  AT  and  C+ 
was  studied  as  function  of  temperature  by  means  of  transmission  electron  microscopy. 

2.  A1  implantation 

In  a  previous  experiment  350  keV  AT  ions  were  implanted  in  6H-SiC  with  doses  of  MO17  cm'2  and 
3*  1017  cm’2  at  500°C  [4].  Below  A1  concentrations  of  10  at%  the  SiC  matrix  remains  stable  and  the  A1 
atoms  preferentially  occupy  Si  sites  in  the  6H-SiC  lattice.  A  detailed  XTEM  analysis  revealed  the 
formation  of  a  narrow  band  of  A14C3  and  Si  precipitates  with  laminar  shape  in  the  depth  region  where 
the  A1  concentration  exceeds  the  threshold  of  about  10  at%.  It  could  be  demonstrated  that  the 
precipitates  are  epitaxially  aligned  with  the  surrounding  6H-SiC  lattice  which  is  only  weakly  damaged. 
This  is  surprising  when  considering  the  huge  volume  expansion  and  the  lattice  misfit  associated  with 
the  Si  precipitation  [4]. 

The  influence  of  the  implantation  temperature  on  the  phase  formation  in  6H-SiC  implanted  with  300 
keV,  3  *  1017  AT  cm’2  has  been  investigated  in  further  experiments.  Implantation  at  room  temperature 
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led  to  complete  amorphization  of  the  surface 
layer.  After  an  annealing  at  700°C  for  30  min  this 
layer  is  transformed  to  heavily  damaged  6H-SiC. 
It  can  be  assumed  that  the  recrystallization 
temperature  of  SiC  [5]  is  lowered  by  the  high  AI 
content.  No  precipitates  could  be  detected  in  the 
recrystallized  layer.  The  same  result  was  obtained 
after  implantation  at  400°C.  In  this  case  the 
temperature  is  high  enough  to  avoid 
amorphization,  but  the  radiation  damage  in  the 
6H-SiC  lattice  is  still  high.  Therefore,  it  can  be 
concluded  that  precipitation  does  not  occur 
because  the  AI  atoms  are  incorporated  into  the 
defect  rich  lattice.  It  is  clear  from  the  melting 
temperatures  of  the  Al-Si  eutecticum  (577°C)  and 
the  metallic  AI  (660°C)  that  the  temperature  range 
ig.  1  XTEM  micrograph  showing  the  band  of  Aland  Si  between  500°C  and  700°C  is  very  critical, 
precipitates  due  to  AI  implantation  at  550°C.  The  Indeed,  there  are  strong  differences  in  the  phase 

corresponding  plan  view  diffraction  pattern  is  given  in  formation  at  500°C  or  550°C  At  the  higher 

T"  77"““  »f  "f*  *  -  » 

in  the  left  diffraction  pattern.  were  observed,  forming  an  almost  continuous 

zone  (Fig.  1).  Plan  view  selected  area  diffraction 
pattern  reveals  that  the  precipitates  are  again  epitaxially  aligned  with  the  SiC  lattice  (right  inset  in  Fig. 
1).  No  A14C3  could  be  detected.  Similar  results  were  found  at  implantation  temperatures  of  600°  and 
700°C.  The  attempt  to  produce  a  closed,  buried  layer  of  AI  in  the  SiC  matrix  by  implantation  of 

MO18  Al+  cm"2  at  800°C  led  to  surface  cracking 
|  \  and  material  outflow  (Fig.  2).  According  to 

|  \  surface  profile  measurements  the  wall  heights  are 

t  y  ™  between  0.5  and  2  pm. 

L., _ _ — - .  /  Our  results  are  partly  in  contradiction  to  the 

/  results  of  Yang  et  al.  [6]  who  implanted  87  keV 

%. _ _  _ _ Al+  to  doses  of  2.4-1017  cm'2  at  800°C  which 

results  in  the  formation  of  A14C3  precipitates.  Si 
precipitates  were  not  detected.  Instead  a  C 
*  - - ^ — — - — :  enrichment  due  to  Si  outdiffusion  was  obtained. 

/  According  to  Yang  et  al.  [6]  the  C  enrichment  in 

glpV  :  /  0.5  mm  SiC  is  a  necessary  condition  for  the  A14C3 

H:  :  ^  *  formation.  However,  in  our  experiments  C 

enrichment  has  never  been  observed,  although 
Fig.  2  Optical  microscope  image  of  the  SiC  surface  sometimes  the  Si  precipitates  were  absent  We 

7n" thaI "*e P"ase f°rmat'°n 's "eto™ned  by, he 
dose  rate  -  temperature  regime.  For  example  at 
500°C  only  A14C3  precipitates  were  formed  at  a  dose  rate  of  2  pA/cm2  as  demonstrated  in  the  left  inset 
of  Fig.  1.  Additional  Si  precipitates  were  formed  at  a  dose  rate  of  8  pA/cm2.  Yang  et  al  [6]  used  in 
their  experiments  a  much  higher  dose  rate  of  35  pA/cm2.  This  and  the  shallower  A]  profile  could 
explain  the  observed  differences.  It  seems  that  radiation  enhanced  diffusion  and  segregation  have  a 
strong  influence  on  the  phase  formation. 

The  presence  of  Al  or  Si  precipitates  is  the  main  obstacle  for  the  annealing  of  the  radiation  damage 
in  the  Al  implanted  SiC.  Typically,  temperatures  higher  than  1 500°C  are  necessary  [1 ,3]  at  which  both 
Al  and  Si  melts  The  consequence  of  the  high  temperature  annealing  of  SiC  with  high  Al  content  is  the 
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Fig.  2  Optical  microscope  image  of  the  SiC  surface 
after  implantation  of  MO18  Al+  cm  2  at  800°C.  Material 
outflow  from  surface  cracks  is  visible. 
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formation  of  cavities  and  large  A1  blocks  [7]. 
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3.  C  implantation 

6H-SiC  was  implanted  with  60  keV,  MO18  C7cm2  at  temperatures  of  300°,  600°  and  900°C.  The 
composition  of  the  compound  is  about  Si02oQ).8o  *n  car^on  maximum  at  the  depth  of  130  nm.  The 
temperature  range  was  chosen  because  300°C  is  the  critical  temperature  necessary  to  avoid 
amorphization  of  SiC  [3]  whereas  900°  is  well  above  the  temperature  where  graphitization  of  diamond 
is  obtained  by  ion  implantation  [8].  The  surface  of  the  implanted  SiC  was  inspected  with  an  optical 
microscope.  Neither  cracks  nor  inhomogeneities  were  observed  and  the  surface  remains  mirror  like. 
This  is  in  strong  contrast  to  the  results  of  A1  implantation.  Obviously,  the  smaller  C  atoms  can  occupy 
interstitial  sites  in  the  SiC  lattice.  Thus,  only  a  minor  volume  swelling  occurs. 

The  phase  formation  was  investigated  by  XTEM  and  first  results  were  published  in  Ref.  9.  In  the 
sample  implanted  at  300°C  a  buried  amorphous  phase  is  produced  in  the  depth  region  between  75  and 

210  nm  which  is  followed  by  a  small  zone 
of  highly  defective  crystalline  6H-SiC  of 
about  45  nm  width.  A  crystalline  6H-SiC 
near  surface  layer  is  left  although  the 
damage  energy  in  this  region  is  more  than 
200  times  higher  than  the  amorphization 
energy  of  SiC  at  room  temperature  [3], 
This  means  that  an  effective  self-annealing 
of  radiation  damage  caused  by  the  C  ions 
takes  place  in  SiC  at  300°C.  Because  the 
damage  energy  in  the  amorphized  zone  is 
not  substantially  higher  than  in  the  near¬ 
surface  region,  it  can  be  concluded  that  the 

amorphous  phase  is  stabilized  by  the  excess 
Fig.  3  Dark  field  XTEM  image  taken  with  the  (220)  diamond  carbon  atoms  jn  thjs  region 
reflection  demonstrating  the  distribution  ofdiamond  grains  in  o.-hctrato  ainnmhization  is  comoletelv 

the  implanted  zone.  The  selected  area  diffraction  pattern  is  .  P  _. 

shown  in  the  inset.  prevented  for  C  implantation  at  600  C.  The 

XTEM  analysis  reveals  a  top  surface  region, 
55-60  nm  thick,  which  is  almost  defect-free  6H-SiC.  The  adjacent  6H-SiC  layer  with  a  width  of  about 
30  nm  contains  several  lattice  defects.  The  main  zone  is  a  100  nm  thick  layer  with  crystalline 
precipitates  which  could  be  identified  by  selected  area  diffraction  as  graphite  embedded  in  SiC  [9], 
Interestingly,  the  precipitates  have  a  strong  texture  where  the  hexagonal  axis  of  graphite  is 
perpendicular  to  the  6H-SiC  hexagonal  axis.  The  formation  of  graphite  precipitates  by  the  excess 
carbon  inside  the  SiC  crystal  is  not  surprising,  because  all  Si-C  bonds  are  saturated  and  graphite  is 
the  only  equilibrium  phase  of  carbon. 

Quite  different  results  were  obtained  for  the  carbon  implantation  at  900°C.  Around  the  depth  of  1 50 
nm  a  buried  zone  with  precipitates  is  found  in  the  weakly  damaged  6H-SiC  matrix.  The  SAD  pattern 
(inset  Fig.  3)  reveals  the  coexistence  of  SiC  and  diamond  grains,  which  are  in  perfect  epitaxial 
relation.  The  size  of  the  diamond  grains  is  between  2  and  5  nm  as  determined  by  dark  field  imaging 
with  the  (220)  reflection  ofdiamond  (Fig.  3).  The  width  of  the  diamond  zone  is  about  100  nm.  No 
graphitic  inclusions  were  detected  by  the  TEM  analysis  in  the  implanted  layer. 

The  mechanism  of  the  diamond  formation  by  IBS  in  SiC  is  not  quite  clear.  It  can  be  assumed  that 
the  tetrahedrally  coordinated  SiC  lattice,  which  is  preserved  during  the  high  temperature  implantation, 
acts  as  a  template  for  the  growth  of  diamond.  This  is  in  agreement  with  the  model  of  diamond 
nucleation  inside  a  SiC  transition  layer  during  CVD  growth  on  Si  [10].  In  addition,  local 
nonequilibrium  conditions  in  the  ion  cascades  (thermal  spikes,  shock  waves)  or  temporary  stress  on 
interstitially  incorporated  carbon  atoms  by  the  surrounding  SiC  lattice  could  facilitate  the  diamond 
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nucleation.  Weselowski  et  al.  [1 1]  demonstrated  the  transformation  of  graphitic  carbon  onions  to 
diamond  by  ion  irradiation  in  the  temperature  range  between  700°C  and  1 100°C.  They  explained  the 
transformation  process  by  a  compression  of  the  carbon  onions  induced  by  knock-on  displacements. 
Obviously,  the  target  temperature  plays  a  crucial  role  for  the  diamond  formation.  Occasionally  formed 
diamond  nuclei  are  destroyed  by  the  implantation  damage  below  temperatures  of  700°C  resulting  in 
growing  graphite  or  amorphous  carbon  at  temperatures  of  600°C  or  300°C,  respectively. 

4.  Conclusions 

The  feasibility  of  ion  beam  synthesis  of  crystalline,  epitaxially  aligned  phases  in  6H-SiC  was 
demonstrated  by  two  examples.  High  dose  Al  implantation  at  elevated  temperatures  leads  to  the 
formation  of  precipitates  if  a  critical  impurity  concentration  in  the  matrix  is  exceeded.  It  is  about  10 
at%  for  implantation  at  500°C.  This  critical  concentration  is  much  higher  than  the  equilibrium 
solubility  for  Al  in  SiC  during  crystal  growth  [  1  ]. 

It  is  very  difficult  to  control  the  phase  formation  in  the  Al-SiC  system  because  to  its  high 
sensitivity  to  the  dose  rate  /  temperature  regime.  A14C3  precipitates  were  formed  at  500°C  whereas 
at  higher  temperatures  a  clear  tendency  for  Al  precipitation  was  observed.  The  Si  atoms  released  in 
the  chemical  reaction  between  Al  and  SiC  seem  to  be  mobile  under  the  irradiation  and  form  either 
precipitates  or  diffuse  out.  High  temperature  annealing  results  in  a  layer  degradation  because  of  local 
melting  of  Al  or  Si  precipitates. 

In  the  second  example  the  evolution  of  the  more  simple,  binary  system  C  -  SiC  was  studied  as 
function  of  implantation  temperature.  An  amorphous,  carbon  rich  phase  was  produced  at  300°C 
Precipitates  of  graphite  were  obtained  at  600°C,  whereas  at  900°C  small  diamond  grains  were 
produced.  These  grains  are  in  perfect  epitaxial  relation  with  the  surrounding  SiC  lattice.  It  can  be 
assumed  that  the  tetrahedrally  coordinated  SiC  lattice,  which  is  preserved  during  the  high  temperature 
implantation,  acts  as  a  template  for  the  growth  of  diamond. 
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Abstract  Epitaxially  grown  4H-SiC  structures  with  several  heavily  A1  doped  layers  were  used. 
The  samples  were  annealed  in  Ar  atmosphere  in  a  RF-heated  furnace  between  1500  and  2000°C  for 
0.5  to  3h.  Secondary  ion  mass  spectrometry  (SIMS)  was  used  to  measure  the  aluminum 
concentration  versus  depth  as  well  as  the  lateral  distribution  (ion  images).  Transmission  electron 
microscopy  (TEM)  was  employed  to  studv  the  crystallinity  and  determine  phase  composition  after 
heat  treatment.  A  solubility  limit  of  2x1 026  Al/cm3  at  2000°C  is  extracted.  Ion  images  of  the  lateral 
A1  distribution  reveal  a  pronounced  dependence  on  the  A1  content.  Precipitate  formation  occurs 
after  heat  treatment  at  1700  -  2000°C  when  the  A1  concentration  exceeds  2xl020  cm'3  and  energy- 
filtered  TEM  (EFTEM)  shows  that  the  precipitates  contain  Al. 

Introduction 

To  form  high  quality  p-type  ohmic  contacts  on  silicon  carbide  heavily  aluminum  doped  material  is 
of  prime  interest.  Highly  Al  doped  SiC  layers  can  be  prepared  by  ion  implantation  or  during 
epitaxial  growth  taking  advantage  of  site  competition  [1].  Dopant  incorporation  during  epitaxial 
growth  is  kinetic-controlled  and  solubility  limits  may  be  exceeded.  However,  in  subsequent 
annealing  steps  thermodynamic  considerations  have  to  be  made.  The  thermal  stability  of  heavily  Al 
doped  contact  layers  can  be  predicted  from  the  ternary  phase  diagram  Al-Si-C  [2-5].  The  three 
binary  subsystems  are  well  known  with  two  intermediate  phases,  AI4C3  and  SiC.  Three  ternary 
intermediate  phases,  Al8SiC7,  Al4SiC4  and  Al4Si2C5  have  been  reported  in  the  isopleth  Al4C3-SiC. 
Inou  et  al.  [6]  observed  the  Al4Si2C5  phase  in  1980,  but  their  results  have  not  been  confirmed  in 
later  studies  [2].  The  chemical  interaction  between  pure  aluminum  metal  and  SiC  is  well 
documented  over  a  broad  temperature  range  (room  temperature  up  to  1600  °C)  [3,4],  but 
unfortunately,  the  SiC  rich  side,  which  is  the  area  of  interest  for  highly  doped  SiC  layers,  is  not 
known  in  detail. 

In  this  contribution  we  have  studied  three-dimensional  distributions  of  Al  in  epitaxially  grown 
p-type  4H-SiC.  A  solubility  limit  of  2xl020  cm'3  (2000°C)  is  revealed  and  at  higher  aluminum 
concentrations  precipitates  may  form.  Secondary  ion  mass  spectrometry  (SIMS)  has  been  utilized  to 
obtain  Al-concentration  versus  depth  profiles  as  well  as  lateral  distributions  (ion  images). 
Transmission  electron  microscopy  (TEM)  has  been  performed  to  investigate  the  crystal  structure 
and  determine  phase  compositions  in  the  heavily  doped  SiC. 

Experimental 

4H-SiC  epitaxial  structures  with  Al  doped  layers  separated  by  undoped  material  have  been  grown  at 
1500°C.  The  Al  concentration  was  in  the  range  3xl019  to  5xl020  cm"3.  Subsequent  heat  treatments 
were  carried  out  in  Ar  atmosphere  in  a  RF-heated  furnace  between  1500  and  2000  °C  for  0.5  to  3h. 

Analysis  of  the  aluminum  depth  distribution  as  well  as  lateral  distributions  (ion  images)  were 
performed  via  SIMS  using  a  Cameca  IMS  4f  microanalyser.  A  sputtering  beam  of  8.2  keV  32(02)* 
ions  was  employed.  In  depth  profiling  the  primary  beam  is  rastered  over  an  area  of  200x200  pm2 
and  the  secondary  ions  of  27A1+  were  collected  from  the  central  part  of  this  area  (diameter  of 
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analyzed  area  ~60  pm).  The  erosion  rate  was  typically  30  A/s.  During  ion  image  acquisition  the 
primary  beam  (diameter  <  1  pm)  was  rastered  over  an  area  of  25x25  pm2  and  a  typical  erosion  rate 
was  0.5  A/s.  HRTEM  was  done  using  a  Philips  CM20UT,  equipped  with  a  LaB6  filament  operated 
at  200  kV.  Furthermore,  energy-filtered  TEM  (EFTEM)  was  performed  in  a  TECHNAI  F30  ST 
FEG-TEM  operated  at  300  kV. 

Results  and  discussion 

Three  SIMS  spectra  are  displayed  in  Fig. la  showing  the  27A1  depth  distribution  in  an  as  grown 
sample  and  after  heat  treatment  at  2000°C  for  0.5  and  2  h,  respectively.  At  2000°C  A1  diffusion  is 
detected  in  four  of  five  of  the  A1  structures.  When  the  A1  concentration  decreases  the  diffusion 
decreases  and  no  broadening  was  observed  at  the  lowest  doping  level.  This  strong  concentration 
dependence  in  A1  diffusion  is  remarkable.  The  diffusion  fronts  are  very  steep  with  a  shape  diverging 
from  a  pure  Fickian  diffusion.  In  layer  5,  Fig. la,  the  out-diffusion  starts  at  a  level  of  2x1 020  cm'3 
while  a  higher  concentration,  i.e.,  the  as  grown  concentration,  remains  in  the  center  of  the  layer.  The 
same  type  of  diffusion  curves  are  obtained  after  heat-treatment  at  1700,  and  1900°C  for  0.5  to  3h. 
Diffusion  curves  of  this  kind  indicate  that  the  solubility  limit  has  been  exceeded  and  precipitates 
may  form.  The  level  of  out  diffusion  can  be  interpreted  as  a  solubility  limit,  in  this  case  2x1 020 
Al/cm3  (2000°C).  No  pronounced  temperature  dependence  in  the  solubility  limit  is  revealed 
between  1700  and  2000°C.  The  out  diffusion  is  symmetric  and  no  difference  is  observed  between 
the  [0001]  and  [0001]  directions.  Solubility  limits  of  7xl020  ((0001),  silicon  face)  and  9xl019 
((0001)  carbon  face)  Al/cm3  in  sublimation  grown  6H-SiC  has  previously  been  reported  by 
Vodakov  et.  al  [7].  This  anisotropy  in  impurity  doping  concentration  is  attributed  to  the  kinetic 
nature  of  the  incorporation  process  and  the  results  will  differ  from  the  values  obtained  at 
thermodynamic  equilibrium. 

Ion  images  of  the  lateral  Al  distribution  reveal  a  pronounced  dependence  on  the  Al  content.  In 
layers  with  high  enough  Al  concentration  the  Al  distribution  is  no  longer  homogenous  after  heat 
treatment  at  1700°C  or  above,  as  seen  by  brighter  regions  in  the  SIMS  images;  Fig.  lb  shows  the 
lateral  Al  distribution  recorded  in  a  layer  with  a  dopant  level  of  3xl020  cm"3.  A  post-grown  heat 
treatment  at  2000°C  during  2h  has  been  performed.  No  lateral  inhomogeneities  in  the  Al 
concentration  are  resolved  in  layers  with  concentrations  below  lxlO20  cm"3  or  without  post-grown 
heat  treatment.  The  lateral  resolution  is  given  by  the  diameter  of  the  sputtering  ion  beam,  typically 
<1  pm.  Hence,  the  detected  intensity  is  an  average  over  an  area  with  the  size  of  the  primary  beam 
and  frequent  small  structures,  homogeneously  distributed,  may  not  be  resolved. 

HRTEM  has  been  utilized  to  further  investigate  if  any  Al  rich  precipitates  are  present.  Cross- 
sections  were  prepared  from  two  of  the  samples,  as  grown  and  after  heat  treatment  at  2000°C  for  30 
minutes,  which  were  also  used  in  the  SIMS  depth  profiling  in  Fig. la.  In  the  as  grown  sample  no 


Depth  (|im) 

Fig. la.  SIMS  profiles  of  the  aluminum  concentration 
versus  depth  for  4H-SiC  samples.  Three  samples  are 
analyzed,  one  as-grown  and  two  annealed  at  2000°C  for 
0.5  and  2  h,  respectively. 


Fig. lb.  Ion  image  of  the  Al  distribution 
obtained  by  SIMS.  The  data  is  recorded  in 
the  middle  of  layer  5  in  the  sample  heat 
treated  at  2000°C  for  2h  shown  in  Fig. la. 
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Fig.2a.  Cross-sectional  TEM  image  of  heavily  A1  Fig.2b.  Cross-sectional  HRTEM  of  one  of 

doped  4H-SiC  after  anneal  at  2000°C  for  30  the  defects  in  Fig.2a  in  the  ( 1 120)  plane, 

minutes.  A  SIMS  depth  profile  for  the  same 
sample  is  given  in  Fig.  la.  A  track  of  defects  is 
observed  in  the  middle  of  the  fifth  A1  layer. 

precipitates  were  observed,  but  in  layer  five  the  lattice  was  slightly  stressed.  No  disorder  was 
detected  in  layer  one  to  four  after  heat  treatment.  In  layer  five  a  0.5  |im  broad  track  of  defects  was 
observed  (Fig.2a).  These  defects  have  the  preferential  orientation  of  the  c-axes  in  SiC.  In  Fig.  2b  a 
HRTEM  image  of  one  defect  is  displayed.  The  surrounding  SiC  lattice  is  not  markedly  influenced. 
A  typical  thickness  of  the  structure  is  40  A  and  the  extension  perpendicular  to  the  c-axis  is  in  the 
range  30  to  300  A.  If  lxl O20  A1  atoms  mixed  with  5x1 022  Si  atoms  form  A1  containing  precipitates 
with  a  size  of  300x300  A  there  will  be  about  2  precipitates/(im2.  This  is  close  to  the  detection  limit 
in  ion  imaging  by  SIMS,  since  at  higher  precipitate  densities,  homogeneously  distributed,  the  A1 
intensity  will  average  out. 

These  results  obtained  by  SIMS  and  HRTEM  are  further  substantiated  by  EFTEM  revealing 
that  the  precipitates  are  an  Al  containing  phase.  EFTEM  suggests  also  a  reduction  in  the  Si 
concentration  in  the  precipitates  relative  to  the  matrix  and  the  most  probable  phase  can  be  predicted 
from  the  ternary  phase  diagram  Al-Si-C.  Fig.  3a  shows  the  Al-Si-C  isothermal  section  at  2000°C 
and  Fig.  3b  the  isopleth  AL^-SiC,  redrawn  from  Oden  and  McCune  [2].  If  Al  is  introduced  by  ion 
implantation  the  silicon  to  carbon  ratio  in  SiC  is  conserved  and  the  overall  concentration  varies 

along  a  line  connecting  Al  with  SiC  (indicated  with - in  Fig.3a).  This  is  not  the  case  when  the  Al 

dopants  atoms  are  introduced  during  growth.  Al  will  be  incorporated  in  the  lattice  on  Si  sites  and 
below  the  solubility  limit  the  amount  of  Si  and  Al  atoms  will  add  up  to  the  C  content  (indicated  by 
•  •  -  •  in  Fig.3a).  When  the  solubility  limit  is  exceeded,  the  Si  plus  Al  to  C  ratio  may  differ  slightly 
from  one  and  the  composition  may  approach  the  isopleth  AUCs-SiC.  According  to  the  phase 


Fig.3a.  Al-Si-C  isothermal  section  at  2000°C.  Fig.3b.  Isopleth  Al4C3-SiC.  Redrawn  from  Oden  et  al.  [2]. 
Redrawn  from  Oden  et.  al  [2]. 
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diagram,  when  the  solubility  limit  of  A1  in  SiC 
is  exceeded  Al4SiC4  will  form.  Al4Si2C5  has 
also  been  identified  as  a  possible  candidate  [6] 
but  its  stability  is  doubtful  and  the  compound 
has  therefore  not  been  included  in  the  phase 
diagram.  Keeping  in  mind  that  if  Al4Si2Cs  is 
stable,  it  will  most  likely  form  from  a 
supersaturated  solution  of  A1  in  SiC  at 
thermodynamic  equilibrium.  Furthermore,  the 
formation  of  AUC3  during  high  dose  (3x1 017 
cm"2,  350  keV)  A1  implantation  at  500°C  has 
also  been  reported  [8]. 

A  hexagonal  lattice  can  describe  A14C3, 
Al4SiC4,  Al4Si2C5  as  well  as  4H-SiC  and  their 
space  groups  have  been  identified  as  R3m, 
P63mc,  R3m  and  P6smc,  respectively  [6].  The 
unit  cell  dimensions  corresponding  to  a 
hexagonal  lattice  are  a=3.3388  A,  c=24.996  A 
(A13C4),  a=3.2771  A,  c=21.676  A  (Al4SiC4), 
a=3.2512  A,  c=40,1078  (Al4Si2C5)  and 
a=3.080  A,  c=  10.050  A  (4H-SiC).  According 
to  the  space  groups  there  is  a  distinct  possibility  of  aligning  the  c-axis  of  all  the  aluminum 
containing  carbides  with  the  4H-SiC  lattice  in  a  phase  mixture.  The  extension  in  the  c  direction  of 
two  unit  cells  of  A14C3  (50A)  coincides  with  five  unit  cells  of  4H-SiC,  and  one  unit  cell  of  Al4SiC4 
and  Al4Si2C5  coincide  with  two  and  four  unit  cells  of  4H-SiC,  respectively.  The  mismatch  to  4H- 
SiC  is  negligible  for  A14C3  and  Al4Si2C5  while  a  small  mismatch  is  revealed  for  Al4SiC4  but  it  is  not 
large  enough  to  prevent  epitaxial  growth.  A  comparison  between  the  thickness  of  matching  units 
and  the  extension  of  40  A  observed  HRTEM  (Fig.2b)  indicates  that  the  precipitates  may  consist  of 
Al4SiC4  or  Al4Si2C5.  In  Fig.4  the  stacking  sequences  in  the  (1120)  plane  for  4H-SiC,  Al4SiC4  and 
Al4Si2C5  are  shown.  The  unit  cell  of  Al4SiC4  and  Al4Si2Cs  contains  “layers”  of  Si-C  with  the  same 
structure  as  in  4H-SiC  and  appears  as  a  natural  cross  over  between  an  aluminum  containing  phase 
and  SiC. 
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Fig.4.  Stacking  sequences  in  the  (1120)  plane  for 
4H-SiC,  AUSiC4  and  ALShCs 


Summary 

A  solubility  limit  of  2x1 020  cm"3  (2000°C)  is  extracted  for  A1  in  4H-SiC.  Anneals  in  the  temperature 
range  1700-2000°C  of  super-saturated  A1  doped  4H-SiC  results  in  inhomogeneous  A1  distribution 
and  Al  containing  precipitate  formation.  The  precipitates  have  the  preferential  orientation  of  the  c- 
axis  in  SiC.  According  to  the  ternary  Al-Si-C  phase  diagram  and  the  lattice  structures  a  probable 
composition  of  the  precipitating  phase  is  Al4SiC4  or  Al4Si2Cs. 
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Abstract 

The  electrical  properties  of  Al,  B,  N  implanted  6H-SiC  after  flash  lamp  annealing  are  discussed  in 
comparison  with  furnace  annealing.  For  high  concentrations  the  electrical  activity  of  Al  is  distinctly 
enhanced  using  flash  lamp  annealing.  For  B  implanted  layers  an  enhancement  is  observed  for 
concentrations  <  3x1 020  cm'3  using  flash  lamp  annealing.  The  dopant  outdiffusion  is  strong  reduced. 
N  activates  by  a  two-step  process.  There  is  an  optimum  temperature-time  regime. 


1.  Introduction 

One  of  the  key  problems  of  ion  implantation  doping  of  SiC  is  the  electrical  activation,  particularly 
for  high  dopant  concentrations.  Furnace  annealing  is  reasonable  only  up  to  temperatures  of  about 
1800°C  because  of  remarkable  Si  sublimation.  Using  short-time  annealing  techniques,  temperatures 
higher  than  the  sublimation  temperature  are  possible. 

The  mainly  investigated  dopants  in  SiC  are  Al  and  B  for  p-doping  and  N  for  n-doping.  Short-time 
annealing  in  SiC  was  applied  by  some  groups.  Pensl  et  al.  [1]  annealed  nitrogen  implanted  6H-SiC 
(2xl019  cm'3)  using  rapid  isothermal  annealing  (RIA).  The  electrical  activation  is  enhanced  with 
increasing  annealing  temperature  (1050°C  and  1200°C)  and  annealing  time  (between  2  and  4  min), 
respectively.  Compared  to  furnace  annealing  (1470°C,  7  min.)  no  enhancement  of  carrier 
concentration  was  measured  after  RIA.  Hirano  et  al.  [2]  annealed  high  N-implanted  3C-SiC  by 
rapid  thermal  annealing  (RTA)  at  1 100°C,  10  s  in  nitrogen  ambient.  Compared  to  furnace  annealing 
at  1200°C  ,  they  found  a  higher  electrical  activity  (factor  2)  after  RTA.  Wirth  at  al.  [3]  observed  a 
distinct  enhancement  of  the  hole  concentration  in  highly  Al-implanted  6H-SiC  after  flash  lamp 
annealing  (  about  2000°C,  20  ms)  in  Ar  ambient  compared  to  furnace  annealing  at  1700°C. 
Dzhibuti  et  al.  [4]  successfully  applied  short  time  annealing  (RTA  (10  s)  as  well  as  flash  lamp 
annealing  (10  ms))  for  defect  annealing  of  high  dose  B  implanted  layers.  Ahmed  et  al.  [5]  used  a 
308  nm  XeCl  eximer  laser  (pulse  duration  of  27  ns)  for  annealing  of  Al-  and  N-implanted  layers. 
They  observed  a  distinct  redistribution  of  the  dopants  towards  the  surface.  An  electrical  activation 
of  more  than  100  %  was  deduced  from  Spreading  Resistance  measurements  which  points  to 
problems  in  the  interpretation  of  these  measurements. 

In  this  contribution  the  results  of  electrical  activation  are  briefly  reported  concerning  the 
implantation  of  Al,  B  and  N  into  6H-SiC  in  a  wide  concentration  range  followed  by  flash  lamp 
annealing  (about  2000°C,  20  ms)  in  comparison  to  furnace  annealing. 


588 


Silicon  Carbide  and  Related  Materials 


2.  Experimental 

The  A1-,  B-  and  N-ions  were  implanted  at  400°C  [6]  with  different  energies  and  doses  into 
epitaxially  grown  6H-SiC  wafers  in  order  to  form  a  500  nm  thick,  box-shaped  doped  layer.  The 
plateau  concentrations  were  varied  between  lxlO18  cm'3  and  5xl021cm'3  (Al),  lxl 018  cm'3  and 
1.5xl020  cm'3  (B),  and  5x1 017  cm'3  and  5xl020  cm'3  (N),  respectively.  The  wafer  were  annealed  in 
Ar  ambient  between  1450  °C  and  1700  °C  for  10  min.  using  an  inductively  heated  furnace.  Flash 
lamp  annealing  was  performed  at  about  2000  °C  by  light  irradiation  on  the  wafer  back  side  using  an 
array  of  xenon  lamps  with  a  flash  duration  of  20  ms. 

The  samples  were  characterized  by  temperature  dependent  resistivity  and  Hall  effect 
measurements. 


3.  Results 

3.1  Al-doped  layers 

In  Fig.  1  the  hole  concentration,  measured  at  room  temperature  (RT),  is  shown  in  dependence  on  the 
Al  plateau  concentration.  For  Al  concentrations  higher  than  1020  cm'3  a  strong  increase  of  the  hole 
concentration  is  measured  for  both  increasing  Al  concentration  and  annealing  temperatures.  For 
higher  concentration  a  temperature  dependent  limit  of  the  hole  concentration  is  observed.  Using 
flash  lamp  annealing  with  temperatures  above  the  temperature  of  Si  sublimation  a  further 
enhancement  of  the  hole  concentration  is  observed. 


Al  concentration  (cm*3) 


Fig.  1 :  Hole  concentration  vs.  Fig. 

implanted  Al  concentration 
after  annealing  at  different 
temperatures  and  techniques 


2:  Hole  concentration  and  mobility  vs. 
temperature 

a,b:  5xl019  cm'3:  a- flash;  b:  furnace 

c,d:  5xl020  cm'3;  d- flash;  c-  furnace 


In  Fig.  2  hole  concentration  and  mobility  are  shown  as  a  function  of  temperature  for  a  low  and  a 
high  Al  concentration  and  both  annealing  techniques.  For  the  low  Al  concentration,  thermally 
induced  conductivity  is  dominating  independent  of  the  annealing  technology.  For  high  Al 
concentration  the  temperature  dependent  hole  concentration  shows  a  smaller  slope  after  furnace 
annealing,  because  the  effective  ionization  energy  of  Al  acceptors  decreases  as  a  result  of 
interaction  between  the  dopants.  After  flash  lamp  annealing  the  hole  concentration  is  nearly 
independent  of  the  temperature,  indicating  the  transition  towards  metallic  conductivity.  The 
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temperature  dependence  of  the  mobility  shows  the  typical  behaviour  for  ionized  impurity  scattering 
in  the  low  concentration  case.  For  high  concentration,  additional  scattering  centres  are  effective  due 
to  the  high  A1  concentration. 


3.2  B-doped  layers 


In  Fig.  3  the  hole  concentration  and  mobility,  measured  at  RT,  are  shown  as  a  function  of  the  B 
content  after  furnace  and  flash  lamp  annealing,  respectively.  With  increasing  B  concentration  the 
hole  concentration  decreases  and  the  mobility  increases.  For  B  content  <  3x1 020  cm'3  after  flash 
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Fig.  3:  Hole  concentration  and  mobility  vs. 
the  implanted  B  concentration 


Fig.  4:  hole  concentration  vs.  temperature 
a,b:  5x1 019  cm'3;  c,d:  5x1 020  cm'3 
a,c:  furnace;  b,d:  flash 


lamp  annealing  a  higher  hole  concentration  is  measured.  Measurements  of  the  temperature 
dependence  of  hole  concentration  (Fig.  4)  show  comparable  slopes  for  the  different  B  contents  and 
annealing  technologies,  indicating  the  same  activation  mechanism.  This  means  that  the  effective 
dopant  concentration  decreases  due  to  outdiffusion  and  segregation  of  B,  supported  by  Ostwald 
ripening.  Using  flash  lamp  annealing  segregation  and  Ostwald  ripening  are  dominating  [7], 

3.3  N-doped  layers 

In  Fig.  5  carrier  concentration  and  mobility,  measured  at  RT,  are  shown  as  a  function  of  the 
implanted  N  concentration  after  both  furnace  and  flash  lamp  annealing.  With  increasing  N  content 
the  carrier  concentration  increases  and  the  mobility  decreases.  Compared  to  furnace  annealing,  after 
flash  lamp  annealing  (curve  d)  a  lower  carrier  concentration  was  observed  despite  the  higher 
annealing  temperature.  First  measurements  for  high  N  concentration  show  that  a  two  step  process, 
flash  lamp  annealing  and  subsequent  furnace  annealing,  leads  to  a  somewhat  higher  electrical 
activation  compared  to  furnace  annealing  (curve  e). 

In  Fig.  6  the  Arrhenius  plot  of  the  carrier  concentration  is  presented  after  flash  lamp  and  furnace 
annealing  at  1650°C,  respectively.  The  furnace  annealed  samples  show  the  typical  dependence  for 
N  doped  layers  with  two  energy  levels  corresponding  the  occupation  of  hexagonal  and  cubic  lattice 
sites.  The  analysis  of  the  Hall  effect  measurements  by  fit  of  the  neutrality  equation  results  in  a 
levels  of  79  meV  (low  temperature  range)  and  128  meV  (high  temperature  region)  assuming  a 
concentration  ratio  of  1  :  2,  which  agrees  with  the  ratio  of  inequivalent  hexagonal  to  cubic  lattice 
sites  within  the  unit  cell  of  the  6H-SiC  [8].  After  flash  lamp  annealing  only  one  energy  level  of  81 
meV  can  be  deduced  in  Fig.  6  characterizing  the  occupation  mainly  of  hexagonal  lattice  sites. 
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Fig.  5:  Carrier  concentration  and  mobility  vs.  N-conc. 
(furnace:  a-1450°C;  b-1550°C,  c-  1650°C; 
d-  flash  lamp  annealing;  e-furnace  +  flash) 
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Fig.  6:  Carrier  concentration  vs 
temperature 


4.  Discussion  and  conclusions 

Al,  B  and  N  implanted  6H-SiC  layers  show  after  flash  lamp  annealing  different  electrical  activation 
efficiency. 

The  electrical  activation  of  Al  increases  with  increasing  annealing  temperature.  Flash  lamp 
annealing  at  the  temperature  of  about  2000°C  leads  to  a  higher  solubility  of  dopants  on  the  SiC 
lattice  sites.  These  substitutional  Al  atoms  are  frozen-in  during  the  radiative  cooling  down,  because 
the  diffusion  of  Al  is  negligible  during  the  short  annealing  time  of  20  ms. 

For  B  doped  layers  the  diffusion  and  segregation  of  B  lead  to  a  reduction  of  the  electrically  active 
dopants  and  therefore  an  increase  of  the  mobility.  Using  flash  lamp  annealing  a  higher  hole 
concentration  is  observed  for  B  concentrations  up  to  3x1 020  cm'3  due  to  the  high  cooling  down  rate 

[7].  The  outdiffusion  is  negligible. 

The  electrical  activation  of  N  in  6H-SiC  takes  place  in  two  steps.  During  the  first  step  the  low 
energetic  hexagonal  lattice  sites  are  occupied  realized  successfully  by  flash  lamp  annealing.  The 
occupation  of  the  cubic  lattice  sites  during  the  second  step  requires  longer  annealing  time. 
Obviously,  there  is  an  optimum  temperature-time  regime  for  the  second  annealing  step  [2,  9], 
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Abstract.  This  work  reports  preliminary  data  on  the  ion  beam  synthesis  of  n-doped  SiC  layers.  For 
this,  two  approaches  have  been  studied:  i)  doping  by  ion  implantation  (with  N+)  of  ion  beam 
synthesized  SiC  layers  and  ii)  ion  beam  synthesis  of  SiC  in  previously  doped  (with  P)  Si  wafers.  In 
the  first  case,  the  electrical  data  show  a  p-type  overcompensation  of  the  SiC  layer  in  the  range  of 
temperatures  between  -50°  C  and  125°  C.  The  structural  (XRD)  and  in-depth  (SIMS,  Spreading 
Resistance)  analysis  of  the  samples  suggest  this  overcompensation  to  be  induced  by  p-type  active 
defects  related  to  the  N4  ion  implantation  damage,  and  therefore  the  need  for  further  optimization 
of  their  thermal  processing.  In  contrast,  the  P-doped  SiC  layers  always  show  n-type  doping.  This  is 
also  accompanied  by  a  higher  structural  quality,  being  the  spectral  features  of  the  layers  similar  to 
those  from  the  not  doped  material.  Electrical  activation  of  P  in  the  SiC  lattice  is  about  one  order  of 
magnitude  lower  than  in  Si.  These  data  constitute,  to  our  knowledge,  the  first  results  reported  on 
the  doping  of  ion  beam  synthesized  SiC  layers. 

Introduction.  Owing  to  its  high  stiffness  and  mechanical  strength,  extreme  chemical  inertness, 
together  with  its  wide  bandgap  (allowing  stable  electronic  properties  at  high  temperatures  and  high 
radiation  resistance),  SiC  is  a  very  promising  material  for  the  development  of  Micro-Electro- 
Mechanical-Systems  (MEMS)  for  harsh  environment  conditions,  including  chemically  or 
physically  aggressive  ambient.  However,  the  development  of  SiC  based  technologies  is 
compromised  by  the  availability  of  bulk  single  crystal  wafers:  although  bulk  single  crystal  wafers 
are  already  commercially  available,  they  have  a  relatively  poor  structural  quality  and  their  price  is 
still  too  high. 

Epitaxial  SiC  layers  can  also  be  grown  on  Si  substrates  [1-3],  but  this  requires  the  use  of  expensive 
dedicated  Molecular  Beam  Epitaxy  (MBE)  or  Chemical  Vapour  Deposition  (CVD)  Systems,  and 
the  quality  still  requires  to  be  improved  (voids,  micropipes,  density  of  dislocations...). 

High  temperature  carbon  ion  implantation  into  Silicon  has  been  proved  as  a  suitable  technique  to 
produce  high  crystalline  quality  cubic  SiC  (p-SiC)  layers  with  extremely  low  level  of  residual  stress 
[4].  This  has  allowed  the  fabrication  of  micromechanical  test  structures  such  as  beams  and 
membranes  [5],  as  well  as  complex  multilayer  structures  as  SiC  on  Insulator  (SiCOI)  [6]. 

On  the  other  hand,  local  doping  of  SiC  still  remains  a  critical  issue.  Due  to  the  extremely  slow 
diffusion  of  the  impurities  in  SiC,  doping  has  to  be  performed  by  ion  implantation,  and  very  high 
annealing  temperatures  are  usually  required  to  achieve  activation  levels  suitable  for  device 
application  [7].  Moreover,  annealing  of  radiation  damage  is  much  more  difficult  in  SiC  than  in  Si 
[8].  Therefore,  reducing  radiation  damage  caused  by  ion  implantation  is  a  key  problem  in  SiC 
processing. 
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In  this  framework,  this  paper  presents  preliminary  structural  and  electrical  characterization  results 
on  n-doped  Ion  Beam  Synthesized  (IBS)  SiC  layers.  These  constitute,  to  our  knowledge,  the  first 
data  reported  on  the  doping  and  electrical  behavior  of  IBS  SiC.  The  structures  were  obtained  by 
high  dose  multiple  carbon  ion  implantation  into  Si  wafers,  using  the  implantation  and  annealing 
conditions  already  reported  for  the  synthesis  of  high  structural  quality  layers  [9].  Two  doping 
approaches  are  explored:  i)  ion  implantation  doping  of  IBS  SiC  layers  and  ii)  IBS  of  SiC  in  pre¬ 
doped  Si  wafers,  and  two  different  species  are  investigated:  N  and  P.  In  a  first  stage,  doping  of  the 
layers  is  studied  by  N+  ion  implantation,  while  P  has  been  selected  as  dopant  species  for  the  pre¬ 
doped  Si  wafers. 


Experimental.  The  IBS  SiC  layers  were  obtained  by  a  four-step  C+  ion  implantation  into  (100)  p- 
type  Si  wafers  (10-24  n.cm),  with  doses  of  1018,  4.7xl017,  3.3xl017  and  2.6xl017  cm'2,  and  at 
energies  of  195,  150,  120  and  100  keV  respectively.  These  implantation  conditions  allow  the 
formation  of  a  buried  layer  with  a  flat  carbon  profile  with  stoichiometric  SiC  composition  within 
the  implanted  layer  (fig.l).  The  C  implants  were  performed  at  500°C  in  order  to  avoid 
amorphization,  so  that  high  crystalline  quality  cubic  SiC  (p-SiC)  layers  with  extremely  low  level  of 
residual  stress  are  obtained  after  a  final  annealing  at  1150°C  during  6  hour  in  Ar  ambient.  These 
layers  show  n-type  conductivity  as  determined  by  Hall  effects  measurements.  In  the  first  doping 
approach,  these  layers  were  subsequently  N+  implanted  with  a  four-fold  process  to  form  a  box-like 
doped  region  with  plateau  concentrations  between  1.5xl019cm'3  and  5xl020cm'3.  This  process  was 
performed  at  400°C  to  reduce  the  implantation-induced  damage  level.  A  10  minutes  post 
implantation  annealing  was  carried  out  in  Ar  ambient  in  the  temperature  range  between  1000°C  and 
1300°C.  In  the  second  doping  approach,  the  initial  Si  wafers  were  pre-doped  with  a  single  P+ 
implantation  (10  ,  5x10  and  1015  cm2,  at  120  keV)  followed  by  an  activation  annealing  (2h  at 
950°C).  This  leads  to  a  n-doped  buried  layer  that  will  be  included  within  the  subsequent  C+ 
implanted  region.  The  structural  characterization  was  carried  out  by  in-depth  SIMS  analysis  and  X- 
ray  diffraction  measurements.  The  electrical  properties  were  investigated  by  resistivity  and  Hall 
effect  measurements  as  well  as  by  Spreading  Resistance  measurements.  The  determination  of 
dopant  type  by  Hall  measurements  was  done  taking  into  account  that  the  substrate  is  p-type. 


Results  and  Discussion.  Figure  1  shows  typical  results  of  the  hT  ion  implantation  into  an  IBS  SiC 
layer.  The  in-depth  chemical  analysis  (fig. la)  indicates  a  doping  of  the  top  half  of  the  IBS  SiC 


layer.  The  Spreading  Resistance  profile 
(fig.  lb)  exhibits  a  decrease  of  resistance  in 
this  region.  The  resistivity  of  this  sample  is 
plotted  in  Figure  2  as  a  function  of 
temperature.  Surprisingly,  p-type 
conduction  is  observed  in  the  temperature 
range  *  -50°  C  to  125°  C,  while  the 
expected  n-type  behavior  is  found  at  other 
temperatures. 

These  data  reveal  the  existence  of  an 
overcompensation  of  the  n-type  impurities 
by  unidentified  acceptors.  This  behavior  is 
similar  to  that  previously  reported  by 
Reichert  [10]  on  epitaxial  P-SiC  layers 
implanted  with  bT  ions,  and  has  been 
attributed  to  compensation  of  the  electrons 
introduced  by  the  dopants  with  holes  from 
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Fig.l.  a)  Typical  in-depth  concentration  profiles  from  SIMS 
analysis  of  an  N+  implanted  IBS  SiC,  and  b)  Spreading 
resistance  profile  of  the  same  sample. 
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Fig. 2.  Resistivity  vs  temperature,  measured  from 
the  same  sample  as  in  figure  1 . 
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Fig.3.  a)  X-ray  diffraction  measurements  of  the  sample 
shown  in  figure  1  and  b)  same  sample  without  intermediate 
annealing,  c)  Undoped  IBS  reference  SiC  sample. 


the  initial  p-type  doping  of  the  SiC  layer.  In  our  case,  this  could  be  due  to  unintentional  p-doping  of 
the  IBS  SiC  layer,  related  to  structural  defects  produced  during  the  C+  implantation,  or  to  the 
presence  of  electrically  active  defects  induced  by  the  N*  implantation.  The  SIMS  and  Spreading 
Resistance  profiles  suggests  that  the  latter  might  be  the  source  of  this  unexpected  p-type  doping. 


The  hypothesis  of  structural  defects  in  the  layers  is  corroborated  by  X-ray  diffraction 
measurements,  which  show  the  presence  of  a  significant  residual  strain  in  the  N*  implanted  and 
annealed  samples  (fig.3a).  This  can  be  compared  to  samples  implanted  with  N+  ions  without 
intermediate  annealing  and  with  a  longer  final  annealing  (1150°  C,  6  h,  fig.3b).  In  this  case,  the 
XRD  spectra  are  similar  to  those  from  not  doped  reference  IBS  SiC  samples,  (fig. 3c),  and  show  a 
full  lattice  recovery.  The  lack  of  a  fully  strain  recovery  by  the  final  anneal  step  supports  the 
previous  hypothesis  of  p-overcompensation  related  to  implantation  induced  damage,  and  suggests 
the  need  to  optimize  the  final  anneal  step.  A  further  electrical  analysis  of  these  samples  is  under 
progress  to  clarify  the  correlation  between  residual  strain  and  p-overcompensation. 


On  the  other  hand,  IBS  of  SiC  in  P+  pre-doped  Si  wafers  has  been  studied.  In  this  case,  only  n-type 
conduction  is  found  in  the  whole  range  of  measuring  temperatures.  At  T>  400  K,  leakage  from  Si 
substrate  takes  place.  It  has  been  found  that  the  carrier  content  increases  with  the  P  content  in  the 

initial  Si  wafer  (Table  1). 
According  to  these  data,  pre¬ 
doping  of  target  Si  wafers  allows 
successful  n-doping  of  IBS  SiC 
layer,  with  medium  mobility 
values.  As  shown  in  Table  1, 
electrical  activation  of  the  P 
atoms  in  the  SiC  lattice  is  about 
one  order  of  magnitude  lower 
than  in  the  starting  Si  matrix.  From  the  structural  point  of  view,  it  is  worth  noticing  that  all  X-ray 
diffraction  spectra  (not  shown)  are  identical  to  those  from  undoped  IBS  SiC  reference  samples, 
which  points  out  the  absence  of  additional  stress  related  to  P-doping.  SIMS  measurements  are  under 
progress  to  assess  the  P  distribution  in  the  final  structure,  and  check  if  the  dopant  remains  confined 
to  the  SiC  layer. 


Implanted  doses  (cm'2) 

1014 

5xl014 

10i5 

Carrier  concentration  in  Si 
(cm'3) 

1.2xl018 

6xl018 

1.5xl019 

Carrier  concentration  in  SiC 
(cm'3) 

1.3xl017 

2xl017 

6xl017 

Mobility  in  SiC  (cm2/V.s) 

150 

800 

600 

Table  1:  Electrical  characterization  of  P+  predoped  samples 


Conclusions.  In  summary,  the  first  data  on  n-type  doping  and  electrical  behavior  of  ion  beam 
synthesized  SiC  layers  are  reported.  N+  ion  implantation  into  IBS  SiC  should  allow  n-doping. 
However,  special  care  has  to  be  taken  to  avoid  p-type  defects  that  cause  p-overcompensation  at 
room  temperature.  XRD  and  in-depth  SIMS  and  Spreading  Resistance  measurements  suggest  these 
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defects  to  be  related  to  N+  ion  implantation  induced  damage.  Further  optimization  of  the  final 
thermal  annealing  step  is  proposed  to  solve  this  problem. 

On  the  other  hand,  n-type  doping  of  the  IBS  SiC  layers  has  been  successfully  achieved  by  pre¬ 
doping  of  the  Si  wafer  (before  C+  ion  implantation)  with  P.  This  allows  to  avoid  effects  related  to 
ion  implantation  damage  in  the  SiC  lattice.  Preliminary  data  on  the  electrical  analysis  of  these 
samples  suggest  an  electrical  activation  of  the  P  dopants  about  one  order  of  magnitude  lower  than  in 
the  intitial  Si  matrix.  In-depth  (SIMS,  spreading)  analysis  is  in  progress,  to  asses  P  redistribution 
during  IBS  process. 
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Abstract  Rutherford  backscattering  spectrometry  in  the  channelling  mode  using  MeV  He  ion 
beam  is  employed  to  measure  100  keV  Al+  and  450  keV  Xe+  ion  implantation  damage  profiles  in 
4H-SiC  as  a  function  of  implantation  temperature  and  dose.  The  dechanneled  fraction  in  the  silicon 
sublattice  has  been  evaluated  and  profiles  of  disordered  silicon  atoms  are  extracted  from  the 
measurements.  Strong  surface  accumulation  of  disordered  silicon  atoms  is  observed.  In^addition  it  is 
found  that  the  number  of  displaced  silicon  atoms  normalized  by  the  dose  for  5x10  and  1x10 
Al+/cm2  implants  follows  an  Arrhenius  dependence  in  the  temperature  range  of  25-400  C  and  a 
preliminary  value  for  the  activation  energy  is  in  the  range  of  0.1  eV. 


Introduction  + 

Acceptor  dopant  ion  implantation  into  a  n-type  4H-SiC  epilayer  is  a  key  technology  to  fabricate  p  - 
doped  emitter  regions  for  power  diode  applications  [1].  However,  the  implantation  process  produces 
radiation  defects,  which  have  to  be  removed  during  activation  anneals.  The  understanding  of 
radiation  defect  annealing  mechanisms  in  SiC  is  not  mature  [2],  in  part  due  to  the  complexity  of 
initial  radiation  damage  that  is  a  strong  function  of  implantation  parameters.  For  example,  there  is 
still  no  agreement  on  such  basic  parameters  as  recombination  and  migration  properties  of  primarily 
point  defects  in  SiC.  In  this  work  we  (i)  have  measured  profiles  of  disordered  Si  atoms  after  Xe+ 
and  Al+  ion  implants  performed  at  different  substrate  temperatures  and  using  different  doses  and  (ii) 
discussed  defect  recombination  phenomena  that  occur  during  these  implants. 


Experimental 

The  samples  used  are  epitaxial  layers,  with  a  thickness  of  more  than  10  pm,  doped  with  nitrogen  in 
the  low  1015  cm'3  range  grown  on  4H  n-type  SiC  wafers  by  chemical  vapour  deposition.  One  set  of 
samples  was  implanted  with  100  keV  Al+  ions  at  25,  200,  400,  600,  and  800  C  using  two  doses, 
5xl014  and  lx1015  cm'2.  The  other  set  of  samples  was  implanted  with  450  keV  Xe*  ions  at  25^  C 
using  two  doses,  2xl013  and  2xl014  cm'2.  The  ion  flux  was  kept  in  the  order  of  10  -10  cm'  s' 
during  all  implants.  Rutherford  backscattering  spectrometry  in  the  channelling  mode  along  the 
<000 1>  direction  (RBS/C)  using  2.0  and  2.4  MeV  He+  ions  with  a  scattering  angle  of  168°  was 
employed  to  measure  implantation  damage  profiles.  In  order  to  extract  profiles  of  the  displaced 
silicon  atoms,  the  dechannelled  fraction  (Xr(x))  has  been  evaluated  in  all  samples  in  accordance 
with  the  formalism  suggested  by  Eisen  et  al.  [3]  which  is  discussed  in  further  details  elsewhere  [4], 
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In  short the  fraction  of  dechanneled  He+  ions  at  a  depth  x  that  interacts  with  crystal  atoms  in 
both  substitutional  and  interstitial  positions,  was  calculated  and  the  RBS/C  data  have  been 
converted  to  defect  concentration  (AO  versus  depth  profiles  in  accordance  with  N=N0[(y(x)  - 
where  N0  and  %(x)  are  the  silicon  atomic  density  in  4H-SiC 
(4.82x10  cm)  and  normalized  backscattering  yield  in  the  channeling  direction  [3,5]. 


Results  and  conclusions 

Figure  1  shows  the  silicon  portion  of  normalised  RBS/C  spectra  of  samples  after  5xl014  Al/cm2 

implants.  These  signals  are  readily  comparable  with  %(x)  after  a  channel-to-depth  conversion  using 
surface  or  mean  energy  approximation  [5].  6 


Figure  2.  Disordered  silicon  atoms  vs 
depth  profiles  in  4H-SiC  after  5xl014 
Al+  ion  at  RT,  200,  and  400  °C. 


The  thick  line  in  Fig.l  represents  the  normalised  RBS/C  yield  from  unimplanted,  virgin,  sample 
The  accuracy  of  our  measurement  allows  us  to  distinguish  between  the  normalised  yields  from  the 
samples  implanted  at  room  temperature  (RT),  200  and  400  °C  while  after  600  and  800  °C  implants 
the  signal  are  almost  indistinguishable,  Fig.  1.  p 


Figure  2.  Disordered  silicon  atoms  vs 
depth  profiles  in  4H-SiC  after  5xl014 
Al+  ion  at  RT,  200,  and  400  °C. 


£t  2aooeaiH  4m°0r  a716S  fPlrd  uP  t0  1x10,5  A,/cm2  (not  shown>-  The  damage  profiles  after 
RT,  200,  and  400  C  A1  implants  have  been  chosen  for  the  further  analysis.  Radiation  damage  after 

Xe  ion  implants  was  also  measured  and  the  data  are  used  in  the  discussion  below.  Figures  2  and  3 

show  the  concentration  versus  depth  profiles  of  disordered  silicon  atoms,  N,  calculated  using  the 

experimental  data  taken  from  the  RBS/C  measurements  for  Al+  and  Xe+  implants,  respectively. 
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Figure  3.  Silicon  displaced  atoms  vs 
depth  profiles  in  4H-SiC  after  2xl013 
and  2xl014  Xe+  ion  implants  at  25  °C. 


Profiles  of  the  disordered  silicon  atoms  follow  ion  ranges  but  are  found  to  be  somewhat  deeper 
comparing  with  the  simulation  of  the  vacancy  profiles  made  using  TRIM,  Figure  4.  The 
measurement  of  implanted  impurity  chemical  profiles  (not  shown)  indicates,  however,  that  the 
channelling  effect  was  negligible  during  at  least  Al+  ion  implants.  Thus,  a  separation  between 
experimentally  measured  Si  self-interstitial  and  simulated  Si  vacancy  profiles  could  be  a 
manifestation  of  the  momentum  transfer  to  the  displaced  atoms  during  the  development  of  a 


Figure  4.  Range  and 
vacancy  versus  depth 
distribution  calculated 
using  conventional  TRIM 
software  for  Xe+  and  Al+ 
ions  using  3.21  g/cm3,  20 
eV,  and  2eV  for  the 
density,  displacement  and 
binding  energy  in  4H-SiC, 
respectively. 


collision  cascade  [6].  However,  it  must  be  pointed  out  that  the  depth  conversion  in  Figs.2  and  3  did 
not  account  for  a  possible  change  of  the  material  density  after  implants,  which  may  result  in  an 
extra  uncertainty  for  the  comparison  of  the  simulated  and  experimental  profiles. 

Another  interesting  result  is  a  significant  accumulation  of  the  displaced  defects  in  the  near-surface 
regions  in  Fig.2  and  3  (in  the  late  case  in  particular  for  the  2xl013  Xe/cm2  implant).  A  similar 
surface  peak  has  been  reported  in  previous  studies  on  Si,  Ge,  GaAs,  and  GaN  and  attributed  to  an 
amorphous  layer  at  the  semiconductor  surface  [7].  For  the  implants  at  elevated  temperatures  a 
substantial  reduction  in  the  concentration  of  disordered  silicon  atoms  occurs,  specifically  for  the 
“main  peak”  situated  at  the  depth  of  the  ion  range.  The  fact  that  the  relative  importance  of  the  near¬ 
surface  peak  become  more  pronounced  after  implantation  at  elevated  temperatures  may  indicate 
substantial  diffusion  of  radiation  defects  during  and  after  the  development  of  the  cascade. 
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A  tempting  application  of  the  profiles  in  Figs.2  and  3  may  be  to  fit  them  to  solutions  of  a  diffusion 
equation,  which  includes  generation,  recombination  and  Fickian  diffusion  terms  for  silicon  self- 
interstitials  and  vacancies  in  4H-SiC.  This  is,  however,  a  difficult  exercise  since  diffusion, 
recombination,  and  even  some  defect  generation  parameters,  e.g.,  displacement  energy  threshold! 
are  not  established  and  must  be  convoluted  simultaneously.  Instead  of  doing  this  analysis,  a 
qualitative  measure  of  the  activation  energy  for  the  recombination  process  of  silicon  self-interstitials 
may  be  extracted  from  our  data. 


Figure  5.  Number  of  displaced 
silicon  atoms  (interstitials)  in  4H-SiC 
after  implantations  at  different 
temperatures  and  normalised  with  the 
implantation  dose. 


Figure  5  is  an  Arrhenius  plot  for  normalised  numbers  of  disordered  silicon  atoms  produced  in  4H- 
SiC  after  Af  ion  implantations  at  RT,  200,  and  400  °C.  In  other  words,  the  vertical  axis  represents 
the  number  of  disordered  silicon  atoms  (in  the  first  approximation  self-interstitials)  per  one  incident 
AI  ion  that  survived  recombination.  Results  of  Xe+  ion  implants  at  RT  are  also  included  in  Fig.5. 
At  this  stage  the  limited  amount  of  data  allows  only  to  make  a  preliminary  estimate  of  the  activation 
energy  for  this  recombination  process  that  is  found  to  be  in  the  range  of  0. 1  eV. 
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Abstract  In  this  work  the  Monte  Carlo  -  Binary  Collision  Approximation  is  applied  to  the 
profile  simulation  of  500  keV  Al+  ions  implanted  at  room  temperature  in  6H-SiC.  A  very  large 
fluence  range  that  goes  from  almost  perfect  to  amorphous  as-implanted  crystals  was  simulated.  For 
increasing  ion  fluence  the  code  takes  dynamically  into  account  the  reduction  of  channeling  tails  and 
the  variation  of  SiC  density,  both  due  to  the  accumulation  of  crystal  damage.  The  predicted  shift  of 
the  projected  range  towards  deeper  depths  and  the  saturation  of  channeling  tails  for  increasing  ion 
fluence  are  confirmed  by  the  Secondary  Ion  Mass  Spectrometry  characterisation. 

Introduction 

In  the  framework  of  process  simulation  for  electronic  materials,  the  simulation  of  the  ion 
implantation  process  in  crystalline  semiconductors  is  used  for  accurate  prediction  of  the  as- 
implanted  doping  distribution.  In  the  case  of  SiC  the  modelling  of  the  implantation  process  in 
crystalline  substrates  is  quite  recent  and  the  number  of  published  papers  is  increasing  [1-5].  These 
works  mainly  differ  for  the  physical  approximation  used  for  describing  the  atomic  collision 
phenomena,  the  ion  energy  loss  models  and  the  crystal  modification  due  to  the  ion  damage  build  up. 
This  paper  presents  the  simulation  and  the  experimental  characterisation  of  the  dynamic  effects  due 
to  damage  accumulation  on  as-implanted  A1  profiles,  which  lead  to  the  reduction  of  the  channeling 
tails  and  the  shift  of  the  as-implanted  doping  profile. 

Experiment  , 

Both  on  axis  and  off-axis  <0001>  6H-SiC  wafers  were  used  for  this  work.  0.5  MeV  A1  was 
implanted  at  RT  and  different  fluence  values  in  the  range  lxlO13  cm2  -s-  3x10* 5  cm2.  The  wafers 
were  misaligned  with  respect  to  the  beam  direction  in  order  to  produce  a  random  implant  geometry 
[1]:  the  <000 1>  axis  was  tilted  8°  while  keeping  the  beam  direction  within  the  (10-10)  plane  and 
then  the  plane  (0001)  was  twisted  22°  around  the  <0001>  axis. 

The  as-implanted  samples  were  characterised  by  Secondary  Ion  Mass  Spectrometry  (SIMS).  A 
Cameca  IMS-4f  spectrometer  was  used  with  8  keV  02+  primary  beam  having  120  nA  total  current 
and  swept  over  125x125  jam2  sputtering  area.  The  secondary  ion  signal  was  collected  from  a  central 
circular  spot  having  a  60  pm  diameter.  In  order  to  avoid  changes  in  the  spectrometer  collection 
efficiency  due  to  sample  charging  effects,  which  were  detected  in  high-dose  implanted  SiC  samples, 
a  ±125  eV  energy  window  was  used.  Such  an  energy  window  was  more  than  enough  to  keep 
constant  collection  efficiency  in  all  the  experimental  conditions,  since  the  secondary  beam  energy 
shifts  do  not  exceed  30  eV  even  in  fully  amorphised  SiC  layers. 

These  SIMS  analyses  require  the  solution  of  one  of  the  main  problems  of  the  SIMS  spectrometry, 
i.e.  the  precise  calibration  of  the  depth  scale  for  samples  having  density  and/or  sputtering  yield 
varying  with  depth.  In  fact,  the  linear  relation  between  swelling  and  integral  of  disorder  in  as 
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implanted  crystalline  SiC  [6]  allows  us  to  hypothesise  the  presence  of  a  density  variation  versus 
depth  proportional  to  the  disorder  profile.  First  of  all  the  erosion  speed  of  crystalline  and  ion 
amorphised  SiC  was  determined  by  performing  several  sputtering  experiments  for  different 
sputtering  times  on  unimplanted  and  heavy  damaged  samples.  The  erosion  speed,  defined  as  the 
crater  depth  divided  by  the  sputtering  time,  of  the  amorphous  material  was  (12+1)  %  faster  than  the 
crystalline  one.  Taking  into  account  that  the  estimated  density  difference  between  ion  amorphised 
and  crystalline  SiC  was  13.5  %  [6]  it  turns  out  that  the  erosion  speed  is  inversely  proportional  to  the 
density  of  the  eroded  layer.  Thus  the  depth  scale  seems  determined  only  by  the  area  density  of 
atoms  encountered  by  the  eroding  ion  beam  and  not  by  their  volume  density.  Neither  a  difference  in 
the  surface  binding  energy  of  the  crystalline  with  respect  to  the  ion  amorphised  SiC  seems  to  be 
important.  In  fact,  the  total  sputtering  yield,  that  is  defined  as  the  total  number  of  sputtered  atoms 
per  incident  ion  [7],  remains  constant  and  this  is  true  as  long  as  the  surface  binding  energy,  which 
determines  the  probability  for  an  atom  to  escape  from  a  solid,  does  not  change. 

The  following  procedure  was  established  for  computing  the  species  profile  for  those  samples  with  a 
buried  heavily  damaged  layer.  Several  SIMS  spectra  were  measured  for  each  sample:  one  including 
the  total  profile,  the  others  including  only  a  part  of  it.  Taking  into  account  the  damage  profiles 
measured  by  Rutherford  Back  Scattering  channeling  (RBS-C)  the  sample  depth  was  divided  in  sub 
layers  for  which,  depending  on  the  damage  level,  an  erosion  speed  equal  to  the  ion  amorphised  or 
the  crystalline  SiC  was  assumed.  The  depths  of  the  crystalline  to  amorphous  interfaces  were  chosen 
at  about  90%  of  displaced  atoms.  The  position  of  the  crystalline  to  amorphous  interfaces  was  fixed 
for  the  computation  of  every  ensemble  of  profiles.  The  agreement  between  the  total  crater  depth 
estimated  by  means  of  this  procedure  and  the  experimental  values  directly  measured  at  the  end  of 
the  sputtering  time  was 


always  better  than  1%. 
Moreover,  if  evaluated  by 
such  a  procedure,  the 
profiles  of  each  ensemble  fit 
one  another,  that  it  is  not  the 
case  when  the  usual 
"average"  constant  erosion 
speed  is  assumed.  We  take 
this  as  a  proof  of  the 
reliability  of  the  calibration 
method  proposed  for  the 
SIMS  depth  scale.  Fig.  1 
shows  the  result  of  such  a 
procedure  applied  to  the 
sample  implanted  with 
3xl015  AlVcm2.  As  the  RBS- 
C  profile  of  this  sample 
showed  an  amorphous  layer 
at  the  sample  surface  [6],  the 
sample  depth  was  divided  in 
two  layers:  one  amorphous 
and  one  crystalline.  The 


depth  (A) 


Fig.  1  SIMS  profile  of  the  sample  3xl015  Al/cm2.  The  dashed  line 
is  the  profile  computed  by  using  an  "average"  erosion  speed 
constant  for  the  whole  profile.  The  continuous  lines  profiles  were 
computed  by  the  procedure  described  in  the  Experimental  section. 


amorphous/crystal  interface  depth  corresponds  to  that  measured  by  RBS-C.  The  influence  of  the 
swelling  phenomenon  on  the  RBS-C  depth  scale  was  taken  into  account  as  discussed  in  refs.  [4,6]. 


Simulation 

The  ion-implantation  process  simulation  was  performed  by  the  KING-IV  program,  which  is  based 
on  a  binary  collision  approximation  (BCA)  model.  The  most  important  features  of  the  computer 
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code,  already  described  in  previous  papers  [1,4],  are  reviewed  in  the  following.  The  parameters  of 
the  semi-empirical  model  of  electronic  stopping,  which  account  for  the  dependence  of  energy  loss 
on  the  path  of  A1  ions  through  the  lattice  are  empirically  scaled  in  order  to  reproduce  low-dose 
profiles  implanted  in  the  energy  range  0.5-2  MeV  [8].  For  low  fluence  the  effects  of  damage 
accumulation  are  negligible;  long  penetration  tails  are  observed  in  the  as-implanted  profiles,  even  if 
the  substrate  is  tilted  in  order  to  minimise  channeling.  This  effect  is  due  to  ions  which,  as  a 
consequence  of  elastic  scattering  with  lattice  atoms,  are  deflected  towards  axial  and  planar 
directions,  and  become  channelled.  Disorder  accumulation  at  higher  doses  reduces  such  tails,  since 
defects  progressively  obstruct  open  channels  in  the  crystal.  A  further  effect  of  damage 
accumulation  in  SiC  is  the  large  induced  volume  expansion  (swelling)  [6].  This  will  cause  a  density 
variation  of  the  implanted  region  that  reaches  a  maximum  of  about  13  %  when  the  target  is 
amorphised.  Swelling  will  induce  a  dynamic  change  of  the  depth  scale  as  measured  from  the  surface 
of  the  target.  In  order  to  reproduce  these  features  a  correct  evaluation  of  damage  accumulation  and 
associated  swelling  is  required.  The  KING-IV  program  simulated  the  ion- induced  damage  by  full 
recoil  calculation,  where  effective  threshold  energies  for  atomic  displacement  in  Si  and  C  sub¬ 
lattices  equal  to  8  eV  and  4  eV,  respectively,  were  used.  As  shown  previously  [4]  these  values  are 
those  that  better  fit  the  damage  growth  versus  dose  measured  by  the  RBS-C  technique  [6].  As 
concerns  the  model  of  swelling,  the  lattice  deformation  is  assumed  to  occur  only  in  the  direction 
normal  to  the  surface,  since  the  constraint  of  the  bulk  material  prevents  any  lateral  expansion  of  the 
implanted  region.  The  target  thickness  is  divided  into  several  layers,  each  one  containing  the  same 
integer  number  of  unit  cells,  up  to  a  depth  unreached  by  primary  ions.  According  to  the  damage 
accumulated  and  the  swelling  model,  the  new  density,  cell  parameter  along  the  <0001>  axis,  and 
thickness  of  each  layer  are  calculated.  Being  the  deepest  (unperturbed)  layer  fixed  in  the  bulk,  such 
a  procedure  causes  a  shift  of  the  surface.  The  empirical  swelling  model  included  in  the  simulation 
comes  from  the  observation  of  experimental  data  [4]  and  includes  two  contributions,  one  linearly 
correlated  with  the  integral  of  damage  accumulated  prior  to  amorphisation,  and  the  other  accounting 

for  the  additional 


Al*  500  keV  RT  MC-BCA  SIMS 


0.0  0.2  0.4  0.6  0.8  1.0  1.2  1.4 


relaxation  observed  at 
the  onset  of  the 
crystalline  to  amor¬ 
phous  transition  [4,6]. 
As  previously  reported 
[4],  the  empirical 
parameters  appearing 
in  the  model  are 
adjusted  to  fit  the 
experimental  measure¬ 
ment  of  surface  ex¬ 
pansion  versus  dose 
[6].  It  is  worth 
mentioning  that  point 
defects  in  the  SiC 
lattice  are  treated  as 


Depth  (pm)  atoms  randomly  dis¬ 

placed  from  a  cry- 

Fig.  2  Al  profile  versus  ion  fluence  in  as-implanted  6H-SiC:  stalline  site  and  sur- 

comparison  between  MC-BCA  simulated  and  SIMS  rounded  by  undistorted 

lattice.  This  is  the 


same  approximation  used  when  extracting  experimental  damage  profiles  from  RBS-C  spectra.  This 
procedure  ensures  that  the  BCA  damage  parameters  adjusted  through  the  comparison  with  RBS-C 
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results  will  give  'effective'  defect  profiles  that  account  for  the  correct  dechanneling  effect  of 
disorder. 

Results  and  discussion 

Fig.  2  shows  the  comparison  between  simulated  and  measured  as-implanted  A1  profiles  at  different 
fluence.  The  agreement  is  very  good  at  any  fluence  value  for  the  profile  shape  at  the  front  tail  and 
around  the  peak  of  the  distribution.  While  at  larger  depths  the  agreement  is  good  for  fluence  up  to 
1 .25 x  10  cm 2  and  becomes  poor  at  the  fluence  of  7.5xl014  cm’2,  which  corresponds  to  the  onset  of 
target  amorphisation,  as  seen  by  RBS-C  [6],  and  improves  a  little  for  the  maximum  fluence  of 
3x10  cm  .  The  agreement  at  the  front  tail  and  around  the  projected  range  indicates  that  the 
swelling  phenomenon  and  its  effect  on  the  profile  shape  are  well  described  by  the  simulation.  The 
reason  of  the  discrepancy,  which  reaches  the  maximum  at  the  threshold  of  target  amorphisation,  is 
not  clear  at  the  moment.  The  parameters  of  damage  accumulation  and  swelling  models  used  in  the 
simulation  give  defect  profiles  and  surface  expansion  that  closely  match  experimental  finding  [4], 
so  it  seems  unlikely  that  they  are  responsible  of  the  problem.  Possible  explanations  may  be  an 
unrealistic  description  of  the  heavily  damaged  crystal,  or  inaccuracies  in  the  procedure  of  RBS-C 
calibration  of  damage  model  in  the  critical  region  before  and  above  the  onset  of  amorphisation. 

Conclusion 

Although  the  procedure  proposed  for  an  accurate  calibration  of  the  SIMS  depth  scale  is  complicated 
and  always  requires  the  knowledge  of  the  damage  profile,  it  can  be  considered  highly  reliable 
because  it  has  no  adjustable  parameters  and  it  is  based  on  fundamental  arguments  regarding  the 
sputtering  process.  The  only  possible  weak  point  of  the  procedure  is  the  assumption  that  the  surface 
binding  energy  in  an  amorphous  or  in  a  crystalline  material  is  the  same.  At  the  moment  the  perfect 
correspondence  between  the  material  density  change  and  the  change  in  the  erosion  speed  seems  to 
indicate  that  assumption  is  reasonable.  As  it  concerns  MC-BCA  simulation,  the  profile  shift  and  the 
reduction  of  channeling  due  to  damage  accumulation  have  been  found  in  good  agreement  with 
SIMS  results  except  for  the  description  of  the  profile  end  tails  at  fluence  equal  and  above  the  onset 
of  crystalline-to-amorphous  transition.  The  reason  of  that  is  still  unclear. 
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Abstract  The  results  of  experimental  investigations  of  diffusion  welded  (bonded)  large  area 
Al/SiC  contacts  are  presented.  The  novel  data  on  adhesion  of  Al  to  4H-  and  6H-SiC  are  proposed. 
The  specific  contact  resistance  is  determined  for  Al-6H-SiC  contacts.  The  V-I  characteristics  for 
Al-4H-SiC  Schottky  contacts  are  measured. 

Introduction 

To  utilize  all  the  wonderful  properties  of  SiC  semiconductors,  formation  of  reliable,  homogeneous, 
ohmic  and/or  rectifying  contacts  can  be  a  critical  issue,  especially  for  such  type  of  devices  as 
Schottky  diode.  There  are  a  lot  of  papers  reporting  very  good  results  of  metallization  for  different 
polytypes  of  SiC.  But  the  dimensions  of  Me  contacts  are  usually  restricted  by  hundreds  of  microns 
diameter  and  some  few  microns  thick.  As  far  as  we  known  no  results  have  been  reported  on  large 
area  and  acceptable  for  power  devices  thickness  of  Me  contacts  to  the  SiC  structures.  In  this  paper 
we  report  the  combined  results  of  our  initial  attempts  [1,2]  and  the  later  research  in  forming  thick 
(50  ~  200  fim)  and  large  area  (tens  of  millimeters  diameter)  Al  contact  to  6H-  and  4H-SiC  using 
diffusion  welding  (DW)  techniques. 

Materials  and  Method 

Diffusion  welding  is  a  solid  state  joining  process,  which  can  be  utilized  to  bond  “difficult  to  join” 
materials.  In  our  experiments  aluminum  has  been  chosen  for  a  contact  material  because  of  its  low 
melting  point  (later  in  high  power  applications,  other  metals  should  be  used  due  to  the  same 
reason),  relative  inertness  to  SiC  in  the  solid  state,  and  its  importance  as  a  matrix  material  in  metal 
semiconductor  composites.  For  the  process  the  0.05  and  0.2  mm  thick  99.99%  Al  foil  has  been 
used. 

The  SiC,  used  in  our  experiment  was  6H-  and  4H-SiC  substrates  of  USA  CREE  Research  Inc. 
Company  with  the  specification: 

6H-SiC  -  wafers  diameter  35.0  mm,  thickness  0.33  mm,  n-type  conductivity,  dopant  nitrogen, 
net  doping  density  (ND-NA),  3.6- 1018  cm'3  and  1.3- 1018  cm"3  surface  treatment:  C  -  face  polished, 
Si  -  face  ground. 

4H-SiC  -  wafer  diameter  35.0  mm.,  thickness  0.35  mm.,  n-type  conductivity,  dopant  nitrogen, 
net  doping  density  of  substrate  8.5*  1018  cm"3,  with  5  fim  thick  epilayer  concentration  2T017  cm"  , 
surface  treatment:  Si-  and  C-  faces  polished  as  specified. 

Prior  the  metallization  the  4H-  and  6H-SiC  substrates  and  Al  foil  were  given  to  chemical  clean  in 
special  solutions. 

The  vacuum  DW  process  was  performed  in  specially  designed,  continuous-action,  commercial 
type  equipment  UDS-6  with  various  combinations  of  temperature  and  pressure.  Such  scheme 
enables  to  form  all  the  contacts  to  the  C-  and  Si  faces  of  the  SiC  substrates  simultaneously. 
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Results 

The  Al/SiC  contacts,  under  variety  of  DW  conditions  were  first  characterised  by  mechanical 
adhesion  measurements 

The  adhesion  of  A1  to  4H-SiC  surface  was  examined  by  means  of  conventional  techniques 
normally  used  for  estimation  of  bond  strength  of  copper  to  woven  glass  or  other  ceramic  substrates 
in  radio-electronics.  The  strips  of  A1  foil  in  0.2  mm  thick  and  in  1-5-2-mm  width,  under  variety  of 
pressure  and  temperature  combinations  were  welded  on  the  SiC  surface.  After  welding  the  strips 
were  pulled  off  from  the  surface  by  means  of  special  device  shown  in  Fig.l. 


Fig.  1.  Description  of  the  adhesion  proof 
experiment.  1 -wafer  with  A1  strips, 
2-string,  3-pulley,  4-spring,  5-acting 
motor  drive  gear  (2r.p.m.),  6-linear  slide 
potentiometer,  7-power  supply,  8-plotter. 


Fig.  2.  Tension  curves  for  the  adhesion  test. 


The  maximum  tensile  strength  in  N-s  (Newton)  divided  by  the  width  of  the  strip  is  defined  as  a 
bond  strength.  The  way  of  detachment  and  the  condition  of  the  destruction  regions  determine  the 
quality  of  the  joint.  The  results  of  A1  adhesion  quality  for  A1-4H-  and  6H-SiC  contacts  are  shown  in 
Table  1. 

Fig.  2  shows  the  typical  form  of  the  tension  curves  obtained  in  the  process  of  detach  test  and 
corresponding  to  the  excellent”,  “very  good”,  and  “bad  quality"  of  bonding. 


Table  1 


Temperature  [°C] 

Pressure  [MPa] 

Bond  quality 

500 

20  -  50 

None 

550 

20-50 

Bad 

600 

20 

Bad 

600 

30 

Very  good 

600 

50 

Excellent 

The  lack  of  bond  is  qualified  as  “very  weak  joint”  with  no  evidence  of  A1  on  the  separated  surface 
of  SiC.  In  the  case  of  “bad  bond”  after  the  strip  detaching  A1  retains  poor  interrupted  tracks  on  the 
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separated  carbide  surface.  “Good  bond”  corresponds  to  the  tensile  strength  close  to  the  breaking 
strength  of  the  annealed  aluminium.  On  the  separated  surface  of  the  SiC  the  dense  thick  track  of 
aluminium  is  retained.  In  the  case  of  “excellent  bond”  the  tensile  strength  exceed  the  breaking 
strength  of  the  annealed  aluminium,  and  it’s  impossible  to  separate  the  aluminium  strip  from  silicon 
carbide  surface. 

The  specific  contact  resistance  (pc)  measurement  was  carried  out  for  6H-SiC  wafer  with  n-type 
conductivity  and  net  concentration  (Nq-Na)  equal  to  3.6T  01 8  cm  3.  Specific  resistance  pc  was 
determined  by  means  of  surface  potential  distribution  measurement  near  the  spot  of  metal  contact 
(S.C.  extrapolation  method  [3]).  The  block  scheme  of  the  equipment  for  measurement  procedure  is 
shown  in  Fig.  3. 

Fig.  4.  shows  the  measured  specific  contact  resistance  versus  current  for  SiC  wafers  ( C-face 
under  different  applied  voltage  polarities). 


Q> 


Fig.  3.  Block  scheme  of  contact  resistance 
1-SiC  wafer  with  A1  contacts  measurement 
current  (C\  contact  to  be  measured;  C2 
back  side  contact),  2-voltmeter,  3-switch, 
4-ampermeter,  5-power  supply. 


current  [A] 


Fig.  4.  Specific  contact  resistance  versus 
measurement  current. 


For  the  U-I  characteristics  measurements  the  special  structures  were  manufactured.  The  SiC 
wafers  were  cut  into  squire  pieces  with  the  lOxlO-mm  dimensions.  Then,  the  Si-face  was  welded 
via  aluminium  foil  to  the  tungsten  electrode  with  18-mm  diameter  and  1.2  mm  thick. 
Simultaneously,  aluminium  contact  in  8-ram  diameter  was  formed  to  C-face  of  SiC. 

The  U-I  characteristics  for  Al/SiC  Schottky  type  structures  were  measured  by  specially  designed 
tester  with  measurement  range  up  to  3A  and  30V  at  temperature  interval  between  20°  and  600°C. 
Fig.  5  and  Fig.  6  show  the  temperature  influence  on  measured  reverse  and  forward  U-I 
characteristics  for  4H-SiC  Schottky  structures. 


Discussion  and  Conclusions 

1.  The  diffusion  welding  techniques  gives  the  possibility  to  perform  reliable,  homogeneous  large 
area  of  Al/SiC  contacts.  Today,  only  the  dimensions  limit  the  area  of  metal  contacts  of  provided 
SiC  wafers.  The  bond  strength  of  Al/SiC  contact  exceeds  the  breaking  strength  of  annealed 
aluminium,  irrespectively  of  SiC  polytype.  At  the  same  time,  from  the  point  of  view  of  mechanical 
strength  the  optimum  welding  interval  is  being  large  enough  to  control  the  electrical  properties  of 
Schottky  contact. 
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-  A-20C 
-K-200C 
-0-5OOC 


-T*r-20C 

-K-200C 

-0-500C 


Fig.  5.  Temperature  dependence  of  U-I  Fig.  6.  Forward  branch  of  the  U-I 

characteristic  for  Al/4H-SiC  structure.  characteristic 


2.  Unfortunately,  the  results  carried  out  by  pc  measurement  are  not  the  subject  of  direct 
comparison  with  the  results  offered  in  other  papers  because  of  the  essential  difference  in  conditions, 
techniques  and  materials.  Nevertheless,  when  the  conditions  are  close,  (e.g.  [4]),  where  the 
preliminary  estimated  pc  ~  10~3  Ocm2,  the  results  for  diffusion  welded  contacts  of  A1  to  n-type  6H- 
SiC  may  be  considered  as  convenient. 

3.  U-I  characteristics  obtained  for  diffusion  welded  Al/SiC  contacts  have  sheer  non-linear  and 
asymmetric  form.  But  due  to  very  high  dopant  concentration  in  epitaxial  layer  of  4H-SiC  and 
absence  of  any  special  edge  treatment  or  surface  passivation  activity,  the  value  of  the  reverse 
breakdown  voltage  has  been  determined  to  be  relatively  low. 

The  results  presented  in  this  paper  are  first  of  all  phenomenological  and  must  be  supplemented  with 
new  data  and  analytical  treatment. 
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Abstract 

We  have  investigated  the  formation  of  ruthenium  Schottky  contacts  on  both  n-  and  p-type  6H-SiC 
wafers.  It  is  found  that  Ru  forms  good  quality  rectifying  contacts,  with  barrier  heights  of  0.67  eV 
and  1.  06  eV  for  //-type  and  p-type  SiC,  respectively  and  ideality  factors  in  the  range  1.4  -  1.6. 
Annealing  experiments  indicated  that  the  Ru  Schottky  contacts  remained  stable  up  to  450  °C,  above 
which  a  general  deterioration  in  the  quality  of  the  contacts  (as  indicated  by  an  increase  in  the 
measured  idealities  as  well  as  an  increase  in  the  reverse  bias  leakage  currents)  was  observed.  It  is 
also  shown  that  the  Ru  Schottky  contact  to  p- type  SiC  provides  an  excellent  means  through  which 
to  introduce  hydrogen  into  the  SiC  using  a  hydrogen  plasma. 


Introduction 

SiC  is  a  wide  band  gap  semiconductor  with  properties  that  make  it  well  suited  for  high  temperature, 
high  power  and  high  frequency  device  applications.  The  further  development  and 
commercialization  of  such  devices  however  depends  on  the  fabrication  of  reliable  ohmic  and 
rectifying  contacts  that  have  good  adhesion  properties  and  are  stable  at  elevated  temperatures.  Good 
quality  Schottky  contacts  are  also  essential  for  fundamental  studies  of  the  electrical  properties  of 
SiC.  These  electrical  properties  may  be  drastically  altered,  for  example,  by  the  unintentional 
introduction  of  electrically  active  impurities  during  either  the  growth  of  the  material  or  subsequent 
device  processing  steps.  A  study  of  the  possible  passivation  by  hydrogen  of  these  electrically  active 
impurities  also  requires  stable  rectifying  contacts. 

There  have  been  several  studies  in  recent  years  that  have  dealt  with  various  metal  contacts  to  6H- 
SiC  [1].  To  our  knowledge,  however,  the  ruthenium  metal  contact  to  SiC  has  not  yet  been  reported. 
In  this  paper  we  report  on  an  investigation  into  the  electrical  properties  of  ruthenium  rectifying 
contacts  to  both  p-  and  //-type  6H-SiC.  Ruthenium  is  one  of  the  Pt-group  metals  that  in  the  past  has 
been  used  to  successfully  form  good  quality  Schottky  contacts  to  both  //-and  p- type  GaAs  [2,3].  The 
thermal  stability,  chemical  inertness  and  large  work  function  of  Ru  make  it  an  ideal  metal  to  use  as 
a  rectifying  contact  to  an  /7-type  semiconductor.  An  added  advantage  of  Ru  is  that  it  is  permeable  to 
hydrogen,  in  contrast  to  other  metals  more  commonly  used  for  rectifying  contacts.  Thus  hydrogen 
can  be  intentionally  introduced  into  the  semiconductor  through  the  metal,  by  exposing  the  metalised 
surface  to  a  hydrogen  plasma,  with  minimal  accompanying  surface  damage  that  usually  results  from 
direct  exposure. 
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In  this  paper  we  also  discuss  the  thermal  stability  of  the  Ru-rectifying  contacts  to  both  n-  and  p- type 
SiC,  and  compare  the  results  with  the  thermal  stability  of  the  more  commonly  used  Al-contact  to  p - 
type  SiC.  We  also  show  how  hydrogen  may  be  efficiently  introduced  into  /?-type  SiC  by  exposing 
the  Schottky  contact  to  a  hydrogen  plasma. 

Experimental 

Al-doped  (p=I.5x  1018  cm'3)  as  well  as  N-doped  (n  =  1  x  1018  cm'3)  6H-SiC  material,  obtained 
from  Cree  Research  Inc,  was  used  in  this  study.  The  material  was  cleaned  in  standard  organic 
solvents  and  dipped  in  a  dilute  HF  solution  before  being  dried  in  a  flow  of  N2  and  loaded  in  the 
vacuum  chamber.  Low  resistance  ohmic  contacts  were  formed  on  p- type  SiC  by  thermally 
evaporating  A1  (180  nm)  and  Ti  (50  nm)  on  the  back  surfaces,  after  which  the  samples  were 
annealed  for  10  min  at  600  °C,  followed  by  a  further  5  min  at  900  °C.  In  the  case  of  n- type  SiC, 
ohmic  contacts  were  formed  by  evaporating  Ni  (200  nm)  and  subsequently  annealing  at  950  °C  for 
5  min. 

Schottky  barrier  diodes  (SBDs)  were  fabricated  by  depositing  (using  electron  beam  evaporation)  a 
Ru  film  through  a  metal  shadow  mask,  to  form  0.8  mm  diameter  dots  on  the  polished  top  surface  of 
the  SiC.  A  Ru  film  thickness  of  typically  45  nm  was  found  to  be  sufficient  for  forming  a  stable 
rectifying  contact.  The  quality  of  each  fabricated  SBD  was  evaluated  in  terms  of  the  measured 
ideality  n  and  the  barrier  height  <pB  using  standard  current-voltage  (. I-V)  measurements  in  the  dark  at 
room  temperature.  The  thermal  stabilities  of  the  A1  and  Ru  SBDs  were  compared  by  sequentially 
annealing  the  samples  up  to  a  temperature  of  500  °C.  The  anneals  were  performed  for  15  min  in  a 
dried  argon  ambient. 

Results 

i)  w-type  6H-SiC 
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Fig.  1:  (a)  Forward  and  reverse  I-V  curves  of  as-deposited,  as  well  as  subsequently  annealed, 
Ru  Schottky  contacts  to  n-  6H-SiC.  (b)  Measured  Schottky  barrier  heights  <pB  for  both  n-  and 
p- type  SiC  after  isochronal  annealing  up  to  450  °C. 
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Fig.  1  (a)  shows  a  series  of  forward  and  reverse  biased  I-V  curves  for  a  typical  Ru  Schottky  contact 
to  n- type  6H-SiC.  The  as-deposited  SBD  is  clearly  rectifying,  although  a  fairly  large  leakage  current 
of  greater  than  1 0‘4  A  flows  when  a  reverse  bias  of  5  V  is  applied.  This  large  current  is  attributed  in 
part  to  the  high  carrier  concentration  of  the  samples  (1  x  1018  cm'3).  The  measured  barrier  height, 
averaged  over  several  different  Schottky  contacts,  was  (0.67  ±  0.02)  eV,  while  the  ideality  factor 
ranged  between  1 .4  and  1.6. 

The  thermal  stability  of  the  Ru  Schottky  contacts  is  also  shown  in  Fig.  1  (a).  It  is  seen  that  for 
annealing  temperatures  up  to  450  °C,  the  SBDs  remained  relatively  stable,  with  the  leakage  current 
deteriorating  slightly.  Fig  1  (b)  shows  that  the  barrier  height  (pB  remained  constant  at  0.67  eV,  up  to 
450  °C.  Beyond  this  temperature  however,  the  reverse  bias  leakage  current  increased  dramatically, 
indicating  non-rectifying  behaviour  of  the  metal  contact. 

ii)  p-type  6H-SiC 


Bias  (V) 

Fig.  2:  Forward  and  reverse  I-V  curves  for  Ru  Schottky  contacts  to  /7-type  6H-SiC.  Curve  (a):  as- 
deposited.  Curve  (b):  after  exposure  to  a  hydrogen  plasma  at  200  °C.  Curve  (c):  after 
subsequent  annealing  at  300  °C  for  25  hours. 

Ru  Schottky  contacts  to  /7-type  SiC  exhibited  larger  barrier  heights  of  typically  1.1  eV,  while 
idealities  n  of  roughly  1.6  were  obtained.  Fig.  2  (curve  (a))  shows  a  typical  I-V  curve  for  the  Ru 
Schottky  contact  on  /?- type  SiC.  The  reverse  bias  leakage  current  is  clearly  far  lower  than  what  was 
measured  for  /?-type  SiC.  Isochronal  annealing  experiments  indicated  that  the  Ru  Schottky  contact 
to  /7-type  SiC  is  also  stable  up  to  450  °C.  The  barrier  height  (pB  remained  constant  at  (1.06  ±  0.04) 
eV,  as  is  seen  in  Fig.  1  (b).  For  temperatures  of  500  °C  and  higher,  however,  the  measured  idealities 
and  reverse  bias  leakage  current  deteriorated  dramatically. 

It  is  also  seen  in  Fig.  1  (b)  that  the  sum  of  the  barrier  heights  for  n-  and  /7-type  SiC  does  not  yield 
the  energy  gap,  as  has  been  reported  for  several  other  metal  -  SiC  systems  [6].  This  may  be 
attributed  to  the  fact  that  Ru  is  extremely  difficult  to  deposit,  even  by  means  of  electron  beam 
evaporation.  During  the  evaporation  process  it  is  likely  that  surface  states  are  introduced  from  the 
electron  irradiation  of  the  SiC  surface.  These  surface  states  will  modify  the  barrier  heights  formed 
by  the  Ru  on  the  SiC. 
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We  also  examined  the  effect  of  hydrogen  plasma  exposure  and  subsequent  annealing  on  the  stability 
of  the  Ru  Schottky  contact  on  /7-type  SiC.  The  Ru  metal  contact  was  exposed  to  a  dc  hydrogen 
plasma  at  a  temperature  of  200  °C  for  30  min.  Note  that  this  temperature  is  lower  than  what  is 
generally  used  for  the  introduction  of  hydrogen  into  SiC  [4].  Fig.  2,  curve  (b)  shows  that  the 
measured  barrier  height  increased  to  1 .42  eV,  with  an  accompanying  reduction  in  the  reverse  bias 
leakage  current.  Capacitance- voltage  (C-V)  measurements  indicated  that  the  hydrogen  efficiently 
passivated  the  free  carriers  up  to  0.4  pm  into  the  SiC,  reducing  the  carrier  concentration  by  more 
than  an  order  of  magnitude.  It  is  therefore  expected  that  the  hydrogen  will  also  passivate  the  surface 
states  present,  yielding  an  overall  improved  Schottky  contact  with  an  increased  barrier  height  that 
approaches  the  theoretical  value  of  1.59  eV  for  /7-type  SiC.  By  comparison,  no  reduction  in  the  free 
carrier  concentration  was  measured  for  77-type  SiC  after  exposure  to  a  hydrogen  plasma. 

Fig.  2,  curve  (c)  shows  the  I-V  response  of  the  hydrogen  plasma  treated  Ru  Schottky  contact,  after 
subsequent  annealing  at  300  °C  for  extended  periods  of  time  (in  excess  of  25  hours),  to 
systematically  remove  the  hydrogen  from  the  SiC.  In  spite  of  the  thermal  treatment,  the  quality  of 
the  Schottky  contact  remained  good.  We  were  therefore  in  a  position  to  examine  the  dissociation 
kinetics  of  the  hydrogen-acceptor  complex  as  well  as  to  obtain  its  dissociation  energy.  These  results 
will  be  presented  elsewhere  [5]. 

Finally,  it  is  instructive  to  compare  the  I-V  results  for  Ru  Schottky  contacts  with  those  for  Al- 
Schottky  contacts,  on  /7-type  SiC.  Aluminium  is  known  to  form  a  good  rectifying  contact  to  /7-type 
6H-SiC,  with  reported  barrier  heights  ranging  from  1.36  -  1.66  eV  [1].  However,  very  little  has  been 
reported  about  its  thermal  stability  [6,7].  In  this  study  we  routinely  measured  barrier  heights  of  1.39 
eV  for  A1  Schottky  contacts  to  /7-type  SiC.  However,  isochronal  annealing  revealed  that  the 
Schottky  contacts  were  only  stable  up  to  250  °C.  Above  this  temperature,  the  overall  quality  of  the 
Schottky  contact  rapidly  deteriorated. 

Conclusions 

It  has  been  shown  that  Ru  forms  a  good,  stable  Schottky  contact  to  both  n-  and  /7-type  6H-SiC,  with 
barrier  heights  of  (0.67  ±  0.02)  eV  and  (1.06  ±  0.04)  eV,  respectively  and  ideality  factors  in  the 
range  1.4  -  1.6.  In  both  cases  the  Schottky  contacts  are  found  to  be  stable  up  to  450  °C,  with  no 
degradation  noticeable  up  to  that  temperature.  By  comparison,  A1  Schottky  contacts  to  /?-type  SiC 
were  measured  to  be  stable  only  up  to  250  °C.  It  has  also  been  shown  that  it  is  possible  to  introduce 
hydrogen  into  /7-type  SiC  by  exposing  the  evaporated  Ru  film  to  a  hydrogen  plasma  at  200  °C. 
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Abstract  Molybdenum  was  investigated  as  a  candidate  material  for  a  stable  Schottky  contact  to 
silicon  carbide.  The  Mo  contact  showed  only  a  small  change  in  Schottky  properties  after  a  heat 
treatment  at  1173  K  for  30  min.  The  specimens  were  investigated  with  X-ray  diffraction  and  least 
linear  square  fitted  Auger  electron  spectroscopy.  These  analyses  showed  the  formation  of  Mo2C  at 
the  Mo/SiC  interface. 

Introduction  Since  silicon  carbide  (SiC)  itself  is  a  very  stable  material,  SiC  devices  have  the 
potential  to  be  operated  at  a  higher  temperature  than  silicon  devices.  In  order  to  realize  these 
devices,  stable  electrodes  and  insulators  will  also  be  required.  However,  when  SiC  devices  are 
operated  under  high  temperature  for  long  time,  reaction  between  SiC  and  the  electrodes/insulators 
can  not  be  avoided.  Therefore  research  concerning  a  stable  Schottky  contact  electrode  is 
important  for  SiC  based  Schottky  rectifier  and  MES-FET. 

Refractory  metals  and  their  alloys  are  candidates  for  a  stable  Schottky  electrode  material  since 
their  melting  points  are  high  and  they  can  form  both  silicides  and  carbides  [1].  Some  of  the 
refractory  metals  have  already  been  applied  to  Schottky  rectifiers  [1-5],  but  few  were  analyzed  for 
their  thermal  stability  [4-6].  The  purpose  of  this  paper  is  to  show  the  stability  of  a  refractory  metal 
used  for  a  Schottky  contact.  We  chose  to  use  Mo  because  it  is  easy  to  pattern  by  wet  etching  and  it 
has  high  eutectic  points  to  both  carbides  and  silicides  [7,  8]. 

Experimental  As  the  substrate,  (0001)Si  face  of  n-type  4H-SiC  from  Cree  Inc.  was  used.  The 
SiC  wafer  had  a  10-pm-thick  n-type  epilayer  with  doping  concentration  of  1  X 1016  cm'3  and  a  0.35- 
mm-thick  n-type  substrate.  The  wafer  was  cleaned  by  a  mixture  of  sulfuric  acid  and  peroxide, 
rinsed  in  de-ionized  water  and  etched  in  diluted  HF(1:100)  prior  to  Mo  deposition.  The  Mo  film 
was  deposited  by  sputtering  with  a  base  pressure  below  10-6  Torr.  Argon  (Ar)  gas  at  5.0  mTorr 
was  used  as  a  sputtering  gas. 

In  order  to  examine  the  effect  of  heat  treatment,  two  kinds  of  specimens  were  made:  (a)  as 
deposited  and  (b)  annealed  at  1173  K  for  30min  in  Ar  ambient.  On  the  Schottky  contact  side  (Mo) 
circular  contacts  of  0.40mm  in  diameter  were  developed  using  standard  lithographic  techniques  and 
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wet  etching  solutions.  The  devices  did  not  include  a  guard  ring.  Finaly,  Ti  was  sputter  deposited 
on  the  backside  of  the  wafer  for  an  Ohmic  contact.  During  current- voltage  measurements,  the 
temperature  of  the  rectifiers  was  kept  at  295  K.  X-ray  diffraction  (XRD)  analysis  was  also  made 
on  both  specimens  using  the  Cu  Ko.  line.  Additionaly,  in  order  to  investigate  the  interface  between 
Mo  and  SiC,  least  linear  square  fitted  analysis  of  Auger  electron  spectroscopy  (LLS-AES)  [9]  was 
performed. 

Results  and  discussions  Fig.l  shows  the  current  density-voltage  characteristics  of  the  Mo 
Schottky  rectifiers.  Electric  properties  calculated  from  the  forward  characteristics  in  Fig.l  are 
summarized  in  Table  1.  Annealing  lowered  the  Schottky  barrier  height  by  0.07eV  and  brought  the 
ideality  factor  0.01  closer  to  1.  The  forward  drop  at  100  Acm'2  was  also  lowered  by  0.02  V. 
Despite  that  the  barrier  height  is  lowered  by  annealing,  leakage  current  also  looks  to  be  lowered 
(Fig.l).  Since  no  guard  ring  is  used,  the  main  part  of  the  leakage  current  is  not  determined  by 
Schottky  barrier  height  but  by  the  field  concentration  at  the  electrode  edge  or  by  crystal  defects. 
When  compared  to  Nickel,  which  can  not  form  carbide  and  shows  a  high  increase  in  leakage  current 
after  high  temperature  treatment  [6],  Mo  shows  a  stable  Schottky  contact. 

In  order  to  understand  the  stability  of  the  contact,  XRD  analysis  was  performed.  Fig.2 
shows  the  XRD  pattern  of  both  specimens.  The  as  deposited  specimen  showed  a  strong  texture  for 
Mo{112}  but  a  weak  intensity  for  Mo{110}  and  Mo{130}.  After  annealing,  diffraction  peaks  of 
Mo2C  appeared,  which  means  that  Mo  carbide  is  formed  by  annealing.  In  order  to  investigate  the 
formation  of  Mo2C,  concentration  depth  profile  was  measured  by  AES.  Since  the  AES  spectrum 
of  C  in  Si  carbide  and  that  in  Mo  carbide  is  different  (as  shown  in  Fig.3),  the  compounds  were 
divided  as  in  Fig.4(c)  and  4(d)  using  LLS  method. 

In  both  specimens,  carbon  is  distributed  in  Mo  at  the  concentration  of  about  5mol%.  The 
origin  of  the  C  is  expected  not  to  originate  from  the  substrate  SiC  but  from  ambient  gas  during 
sputtering,  because  there  exists  no  excess  Si  proportional  to  C.  Excess  Si  should  exist  if  SiC  and 
Mo  react  to  form  Mo  carbide.  At  the  Mo/SiC  interface,  C  from  Mo  carbide  shows  a  peak  and  the 
peak  is  broadened,  but  also  reduced  by  annealing.  Also  the  inclination  of  Si  depth  profile  becomes 
shallower.  This  implies  that  Mo  and  SiC  reacted  and  formed  Mo2C  at  interface.  Though  C  exist 
in  Mo  film  and  at  Mo/SiC  interface  before  annealing,  XRD  showed  no  peaks  from  Mo2C.  This 
means  that  as  deposited  Mo  contain  super  saturated  C  or  have  amorphous  structutre  and 
transformed  into  crystalline  Mo2C  by  annealing. 

Even  though  the  amount  of  Mo2C  is  realativily  small,  other  compounds,  such  as  Mo  silicide 
were  not  detected.  This  implies  that  even  at  an  elevated  temperature  of  1173  K,  there  is  very  little 
reaction  at  the  interface.  As  a  result  the  main  compounds  at  the  interface  are  Mo,  SiC  and  Mo2C. 
SiC  and  Mo  are  both  well  known  for  their  high  thermal  stability.  Additionaly,  the  eutectic  point  of 
Mo  carbide  is  also  quite  high  (2478  K),  therefore  the  interface  is  not  subject  to  much  change  even  at 
an  elevated  temperature  such  as  1173  K. 
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Conclusion  The  stability  of  a  Mo  Schottky  contact  with  SiC  was  investigated  by  current- 
voltage  measurement,  XRD  and  AES.  Heat  treatment  at  1173  K  for  30  min  showed  no  significant 
change  in  electric  properties.  However,  it  can  be  concluded  that  annealing  causes  Mo  carbide 
present  at  the  interface  to  transform  into  crystaline  Mo2C  and  diffuse  slightly.  Even  though  this 
small  change  occurs,  the  high  eutectic  point  of  Mo2C,  along  with  the  high  thermal  stability  of  SiC 
and  Mo,  results  in  a  stable  contact.  Thus  Mo  demonstrates  good  characteristics  for  use  as  a 
Schottky  contact  metal  under  high  temperatures. 

.  _2 


Table  1.  Summary  of  forward  properties 
Specimen  Vp@100Acm'2  (j>Bn  n 
As  deposited  1.53V  1.24eV  1.02 

Annealed  1.51V  1.17eV  1.01 

In  calculation  of  0gn  and  n,  we  assumed  the 
effective  Richardson  constant  to  be  146 
AK'2cm'2  from  ref.  [10]. 

-200  -150  -100  -50  0  0.5  1.0  1.5 

Bias  voltage  (V) 

Figure  1  Current  density- voltage  properties  of  Mo  SBD. 


Figure  2  X-ray  diffraction  pattern  of  (a)  as-deposited  and  (b)  annealed  specimens.  Cu  Ka  line  is 
used.  The  as  deposited  specimen  shows  a  strong  presence  of  Mo{112}.  After  annealing, 
small  amount  of  Mo2C  appears. 
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Figure  3  AES  spectrum  of  carbon  in  Si  carbide  and  carbon  in  Mo  carbide. 
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Figure  4  Concentration  depth  profile  of  (a)  (c)  as  deposited  and  (b)  (d)  annealed  specimens 
obtained  by  LLS-AES  method.  Carbon  forming  Mo  carbide  and  carbon  forming  SiC  are 
devided  by  LLS  method.  As  deposited  specimen  shows  sharp  Mo  carbide  peak  at  the 
interface.  After  annealing,  the  interface  carbon  peak  is  broadened. 
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Abstract 

Effects  of  thermal  annealing  for  copper  (Cu)  contacts  on  6H-SiC  (0001)  Si-face  were  analyzed  in  detail. 
Cu/6H-SiC  structures  had  good  Schottky  electrical  properties  with  the  ideality  factor  below  1.1  even  after 
thermal  annealing  at  500°C.  The  barrier  height  of  1.22V  for  an  as-deposited  Cu  contact  increased  to  1.45V 
after  annealing  at  500°C.  However,  electrical  properties  were  deteriorated  after  annealing  over  500°C,  which 
is  caused  by  the  formation  of  copper  silicides  at  the  Cu/6H-SiC  interface. 

Introduction 

Successful  results  in  high-quality  homoepitaxial  growth  and  large  diameter  wafer  of  SiC  have  inspired 
intensive  research  for  high-performance  SiC  devices  such  as  high  blocking-voltage  rectifiers  and  high-power 
transistors  [1].  As  an  application  to  high-frequency  power  circuits,  Schottky  barrier  diodes  are  very  important 
rectifiers  owing  to  low  switching  power  dissipation  and  fast  reverse-recovery  characteristics.  Schottky  barrier 
height  is  affected  for  the  power  loss  in  operating  devices.  A  suitable  barrier  height  for  the  reduction  of  power 
loss  is  proposed  at  around  1.0— 1.3V  for  6H-  and  4H-SiC  rectifiers  with  blocking  voltages  above  lkV  [2]. 
The  barrier  height  of  metal/SiC  rectifiers  using  gold  (Au),  nickel  (Ni),  titanium  (Ti),  and  aluminum  (Al)  has 
been  analyzed  by  current-voltage  (I-V),  capacitance-voltage  (C-V)  characteristics,  internal  photoemission 
spectroscopy  [3],  and  X-ray  photoelectron  spectroscopy  [4].  The  barrier  height  depends  on  a  metal  work 
function  without  strong  pinning  in  metal/SiC  rectifiers  [3].  The  control  and  stability  of  bamer  height  are 
important  issues  to  realize  high-performance  SiC  devices.  Besides,  it  is  also  required  to  form  a  metallic 
contact  showing  stable  performance  at  high  operating  temperatures.  Copper  (Cu)  is  one  of  the  expecting 
metal  because  of  its  low  resistivity  ( 1 .673  X  106  Q  cm  at  300K)  and  high  thermal  conductivity  (4.01  W/cmK). 
In  this  study,  electrical  properties  of  Cu/6H-SiC  Schottky  rectifiers  are  discussed  in  relation  to  the  effects  of 
thermal  annealing. 

Experiments 

The  substrates  used  were  n-type  6H-SiC  (0001)  Si-face  with  a  resistivity  of  0.06  Q  cm  and  300  p  m  thickness. 
Thickness  and  donor  concentration  of  epilayers  were  10/i  m  and  1.4  X  1016cm'\  respectively.  An  ohmic 
contact  on  the  back  of  substrate  was  employed  by  the  deposition  of  Ni  and  alloyed  by  a  rapid  thermal 
annealing  method  in  nitrogen  (N2)  ambient  at  1000  C.  Before  fabrication  of  Cu/6H-SiC  structures,  surfaces 
were  cleaned  by  a  5%  HF  solution  for  10  minutes  to  remove  native  oxide  layers.  Then,  it  was  loaded  into  a 
sputter  chamber  with  a  base  pressure  below  5  X  10‘7Torr.  Cu  contacts  on  the  epilayers  were  deposited  by  the 
RF  magnetron  sputtering  method  at  room  temperature  and  patterned  by  photolithography.  Diameter  and 
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thickness  of  Cu  contacts  were  200  (i  m  and  200nm,  respectively.  To  analyze  effects  of  thermal  annealing  on 
electrical  properties,  the  as-deposited  Cu  contacts  were  treated  in  N2  ambient  at  300— 700°C  for  5  minutes. 


Results  and  Discussion 


Cu/6H-SiC  structures  had  good  Schottky  properties  with  a  small  ideality  factor  (n)  below  1.1  even  after 
annealing  at  500°C.  Figure  1  shows  the  forward  current  density-voltage  (J-V)  characteristics  at  room 
temperature  for  typical  Cu/6H-SiC  Schottky  rectifiers.  Solid  and  dashed  curves  correspond  to  as-deposited 
and  500  C  annealing  Cu  contacts,  respectively.  In  the  forward-bias  condition,  the  characteristics  followed  the 
thermionic  emission  equation  with  the  ideality  factor  below  1.06  at  low  current  density  (<1 0'1  A/cm2).  The 
barrier  heights  ( 0 )  calculated  from  the  forward  characteristic  of  as-deposited  and  500°C  annealing  Cu/6H- 
SiC  structures  were  1.22  V  and  1.47  V,  respectively.  The  Richardson  constant  was  calculated  as  about  65 
AK'2cm2.  Specific  on-resistances  of  Cu/6H-SiC  rectifiers  were  not  affected  strongly  with  thermal  annealing, 
which  were  about  12  m  Q  cm2.  The  specific  on-resistances  for  the  present  rectifiers  were  still  high  compared 
to  a  value  (— 8.6m  Q  cm2)  expected  from  the  device  structure,  which  could  be  explained  by  the  non- 
optimized  back-side  ohmic  contact. 

In  the  reverse-bias  condition,  a  leakage  current  density  of  mid  1 0'7 A/cm2  at  200V  was  observed.  The  leakage 
current  for  thermally  annealed  Cu/6H-SiC  rectifiers  became  lower  in  about  1/6  compared  to  that  for  an  as- 
deposited  rectifier.  However,  there  was  no  difference  in  the  distribution  of  breakdown  voltages  between 
Cu/6H-SiC  rectifiers  with  and  without  thermal  annealing.  In  the  present  rectifiers,  breakdown  occurred 
typically  at  820V,  which  were  about  48%  of  the  ideal  value  estimated  from  the  device  structure.  The  increase 
of  breakdown  voltage  can  be  expected  by  the  fonnation  of  edge  termination  around  the  periphery  of  Cu 
Schottky  contact. 

The  barrier  height  of  as-deposited  Cu  contact  on  6H-SiC  was  1.41V  examined  by  capacitance-voltage  (C-V) 

measurement.  On  the  other  hand,  a  barrier  height  of 
Forward  Voltage  (V)  1.21V  and  the  Richardson  constant  were  calculated  as 

about  and  14AK  2cm'2  from  the  temperature  dependence 
of  J-V  characteristics  in  the  range  of  -170  —  25  °C. 
Barrier  height  obtained  from  I-V  and  C-V  characteristics 
is  affected  by  ideality  factor,  leakage  current,  series 
resistance,  and  interfacial  layer  [3].  To  avoid  the 
influences  of  above  problems,  the  reliable  barrier  height 
of  as-deposited  Cu/6H-SiC  rectifier  was  analyzed  by 
internal  photoemission  spectroscopy  [5]  with  irradiation 
of  monochromatic  light  in  the  range  of  1.4— 3.1eV.  The 
barrier  height  of  Cu/6H-SiC  (0001)  Si-face  was 
determined  to  be  1.26V.  This  value  was  in  the  middle 
100  200  between  the  barrier  height  from  J-V  and  C-V 

Reverse  Voltage  (V)  characteristics.  Since  the  barrier  height  (1.26V)  of  as- 


Fig.  1.  Current  density-voltage  characteristics  at  room  deP°sited  Cu  contact  corresponds  to  a  suitable  value 
temperature  for  Cu/6H-SiC  Schottky  rectifiers.  Solid  (1.0—  1.3V)  for  the  reduction  of  power  dissipation  [2], 
and  dashed  curves  correspond  to  Cu  contacts  as-  a  low  power-loss  Schottky  property  is  expected  for  the 

deposited  and  annealed  at  500  °C  Cu  contacts,  as-deposited  Cu  contact  than  Ni  (1.37V)  orTi  (0.64V) 
respectively.  ' 

contacts. 


Recently,  a  barrier  height  of  as-deposited  Cu  contacts 
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on  the  4H-SiC  (000 1 )  Si-face  has  been  analyzed,  which  was  determined  to  be  1 .6 1 V. 

To  improve  the  reliability  for  a  high-temperature  operation,  Cu  contacts  were  covered  by  200nm  thick  A1 
films.  Figure  2  shows  the  temperature  dependence  of  on-resistance  for  Cu/6H-SiC  Schottky  rectifiers 
between  room  temperature  and  200°C  in  air.  Open  and  closed  circles  denote  with  and  without  AJ  covers  on 
Cu  contacts,  respectively.  On-resistance  (Ron)  increased  monotonously  with  the  increase  of  temperature  (T ), 
which  was  proportional  to  T 18.  The  relationship  between  on-resistance  and  temperature  was  close  to  T~°of  a 
Au/6H-SiC  Schottky  rectifier  [6].  In  the  case  of  Cu/6H-SiC  without  AI  covers,  relationship  of  T 18  deviated 
over  125°C.  It  is  considered  that  a  Cu  contact  oxidized  during  the  high-temperature  operation  in  air,  and  then, 
the  resistivity  of  Cu  contact  increased.  On  the  other  hand,  in  the  case  of  Cu/6H-SiC  with  Al  covers, 


Temperature  (°C) 


200  400  600  800 


Temperature  (K) 

Fig.  2.  Temperature  dependence  of  on-resistance 
Cu/SiC  Schottky  rectifiers.  Open  and  closed  circles  si 


relationship  of  T  1,8  was  kept  even  at  200°C.  Cu/6H- 
SiC  Schottky  rectifiers  with  Al  covers  are  useful  for 
high-temperature  operations. 

Figure  3  shows  the  annealing  temperature 
dependence  of  barrier  height  and  ideality  factor  for 
Cu/6H-SiC  Schottky  rectifiers  measured  at  room 
temperature.  Distributions  of  the  ideality  factor  and  the 
barrier  height  at  each  annealed  condition  might  be 
caused  by  the  nonhomogenous  distribution  of  crystal 
defects  in  the  6H-SiC  substrates.  Barrier  heights 
increased  with  the  increase  of  annealing  temperature 
up  to  500°C  ;  nevertheless,  the  ideality  factor  was  kept 
below  1.1.  The  relationship  between  barrier  height  and 
ideality  factor  will  be  discussed  elsewhere  in  detail  [7]. 

With  the  increase  of  annealing  temperature  over 
500°C,  however,  Cu/6H-SiC  Schottky  properties  were 
deteriorated  :  Barrier  heights  decreased  to  about  1.3V, 


with  and  without  AI  cover  on  Cu  Schottky  contacts,  and  ideality  factors  increased  over  1.45  after  the 


respectively. 


1  1.1  1.2  1.3  1.4  1.5  1.6 

Ideality  Factor 


Fig.  3.  Annealing  temperature  dependence  of  barrier 
height  and  ideality  factor  for  Cu/6H-SiC  Schottky 
rectifiers. 


thermal  annealing  at  700°C.  This  result  was  caused  by 
the  reactions  between  Cu  and  6H-SiC  at  the  interface. 

Interactions  between  Cu  and  6H-SiC  with  thermal 
annealing  were  characterized  by  X-ray  diffraction 
analysis.  To  avoid  the  influence  of  strong  diffraction 
from  the  6H-SiC  substrate,  a  glancing  angle  of  an  X- 
ray  beam  was  fixed  at  0.5°,  and  an  X-ray  detector  was 
scanned  in  the  range  of  40^80°.  X-ray  diffraction 
spectra  of  Cu/6H-SiC  interfaces  from  (a)  as-deposited 
and  (b)  700°C  annealed  Cu  contacts  are  shown  in  Fig. 
4.  The  spectra  of  as-deposited  Cu  contact  showed 
three  diffraction  peaks  of  Cu  (1 1 1),  Cu  (200),  and  Cu 
(220)  at  about  44°,  51°,  and  74°,  respectively.  There 
was  no  difference  in  the  diffraction  spectra  between  as- 
deposited  and  annealed  one  below  500°C,  nevertheless, 
the  barrier  heights  of  Cu/6H-SiC  increased  with  the 
increase  of  annealing  temperature.  It  will  be 
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considered  that  chemical  bond  between  Cu  and  6H-SiC  at  the  interface  changed  by  the  thermal  annealing. 
After  the  annealing  at  700°C,  the  diffraction  peaks  related  Cu  completely  disappeared  and  two  diffraction 

peaks  were  newly  observed.  Diffraction  peaks  at  about 
67°  and  74°  are  corresponding  to  Cu5Si  (420)  and 
Cu5Si  (422),  respectively.  It  was  revealed  that  the  copper 
silicide  of  Cu5Si  was  formed  by  the  thermal  annealing 
over  500°C,  leading  to  the  deterioration  of  Cu/6H-SiC 
Schottky  properties. 

Thermal  reaction  between  Cu  and  6H-SiC(0001)  C- 
face  has  been  reported  by  Auger  electron  spectroscopy 
[8].  Copper  silicides  were  formed  by  200°C  annealing 

for  a  Cu/6H-SiC(000 1 )  structure  in  ultrahigh  vacuum  for 
20  minutes  [8].  Since  the  chemical  reactivity  of  (0001) 
Si-face  is  considered  to  be  weaker  than  that  of  (000 1 )  C- 
face  [1],  the  copper  silicide  of  Cu5Si  was  formed  by  the 
annealing  temperature  above  500°C  in  our  case.  To 
Diffraction  Angle  (deg.)  clarify  the  relation  between  Schottky  properties  and 

Fig.  4.  X-ray  diffraction  spectra  of  Cu/6H-SiC  thermal  a™631'"?’  of  chemical  bonds  at  the 

structures  from  (a)  as-deposited  and  (b)  700' 3C  Cu/6H_SlC  interface  should  be  father  investigated, 
annealing. 

Summary 

Cu/6H-SiC  Schottky  rectifiers  were  fabricated  by  an  RF  magneton  sputtering  method  and  subsequent 
thermal  annealing.  The  barrier  height  of  as-deposited  Cu  contact  on  6H-SiC(0001)  Si-face  was  1.26V 
measured  by  internal  photoemission  spectroscopy.  A  Cu  contact  covered  with  an  A1  film  was  found  to  be 
tolerant  for  oxidation,  which  leads  to  a  thermally  stable  rectifier  for  high  temperature  operation.  Cu/6H-SiC 
Schottky  rectifiers  had  reliable  electrical  properties  with  the  ideality  factor  below  1.1  after  thermal  annealing 
at  500  C.  After  annealing  over  500°C,  Schottky  properties  were  deteriorated,  which  is  caused  by  the 
formation  of  copper  silicide  of  Cu5Si  at  the  interface. 
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Abstract.  Electrochemical  etching  experiments  in  combination  with  C-V  measurements  of  6H  and 
4/7-SiC  p-type  material  can  be  used  to  determine  the  doping  profile  and  the  evaluation  of  the  types 
and  distribution  of  crystal  defects.  Dislocation-related  etch-pits  appeared  on  the  etched  surfaces  due 
to  a  preferential  etching  process.  Doping  profiles  were  obtained  for  etched  depths  down  to  84  pm. 
The  experiments  were  conducted  in  a  simple  commercial  apparatus  and  the  reproducibility  of  the 
method  was  demonstrated. 

Introduction 

Electrolytic  dissolution  of  silicon  carbide  is  the  only  wet  etching  process  that  may  be  carried  out  at 
room  temperature.  In  a  previous  work,  we  have  shown  that  it  is  possible  to  employ  an 
Electrochemical  Capacitance-Voltage  (ECV)  profiler  for  determining  the  epilayer  doping  level  and 
the  thickness  of  p-type  6H-SiC  films[l].  Moreover,  the  same  process  can  be  used  for  evaluating  the 
types  and  the  distribution  of  crystal  defects  on  both  the  Si  and  C  faces  of  p-type  6EI  and  4H-SiC  [2]. 
Several  groups  have  previously  investigated  the  electrochemical  and  photoelectrochemical 
properties  of  the  SiC  polytypes,  but  there  were  no  studies  concerning  the  use  of  electrochemical 
etching  for  evaluating  the  crystal  quality  of  SiC  epitaxial  films  and  substrates  and  very  few  for 
determining  the  doping  concentration  profile  [3,4]. 

In  this  work,  we  extend  our  doping  profiling  results  for  4H-SiC  and  we  investigate  crystal  defects 
on  p-type  (4H-  and  6H-)  SiC  material  grown  by  various  techniques.  Concrete  examples  of 
investigated  samples  are  given  in  order  to  show  the  possibilities  of  the  method. 


Experimental  -  Results 

The  investigated  samples  were  commercially  available  epitaxial  films  and  substrates,  as  well  as 
films  grown  by  sublimation  epitaxy  [5].  All  4H  and  6H-SiC  investigated  wafers  were  8°  and  3.5° 
misoriented  from  (0001)  orientation,  respectively.  The  etching  conditions  were  the  same  as  that  in 
ref.  [1].  A  BIORAD  PN4200  system  and  an  HF-based  electrolyte  (2%  by  volume  in  water)  were 
used.  A  series  of  measurements  and  results  like  the  linearity  of  Schottky-Mott  plot,  the  low  value  of 
the  cathodic  dark  current,  the  smoothness  of  the  etched  surface  and  the  abruptness  of  the  etch  walls 
for  each  etching  experiment  permitted  to  control  depth  resolution  and  doping  profile  accuracy. 
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Fig.  I.  Dependence  of  the  etch  rate  on  the  etch  current 
density  for  6H  and  4H  polytypes  and  for  both  surface 
polarities  (C-face:  solid  symbols) 


Depth  (pm) 

Fig.  2.  Doping  concentration  profiles  from  the  same  sample 
etched  down  to  (a)  84  and  (b)  9.8  pm.  The  insert  in  (b) 
shows  clearly  the  existence  of  a  surface  layer  with  lower 
doping. 


The  reproducibility  of  the  measurements  is  also 
shown  in  Fig.l  where  the  dependence  of  the 
etch  rate  on  the  etching  current  density  for 
different  samples  of  both  polytypes  (4H  and 
6H)  as  well  as  for  both  surface  polarities  (Si 
and  C-face)  is  reported.  The  linear  dependence 
indicates  electrolytic  etching  of  the  same 
material  (Faraday  law). 

Fig.  2  shows  doping  profiles  of  an  Al-doped 
4H-SiC  film  grown  by  sublimation  epitaxy  [5] 
on  the  Si  face  of  an  n-type,  8°  off  substrate. 
Multiple  etching  experiments  with  different 
etching  depths  were  performed  on  this  sample. 
The  profiles  down  to  an  etched  depth  of  26  pm 
have  been  obtained  under  similar  experimental 
conditions  in  order  to  study  the  reproducibility 
of  the  measurements  and  the  effect  of  the 
etched  depth  on  the  morphology  of  the  etch 
pits  (see  discussion  below).  Note  that  in  Fig. 
2a  the  total  etched  depth  is  84  pm  and  the  n- 
type  substrate  has  been  reached.  The  measured 
doping  concentration  was  (1.45+ 
0.10)xl0  cm  in  all  cases.  Moreover,  it  is 
evident  that  a  surface  layer  of  0.1pm  thick  with 
a  lower  acceptor  concentration  is  present 
suggesting  an  A1  depletion  of  the  surface  layer. 
This  can  be  related  to  a  thin  surface  layer 
grown  during  the  cooling  down  stage  with  a 
lower  AI  incorporation.  Indeed,  according  to 
cathodoluminescence  (CL)  experiments  of 
other  samples,  the  blue  luminescence  which  is 
commonly  related  to  AI-N  centers  shows  an 
increase  of  its  intensity  from  the  surface  of  the 
layer,  which  can  be  induced  either  from 
surface  morphology  or  from  the  difference  in 
AI  concentration  near  the  surface.  ECV 
experiments  indicate  that  the  latter  is 
responsible  for  the  CL  intensity  change. 

The  etched  areas  of  the  above  sample  were 
investigated  by  Nomarski  and  Atomic  Force 
(AFM)  microscopy,  as  well  as  by  an  A-step 
Tencor  profilometer.  A  smooth  surface,  even 
for  the  etched  depth  of  84  pm,  was  observed 
and  an  etch  pits  density  (EPD)  of  1 05cnT2  was 


present.  Fig.  3  shows  AFM  micrographs  as  well  as  characteristic  tip  traces  indicated  in  the  photo  by 
a  straight  line.  The  etch  pits  are  elliptical  with  a  pointed  bottom  and  the  elongated  direction  of  them 
all  is  paiallel  to  one  of  the  six  {1-100}  planes.  Synchotron  X-ray  topography  experiments  have 
shown  that  basal  plane  dislocations  are  not  present  in  these  epitaxial  layers  and  it  was  concluded 
that  the  etch  pits  originate  from  screw  dislocations.  Indeed,  such  images  should  be  expected  since 
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Fig.  3.  AFM  results  of  the  etched  area  of  the  sample  of  figure  2  for  an  etched  depth  of  3.7  pm  (top)  and  of  26  pm 
(bottom).  From  the  left  to  the  right  are  the  topography  mode  micrographs,  the  corresponding  tip  trace  and  the  deflection 
mode  micrographs.  The  micrographs  area  is  15x15pm  (top)  and  60x60  pm  (bottom). 


the  growth  is  performed  on  off-axis  substrates  and  the  threading  screw  dislocations  are  not  normal 
to  the  surface.  For  all  the  etching  depths  the  smallest  angle  of  the  triangle  formed  by  the  tip  trace 

along  the  elongated  direction  of  the  etch  pits  was  2.2 
degrees.  The  etch  pits  are  related  to  dislocations  as  they 
maintain  the  shape  of  the  pointed  bottom  and  their 
distribution  as  the  etching  proceeds  [6].  Indeed,  the 
latter  was  confirmed  by  the  constant  EPD  for  different 
etched  depths  and  the  constant  location  of  the  etch  pits 
in  the  case  of  overlapping  etched  areas  corresponding  to 
different  etching  experiments.  In  the  case  of  deep  etch 
(Fig.  3-bottom)  the  etch  pits  merge  but  the  pointed 
bottoms  which  are  characteristic  of  screw  dislocations 
are  always  visible. 

The  dependence  of  the  etch-pit  mean  diameter  on  the 
Fig.  4.  Dependence  of  the  etch  pit  mean  diameter  etched  depth  is  shown  in  Fig.  4.  Since  the  defects  merge 
on  the  etched  depth  for  the  sample  of  Figs.  2-3  for  etching  depths  higher  than  »20  pm,  the  plot  is 
(points  at  3.7  and  9.8  pm)  and  for  a  sample  of  the  limited  to  etched  depths  down  to  12  pm.  The  linear 
same  origin  (point  at  12  pm)  exhibiting  the  same  behavior  observed  on  different  samples  and  etched 
type  of  defects.  depths  shows  that  the  etch  pits  originate  from  defects  of 

the  same  type  as  the  anisotropic  etching  rate  is  the  same. 

Fig.  5  shows  two  optical  micrographs  from  the  etched  area  of  a  commercial  6H-SiC  p-type  epitaxial 
layer.  The  doping  profiles  and  details  on  the  ECV  measurements  have  been  reported  previously  [1]. 
From  Fig.  5b  it  is  obvious  that  the  etch  pits  are  less  elongated  and  the  pointed  bottom  is  near  to  their 
center.  This  results  from  the  lower  misorientation  of  the  wafers  (3.5  deg.).  The  etch  pits  can  be 
grouped  into  two  types:  (a)  the  large  (>10  pm)  and  deep  (>100  nm)  with  a  well  resolved  pointed 
bottom  (see  Fig.  5b)  and,  (b)  the  small  (~5pm)  and  shallow  (<  40  nm).  The  first  are  similar  to  those 
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Fig.  5.  Optical  micrographs  from  the  etched  areas  of  a  6H-SiC  sample.  The  arrow  in  the  left  image  indicates  the  edge  of 
the  etched  area  and  the  ellipse  indicates  a  row  of  etch  pits. 

of  Fig.  3  and  it  was  concluded  that  they  are  lc  screw  dislocations.  The  latter  are  often  grouped  in 
rows  aligned  along  [1-100]  a  typical  feature  of  1/3  [1 1-20]  edge  dislocations  [6], 

Summary 

It  was  demonstrated  that  electrochemical  etching  in  combination  with  C-V  profiling  is  a  powerful 
and  necessary  method  for  characterizing  p-type  hexagonal  SiC  material.  The  distribution  and  the 
type  of  dislocations  existing  in  the  material  under  investigation  are  determined  by  the  etch  pits 
appearing  in  the  etched  surfaces  due  to  an  anisotropic  etching  process.  The  results  are  similar  to  that 
obtained  by  preferential  etching  in  molten  KOH.  However,  the  electrochemical  etching  is  a  much 
simpler  process  as  it  happens  at  room  temperature  and  the  used  solutions  are  much  less  hazardous. 
In  addition,  the  accuracy  and  reproducibility  of  the  obtained  doping  profile  indicate  that  this  method 
can  be  used,  not  only  for  evaluating  epitaxial  material  in  an  everyday  basis,  but  also  for  dopant 
activation  studies  which  are  an  open  issue  for  p-type  SiC. 
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Abstract.  In  this  paper,  a  process  for  shallow  angle  beveling  of  SiC  is  described  in  which 
photoresist  is  used  as  a  mask  in  a  reactive  ion  etcher  using  pure  NF3.  Etch  results  are  shown  and 
power  device  applications  are  discussed. 

1.  Introduction 

In  order  to  utilize  the  potential  of  SiC  in  power  devices,  effective  edge  termination  is 
necessary  to  prevent  surface  breakdown.  For  mesa  isolated  structures,  beveling  the  sidewalls  of  the 
device  is  one  method  by  which  to  reduce  the  electric  field  at  the  surface.  For  a  positive  bevel,  one 
in  which  the  higher  doped  side  of  the  junction  has  a  larger  area,  theory  states  that  angles  of  30  to 
60°  from  horizontal  are  sufficient  to  insure  bulk  breakdown  [1].  Bevel  angles  of  30  to  80°  have 
been  previously  obtained  on  SiC  by  using  a  wet-etched  Si02  layer  as  a  plasma  etch  mask  [2]. 

Similar  angles  have  been  achieved  using  Nano™  XP  SU-8  based  photoresist  as  an  etch  mask  [3]. 
Positive  bevels  of  around  45°  have  been  successfully  used  on  SiC  diodes  to  prevent  surface 
breakdown  [4]. 

For  the  case  of  a  negative  bevel,  however,  the  junction  needs  to  be  highly  graded,  and  the  bevel 
angle  needs  to  be  very  small  [1].  Also,  the  angle  necessary  for  bulk  breakdown  is  a  function  of  the 
ratio  of  the  depletion  widths  of  the  two  sides  of  the  junction  [1].  An  effective  angle,  <)>,  has  been 
defined  by  the  equation: 

(J)  =  (0.04)*e*(W/d)2  (1) 

where  0  is  the  actual  bevel  angle  and  W  and  d  are  the  depletion  layer  widths  of  the  lightly  and 
heavily  doped  sides  of  the  junction,  respectively  [1].  Numerical  simulations  show  that  an  effective 
angle  of  around  5°  is  necessary  to  reduce  the  surface  field  strength  enough  to  ensure  bulk 
breakdown  [1].  We  have  developed  an  etching  technique  in  which  very  shallow  angles  can  be 
achieved  at  junctions  up  to  several  microns  deep.  This  technique  can  be  applied  to  p-n  diodes  or  to 
multiple  layer  structures  such  as  thyristors  where  the  critical  junction  might  be  much  deeper. 

2.  Procedure 

Our  shallow  angle  technique  involves  applying  two  different  photoresists  to  make  the  etch 
mask.  First,  SU-8  25  photoresist  is  spun  on  and  patterned.  SU-8  can  be  spun  on  at  a  wide  variety 
of  thicknesses  from  around  8  to  over  100  pm,  depending  on  the  total  etch  depth  desired.  Next,  a 
much  thinner  positive  photoresist  is  spun  onto  the  sample.  STR®  1045  and  AZ®  5214-E  photoresists 
were  both  used  and  both  gave  good  results.  The  surface  tension  of  the  thinner  photoresist  causes  it 
to  stick  to  the  sides  of  the  SU-8  pillars  forming  a  concave  beveled  profile  (Fig.l).  The  5214  is 
thinner  than  the  1045  and  therefore  produces  smaller  angles  for  the  same  spin  speed.  The  sample  is 
then  exposed  with  UV  light  through  a  mask  which  shields  a  circle  of  positive  photoresist  around  the 
SU-8  with  a  radius  about  70  pm  larger  than  the  SU-8  pillar.  If  the  photoresist  appears  rough,  the 
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sample  can  be  baked  for  a  few 
minutes  on  a  hotplate  (  90°C  for  the 
1045  and  115°C  for  the  5214)  to 
smooth  the  surface. 

During  SiC  etching,  the 
photoresist  mask  is  also  gradually 
etched  away.  As  the  photoresist 
recedes,  more  SiC  surface  is 
exposed.  The  end  result  is  a  SiC 
mesa  having  a  profile  with  curvature 
similar  to  that  of  the  etch  mask. 

Etching  was  performed  in  an  RIE 
system  using  a  13.6  MHz  RF  power 
supply.  Pure  NF3  was  used  as  the  etch  gas  at  a  pressure  of  around  65  to  70  mTorr.  The  NF3  flow 
rate  was  4.3  seem.  The  RF  power  was  set  at  1 8  W,  giving  a  power  density  of  about  0.5  W/cm2. 

The  electrode  was  cooled  with  10°C  water.  Lowering  the  cooling  water  temperature  prolongs  the 
life  of  the  photoresist  mask.  The  etch  quality  of  was  determined  largely  by  the  cleanliness  of  the 
sample  surface  prior  to  the  start  of  the  etching  procedure.  In  addition  to  a  thorough  organic 
cleaning  prior  to  lithography,  very  clean  etches  were  obtained  by  exposing  the  sample  to  an  oxygen 
plasma  for  about  1  minute  before  the  NF3  etch.  The  oxygen  plasma  removes  the  residue  left  during 
the  developing  of  the  photoresist.  Any  SU-8  remaining  after  etching  is  removed  with  (2:1)  H2SO4: 
H202.  It  is  also  recommended  that  a  sacrificial  oxide  is  thermally  grown  to  remove  surface  states 
created  by  etch  damage.  Profiles  of  finished  devices  were  made  with  a  stylus  profilometer  capable 
of  measuring  angles  from  horizontal  up  to  60°. 

3.  Results 

The  above  parameters  produced  etch  rates  averaging  around  940  A/min.  with  a  variation  of 
about  four  percent  over  the  5x5  mm  wafers  used.  For  devices  not  to  close  to  the  edge  of  the  sample 
the  bevel  angle  remained  fairly  consistent  around  the  edge  of  each  device  and  uniformity  between 
devices  was  good.  Close  to  the  edge  of  the  sample,  however,  uniformity  became  poor  due  to  the 
tendency  of  photoresist  to  bead  up  along  the  edges  of  the  sample.  Uniformity  would  most  likely  be 
improved  by  using  larger  samples  where  the  edge  bead  effect  would  not  be  as  much  a  factor.  The 
5214  produced  better  uniformity  than  the  1045  in  part,  because  the  1045  tends  to  flow  more  when 

5000  rpm  spin  of  1045  4000  rpm  spin  of  1045 
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Fig.  2.  SiC  etch  profiles.  The  angles  indicated  are  the  angles  between  the  horizontal  and 
lines  drawn  tangent  to  the  profile  curve  at  the  position  of  the  arrows. 

baked,  thus  making  the  bevel  angle  more  sensitive  to  variations  in  bake  temperature.  Varying  the 
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Fig.  1.  Photoresist  etch  mask 
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spin  speed  of  the  1045  or  the  5214  photoresist  achieved  bevel  angles  ranging  from  less  than  a 
degree  to  around  ten  degrees.  Profiles  of  two  samples  taken  with  a  stylus  profilometer  are  shown  in 
Fig.  2.  Once  the  thin  photoresist  is  etched  away,  the  thick  SU-8  mask  remains,  allowing  the  shallow 
profile  to  be  etched  to  necessary  depth.  The  SU-8,  used  as  a  mask  by  itself,  leaves  bevel  angles  of 
around  30°  that  are  sufficient  for  positive  bevels.  This  result  is  thought  to  be  due  to  horizontal 
etching  of  the  SU-8  in  the  NF3  plasma.  The  selectivity  of  all  three  types  of  photoresist  used  on  4-H 
SiC  was  around  0.3  to  0.4.  Thus,  a  100  pm  SU-8  mask  could  be  expected  to  last  for  etch  depths  of 
up  to  30pm.  Fig.  3  shows  an  SEM  of  a  GTO  structure  made  using  this  technique.  Testing  of  this 
technique  on  actual  devices  is  in  progress. 

4.  Conclusion 

A  technique  for  clean,  shallow  angle  beveling  has 
been  demonstrated  for  SiC  device  fabrication.  The 
compound  angle  produced  with  this  method  (Fig.  2)  allows 
shallow  angles  to  be  applied  to  deep  junctions  without  the 
consumption  of  excessive  amounts  of  die  area  around  the 
edge  of  the  device.  Theory  and  preliminary  results  give 
promise  that  this  technique  could  be  useful  in  the 
termination  and  fabrication  of  SiC  power  devices. 

Fig.  3:  SEM  of  beveled  GTO  structure. 

Etch  depth  is  5  pm. 
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Abstract  Interface  states  of  Si02/4H-  and  6H-SiC  on  the  (1120)  and  (0001)Si  faces  were 
systematically  characterized  using  high-frequency  C-V  measurements  of  n-MOS  capacitors  at 
300K  and  100K.  The  interface  of  SiO2/4H-SiC(1120)  formed  by  wet  oxidation  has  smaller 
interface  state  density  near  the  conduction  band  edge  than  that  of  Si02/ 4H-SiC(0001)Si.  The 
flatband  voltage  shift  and  hysteresis  in  C-V  characteristics  at  100K  revealed  different  interface 
properties  between  the  (1120)  and  (0001)Si  faces.  The  effects  of  dry  oxidation  on  interface 
properties  were  also  investigated. 

1.  Introduction 

MOSFET  performance  is  sensitive  to  a  surface  orientation,  since  higher  channel  mobility  can 
be  obtained  on  the  (1120)  face  compared  to  the  (0001)Si  face[l,2] .  The  higher  channel  mobility 
on  the  (1120)  face  is  due  to  reduced  Coulombic  scattering  because  of  a  smaller  number  of 
negative  charges  at  the  interface.  The  origin  of  negative  charges  is  mainly  given  by  electrons 
trapped  at  acceptor-like  interface  states,  and  their  density  increases  toward  the  conduction  band 
edge.  Therefore,  the  channel  mobility  is  easily  affected  by  acceptor-like  interface  states  near 
the  conduction  band  edge.  Only  one  paper  related  to  the  SiO2/SiC(1120)  interface  properties 
has  been  reported  to  date  [3],  which  focused  on  interface  states  at  deeper  energies  away  from  the 
conduction  band  edge.  In  this  paper,  we  evaluate  interface  state  densities  near  the  conduction 
band  edge  on  the  (1120)  and  (0001)Si  faces  for  both  4H-  and  6H-S1C.  The  effects  of  oxidation 
ambient  are  also  discussed. 

2.  Experiments 

MOS  capacitors  were  fabricated  on  N-doped  n-type  epilayers  grown  on  4H-  and  6H-SiC  with 
surface  orientations  of  (1120)-on  and  (OOOl)-off  axis  substrates.  The  epilayers  have  a  variety 
of  donor  concentrations  (Nd)  from  6xl014  to  2xl017cm"3  achieved  by  changing  growth  condi¬ 
tions.  The  samples  were  cleaned  by  an  RCA  cleaning  prior  to  gate  oxidation.  Then,  thermal 
oxidation  was  performed  in  wet  or  dry  02  at  1100°C  for  50min  or  60min,  respectively.  The 
oxide  thickness  under  these  conditions  was  approximately  50nm  for  the  (1120)  face  and  13nm 
for  the  (0001)Si  face  samples.  For  (0001)Si  face  samples,  also  40nm-thick  oxides  were  grown 
by  wet  oxidation  at  1150°C  for  120min.  After  thermal  oxidation,  all  samples  were  subjected  to 
post  oxidation  annealing  at  the  oxidation  temperature  for  30min  in  Ar.  A1  was  used  for  both 
a  gate  electrode  and  a  backside  contact.  High-frequency  (1kHz,  1MHz)  capacitance-voltage 
[C-V)  characteristics  were  measured  at  both  room  temperature  (300K)  and  low  temperature 
(100K)  with  a  bias  sweep  rate  of  O.lV/s. 

3.  Results  and  Discussion 

Figures  1(a)  and  1(b)  show  C-V  curves  of  4H-SiC  MOS  capacitors  fabricated  on  (1120)  and 
(0001)Si  faces  with  wet  oxides  (iVd=lxl016cm“3).  The  measurements  were  done  at  300K  and 
the  sweep  direction  was  from  accumulation  (positive  bias)  to  depletion  (negative  bias).  Other 
4H-SiC  MOS  capacitors  showed  similar  positive  flatband  voltage  shifts  as  observed  in  Fig.  1, 
meaning  that  effective  negative  charges  exist  at  the  interface.  These  charges  include  both  fixed 
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Fig-1:  High-frequency  C-V  curves  of  4H-SiC  n-MOS  ca¬ 
pacitors  with  wet  oxides  on  (a)  (1120)  and  (b)(0001)Si 
(A^lxl016cm-3). 
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sity  as  a  function  of  donor  concen¬ 
tration. 
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Fig.3:  Interface  state  density  of  (a)4H-SiC  and  (b)6H-SiC  n-MOS 
capacitors  as  a  function  of  energy  from  conduction  band  edge. 


charges  and  electrons  trapped  at  acceptor-like  interface  states.  The  effective  negative  charge 
density  (Qefr)  per  unit  area  was  calculated  from  the  Hatband  voltage  shift  in  C-V  curves  (1MHz) 
and  the  oxide  capacitance.  The  results  are  shown  in  Fig.  2.  The  samples  with  higher  donor 
concentrations  showed  higher  Qeff  values.  For  higher  donor  concentrations,  the  Fermi  level  at 
the  Hatband  condition  moves  to  the  conduction  band  edge.  As  a  result,  the  number  of  electrons 
trapped  at  the  acceptor-like  interface  states  increases.  4H-SiC  MOS  capacitors  show  higher  <3eff 
than  6H-SiC  regardless  of  the  surface  orientation.  The  fixed  charge  density  is  considered  to 
be  the  same  for  4H-  and  6H-SiC  because  of  the  same  atomic  composition  and  simultaneous 
oxidation.  Therefore,  the  higher  Qe^  values  in  4H-SiC  indicate  higher  acceptor-like  interface 
state  density  near  the  conduction  band  edge  compared  to  6H-SiC. 

C-V  curves  measured  at  different  frequencies  are  easily  affected  by  interface  states  near  the 
conduction  band  edge.  Such  shallow  states  may  respond  to  the  measurement  frequency  of 
1kHz,  but  they  may  not  respond  to  1MHz.  Hence,  a  high  density  of  interface  states  near  the 
conduction  band  edge  leads  to  the  large  frequency  dispersion  shown  in  Fig.  1(b)  for  the  4H-SiC 
(0001)Si  face  sample.  On  the  (1120)  face,  however,  a  smaller  frequency  dispersion  was  observed 
as  in  Fig.  1(a),  suggesting  a  lower  density  of  interface  states  near  the  conduction  band  edge 
compared  to  the  (0001)Si  face. 

The  interface  state  density  (Dit.)  as  a  function  of  energy  was  estimated  from  the  Terman 
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method  using  C-V  curves  at  1MHz  measured  at  300K,  and  the  results  are  shown  in  Figs. 
3(a)  and  3(b)  for  4H-  and  6H-SiC  MOS  capacitors  with  a  donor  concentration  of  lxl016cm“3. 
Similar  distributions  of  At  were  obtained  for  samples  with  different  donor  concentrations. 
Comparing  the  (1120)  and  (0001)Si  face  samples  of  4H-SiC  oxidized  in  wet  02j  the  (1120)  face 
sample  shows  2-3  times  smaller  At  than  the  (0001)Si  face  near  the  conduction  band  edge.  The 
lower  At  near  the  conduction  band  edge  results  in  the  smaller  number  of  electrons  trapped  at 
the  acceptor-like  interface  states,  which  should  be  the  primary  cause  for  higher  channel  mobility 
on  the  (1120)  face.  At  deeper  energies,  higher  At  on  (1120)  leads  to  an  injection- type  hysteresis 
(not  shown  in  Fig.  1(a),  discussed  later). 

As  shown  in  Fig.  3(b),  the  distributions  of  At  in  6H-SiC  MOS  capacitors  with  wet  oxides 
are  different  from  that  of  4H-SiC.  6H-SiC  MOS  capacitors  on  the  (0001)Si  face  indicate  smaller 
Dit  than  on  the  (1120)  face  over  the  whole  energy  range.  As  for  the  channel  mobility,  however, 
higher  values  were  obtained  on  the  (1120)  face  even  in  6H-SiC[2].  Therefore,  another  factor 
such  as  reduced  surface  roughness  of  the  epilayers[4]  may  cause  higher  channel  mobility  in 
6H-SiC(1120). 
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Fig.4:  High-frequency  (1MHz)  C-V  curves  of  4H-SiC 
MOS  capacitors  on  (a) (1120)  and  (b)(0001)Si  measured 
at  300K  and  100K. 


Fig. 5:  High-frequency  C-V  curves 
of  4H-SiC(1120)  n-MOS  capacitor 
with  dry  oxides. 


In  order  to  investigate  the  interface  states  near  the  conduction  band  edge,  C-V  measurements 
were  performed  at  100K.  At  lower  temperatures,  the  Fermi  level  at  the  flatband  condition 
shifts  toward  the  conduction  band  edge.  Furthermore,  the  time  constant  related  with  interface 
traps  increases  with  decreasing  temperature.  Hence,  a  high  density  of  interface  states  near 
the  conduction  band  edge  causes  a  large  positive  flatband  voltage  shift  due  to  more  electrons 
trapped  at  the  interface  states.  In  addition,  at  lower  temperatures  electrons  trapped  at  interface 
states  very  close  to  the  conduction  band  edge  are  gradually  emitted  to  the  conduction  band 
during  voltage  sweep  from  accumulation  to  depletion  and  returning  to  accumulation,  resulting 
in  a  large  injection- type  hysteresis.  At  room  temperature,  such  quite  shallow  states  do  not 
contribute  to  both  the  flatband  voltage  shift  and  hysteresis  because  of  fast  trap  time  constant. 

Figures  4(a)  and  4(b)  show  C-V  curves  at  1MHz  for  4H-SiC  MOS  capacitors  on  the  (1120) 
and  (0001)Si  faces,  respectively,  measured  at  300K  and  100K.  Both  samples  were  oxidized  in 
wet  02,  but  at  different  oxidation  temperatures  and  different  times  to  obtain  the  similar  oxide 
thickness  of  40nm.  The  results  of  flatband  voltage  shift  (AVFb),  hysteresis  (AVhys)  and  their 
corresponding  charge  densities  (<2eff>  Qhys)  are  listed  in  Table  1.  On  4H-SiC(1120),  a  hysteresis 
of  0.4V  is  observed  at  300K,  and  it  increases  to  0.9V  at  100K.  These  hysteresis  corresponds  to 
an  emitted  electron  density  of  mid-1011cm-2.  However,  their  increase  is  not  very  significant, 
meaning  that  the  interface  state  density  does  not  increase  rapidly  toward  the  conduction  band 
edge  on  4H-SiC(1120).  On  the  other  hand,  4H-SiC(0001)Si  MOS  capacitors  showed  a  quite 
large  hysteresis  of  2.4V  at  100K  in  spite  of  a  small  hysteresis  of  0.1V  at  300K.  The  hysteresis 
of  2.4V  corresponds  to  an  emitted  electron  density  of  1.3xl012cm~2.  Besides  the  large  positive 
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Table  1:  Flatband  voltage  shift  {AVFB)  and  hysteresis  (AVhys)  of  MOS  capacitors  at  300K 
and  100K  and  corresponding  charge  density. 


4H-SiC 


<4x(nm) 


43 

41 


Temp.(K) 

300 

100 

300 

100 


AVfb(V) 

2.59 

4.85 

1.22 

8.01 


(1120) 


6H-SiC 


(0001) 


43 

34 


300 

100 

300 

100 


0.45 

0.61 

0.19 

0.29 


Qeff(cm~2) 

T29xl012 

2.41xl012 

6.51X1011 

4.28xl012 


AVhys  (V) 
0.42 
0.95 
0.10 
2.40 


2.22xl0n 

3.01xl0u 

1.22X1011 

1.86xlOn 


0.11 

0.10 

0.03 

0.08 


Qhys(cm~2) 

2.09X1011 
4.71  xlO11 
5.14xl010 
1.29X1012 
5.31  xlO10 
5.02xl010 
2.02  xlO10 
5.26  xlO10 


flatband  voltage  shift  was  observed  at  100K.  These  results  for  4H-SiC(0001)  indicate  another 
evidence  that  the  interface  state  density  increases  significantly  toward  the  conduction  band 
edge,  as  was  describe*!  in  ref.5.  For  6H-SiC  MOS  capacitors,  such  a  significant  increase  was  not 
observed  for  both  (1120)  and  (0001)Si  faces. 

The  interface  properties  are  sensitive  to  the  oxidation  ambient  for  the  (1120)  face.  Both 
4H-  and  6H-SiC(1120)  MOS  capacitors  indicated  4~5  times  higher  Dit  and  2~3  times  higher 
Qefr  at  300K  when  the  samples  were  oxidized  in  dry  02.  A  large  frequency  dispersion  at  the 
accumulation  condition  and  a  kink  at  the  onset  of  deep  depletion  are  observed  in  Fig.  5,  due 
to  a  high  density  of  interface  states  at  shallow  and  deep  energies.  On  the  other  hand,  Dit  of 
MOS  capacitors  with  dry  oxides  on  the  (0001) Si  face  were  insensitive  to  the  oxidation  ambient. 

4.  Conclusions 

The  interface  states  near  the  conduction  band  edge  at  Si02/4H-  and  6H-SiC  on  the  (1120)  and 
(0001) Si  faces  were  characterized  by  high-frequency  C-V  measurements  at  300K  and  100K.  For 
4H-SiC  with  wet  oxides,  the  (1120)  face  sample  showed  smaller  Dit  near  the  conduction  band 
edge  than  the  (0001)Si  face  sample  (determined  by  the  Terman  method).  This  result  is  sepa¬ 
rately  confirmed  by  the  C-V  measurement  at  100K,  in  which  a  small  change  in  flatband  voltage 
shift  and  hysteresis  on  4H-SiC(1120)  and  a  large  change  on  4H-SiC(0001)Si  were  observed.  The 
smaller  Dlt  near  the  conduction  band  edge  should  be  the  primary  cause  for  the  higher  channel 
mobility  on  the  4H-SiC(1120)  face.  The  effects  of  dry  oxidation  on  interface  properties  were 
also  examined. 
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Abstract.  We  have  investigated  the  oxidation  and  post  oxidation  annealing  (POA)  effects  on  the 
capacitance-voltage  (C-V)  characteristics  and  the  interface  state  density  (Dit)  of  n-type  SiC  MOS 
structures  formed  on  the  C(0001)  face.  In  addition,  we  analyzed  the  SiC  surface  and  the 
Si02/4H-SiC  interface  by  atomic  force  microscopy  (AFM)  and  transmission  electron  microscopy 
(TEM).  Oxidation  and  a  subsequent  high-temperature  hydrogen  annealing  reduced  Dit  near  the 
conduction-band  edge.  However,  the  value  of  Dit  at  the  energy  level  from  the  conduction  band  edge 
(Ec-E)  ~0.6eV  is  one  order  of  magnitude  higher  than  that  of  n-type  MOS  structures  formed  on  the 
Si(0001)  face.  Moreover,  AFM  revealed  that  the  surface  roughness  of  C(0001)  face  was  comparable 
with  that  of  Si(0001)  face.  TEM  presented  that  the  Si02/SiC  interface  on  the  4H-SiC  C(OOOl')  face 
was  rougher  than  that  on  the  4H-SiC  Si(0001)  face. 

Introduction 

Silicon  carbide  (SiC)  is  an  attractive  material  for  higher-power,  higher-temperature,  and 
higher-frequency  devices  compared  with  Si-based  devices.  Recently,  several  researchers  have 
carried  out  various  studies  on  SiC  MOSFETs[l,2].  Usually,  SiC  MOSFETs  are  fabricated  on  the 
Si(0001)  face.  The  C(0001)  face  has  superior  properties  such  as  a  faster  oxidation[3].  The 
fabrication  processes  such  as  the  field  oxidation  in  MOSFETs  or  the  edge  termination  in  Schottky 
barrier  diodes  require  thick  oxide  films  (a  few  nm).  Therefore,  the  oxidation  processes  would 
become  simple  if  the  C(0001)  face  is  used.  However,  the  channel  mobility  of  4H-SiC  MOSFETs 
formed  on  the  C(OOOl)  face  is  very  low  compared  with  the  Si(0001)  face[4].  Therefore,  it  is 
necessary  for  the  clarification  of  the  low  channel  mobility  for  MOSFETs  formed  on  the  C(0001) 
face  to  investigate  the  interface  properties  such  as  Dit,  the  effects  of  surface  morphology  of  SiC  and 
the  interface  structure  of  Si02/SiC. 

In  this  paper,  we  report  on  the  effect  of  oxidation  and  POA  on  the  C-V  characteristics  and  the 
Dit  and  we  show  the  results  for  the  surface  morphology  and  the  interface  structure  using  AFM  and 
TEM. 

Experimental 

8°  off-angled  n-type  4H-SiC  C(0001)  face  substrates  with  4.9-pm-thick  n-type  epitaxial  layers 
were  purchased  from  Cree  Research  Inc.  The  effective  carrier  density  was  2.5xl016  cm'3.  First  of  all, 
the  RCA  cleaning  was  carried  out.  Next,  a  sacrificial  oxide  of  lOnm  thickness  was  grown  at  1200  C, 
and  then  it  was  removed  with  5%  HF  solution.  Then,  AFM  images  of  SiC  surface  were  taken. 
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Gate  oxide  films  were  thermally  grown  at  1200°C  for  22  min  in  dry  02(dry  oxidation,  samples  (a) 
and  (c))  and  6  min  in  water  vapor  atmosphere  (wet  oxidation,  samples  (b)  and  (d)).  The  ratio  of  the 
flow  rates  of  02  and  H2  gases  was  1.5  :  0.5.  The  thickness  of  the  gate  oxide  films,  estimated  from 
the  C-V  characteristics,  was  52  ±  5nm.  After  both  oxidations,  all  samples  were  annealed  in  argon 
for  30  minutes  at  1200°C,  and  then  gradually  cooled  in  argon.  In  addition,  samples  (c)  and  (d)  were 
annealed  in  hydrogen  at  800°C  for  30  min  and  then  gradually  cooled  in  hydrogen.  High-temperature 
hydrogen  annealing  was  used,  because  it  is  effective  for  the  reduction  of  the  Ditin  MOS  structures 
formed  on  the  Si(0001)  face[5].  The  ramp-down  rate  of  the  temperature  after  the  oxidations  and 
annealings  was  fixed  to  -5°C/min.  Aluminum  on  the  top  of  the  oxide  films  and  on  the  back  of  the 
samples  was  evaporated  to  make  gate  electrodes  and  ohmic  contacts  to  MOS  structures,  respectively. 
C-V  measurements  and  the  Dit  estimation  were  performed  using  a  KI82  system.  TEM  images  of 
Si02/SiC  interface  were  observed  for  sample  (d)  and  the  sample  formed  on  Si  (0001)  face  using  the 
dry  oxidation  and  the  hydrogen  annealing. 

Results  and  discussion 
1.  C-V  characteristics 

Figure  1  shows  C-V  characteristics  of  samples  (a),  (b),  (c)  and  (d).  The  high-frequency 
characteristics  (solid  lines)  were  measured  at  the  frequency  (  f  )  =100  kHz,  and  the  quasi-static 
characteristics  (dotted  lines)  were  measured  at  the  delay  time  ( td)  =10  seconds  and  step  voltage 
(Vs)=50mV. 

Figure  2  presents  the  Dit  distributions  of  SiC  MOS  structures  on  the  C(0001)  face,  which  were 
estimated  from  eq.(  1 )  using  the  KI82  system. 

Di.=q-'  [(Cq-'-Co*-1)  -'-(Ck'-Co/1)  ■'],  (1) 

where  q  is  the  electric  charge,  and  Ch,  Cq,  and  Cox  are  the  high-frequency,  quasi-static,  and  oxide 
capacitance  per  unit  area,  respectively [6],  The  Dit  is  underestimated  at  Ec-E  above  approximately 
0.6eV,  because  the  measurements  are  performed  at  room  temperature  [7],  The  Ditof  a  sample  with 
dry  oxidation  and  hydrogen  annealing  at  1 000JC  is  also  shown  for  comparison. 


Fig.  1  Effect  of  oxidation  and  POA  on  C-V 
characteristics. 


Fig.  2  Effect  of  oxidation  method  and 
POA  on  Djt. 
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Figures  1  and  2  reveal  that  the  Dit  near  the  conduction-band  edge  of  sample  (b)  prepared  by 
wet  oxidation  is  lower  than  that  of  sample  (a)  prepared  by  dry  oxidation  although  the  AVfbof 
sample  (b)  is  larger  than  that  of  sample  (a).  Hydrogen  annealing  at  800°C  decreases  the  Dit  of  MOS 
structures  formed  on  the  C(0001)  face  by  wet  oxidation  [sample(d)].  On  the  other  hand,  the  Dit  of 
MOS  structures  formed  on  the  C(0001)  face  by  dry  oxidations  is  increased  by  hydrogen  annealing 
at  800°C  [sample(c)].  However,  in  the  case  of  the  Si(0001)  face,  high-temperature  hydrogen 
annealing  reduces  the  Dit  of  n-type  MOS  structures  regardless  of  the  oxidation  method  (dry  or  wet 
oxidation) [5, 8].  The  effect  of  hydrogen  annealing  on  the  C-V  characteristics  and  the  Dit  of  MOS 
structures  formed  by  dry  oxidation  is  different  for  the  Si(0001)  and  the  C(0001)  faces  although  the 
reason  for  this  is  still  unclear.  The  value  of  the  Dit  near  Ec-E=0.2eV  decreases  considerably  and  is 
almost  the  same  as  that  observed  for  the  n-type  SiC  MOS  structure  on  the  Si(0001).  On  the  other 
hand,  the  value  of  the  Dit  around  Ec-E=0.6eV  does  not  change  at  all,  and  is  approximately  one  order 
of  magnitude  higher  than  the  Dit  for  the  n-type  SiC  MOS  structures  on  the  Si(0001)  face,  which 
indicates  that  a  large  amount  of  interface  states  exists  at  the  deep  level  in  n-type  SiC  MOS 
structures  on  the  C(0001)  face.  Therefore,  the  quality  of  the  Si02/SiC  interface  formed  on  the  C(000 
1)  face  is  inferior  to  that  of  the  Si(0001)  face. 

2.  Surface  morphology  and  Si02/SiC  interface 

Figures  3  and  4  show  the  AFM  images  of  the  Si(0001)  face  and  the  C(0001)  face, 
respectively.  The  average  roughness  (Ra)  of  the  Si(0001)  face  and  the  C(OOOl)  face  is  0.093nm  and 
0.118nm,  respectively.  The  surface  roughness  of  both  faces  reveals  almost  the  same. 


Fig.  3  3-D  AFM  image  of  the  Si(0001)  face.  Fig.  4  3-D  AFM  image  of  the  C(0001)  face. 

X:  0.2pm/division,  Z:  lOnm/division  X:  0.2pm/division,  Z:  1  Onm/division 

Figures  5  and  6  show  the  TEM  images  of  Si02/SiC  interface  formed  on  the  Si(0001)  face 
and  the  C(0001)  face,  respectively.  The  oxidation  method  that  achieves  the  low  Dit  is  different 
between  the  Si(0001)  face  and  the  C(000l)  face  as  mentioned  above.  Therefore,  the  dry  oxidation 
was  performed  for  the  Si(0001)  face.  On  the  other  hand,  the  wet  oxidation  was  performed  for  the 
C(OOOl')  face.  The  hydrogen  annealing  at  800°C  for  30  min  was  performed  after  the  oxidation.  The 
Si02/SiC  interface  structure  on  the  C(0001)  face  is  much  rougher  than  that  on  the  Si(0001)  face 
although  the  surface  roughness  is  almost  the  same  before  the  oxidation.  This  might  be  due  to  the 
strong  face  orientation  dependence  of  the  oxidation  ratio  for  the  SiC  substrate.  This  large  roughness 


in  Si02/SiC  interface  on  the  C(0001)  face  is  considered  to  be  one  of  reasons  for  the  low  channel 
mobility  for  SiC  MOSFETs  fabricated  on  the  C(0001)  face. 


Fig.  5  Typical  cross-sectional  TEM  Fig.  6  Typical  cross-sectional  TEM 

image  for  Si02/SiC  interface  formed  on  image  for  SiCySiC  interface  formed  on 

the  Si(0001)  face.  the  C(0001)  face. 

4.  Conclusion 

We  have  investigated  the  oxidation  and  POA  effect  on  the  Dit  of  n-type  SiC  MOS  structures 
formed  on  the  C(OOOl)  face.  Wet  oxidation  and  hydrogen  annealing  reduce  the  Djt  near  the 
conduction-band  edge  of  n-type  4H-SiC  MOS  structures  on  the  C(OOOl)  face  as  well  as  on  the 
Si(0001)  face.  However,  there  is  no  change  in  the  Djt  around  Ec-E^O.beV.  Moreover,  it  was  found 
that  Si02/SiC  interface  structure  on  the  C(000l)  face  is  much  rougher  than  that  on  the  Si(0001)  face. 
It  is  considered  to  be  necessary  for  a  MOSFET  with  high  channel  mobility  on  the  C(OOOl)  face  to 
reduce  the  Djt  at  the  deep  level  and  the  large  roughness  at  Si02/SiC  interface. 

This  work  was  performed  under  the  management  of  FED  as  a  part  of  the  MITI  New  Sun  Shine 
Program  (R&D  of  Ultra-Low-Loss  Power  Device  Technologies)  supported  by  NEDO. 
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Abstract  Epilayers  grown  on  the  (11-20)  and  (1-100)  faces  of  n-type  4H-SiC  substrates  were 
oxidized  pyrogenically  at  1100°C  for  1  hour  to  make  oxide  layers  of  about  50  nm  in  thickness  and 
annealing  in  steam  (re-oxidation)  was  successively  performed  at  800,  850  or  950°C  for  3hours. 
After  the  re-oxidation  process,  gold  was  deposited  to  form  metal-oxide-semiconductor  (MOS) 
structures  on  the  (11-20)  and  (1-100)  faces.  Capacitance-voltage  characteristics  were  measured  for 
these  MOS  structures  to  obtain  the  density  of  interface  traps  per  unit  area  (Dh)  near  the  conduction 
band  edge  and  the  total  number  of  interface  traps  per  unit  area  (iVit).  It  was  found  that  Dit  as  well  as 
Nix  in  oxide  layers  on  the  (11-20)  face  decrease  by  annealing  in  steam  around  800°C. 

1.  Introduction 

Hexagonal  type  silicon  carbide  (4H-SiC)  has  a  large  band  gap  (3.2  eV),  excellent  thermal  and 
chemical  stabilities,  a  large  saturation  drift  velocity  (about  107  cm/s),  and  high  electron  mobility 
(approximately  800  cm2/(Vs))  comparable  to  that  of  cubic  type  SiC  [1].  In  addition,  insulators  are 
easily  obtained  with  the  similar  oxidation  process  as  used  for  the  fabrication  of  silicon  (Si)  metal- 
oxide-semiconductor  (MOS)  devices.  This  is  one  of  the  most  important  characteristics  of  4H-SiC 
for  electronic  applications.  Many  researchers  have  fabricated  MOS  capacitors  and  metal-oxide- 
semiconductor  field-effect-transistors  (MOSFETs)  using  the  thermal  oxide  layers  as  gate  insulators 
and  examined  the  electrical  characteristics  such  as  capacitance-voltage  {CV),  conductance-voltage, 
and  current-voltage  characteristics.  Many  efforts  have  been  made  for  improving  these  electrical 
characteristics,  however,  there  remain  many  problems,  including  the  relatively  low  electron 
mobility  in  an  inversion  layer  at  the  Si02/4H-SiC  interface  [2].  Some  researchers  consider  that  some 
of  the  problems  are  linked  to  the  high  density  of  interface  traps  near  the  conduction  band  edge  [3]. 
Recently,  it  has  been  reported  that  MOSFETs  made  on  the  (11-20)  faces  of  4H  and  6H-SiC 
substrates  have  higher  channel  mobility  compared  to  those  made  on  the  (0001)  faces  [4],  If  the 
interface  traps  near  the  conduction  band  edge  are  related  to  the  low  electron  mobility  in  an  inversion 
layer  near  the  Si02/4H-SiC  interface  on  the  (0001)  face,  the  interface  trap  density  near  the 
conduction  band  edge  on  the  (11-20)  face  is  estimated  to  be  less  than  that  on  the  (0001)  face. 
However,  there  is  only  a  few  reports  regarding  the  energy  profile  of  the  interface  trap  density  at  the 
Si02/4H-SiC  interface  on  the  (11-20)  faces. 

In  this  paper,  we  fabricate  MOS  structures  on  the  (11-20)  and  (1-100)  faces  of  n-type  4H-SiC 
substrates,  and  measure  their  CV  characteristics  to  obtain  the  energy  profile  of  interface  trap  density 
per  unit  area  (Z)it)  near  the  conduction  band  edge  and  the  total  number  of  interface  traps  per  unit 
area  (Nh).  We  also  examine  the  influence  of  annealing  in  steam  after  oxidation  on  Dh  and  Nix  in  the 
oxide  layer  and  discuss  the  influence  of  annealing  in  steam  on  the  generation  of  interface  traps  in 
relation  to  the  surface  orientation. 
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Fig.l.  CV  characteristics  of  a  MOS 
structure  formed  on  the  (11-20)  face  with 
the  oxide  layer  that  is  not  annealed  in 
steam. 


Fig.2.  CV  characteristics  of  a  MOS 
structure  formed  on  the  (11-20)  face  with 
the  oxide  layer  that  is  annealed  in  steam  at 
800°C  for  3  hours. 


2.  Experiments 

Substrates  of  n-type  4H-SiC  were  cut  from  (11-20)  and  (1-100)  wafers  purchased  from  Nippon 
Steel  Co.  Ltd..  The  net  donor  concentration  of  the  wafers  was  about  1018  cm'3.  Epilayers  were 
grown  on  the  substrates  at  1600°C  by  chemical  vapor  deposition  (CVD)  method  using  SiH4-C3H8-H2 
reaction  gases.  The  flow  rates  of  SiH4  and  C3H8  were  3  seem  both.  The  flow  rate  of  H2  was  2  slm 
and  the  growth  pressure  was  700  Torr.  Details  of  the  growth  procedures  have  been  reported 
elsewhere  [5].  The  resultant  epilayers  were  about  4.5  pm  in  thickness  and  showed  n-type 
conduction  with  the  donor  concentration  of  approximately  l.OxlO16  cm'3.  After  CVD  growth, 
sacrificed  oxidation  for  the  epilayer  surfaces  was  performed.  Thereafter  pyrogenic  oxidation  was 
carried  out  at  1100°C  for  1  hour  to  make  gate  oxide  layers  of  about  50  nm  in  thickness.  At  the  final 
stage  of  oxidation,  annealing  in  steam  was  performed  at  800,  850,  or  950  for  3  hours.  After  these 
processes,  gold  was  deposited  on  the  oxide  layers  to  form  gate  electrodes  of  0.50  mm  in  diameter. 
For  fabricating  an  ohmic  electrode,  oxide  layers  grown  on  the  back  surface  of  the  substrates  were 
removed,  and  aluminum  was  evaporated  on  the  bared  surfaces  of  them.  The  simultaneous  CV 
characteristics  (S CV)  were  measured  for  the  4H-SiC  MOS  structures  to  obtain  the  gate  voltage 
corresponding  to  flat-band  condition  (Va)  and  the  energy  profile  of  interface  trap  density  (Djt)  near 
the  conduction  band  edge.  The  MOS  structures  were  illuminated  with  a  low-pressure  mercury  lamp 
to  induce  an  inversion  layer  before  sweeping  the  gate  voltage.  After  the  inversion  layer  was  formed, 
the  gate  voltage  was  swept  from  negative  to  positive  gate  voltage  side  under  dark  condition  at  room 
temperature.  The  CV  curve  swept  rapidly  from  positive  to  negative  gate  voltage  side  was  also 
measured  for  the  same  sample  before  and  after  the  S CV  measurement  to  calculate  N-.  using  a  photo 
CV  technique  [6]. 


3.  Results 

Figure  1  shows  the  CV  characteristics  of  a  MOS  structure  formed  on  the  (11-20)  face,  whose 
oxide  layer  is  not  annealed  in  steam.  The  notations  Cft  and  CLg  indicate  the  capacitance  values 
corresponding  to  the  flat  band  condition  and  the  ledge  of  the  high-frequency  CV  curve  swept  from 
negative  to  positive  gate  voltage  side,  respectively.  There  is  a  split  near  the  accumulation  region 
between  quasi-static  and  high-frequency  CV  curves  which  are  swept  from  negative  to  positive  gate 
voltage  side.  This  indicates  that  fairly  large  amount  of  interface  traps  exists  near  the  conduction 
band  edge.  The  difference  in  gate  voltages  at  and  CLg  levels  between  high-frequency  CV  curves 
is  approximately  1.67  V  and  10.1  V,  respectively.  Figure  2  shows  the  CV  characteristics  of  a  MOS 
structure  formed  on  the  (11-20)  face  with  the  oxide  layer  annealed  in  steam  at  800°C  for  3  hours. 
Though  the  split  and  the  gate  voltage  difference  at  level  still  exist,  the  gate  voltage  difference  at 
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CLg  level  decreases  by  the  annealing.  The 
difference  in  gate  voltages  at  and  CLg  is 
approximately  2.67  V  and  4.92  V,  respectively. 
The  annealing  in  steam  at  850  or  950°C  was  also 
carried  out.  Although  the  split  near  the 
accumulation  region  between  quasi-static  and 
high-frequency  CV  curves  did  not  disappear,  the 
difference  in  gate  voltages  at  and  CLg  levels 
was  about  3.33  V  and  5.16  V  for  the  annealing  at 
850°C,  and  3.16  V  and  8.07  V  for  the  annealing  at 
_  950°C. 

-20  ~1 5  ~1 0  ~5  0  5  10  15  As  for  MOS  structures  on  the  (1-100)  face, 

Gate  Vo  I  tage  (  V  )  only  the  CV  characteristics  for  samples  with  oxide 

layers  annealed  at  800  and  850°C  was  measured. 
Fig.3  CV  characteristics  of  a  MOS  structure  por  mos^  0f  samples,  including  the  sample 
formed  on  the  (1-100)  face,  whose  oxide  layer  wjthout  the  steam  annealing,  a  large  leakage 
current  flowing  through  the  oxide  layer  was  detected.  On  the  (1-100)  surface,  many  defects  that 
were  seen  like  a  line  were  observed  after  the  epitaxial  growth.  It  is  considered  that  such  a  leakage 
current  is  responsible  for  the  defects  on  the  surface.  Figure  3  shows  the  CV  characteristics  of  a  MOS 
structure  formed  on  the  (1-100)  face,  whose  oxide  layer  is  annealed  in  steam  at  800°C.  The  split, 
whose  origin  is  the  same  as  that  on  the  (11-20)  face,  is  seen  at  the  accumulation  region.  The 
difference  in  gate  voltages  at  Cft  and  CLg  levels  was  about  1.75  V  and  17.2  V  for  the  annealing  at 
800°C,  and  2.53  V  and  9.42  V  for  the  annealing  at  850°C. 


where  Cq,  Ch,  Cox,  are  quasi-static,  high-frequency  of  1  MHz  and  oxide  capacitances,  respectively, 
and  q  and  S  are  the  electronic  charge  and  gate  electrode  area,  respectively.  Figure  4  shows  the 
profiles  of  Dit  near  the  conduction  band  edge  of  Si02/4H-SiC  interface,  that  are  extracted  from  SCK 

curves  using  Eq.(l),  before  and  after  the 


Surface  Potential  cp  (  e V  ) 
Fig.4  Change  in  the  energy  profiles  of  Dt{  near 
the  conduction  band  edge  for  MOS  structures 
on  the  (11-20)  face  of  a  4H-SiC  substrate. 


annealing  in  steam  at  800,  850,  or  950°C.  Large 
amounts  of  Dix  exist  near  the  conduction  band 
edge  before  the  annealing.  The  value  of  Dh 
increases  steeply  around  0.3  eV  below  the 
conduction  band  edge  (£c-0.3  eV).  By  the 
annealing  in  steam,  Dh  near  the  conduction  band 
edge  is  found  to  decrease  by  the  annealing  in 
steam.  It  is  found  that  the  annealing  around  800°C 
has  a  significant  influence  on  decreasing  D[{  near 
the  conduction  band  edge. 

The  value  of  Nix  ,  which  involves  the  number 
of  interface  traps  in  the  deep  energy  region,  is 
also  obtained  by  the  photo-CK  technique  at  room 
temperature  [6]  in  order  to  understand  the  effects 
of  annealing  in  steam  on  electrical  characteristics 
of  Si02/4H-SiC  interface.  Figure  5  shows  Nit  as  a 
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Fig.5  Steam  annealing  temperature 
dependence  of  Nit  for  MOS  structures  on  the 
(11-20)  face  of  a  4H-SiC  substrate. 
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Surface  Potential  <p  (  eV  ) 

Fig.6  Change  in  the  energy  profiles  of  Dit  near 
the  conduction  band  edge  for  MOS  structures 
on  the  (1-100)  face  of  a  4H-SiC  substrate. 


function  of  annealing  temperature  for  MOS  structures  on  the  (11-20)  face  of  a  4H-SiC  substrate. 
The  value  of  Nh  for  MOS  structures  with  oxide  layers  that  is  not  annealed  in  steam  is  also  plotted 
for  comparison.  The  value  of  Nh  decreases  significantly  with  decreasing  the  annealing  temperature. 
It  is  found  that  the  steam  annealing  has  significant  influences  on  decreasing  the  interface  traps  at 
Si02/4H-SiC  interface  formed  on  the  (11-20)  face. 


Figure  6  shows  the  energy  profiles  of  Dh  near  the  conduction  band  edge  after  800  and  850°C 
annealing.  The  value  of  Dix  near  the  conduction  band  edge  decreases  slightly  with  comparing  that 
for  the  annealing  at  850°C.  On  the  other  hand,  Nh  for  the  sample  annealed  at  800  and  850°C  is 
obtained  to  be  3.59xl012  and  9.77x10”  cm"2,  respectively.  Significant  decrease  was  found  to  observe 
for  the  850°C  annealing.  Since  the  oxidation-rate  for  the  (1-100)  face  is  lower  than  that  for  the  (11- 
20)  face,  the  optimum  annealing  temperature  is  considered  to  be  higher  value.  In  order  to  reveal  the 
steam  annealing  effects  in  detail,  further  study  is  needed  for  4H-SiC  (1-100)  face. 

5.  Summary 

We  have  investigated  the  effects  of  annealing  in  steam  below  950°C  after  oxidation  on  the  CV 
characteristics  of  MOS  structures  formed  on  the  (11-20)  and  (MOO)  faces  of  4H-SiC  substrates. 
The  split  near  the  accumulation  region  between  quasi-static  and  high-frequency  CV  curves  is 
observed  on  the  (0001),  (11-20)  and  (1-100)  faces.  This  indicates  that  no  surface  orientation 
dependence  on  the  generation  of  interface  traps  near  the  conduction  band  edge.  Interface  traps  near 
the  conduction  band  edge  as  well  as  those  in  the  middle  region  of  the  band  gap  decrease 
significantly  by  the  annealing  in  steam  around  800°C.  Though  many  interface  traps  exist  near  the 
interface  of  MOS  structures  on  the  (11-20)  and  (1-100)  faces  just  after  the  oxidation,  the  traps  on 
the  (11-20)  face  are  reduced  significantly  by  annealing  in  steam  around  800°C. 
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Abstract.  A  significant  improvement  of  the  oxide  characteristics  grown  on  6H-SiC  n-type  have 
been  obtained  after  post-anneal  treatments  in  hydrogen  ambient.  The  role  of  hydrogen  in  the 
passivation  of  interface  trap  states  is  investigated  by  several  analytical  methods.  The  improvement  is 
related  to  the  amount  of  atomic  hydrogen  present  during  the  post-annealing  process. 

Introduction 

Oxidation  of  SiC  produce  Si02  layers  with  electrical  properties  sufficient  for  the  fabrication  of 
metal  oxide  semiconductor  (MOS)  transistors  and  circuits,  but  further  reductions  in  both  fixed 
charge  and  surface  state  density  would  have  a  dramatic  impact  on  SiC  MOS  technology  [1].  The 
interface  trap  densities  obtained  to  date  are  around  10!l  cm'2  eV'1  [2,  3].  Similar  values  are  obtained 
when  oxidising  silicon  for  ULSI.  However,  in  Si  the  number  of  interface  traps  is  dramatically 
reduced  by  post-oxidation  annealing  in  a  hydrogen  environment  (down  to  10 10  cm  2  eV  )  because  of 
passivation  of  dangling  bonds  at  the  Si02/Si  interface  by  hydrogen.  Similar  attempts,  to  hydrogen 
passivate  the  Si02/SiC  interface,  have  not  resulted  in  any  reduction  of  the  interface  state  density  [4, 
5].  In  this  work  we  have  investigated  carefully  the  role  of  hydrogen  on  the  Si02/SiC  interface  by 
different  treatments.  As  main  result  we  obtained  a  significant  improvement  on  the  Si02  electrical 
properties  for  a  particular  hydrogen  treatment. 

Experimental  details 

6H-SiC  n-n+  epitaxial  wafers  supplied  by  CREE  were  oxidised  at  1100  °C  in  dry  ambient  with 
1.5%  per  cent  of  HC1.  Higher  temperatures  resulted  in  lower  oxide  quality  while  lower  temperatures 
resulted  in  too  slow  growth  rate.  The  interface  trap  density  was  minimised  by  choosing  opportunely 
the  cooling  ramp  as  specified  in  the  following.  A  low  cooling  rate  ramp  (10  °C  per  minute)  has  been 
adopted  allowing  to  the  volatile  carbon-oxide  compound  formed  during  oxidation  to  escape  from 
the  oxide  layer.  Surface  states  and  fixed  charge  densities  can  be  also  reduced  by  a  correct  surface 
preparation  of  SiC  surface  before  oxidation  [6].  In  our  work  we  adopted  a  standard  cleaning 
procedure  (RCA)  on  new  and  virgin  epitaxial  wafers  after  a  surface  treatment  in  H2S04  H202  (3:1) 
for  10  min  and  a  subsequent  HF  (10%)  dip  and  water  rinse. 

Then,  a  metallic  oxide  semiconductor  (MOS)  device  was  fabricated  with  a  metal  (Ti)  gate  contact. 
Hydrogen  treatments  were  performed  on  the  MOS  devices  at  temperature  up  to  200  °C  in  plasma 
hydrogen  or  up  to  500  °C  in  horizontal  ovens  using  forming  gas.  The  interface  chemical 
morphology  was  investigated  by  analytical  x-ray  transmission  electron  microscopy  (EDX).  The 
interface  morphology  was  monitored  by  transmission  electron  microscopy  (TEM). 

C-V  measurements  were  performed  using  the  conductance  method  on  the  MOS  at  temperatures  up 
to  200°C.  This  highest  temperature  has  been  chosen  to  probe  a  significant  portion  of  the  band-gap 
(Ec-E  from  0.15  to  0.6  eV).  The  C-V  characteristics  were  measured  with  test  frequencies  ranging 
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from  20  Hz  to  1  MHz.  The  conductance  of  the 
MOS  structure  was  measured  simultaneously  to 
obtain  the  information  concerning  the  oxide/SiC 
interface.  The  C-V  characteristics  were 
determined  before  and  after  hydrogen  treatments. 

Results  and  discussion 

The  capacitance  measurements  have  been 
performed  in  the  quasi-static  mode.  The 
conductance  method  (Gp/co  vs.  frequency  Hz)  was 
adopted  to  extract  information  concerning  the 
interface  traps.  This  method  provides  a  precise 
evaluation  of  interface  trap  density  in  the 
investigated  energy  band  by  checking  the 
measurements  at  different  voltage  and 
temperatures.  A  typical  measurement  obtained  on 


Ti/St02/SiC  MOS  @  450  K 


Frequency  (Hz) 

Fig.  1  -  Gp/C0  vs.  frequecy  Hz  for  a  as  grown 
oxide  at  1 100  °C  in  dry  ambient. 


the  as-grown  oxide  is  shown  in  Fig.  1.  The  peak 
heights  of  the  Gp/co  curves  are  proportional  to  the 

interface  trap  densities  being  Djt~2.5/q{  Gp/co  }max  where  q  is  the  elementary  charge.  An  interface  trap 
density  of  Dit=5xl011  cm'3  is  obtained.  So  high  values  are  obtained  also  when  oxidising  silicon  and 
they  are  due  to  not  saturated  silicon  bond  at  the  interface,  where  a  few  monostrates  of 
substechiometric  oxide  are  present.  Normally  the  interface  trap  density  in  silicon  is  decreased  down 
to  10  cm*  saturating  these  dangling  bonds  by  hydrogen  or  nitrogen  treatments.  However,  the  same 
effect  has  not  been  observed  in  SiC  [1].  In  more  recent  works  the  effect  has  been  reported  even  if 
its  intensity  is  not  relevant  [7].  The  main  reason  is  the  chemical  nature  of  the  interface  where  the 
presence  of  C  can  induce  an  accumulation  of  carbon  at  the  interface  and  dangling  bonds  can  be 
avoided  by  the  presence  of  C-O  Si-C-0  bonds.  So  that  to  improve  the  oxide  quality  by  hydrogen 
treatments,  C  accumulation  at  the  interface  should  be  avoided. 


We  reduced  C  accumulation  at  the  interface  by  slow  cooling  ramp  after  oxidation  and  optimising 
the  oven  conditions.  In  Fig.  2  is  reported  the  EDX  analyses  in  the  SiC  layer  from  bulk  to  the 
interface  for  the  optimised  oxidation.  Clearly  no  accumulation  of  C  is  observed  being  the  signal  of 


0  100  2Q0nm 

Fig.  2  -  EDX  spectrum  for  O  and  C  at  the  SiC/Si02 
interface  for  an  optimised  as-grown  oxide. 


carbon  decreasing  with  no  peak  or  spike. 
The  sharp  interface  has  been  observed  also 
in  TEM  analyses.  In  Fig.  3a  the  high- 
resolution  transmission  electron 
microscopy  of  the  interface  for  an 
optimised  as-grown  oxide  is  shown.  The 
atomic  planes  sharp  finish  at  the  interface 
where  no  cluster,  precipitate  or  layer  is 
observed. 

The  same  structure  is  obtained  after  post  - 
annealing  in  hydrogen  independently  on 
the  treatment.  As  an  example,  in  Fig.  3b 
the  image  of  the  interface  after  an 
annealing  in  forming  gas  at  450°  for  20 
minutes  is  also  reported. 

A  more  complete  electrical 
characterisation  of  the  oxide  can  be 
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achieved  by  the  complete  C-V  plot.  The 
measurements  obtained  on  the  as-grown  oxide  ' 

are  reported  in  Fig.  4a.  A  hysteresis  behaviour  is  ;  **/ 
observed,  as  previous  reported  for  oxide  grown 
on  SiC  [8,  9].  A  low  minority  carrier  generation 
and  recombination  rate  is  believed  to  be  the  basis  | 
for  this  hysteresis  effect  [  1  ] .  fc  .  ... .  .  : 

Moreover,  a  tail  is  present  in  the  deep  depletion 
region  indicating  the  presence  of  surface  states. 

We  concluded  that  the  low  interface  trap  density 
is  mainly  related  with  dangling  bonds  present  at 
the  interface.  So  we  tried  to  passivate  these 
dangling  bonds  by  hydrogen  treatments. 

Hydrogen  treatments  were  performed  by  plasma 
immersion  at  several  temperatures  in  the  range 
between  room  temperature  and  400°C  changing 
the  treatment  pressure.  Even  changing  the  ,  . 
pressure  from  10‘7  to  10'4  torr  plasma  treatments 
are  performed  in  vacuum,  i.e.  the  presence  of 
atomic  H  is  low.  A  higher  concentration  of 
atomic  H  can  be  obtained  by  furnace  annealing 

(atmospheric  pressure)  in  forming  gas  or  directly  - _  ...  . ,.r, n>,.  „ 

in  H2  gas  flow.  However,  to  break  the  H?  r 
molecule,  since  only  atomic  H  is  diffusing  true 
the  oxide  and  passivating  dangling  bonds,  a 
temperature  higher  than  800  °C  is  necessary. 

Nevertheless,  these  thermal  treatments  are 
particularly  dangerous.  A  method  to  obtain 
atomic  H  in  furnace  under  a  forming  gas  flow  at 
lower  temperatures  (300  -  500°C)  is  just  to  have 
A1  in  the  oven,  since  water  in  SiCb,  present  even 
in  dry  oxides,  reacts  with  the  aluminium  to  form 
AI2O3  and  atomic  hydrogen  (H).  The  H  can 
diffuse  to  the  SiC/Si02  interface,  where  it  reacts  F'g- 3  ‘  TEM  analyses  at  the  interface  for  a  as  grown 

chemically  with  traps,  rendering  them  sample  (a)  and  the  same  sample  after  a  post  anneling 

m  tj  •  ,  in  forming  gas  at  450  °C  for  20  minutes  (b). 

electrically  inactive  [7J.  For  comparison,  we  also  &  & 

performed  furnace  annealing  in  forming  gas  with 

no  A1  presence.  Summarising,  we  could  perform  hydrogen  treatments  at  the  same  temperature  but 
changing  the  number  of  atomic  H  by  several  order  of  magnitudes. 

No  change  in  the  electrical  behaviour  has  been  observed  after  plasma  treatment  independently  on 
the  temperature.  Just  a  slightly  improvement  has  been  observed  increasing  a  lot  the  hydrogen 
pressure  inside  the  chamber.  Instead,  a  significant  improvement  has  been  obtained  for  furnace 
annealing  but  only  in  presence  of  A1  (see  Fig.4  b). 

The  first  relevant  result  was  the  disappearing  of  the  hysteresis  effect.  Due  to  this  result  the  hysteresis 
cannot  be  attributed  to  low  minority  carrier  generation  and  recombination  rate  but  rather  to  charge 
densities  at  the  interface  probably  associated  with  dangling  bonds.  When  they  are  saturated  their 
electrical  effect  is  suppressed.  When  an  electric  field  is  applied  they  are  charged  trapping  carriers 
and  they  remain  charged  for  a  long  time. 


1  wmv*  •* 
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Furthermore,  a  clear  disappearing  of  the  tail  in 
the  deep  depletion  region  is  observed.  This 
clearly  indicates  a  decreasing  of  surface  states 
and  it  is  in  agreement  with  the  first  main  result. 
The  comparison  between  Fig.  4  a)  and  Fig.  4  b) 
show  also  a  large  shift  of  the  flat  band  voltage 
demonstrating  a  large  fixed  charge  reduction  at 
the  SiC/SiC>2  interface. 

All  the  effects  remain  after  thermal  stress  up  to 
400  °C.  The  results  obtained  can  be  interpreted 
considering  dangling  bonds  at  the  SiC/Si02 
interface.  If  a  high  density  of  them  is  present 
they  can  produce  all  the  phenomena  observed. 
Furthermore,  they  can  be  passivated  by 
hydrogen  during  post-annealing  in  hydrogen 
ambient. 

However,  obtaining  a  sharp  interface  with  no  C 
accumulation  is  fundamental  to  allow  hydrogen 
to  saturate  dangling  bonds.  If  a  supersaturation 
of  C  remain  at  the  interface  the  Si  dangling 
bonds  can  be  saturated  with  Si-C  bonds. 
Indeed,  when  a  fast  cooling  ramp  was  used  no 
decrease  in  the  interface  trap  density  has  been 
measured  after  post-oxidation  treatments  in 
atomic  H. 

Summary 


oxide,  b)  C-V  characteristic  of  the  same  oxide 
after  hydrogen  treatement  at  450°C  for  20  min. 


Oxidation  of  6H-SiC  has  been  performed  in  dry 
ambient  using  1.5%  of  HC1.  A  significant 

improvement  of  the  oxide  electrical  characteristics  has  been  observed  when  post-oxidation  thermal 
treatments  were  performed  in  atomic  hydrogen  ambient.  The  result  has  been  related  to  the 
passivation  of  the  interface  states  and  it  is  linked  to  the  hydrogen  concentration  during  the  post¬ 
oxidation  treatments. 
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Abstract  We  have  investigated  the  influences  of  the  gate-oxide  preparation  process  on  the 
properties  of  4H-SiC  MOS  interface  and  MOSFETs.  Quite  different  behaviors  between  n-  and  p- 
type  SiC  MOS  interface  properties  were  observed  depending  on  the  preparation  process  of  the  gate 
oxide.  The  results  suggested  that  the  interface  state  density  Dit  near  the  conduction  band  and  valence 
band  have  a  different  origin.  The  lower  Dit  near  the  conduction  band  of  the  MOS  interface  resulted 
in  the  lower  threshold  voltage  and  higher  channel  mobility  for  the  MOSFETs. 

Introduction 

A  beneficial  feature  of  SiC  processing  technology  is  that  SiC  can  be  thermally  oxidized  to  form 
Si02  having  superior  dielectric  properties  for  MOS  applications.  Improvement  of  the  thermally 
grown  Si02/SiC  interface  is  a  critical  issue  to  realize  MOSFETs  and  MOS  related  devices  based  on 
SiC.  Wet  re-oxidation  annealing  (wet  ROA)  was  established  for  reducing  the  interface  state  density 
Du  for  p-type  SiC  MOS  capacitors  [1,2].  We  have  reported  that  the  post-oxidation  annealing  in 
hydrogen  (H2  POA)  was  very  effective  for  the  improvement  of  the  n-type  SiC  MOS  interface 
quality  [3-5].  Recently,  several  groups  pointed  out  that  the  inversion  mobility  of  MOSFETs  was 
suppressed  owing  to  the  high  density  of  interface  states  near  the  conduction  band  edge  [6-9].  POA 
in  hydrogen  is  thought  to  be  a  useful  method  for  the  improvement  of  the  inversion  mobility.  Here, 
we  report  on  the  relationships  between  MOS  interface  and  the  MOSFETs  properties. 

Experimental 

N-  and  p-type  4H-SiC(0001)  wafers  with  a  4.9(im-thick  homoepitaxial  layer,  purchased  from  CREE 
Research  Inc.,  were  used  in  this  study.  Effective  doping  density  (ND-NA  or  NA  -ND)  of  the  epitaxial 
layer  was  about  5xl015  cm'3.  The  wafers  were  cleaned  by  conventional  RCA  cleaning  and  sacrificial 
oxidation. 

(a)  MOS  capacitors 

Because  of  the  wide  bandgap  of  SiC,  capacitance-voltage  (C-V)  measurements  of  MOS 
capacitors  give  the  energy  distribution  of  interface  state  density  Dft  only  in  the  majority  carrier  side 
in  the  bandgap.  N-  and  p-type  SiC  substrates  were  used  in  order  to  obtain  the  Dh  distribution  in  the 
upper  and  lower  half  of  the  bandgap,  respectively.  We  assume  that  the  difference  of  dopants  and  the 
quality  of  SiC  epitaxial  wafers  do  not  affect  the  MOS  interface  quality. 

A  thermal  oxide  was  grown  in  dry  or  wet  02  at  1200°C  resulting  in  a  thickness  of  47  ±2  nm. 
Wet  oxidation  was  performed  using  the  pyrogenic  method.  After  oxidation,  all  the  samples  were  in- 
situ  annealed  in  Ar  at  the  oxidation  temperature  for  30  min,  then  cooled  down  in  Ar  with  the 
ramping  rate  of  -5°C/min  to  600°C.  Some  Si02/SiC  samples  were  annealed  in  pure  hydrogen  at 
800°C  for  30  min  or  in  wet  oxidation  ambient  at  950°C  for  180min  [1].  Aluminum  was  used  as  the 
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gate  and  ohmic  electrode.  Hi-lo  C-V  measurements  were  performed  using  a  simultaneous  C-V 
system  (Keithley  KI-82  system).  The  high-frequency  properties  were  measured  at  100kHz  with  a 
small  signal  amplitude  of  15mV.  The  step  voltage  and  delay  time  was  50mV  and  lOsec, 
respectively. 

(b)  MOSFETs 

N-channel  lateral  MOSFETs  were  fabricated  on  the  p+  substrate  with  a  p-type  4H-SiC  epitaxial 
layer.  Source  and  drain  regions  were  formed  by  phosphorous  ion  implantation  at  500°C  with  the 
total  dose  of  7xl0,5/cm2.  Activation  annealing  for  implanted  impurities  was  performed  at  1500°C 
for  5min  in  Ar.  The  gate  oxide  was  grown  by  the  method  described  above,  and  its  thickness  was  42 
±2nm.  Aluminum  was  used  as  both  the  gate  metal  and  the  contact  metal  for  the  source  and  drain. 
The  typical  designed  length  (L)  and  the  width  (W)  of  the  gate  electrode  were  10  and  50pm, 
respectively.  The  channel  mobility  was  determined  by  three  methods;  the  field  effect  mobility  pfe 
from  the  transconductance  at  VD=0.1V,  the  saturation  mobility  psat  from  the  slope  of  ID,/2-VG  in  the 
saturation  region,  the  low-field  mobility  jlIq  from  the  slope  of  ID/gm1/2-VG  plot  (VD=0.1V)  [11].  The 
threshold  voltage  Vth  was  determined  from  the 
transfer  characteristics  at  VD=10V. 


Results  and  Discussion 

(a)  MOS  capacitors 

Figure  1  shows  the  high  frequency  C-V  curves  of 
the  MOS  capacitors  prepared  by  dry  and  wet 
oxidation.  The  dependences  of  the  oxidation  method 
on  the  flatband  voltage  shift  AV^  were  almost 
similar  with  the  ones  reported  by  several  groups. 
The  AVfc  of  the  SiC  MOS  capacitor  is  influenced  by 
not  only  the  amount  of  the  charge  in  the  oxide  but 
also  the  charged  deep  interface  states.  The  large 
AVfo  of  the  dry-oxidized  p-type  MOS  is  caused  by 
the  large  amount  of  deep  states.  Figure  2  shows  the 
energy  distribution  of  Dit  near  the  (a)  conduction  (n- 
type  MOS)  and  (b)  valence  band  (p-type  MOS) 
derived  from  the  hi-lo  C-V  method.  Lower  Dit  is 


Fig.  1  :  The  high  frequency  C-V  curves  for  the 
MOS  capacitors  prepared  by  dry  and  wet 
oxidation. 


E-Ev  [eV] 

Fig.  2  :  Oxidation  method  dependence  on  energy  distribution  of  D„  in  the  bandgap.  N-  and  p-type  MOS 
capacitors  were  used  for  measuring  the  Djt  in  the  conduction  and  valence  band  side,  respectively.  Ec-E  and  E- 
Ey  represent  the  energy  from  the  conduction  and  valence  band  edge,  respectively. 
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obtained  by  dry  oxidation  in  the  conduction  band  side,  and  by  wet  oxidation  in  the  valence  band 
side.  This  result  is  similar  to  the  model  proposed  by  Yano  et  al  [10].  The  Dit  dispersion  near  the 
conduction  band  edge  Ec  is  more  remarkable  than  that  of  the  valence  band  edge  Ev.  Although  Djt 
values  are  not  correct  quantitatively  in  the  shallow  level  below  ~0.2eV,  it  might  be  related  to  the 


existence  of  a  high  density  of  interface  states  near  Ec. 

We  have  investigated  the  influence  of  the  post-oxidation  process  on  the  dry  oxidized  MOS 
interface.  Figure  3  shows  the  high  frequency  C-V  curves  of  the  MOS  capacitors  prepared  by  dry 
oxidation  with  POA.  The  effect  of  H2  POA  is  contrary  to  that  of  wet  ROA.  For  n-type  MOS,  H2 
POA  shifted  the  C-V  curve  to  the  negative  bias  voltage,  while  wet  ROA  shifted  it  to  the  positive 
bias  voltage.  For  the  p-type  MOS,  the  change  of  AVft  of  the  C-V  curve  by  H2  POA  is  very  small 
(0.4V),  in  contrast,  wet  ROA  shifted  drastically  to  the  positive  bias  voltage  (16.6V)  as  shown  in 
Fig.3.  Figure  4  shows  the  Djt  energy  distribution  near  (a)  Ec  and  (b)  Evfor  the  MOS  interface 
prepared  by  dry  oxidation  with  POA.  H2  POA  decreased  the  Dit  near  Ec  effectively,  however,  it 
hardly  affected  the  Djt  near  Ev.  In  contrast,  wet  ROA  decreased  the  Dit  near  Ev,  and  increased  the  Dit 
near  Ec,  as  reported  by  Chung  et  al.  [11]. 

These  results  suggested  that  the  origin  of  the 


Dit  near  Ec  and  Ev  in  the  4H-SiC  bandgap  is  quite 
different.  Considering  the  influence  of  H2  POA 
and  wet  ROA  process  on  the  Dit,  we  suppose  that 
the  Dit  near  Ec  and  Ev  is  originated  in  the  dangling 
bond  and  the  carbon  related  species  at  the 
interface,  respectively.  Not  all  the  experimental 
results,  however,  can  be  explained  sufficiently  by 
this  model,  we  need  to  study  the  matter  further. 

(b)  MOSFETs 

We  have  also  investigated  the  relationship 
between  MOS  interface  and  MOSFET  properties. 
Gate  oxides  of  the  MOSFETs  prepared  by  wet 
oxidation,  dry  oxidation,  and  dry  oxidation  with 


Voltage  [V] 


H2  POA  were  compared.  The  values  of  threshold 
voltage  Vth,  field-effect  mobility  ji^,  saturation 


Fig.3  :  The  high  frequency  C-V  curves  for  the  MOS  mobility  Jlsat  and  low-field  mobility  are 
capacitors  prepared  by  dry  oxidation  with  POA.  summarized  in  Table  1 .  The  low  field  mobility  U,, 


0.1  0.2  0.3  0.4  0.5  0.6  0.7  0.7  0.6  0.5  0.4  0.3  0.2  0.1 


Ec-E  [eV]  E-Ev  [eV] 

Fig.  4  :  Post  oxidation  process  (H2  POA  and  wet  ROA)  dependence  of  the  energy  distribution  of  D„  in  the 
bandgap.  Gate  oxide  was  grown  by  dry  oxidation. 
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Table 1  The  values  of  threshold  voltage  and  channel  mobility  of  the  MOSFETs 


oxidation 

POA 

V,„  [V] 

^rJcmVV-s] 

|isaI  [cmVV-s] 

|i0  [cm2/V-s] 

wet 

- 

7.31 

7.07 

4.27 

10.0 

dry 

- 

3.78 

6.35 

3.70 

11.2 

dry 

H2  POA 

1.45 

7.63 

4.55 

19.4 

is  corrected  for  both  source  and  drain  resistance  as  well  as  the  mobility  reduction  due  to  the 
transverse  electric  field  [12].  The  values  of  Vth  and  ^  seem  to  have  a  strong  relation  to  the  Dit 
distribution  near  Ec  shown  in  Fig.4,  as  pointed  out  in  the  study  of  the  MOSFETs  using  various  SiC- 
polytypes.  [6,10].  In  strong  inversion,  electrons  are  trapped  by  the  Dit  near  Ec,  assumed  to  be  an 
acceptor-type,  and  the  Dit  is  negatively  charged,  resulting  in  forming  a  large  amount  of  scattering 
centers  for  mobile  electrons.  Therefore,  MOSFETs  having  lower  Dlt  near  Ec  exhibited  lower 
threshold  voltage  and  higher  channel  mobility.  H2  POA  reduced  the  Dit  near  Ec,  and  increased  p0  by 
about  twice  (11 .2  5 ►  19.4cm2 /V-s).  The  channel  mobility,  however,  is  still  far  from  the  value  of  the 
bulk  mobility  of  4H-SiC.  The  Dit  dispersion  near  Ec  seems  to  be  unchanged  even  after  H2  POA 
(Fig.4).  The  inherent  electron  traps  in  Si02  (near  interface  traps  [8])  may  prevent  the  improvement 
of  channel  mobility. 

Summary 

The  influences  of  the  gate-oxide  process  on  the  MOS  interface  and  MOSFET  properties  have  been 
investigated.  The  Dit  near  Ec  and  Ev  were  decreased  by  H2  POA  and  by  wet  ROA,  respectively.  The 
results  suggested  that  the  interface  state  density  D,t  near  Ec  and  Ev  have  different  origins.  The  lower 
Dit  near  Ec  of  the  MOS  interface  resulted  in  the  lower  threshold  voltage  and  higher  channel  mobility 
of  the  MOSFETs.  The  low- field  mobility  of  1 9.4cm W-s  was  obtained  for  the  MOSFET  with  a  gate 
oxide  processed  using  H2  POA. 
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Abstract 

We  have  observed  the  Si02/SiC  interfaces  formed  on  3.5°  and  8°  off-angle  6H-SiC  (0001)  and 
8°  off-angle  4H-SiC  (0001)  substrates  using  transmission  electron  microscopy  (TEM). 

The  step  structures  were  observed  even  after  the  oxidation.  It  was  found  that  the  number  of  Si-C 
bilayer  at  the  steps  increased  and  the  roughness  of  Si02/SiC  interface  became  large  as  the 
off-angle  increased.  Therefore,  it  is  considered  that  one  of  the  reasons  for  lower  channel  mobility 
for  4H-SiC  MOSFETs  fabricated  on  8°off-angle  SiC  substrate  is  due  to  rougher  Si02/SiC 
interface  compared  to  6H-SiC  MOSFETs  fabricated  on  3.5°off-angle  SiC  substrate. 

1.  Introduction 

SiC  is  expected  to  be  an  attractive  material  for  higher-power,  higher-temperature,  and 
higher-frequency  devices  compared  with  Si-based  devices.  Recently,  several  researchers  have 
carried  out  various  studies  on  SiC  devices  [1-3].  Power  MOSFETs  are  one  of  promising  candidates 
for  switching  devices  because  they  are  superior  to  bipolar  transistors  due  to  their  fast  switching 
speeds  and  low  switching  losses.  Theoretical  on-resistance  (Ron)  of  SiC  MOSFETs  is  predicted  to 
be  much  lower  than  that  of  Si  MOSFETs.  A  large  part  of  Ron  for  power  MOSFETs  is  dominated  by 
channel  resistance.  Therefore,  it  is  expected  that  the  channel  mobility  of  4H-SiC  MOSFETs  is 
higher  than  that  of  6H-SiC  MOSFETs  and  the  Ron  of  4H-SiC  MOSFETs  is  lower  than  that  of 
6H-SiC  MOSFETs  because  the  bulk  mobility  of  4H-SiC  is  higher  than  that  of  6H-SiC.  However, 
the  experimental  channel  mobility  of  4H-SiC  MOSFETs  fabricated  on  the  Si(0001)  face  is 
approximately  one  order  of  magnitude  lower  than  that  of  6H-SiC  MOSFETs.  In  Si  MOSFETs,  the 
channel  mobility  of  Si  MOSFETs  depends  on  both  the  electric  charge  and  the  roughness  at  the 
Si02/Si  interface.  The  channel  mobility  is  reduced  by  Coulomb  scattering  originating  from 
electrons  trapped  at  interface  states.  Some  groups  have  reported  the  interface  state  density  (Dit) 
near  the  conduction  band  of  4H-SiC  MOS  structures  is  much  higher  than  that  of  6H-SiC[4-6]. 
Therefore,  the  channel  mobility  of  4H-SiC  MOSFETs  is  lower  than  that  of  6H-SiC  MOSFETs. 
Moreover,  the  investigation  of  the  Si02/SiC  interface  structure  is  very  interesting  because  the 
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surface  roughness  lowers  the  channel  mobility  as  mentioned  above.  Usually,  the  6H-  and  4H-SiC 
MOSFETs  are  fabricated  on  3.5°  and  8°  off-angle  SiC  (0001)  substrates,  respectively.  The 
off-angle  might  affect  strongly  Si02/SiC  interface  structures  and  the  channel  mobility. 

In  this  paper,  we  have  investigated  the  Si02/SiC  interface  formed  on  3.5°  and  8°  off-angle 
6H-SiC  (0001)  and  8°  off-angle  4H-SiC  (0001)  substrates  using  transmission  electron 
microscopy  (TEM). 


2.  Experimental 

3.5°  and  8°  off-angle  6H-SiC  (0001)  and  8°  off-angled  4H-SiC  (0001)  substrates  with  a  4.9pm 
thick  n-type  epitaxial  layer  were  purchased  from  Cree  Research.  The  samples  were  3.5°  or  8° 
off-angle  from  Si(0001)  face  toward  to  [1120].  After  the  standard  RCA  cleaning,  a  sacrificial 
oxidation  was  performed  at  1200°C  in  dry  02,  and  then  sacrificial  oxide  films  were  removed  by 
5%  HF  solution.  Gate  oxide  films  were  thermally  grown  at  1200°C  for  2.5  hours  in  dry  02. 
After  oxidation,  samples  were  cooled  down  gradually  in  Ar(l.lxl05  Pa  ).  Furthermore,  samples 
were  annealed  in  hydrogen  (l.lxlO5  Pa  )  at  800°C  for  30  min.  The  Si02/SiC  interfaces  were 
observed  from  [1100]  direction  using  TEM. 


3.  Results  and  discussion 

Kimoto  et  al.  have  reported  the  step  structures  on  the  surface  of  SiC  substrate.  They  found  that 
there  exist  macrosteps  with  a  terrace  width  of  220nm  to  280nm  and  a  step  height  of  3nm  to  6nm 
on  Si(0001)  face[7].  Figures  1,2  and  3  show  the  typical  cross-sectional  TEM  images  of  Si02/SiC 
interface  formed  on  3.5°  and  8°  off-angle  6H-SiC  (0001)  and  8°  off-angle  4H-SiC  (0001) 
substrates,  respectively.  The  step  structures  exist  even  after  the  oxidation  as  shown  in  Figs  1,2  and 
3.  The  steps  are  indicated  by  the  white  arrows  in  these  figures.  The  average  numbers  of  Si-C 
bilayer  at  steps  and  the  terrace  widths  are  summarized  in  Table  1 .  The  average  number  of  Si-C 
bilayers  at  steps  are  approximately  1  and  2  for  the  Si02/SiC  interface  formed  on  3.5°  and  8° 
off-angle  SiC  (0001)  substrates,  respectively.  The  average  terrace  widths  at  Si02/SiC  interface 
formed  on  3.5°  and  8°  off-angle  SiC  (0001)  substrates  are  5nm  and  3nm,  respectively.  The 
average  number  of  Si-C  bilayer  at  the  Si02/SiC  interface  increases  and  the  average  terrace  width 
decreases  with  increasing  the  off-angle.  The  Si02/SiC  interface  formed  on  3.5°off-angle  6H-SiC 
(0001)  substrate  is  much  smoother  than  those  on  8°off-angle  4H-SiC  (0001)  substrate.  Therefore, 
there  is  a  possibility  that  lower  channel  mobility  for  4H-SiC  MOSFETs  fabricated  on  8°off-angle 
SiC  substrate  is  due  to  rougher  Si02/SiC  interface  compared  to  6H-SiC  MOSFETs  fabricated  on 
3.5°off-angle  SiC  substrate. 
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Fig.  2  Typical  cross-sectional  TEM  image  for  the  SiCVSiC  interface 
formed  on  8°  off-angle  6H-SiC  (0001)  substrate. 
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Fig.  3  Typical  cross-sectional  TEM  image  for  the  SiCVSiC  interface 
formed  on  8°  off-angle  4H-SiC  (0001)  substrate. 
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Table  1  Average  number  of  Si-C  bilayers  at  step  and  terrace  width 


Average  terrace  width 

Si02/3.5°off-angle  6H-SiC  interface 

1 

5  nm 

Si02/8°off-angle  6H-SiC  interface 

~2 

3  nm 

Si02/8°off-angle  4H-SiC  interface 

~2 

3  nm 

4.  Conclusion 

We  have  investigated  the  Si02/SiC  interfaces  formed  on  3.5°  and  8°  off-angle  6H-SiC  (0001) 
and  8°  off-angle  4H-SiC  (0001)  substrates  using  TEM.  The  step  structures  were  observed  even 
after  the  oxidation.  The  number  of  Si-C  bilayers  at  the  steps  and  the  Si02/SiC  interface  roughness 
increased  as  the  off-angle  increased.  The  Si02/SiC  interface  roughness  affects  the  channel  mobility 
of  SiC  MOSFETs  on  the  analogy  of  Si  MOSFET.  Therefore,  it  is  very  important  to  investigate  the 
relationship  between  the  off-angle  and  the  channel  mobility. 
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Abstract.  This  paper  deals  with  the  utilization  of  deposited  oxides  as  gate  dielectrics  for  MOSFETs  on  41-l¬ 
and  6H-SiC  using  the  remote  (R)  PECVD  technique.  In  a  first  step  RPECVD  oxides  have  been  optimized  by 
investigating  planar  MOS-diodes.  Then  the  electric  field  strength  of  the  optimized  oxides  has  been  analyzed 
in  trench  structures.  A  process  for  recessed-channel  (RC)  MOSFETs  was  developed,  showing  the  general 
suitability  of  RPECVD  oxide  for  trench  gate  structures  on  SiC.  Finally,  RPECVD  oxides  are  compared  to 
thermal  oxides  after  supplying  DC-stress  to  not  self  aligned  (notSA)  MOSFETs. 

Introduction 

Among  the  most  promising  properties  of  SiC,  the  possibility  to  oxidize  this  material  to  Si02  plays  a  central 
role  from  a  technology  point  of  view.  On  the  way  to  a  SiC-based  MOS-technology  the  microscopic  mecha¬ 
nism  of  oxidation  has  to  be  investigated  thoroughly.  Although  the  oxidation  rate  and  interface  quality  is  still 
quite  poor  compared  to  silicon,  recently  achieved  progress  opened  the  way  to  interesting  technical  solutions 
[1,2].  Specifically,  the  problems  of  the  low  oxidation  rates  and  the  anisotropy  encountered  can  been  over¬ 
come  using  deposited  oxide  instead  of  thermally  grown  ones.  The  deposition  technology  is  critical  for  the 
fabrication  of  U-MOSFETs  or  RC-MOSFETs  on  the  Si-face  of  SiC  wafers. 

Remote  PECVD  oxide 

It  has  already  been  found  on  MOS  capacitors,  that  oxide  deposited  by  the  RPECVD  technique  exhibits  a  low 
density  of  SiC/Si02  interface  states  and  fixed  oxide  charges  after  subsequent  heat  treatments  in  inert  gas 
and/or  hydrogen  [3].  On  the  basis  of  these  results  our  process  was  adapted  to  a  commercial  RPECVD 
reactor,  suitable  for  the  deposition  of  high  quality  gate  oxide  on  silicon  [4]. 


Table  1:  Process  sequence  for  the  realization  of  high  quality  remote  (R)  PECVD  oxide  on  SiC. 


No. 

Process 

Gas 

Temp. 

[°C] 

time 

[min] 

Equipment 

Purpose 

1 

plasma  pre-cleaning 

h2 

250 

10 

RPECVD 

Smoothening,  reduction  of  C 

2 

plasma  pre-oxidation 

o2 

250 

0.5 

RPECVD 

Definition  of  the  interface 

3 

oxide  deposition 

SiH4/  02 

250 

16 

RPECVD 

Deposition  of  the  Si02-layer 

4 

post  deposition  annealing 

Ar 

1150 

20 

Furnace 

Reorganization,  COx  out-diffusion 

5 

re-oxidation 

o2/h2o 

950 

60 

Furnace 

Compensation  of  oxygen  deficits 

In  contrast  to  previous  results  [5]  the  post  deposition  treatment  was  finished  by  a  re-oxidation  (ReOx)  in¬ 
stead  of  a  post  deposition  annealing  (PDA)  in  inert  gas,  resulting  in  less  negative  flat  band  voltages  Vft  on  p- 
type  SiC  (Fig.  2).  In  order  to  keep  the  post  deposition  treatment  as  short  as  necessary,  a  PDA  time  of  20  min 
and  a  re-oxidation  duration  of  60  min  were  chosen.  Extensive  investigations  on  MOS-capacitors  indicate 
that  for  these  times  the  major  effect  on  the  defect  reduction  has  taken  place.  RPECVD  oxide  treated  like  this 
exhibits  a  total  charge  density  of  Nf  =  lxl  012  cm'2,  as  calculated  from  the  Vfb  shift  of  MOS-diodes  on  p-type 
4H-  and  6H-SiC.  If  not  indicated  differently,  RPECVD  oxide,  considered  here,  is  fabricated  in  this  way. 
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MOS-diodes  fabricated  with  RPECVD  oxide  exhibit  break  down  electric  fields  of  9.5  MV/cm,  being  a 
little  inferior  to  those  with  thermal  oxide  (10  MV/cm).  In  the  Fowler-Nordheim  (FN)  regime  (1.27  10'6 
A/cm2,  8  MV/cm)  and  after  an  injected  charge  density  of  lxlOl7cm'2  the  MOS-diodes  show  a  degradation  of 
AVfb  =  -6  V  and  -4.5  V  on  4H-  and  6H-SiC,  respectively.  Thus  the  density  of  hole  traps,  responsible  for  the 
negative  voltage  shift  is  in  the  same  order  as  for  a  wet  thermal  oxide  without  any  subsequent  annealing  [6]. 


U-MOS  structures 


To  develop  a  MOS-System  for  U-MOSFETs  on  the  preferred  Si-face,  RPECVD  oxide  was  investigated  in 
trench  structures  on  n-type  6H-SiC  wafers  etched  by  an  ECR-RIE  process.  In  the  case  of  silicon  the  deposi¬ 
tion  technique  used  is  suitable  to  obtain  a  good  vertical  coverage  with  a  ratio  of  55  %  relative  to  the  horizon¬ 
tal  surface,  in  trenches  being  100  nm  wide  and  200  nm  deep  [4].  On  SiC  trenches  were  investigated  down  to 
2  pm  width  and  2.6  pm  depth.  An  example  of  the  oxide  thickness  profile  is  shown  in  Fig  1.  The  oxide 
thickness  was  estimated  from  a  high  resolution  SEM  image.  The  profile  indicates  a  ratio  of  66  %  which  is 
ideal  for  U-MOSFETs  and  besides  superior  to  that  of  thermal  oxide  on  the  Si-face  of  SiC  wafers. 
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Fig.  1  left:  Rolled-off  gate-trench  profile  of  Remote-PECVD  oxide  and  right:  FN-plot  of  MOS-capacitors  on 

n-type  6H-SiC  compared  to  [  1 1 ,  1 2]  giving  an  Oeff  =  2.7  eV  for  lateral  and  2.5  eV  for  vertical  structures 

In  order  to  test  the  electric  field  strength  of  trench-MOS  structures,  IV-measurements  have  been  perfor¬ 
med  on  n-doped  polysilicon  MOS-diodes  (5x1 0'4  cm2)  separately  placed  on  the  surface  and  the  etched  trench 
bottom  as  well  as  on  completely  covered  trenches  (vertical  area:  1.9x1 0'4  cm2).  The  lateral  oxide  thickness 
was  42  nm,  as  determined  by  HFCV-measurements.  Lateral  and  vertical  structures  sustain  electric  fields 
between  9.2  and  9.5  MV/cm.  The  FN-plot  data  shown  in  Fig.  1  have  been  extracted  through  the  formula 

■JV  =  (V(B0-3-ft)/4  •  (2  •  q  ■  ml )“'  f' eV  =  0,79944  •  10s  •  (S0  eV  .  (I ) 

0eff  is  the  effective  barrier  height  for  electrons,  - B0  is  the  slope  of  the  FN  straight  line,  ti  is  the  Planck’s 
constant,  q  is  the  electronic  charge  and  m0*  is  the  effective  electron  mass  in  the  oxide  ( 0.42  m0).  Lateral 
structures  on  the  surface  as  well  as  on  the  bottom  reveal  0eff=  2.7  eV,  which  is  comparable  to  previously 
published  results  [12].  The  vertical  barrier  height  of  2.5  eV  deviates  from  results  published  in  [11],  which  is 
probably  caused  by  the  better  electrical  properties  of  thermal  oxide  used  there. 

Recessed-Channel  (RC)  MOSFETs 

RC-MOSFETs  [7]  have  been  developed  for  two  reasons:  first  to  circumvent  the  problem  arising  with  the  im¬ 
plantation  and  activation  of  the  source/drain-regions  and  second  to  test  deposited  oxide  in  trench  gate  struc¬ 
tures.  RC-MOSFETs  were  fabricated  using  the  same  mask  set  and  almost  the  same  process  sequence  as  des¬ 
cribed  for  notSA-MOSFETs  elsewhere  [8].  In  contrast  to  these  transistors,  the  source  and  drain  regions  of 
the  RC-MOSFETs  were  realized  by  etching  (RIE)  through  the  top,  700  nm  thick,  lxlO19  cm'3  n-doped  epi- 
layer,  resulting  in  n+  source  and  drain  mesas  on  the  4.5xlOl6cm"3  Al-doped  second  epitaxy  grown  on  a 
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2.5x1 018  cm'3  p-dopted  6H-SiC  substrate.1  The  junction  depth  was  estimated  by  SEM  cross-section  images 
and  interference  microscope  to  be  dj  =  -100  nm.  The  RIE  mask  consisted  of  deposited  SiC>2,  structured  by 
AF-etch,  resulting  in  smooth  edge  profiles,  and  thus  avoiding  problems  with  tearing-off  metal  contacts. 

The  two  RC-MOSFET  samples  considered  differ  in  the  order  of  the  post  deposition  treatment  (PDA  and 
ReOx)  of  the  30  nm  thin,  deposited  gate  oxide  (Table  1,  Fig.  2).  Both  devices  have  a  reduced  on-resistance 
Rds(oii)  compared  to  previously  published  results  [8,  9].  A  plot  of  Ros(on)  versus  Lgeo  for  different  VGs  gives  a 
parasitic  series  resistance  times  gate  width  of  Rs-W  =  65  Q-mm  .  The  dominating  part  for  small  gate  length 
devices  is  the  shift  layer  resistance  between  source/drain  and  channel  (Rsh  =  234  Q/fl),  whereas  contact  and 
especially  transition  resistance  play  a  minor  role. 


V3SM 


Fig.  2  left:  Output-  and  right:  Transfer-characteristic  and  gate-capacitance  C/Cox  vs.  gate-source  voltage  VGs 
of  RC-MOSFETs  with  different  order  of  subsequent  PDA  and  ReOx. 

The  transfer  characteristic  and  gate  capacitance  (Fig.  2  right)  of  the  two  RC-MOSFETs  give  evidence  for 
two  gate  oxide  states  analogous  to  [8]:  a  non  passivated  (with  a  final  PDA)  and  a  better  passivated  (with  a  fi¬ 
nal  ReOx).  The  passivation  of  interface  defects  (mainly  deep  donor-like  interface  states)  leads  to  flat  band 
and  threshold  voltages  being  closer  to  the  ideal  value.  Furthermore,  for  passivated  RPECVD  oxide  the  hig¬ 
her  sub-threshold  swing  indicates  a  higher  density  of  interface  traps  at  the  onset  of  week  inversion.  On  the 
other  hand,  since  the  mobility  is  extracted  above  Vt  [13],  likewise  in  strong  inversion,  both  mobility  values 
do  not  differ  a  lot  (p0  =  20±1  cm2/Vs).  Therefore  it  is  obvious,  that  the  carrier  transport  in  the  inversion  layer 
is  not  affected  by  the  passivation  of  donor-like  interface  traps.  This  is  in  agreement  with  the  recently 
proposed  asymmetrical  Dit  distribution  [10].  As  a  result,  on  SiC  n-channel  MOSFETs  are  mainly  affected  by 
a  very  high  density  of  acceptor  like  states  in  the  upper  half  of  the  band  gap.  Additionally,  taking  into  account 
the  higher  substrate  doping  [10]  of  the  RC-MOSFETs,  their  mobility  is  not  inferior  to  the  one  of  notSA- 
MOSFETs  with  RPECVD  oxide  (NA-ND  =  7x1 015  cm'3,  p0  =  25  cm2/Vs)  considered  in  the  next  paragraph. 
Consequently,  the  RC-MOSFETs  indicate  no  additional  such  as  etch  induced  interface  defects. 

DC-Stress  in  notSA-MOSFETs 

The  stress  conditions  were  chosen  so  that  an  obvious  degradation  could  be  expected.  The  MOSFETs  under 
investigation  were  not  self  aligned  (notSA)  with  an  oxide  thickness  between  36  and  39  nm  and  an  effective 
gate  length  of  2.65  pm,  as  determined  by  a  plot  of  RDs(on)  versus  the  nominal  gate  length  for  different  VGS. 
The  drain-source  voltage  was  set  to  VDs  =  30  V,  ensuring  a  high  lateral  electric  field,  while  at  the  same  time 
remaining  well  below  the  blocking  voltage  of  Vb  =  45  V.  With  the  aim  of  degrading  the  device  by  hot  carrier 
injection,  VGS  was  adjusted  at  the  point  of  maximum  substrate  current  Isub  =  1  ±0.1  pA,  resulting  in  values 
of  vGS  =  1 0  ±  1  V  for  the  different  devices.  Fig.  3  shows  the  results  of  DC-stress  experiments  performed  on 
notSA-MOSFETs.  Plotted  is  the  shift  of  two  characteristic  parameters,  mobility  p0  and  threshold  voltage 
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654 


Silicon  Carbide  and  Related  Materials 


versus  the  accumulated  stress  duration.  The  parameters  were  extracted  from  ID-VGs  curves  (VD  =  50  mV) 
[13],  taken  at  the  stress  temperature  after  successively  applying  DC-stress  for  0,  10,  50  and  520  min. 


L  tminl 


tstr  [min] 


Fig.  3:  Mobility  p0  and  Threshold  V,  shift  vs.  duration  of  DC-stress  ts(r  at  22°C  (left)  and  200°C  (right)  for 
notSA-MOSFETs  with  RPECVD  (open)  and  thermal  oxide  (filled)  on  4H-  (square)  and  6H-SiC  (hexagon). 

Independent  of  the  stress  temperature  all  measurements  show  qualitatively  the  same  behavior,  which  is 
quantitatively  more  distinct  for  200°C.  Both  mobility  and  threshold  shift  indicate  a  characteristic  behavior 
which  is  continuously  changing  from  thermal  oxide  on  6H-SiC  to  deposited  oxide  on  4H-SiC.  For  instance 
in  MOSFETs  with  thermal  oxide  on  6H-SiC  stressed  at  RT,  two  reactions  can  be  distinguished:  an  initial 
mobility  increase  (threshold  decrease)  followed  by  a  continuous  mobility  and  threshold  degradation.  We  be¬ 
lieve  these  two  competing  processes  to  be  present  in  all  devices.  While  for  MOSFETs  with  thermal  oxide  on 
6H-SiC  stressed  at  200°C  the  first  process  is  dominating,  devices  on  4H-SiC  with  RPECVD  oxide  show  a 
continuous  degradation  right  from  the  beginning.  The  physical  reason  for  the  first  process  is  attributed  to  a 
decrease  in  states  close  to  the  interface,  reducing  the  mobility  by  trapping  and  detrapping  electrons.  This  as¬ 
sumption  is  supported  by  the  observation  that  the  threshold  voltage  is  not  changing,  indicating  an  equal  am¬ 
ount  of  fixed  charges  which  reduces  the  mobility  by  Coulomb  scattering.  The  second  (degradation)  process 
is  attributed  to  the  creation  of  interface  traps  and  fixed  charges  affecting  both  mobility  and  threshold. 

Conclusions 

Remote  PECVD  oxide  has  been  optimized  on  p-type  4H-  and  6H-SiC  resulting  in  a  two  step  post  deposi¬ 
tion  treatment:  10  min  POA  at  1 150°C  followed  by  60  min  ReOx  at  950°C.  This  oxide  was  investigated  in 
trenches,  showing  an  almost  ideal  coverage,  best  suitable  for  the  development  of  U-MOSFETs.  The  optimi¬ 
zed  RPECVD  oxide  sustains  electric  fields  of  up  to  9.5  MV/cm  on  the  initial  lateral  as  well  as  on  etched 
surfaces.  Moreover,  RC-MOSFETs  have  been  designed,  fabricated  and  tested,  indicating  no  additional  such 
as  etched  induced  interface  defects.  Finally,  DC  stress  was  supplied  to  notSA-MOSFETs  showing  stable 
operation  up  to  200°C  for  thermal  and  a  distinct  degradation  for  RPECVD  oxide,  especially  on  4H-SiC. 
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Abstract 

Nitrogen  passivates  SiOr-Si  interface  by  creating  interfacial  Si=N  bonds.  While  the  same  effect  is 
observed  in  the  case  of  SiC,  there  is  a  growing  evidence  that  nitrogen  plays  an  additional  role  at  the 
Si02-SiC  interface,  which  relates  to  more  efficient  removal  of  carbon  from  the  interface. 
Indications  for  the  existence  of  this  effect  evolved  from  earlier  atomic-force  microscope  (AFM)  and 
x-ray  photoelectron  spectroscopy  (XPS)  analyses.  This  paper  adds  new  effects  by  comparing  the 
rates  of  oxide  growth  in  N0/N20  and  the  associated  secondary-ion-mass-spectroscopy  (SIMS) 
profiles  of  nitrogen  for  the  cases  of  Si  and  SiC  substrates.  The  assumption  that  the  nitrogen  is 
involved  in  carbon  removal  from  the  interface  can  explain  the  experimentally  observed  differences 
in  both  nitrogen  concentrations  at  the  interfaces  and  relative  growth  rates. 


Introduction 

Thermal  oxidation  is  the  only  process  known  to  lead  to  MOSFET-quality  dielectric-semiconductor 
interface.  This  fact  and  the  unique  electrical  properties  of  Si02  are  the  main  reasons  for  the  long- 
lasting  dominance  of  silicon  over  many  other  semiconductor  materials,  with  apparently  better  bulk 
properties.  Thermal  oxidation  of  SiC  also  leads  to  creation  of  Si02  at  the  surface,  and  in  addition  to 
that,  SiC  is  a  wide  energy-gap  material  with  superior  bulk  parameters  compared  to  silicon. 
However,  the  release  of  carbon  during  thermal  oxidation  of  SiC  appears  as  an  inherent 
disadvantage.  Presence  of  carbon  at  the  interface  has  been  identified  as  a  reason  for  unfavourable 
electrical  properties  of  the  Si02-SiC  interface  [1]. 

Our  recent  investigation  of  electrical  and  physical  properties  of  NO-nitrided  Si02-SiC  interface 
have  indicated  the  possibility  that  carbon  is  more  efficiently  removed  from  the  interface  in  the  case 
of  the  nitrided  samples  [2,3].  However,  there  is  a  belief  that  nitrogen  is  unlikely  to  react  with  carbon 
to  remove  it  from  the  interface.  In  this  paper,  we  report  two  additional  effects  and  systematize  the 
growing  indication  that  there  is  a  nitrogen-assisted  removal  of  carbon  from  nitrided  Si02-SiC 
interfaces. 

Experimental  Details 

Silicon  faced,  8°  off-axis,  n-type  4H-SiC  wafer,  purchased  from  CREE  research,  was  used  in  this 
experiment.  The  SiC  substrate  had  a  2.0  pm  epitaxial  layer  grown  on  a  heavily  doped  substrate.  The 
nitrogen  doping  concentration  of  the  epilayer  was  8xlOf5  cm'3.  The  silicon  wafer  used  in  the  present 
work  was  n-type,  (100)  oriented,  with  resistivity  of  0.6- 1.0  Hem.  The  Si  and  SiC  wafers  were  first 
cleaned  in  a  mixture  of  H2S04  and  H202  followed  by  an  RCA  clean,  and  immediately  prior  to 
oxidation,  dipped  in  a  1%  HF  for  20  sec.  Si  and  SiC  samples  were  oxidized  in  a  conventional  tube 
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furnace  at  1100°C  for  different  times  in  02i  NO,  and  N2O  ambient.  Oxide  thicknesses  were 
determined  from  the  high  frequency  capacitance  in  accumulation.  Secondary  ion  mass  spectroscopy 
(SIMS)  analysis  was  also  performed  to  obtain  nitrogen,  oxygen,  silicon,  and  carbon  profiles.  To 
give  high  depth  resolution  and  reduce  matrix  and  knock-on  effects,  SIMS  data  were  acquired  using 
a  low  energy  (.5  keV)  Cs+  ion  bombardment  while  monitoring  clustered  secondary  species  of  the 
form  M+Cs. 

Results  and  Discussion 

Table  1  lists  the  indications  for  nitrogen-assisted  removal  of  carbon  from  the  Si02-SiC  interface. 
Let  us  first  summarize  the  two  already  published  effects.  Tanner  et  al  [2]  presented  SIMS  profiles 
of  carbon  at  the  Si02-SiC  interface  in  samples  with  post-oxidation  annealing  in  either  NO  or  Ar. 
The  comparison  revealed  a  significantly  sharper  carbon  profile  in  the  case  of  NO  annealed 
(nitrided)  samples.  Associated  atomic-force  microscopy  (AFM)  images  established  that  interface 
protrusions  existed  in  the  Ar-annealed  samples,  but  they  did  not  exist  in  the  NO-annealed  samples. 
Correlating  these  results  with  independent  conclusions  that  carbon  clusters  could  be  formed  at  the 
interface  [1],  it  was  concluded  that  the  AFM-observed  protrusions  and  the  SIMS-observed  stretch 
out  of  the  carbon  profile  were  due  to  carbon  clustering  at  the  interface  of  Ar-annealed  samples.  The 
fact  that  identical  samples  did  not  have  the  carbon  clustering  when  annealing  in  NO  was  performed 
indicated  that  either  nitrogen  or  NO  were  involved  in  a  process  of  carbon  removal. 


Table  1  Effects  indicating  nitrogen  involvement  in  the  process  of  carbon  removal  from  SiC>2-SiC 
interface 

Brief  Description 

Reference 

•  Atomic  Force  Microscopy  reveals  that  NO  nitridation  removes  carbon  clusters 
from  the  Si02-SiC  interface 

[2] 

•  XPS  binding-energy  analysis  indicates  existence  of  C-N  bonds  near  the  Si02- 
SiC  interface 

[3] 

•  Normalization  of  the  oxide-growth  rates  in  nitrogen-rich  environments  (NO  and 
N20)  by  the  growth  rate  in  dry  02  shows  a  higher  reaction-rate  constant  in  SiC 
compared  to  Si,  indicating  existence  of  a  carbon-nitrogen  interaction 

•  Lower  nitrogen  concentration  at  the  Si02-SiC  interface  (according  to  NRA  [4], 

this  paper 

SIMS  and  XPS  analyses)  can  be  explained  by  the  nitrogen  involvement  in 
carbon  removal  from  the  Si02-SiC  interface 

this  paper 

The  second  indication  comes  from  X-ray  photoelectron  spectroscopy  (XPS)  analysis  of  NO  and  Ar 
annealed  MOS  structures  on  SiC  [3].  It  was  demonstrated  that  a  less  complex  Si02-SiC  interface, 
free  of  oxide-carbon  compounds,  was  achieved  by  NO  annealing  compared  to  the  Ar-annealing 
process.  Moreover,  two-peak  XPS  spectrum  of  nitrogen  at  the  interface  of  the  NO-annealed  samples 
was  observed.  It  was  established  that  one  of  the  peaks  corresponds  to  Si=N  bonds,  whereas  binding 
energy  analysis  led  to  assumption  that  the  second  peak  is  due  to  N-C  bonds.  Therefore,  Li  et  al  [3] 
speculated  that  NO  nitridation  is  removing  interface  carbon,  reducing  the  imperfections  at  the  SiC- 
Si02  interface. 

In  this  experiment,  we  analyse  the  growth  rates  and  SIMS  profiles  of  oxides  grown  in  NO,  N20, 
and  02  on  both  Si  and  SiC.  Table  2  presents  the  linear  growth  rates  for  all  the  samples.  In  addition 
to  that,  relative  growth  rates  in  NO  and  N20,  with  respect  to  the  growth  rates  in  dry  02,  are 
determined  and  also  presented  in  Table  2.  It  can  be  seen  that  the  relative  growth  rates  are  about 
three  times  as  high  for  the  case  of  SiC  substrate  compared  to  Si  for  either  nitrogen-rich  ambient: 
NO  and  N20. 
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Table  2  Absolute  and  relative  linear-growth  rates  of  oxide  on  Si  and  SiC  at  110(fC  for  three 
different  oxidizing  ambient :  02,  N2O,  and  NO. 


Silicon 

Silicon  carbide 

(dx/dt)02  [nm/min] 

9.6  [5] 

0.1 

(dx/dt)N2o  [nm/min] 

0.77  [6] 

0.022 

(dx/dt)m  [nm/min] 

0.6 

0.01875 

(dx!  dt)N0 

0.0625 

0.1875 

(dx/dt)m 

(dx!  dt)N  20 

0.0802 

0.22 

(dx!  dt)02 

The  extended  Deal-Grove  oxidation  model,  which  includes  so-called  growth  sites ,  can  provide  an 
insight  into  this  effect.  The  extended  equation  for  the  linear-growth  rate  (dx/dt=B/A)  is  expressed  as 


[5,6]: 


dx  _  B  _  r  Co 
dt  A  Cox 


(1) 


where  Co  and  Cox  are  the  concentrations  of  the  oxidizing  species  at  the  interface  and  at  the  surface 
of  the  oxide,  respectively,  r  is  a  reaction  constant  independent  of  the  concentration  of  growth  sites, 
and  Cgr  is  the  concentration  of  growth  sites.  The  values  of  Co  and  Cox  are  the  same  for  both  cases 
(assuming  identical  oxide  properties  on  both  Si  and  SiC),  and  the  initial  growth-site  concentration 
and  the  rate  of  nitrogen  capture  by  the  growth  sites  [5]  should  be  approximately  the  same. 
Therefore,  the  most  likely  reason  for  the  increased  relative  growth  rate  of  oxide  on  SiC  is  a  relative 
increase  in  the  reaction  constant  r  due  to  the  existence  of  carbon.  Note  that  the  words  "relative 
increase"  and  "increased  relative  growth"  basically  mean  that  less  pronounced  nitrogen-related 
growth  retardation  is  observed  in  the  case  of  SiC.  Either  description  relates  to  existence  of  a 
nitrogen-related  mechanism  at  the  Si02-SiC  interface,  which  has  opposite  effect  to  the  single 
passivating  mechanism  (growth  retardation)  observed  in  silicon.  The  obvious  difference  between  Si 
and  SiC  is  the  existence  of  carbon  at  the  interface,  so  it  can  be  assumed  that  carbon  is  involved  in 
the  additional  nitrogen-related  mechanism.  Finally,  SIMS  depth  profiles  of  oxygen  and  nitrogen  are 
compared  in  Fig.  1  for  the  cases  of  oxides  grown  in  NO  on  Si  and  SiC  substrates.  The  interface 
regions  for  the  Si  and  SiC  samples  were  aligned  using  normalised  oxygen  profiles.  The  depth  scale 
for  the  SIMS  profile  was  established  from  the  sputtering  rate,  converted  to  thickness  based  on  the 
oxide  thickness  obtained  from  the  accumulation  capacitances  and  the  point  on  the  profiles  where 
the  oxygen  and  the  carbon  profiles  intersect.  The  results  show  that  there  is  no  other  difference  in  the 
nitrogen  profiles  but  the  intensity  of  the  nitrogen  peak.  Recently  published  data  obtained  by  nuclear 
reaction  analysis  (NR A),  for  the  case  of  Si02-SiC  interface  annealed  in  NO  at  a  pressure  of  10 
mbar  for  either  1  or  4  hr,  indicate  an  order  of  magnitude  lower  atomic  concentration  of  nitrogen 
compared  to  Si02-Si  treated  in  identical  way  [4].  This  is  in  a  good  correlation  with  the  SIMS 
results  shown  in  Fig.  1  and  the  earlier  published  XPS  analyses  [2,7].  It  can  be  assumed  that  the 
initial  concentration  of  growth  sites  (Cgr)  is  approximately  the  same  for  Si  and  SiC,  as  the  density 
of  surface  silicon  atoms  is  about  the  same.  In  addition  to  that,  it  is  quite  obvious  that  the 
concentration  of  the  nitridizing  species  at  the  interface  is  the  same  in  either  case.  However,  the 
difference  in  the  concentration  of  nitrogen  incorporated  at  the  Si02-Si  and  Si02-SiC  interfaces 
shows  a  lower  effective  rate  of  growth-site  neutralization  by  nitrogen. 

Given  that  the  growth  sites  should  capture  nitrogen  at  about  the  same  rate  at  either  interface,  we  can 
only  conclude  that  there  is  an  enhanced  nitrogen  release  in  the  case  of  SiC.  This  can  be  explained 
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by  the  assumed  nitrogen-carbon  reaction,  which  removes  both  some  nitrogen  and  carbon  from  the 
interface.  Looking  at  possible  mechanism  between  nitrogen  and  carbon,  standard  enthalpy  of 
formation  of  complex  oxygen/nitrogen/carbon  compounds  CO,  HOCN,  and  HCN  are  -27.37 
kcal/mol,  -4.03  kcal/mol,  and  +30.59  kcal/mol  respectively  at  1100°C.  It  can  be  speculated  here  that 
HCN  formation  is  most  unlikely,  however  HOCN  might  be  a  possibility  as  it  releases  energy. 


Figure  L  Normalised  oxygen  and  nitrogen  profiles  at  the  oxide-semiconductor  interface,  for  the 
cases  of  oxide  grown  on  Si  in  NO  at  HOCfCfor  20  min  (solid  circles)  and  oxide  grown  on  SiC  in 
NO  at  110(f  Cfor  1.5  h  (open  triangles) 

Conclusion 

In  analogy  with  the  effects  of  nitridation  of  gate  oxides  in  Si  technology,  it  was  established  that 
nitrogen  provides  passivating  effects  at  the  Si02-SiC  interface.  However,  there  is  a  growing 
evidence  that  the  nitrogen  plays  an  additional  role  in  the  case  of  SiC  —  assistance  with  the  removal 
of  carbon  from  the  interface.  As  the  exact  mechanism  remains  unclear,  it  is  important  to  present  all 
the  existing  evidence,  achieved  by  different  and  independent  techniques.  This  paper  adds  some  new 
effects  and  systematizes  the  existing  indication  for  nitrogen-assisted  removal  of  carbon  from  the 
Si02-SiC  interface  as  follows:  (1)  NO  nitridation  can  remove  carbon  clusters  from  the  interface,  (2) 

XPS  indicates  existence  of  C-N  bonds,  and  (3)  the  concentration  of  growth  sites  neutralized  by 
nitrogen  is  reduced,  and  the  relative  (nitrogen  related)  growth  rate  is  increased  in  SiC. 
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Abstract 

During  oxidation  of  SiC  small  graphitic  carbon  islands  are  known  to  form  at  the  Si02/SiC  interface. 
The  parameters  influencing  the  stability  of  these  islands  are  not  known  and  due  to  the  small  size  of 
the  carbon  islands  it  is  extremely  difficult  to  investigate  this  problem  directly.  Therefore  we  have 
deposited  a  graphitic  amorphous  carbon  (a-C)  layer  onto  high  quality  Si02  and  investigated  the 
indiffusion  of  carbon  into  Si02.  We  have  found  that  if  the  oxygen  contamination  of  the  a-C  layer  is 
negligible,  no  carbon  enters  the  oxide  up  to  the  highest  temperature  we  investigated  (1190°C).  This 
means  that  in  an  oxygen-poor  environment  the  carbon  islands  can  not  be  dissolved  at  the  usual 
temperature  of  SiC  oxidation.  We  find  however  that  if  the  a-C  layer  is  prepared  with  oxygen 
contamination,  carbon  enters  into  Si02  already  at  1 140°C.  The  outdiffusion  of  carbonaceous  species 
(probably  CO)  is  very  fast  at  this  temperature.  Therefore,  the  stability  of  the  carbon  islands  at  the 
Si02/SiC  interface  must  be  controlled  by  the  availability  of  oxygen. 


1.  Introduction 

One  of  the  advantages  of  SiC  as  a  base  material  for  a  future  generation  of  power  electronic 
devices  that  it  has  a  passivating  native  oxide:  Si02.  The  quality  of  the  Si02/SiC  interface  is,  however, 
far  from  that  achieved  in  silicon  technology.  A  main  cause  for  electrically  active  interface  states  is  the 
formation  of  carbon  islands  at  the  interface1’2  Oxygen  reaching  the  SiC  through  the  growing  oxide 
reacts  with  silicon  to  form  Si02,  while  carbon  is  removed.  The  way  carbon  leaves  the  interface  is  not 
well  understood.1'3  It  is  possible  that  carbon  outdiffusion  is  hindered  causing  carbon  excess  at  the 
interface.  In  a  study  of  oxygen  and  carbon  diffusion  through  the  Si02  layer  during  thermal  oxidation 
of  SiC,  it  was  found  that  at  1200  and  1450  °C  no  carbon  gradient  develops  in  the  oxide,  i.e., 
diffusion  of  carbonaceous  species  is  fast  in  Si02  4  The  same  study  has  shown  that  oxygen  has  a  fast 
(low  activation  energy)  and  a  slow  (high  activation  energy)  diffusion  mechanism,  probably  connected 
to  the  motion  of  oxygen  molecules  and  atoms,  respectively.  In  recent  computer  simulation  studies  of 
diffusion  in  cc-quartz5  it  was  shown,  that  indeed,  this  is  the  case  for  oxygen  but  also  for  carbon.  CO 
species  diffuse  very  fast  but  the  activation  energy  of  atomic  C  diffusion  is  about  1.9  eV  even  in  a 
perfect  crystal  (traps,  like  vacancies  and  dangling  bonds  may  increase  the  activation  energy  above 
around  4  eV).  Therefore,  availability  of  oxygen  may  influence  the  diffusion  characteristics  of  carbon 
in  Si02  and  in  the  oxygen-poor  environment  at  the  interface  the  formation  of  fast  diffusing  CO 
species  may  be  retarded. 
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The  direct  study  of  the  carbon  islands  at  the  Si02/SiC  interface  is  very  difficult  due  to  their 
small  size  and  sporadic  occurrence.  Therefore,  as  a  model  system,  we  have  investigated  the 
dissolution  mechanism  of  carbon  and  its  indiffiision  into  Si02  from  an  amorphous  carbon  layer 
deposited  onto  a  high-quality  thermally  grown  Si02,  The  deposition  was  carried  out  at  low  pressure 
and  low  temperature  in  order  to  preserve  the  quality  of  the  oxide.  The  oxygen  contamination  of  the 
carbon  layers  was  checked  to  monitor  the  presence  or  lack  of  excess  oxygen. 

2.  Experiment 

High  quality  Si02  layers  with  a  thickness  of  100  nm  were  thermally  grown  (at  1050  °C  in  dry 
oxygen)  on  Si  substrates  cut  from  (100)  oriented  boron  doped  Wacker  wafers  (resistivity  5. 1-6.9  Q 
cm).  Capacitance-Voltage  measurements  showed  that  the  density  of  electrically  active  states  was 
below  10  1  cm'2  both  at  the  interface  and  in  the  oxide.  On  top  of  this,  amorphous  carbon  layers  with 
thickness  between  ~20  and  ~50  nm  were  deposited  from  CH4  by  RF-plasma  assisted  CVD  at  8  Pa 
gas  pressure  and  -500  V  self-bias,  without  sample  heating,  The  oxygen  partial  pressure  was  <  2  mPa 
and  the  substrate  temperature  during  deposition  was  about  40°C.  Onto  the  carbon  layer  a  protective 
Si02  layer  of  20  nm  thickness  was  evaporated  for  the  annealing  experiments  (to  avoid  the  burning 
down  of  the  carbon  layer).  Furnace  annealing  in  an  N2  flow  of  100  cm3/min  was  carried  out  for  30 
minutes  at  6  different  temperatures  between  500-1 190°C. 


The  chemical  composition  of  the  layers  was  determined  by  X-ray  photoelectron  spectroscopy  (XPS) 
measurements.  Concentration  depth-profiles  were  taken  by  SIMS  and  Auger  Electron  Spectroscopy 
(AES).  XPS  and  AES  were  carried  out  in  the  same  analytical  chamber,  using  the  Mg  Ka  radiation 
(1253.6  eV)  of  a  twin  anode  X-ray  source  without  monochromatization  in  XPS  and  an  electron  gun 
in  AES  measurements.  The  background  pressure  was  5-10'7  Pa.  For  AES  and  SIMS  profiling  an  Ar+ 
sputtering  gun  was  used  with  ion  energy  of  3  keV  and  ion  current  of  1  pA.  In  SIMS  profiling  the 
diameter  of  the  spot  was  3  mm  and  the  background  pressure  was  6-1  O'7  Pa.  The  SIMS  experiments 
were  carried  out  by  using  the  technique  of  reactive  sputtering6  with  oxygen  inlet  amounting  to  a 
partial  pressure  of  3-10'  Pa.  This  technique  has  two  advantages:  it  enhances  the  sensitivity  and 
eliminates  the  effect  of  the  changing  oxygen  concentration  in  the  sample  on  the  secondary  ion  yields 
of  other  elements.  Under  the  above  conditions  the  ion  sputtering  rate  in  Si02  was  1.7  nm/min. 

3.  Results 

XPS  spectra  taken  after  each  deposition  step  on  the  surface  showed  an  oxygen  to  silicon  ratio 
of  1.95  on  the  surface  of  both  Si02  layers.  The  spectra  on  the  surface  of  amorphous  carbon  showed 
87  at%  carbon  and  13  at%  oxygen.  The  latter  is  adsorbed  oxygen  on  the  surface  of  the  rather  porous 
carbon  layer.  Most  of  the  carbon  atoms,  65  at%,  are  in  a  graphitic  environment.  AES  depth  profiling 
were  carried  out  on  the  carbon  layers  before  heat  treatment.  Figure  l.a  and  Lb  show  the  C,  O,  and 
Si  atomic  concentrations  vs.  sputtering  time  on  two  samples  with  ~50  and  ~20  nm  carbon  layer 
thickness,  respectively.  Approximate  atomic  concentrations  were  calculated  using  C  KLL  (272  eV), 
O  KLL  (503  eV)  and  Si  LMM  (76  eV)  peak  to  peak  intensities  and  relative  sensitivity  factors.7  Since 
the  shape  of  the  Si  Auger  peak  throughout  the  carbon  layer  shows  only  a  slight  difference  from  that 
in  the  stoichiometric  Si02,  O  and  Si  sensitivity  factors  relevant  to  Si02  were  used.  For  carbon,  the 
sensitivity  factor  relevant  to  graphite  was  applied.  As  can  be  seen,  in  contrast  to  the  ~50  nm  thick 
carbon  layer,  the  ~20  nm  thick  one  contains  significant  amount  of  Si  and  O  impurities.  At  this 
thickness  the  transition  regions  between  the  Si02  films  below  and  over  the  carbon  layer  overlap.  The 
O/Si  ratio  here  is  1.6.  The  small  change  in  the  shape  of  the  Si  Auger  peak  indicates  a  decrease  in  the 
oxidation  number  of  Si.  Most  probably  Sii_xCxOy  (y  =  2)  is  present. 
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Figure  1.:  AES  depth  profiles  of  (a)  sample  with  -50  nm  thick  and  (b)  sample  with  -20  nm 
thick  carbon  layer. 

Depth  profiling  of  the  C/Si02/Si  system  (excluding  the  evaporated  Si02  protective  layer)  was 
carried  out  by  SIMS.  The  28Si+,  23Na+  and  12C+  secondary  ion  yields  were  measured  in  cps  against 
sputtering  time.  On  samples  with  a  50  nm  carbon  layer  with  negligible  oxygen  contamination  no  C 
diffusion  into  or  segregation  in  the  Si02/Si  system  was  found  up  to  our  highest  annealing 
temperature  of  1 190°C.  For  samples  with  an  oxygen  contaminated,  20  nm  thick  carbon  layer  this  is 
only  true  up  to  1 100  °C.  The  SIMS  depth  profiles  of  23Na+  and  12C+,  normalized  to  the  yield  of  28Si+, 
are  shown  before  annealing  in  Figure  2.  a,  and  after  annealing  at  1 140°C  in  Figure  2.b.  (Note,  that  the 
measurements  before  and  after  annealing  were  taken  at  different  spots,  and  the  carbon  layer  is 
somewhat  inhomogeneous.) 


sputtering  time  [min]  sputtering  time  [min] 


(a)  (b) 

Figure  2.:  SIMS  depth  profiles  (a)  before  and  (b)  after  annealing  the  sample  with  20  nm 
carbon  layer  at  1 140°C. 
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After  about  30  minutes  ion  sputtering  through  the  protecting  Si02  layer,  the  carbon  layer 
appears  in  the  profiles.  The  alkaline  ion  impurities  (Na,  K)  segregate  at  the  Si02/Si  interface  so  the 
12^+28  ra^°  serves  as  a  mar^er  f°r  the  place  of  that  interface.  As  can  be  seen  in  Figure  2.b,  the 
C7  Si’  ratio  in  the  Si02  layer  is  very  similar  to  that  in  Figures  2.a,  but  at  the  Si02/Si  interface,  on 
the  Si  side  (right  behind  the  peak  in  the  23Na728Si+  ratio)  carbon  accumulation  appears.  This  means 
that  at  this  temperature  range  all  of  a  sudden  carbon  begins  to  diffuse  very  fast  out  of  the  oxygen- 
contaminated  carbon  layer,  and  all  of  the  mobile  carbon  species  reach  the  Si02/Si  interface  during  the 
time  of  annealing.  Carbon  accumulation  has  not  been  observed  in  the  Si02  layer.  To  make  sure  that 
the  source  of  the  carbon  accumulation  at  the  interface  is  the  carbon  layer  and  not  the  silicon 
substrate,  annealing  of  a  “bare”  Si02/Si  structure  (without  a  carbon  layer)  was  carried  out  at  1 190°C 
for  30  minutes.  No  carbon  segregation  was  found  at  the  Si02/Si  interface  in  this  case. 


Conclusion 

Our  results  can  be  interpreted  the  following  way.  In  lack  of  excess  oxygen  the  activation  energy  of 
dissociation  from  the  graphitic  amorphous  carbon  phase  is  too  high  to  obtain  free  carbon  up  to  1 190 
°C.  In  the  presence  of  excess  oxygen  in  the  carbon  layer,  however,  carbonaceous  species  (probably 
CO)  are  released  already  above  1100  °C.  In  agreement  with  earlier  carbon  diffusion  experiments 
where  oxygen  was  available  for  carbon,4  the  diffusion  is  very  fast  at  this  temperature,  and  all  of  the 
mobile  carbon  reaches  the  Si02/Si  interface.  These  results  on  the  model  system  have  the 
consequence  that  the  carbon  islands  at  the  Si02/SiC  interface  are  stable  at  the  usual  oxidation 
temperature  of  SiC.  Their  dissolution  depends  on  the  availability  of  oxygen,  which  —  above  1 100  °C 
—  can  decompose  them.  Once  CO  species  are  formed,  they  can  diffuse  out  easily  through  the  oxide. 
Therefore,  the  quality  of  the  Si02/SiC  interface  is  controlled  by  the  incoming  oxygen  flux. 
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Abstract  The  dependence  of  wet  oxidation  on  the  defect  density  in  3C-SiC  films  epitaxially  grown 
on  Si  substrates  was  studied.  Under  wet  atmosphere  preferential  oxidation  at  the  antiphase 
boundaries  (APBs)  was  observed,  resulting  in  the  formation  of  rough  oxide  surfaces.  A  semi- 
logarithmic  relation  between  defect  density  and  the  oxidation  rate  was  found. 

1.  Introduction 

Oxidation  of  3C-SiC  is  important  for  device  development,  as  well  as  for  realization  of  complex 
structures  like  3C-SiC  on  Insulator  (SICOIN)  using  the  technique  of  wafer  bonding.  The  presence 
of  planar  defects  in  3C-SiC  results  in  uneven  wet  oxidation  [1,2]  whereas  dry  oxidation  exhibits 
smoother  surfaces  not  affected  by  the  presence  of  defects  [2,3].  However,  in  the  latter  case  the 
interface  trap  density  is  almost  one  order  of  magnitude  higher  than  in  oxides  produced  by  wet 
oxidation  [4,5].  Another  disadvantage  of  dry  oxidation  is  the  low  oxidation  rate  above  1000°C 
compared  to  wet  oxidation  [6].  In  this  work  the  influence  of  defect  density  on  the  wet-oxidation 
rate  and  the  resulting  oxide  roughness  in  3C-SiC  is  systematically  studied. 

2.  Experimental  procedure 

3C-SiC  films  were  deposited  on  (100)  Si-wafers  at  1200°C  [7].  Wet  oxidation  was  carried  out  at 
1150°C  in  a  horizontal  hot-wall  quartz  tube  furnace  at  atmospheric  pressure  02-atmosphere.  Water 
vapour  was  added  to  the  oxygen  by  passing  the  02-flow  through  a  de-ionized  water  bubbler  at 
95°C.  The  oxidation  time  was  8h.  Transmission  Electron  Microscopy  (TEM)  and  Atomic  Force 
Microscopy  (AFM)  were  used  for  structural  characterization  of  oxide  and  interface  layers.  In  order 
to  reduce  the  surface  roughness  all  specimens  were  polished  prior  to  oxidation,  leading  to  a  RMS 
roughness  lower  than  24nm,  and  subsequently  oxidized.  The  main  characteristics  regarding  the 
oxidation  conditions  are  summarized  in  Table  I. 

3.  Results  and  discussion 

After  oxidation  hillocks  were  observed  at  the  surface  forming  close  loops,  as  shown  in  the  AFM 
micrograph  in  Fig.l.  The  mean  height  of  these  hillocks  was  250nm  and  the  width  600nm,  as  the 
corresponding  profile  along  line  (a)  reveals  in  the  inset  in  Fig.l*  suggesting  preferential  oxidation 
enhancement.  Removing  the  oxide  by  dipping  the  specimen  into  HF,  the  hillocks  appear  as  grooves, 
as  shown  in  the  lower  part  of  the  micrograph  in  Fig.l.  A  further  proof  is  given  by  the  AFM  profile 
along  line  (b),  shown  in  the  inset  of  Fig.l.  The  morphology  of  the  loops  in  the  oxide  and  the 
grooves  in  the  3C-SiC  suggest  preferential  oxidation  at  antiphase  boundaries  (APBs).  In  order  to 
prove  the  direct  relation  of  the  APBs  with  the  formation  of  hillocks  during  oxidation,  the  following 
experiment  was  performed.  The  specimen  (1743-2)  was  thinned  from  the  backside  so  that  only  the 
oxide  and  a  thin  layer  from  the  uppermost  part  of  the  3C-SiC  film  were  left  for  Plane  View  TEM 
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(PVTEM)  observations.  Due  to  the  thick  amorphous  oxide  the  diffraction  contrast  was  very  poor, 
attributed  to  absorption  from  the  oxide  thickness  variations.  Thus,  the  darker  areas  correspond  to  the 
thicker  oxide,  as  shown  in  the  PVTEM  micrograph  in  Fig.2a,  exhibiting  similar  morphology  as  the 
AFM  micrograph  in  Fig.  1.  The  letters  A,  B,  and  C  in  Fig2a  denote  some  characteristic  areas, 
subsequently  the  oxide  was  etched  in  HF,  so  that  only  the  SiC-layer  was  left  as  shown  in  Fig.2b. 


Specimen 

Oxidation 
time  [min] 

Oxide 

thickness 

[nm] 

Defect  density 
at  Si02/SiC- 

interface  [cm'2] 

Surf.-roughn. 
RMS  [nm] 
before  Ox. 

Surf.-roughn. 
RMS  [nm] 
after  Ox 

1743-2 

300 

290 

9xl09 

24 

36 

1742-2 

300 

360 

4xl0‘" 

14 

43 

1742-1 

300 

390 

7xl0lu 

5 

33 

1919 

480 

780 

2x10" 

11 

37 

1914 

480 

390 

6xl09 

8 

36 

1913 

480 

400 

8xl09 

1908  (front) 

480 

430 

1x10'° 

13 

43 

1908  (back) 

480 

850 

lxlO12 

1 

1 

Table  I:  Wet  oxidation  of3C-SiC  at  1150°C 

Now  a  strong  diffraction  contrast  due  to  the  crystalline  3C-SiC  layer  is  observed  in  the  same  area. 
In  that  case  two  dominating  kinds  of  defects  can  be  identified:  Stacking  Faults  (SFs)  and  APBs.  It  is 
evident  that  the  preferentially  oxidized  areas  in  Fig.2a  correspond  only  to  the  APBs  shown  in 
Fig.2b,  whereas  SFs  show  “normal”  oxidation  behavior.  APBs  and  SFs  in  an  oxidized  and 
subsequently  etched  area  are  shown  at  higher  magnification  in  Fig.2c.  The  APBs  are  delineated  as 
bright  in  Fig.2c,  due  to  preferential  etching  at  the  APBs  during  oxidation.  The  enhanced  oxidation 
at  the  APBs  can  be  attributed  either  to  the  weakness  of  strained  -C-C-  and  -Si-Si-  bonds  at  the 
APBs  or  to  Si-migration  from  the  substrate  through  the  APBs,  as  silicon  mass  transport  in  3C-SiC 
films  through  the  existing  defects  has  been  reported  before  [8].  In  order  to  get  experimental 
evidence  for  the  dominating  mechnanism  windows  were  opened  in  the  substrate  by  anisotropic  wet 
etching  from  the  backside  in  specimen  1908,  which  was  deposited  under  the  standard  conditions 
[7],  leaving  only  a  thin  3C-SiC  diaphragm,  so  that  also  the  SiC  of  the  former  SiC/Si  interface  was 
exposed  for  oxidation  (Fig.3a).  The  oxidation  rates  were  measured  at  the  front  side  of  the  SiC- 
diaphragm,  denoted  by  the  letter  A  in  Fig. 3a,  as  well  as  in  the  areas  where  the  Si-substrate 
remained.  The  oxidation  rate  at  the  uppermost  part  of  the  3C-SiC  film  was  not  influenced  by 
presence  or  absence  of  the  Si-substrate.  Therefore,  enhanced  oxidation  at  the  APBs  must  be 
attributed  solely  to  the  strained  -C-C-  and  -Si-Si-  bonds. 

The  diaphragm-experiment  has  also  monitored  the  influence  of  the  defect  density  on  the  oxidation 
behavior  of  the  film.  The  oxide  at  the  former  interface  layer  was  very  smooth,  as  shown  in  Fig.3b, 
with  a  roughness  of  less  than  3nm.  The  measured  oxide  thickness  of  850  nm  was  two  times  thicker 
than  at  the  front  side.  This  significant  difference  in  the  oxidation  rate  of  the  two  sides  of  the  SiC 
film  is  attributed  to  the  difference  in  the  density  of  existing  defects.  The  SiC/Si02  interface  at  the 
backside  is  very  rough,  as  shown  in  the  inset  in  Fig.3b.  This  difference  can  be  explained  by 
considering  that  during  the  growth  the  defect  density  is  reduced  as  the  film  thickness  increases 
[1,9].  Therefore,  as  oxidation  advances  from  the  backside,  significant  fluctuations  of  the  oxidation 
rate  are  caused  by  the  strong  decrease  in  defect  density.To  quantify  this  behaviour,  a  systematic 
study  of  the  oxidation  rate  versus  defect  density  was  performed.  In  3C-SiC  the  most  common 
defects  are  SFs  and  APBs  as  shown  in  Fig.2c.  Near  the  SiC/Si  interface  twins  also  exists,  which  are 
extended  up  to  lOOnm  [1,10].  Close  to  the  interface  the  defect  density  is  very  high  and  decreases 
fast  as  the  thickness  of  the  film  increases.  Above  3.5pm  the  reduction  of  the  defect  density  is  very 
slow  [9].  Taking  this  behavior  into  account,  specimens  with  different  thickness  were  deposited  and 
subsequently  oxidized  under  the  same  conditions  (specimens  1913,  1914,  1908-F  and  1919).  The 
measured  characteristics  of  the  polished  specimens  before  and  after  oxidation  are  shown  in  Table  I. 
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The  increase  of  the  oxidation  rate  with  increasing  defect  density  is  quantitavely  shown  in  Fig.4. 


Fig.4:  Oxide  thickness  versus 
defect  density  for  8h  wet 
oxidation  of  3C-SiC 


The  two  limiting  cases  of  this  relation  are  governed  by  the  oxidation  rate  of  monociystalline  silicon 
carbide  for  low  defect  densities  on  the  one  hand  and  by  the  oxidation  rate  monitored  by  the  height 
of  the  hillocks  at  crystal-defects  after  oxidation  for  high  defect  densities  on  the  other  hand.  The 
slope  on  the  increasing  parte  between  these  two  assymptotic  cases  is  determined  by  the  geometrical 
shape  of  the  hillocks  as  it  mirrors  overlapping  between  adjacent  hillocks.  This  relation  can  be 
exactly  reproduced  if  an  adequate  approximation  for  the  shape  of  the  hillocks  is  assumed  as  well  as 
the  dependence  of  surface  roughness  after  oxidation  on  defect  density  can  be  understood  [11].  To 
get  a  first  estimate  for  the  quantitative  relationship  between  oxidation  rate  and  defect  density  basing 
on  the  measurement  results,  the  increasing  part  can  be  approximated  by  a  semilogarithmic  relation. 
Evaluation  of  this  reveals: 

R  =  0.47*logD  -  3.8  (1) 

where  R  is  the  oxidation  rate  in  nm/min  and  D  the  defect  density  per  cm2. 

The  very  fast  oxidation  rate,  which  was  observed  in  the  SiC/Si  interface  layer  of  epitaxially  grown 
3C-SiC,  is  also  attributed  to  the  slightly  misoriented  grains,  which  are  formed  during  the 
carbonization  process  in  the  early  stage  of  growth  [1,2]. 

4.  Conclusions 

The  relation  of  the  oxidation  behavior  and  defect  density  in  3C-SiC  films  was  shown.  The  surface 
roughness  of  the  oxide  was  attributed  to  the  APBs  as  direct  PVTEM  observations  revealed.  At  very 
high  defect  densities  the  surface  roughness  decreases  due  to  homogeneous  distribution  of  defects. 
Enhanced  oxidation  is  observed  near  the  SiC/Si  interface  in  single  crystalline  3C-SiC,  where 
slightly  misoriented  SiC  islands  form  low  angle  boundaries  during  coalescence. 
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Abstract:  Mesfet  power  RF  /  Microwave  transistors  based  on  SiC  substrates  and  epitaxy  are  now  trying  to 
emerge  as  commercial  products.  Impressive  power  emission  results  [1]  have  already  been  published.  Initial 
predictions  [2,3,4]  about  the  higher  voltage  handling  and  output  impedance  level  have  now  been 
experimentally  confirmed.  Moreover,  linearity  of  SiC  Mesfets  seems  good,  at  least  as  good  as  for  silicon  LD- 
MOS,  which  is  crucial  for  any  amplifier  to  be  used  in  the  next  generations  of  telecommunications  systems 
with  complex  modulation  schemes..  Thermal  management  does  not  seem  to  be  as  simple  as  expected,  due  to: 
(1)  the  very  high  dissipated  power  density,  (2)  the  non-linear  thermal  conductivity  of  SiC,  and  (3)  the  rapid 
decrease  of  electron  mobility  with  teipperature.  Some  device  samples  have  already  been  delivered  to  a  few 
selected  potential  customers,  at  least  in  USA  and  Europe.  However,  it  seems  that  there  are  still  technical 
issues  to  be  solved  before  they  can  be  established  as  “normal”  products.  One  major  issue  is  the  stability  of 
the  device  electrical  characteristics  [4,5].  A  second  one  is  the  power  density,  still  too  low,  lower  than  2 
W/mm  for  30  W  devices.  Both  seem  to  be  strongly  related  to  the  substrate  and  epitaxy  quality,  and  it  is  now 
clear  that  the  requirements  on  the  SiC  semi-insulating  substrates  and  the  epitaxy  used  for  making  the  SiC 
Mesfets  are  extremely  severe.  Some  improvement  can  be  obtained  using  adequate  buffering  structures,  but  it 
seems  that  the  decisive  step  forward  will  come  from  the  use  of  purer  semi-insulating  substrates.  If  those 
problems  cannot  be  solved  rapidly,  there  is  a  significant  chance/risk  that  the  availability  of  III-N/SiC  HEMT 
can  eliminate  the  interest  for  SiC  Mesfet,  as  a  consequence  of  the  higher  gain  of  III-N  HEMT  and  due  to  the 
fact  that  III-N  materials  and  technology  experience  rapid  progress  as  a  spin-off  of  the  efforts  devoted  to  III-N 
optoelectronics.  However,  ni-N  microwave  and  III-N  optoelectronics  technologies  are  not  so  similar;  and 
there  are  still  many  problems  to  be  solved  before  the  III-N  devices  can  meet  the  performance  even  of  the 
imperfect  SiC  Mesfets  demonstrated  today 

1  Microwave  power  market  and  target  performance 

1 . 1  Market  driven  requirements 

SiC  Mesfet  transistors  are  presently  being  developed  for  the  applications  at  frequencies  in  the  range  1  -  5 
GHz.  At  higher  frequency,  the  general  opinion  today  is  that  III-N  semiconductors  (GaN  and  related)  based 
devices  will  perform  better.  We  will  come  back  to  this  opinion  at  the  very  end  of  this  presentation.  The  main 
identified  market  for  SiC  transistors  is  the  market  of  power  amplifiers  for  the  transmitters  of  the  future  base 
stations  for  the  next  generations  of  telecommunication  and/or  broadcast  systems.  The  other  known  markets 
are  small,  although  some  of  them  appear  as  strategic  for  some  professional  electronics  applications.  Those 
small  volume  applications  will  try  to  get  device  supply  from  a  larger  volume  technology,  with  rather  minor 
modifications  in  order  to  adapt  the  products  to  the  actual  needs  of  each  specific  application. 
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As  any  new  device,  SiC  based  transistors  can  only  find  market  if  they  bring  additional  performance  as 
compared  to  the  existing  devices.  At  present,  there  are  mainly  three  kinds  of  opportunities  for  new 
microwave  power  transistors:  (1)  Devices  leading  to  better  linearity,  (2)  Devices  leading  to  lower  equipment 
manufacturing  cost,  (3)  Devices  allowing  sharing  of  one  equipment  by  different  customers. 

1.2  Opportunities  for  SiC  transistors 

SiC  based  devices  are  trying  to  compete  on  each  of  these  three  kinds  of  opportunities. 

1.2.1  Linearity: 

The  first  available  results  from  linearity  measurements  at  Cree  and  at  Thomson-CSF  show  linearity  equal  or 
slightly  better  as  commercial  LD-MOS  or  GaAs  HBT  for  the  same  level  of  power,  around  10  W@2GHz.  So, 
today,  linearity  is  neither  a  strong  point  for  SiC  nor  a  weakness.  In  recent  presentations,  Cree  has  expressed 
the  opinion  that  SiC  Mesfet  can  deliver  significantly  better  linearity  than  Si  LD-MOS. 

1 .2.2  Manufacturing  cost: 

By  allowing  to  increase  the  bias  voltage  -  today  up  to  50  V,  tomorrow  up  to  100  V  -  the  use  of  SiC 
transistors  simplifies  the  impedance  matching.  Up  to  probably  3  GHz,  no  pre-matching  will  be  necessary  in 
the  transistor  package.  In  the  long  term,  it  means  that  many  applications  can  be  covered  by  exactly  the  same 
transistor.  In  the  short  term,  it  means  that  elimination  of  the  in-package  passive  matching  network  will  bring 
cost  reduction  which  can  partly  compensate  the  increase  of  the  device  cost  due  to  the  high  price  of  the  SiC 
substrate  and  epitaxy.  Outside  the  package,  the  easier  impedance  matching  will  reduce  the  need  for  many 
passive  elements  and  for  the  matching  adjustment  labour  required  for  manufacturing  the  amplifiers. 
Moreover,  even  if  the  thermal  management  of  SiC  transistors  is  not  as  simple  as  claimed  initially,  it  will  be 
possible  in  the  future  to  raise  the  temperature  difference  between  case  and  ambiance  by  50  to  100%,  which 
means  that,  for  the  same  power  level,  the  heat  sink  volume,  weight  and  cost  can  be  reduced  by  the  same 
amount. 

1 .2.3  Equipment  sharing: 

Easier  impedance  matching  paves  the  way  to  lower-cost  large  bandwidth  amplifiers.  High-linearity  large 
bandwidth  amplifiers  may  become  manufacturable,  while  they  are  nowadays  real  nightmares  even  for 
experienced  amplifier  designers  trying  to  use  existing  Si  or  GaAs  devices.  Transmitters  based  on  wideband 
amplifiers  will  allow  to  transmit  several  telecommunication  standards  on  the  same  equipment,  a  way  to  save 
infrastructure  costs. 

In  conclusion,  the  commercial  arena  offers  real  opportunities  to  the  SiC  transistors  in  the  short  and  long 
terms,  provided  competitive  devices  can  be  manufactured  with  the  right  level  of  performance  and  reliability. 
The  market  is  there.,  but  the  SiC  products  are  not  ready  yet,  and  the  competing  technologies  make  constant 
progress.  The  success  depends  on  the  progress  SiC  devices  will  make  within  the  next  coming  two  years. 


2  Performance  of  SiC  Mesfet  transistors 

2. 1  Device  structure 

The  situation  governing  the  choice  of  SiC  transistor  structure  for  microwave  power  has  not  changed  much 
for  at  least  5  years.  MOS  microwave  devices  do  not  exist  because  MOS  interfaces  on  SiC  still  exhibit  too 
low  electron  mobility.  Even  the  enhanced  values  around  100  cmW1,  recently  obtained  in  US  (oxide 
nitridation  at  Cree),  Japan  (a-axis  face  at  Kyoto  University)  and  Germany  (15R  polytype  at  Siemens)  are  not 
sufficient  for  high  frequency  devices.  Minimum  values  around  400  cmV’s'1  would  be  required. 

On  the  other  hand,  SiC  based  bipolar  structures  have  not  received  much  attention  recently.  Although  first 
encouraging  DC  results  were  published  around  1994,  we  have  not  seen  any  publication  on  III-N  /  SiC  HBT 
showing  RF  amplification  capability  yet.  The  only  basic  structures  really  explored  today  are  based  on  the 
Schottky  contact  field  effect  current  control. 
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Static  Induction  Transistor  (SIT),  a  kind  of  vertical  Mesfet  or  JFET,  is  explored  by  Northrop  Grumann, 
following  Westinghouse  works.  The  impressive  power  results  published  around  1996  at  frequency  around 
0.6  GHz  (up  to  350  W  CW  and  1,75  kW  pulse  mode)  have  been  now  extended  into  L-band  up  to  700W 
CW@  1 .5  GHz  and  to  S-band  up  to  2.9  GHz,  but  in  pulse  mode  only  (200  W  for  a  few  microseconds). 
Northrop  Grumann  does  not  seem  to  have  any  intention  to  commercialise  this  kind  of  SiC  devices.  No  other 
team  has  published  on  microwave  power  SiC  SIT.  The  processing  of  SIT  devices  for  microwaves  is  very 
difficult  and  there  are  also  some  limitations  related  to  the  conductive  substrate  used  so  far.  On  the  other 
hand,  SIT  ,  as  a  vertical  device,  is  less  sensitive  to  surface  and/or  substrate  charge  trapping.  This  has  been  a 
real  advantage  so  far,  as  will  be  discussed  later. 

All  other  groups  identified  as  active  in  the  area  of  SiC  microwave  power  devices  are  working  on  the  SiC 
Mesfet,  with  topology  rather  similar  to  GaAs  Mesfet.  Hereafter  we  will  only  discuss  further  about  the  results 
on  SiC  Mesfet 

2.2  Bias  voltage 

Today,  efficient  50  V  operation  of  SiC  Mesfet  at  2  GHz  is  demonstrated  at  Cree  and  at  Thomson-CSF,  as 
compared  to  28-33V  for  available  silicon  transistors  working  in  the  same  frequency  range.  Silicon  devices 
working  at  40-50  V  can  be  found  in  a  few  catalogues,  and  as  prototype  devices,  but  there  still  seems  to  be 
problems  of  power  gain  and  reliability  .Thomson-CSF  has  been  able  to  operate  some  SiC  Mesfets  up  to  100 
V  bias  voltage  under  RF  power  load-pull  conditions  with  good  power  gain  and  without  breakdown,  but  no 
increase  of  the  power  density  has  been  observed  from  50  V  up  to  100V.  It  remained  lower  or  around  2 
W/mm,  both  under  CW  and  pulse  regimes.  Since  DC  plots  show  strong  degradation  of  drain  resistance  after 
high  voltage  stress,  we  tend  to  attribute  the  low  power  density  obtained,  to  the  influence  of  trapping  effects 
enhanced  at  high  drain  voltage. 

2.3  Output  power 

2.3.1  LOAD-PULL  MEASUREMENTS 

Load-pull  conditions  mean  that  the  output  load  and  input  source  impedances  can  be  adjusted  to  get  optimum 
behaviour  of  the  device  under  test.  Today,  the  80  W  CW  and  120  W  pulse  output  power  levels  published  by 
Cree  around  3  GHz  are  certainly  the  highest  for  this  frequency  for  any  solid  state  technology.  Moreover,  it 
has  been  obtained  with  only  one  chip  at  rather  high  supply  voltage  (40  -  50  V). 

2.3.2  SIC  75  W  CW  @1 .5  GHz  COMPLETE  AMPLIFIER 

At  Thomcast,  the  broadcast  company  of  the  Thomson-CSF  group,  a  complete  amplifier  for  operation  at  1.5 
GHz  (DAB  transmitter  application)  has  been  built  with  SiC  Mesfet  transistors  in  the  frame  of  the  EC 
“Esprit”  TELSIC  project.  The  amplifier  conditions  differ  from  the  load-pull  conditions  by  the  fact  that  the 
amplifier  includes  the  necessary  matching  networks  in  order  for  the  amplifier  input  to  look  as  50  ohms 
resistive  charge  over  the  whole  amplifier  bandwidth,  and  for  the  output  to  give  optimum  performance  with  a 
charge  looking  as  50  ohms  resistive  load.  This  amplifier  gave  more  than  75  W  output  power  with  power 
added  efficiency  over  40  %.  This  is  probably  the  first  published  result  on  a  complete  amplifier  based  on  SiC 
transistors  with  this  level  of  power.  In  this  amplifier,  the  substrate  comes  from  Cree  in  the  USA,  the  epitaxy 
from  ACREO  in  Sweden,  the  chip  design  is  a  common  work  between  Thomson-CSF  and  Ericsson,  the 
device  packages  come  from  Japan,  the  processing  of  the  SiC  chips,  the  design,  realisation  and  testing  of  the 
amplifier  have  been  done  at  Thomson-CSF  in  France.  The  amplifier  combines  the  power  from  two  push-pull 
transistors,  each  of  them  made  of  two  SiC  chips  with  21.6  mm  periphery.  This  means  more  than  500  SiC 
elementary  transistor  fingers  working  together  with  good  parallel  association  efficiency.  There  is  no 
prematching  inside  the  packages  and  a  simple  second  order  filter  cell  is  sufficient  to  get  very  good  matching 
both  on  the  input  and  on  the  output  side. 

2.4  Output  impedance 

As  predicted,  the  output  impedance  level  of  SiC  transistors  seems  clearly  much  higher  than  that  of  silicon 
ones.  As  an  example,  with  Thomson  SiC  Mesfet  prototypes,  25  to  50  ohms  optimum  output  impedance  level 
is  reproducibly  obtained  without  any  pre-matching  inside  the  package  for  30  W  SiC  Mesfet  devices  working 
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at  1 .5  GHz  with  50  V  power  supply  voltage.  It  is  about  5  times  the  level  of  impedance  of  silicon  devices 
working  at  the  same  frequency  with  the  same  power  level,  which  always  require  pre-matching  networks 
inside  the  package. 

2.5  Drain  efficiency 

Excellent  drain  efficiency  has  been  obtained  on  SiC  Mesfet  in  class  AB  regime,  both  at  Cree  and  at 
Thomson-CSF.  The  values  recorded  correlate  well  with  those  obtained  by  Northrop  Gruman  using  SIT 
device  structure.  At  Thomson-CSF,  at  0.6  GHz  and  around  50  V  drain  bias  voltage,  values  over  50  %  are 
reproducibly  obtained  for  30  W  power  level,  while  values  over  60  %  have  been  obtained  with  the  best  20  W 
device  samples.  For  higher  frequency,  the  drain  efficiency  of  Mesfets  with  one  micrometer  gate  length 
decreases  slowly  down  to  typically  35  %  at  2  GHz.  It  is  rather  easy  to  study  the  influence  of  the  temperature 
using  microwave  power  measurements  under  pulse  conditions,  for  which  there  is  no  problem  with  heat 
sinking.  We  have  obtained  recently  our  first  results  under  such  regime  (typically  100  microseconds  pulse). 
We  can  obtain  drain  efficiency  over  50  %  at  power  level  around  50  W  at  1 .4  GHz  with  drain  voltage  around 
50  V  from  one  single  chip.  So,  it  seems  that  the  decrease  of  drain  efficiency  observed  at  high  power  level 
and  especially  at  high  frequency  is  essentially  due  to  the  thermal  effects,  probably  in  relation  with  the  rapid 
decrease  of  the  electron  mobility  with  temperature. 

2. 6  Thermal  management 

Thermal  management  for  wide  bandgap  devices  is  not  as  simple  as  was  claimed  in  the  early  stage  of  the  SiC 
research  and  development.  Indeed  the  SiC  material  itself  and  the  related  technological  surrounding  materials 
seem  to  resist  to  higher  temperature  as  compared  to  any  previous  microwave  device  technology.  However, 
since  the  electron  mobility  in  SiC  is  going  down  rapidly  with  temperature  (as  T'2'2),  both  current  density  and 
access  conductance  for  source  and  drain  decrease  very  rapidly  with  the  delivered  power  if  the  chip  design  is 
dense.  This  does  not  mean  that  SiC  Mesfets  cannot  work  at  high  temperature  -  RF  operation  over  300°C 
junction  temperature  is  now  demonstrated  but  it  means  that  a  compromise  has  to  be  found  between  the  RF 
performance,  the  chip  design  density,  and  the  temperature  of  operation.  Using  the  classical  chip  cooling 
techniques  (chip  back-face  brazed  onto  a  plate  mounted  on  a  copper  or  aluminium  heat  sink),  20-30  W/mm2 
seems  the  maximum  practical  power  density  that  can  be  obtained  with  SiC  transistor  chips.  This  power 
density  is  however  2-3  times  over  the  maximum  power  density  that  can  be  efficiently  evacuated  with 
classical  heat  sinks,  and  special  care  will  be  necessary  in  any  case. 

2.7  Linearity 

Linearity  measurements  are  very  difficult  to  perform,  and  the  various  published  results,  extremely  difficult  to 
compare.  Measurements  directly  on  devices  are  generally  unreliable  and  the  only  kind  of  test  which  brings 
some  confidence  is  testing  a  complete  amplifier.  Cree  has  published  results  showing  better  linearity  for  SiC 
Mesfets  as  compared  to  silicon  LD-MOS.  The  first  linearity  tests  on  Thomson  SiC  Mesfets  have  been 
performed  on  amplifiers  designed  and  realised  in  the  frame  of  the  European  Community  “Esprit”  TELSIC 
project.  They  show  linearity  figures  rather  similar  to  silicon  LD-MOS  (-44  dB  for  excitation  level  -10  dB 
below  ldB  compression  point).  This  first  set  of  results  must  be  carefully  interpreted  because  it  means 
comparing  results  on  SiC  devices  imperfect  prototypes  with  those  measured  on  commercial  silicon  devices 
from  an  established  technology.  “Imperfect  prototypes”  means  that  the  SiC  Mesfets  available  to  us  still 
suffer  from  trapping  effects  as  will  be  detailed  hereafter. 


3  The  substrate  issue 

In  our  opinion,  the  substrate  issue  is  still  the  main  factor  controlling  the  entrance  of  the  SiC  microwave 
power  device  into  the  commercial  area.  4H  is  the  favoured  polytype.  Semi-insulating  seems  the  favourite 
conduction  type  because  it  brings  many  advantages  related  to  the  on-chip  circuitry  including  lines  and  pads 
which  present  highly  reduced  parasitic  capacitance  as  compared  to  those  made  on  conductive  substrate.  More 
generally,  ideal  substrate  for  microwave  power  applications  is  electrically  insulating  and  thermally 
conductive.  Indeed,  semi-insulating  SiC  is  one  of  the  best  possible,  and  probably  the  best  available  today. 
Maybe  semi-insulating  single  crystal  AIN  could  be  equivalent.  Probably  only  insulating  diamond  and  a  few 
very  exotic  other  materials  could  be  better. 
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3. 1  SiC  semi-insulating  (S.l)  substrates 

Westinghouse  was  the  first  to  publish  on  devices  made  on  S.l  SiC.  Cree  Research  has  started  to 
commercialise  4H  semi-insulating  substrates  around  1996-1997.  Those  substrates  have  opened  the  way  to  an 
improvement  of  the  RF  performances,  as  compared  to  the  results  obtained  previously  from  devices  made  on 
conductive  SiC  substrates.  The  substrates  and  devices  have  been  dramatically  improved  along  the  past  years. 
The  DC  characteristics  drifts  observed  on  devices  made  with  the  first  semi-insulating  substrates  have  now 
disappeared  in  most  cases.  However,  the  devices  we  have  obtained  on  those  substrates  today  still  do  not 
perform  close  to  the  simple  theoretical  calculations  and  simulations.  The  main  residual  problem  is  an 
anomalous  decrease  of  power  density  and  efficiency  at  high  voltage,  typically  over  50V. 

The  same  kind  of  behaviour  can  be  observed  using  epitaxy  from  3  different  sources,  so  we  do  not  tend  to 
suspect  the  epitaxy  quality.  Also,  this  phenomenon  does  not  appear  on  devices  made  on  conductive  substrate 
with  five  micrometers  p-type  buffer  for  device-to-device  P/N  junction  isolation.  So  we  cannot  suspect  the 
passivation  of  the  free  surface,  which  is  the  same  for  the  two  kinds  of  devices.  This  is  why  we  suspect  the 
substrate.  In  our  opinion,  substrate  purity  has  still  to  be  improved  together  with  crystal  structural  quality  and 
price,  before  SiC  Mesfets  can  become  competitive  industrial  products. 

One  way  to  overcome  the  problem  can  be  to  get  purer  substrates.  We  now  can  start  to  explore  this  approach 
using  the  first  HT-CVD  S.l  material  samples.  But  during  the  past  years,  with  only  one  source  of  substrates, 
we  have  had  to  try  to  live  with  the  existing  substrates,  trying  to  isolate  the  channel  layer  from  the  substrate 
layer.  During  the  EC  Esprit  “TELSIC”  project  (1998-2000),  Thomson-CSF  and  ACREO  have  worked 
together  to  define  more  efficient  buffering  structures.  ACREO  has  demonstrated  by  numerical  simulation 
that  electron  injection  can  nearly  be  completely  eliminated  using  special  buffer  structures.  By  realising  such 
structures  by  epitaxy  and  characterising  devices  made  on  those  structures,  we  have  obtained  devices  with 
almost  perfect  DC  characteristics  even  after  80  V  drain  bias  stress. 

3.2  Structural  quality 

State  of  the  art  semi-insulating  (S.l)  substrates  already  allow  to  make  devices  with  periphery  as  large  as  36 
mm  without  too  much  decrease  of  process  yield.  The  reason  is  that  the  sensitive  area  (recess  zone)  for  the 
device  is  only  <  5  micrometers  wide  ,  and  so,  even  for  a  transistor  considered  as  big  nowadays,  the  sensitive 
total  area  is  around  0.1  mm2  and  the  killing  defect  critical  density,  around  1000  cm'2. 

4  SiC  FETs  vs  lll-N  HEMT 

For  wide  bandgap  semiconductors,  as  for  medium  bandgap  III-V  materials,  the  use  of  heterojunction 
structures  brings  strong  improvement  of  the  devices  performance.  Today,  at  least  on  small  periphery  devices 
(typically  0.1  to  0.3  mm  gate  width),  AlGaN/GaN  HEMTs  prototypes  exhibit  outstanding  performance. 
Owing  to  the  higher  channel  mobility.  They  offer  much  higher  (roughly  a  factor  2)  drain  current, 
transconductance,  and  cut-off  frequencies  as  compared  to  SiC  Mesfets  with  same  geometry  and  same  voltage 
handling.  Therefore,  there  is  a  great  pressure  towards  unifying  the  microwave  wide  bandgap  power 
transistors  technology  by  adapting  III-N  HEMT  to  applications  from  DC  to  millimeter  wavelength. 
Moreover,  there  is  a  pressure  towards  manufacturing  the  III-N  on  sapphire  or  semi-insulating  GaAs 
substrates,  instead  of  semi-insulating  SiC,  since  GaAs  or  sapphire  are  available  on  the  market  at  acceptable 
price,  quality  and  diameter  (up  to  100  mm  or  more).  Remaining  obstacles  against  this  very  rationalistic 
approach  are  a  few  issues  for  which  the  answers  are  not  known  yet.. 

•  While  many  reports  can  be  found  about  small  III-N  HEMT  devices,  very  few  teams  (HRL  and  Cree), 
have  made  large  devices. 

•  Many  III-N  devices  are  still  affected  by  strong  trapping  effects.  The  respective  roles  of  surface 
passivation  and  material  defects  still  need  clarification.  It  will  be  easy  to  propose  new  options  for 
passivation,  but  not  easy  to  decrease  dramatically  defect  density  in  III-N  materials,  all  grown  today  by 
hetero-epitaxy  on  a  highly  mismatched  substrate. 

•  High  static  voltage  handling  has  been  demonstrated  for  III-N  FETs,  at  least  up  to  600  V  for  Mesfet 
devices. 
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•  On  the  other  hand,  nearly  all  RF  characterisation  results  have  been  performed  at  drain  bias  voltage  lower 
than  50  V.  It  is  not  obvious  yet  whether  III-N  FETs  will  be  able  to  work  properly  with  drain  bias  voltage 
higher  than  50  V. 

•  The  very  high  density  of  defects  in  III-N  layers  brings  also  a  question  about  the  possible  influence  of 
those  defects  on  the  device  reliability.  If  even  a  small  proportion  of  the  defects  can  become  electrically 
charged  or  can  move  under  high  electric  field,  there  is  a  risk  that  III-N  FETs  will  not  be  both  optimally 
performing  and  reliable.  The  good  level  of  reliability  of  III-N  LEDs  brings  no  information  on  this  aspect, 
since  there  is  no  high  electric  field  in  a  LED  at  work. 


It  is  the  role  of  the  III-N  microwave  power  research  and  development  world  wide  to  answer  those  questions 
and  we  are  quite  confident  that  answers  will  become  available  by  the  next  coming  three  years,  at  least  to  a 
limited  number  of  happy  few  laboratories. 

As  an  opinion,  we  think  it  is  wise  to  keep  working  on  SiC  transistors  and  especially  SiC  Mesfets  until  III-N 
FETs  can  actually  show  similar  power  performance  at  the  same  frequency  with  the  same  reliability. 
Although  still  exotic  today,  the  possible  availability  of  polytype  heterojunction  in  the  future  may  change  the 
situation  by  bringing  the  same  level  of  performance  as  III-N  FETs  without  the  mismatch  defects. 
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Abstract  This  paper  reports  on  a  study  of  SiC  Schottky  diodes  focused  on  high  current  rating 
and  high  blocking  voltage:  25  A  /  1200  V  and  1700V,  resp.  With  an  active  area  of  10  mm2  we 
successfully  explored  new  ground  for  SiC  devices.  The  device  concept,  fabrication  process,  yield 
aspects  and  measured  results  of  static  and  dynamic  characteristics  as  well  as  the  temperature 
behavior  are  described.  The  reverse  currents  are  very  low  (<500  pA)  even  at  125°C  and  their 
temperature  dependence  is  lower  than  expected  by  thermionic  emission  since  tunneling  mechanisms 
through  the  Schottky  barrier  rule  the  current  transport  at  high  blocking  voltages  . 

1.  Introduction 

A  recently  published  study  demonstrated  the  superior  performance  of  4H  SiC  Schottky  diodes  for 
ultrafast  high  voltage  switching  applications  [1].  These  diodes  were  designed  for  600  V  blocking 
voltage  and  exhibited  a  very  low  leakage  current  and  a  weak  dependence  of  leakage  current  on 
temperature.  They  also  proved  a  long  term  stability  under  high  temperature  reverse  bias  tests 
(150°C,  -600  V,  1000  h)  and  thermal  cycling  up  to  400  °C.  Motivated  by  these  encouraging  results 
we  used  this  technology  in  order  to  fabricate  SiC  Schottky  diodes  for  a  current  /  blocking  voltage 
rating  of  25  A  /  1200V,  respectively  1700  V.  The  active  area  was  10  mm2  in  both  cases.  This  is  a 
rather  large  area  for  SiC  devices  with  respect  to  the  defect  density  of  today  available  SiC  wafers. 

2.  Device  concept  and  fabrication 

In  principal,  the  device  is  based  on  a  concept  using  a  planar  junction  termination  extension  (JTE) 
[1,2].  A  schematic  cross  section  of  the  fabricated  diodes  is  sketched  in  Fig.  1.  The  diodes  were 
processed  on  selected  35  mm  wafers  with  low  micropipe  density  <10  cm'2  purchased  from  Cree. 
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Fig.  1:  Schematic  cross  section  of  the  SiC  Schottky 
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In  case  of  a  homogenous  epi  layer  the  optimum  for  the  n  type  doping  No  and  thickness  dePj  of  the 
drift  zone  leads  to  a  trapezoidal  field  profile  with  values  according  to  [3] 


d  =  and  Nd  =  4£sE™ 

P  2  E„  °  9  qUm„ 


(1) 


whereas  q  is  the  elementary  charge  and  es  is  the  permittivity  of  4H-SiC.  The  maximum  field  strength 
at  the  metal  semiconductor  interface  Emax  depends  on  the  Schottky  barrier  used  and  the  reverse 
leakage  current  which  is  acceptable  under  worst  case  conditions.  In  addition,  process  tolerances  of 
the  epi  layer  doping  and  thickness  as  well  as  Schottky  barrier  fluctuations  across  the  wafer  and  from 
run  to  run  have  to  be  taken  into  account.  For  the  epi  layer  layout  a  value  of  Emax  =  1.5  MV/cm  has 
been  assumed  which  keeps  leakage  currents  very  low.  The  n"  epitaxial  layers  were  grown  in  a  multi 
wafer  epi  system  described  in  [4],  The  measured  average  values  are  listed  in  Table  1.  These  average 
values  slightly  differ  from  the  calculation  according  to  eq.  (1)  since  process  tolerances  have  been 
taken  into  account  in  order  to  ensure  the  field  strength  not  exceeding  1.5  MV/cm.  For  details  of  the 
fabrication  process  please  refer  to  [1], 

The  dies  (3.52  mm  x  3.52  mm)  were 
mounted  on  a  DCB  substrate,  bonded  with 
4  parallel  bond  wires  of  250  pm  diameter 
and  insulated  with  a  polymerized  silicon 
rubber  (Fig.  2). 

Fig.  2:  1200V  SiC  Schottky  diodes 

and  IGBT  mounted  on  a 
DCB  substrate 


3.  Basic  Device  Characteristics 


The  static  room  temperature  I-V-characteristics  of  a  representative  1200  V  sample  and  a  1700  V 
sample  are  shown  in  Fig.  3.  The  forward  characteristics  are  measured  in  pulse  mode  such  that 
intrinsic  heat  production  is  neglectable  (duty  cycle  <  0.01).  The  forward  voltages  taken  at  the 
nominal  forward  currents  are  listed  in  Table  1. 


Table  1:  Key  device  data  of  the  4H  SiC  Schottky  diodes 


Maximum  Reverse  Voltage 

1200  V  Type 

1700  V  Type 

Schottky  contact  area 

10.0  mm2 

10.0  mm2 

Die  area 

12.4  mm2 

12.4  mm2 

nepi  layer  doping 

5.0  x  1015  cm’3 

2.5  x  1015  cm’3 

n'epi  layer  thickness 

13  pm 

15  pm 

Forward  voltage  @  25  °C 

1.7  V  @  25  A 

2.3  V  @25  A 

Forward  voltage  @  125  °C 

2.3  V  @  25  A 

3.4  V  @  25  A 

Reverse  current  @  25  °C 

4  pA  @  1200V 

150  pA  @  1700  V 

Reverse  current  @ 125  °C 

12  pA@  1200V 

450  pA@  1700  V 

Space  charge 

100  nC 

60  nC 

Rdi*@  25  “C 

30  mO 

50  mQ 

Rditf@  125  °C 

60  mfi 

100  mQ 
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Fig.  3:  Forward  and  reverse  I-V 
characteristics  of  a  1200V  SiC 
Schottky  diode  (solid)  and  a  1700V 
sample  (dotted),  measured  at  25°C, 
forward  current  measured  in  pulse 
mode  with  remote  sense  on  anode 
contact. 


Reverse  Voltage  (V) 


-2000  -1500  -1000  -500 


Reverse  Voltage  (V) 


Fig.  4:  Yield  distribution  on  a  35  mm  4H-SiC 
wafer  (MPD  <10  mm2).  The  21  white 
squares  indicate  a  reverse  current  <100 
pA  @  1000  V,  the  33  dark  marked  dies 
are  defective. 
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At  maximum  blocking  voltage  the  leakage  current  is  very  low  and  the  diode  can  be  driven  up  to 
blocking  voltages  300  V  above  the  nominal  value,  with  exponentially  increasing  current  which  is  only 
limited  by  the  cooling  conditions  of  the  case  ambient. 

Fig.  4  shows  a  yield  mapping  of  a  representative  wafer.  With  respect  to  the  yield  criterion  (leakage 
current  at  1000  V  less  than  100  pA)  21  of  54  devices  are  working.  This  corresponds  to  a  yield  of 
39%.  However,  this  yield  varies  from  wafer  to  wafer.  The  average  value  for  all  selected  wafers  was 
about  30%.  This  is  in  good  agreement  with  a  rough  yield  estimation  which  assumes  the  micropipe 
density  MPD  to  be  the  yield  dominating  defect: 

yield  -  exp(-  A  x  MPD )  P) 

(the  chip  area  A  is  12.4  mm2,  the  MPD  =  10  cm'2.)  However,  this  model  neglects  clustering  of 
defects.  Hence  the  actual  yield  values  may  be  slightly  better. 

A  comparison  of  the  forward  I-V  characteristics  for  two  different  temperatures  (25°C  and  125°C)  is 
shown  in  Fig.  5  in  case  of  a  1200V  sample.  This  behavior  follows  the  simple  Schottky  theory.  The 
ideality  factor  was  determined  to  1.05.  The  differential  resistance  at  high  current  densities  (see  Table 
1)  is  dominated  by  the  drift  zone  resistance.  Hence,  if  the  junction  temperature  rises  from  25°C  to 
125°C  the  decrease  of  the  electron  mobility  leads  to  a  doubling  of  the  differential  resistance 
according  to  the  relation 

/V  °c(r/300^)-2  6.  (3) 

The  temperature  dependence  of  the  leakage  current  is  weaker  than  the  simple  Schottky  theory 
suggests  since  at  high  blocking  voltages  the  current  is  dominated  by  thermionic  field  emission 
through  the  barrier.  The  results  are  in  good  agreement  with  simulations  [5], 

We  studied  the  switching  behavior  in  a  chopper  circuit  using  a  1200  V  IGBT  (Fig.  2)  with  forward 
currents  up  to  40  A  against  600  V  DC  link  voltage  with  high  dV/dt,  di/dt  gradients.  As  soon  as  the 
forward  current  becomes  zero,  the  reverse  voltage  is  immediately  built  up  since  there  is  no  storage 
charge,  neither  from  the  Schottky  barrier  nor  from  the  JTE.  Only  a  small  displacement  current  <  3  A 
flows  in  reverse  direction  due  to  the  space  charge  which  is  independent  of  the  temperature  and  the 
forward  current  (see  Table  1).  The  order  of  dynamic  switching  losses  dissipated  in  the  diode  can 
roughly  be  estimated  by  the  product  space  charge  *  blocking  voltage  *  switching  frequency . 

4.  Conclusion 

The  aim  of  this  study  was  to  enlarge  the  active  area  of  SiC  Schottky  diodes  as  much  as  possible  with 
respect  to  the  defect  density  of  today  available  SiC  wafers.  For  this  purpose  Schottky  diodes  capable 
to  block  1200  and  1700  V  have  been  fabricated  with  an  active  area  of  10  mm2.  This  attempt  turned 
out  to  be  successful  resulting  in  an  average  yield  of  30%.  The  diodes  exhibit  the  temperature  and 
switching  behavior  which  has  been  expected  and  fits  to  results  reported  earlier,  but  now  with 
significant  higher  forward  current  and  higher  blocking  voltage. 
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Abstract.  In  this  study  Ta,  W,  Ti,  and  Ni  Schottky  diodes  are  characterized  under  forward  and  reverse  bias 
for  temperatures  between  +21  °C  and  +200  °C.  Additionally  the  Ti  Diodes  were  characterized  for  tempera¬ 
tures  between  -168°C  and  +21°C.  It  will  be  shown  that  the  reverse  current  is  dominated  by  thermionic  field 
emission  for  all  metals,  if  the  junction  temperature  is  in  the  typical  device  operating  temperature  range. 
Furthermore  we  will  show  that  non-ideal  forward  characteristics  not  necessarily  have  a  negative  influence 
on  the  reverse  characteristics  of  the  diodes.  This  will  be  explained  by  a  model  proposed  by  Tung,  which 
considers  the  pinch  off  of  the  defects  by  the  defect  free  areas  around  the  defect. 

Introduction 

Schottky  diodes  on  Silicon  Carbide  (SiC)  are  promising  rectifiers  for  blocking  voltages  between  300  V  and 
several  kV  mainly  because  of  their  fast  switching  capabilities.  Although  theoretical  studies  about  the  electri¬ 
cal  behavior  of  Schottky  contacts  exist  for  some  decades  [1],  the  exact  description  of  the  forward  and  re¬ 
verse  characteristics  is  still  an  issue  [2].  The  leakage  current  of  Schottky  diodes  on  SiC  is  much  higher  than 
the  leakage  current  predicted  by  the  classical  Schottky  theory,  which  is  typically  used  to  describe  Schottky 
diodes  on  silicon.  For  the  design  of  SiC  Schottky  diodes  it  is  crucial  to  be  able  to  describe  the  reverse  cur¬ 
rent  by  an  adequate  model,  which  will  be  presented  in  this  work. 

Experimental 

The  substrates  used  in  this  work  were  «-type  8°  off-axis  4H-SiC  supplied  by  Cree  Research.  A  w-type  2.5  pm 
thick  buffer  layer  and  8pm  thick  drift  region  were  grown  homoepitaxially  on  the  substrates  by  a  low  pressure 
chemical  vapor  deposition  process  described  elsewhere  [3].  The  net  donor  concentration  of  the  drift  region  was 
between  5xl015  cm'3  and  9xl015  cm'3.  A  70  pm  wide  guard  ring  described  by  Mitlehner  et  al.  [4]  with  an  im¬ 
planted  AI  concentration  of  5.5xl017  cm"3  annealed  at  1500  °C  was  used  as  an  edge  termination  of  the  diodes. 
The  Schottky  metals  with  a  thickness  of  150  nm  were  deposited  by  sputtering.  After  defining  the  Schottky 
contact  area  of  1.54xl0'2  cm'2  the  diodes  were  annealed  at  400°C  for  4  hours.  The  electrical  measurements 
above  room  temperature  were  done  at  wafer  level  and  the  measurements  below  room  temperature  were  done 
with  the  diodes  packaged  in  a  TO220  case.  With  this  punch-through  design  and  a  reverse  bias  of  600  V  the 
maximum  electrical  field  is  only  3  %  higher  than  in  the  non-punch-through  (npt)  case  with  the  same  drift  layer 
doping  concentration.  Thus  we  assume  that  we  have  a  npt  design  if  we  calculate  the  reverse  current. 

Results  and  Discussion 

Forward  characteristics.  Ideally  the  forward  characteristic  of  a  Schottky  diode  is  described  by  the  equations 

J  =  Jsexp(V/nkT)(\-exp(-V/kT)  with  Js  =  AT2  exp(-</> / kT))  (1,2) 

with  the  bias  V  between  the  anode  and  cathode,  the  ideality  factor  w,  the  Boltzman  constant  k,  the  abso¬ 
lute  temperature  T,  and  the  saturation  current  density  Js  with  the  Richardson  constant  A ,  the  elementary 
charge  q,  and  the  Schottky  barrier  height  <j)  [1J.  The  barrier  height  and  the  Richardson  constant  can  be  de¬ 
termined  experimentally  by  measuring  the  forward  characteristics  with  the  temperature  as  a  parameter  and 
fitting  the  theoretical  curves  to  the  measured  characteristics  as  shown  in  Fig.l.  By  this  method  we  deter¬ 
mined  the  values  listed  in  Tab.  1  for  the  different  Schottky  metals.  For  W  ranges  are  given  because  this 
metal  behaves  very  unstable  and  varied  its  barrier  while  the  temperature  was  changed  for  the  measurements. 
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Fig.  1,  Forward  current  of  a  Ti  Schottky  diode  as  a 
function  of  forward  bias  with  the  temperature  as  a 
parameter. 


reverse  voltage  (V) 

Fig.  2,  Measured  and  calculated  reverse  characteris¬ 
tics  of  a  Ti  Schottky  diode  with  the  temperature  as  a 
parameter. 


Modeling  of  the  reverse  current.  The  reverse  current  of  Schottky  diodes  on  silicon  is  normally  de¬ 
scribed  by  the  thermionic  emission  theory.  This  theory  cannot  explain  the  reverse  behavior  of  Schottky  di¬ 
odes  on  SiC  since  the  observed  leakage  current  is  much  higher  than  the  thermionic  emission  current.  To 
describe  the  reverse  current  it  has  to  be  considered  that  the  electrical  field  in  a  SiC  device  is  much  higher 
than  in  a  comparable  Silicon  device.  In  our  case  the  electrical  field  near  the  interface  at  600  V  reverse  bias  is 
around  1.35  MV/cm.  At  such  high  fields  it  seems  likely  that  tunneling  through  the  barrier  has  to  be  consid¬ 
ered  as  dominating  rather  than  thermionic  emission. 

Padovani  and  Stratton  [5]  proposed  a  model  to  describe  the  reverse  current  of  Schottky  diodes  on  highly 
doped,  degenerated  semiconductors  considering  field  emission  and  thermionic  field  emission  through  the 
barrier.  The  thermionic  field  emission  current  can  be  expressed  as 


J  -  Js  exp(K IE')  with 

+  cosh2(£007^eXP(-F/£°) ’  *o=*oocoth(£o„/*r), 
Em  =  qh^NJoJ)/ ,  and  E  =  Em[(E00  IkT)  -  tanh(£00  !kT)j' , 


(3) 
(4a,  4b) 

(5a,  5b) 


if  the  following  condition  is  fulfilled: 

1  - c,W  <  kT yj2fi  with  c,  =  2 / E00  ,  and  ft  =  -'AEmV  .  (6a,  6b,  6c) 


m*  is  the  effective  mass  of  an  electron  in  the  semiconductor,  and  sis  the  dielectric  constant  of  the  semi¬ 
conductor.  If  the  temperature  gets  lower  or  the  reverse  bias  gets  higher  this  condition  maybe  not  fulfilled 
and  the  current  is  dominated  by  pure  field  emission  which  can  expressed  as 

ATxEm  expt-2^3'2  !3EM  -  K)1/2] 

—  ^)]' /2  sin  {7tkT[<j> /(</>-  V)]' 1 2  /  £00}  (  ’ 

With  equation  6a  it  can  be  easily  shown  that  field  emission  or  thermionic  field  emission  has  to  be  con¬ 
sidered  for  our  diodes.  Fig.  2  and  Fig.  3  show  the  measured  and  calculated  reverse  current  for  the  Ti  and  Ta 
Schottky  diodes.  The  parameters  used  for  the  calculated  currents  are  printed  in  Table  1 .  In  the  case  of  the  Ti 
Diodes  the  measured  and  calculated  thermionic  field  emission  reverse  current  is  nearly  equal  for  tempera¬ 
tures  of  100  °C  and  higher.  For  lower  temperatures  the  model  does  not  fit  to  the  measurements  and  the  re¬ 
verse  current  is  independent  of  the  temperature  as  long  as  the  thermionic  field  emission  current  is  lower. 
Furthermore,  we  observed  that  the  reverse  current  at  room  temperature  varies  within  about  two  orders  of 
magnitude  and  is  also  independent  of  the  doping.  This  phenomenon  is  clear  to  see  in  Fig.  4  where  the  re¬ 
verse  current  of  50  Ti  diodes  at  -500  V  is  analyzed  for  two  temperatures.  At  room  temperature  the  reverse 
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Fig.  3,  Measured  and  calculated  reverse  characteris¬ 
tics  of  a  Ta  Schottky  diode  with  the  temperature  as  a 
parameter. 


Fig.  4,  Reverse  current  of  50  Ti  diodes  at  -500  V 
with  the  temperature  as  a  parameter.  In  this  case  the 
drift  region  was  4  pm  thick  with  a  doping  concen¬ 
tration  between  12  xlO15  cm'3  and  18  xlO15  cm'3. 


current  varies  about  two  orders  of  magnitude.  At  150  °C  the  reverse  current  varies  only  about  one  order  of 
magnitude  which  corresponds  to  the  variation  of  the  doping  mentioned  above.  The  origin  of  the  reverse  cur¬ 
rent  at  room  temperature  is  not  yet  clear.  But  we  can  deduce  from  Fig.  2  that  there  are  two  mechanism  lead¬ 
ing  to  this  current:  one  is  dominating  at  moderate  reverse  voltages  down  from  0  V  to  -350  V  (electrical 
fields  below  1  MV/cm),  the  second  one  is  dominating  for  higher  reverse  voltages. 

In  the  case  of  the  Ta  diodes  the  calculated  reverse  current  can  be  described  by  thermionic  field  emission 
for  all  considered  temperatures  since  the  reverse  current  is  much  higher  due  to  the  lower  Schottky  barrier. 
Similar  results  were  also  obtained  for  W.  For  the  Ni  diodes  it  was  not  possible  to  find  reasonable  parameters 
to  describe  the  reverse  current,  which  showed  a  very  low  temperature  dependence.  We  think  that  the  inter¬ 
face  was  not  as  perfect  as  for  the  other  metals.  This  is  indicated  by  the  relatively  high  ideality  factor  of  1.10. 
To  describe  these  measurements  it  may  be  necessary  to  introduce  an  interface  layer.  This  will  be  subject  of 
further  work. 


Metal 

Forward  Characteristics 

Reverse  Characteristics 

rfteV] 

n 

A  [A/cm2K2] 

<!>  [eV] 

m* 

A  [A/cm2K2] 

Ta 

1.03 

1.05 

300 

0.95 

0.30 

200 

W 

1.04  to  1.18 

1.04 

110  to  500 

1.08  " 

0.19  11 

300  0 

Ti 

1.27 

1.05 

400 

1.27 

0.22 

200 

Ni 

1.40 

1.10 

150 

Table  1,  Parameters  extracted  from  the  measurements  of  the  forward  and  reverse  characteristics  at  different 
temperatures.  0  extracted  only  for  one  diode  which  had  a  stable  Schottky  barrier 


Non-ideal  forward  characteristics  and  correlation  with  the  reverse  current?  In  contrast  to  the  ideal 
forward  characteristics  it  is  also  possible  that  the  diodes  show  a  non-ideal  behavior  as  depicted  in  Fig.  5. 
This  plot  shows  the  measurements  of  diodes  on  a  wafer  which  was  intentionally  processed  in  a  way  that 
produces  a  lot  of  defects,  degenerating  the  forward  characteristics.  In  the  literature  this  behavior  is  described 
by  local  Schottky  barrier  height  lowering  e.g.  caused  by  crystal  defects  or  contamination  enabling  a  higher 
current  to  flow  over  the  barrier  [2].  These  areas  with  the  lower  barrier  may  also  be  preferred  paths  for  the 
reverse  current.  To  check  this  assumption  we  plotted  the  reverse  current  at  600  V  as  a  function  of  the  for¬ 
ward  current  at  0.3  V  at  room  temperature  in  Fig.  6.  In  this  plot  all  points  right  of  the  vertical  line  represent 
diodes  that  are  affected  by  barrier  height  lowering  down  to  1  eV.  The  horizontal  line  represents  the  expected 
reverse  thermionic  field  emission  current  for  the  same  barrier  height.  In  contrast  to  the  first  assumption  the 
reverse  currents  of  most  of  the  diodes  with  a  higher  forward  current  (lower  barrier)  show  nearly  the  same 
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forward  voltage  (V)  log(forward  current  @  0,3  V) 

Fig.  5,  Forward  current  as  a  function  of  forward  bias  Fig.  6,  Reverse  current  at  -600  V  as  a  function  for- 
with  the  temperature  as  a  parameter  for  a  Ti  Schot-  ward  current  at  0.3  V  for  Ti  Schottky  diodes  on  one 
tky  diode  compared  with  the  Schottky  theoiy  wafer  at  room  temperature.  The  lines  are  the  theo- 
(dashed).  retical  values  for  a  barrier  of  1  eV. 

reverse  current  as  the  diodes  with  an  ideal  forward  characteristic.  This  behavior  can  be  explained  by  a  model 
proposed  by  Tung  [6].  This  model  proposes  that  areas  with  a  lower  barrier  which  have  smaller  dimensions 
than  the  space  charge  region  are  effectively  pinched  off  by  the  surrounding  area  with  the  higher  barrier.  This 
is  comparable  to  the  effect  used  in  a  merged  pin  Schottky  rectifier  where  the  area  with  the  lower  Schottky 
barrier  is  shielded  by  the  area  with  the  higher  pn  junction  barrier  [7].  Of  course  it  is  also  possible  that  diodes 
with  a  relatively  low  forward  current  have  a  high  reverse  current,  if  the  sum  of  the  defective  areas  is  rela¬ 
tively  small  but  the  size  of  the  individual  defects  is  to  large  to  be  shielded. 

This  leads  to  the  conclusion  that  the  reverse  current  cannot  be  described  by  a  simple  electrical  equivalent 
circuit  consisting  of  Schottky  diodes  with  different  barrier  heights  and  areas  in  parallel.  Such  a  model  is 
only  valid  if  the  device  quality  is  poor  because  of  defects  which  are  significantly  larger  than  the  space 
charge  region.  If  the  defects  get  smaller  the  modeling  of  the  reverse  current  gets  more  complicated  (see 
Tung  [6])  or  the  reverse  current  is  not  affected  significantly  by  such  defects  although  the  forward  character¬ 
istics  may  be  non-ideal. 

Conclusion  and  Summary 

It  was  shown  that  the  reverse  current  of  Schottky  diodes  on  SiC  can  be  described  by  the  thermionic  field 
emission  theory  in  a  wide  temperature  range  and  that  the  extracted  barrier  height  is  comparable  to  the  barrier 
height  extracted  from  the  forward  characteristics  with  the  classical  Schottky  theory.  The  necessity  of  differ¬ 
ent  values  for  the  effective  mass  of  the  electrons  is  understandable  because  the  effective  mass  at  the  inter¬ 
face  may  be  different  from  the  effective  mass  in  the  bulk  of  the  semiconductor  and  furthermore  may  be  in¬ 
fluenced  by  the  metal  and  its  specific  chemistry  at  the  interface.  It  was  also  shown  that  defects  at  the  inter¬ 
face  which  can  be  easily  detected  in  the  forward  characteristic  are  not  influencing  the  reverse  current  if  they 
are  small  enough  to  be  shielded  by  the  defect  free  area  around.  This  may  be  an  explanation  for  the  fact  that  it 
possible  to  produce  Schottky  diodes  on  SiC  with  a  high  yield  although  the  density  of  crystal  defects  (e.g. 
stacking  faults)  is  still  very  high  in  SiC  substrates. 
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Abstract 

2.8  kV  JBS  diodes  in  4H-SiC  were  fabricated  with  design  variations  in  parameters  controlling  the 
trade-off  in  forward  voltage  drop  and  leakage  current.  The  various  components  of  the  forward  drop 
are  analyzed,  and  a  new  optimization  for  the  drift  region  resistance  was  found  by  choosing  a  “33%” 
punch  through  design.  Moreover,  for  striped  p+  grid  designs,  a  grid  spacing  of  7-9  pm  is  optimal, 
with  regard  to  minimum  forward  voltage  and  low  leakage.  This  optimization  takes  also  second 
order  effects  of  high  temperatures  and  current  densities  >100  A/cm2  into  account. 


Introduction 

The  Junction  Barrier  Schottky  (JBS)  diode  in  silicon  carbide  is  a  promising  rectifier  for  the  medium 
voltage  range  (<3kV)  since  it  combines  the  low  forward  voltage  drop  of  a  Schottky  diode  with 
blocking  properties  of  a  PiN  diode.  In  comparison  with  a  SiC  PiN  diode  it  is  the  unipolar  low  static 
losses  that  makes  the  JBS  diode  attractive  in  said  voltage  range.  When  compared  to  a  Si  PiN  diode 

it  is  mainly  the  low-loss  switching  behavior  which 
Anode  schonkv  mcmi  makes  the  JBS  diode  a  competitor  for  high  operating 

frequencies.  Furthermore,  the  JBS  diode  has  low 
Assumed  45'  leakage  properties  at  blocking  voltage  also  for 

current  spreading  elevated  temperatures  because  of  the  pn-junction  like 

leakage  characteristics.  When  designing  a  JBS  diode 
the  design  parameters  have  to  be  optimized  with 
respect  to  operating  current  density,  temperature  and 
frequency.  This  paper  presents  experimental  results  on 
Cathode  trade-offs  in  forward  voltage  drop  versus  leakage 

Figure  1  Part  of  JBS  diode  structure  showing  the  current  as  function  of  temperature  and  current  density 
main  contributions  to  the  on-resistance.  for  different  designs.  The  results  are  based  on  a  2.8kV 

JBS  experiment  earlier  reported  [  1  ] . 


Assumed  45'’ 
"current  spreading 


Rdrift,JBS  - 


Cathode 

Figure  1  Part  of  JBS  diode  structure  showing  the 
main  contributions  to  the  on-resistance. 


In  a  JBS  diode  the  forward  current  flows  unipolar  between  the  anode  and  cathode  in  channels 
between  the  p+n  junctions  (see  diode  structure  in  Figure  1).  The  relationship  between  the  forward 
voltage  and  current  density  is  equal  to  that  of  a  Schottky  diode,  except  that  the  Schottky  barrier 
current  density  needs  to  take  the  area  taken  up  by  the  p+  regions  in  the  structure  into  account.  The 
modified  current  density  across  the  Schottky  barrier  for  a  striped  p+  grid  design  can  be  written  as 
[2]: 

f  _  s  +  w  f  (1) 

s  —  2d 

where  w  is  the  width  of  the  p+  regions  and  5  is  the  spacing  in  between,  i.e.,  the  active  Schottky  area 
region,  d  is  the  junction  depletion  width  from  the  p+  regions.  By  using  Schottky  barrier  theory 
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based  upon  thermionic  emission  the  total  forward  voltage  drop  of  a  JBS  diode  at  a  defined  current 
density  can  be  written  as: 

\ 

+  n(f}&  +  Rgrid  *  Jf  +  Rdrifi  JBS  *  Jf  (2) 

) 

where  k  is  Boltzmann’s  constant,  q  is  the  electron  charge,  T  is  temperature  and  Jf  is  the  forward 
current  density  at  Vfjbs-  A**  is  the  Richardson’s  constant.  Rgrid  is  the  sum  of  resistance  from  the 
p+  grid  and  current  spreading  below  the  grid. 


Electric  field 


tepi  >  =  W  if  npt 
tepi  <  W  if  pt 


From  Equation  2  it  is  clear  that  the  main 
parameters  to  optimize  are  the  drift  region 
resistance,  the  Schottky  barrier  height  and 
the  p+  grid  design,  controlling  the  trade-off 
in  forward  voltage  drop  and  leakage  current 
for  a  given  voltage.  Lowering  of  the 
leakage  current,  i.e.,  shielding  of  the 
Schottky  barrier,  without  too  much  increase 
in  on-resistance  can  be  obtained  if  an 
optimized  spacing  and  width  of  the  P+  grid 
is  used. 


Figure  2  Definition  of  non  punch-through  (npt)  and  punch- 

through  (pt)  epi  design.  For  the  pt  case,  the  epi  thickness  is  For  a  non  punch-through  design  (compare 

made  thinner  and  also  doping  is  lower  in  order  to  reach  a  with  Figure  2),  i.e.,  the  depletion  region  at 

nearly  rectangular  field  distribution.  ui  i  ■  u  •  t  . 

blocking  voltage  is  not  exceeding  the  epi 

thickness,  the  drift  resistance  increases 

quadratically  with  blocking  voltage  [1],  see  Equation  3.  Since  the  drift  resistance  is  a  major  part  of 

the  JBS  on-resistance  it  is  also  important  to  consider  an  optimization  of  the  drift  region  resistance, 

which  is  determined  by  the  epi  thickness  and  doping  according  to  Equation  4. 


Ret rift .  npt  —  - - -  [f2cm~] 

SjUnEc' 


By  introducing  a  punch-through  factor  s  (see  Figure  2),  defined  as  the  electric  field  at  the  substrate 
interface  divided  by  the  junction  field,  Equation  3  can  be  modified  for  a  punch-through  epi  design: 


Minimizing  this  expression  gives  a  minimum  drift  region  resistance  for  s  =1/3.  This  reduces  the 
drift  resistance  by  16%  compared  to  the  non  punch-through  case  for  the  appropriate  epi  doping  and 
thickness  combinations. 


Design  and  experimental 

High  voltage  JBS  and  reference  Schottky-,  PiN  diodes  were  processed  on  the  same  4H-SiC  wafer 
[1].  A  striped  grid  geometry  for  the  JBS  diodes  was  designed  with  a  p+  width  of  3pm.  The  smallest 
spacing  was  3pm  and  then  increasing  in  steps  of  3pm  to  a  maximum  spacing  of  21pm.  A  punch- 
through  design  with  1/3  of  the  junction  field  at  the  substrate  interface  was  used,  giving  an  epi 
thickness  of  27  pm  and  a  doping  of  3el5  cm'3.  If  100%  electrical  critical  field  strength  is  reached, 
according  to  reported  breakdown  field  strengths  [3],  these  epi  parameters  correspond  to  a  blocking 
voltage  of  4000V.  If  80%  critical  field  is  reached,  consistent  with  screw  dislocation  limitations  [4], 
this  epi  should  sustain  2500V.  The  JBS  grid  and  PiN  emitter  were  ion  implanted  with  aluminum  to 
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a  profile  depth  of  0.6  pm.  After  that  a  two  zone  JTE  was  implanted  with  different  masks  and  an 
implantation  anneal  was  carried  out  at  1700  °C.  For  the  frontside  Schottky  contact  and  combined 
Ohmic  contact,  titanium  was  chosen  as  metal  A  500  °C  anneal  in  vacuum  resulted  in  a  barrier 
height  of  1.4  eV  and  an  ideality  factor  of  1.1.  All  results  in  this  paper  are  from  devices  with  a 
200x200pm  contact  area. 

Results  and  discussion 

In  Figure  3  the  forward  voltage  drop  at  100  A/cm2  versus  leakage  current  at  -500V  for  different  grid 
spacing  is  shown.  Each  data  point  is  the  average  over  15  devices.  By  increasing  the  spacing  from 
3pm  to  9pm  the  forward  drop  is  reduced  >0.1V  while  the  leakage  is  not  affected.  Further  increase 
in  spacing  gives  almost  no  improvement  in  forward  drop  but  the  leakage  starts  to  increase, 
indicating  less  effective  shielding  of  the  Schottky  barrier.  Figure  4  shows  the  linear  forward 
characteristics  for  one  single  device  with  9  pm  spacing  and  p+  width=3  pm.  The  characteristic 
increase  of  on-resistance  due  to  a  decrease  in  electron  mobility  is  shown  for  temperatures  up  to 
225°C.  A  current  density  of  100  A/cm2  in  the  graph  (0.036  A),  clarifies  the  importance  to  account 
for  the  operating  temperature  when  choosing  the  optimal  operating  current  density. 
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Figure  3  Forward  voltage  drop  at  100  A/cm2  versus  Figure  4  Forward  characteristics  for  a  single  JBS 

leakage  current  at  -500V  for  different  grid  spacings,  device  for  different  temperatures  in  Kelvins.  Spacing  is 

P+  width=3gm.  T=30  °C.  9pm  and  p+  width  =3gm. 

In  Figure  5  the  same  set  of  devices  is 
measured  up  to  500  A/cm2.  The  differential 
on-resistance  is  extracted  at  100-300  A/cm2 
and  300-500  A/cm2.  The  drift  resistance  is 
then  subtracted  to  extract  the  grid  resistance 
(see  Figure  1),  and  then  plotted  versus 
relative  Schottky  area,  with  spacings  from 
3pm  to  21pm.  Since  the  drift  resistance  is 
very  sensitive  to  the  local  epi  doping  and 
thickness  a  resistance  Rd=4.5mOhmcm2  was 
extracted  from  an  adjacent  Schottky  diode. 
For  the  3  pm  spacing  the  grid  resistance  is 
higher  than  expected.  Interesting  to  note  is 
that  the  resistance  is  increasing  with  current 
density  compared  to  the  designs  with  wider 


Relative  Schottky  area  =  Schottky  area  /  contact  area 

Figure  5  “Grid  resistance”  versus  relative  Schottky  area  for 
low  (100-300  A/cm2)  and  high  (300-500  A/cm2)  current 
densities.  T=30  °C. 
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spacing.  This  confirms  that  a  spacing  close  to  9  pm  is  optimal  if  high  operating  current  densities  are 
intended. 


Figure  6  Differential  on-resistance  versus  temperature  for  different  grid  spacings.  Solid  line  without  markers  is  the 
theoretical  Ron(T)  relationship. 


In  Figure  6  the  on-resistance  (between  33-100  A/cm2)  is  measured  for  six  temperatures,  up  to 
500  °C.  Plotted  is  also  the  theoretical  temperature  dependence  with  a  mobility  decrease  of  T'215[5]. 
The  smallest  grid  spacing  3  pm  shows  a  much  stronger  temperature  dependence  than  the  wider 
spacing.  This  is  most  likely  self-heating  effects  due  to  the  high  current  density  (2x)  in  the 
conducting  channels,  which  decreases  the  mobility  further. 

Conclusions 

Experimental  results  in  grid  spacing  revealed  trade-offs  in  forward  voltage  drop  and  leakage  current 
for  JBS  diodes.  It  was  found  that  small  spacing  (3-6pm)  is  non-attractive  because  the  high  grid 
resistance  results  in  a  increased  temperature  and  high  current  density  dependence  of  the  on-state 
drop.  When  the  grid  spacing  is  increased  to  about  9pm- 12pm  the  forward  voltage  is  lowered  while 
low  leakage  is  maintained. 
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Abstract  4H-SiC  JBS  rectifiers  were  designed  with  multiple  floating  guard  ring  termination  using 
numerical  simulation  methods,  and  were  fabricated  using  a  simplified  self-aligned  process 
sequence.  Simulations  were  used  to  investigate  forward  voltage  drop  and  reverse  electric  field 
shielding  with  respect  to  JBS  spacing.  Optimized  devices  were  fabricated  on  30jim  lightly  doped  n- 
epitaxial  layers.  JBS  diodes  exhibited  2.5kV  blocking  capability  with  reverse  leakage  currents 
below  2xl0'5  Acm'2  at  2kV,  and  a  forward  voltage  drop  of  2.95V  at  lOOAcm 2. 

1.  Introduction 

SiC  Schottky  rectifiers  are  superior  to  Si  pn  diodes  for  high  voltage  switching  applications  because 
of  their  fast  switching  speed  and  low  reverse  recovery  currents.  SiC  Schottky  diodes  have  been 
demonstrated  with  breakdown  voltages  near  5kV  [1],  with  switching  decreasing  power  losses  over  a 
factor  of  four  smaller  than  comparable  Si  pin  diodes  [2].  Critical  to  successful  SiC  Schottky  diode 
commercialization  is  the  maximization  of  breakdown  voltage  and  suppression  of  excess  reverse 
leakage  currents.  Experimental  results  for  SiC  Schottky  diodes,  however,  have  shown  extremely 
soft  reverse  breakdown  and  excess  leakage  currents  greatly  exceeding  the  theoretically  expected 
values  [3].  These  leakage  mechanisms  in  SiC  Schottky  diodes  under  strong  reverse  bias  include 
image-force  barrier  lowering  and  significant  tunneling  currents.  Since  these  mechanisms  are  driven 
by  the  peak  electric  field  at  the  Schottky 
interface,  device  designs  which  can  reduce  the 
internal  electric  fields  must  be  considered.  The 
junction  barrier  Schottky  (JBS)  rectifier  [4] 
shown  in  Fig.l  was  proposed  in  order  to 
alleviate  the  leakage  currents  in  high  voltage 
Schottky  diodes  with  low  barrier  heights.  The 
JBS  structure  is  simply  composed  of  a  Schottky 
diode  with  closely  spaced  p+  regions  inside  the 
active  Schottky  area.  Under  reverse  bias  the  p+ 
regions  are  designed  to  shield  the  Schottky 
interface  by  pinching  off  the  narrow  Schottky 
regions,  reducing  the  peak  electric  field  at  the 
Schottky  interface. 


Schottky  Metal 
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Fig.  1 :  Schematic  cross  section  of  a  JBS  diode 
with  floating  guard  ring  edge  termination. 
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Fig.  2:  Potential  contours  of  an  optimized  7  Fig.  3:  Simulated  decrease  in  interface  electric 

guard  ring  design  at  2.4kV.  field  as  a  function  of  JBS  p+  spacing. 

However,  devices  with  poor  edge  termination  can  result  in  decreased  breakdown  voltages 
and  device  leakage  mechanisms  dominated  by  the  currents  generated  at  the  device  periphery, 
rendering  the  JBS  properties  useless.  Various  edge  termination  methods  such  as  the  junction 
termination  extension  (JTE),  field  plates,  and  floating  guard  rings,  have  been  utilized  to  increase 
breakdown  of  Schottky  diodes  to  near  ideal  parallel  plane  values  [5-6].  While  the  JTE  is  more 
suitable  for  high  voltage  devices  than  the  field  plate,  it  requires  additional  processing  steps  as  well 
as  precise  dopant  activation,  which  is  difficult  in  SiC.  Alternatively,  the  floating  guard  ring  method 
has  been  successfully  used  in  SiC  [7],  and  can  be  formed  simultaneously  with  the  active  JBS  region. 
This  self-aligned  simplifies  processing  by  eliminating  a  mask  layer  and  eases  lithography  constraints 
of  exact  guard  ring  placement. 

2.  Simulation 

Multiple  floating  guard  ring  termination  simulations  were  performed  with  MEDICI  [8]  using  a 
previously  calibrated  method  [7].  Designs  for  guard  ring  profiles  up  to  7  rings  were  simulated  with 
a  predicted  maximum  blocking  voltage  of  2.4kV  for  a  diode  with  a  30pm  epitaxial  layer  and  a 
doping  concentration  of  1x10  5cm3.  Individual  simulated  guard  rings  were  5pm  wide  with  a 
junction  depth  of  0.5pm,  and  a  doping  of  lxl0!9cm3.  The  large  diode  structure  needed  for 
breakdown  simulations  required  a  large  number  of  nodes  and  precise  grid  generation  for  stable 
convergence.  Fig.  2  shows  the  simulated  diode  structure  with  the  electric  field  distribution  at  a 
reverse  bias  of  2.4kV,  exhibiting  an  effective  spreading  of  the  depletion  layer. 

Under  reverse  bias,  a  portion  of  the  increasing  electric  field  is  absorbed  by  the  heavily  doped 
p+  regions  in  the  active  JBS  area,  reducing  the  peak  field  at  the  Schottky  interface.  The  amount  of 
shielding  is  predominantly  dependent  on  the  spacing  between  adjacent  p+  regions  (W).  In  Fig.  3,  the 
electric  field  in  the  center  of  two  p+  (lxl0,9cm'3)  regions  (W/2)  is  plotted  versus  vertical  distance 
into  the  device.  Compared  to  a  pure  Schottky  diode,  the  peak  interface  field  can  be  reduced  by 
43%,  26%,  and  18%  using  a  JBS  spacing  of  2pm,  3pm,  and  4pm,  respectively.  Unfortunately,  the 
JBS  rectifier  suffers  from  an  increased  forward  resistance  as  a  result  of  the  current  constriction 
between  the  p+  regions.  The  simulated  forward  characteristics  shows  that  the  pinch  resistance  can 
add  as  much  as  IV  to  the  diode's  forward  voltage  drop  at  lOOAcnf2.  Therefore,  the  desired  JBS 
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structure  must  be  optimized  according  to  application  requirement,  for  best  tradeoffs  between  low 
forward  voltage  drop  and  reduced  leakage  currents. 


3.  Fabrication 

Circular  JBS  diodes  with  diameters  ranging  from  100pm  to  400pm  were  fabricated  on  4H  n+  wafers 
with  a  30pm  l-2.5xl0l5cm'3  n  epitaxial  layer.  Using  a  thick  Mo  layer  for  implant  masking,  a  single 
A1  implanted  box  profile  using  energies  ranging  from  30keV  to  300keV  was  used  to  form  both  the 
active  JBS  region  and  the  guard  ring  edge  termination.  All  implanted  guard  rings  as  well  as  p+ 
implants  used  in  forming  the  JBS  active  region  were  5pm  in  width,  and  were  fixed  as  the  JBS 
spacing  (W)  varies.  A1  implants  were  annealed  at  1600°C  in  a  silane  ambient  as  has  been  described 
in  the  literature  [9].  A  high  quality  thermal  oxide  followed  by  1pm  converted  poly-Si  layer  was 
used  for  passivation.  Ni  was  deposited  for  the  backside  Ohmic  contacts  and  annealed  at  1 100°C  for 
2  minutes  in  vacuum,  followed  by  evaporation  of  Ti  and  Au  for  decreased  contact  resistance. 
Schottky  contact  openings  were  formed  by.  selective  RIE  followed  by  a  BOE  etch  through  the 
passivation  and  immediate  loading  into  the  metalization  chamber  for  Ni  Schottky  contact 
evaporation.  Schottky  contacts  were  completed  with  Ti  and  Au  overlayers. 

4.  Experimental  Results 

The  forward  current-voltage  characteristics  of  the  Ni  JBS  diodes  are  shown  in  Fig.  4.  These  devices 
closely  follow  the  thermionic  emission  theory  with  an  extracted  ideality  factor  of  1.04.  The 
extracted  Barrier  height  of  1.80eV  using  the  theoretical  Richardson's  constant  for  4H-SiC  of 
A*=146AK'2cm'2  introduced  a  moderate  error  in  the  modeled  forward  I-V  curves  when  compared  to 
the  experimental  data.  Using  temperature  measurements  from  23°C  to  300°C,  an  experimental 
effective  Richardson’s  constant  of  0.073  lAK~2cm'2  was  extracted,  corresponding  to  an  experimental 
barrier  height  of  1.58eV  that  correctly  fits  the  thermionic  emission  equation.  The  specific  on- 
resistance  for  a  pure  Schottky  diode  fabricated  on  the  same  die  was  a  low  Hm^cm2  with  a  forward 
voltage  drop  of  2.73V  at  lOOAcm'2.  The  forward  voltage  drop  at  lOOAcm'2  for  the  JBS  diodes 
increased  from  2.85V  for  W=5pm  to  3.25V  for  W=2pm,  as  shown  in  Fig.  5. 


Fig.  5:  Forward  voltage  drop  versus  JBS  Fig.  4:  Forward  IV  characteristics  of  4H-SiC 

Schottky  width.  JBS  rectifiers. 
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Reverse  Voltage  (V) 

Fig.  6:  Reverse  bias  I-V  characteristics  of 
several  JBS  rectifiers  with  A=1.26xl0"3cm2. 


4.  Summary 


In  reverse  blocking  mode,  the  multiple  guard 
ring  termination  proved  effective  with 
blocking  voltages  reaching  2.5kV,  in  excellent 
agreement  with  the  predicted  simulation 
values.  A  graph  of  the  reverse  leakage 
currents  is  shown  in  Fig.  6  for  several  400p,m 
JBS  diodes  with  various  p+  spacing.  As 
designed,  the  closely  spaced  p+  regions  had  a 
positive  effect  on  reducing  the  reverse  leakage 
currents.  At  2k V  the  leakage  current  for 
W=2(im  and  W=3pm  devices  is  below 
2x10 5 Acm'2,  and  for  W=4p.m  the  current  is 
-4x10'  Acm"2.  This  reduction  in  reverse 

leakage  currents  is  important  in  limiting  the 
power  dissipation  when  in  reverse  blocking 
mode. 


A  novel  JBS  structure  with  a  self-aligned  guard  ring  termination  has  been  demonstrated  to  be 
effective  in  producing  high  voltage  rectifiers  with  low  leakage  currents.  The  process  sequence 
requires  only  a  single  implant  and  eliminates  several  processing  steps  from  the  more  complicated 
JBS-JTE  designs.  We  have  shown  that  with  a  JBS  spacing  of  3pm-4pm,  it  is  possible  to  reduce  the 
peak  interface  fields  and  reduce  the  leakage  currents  by  slightly  trading  off  the  forward  voltage  drop. 
We  can  expect  to  further  improve  on  the  JBS  performance  through  the  use  of  lower  barrier  height 
metals,  where  forward  voltage  drop  could  be  significantly  reduced. 
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Abstract.  A  significant  improvement  in  all  the  important  parameters  of  the  diodes  were  observed  by 
annealing  in  H2  at  300  °C.  The  forward  current  increased  from  55  mA  to  100  mA  ayi  bias  voltage 
of  2  5  V.  The  reverse  leakage  current  measured  at  -500  V  was  reduced  from  3.5  x  10  to  4.8  x  10 
Amps  for  a  0.5  mm  diameter  diode.  The  average  value  of  the  barrier  height  increased  by  at  least  0.2 
eV,  measured  by  Capacitance-Voltage  and  Current-Voltage  technique  indicating  the  increase  of 
both  static  and  effective  barrier  heights.  The  average  value  of  ideality  factor  also  improved  and  a 
best  value  of  1 .06  was  obtained  for  the  hot-wall  CVD  grown  samples  after  H2  annealing.  Hydrogen 
atoms  may  passivate  the  dangling  bonds  at  the  metal-semiconductor  interface  and  thus  by  saturating 
the  dangling  bonds  reduce  the  interface  state  density. 

Introduction 

Schottky  diodes  in  4H-SiC  have  various  advantages  over  Si  based  diodes  in  the  market  of  high 
power  electronics.  Silicon  carbide  Schottky  diodes  can  pave  the  way  to  improve  the  performance  of 
power  electronics  in  traction  and  auxiliary  converters  because  of  the  voltage  source  since  there 
performance  is  superior  to  other  diodes  in  the  breakdown  voltage  range  of  less  than  several  kV.  The 
power  losses  will  drastically  be  reduced  thus  providing  advantages  in  the  designing  of  thermal 
systems  due  to  less  effort  required  for  cooling.  In  this  article  we  present  the  results  of  hydrogen 
annealing  effects  on  the  electrical  performance  of  high-blocking  voltage  Ni/4H-SiC  Schottky 
diodes.  Hydrogen  is  known  to  passivate  electrically  active  centers  in  various  semiconductors. 

Experimental 

The  4H-SiC  samples  used  for  the  study  were  grown  either  by  hot-wall  or  chimney  chemical  vapor 
deposition  (CVD)  techniques  on  commercially  available  4H-SiC  substrates.  The  growth  using  hot- 
wall  CVD  technique  was  carried  out  at  1550  °C  with  the  source  gases  SiH4  and  C3H8.  The  epilayer 
grown  by  this  technique  had  a  thickness  of  35  pm.  The  growth  of  epi-layer  by  chimney  CVD  was 
performed  at  1850  °C  and  the  film  thickness  varied  from  38  to  43  pm.  The  details  of  the  hot-wall 
and  chimney  CVD  systems  are  described  elsewhere  [  1  -2] . 

The  diode  processing  technique  utilizes  the  metal-overlap  onto  oxide  layer  as  an  edge 
termination  for  avoiding  electric  field  crowding  at  the  periphery  of  the  diode.  The  Si02  layer  was 
first  thermally  grown  using  dry  oxidation  method  at  1200  °C  for  4  hours,  which  resulted  in  about 
2000  A  thick  layer.  A  second  Si02  layer  of  thickness  ~2.2  pm  was  deposited  using  a  plasma  CVD 
technique.  The  total  oxide  thickness  was  2.4  pm,  which  was  believed  to  be  sufficient  to  sustain  high 
voltage  in  the  reverse  bias.  For  ohmic  contacts  Ni  was  thermally  evaporated  on  the  backside  of  the 
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Fig.  1  Semilogrithmic  current  density  vs  Voltage  plot  measured  to  -3.5  kV  of  a)  the  diode 
processed  on  hot-wall  CVD  layer,  b)  the  diode  processed  on  Chimney  CVD  layer. 

wafer  and  was  subsequently  annealed  at  1000  °C  to  form  the  silicides  for  obtaining  low  ohmic 
contact  resistance.  The  circular  diode  pattern  was  drawn  using  standard  photolithography.  Ni  was 
deposited  by  thermal  evaporation  and  was  used  as  a  Schottky  contact.  Finally  a  200-nm  thick  Au 
layer  was  deposited  as  a  cap  layer.  The  details  of  the  diode  processing  are  defined  elsewhere  [3]. 
The  hydrogen  annealing  was  performed  in  Ar+2%H2  ambient  in  a  quartz  tube  at  the  temperatures  of 
200,  300  and  400  C  while  the  annealing  time  was  10  min  for  each  annealing  step. 

The  current-voltage  (I-V)  measurements  were  performed  by  a  Keithley-237  source  measurement 
unit  together  with  a  5  kV  Bertan  power  supply.  The  capacitance- voltage  (C-V)  measurements  were 
performed  by  a  HP-4284  LCR  meter.  For  electrical  measurements  the  samples  were  glued  to  a 
copper  plate  using  conducting  carbon  cement.  For  high  voltage  I-V  measurements  the  copper  plate 
was  immersed  in  a  copper  bath  filled  with  high  resistive  fluorinated  fluid  in  order  to  avoid  sparking. 

Results  and  Discussion 

The  doping  concentration  of  the  epi-layer  grown  by  hot-wall  CVD  was  measured  by  C-V  to  be  ~2-3 
x  10  cm  and  was  found  to  be  uniform  along  the  substrate  surface  and  also  along  the  gas  flow 
direction.  By  using  the  value  of  doping  concentration  and  thickness  of  the  epi-layer,  the  breakdown 
voltage  for  the  parallel  plane  case  was  calculated  to  be  ~4.2  kV.  The  doping  concentration  of  the 
epitaxial  layer  grown  by  Chimney  CVD  was  found  to  be  in  the  range  of  8  x  1014  to  1  x  1015  cm'3 
and  was  found  to  be  lower  at  the  regions  where  its  thickness  was  higher.  The  I-V  characteristics 
shown  in  Figure  la  and  lb  are  the  representative  diodes  processed  on  the  sample  grown  by  hot-wall 
and  Chimney  CVD  respectively.  Both  diodes  blocked  more  than  3.5  kV  in  the  reverse  bias 
conditions.  The  diode  processed  on  hot-wall  CVD  sample  showed  a  reverse  leakage  current  density 
as  low  as  2.1  x  10'  A  cm'2  at  3.5  kV.  In  the  forward  direction  the  diode  conducted  a  current  density 
of  100  A  cm  "  at  a  voltage  drop  of  3.3  V.  The  ideality  factor  of  the  diodes  measured  from  the  initial 
part  of  the  curve  was  found  to  vary  on  the  same  chip  from  1.06  to  1.8.  The  barrier  height  measured 
by  the  forward  I-V  characteristics  was  in  the  range  of  1.0- 1.4  eV  while  the  static  barrier  height 
measured  by  C-V  was  1 .4  -  1 .6  e V. 

The  diodes  processed  on  a  Chimney  CVD  sample  also  blocked  more  than  3.5  kV.  The  Chimney 
CVD  technique  is  very  attractive  for  power  devices  where  thick  epilayer  (25-80  pm)  can  be  grown 
at  a  rate  of  20-50  pm  h'!,  in  the  temperature  range  of  1800-2000  °C,  while  it  take  at  least  8  hours  to 
grow  by  conventional  CVD  since  the  growth  rate  is  limited  to  4  pm  h'1. 
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Fig.  2  is  showing  the  effect  of  H2  annealing  at  300°C  on  the  performance  of  the  diodes 
a)  in  the  forward  direction,  b)  in  the  backward  direction. 

The  reverse  leakage  current  density  was  quite  low  up  to  1.8  kV  and  started  to  increase  steeply 
compared  to  hot- wall  CVD  grown  sample  and  at  3.5  kV  was  0.01  A/cm2.  In  the  forward  direction 
the  voltage  drop  at  a  current  density  of  100  A  cm  2  was  7.6  V,  indicating  a  higher  on  resistance  than 
the  sample  grown  by  hot-wall  CVD.  The  ideality  factor  obtained  from  the  initial  part  of  the  current 
was  in  the  range  of  1.2-1. 9.  The  barrier  height  obtained  by  C-V  technique  was  found  to  be  1.4-1. 7 
eV  essentially  in  the  same  range  as  obtained  on  the  samples  grown  by  hot-wall  CVD.  The  barrier 
height  obtained  by  I-V  technique  was  0.9-1. 2  eV,  the  difference  is  attributed  to  the  static  and 
effective  barrier  heights,  which  is  related  to  the  local  defect  density. 


The  diode  characteristics  measured  after  annealing  at  200  °C  in  H2  atmosphere  showed  a  slight 
improvement  both  in  the  forward  and  reverse  currents.  A  further  annealing  at  300  °C  resulted  in 
significant  improvement  in  all  the  important  parameters  of  the  Schottky  diode  like  forward  and 
reverse  current,  barrier  height  and  ideality  factor.  For  the  sample  grown  by  hot-wall  CVD,  the 
forward  current  was  increased  from  55  mA  to  100  mA  at  a  constant  bias  of  2.5  V  indicating  a  power 
gain  of  22  W  cm-2,  see  Fig.  2a.  The  reverse  leakage  current  of  the  diode  was  reduced  from  3.5  x  10' 
to  4.8  x  10'10  Amps  to  a  bias  voltage  of  -500  V,  see  Fig.  2b.  The  reduction  in  the  reverse  leakage 
current  is  desired  in  the  designing  of  high  blocking  voltage  diode,  where  a  slight  increase  in  the 
leakage  current  results  in  a  substantial  increase  of  the  dissipated  power  due  to  high  voltage.  Similar 
results  were  obtained  for  the  diodes  fabricated  on  the  sample  grown  by  Chimney  CVD  technique. 


The  barrier  heights  of  the  hot-wall  CVD  layer  diodes  measured  from  1/C2  vj  voltage  plot  were 
in  the  range  of  1.18-1.39  eV  before  annealing  and  were  increased  to  1.39-1.6  eV  and  are  shown  in 
Fig.  3.  The  figure  shows  the  barrier  height  values  of  5  selected  diodes  of  diameter  0.5  mm  on  the 
chip.  Almost  all  the  measured  diodes  on  the  chip  showed  an  increase  in  the  barrier  height  after 
annealing  in  H2.  No  further  improvement  and/or  degradation  was  observed  by  further  annealing  at 
400  °C.  It  is  interesting  to  note  that  this  increase  in  the  barrier  height  is  not  the  same  for  all  the 
diodes.  Some  diodes  showed  a  larger  increase  than  others  and  as  can  be  seen  in  the  Fig.  3  that  the 
diode  #2  showed  an  increase  from  1.37  to  1.46  eV  while  the  diode  #5  showed  an  increase  from  1.25 
eV  to  1.6  eV.  This  mechanism  is  not  clearly  understood  at  the  moment.  The  barrier  heights  in  the 
Schottky  diodes  depend  on  the  interface  state  density  between  the  metal  and  semiconductor.  These 
results  indicate  that  the  interface  state  density  in  the  SiC  Schottky  diode  is  primarily  due  to  dangling 
bonds  which  were  passivated  by  the  hydrogen  atoms  during  annealing  and  some  of  the  interface 
states  were  released  resulting  in  the  increase  of  barrier  height.  The  individual  behavior  of  the  diodes 
can  also  be  related  to  the  localized  defect  density  under  the  active  area  of  the  diode  reacting  with  the 
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Fig.  3  Barrier  height  measured  by  C-V  before  Fig.  4  Ideality  factor  of  the  diode 

and  after  annealing.  measured  before  and  after  annealing 


hydrogen  atoms  individually  since  the  SiC  crystal  is  containing  a  high  density  of  screw  dislocations 
which  were  randomly  distributed  over  the  wafer  surface  area  [4].  Figure  4  shows  the  improvement 
in  the  ideality  factor  and  a  best  value  of  1.06  was  obtained  after  annealing.  Dislocations  are  also 
assumed  to  create  additional  states  within  the  bandgap  due  to  atomic  strain  and  internal  stress.  In  the 
MOS  structure  of  4H-SiC  the  reduction  in  the  interface  state  density  and  its  saturation  at  800  °C  by 
H2  annealing  is  also  reported  recently  where  the  density  was  reduced  to  as  low  as  1  x  1011  eV'1  cm'2 
[5],  The  interface  states  at  Si02/4H-SiC  are  also  thought  to  originate  from  the  dangling  bonds.. 
Hydrogen  in  the  epilayer  may  also  form  stable  H-impurity  complex  (like  H-B),  which  may  result  in 
an  increase  of  the  effective  doping  near  the  interface  region  and  thus  increase  the  forward  current  of 
the  diode.  On  the  other  hand  if  B  and/or  other  deep  level  defects  participate  in  the  carrier 
generation,  the  formation  of  H-impurity  complex  may  decrease  the  reverse  current.  The  study 
performed  on  the  hydrogen  passivation  of  N  in  6H-SiC  indicated  a  less  efficient  N-H  binding  and  is 
a  greater  prevalence  in  p-type  because  the  Fermi  level  is  close  to  the  valence  band  increasing  the  H+ 
fraction  [6]. 

Summary 

The  H2  annealing  effectively  improved  all  the  important  characteristics  of  the  Ni/4H-SiC  Schottky 
diode.  The  best  value  of  the  ideality  factor  was  only  achieved  after  H2  annealing.  This  indicates  that 
the  interface  state  density  in  4H-SiC  Schottky  diode  is  primarily  due  to  dangling  bonds. 
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For  vertical  JFETs  in  silicon  carbide,  the  use  of  an  buried  gate  with  a  lateral  channel  concept  in  order 
to  achieve  a  high  blocking  gain  was  shown  to  result  in  promising  device  performance.  However,  due 
to  field  crowding  at  the  edges  of  the  buried  p-layer,  the  breakdown  voltage  is  reduced  compared  to 
folly  planar  devices  which  are  able  to  use  the  bulk  breakdown  field  of  4H-SiC.  The  following  wor 
presents  a  possibility  how  to  further  enhance  the  breakdown  voltage  of  SiC  JFETs  with  buried  layers 
by  implementing  a  buried  layer  with  optimized  shape  and  doping.  Consequently,  for  a  given  blocking 
voltage,  the  specific  on-resistance  can  be  reduced,  resulting  in  lower  losses  for  the  device. 


Generally  one  of  the  most  important  key  parameters  characterizing  a  unipolar  switching  device  is  its 
specific  on-resistance.  For  classical  high  voltage  (>100V)  solid  state  switching  devices,  this 
parameter  is  dominated  by  the  resistance  of  the  epilayer  necessary  for  blocking  the  desired  reverse 
bias  In  the  case  of  silicon  carbide  devices,  this  epilayer  can  be  designed  thinner  and  with  an  higher 
doping  density  compared  to  conventional  Si-devices  due  to  the  high  electric  breakdown  field  of  SiC, 
resulting  in  on-resistances  two  orders  of  magnitude  below  Si-MOSFETs,  e  g  [1],  Unfortunately, 
vertical  4H-SiC  MOSFETs  still  suffer  from  a  poor  channel  mobility  [2,4].  However,  vertical  4H-SiC 
JFETs  exhibit  promising  electrical  parameters  for  low  loss,  fast  switching  applications  in  the  range 
above  1000V  blocking  voltage  [3],  In  order  to  demonstrate  the  advantages  of  these  benefits  in 
practical  applications,  we  investigated  VJFETs  for  different  reverse  bias  classes.  It  was  shown  that 
the  avalanche  breakdown  of  such  vertical  JFETs  in  SiC  can  be  controlled  to  start  at  the  buried  p- 
islands  and  is  therefor  non-destructive  [3],  However,  the  electric  field  at  the  breakdown  voltage 
reaches  only  up  to  50%  of  the  bulk  breakdown  field  in  SiC.  Therefor,  the  devices  exhibit  a  higher 
specific  on-resistance  compared  to  theoretical  numbers  like  figures  of  merit,  e  g  ,  which  base  on  the 
foil  breakdown  field  [1]  The  stimulating  challenge  for  the  presented  research  was  to  look  for  a  way 
how  to  increase  the  breakdown  voltage  for  a  given  set  of  epi  parameters  (thickness,  doping)  and 
consequently  further  reduce  the  losses  for  a  certain  class  of  blocking  voltage.  In  order  to  do  this, 
extensive  simulation  work  was  performed  and  the  results  were  tested  by  implementing  them  in  the 
real  device. 


Device  structure,  simulation 

Figure  1  (left)  shows  the  basic  structure  of  the  VJFETs  investigated  in  this  work.  Important  features 
are  the  lateral  channel  and  vertical  current  flow,  the  short  circuit  between  the  buried  gate  and  the 
source  and  the  use  of  two  different  epitaxial  layers  for  controlling  the  device  current  and  blocking  the 
desired  reverse  voltage,  resp.  Technological  details  will  be  discussed  in  the  next  chapter.  Compared 
to  a  more  conventional  SIT  like  structure  of  vertical  JFETs,  these  concepts  results  in  a  much  higher 
blocking  gain.  However,  due  to  field  crowding  at  the  edges  of  the  buried  layer,  e  reduction  in 
breakdown  voltage  compared  to  identically  processed  planar  junctions  can  be  expected. 
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Fig.  1 :  Cross  section  through  the  JFET  investigated  in  this  work  together  with  the  field 
distribution  in  the  blocking  mode  (VGS  =  -35V,  VDS  =  1200V) 

Simulations  of  the  blocking  behavior  reveal  that  the  breakdown  starts  at  the  edge  of  the  buried  layer 
(see  figure  1,  point  A,  2.7MV/cm).  The  ratio  between  the  electric  field  under  the  planar  part  of  the 
buried  pn-junction  (point  B,  1.5MV/cm)  and  the  critical  point  A  gives  an  estimate  for  the  full  use  of 
the  possible  breakdown  voltage  in  SiC  devices.  Assuming  a  classical  doping  profile  which  can  be 
realized  by  conventional  ion  implantation  (Emax  =  400keV)  and  using  a  single  mask,  it  was  possible 
to  achieve  a  breakdown  voltage  corresponding  to  50%  of  the  bulk  breakdown  field  of  SiC. 

Since  the  modeling  showed  that  the  breakdown  behavior  can  be  influenced  by  adjusting  the  doping 
and  the  shape  of  the  buried  layer  at  point  A,  two  modified  structures  in  detail  : 

1)  extension  of  the  buried  layer  into  the  depth  by  using  a  higher  energy  implantation  while 
maintaining  the  overall  implantation  dose 

2)  introducing  an  additional  lateral  step  in  the  buried  layer  (see  figure  2a)  and  simultaneous 
extension  into  the  depth 


*  Drain  j 

Fig.  2  .  Cross  section  through  the  modified  JFET  together  with  the  field  distribution  in  the 
blocking  mode  (VGS  =  -35V,  VDS  =  1200V) 
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For  both  solutions,  the  simulation  predicted  an  increase  of  the  blocking  voltage  for  a  1200V  device 
(epi  data  see  chapter  technology)  of  approximately  200V.  As  can  be  seen  from  the  field  distribution, 
the  ratio  between  the  field  at  the  edge  and  below  the  planar  junction  decreases  from  approximately 
0.8  to  0.55  for  the  modified  design.  Additionally,  for  the  same  conditions,  the  absolute  value  of  the 
electric  field  at  the  edge  is  well  below  the  critical  value  (2.1MV/cm  vs.  2.7MV/cm).  The  high  field 
area  is  smeared  out  along  the  bottom  of  the  buried  layer  and  thus,  the  breakdown  voltage  increases. 
The  simulation  reveal  further  that  for  an  aspect  ration  in  the  channel  (channel  length  vs.  channel 
height)  of  larger  than  3,  no  influence  on  the  blocking  behavior  can  be  seen.  Generally,  the  here 
presented  attempts  represent  only  examples  how  to  reduce  the  critical  field  at  the  edge  of  the  buried 
layer  in  such  vertical  structures.  Similar  designs  like  triangle  shaped  edges  e.g.,  which  also  result  in  a 
field  reduction  at  the  critical  point,  are  conceivable. 

Technology 

In  order  to  prove  the  results  obtained  by  the  above  presented  simulations,  the  modified  structures 
(deep  implantation  and  lateral  step)  were  directly  compared  to  the  classical  structure  by  processing 
them  simultaneously  on  one  wafer  (left  half  classical ,  right  half  modified).  The  substrate  material 
was  n-type  4H-SiC  from  Cree  with  a  specific  resistivity  between  16  and  20mncm.  A  first  n-type 
epitaxial  layer  (6xl015cm'3,  15pm)  was  grown  onto  the  substrate  by  LPCVD.  For  the  deep  profile 
version,  the  buried  p-layer  was  implanted  selectively  into  the  first  epitaxial  layer  at  both  halfs  of  the 
wafer.  For  the  lateral  step  structure,  the  lower  part  of  the  buried  p-layer  was  implanted  into  the  first 
epilayer,  then  a  second  layer  was  grown  (0,5pm,  6xl015cm  ).  Into  this  second  layer,  the  upper  part 
of  the  step  profile  (one  half)  and  the  classical  profile  were  implanted.  After  completing  this,  a 
second/third  layer  of  2pm  (doping  1,5x1 016cm'3)  was  grown  forming  the  so-called  head  of  the 
structure.  At  the  top  of  the  layer,  the  p-gate  was  implanted  with  aluminum.  Several  subsequent 
lithographic,  dry  etching  and  implantation  steps  for  the  source  region  and  the  electric  connection  of 
the  buried  layer  defined  the  final  layout.  After  annealing  the  implantations  at  around  1700°C,  nickel 
based  contacts  were  deposited  at  the  top  (gate  and  source  areas)  and  at  the  bottom  (drain  contact)  of 
the  wafers.  The  contacts  were  annealed  at  about  1000°C.  An  insulating  oxide  layer  of  400nm  was 
deposited  via  PECVD  and  opened  in  the  gate  pad  and  source  area.  Subsequently,  an  aluminum 
metallization  of  3  pm  serving  as  a  bond  area  was  evaporated  and  patterned.  The  complete  device 
consists  of  1452  parallel  cells  resulting  in  an  active  area  of  2,3mm 

Results 

The  simultaneous  processing  of  the  classical  and  the  modified  structure  on  one  wafer  allowed  us  to 
evaluate  directly  the  influence  of  the  design  of  the  buried  layer.  For  the  profile  extended  into  the 
depth  (high  energy  implantation),  no  improvement  in  the  blocking  behavior  was  observed.  However, 
the  use  of  the  step  like  structure  resulted  in  a  considerable  increase  of  the  blocking  voltage.  Figure  4 
shows  a  distribution  of  the  blocking  voltage  for  one  wafer  with  the  conventional  profile  at  the  left 
side  and  the  modified  profile  at  the  right  side. 

In  can  be  clearly  observed,  that  at  the  half  of  the  wafer  having  the  modified  buried  p-structure,  an 
increase  of  the  blocking  voltage  from  approx.  1300V  to  1800V  occurs.  The  corresponding 
breakdown  fields  are  1.7MV/cm  and  2.1  MV/cm,  resp.  The  parallel  plane  breakdown  field  for  this 
epilayer  is  approx.  2.3MV/cm  [5].  Thus,  using  the  modified  profile,  it  is  possible  to  exploit  more 
than  80%  of  the  bulk  breakdown  field  of  silicon  carbide.  The  broader  distribution  of  the  breakdown 
voltage  at  the  right  sight  is  caused  by  technological  tolerances  which  are  induced  by  the  complicated 
formation  of  the  step  structure.  Obviously,  three  epilayers  must  be  grown,  in  each  of  them  must  be 
an  implantation  aligned  to  the  first  layer  with  a  tolerance  of  less  than  1  pm  (especially  important 
between  the  first  and  the  second  layer).  The  main  benefit  of  the  concept  is  the  fact  that  the  specific 
on-resistance  for  a  given  breakdown  voltage  decreases.  Comparing  the  results  from  earlier  works,  it 
can  be  estimated  that  for  the  1800V  device,  the  on-resistance  decreases  by  at  least  20%  [3], 
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Fig.  2  :  Distribution  of  the  breakdown  voltage  across  one  wafer  with  the  conventional 
profile  at  the  left  side  and  the  step  like  structure  at  the  right  side 


Additionally,  the  maximum  current  which  can  be  driven  through  the  channel  without  self  pinch-off 
(saturation)  can  be  increased  since  the  effective  channel  length  is  reduced. 

Summary 

The  presented  work  shows  a  possibility  how  to  increase  the  blocking  voltage  of  a  vertical  JFET 
structure  with  an  buried  gate  by  adjusting  the  shape  and  the  doping  of  the  buried  layer.  However,  the 
method  represents  a  technological  challenge  and  introduces  additional  process  steps.  Further  work 
should  find  straightforward  methods  how  to  reduce  the  specific  on-resistance  of  SiC  switching 
devices.  Additionally,  the  concept  presented  here  will  be  tested  in  a  new  JFET  configuration  [4], 
This  new  approach  gives  also  with  the  conventional  buried  profile  on-resistances  of  approximately 
one  half  of  the  value  obtainable  with  the  here  presented  design. 
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Abstract.  The  performance  of  SiC  MESFETs,  fabricated  on  a  structure  with  non-constant 
doping-profiles  in  the  channel  and  buffer  layers  have  been  studied.  A  good  correspondence 
between  experimental  DC-characteristics  and  physical  simulations  was  obtained,  when  using 
the  doping  profiles  from  SIMS  measurements. 

Introduction 

Silicon  carbide  can  offer  major  improvements  in  the  output  power  of  microwave  transistors 
due  to  its  physical  properties.  The  performance  of  SiC  MESFETs  is  however  still  affected  by 
deficiencies  in  the  material  such  as  defects  giving  rise  to  lower  mobility.  Peaks  in  the  doping 
profile  also  affect  the  performance  of  the  devices  in  a  drastic  way.  In  this  paper  we  present  the 
results  from  a  comparison  between  experiments  and  physical  simulations  of  SiC  MESFETs 
based  on  transistor  structures  with  non-constant  doping-profiles  in  the  channel  and  buffer 
layers. 

Experiment 

The  transistor  structures  consist  of  buffer,  channel  and  contact  layers  epitaxially  grown  on 
semi-insulating  4H-SiC  substrates.  Five  different  layer  structures  were  investigated  of  which 
two  are  described  in  this  paper.  Secondary  ion  mass  spectroscopy  (SIMS)  was  utilized  to 
obtain  the  doping  concentrations  and  layer  thicknesses. 

Transistor  processing 

The  transistor  processing  consists  of  one  electron  beam  lithography  (EBL)  and  six  optical 
steps.  The  process  steps  are:  mesa  and  recess  etching,  thermal  oxidation  and  dielectric 
deposition,  ohmic  contact  formation,  gate  formation  by  EBL,  passivation  and  pad  deposition. 
The  mesa  and  recess  was  obtained  by  dry  etching  using  a  CF4/O2  plasma  mixture.  Ohmic 
contacts  were  formed  by  annealing  nickel  at  1000°C  in  a  RTA  furnace.  The  gate  contact 
consists  of  a  multilayer  metal  structure  of  Au/Pt/Ti.  The  channel  thickness  under  the  gate  of 
the  component  was  about  0.20  pm.  The  gate-length,  gate  to  source  and  gate  to  drain  spacing, 
are  0.5  pm,  0.5  and  1.0  pm  respectively. 
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SIMS  results 

The  doping  profiles  were  calculated  from  the  SIMS  measurements.  The  doping  concentrations 
in  the  cap  and  channel  layers  were  between  1-2  x  1019  and  2-3  x  1017  cm'3  respectively.  A 
peak  of  a  highly  doped  thin  layer  in  the  cap  and  channel  adjacent  to  the  interfaces  between 
cap-channel  and  channel-buffer  were  observed  in  all  the  samples  and  a  typical  example  can  be 
seen  in  fig.  la.  While  the  channel  doping  in  this  case  was  2  x  1017  the  peak  concentration  was 
1.3  x  10  cm'3.  The  A1  concentration  in  the  buffer  layer  for  this  wafer  was  found  to  be 

decreasing  continuously  from  1  x  1017  down  to  1  x  1015  cm'3  (fig.  la).  The  A1  concentration  in 
the  substrates  was  1  x  1017  cm  3  while  the  V  concentration  was  9  x  1016  cm'3.  Since  the  N 
concentration  was  not  measured,  it  could  not  be  determined  if  the  substrates  are  semi- 
insulating  or  slightly  p-  or  n-type,  but  simulations  indicate  that  they  are  p-type. 


Device  simulation  and  comparison  to  measured  data 

Numerical  drift-diffusion  simulations  were  performed  using  a  commercial  program;  Medici 
from  Avant  Corporation  [1].  The  two  materials  examined  have  different  buffers.  SiC-3  has  a 
thick  high-doped  buffer,  which  by  itself  is  sufficient,  to  keep  the  electrons  in  the  channel. 


lb) 


Fig.  1 :  The  doping  profile  from  SIMS  measurements  non-uniform  buffer  doping  wafer,  (a).  Simulated  and 
measured  drain  characteristics  of  the  transistor  with  doping  profile  shown  in  fig.  la.  The  solid  lines  show 
simulation  while  the  symbols  show  measurements  (b). 
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SiC-  5  has  a  thick  low-doped  buffer,  where  electrons  travel  into  the  buffer  and  the  pn-junction 
is  due  to  the  substrate. 

The  simulated  and  measured  drain  characteristics  shown  in  fig.  lb  correspond  to  the  SiC-3 
structure  shown  in  Fig.  la.  The  pinch-off  voltage  was  —10  V.  The  measured  saturation  drain 
current  as  shown  in  Fig.  lb  was  220  mA/mm  and  the  breakdown  voltage  was  130  V.  The 
SIMS -measurement,  DC-simulation  and  -measurement  for  SiC-5  are  shown  in  Fig.  2.  Since 
the  buffer  is  low  doped  (with  an  assumed  ND  of  2  x  1015  cm'3),  the  gate  pinch-off  voltage  was 
as  high  as  -28  V  for  a  drain  bias  of  40  V.  The  maximum  drain  current  was  higher  than  400 
mA/mm. 


V(Drain)  (V) 

Fig.  2:  The  doping  profile  from  SIMS  measurements  of  a  low  buffer  doping  wafer.  The  nitrogen  in  the  buffer 
layer  is  estimated,  since  it  is  below  the  detection  limit  (a).  Simulated  and  measured  drain  characterstics  of  the 
transistor  of  the  structure  shown  in  fig.  2a.  The  solid  lines  show  simulation  while  the  symbols  show 
measurements  (b). 

When  the  substrate  is  modelled  as  a  p-type  instead  of  a  material  with  the  Fermi-level  in  the 
mid-bandgap,  simulations  give  results  closer  to  the  measured.  These  results  and  the  SIMS 
measurements  given  above  lead  us  to  believe  that  it  is  highly  resistive  and  p-type.  Even  better 
agreement  between  simulations  and  measurements  for  the  saturated  drain  characteristic  was 
observed  for  both  materials  when  the  electron  mobility  value  in  the  simulations  was  reduced 
to  about  77%  (M,n,max=729  cm2/Vs)  of  the  Hall  mobility  measured  by  Schaffer  et  al  [2].  The 
mobility  value  used  in  the  simulations  is  based  on  the  Arora  model  [3].  By  using  this  model 
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the  electron  mobility  value  for  the  current  channel  doping  is  370  cm2/Vs,  which  was 
confirmed  with  Hall  measurements  on  a  similar  structure  grown  on  a  semi-insulating  SiC 
substrate  [4].  The  difference  between  our  experimental  values  and  the  values  reported  earlier 

[2]  can  be  attributed  to  the  crystalline  defects  in  the  substrate  that  have  propagated  to  the 
growing  epitaxial  layer.  Lower  mobility  has  also  been  used  in  MESFET  simulations  by  others 
[5],  and  their  value  is  close  to  ours,  if  their  value  is  adjusted  for  incomplete  ionization. 
Incomplete  ionization  of  donors  was  taken  into  account.  All  simulations  were  performed  using 
field  dependent,  anisotropic  mobility.  The  simulator  uses  Newton’s  method  with  Fermi-Dirac 
statistics. 

Despite  the  complex  profiles  shown  in  figs  la  and  2a,  the  simulations  accuratly  describe  the 
characteristics  of  the  two  MESFET  structures.  Our  results  indicate  that  the  substrate  by  itself 
or  with  help  of  the  buffer  form  the  reversed  biased  pn-junction  to  the  channel. 


Summary 

The  comparison  between  simulations  and  DC-characteristics  of  microwave  transistors  are 
presented  for  two  structures  with  non-constant  doping  profiles  in  the  buffer  and  channel 
layers.  Peaks  in  the  transition  between  buffer  and  channel  must  be  controlled,  because  the 
charge  addition  of  these  can  give  rise  to  more  than  double  the  current  anticipated  without 
them.  The  Si-substrate  and/or  the  buffer  give  a  desired  reversed  biased  pn-junction  towards 
the  substrate.  Both  substrate  and  buffer  must  be  taken  into  account  in  an  accurate  simulation, 
unless  the  substrate  is  totally  screened  by  the  buffer. 

The  Arora  model  is  used  to  describe  the  mobility  vs  doping  and  temperature.  The  values  from 
Schaffer[2]  was  used,  except  for  the  maximum  electron  mobility.  This  value  (729  cm2/Vs)  is 
calculated  from  a  Hall  mobility  measurement  on  a  sample  with  known  doping. 
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Abstract  We  have  investigated  the  influence  of  two  different  substrate  types  on  the  low  field  (low 
drain  bias)  noise  characteristics  of  4H-SiC  power  MESFETs  in  the  range  1  Hz- 100  kHz.  All  devices 
were  fabricated  on  semi-insulating  SiC  substrates.  A  first  series  included  a  p-buffer  layer  between 
the  active  channel  and  the  substrate  whereas  the  other  series  had  no  buffer.  We  show  that  devices 
on  buffered  substrate  exhibit  volumic  noise  whereas  devices  without  buffer  are  characterized  by  a 
constant  noise  level  at  all  gate  biasing  conditions.  These  results  are  discussed  in  terms  of  trapping 
phenomena  occurring  inside  the  semi-insulating  substrate. 

Introduction 

High  transient  phenomena  have  been  reported  to  occur  in  4H-SiC  power  MESFETs  [1,2,  3]. 
These  transients  can  strongly  reduce  the  drain  current  during  operation  of  such  devices  and  they  are 
believed  to  be  responsible  for  lower  power  densities  than  expected  [1].  The  exact  origin  of  these 
transients  is  still  not  clear.  Noblanc  et  al[  1,  2]  ascribe  them  to  trapping  processes  occurring  inside 
the  semi-insulating  substrate.  The  filling  of  unoccupied  states  in  the  substrate  creates  a  space 
charged  region  below  the  channel  which  in  turn  induces  a  depletion  in  the  active  channel,  thus 
reducing  the  current  level  of  the  device.  Hilton  et  al.  [3],  however,  claim  that  the  reduction  in  the 
drain  current  is  due  to  charging  of  the  SiC  surface  above  the  drain  depletion  region  and  suggest  that 
appropriate  surface  treatment  is  a  key  element  to  reduce  the  effect.  In  this  paper,  we  present  low 
frequency  (1  Hz- 100  kHz),  low  field  noise  measurement  results  supporting  the  "substrate  origin"  of 
the  transients. 

1  Devices  and  experimental  set-up 

Two  series  of  devices  were  investigated.  For  all  devices,  the  300  pm  thick  semi-insulating  4H-SiC 
substrate  was  purchased  from  Cree  Research.  For  one  series  of  devices,  a  1  pm  thick  p-type  buffer 
was  epitaxially  grown  with  a  net  doping  level  equal  to  5.2xl016  cm 3,  followed  by  a  0.27  pm  thick 
n-type  layer  (1.6xl017  cm'3).  For  the  second  series,  no  buffer  was  grown,  the  n-type  layer  being 
directly  grown  on  the  semi-insulating  substrate.  The  n+  contact  layers  were  0.2  pm  thick  and  had  a 
doping  level  equal  to  l.lxlO19  cm'3.  The  MESFETs  which  structures  are  shown  in  Fig.  la  and  Fig. 
lb  were  fabricated  at  Thomson-CSF/LCR.  The  recesses  were  formed  by  RIE  etching,  a  metallic 
multi-layer  (Ti/Pt/Au)  was  used  for  the  gates,  and  source  and  drain  contacts  were  done  using  nickel. 
For  this  study,  2  pm  and  4  pm  gate  lengths  were  investigated,  the  source/gate  and  drain/gate 
spacing  were  respectively  around  0.5  and  2.5  pm.  Preliminary  measurements  showed  that  the 
unbuffered  devices  had  strong  transients  comparable  to  those  reported  in  [1,  2]  whereas  the 
buffered  devices  exhibited  no  transient.  However,  we  carefully  checked  before  and  during  the  noise 
measurements  that  at  low  drain  biases  (typically  50  to  100  mV),  both  kind  of  devices  were  stable  (a 
decaying  drain  current  such  as  those  occurring  at  higher  voltages  would  induce  erroneous  spectra). 
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The  noise  measurements  were  performed  at  room  temperature  using  a  HP  35665A  dynamic 
signal  analyzer.  The  drain  and  gate  voltages  were  kept  constant  by  using  Cd-Ni  batteries  and  the 
drain  current  fluctuations  were  converted  into  voltage  fluctuations  by  a  low-noise  pre-amplifier 
(EG&G  5 1 82).  The  voltage  fluctuations  were  then  fed  into  the  spectrum  analyzer.  The  analysis  was 
done  for  a  low  drain  bias  (50  mV). 


Source  Drain 


4H-SiC  Semi-insulating  4H-SiC  Semi-insulating 

substrate  substrate 


Fig.  la:  schematic  cross-section  of  a  buffered  Fig.  lb:  schematic  cross-section  of  a  non-buffered 

device  (not  on  scale).  device  (not  on  scale). 

2  Noise  spectra 

In  "open  channel"  conditions  (very  low  |VG|),  the  noise  characteristics  are  similar  for  the  two 
substrate  types:  1/f  noise  followed  by  a  plateau  at  high  frequencies  (Fig.  2).  The  noise  levels  around 
100  Hz  have  the  same  magnitude  for  both  types  of  devices.  This  can  also  be  seen  on  the  high 
current  part  of  Fig.  4a.  This  1/f  shape  of  the  spectra  is  common  to  most  semiconductor  devices 
where  conductance  fluctuations  is  the  origin  of  the  noise  [4]  and  the  plateau  is  due  to  the  thermal 
noise  (its  level  is  proportional  to  the  conductance  of  the  device).  As  the  devices  are  biased  toward 
"pinch  off'  (Fig.  3),  the  behavior  of  the  two  substrates  are  different.  For  the  buffered  devices,  the 
overall  noise  level  decreases,  following  the  decrease  in  the  drain  current.  In  the  case  of  the  devices 
without  buffer,  the  1/f  part  of  the  spectrum  undergoes  almost  no  change.  Only  the  thermal  noise 
contribution  decreases  and  remains  comparable  to  that  of  the  buffered  devices. 


Frequency  (Hz)  Frequency  (Hz) 


Fig.  2:  Noise  spectra  in  „open  channel44  condition. 


Fig.  3:  Noise  spectra  near  „pinch  off4. 
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3  Noise  levels  at  100  Hz 

The  study  of  the  noise  levels  around  100  Hz  gives  us  interesting  hints  about  the  processes  affecting 
the  carriers  inside  the  channel.  "Conventional"  MESFETs  operating  at  low  fields  are  expected  to 
exhibit  1/f  type  noise  described  by  [4]: 


Neffxf 


(1) 


Where  SID  is  the  drain  current  noise  power  spectral  density  (A2/Hz),  ID  is  the  drain  current  (A), 
Neff  the  effective  number  of  carriers  in  the  channel  of  the  device,  f  the  frequency  of  analysis  (Hz), 
and  aH  the  Hooge  parameter  (dimensionless).  Under  linear  operating  conditions  (low  drain 
voltages),  Neff  is  given  by: 


(2) 


where  Lg  is  the  gate  length,  \xn  the  electron  mobility  in  the  channel,  and  V  the  applied  voltage.  In 
that  case,  Neff  is  proportional  to  ID  and  SjD  is  then  also  proportional  to  the  current.  This  means  that 
the  carriers  are  similarly  affected  by  the  processes  at  the  origin  of  the  noise  for  all  the  gate  biasing 
conditions  (from  open  channel  to  pinch-off). 

The  buffered  devices  strictly  follow  Eq.  (1)  with  a  Hooge  parameter  equal  to  6x10 6  (Fig.  4a  and 
4b)  but  it  is  clearly  not  the  case  for  the  unbuffered  devices.  In  contrast,  these  latter  exhibit  an  almost 
constant  noise  level  over  the  whole  range  of  biasing  conditions  (Fig.  4a).  This  means  that  the 
carriers  closer  to  the  substrate  are  more  affected  than  the  carriers  in  the  upper  part  of  the  channel 
and  that  the  resulting  noise  dominates  other  sources.  In  that  case,  an  attempt  to  plot  aH  as  a  function 
of  Neff  results  in  the  1/Neff  behavior  shown  on  Fig.  4b.  This  kind  of  behavior  has  already  been  seen 
on  GaAs  MESFETs  built  on  InP  substrates  and  was  attributed  to  trapping  phenomena  near  the 
channel-buffer  interface  of  the  devices  [5].  In  our  case,  the  trapping  could  be  ascribed  to  the  lack  of 
buffer  and  related  to  the  high  drain  current  transients  observed  at  high  fields  [1,2]. 

It  is  also  important  to  notice  that  under  open  channel  condition  (see  right  hand  side  of  Fig.  4a) 
the  two  series  of  devices  behave  identically  and  their  noise  levels  are  the  same.  The  dominating 
noise  source  is  then  common  for  all  samples.  And  since  most  current  contributing  carriers  are  far 
from  the  substrate,  the  relative  influence  of  the  substrate  on  the  noise  level  vanishes. 

The  Hooge  parameter  found  for  the  buffered  devices  (6xl0  6)  is  comparable  to  the  one 
previously  reported  by  Levinshtein  et  al.  [6]  also  in  4H  polytype.  They  found  aH  to  be  2-4x10  at 
20  Hz  and  attributed  this  low  value  to  a  high  degree  of  structural  perfection  of  the  material. 


Id  (A) 


Number  of  carriers  in  the  channel 


Fig.  4a:  Noise  level  at  100  Hz. 


Fig.  4b:  Hooge  parameter  at  100  Hz. 
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4  Discussion 

The  semi-insulating  character  of  the  substrate  being  achieved  through  compensation  by  deep  levels 
(mean  density:  1-3x10 17  cm"3 4 5 6),  a  direct  contact  between  the  active  channel  and  the  substrate  favors 
trapping  into  the  unoccupied  states  of  the  substrate.  We  believe  that  the  constant  noise  level 
measured  for  the  unbuffered  devices  is  the  signature  of  this  trapping.  In  that  case  the  observed  1/f 
noise  is  mostly  to  be  due  to  the  carrier  number  fluctuations  in  the  channel  induced  by  the  trapping 
[5].  In  the  buffered  devices  however,  the  carriers  in  the  channel  are  prevented  from  interacting  with 
these  states  by  the  p-type  layer,  hence  the  noise  characteristics  of  such  samples  are  more 
conventional. 

Summary 

We  have  investigated  the  low  frequency  noise  characteristics  of  4H-SiC  power  MESFETs  under 
low  field  operation.  Two  types  of  devices  were  tested:  a  first  series  included  a  buffer  layer  between 
the  active  channel  and  the  underlying  semi-insulating  substrate  whereas  a  second  series  had  no 
buffer  to  isolate  the  channel  from  the  substrate.  We  have  shown  that  the  devices  without  buffer 
exhibited  an  almost  constant  noise  level  independent  of  the  channel  configuration  (open  or  pinched 
off)  whereas  the  buffered  devices  followed  a  more  conventional  behavior  (the  noise  level  scaled 
with  the  drain  current).  We  attribute  this  constant  noise  level  to  trapping  processes  occurring  in  the 
semi-insulating  substrate  and  we  believe  that  this  trapping  is  related  to  the  strong  drain  current 
transients  observed  under  high  field  conditions  for  the  unbuffered  devices. 
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Abstract  A  MESFET  structure  has  been  used  to  determine  the  preferred  annealing  strategy  for 
depletion  mode  devices  in  SiC.  Based  on  Boron  and  Nitrogen  implantation  the  device  removes  the 
need  for  multi-epitaxial  layer  growth.  It  is  shown  that  the  annealing  strategy  for  the  implants  has  a 
strong  influence  on  the  electrical  characteristics  of  the  device,  and  the  adopted  two  step  anneal 
technique  increases  the  current  density  of  the  device  by  increasing  the  mobility  of  the  carriers  by  an 
order  of  magnitude.  Further,  the  reduction  in  temperature  of  the  channel  anneal  step  has  reduced 
the  surface  roughness  of  the  device  to  that  of  the  unimplanted  wafer.  This  decrease  in  the  surface 
roughness  gives  a  lower  leakage  current  through  the  gate  contact  of  the  device,  allowing  a  higher 
gate  bias  to  be  used. 

1  Introduction 

Since  the  introduction  of  commercial  wafers  in  the  early  90’ s  there  has  been  a  dramatic  rise  in  the 
interest  of  SiC  as  a  material  for  high  power  semiconductor  electronics  [1].  Due  to  the  high 
electrical  breakdown  field,  high  thermal  conductivity  and  large  electron  saturation  velocity  it  has 
become  attractive  for  high  temperature  high  power  applications.  The  technology  required  for  the 
fabrication  of  simple  devices  such  as  Schottky  diodes  has  been  demonstrated  previously  [2],  while 
work  on  switching  devices  is  at  present  less  developed.  Due  to  problems  with  the  oxide  interface, 
MOSFET  technology  is  still  immature  [3]  and  so  other  switching  devices  are  being  pursued. 
Currently  devices  have  been  demonstrated  based  around  FET  technology  such  as,  JFET  [4], 
MESFET  [5]  as  well  as  npn  bipolar  structures  [6].  Generally  devices  are  fabricated  using 
epitaxially  grown  conduction  channels,  which  is  expensive  with  multiple  epitaxial  layers  required 
on  each  wafer.  The  work  presented  is  based  on  MESFET  devices  fabricated  by  ion  implantation 
and  subsequent  annealing.  The  effect  of  annealing  conditions  on  the  carrier  mobility,  surface 
roughness  of  the  die  and  the  leakage  of  Schottky  barrier  diodes  is  discussed  with  respect  to  the 
fabrication  of  MESFET  devices. 

2  Device  Design 

In  a  MES  controlled  device  the  channel  implant  dose  requires  adjusting  to  achieve  the  maximum 
channel  saturation  current  without  loss  of  gate  control.  Too  low  an  implant  dose  will  result  in  low 
saturation  current,  whilst  a  high  dose  will  result  in  breakdown  under  the  gate  contact  before  pinch- 
off  has  occurred.  Another  limiting  factor  is  the  leakage  current  through  the  gate  contact,  which 
often  limits  the  applied  bias  to  low  levels.  The  leakage  current  through  the  gate  contact  is 
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dependant  on  the  surface  quality  of  the  channel  implant,  and  measures  have  to  be  taken  prevent 
increased  roughness  as  a  result  of  the  high  temperature  anneals  used  to  activate  the  implants. 

Figure  1  shows  the  cross-sectional  view  of  the  device.  The  channel  implant  was  determined  from 
the  requirement  to  have  a  pinch  off  voltage  below  -10V  with  a  channel  thickness  of  0.1pm.  The 
implantation  dose  of  1.5x1 014  cm'2  gives  a  free  carrier  concentration  of  1.5xl018  cm'3  in  the  channel 
which  equates  to  a  pinch  off  voltage  of  -6.9V.  The  built  in  potential  of  a  nickel  Schottky  contact  on 
4H  SiC  is  1.49V  [2]  and  so  pinch  off  should  be  possible  with  an  applied  bias  of  —5.4V. 
The  p-well  is  implanted  with  Boron  ions  to  a 
depth  of  0.4pm  with  a  ion  density  of 
2xl0,7cm'3.  This  is  designed  to  remain 
undepleted  even  at  the  pinch-off  voltage 
required  to  modulate  channel  conduction. 

The  device  has  been  simulated  using 
commercial  Medici  TCAD  software  from 
TMA  to  fine  tune  the  parameters  prior  to 
fabrication. 


DRAIN 


Figure  1  :  Cross-section  of  the  MESFET 


3  Fabrication  process 

The  devices  in  this  work  were  fabricated  using  commercial  n-type  4H-SiC  material  supplied  by 
CREE  Inc.  The  substrate  is  highly  doped  n-type  (ND=lxlOl8cm'3)  with  a  lightly  doped  n-type 
epitaxial  layer  (10pm  ND=3xl0I5cm'3).  Two  sets  of  samples  have  been  fabricated,  one  using  a 
conventional  implant  and  anneal  process  and  the  other  with  the  Two  step’  process.  Both  batches 
were  patterned  with  photoresist  and  then  implanted  with  Boron  ions  at  energies  and  doses  of  30KeV 
1.8xl0j2  cm'2,  60KeV  2.5xl012  cm'2,  90KeV  6.3xl012  cm'2,  130KeV  7.5xl012cm'2  180KeV 
7.5x10  cm  .  The  first  batch  were  then  re-patterned  with  resist  before  being  implanted  with 
Nitrogen  ions  at  the  following  energies  and  doses  25KeV  2.7xl012  cm'2,  45KeV  3.6xlOl2cm'2, 
70KeV  8.4x1 0,2cm'2.  The  die  were  then  annealed  at  1700°C  for  30  minutes  under  argon 
atmosphere  in  a  JIPELEC  RF  induction  furnace.  This  RF  induction  furnace  has  a  very  rapid  ramp 
rate  50°C  s'.  The  reactor  chamber  of  the  furnace  comprises  a  graphite  susceptor  and  cap,  which  is 
covered  in  SiC,  with  a  SiC  plate  to  maintain  a  silicon  overpressure.  This  over  pressure  helps  reduce 
silicon  sublimation  from  the  sample  surface  which  occurs  at  temperatures  over  900°C. 

Batch  two  were  annealed  at  1600°C  for  20  minutes  under  Argon  as  described  previously  after  Boron 
implantation.  The  surface  of  the  die  were  then  recovered  using  low  powered  RIE  with  CHF3:02 
(90:5)  plasma.  The  die  were  then  patterned  before  Nitrogen  implantation  at  the  following  energies 
and  doses  25KeV  2.7xl013  cm'2,  45KeV  3.6xl013cm'2,  70KeV  8.4xl0,3cm'2.  The  die  were  then 
annealed  at  1300°C  under  argon  as  before. 

Both  batches  of  devices  were  then  etched  with  RIE  to  recover  the  surface  before  further  processing. 
Before  each  metalisation  step  the  die  is  immersed  in  HF:H20  (1:9)  to  remove  the  native  oxide  layer. 
Patterned  Ni  contacts  were  thermally  evaporated  on  the  upper  surface  (700A  Thickness)  to  act  as 
source  contacts  and  a  700A  blanket  Ni  contact  on  the  rear  of  the  substrate  to  form  the  drain.  The 
contacts  are  then  annealed  at  1000°C  under  Ar  atmosphere  in  a  rapid  annealing  furnace  to  form  low 
resistance  ohmic  contacts.  The  samples  are  chemically  cleaned  in  H2S04:H202  to  remove 
contaminants  prior  to  the  gate  Schottky  contacts  formed  with  400A  of  thermally  evaporated  nickel. 
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A  dielectric  layer  of  polyimide  is  spun  onto  the  sample  and  patterned,  before  500A  of  gold  is 
deposited  as  a  pad  metal  to  allow  probing. 

4  Results 

The  roughness  of  the  implanted  channel  regions  has  been  measured  using  optical  interferometry. 
For  the  batch  one  devices  the  roughness  of  the  nitrogen  implanted  regions  is  lOnm  r.m.s.  whilst  the 
unimplanted  sections  of  wafer  has  a  roughness  of  4nm.  The  roughness  in  the  unimplanted  regions 
is  caused  by  the  thermal  cycling  during  annealing.  The  roughness  in  the  implanted  regions  is  lower 
than  the  values  quoted  in  the  literature  [7]  due  to  the  low  implantation  dose.  Leakage  currents  in 
excess  of  12mA  cnT2  were  measured  at  a  bias  of  -3V  at  the  gate  contacts.  The  resistance  of  the 
implanted  channel  has  been  measured  using  the  TLM  method.  The  contact  resistance  and  sheet 
resistance  of  batch  one  were  found  to  be  in  the  region  of  lOKohms.  The  doping  profile  of  the 
channel  has  been  determined  with  C-V  profiling,  giving  a  donor  density  of  1.2xl017cm'3  and  a 
channel  depth  of  0.08pm.  This  can  be  seen  in  figure  2.  From  this  the  mobility  of  the  carriers  in  the 
channel  of  the  device  was  determined  to  be  5cm2V’1s’1.  Modulation  of  the  drain  current  was 
achieved,  although  the  current  levels  were  very  low.  This  is  due  to  the  mobility  of  the  carriers  in 
the  channel,  and  can  be  seen  in  figure  3. 
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Figure  2  :  C-V  profiling  of  the  channel  Figure  3  :  Batch  1  characteristics 

implant  on  the  Batch  1  devices 

The  two  step  annealing  process  used  on  the  second  batch  of  devices  was  designed  to  lower  the 
surface  roughness  of  the  die  and  to  increase  the  carrier  mobility.  It  has  been  demonstrated 
previously  [8]  that  the  roughness  of  nitrogen  implanted  regions  becomes  more  significant  for 
annealing  above  1 600°C,  where  large  undulations  appear  on  the  upper  surface  with  heights  close  to 
lOOnm.  This  is  a  severe  problem  in  depletion  mode  devices  where  the  channel  is  often  thinner  than 
lOOnm.  The  reduction  in  temperature  also  gives  an  improvement  in  mobility  of  38%  when 
annealing  at  1300°C  compared  to  1700°C.  The  increase  in  the  implant  dose  is  to  counter  the 
decrease  in  the  electrical  activation  observed  after  lower  temperature  anneals. 

The  roughness  of  the  batch  two  samples  is  4nm,  in  both  the  implanted  and  unimplanted  regions. 
Leakage  currents  of  10mA  cm'2  at  -6V  bias  were  measured  at  the  gate  contacts.  The  mobility  of  the 
carriers  in  the  batch  two  devices  is  50cm2V‘1s’1.  The  limited  bias  available  at  the  gate  contact  has 
not  proved  to  be  sufficient  to  cause  pinch  off  in  the  device,  although  a  current  modulation  of 
approximately  20%  has  been  observed. 
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Batch  1 

Batch  2 

Annealing  Conditions 

1700°C  30  minutes 

1 600°C  20  minutes 

1300°C  20  minutes 

Surface  Roughness 

lOnm 

4nm 

Schottky  Leakage 

12mA  cm'2  at  -3V 

10mA  cm'2  at-6V 

Mobility 

5  cm2V  V 

50  cmVs1 

Table  1  :  Results  summary 
5  Conclusions 

The  two  step  annealing  process  developed  in  this  study  has  shown  a  reduction  in  the  surface 
roughness  of  the  annealed  die.  In  contrast  to  the  high  temperature  short-burst  annealing  favoured  in 
high  implant  dose  material  (lxl016cm'2)  it  appears  that  conduction  channel  devices  benefit  from 
lower  annealing  temperature  for  a  longer  period.  This  may  be  linked  to  the  implanted  ions  having 
to  move  further  within  the  implanted  region  to  form  a  homogenous  doping.  At  high  dose  the  ions 
may  coalesce  and  form  islands  which  will  be  detremental  to  electron  transport  behaviour  when 
annealed  for  long  periods. 

The  reduction  in  surface  roughness  has  enabled  a  higher  gate  bias  to  be  used  on  the  device,  which 
will  enable  a  higher  current  modulation  to  be  achieved.  In  order  to  increase  the  bias  further, 
alternative  surface  recovery  techniques  will  have  to  be  employed.  Previous  work  has  shown  the 
leakage  current  through  a  Schottky  barrier  diode  is  lowest  for  surfaces  which  have  subject  to 
sacrificial  oxidation  and  strip  [9],  and  it  is  planned  to  utilise  this  in  further  work  on  MESFET 
technology. 
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Abstract.  We  fabricated  a  0.5 /dm  gate  MESFET  with  a  combination  of  optical  and  electron-beam  lithography 
technique.  A  cutoff  frequency  and  a  maximum  oscillation  frequency  were  2.8GHz  and  8.6GHz,  respectively.  And  we 
measured  the  source  resistance  of  MESFET  and  found  that  it  was  76  Q .  This  value  was  about  4  times  higher  than  that 
of  22.6  Q  calculated  by  using  TLM  results,  the  specific  contact  resistance  of  p  c=2.2  X  10  5  Q  *  cm2  and  the  sheet 
resistance  of  /Osh= 657  Q/D.  This  difference  between  measured  76  Q  and  calculated  22.6  Q  was  caused  by  the  high 
value  of  psh  under  the  contact,  which  could  not  be  obtained  from  TLM  measurements.  Nickel  ohmic  contact  reacts 
with  SiC  underneath  and  makes  Ni-silicide  which  penetrates  by  0.2pm  into  the  n+  contact  layer  and  reduces  its 
thickness.  This  Ni-silicide  formation  increased  psh  under  the  contact  by  a  factor  of  ten  compared  to  that  of  the  initial 
contact  layer. 


Introduction 

SiC  is  a  promising  material  for  high-power  and  high-frequency  devices,  due  to  the  combination  of  its  high 
breakdown  electrical  field,  high  electron  saturation  velocity,  and  high  thermal  conductivity.  High  frequency  SiC 
devices  will  find  application  in  power  amplifier  for  base  station  transmitters  for  wireless  telephone  systems,  High 
Definition  Television  (HDTV)  transmitters,  power  modules  for  phased-array  radars,  and  other  applications.  A.  W. 
Morse  et  al.  reported  that  a  UHF  Silicon  Carbide  module  provide  400W  average  output  power  and  can  be  used  in 
HDTV  Transmitter  [1].  MESFET  is  a  promising  candidate  for  the  first  SiC  commercial  product,  because  its  simple 
structure  and  small  chip  size  make  possible  to  produce  FET  even  though  some  defects  are  present  in  the  substrate.  A 
cut-off  frequency  of  ft=24GHz  and  maximum  operation  frequency  of  fmax=56GHz  on  MESFET  has  been  reported  [2], 
and  an  RF  output  power  density  of  4.3W/mm  at  10GHz  has  been  demonstrated  [3]. 

In  this  paper,  we  study  a  source  resistance  of  MESFET  fabricated  on  semi-insulating  substrate  with  epitaxial  layers. 
Source  resistance  is  one  of  the  important  technologies  to  improve  the  RF  characteristics  of  high  frequent  FETs.  Source 
resistance  is  measured  as  a  function  of  gate  source  spacing,  and  it  is  separated  into  contact  resistance  element  and  bulk 
resistance  element.  These  values  are  comparing  to  the  expected  source  resistance  calculated  by  using  TLM  data. 


Fabrication  process  and  electrical  properties  of  FET 


We  used  an  4H-SiC  semi-insulating  wafer  with  epitaxital 
layers  produced  by  Cree.  This  epitaxial  wafer  produced  by  CREE 
consists  of  semi-insulating  substrate  and  a  0.3 flm  n~channel 
layer  having  a  doping  density  of  3.0  X  1017/cm3,  a  0.2// m  n+  cap 
layer  having  a  doping  density  of  1.0Xl019/cm3.  At  first,  mesa 
structure  and  recess  structure  are  formed  by  plasma  etching. 
Then  sacrificial  oxidation  layer  is  grown  lOnm  in  thickness. 
Nickel  metal  is  deposited  by  electron  beam  evapolation  and 
forms  ohmic  contact  by  thermal  annealing  at  950°C  for  2min  in 
Argon  atmosphere  by  Rapid  Thermal  Annealing  apparatus.  A 
specific  contact  resistivity  of  2.2  X 10 5  Q  •  cm2  and  contact  sheet 
resistance  of  600  Q/D  are  obtained  from  Transmission  Line 
Model  (TLM)  fabricated  on  the  same  wafer.  Finally,  Ti/Pt/Au 


Fig.l  SEM  photogragh  of  a  0.5  jUm  gate 
SiC-MESFET  with  a  50 //m  gate  width. 
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gate  metal  is  deposited  by  electron  beam  evapolation  and  formed  by  lift-off  process.  Fig.2  shows  the  enlarged 
microscope  photography. 

DC  and  small  signal  RF  characteristics  of  the  FET 

Fig.2  shows  a  static  electrical  characteristic  of  a  0.5//m  gate  MESFET  with  the  50//  m  gate  width.  The  gate-source 
and  gate-drain  spacings  are  0.3 Mm  and  0.1  JU m  respectively.  The  saturation  drain  current  (Idss)  and  transconductance 
(gm)  are  256mA/mm  and  12.5mS/mm  respectively.  Drain  current  is  well  pinched-off  at  -26V  gate  voltage.  Fig.3 
shows  a  small  RF  signal  characteristic  of  the  FET.  A  cut-off  frequency  of  2.8GHz  and  a  maximum  operation  frequency 
of  8.6GIIz  are  obtained.  These  results,  lower  than  expected,  seem  to  be  caused  by  the  immature  fabrication  process  and 
the  parasitic  effects. 


0  10  20  30  40 

Drain  Voltage  (  V  ) 

Fig.2  I-V  characteristic  of  a  0.5  JU  m  gate  MESFET 
with  a  50//m  gate  width,  gate  to  source  spacing  of  0.3 
//m  and  gate  to  drain  spacing  of  0.1  jUm.  A  saturation 
draincurrent  and  a  transconductance  is  256mA/mm  and 
the  maximum  transcondactance  is  12.5mS/mm. 


Fig.3  A  small  signal  RF  characteristics  of  the  0.5  jum 
gate  MESFET  at  gate  voltage  of  -12V  and  drain 
voltage  of  40V. 


Source  resistance  of  the  MESFET 

The  source  resistance  reduction  is  one  of  the  important  features  to  improve  the  electrical  properties  of  high  frequency 
devices.  The  source  resistance  of  a  MESFET  is  obtained  from  the  Igs-Vgs  characteristics  measurement  by  dividing  the 
gate  threshold  voltage  difference  (A  Vgs)  by  the  current  increase  (^1  Is)  as  the  drain  voltage  is  changed.  Fig.4  shows 
the  source  resistance  of  the  MESFET  as  a  function  of  gate  to  source  spacing  (Lgs).  Doted  circles  and  a  doted  line  are 
experimental  data  and  an  approximated  experimental  line  has  been  obtained  by  a  least  squares  method.  SEM 
photographs  were  used  to  determine  the  gate  to  source  spacing.  The  source  contact  resistance  of  76  Q  is  obtained  from 
the  vertical  intercept  of  approximated  line  and  provides  a  major  part  of  the  total  resistance.  The  source  resistance  of 
the  MESFET  consists  of  a  bulk  resistance  in  channel  layer  and  a  contact  resistance  of  metal/SiC  interface.  The 
expected  source  resistance  (R*)  is  given  by 


R  =  o  L"  ^ 

s  ^chan  yy 


x  P, 


(1) 


where  pchan  is  the  channel  layer  sheet  resistance  ,  Wg  is  the  gate  width,  pcon  is  the  sheet  resistance  of  the  contact 
layer,  p,  is  the  specific  contact  resistance.  In  this  study,  Transmission  Line  Model  (TLM)  pattern  and  van  dcr  Pauw 
pattern  are  fabricated  on  the  same  plane  of  the  FET  to  determine  the  sheet  resistances  and  the  specific  contact 
resistance.  Fig.6  shows  TLM  linear  plot  of  the  contact  resistance  as  a  function  of  Ni  contact  spacing,  whose  contact 
pad  is  30// m  long  X  100 //m  wide,  and  the  spacing  between  contact  pads  is  10// m,  20 jUm,  40// m,  80 /Zm,  160 JUm. 
In  the  TLM  method,  the  data  is  fitted  to  a  straight  line  whose  vertical  intercept  is  proportional  to  the  contact  resistance 
(Rc)  and  whose  slope  is  proportional  to  the  contact  layer  sheet  resistance.  The  horizontal  intercept  of  fitted  line  is 
“  transfer  length”,  it  will  give  the  current  distribution  capability  underneath  the  contact  pad.  In  our  TLM  pattern,  the 
contact  spacing  is  so  large  that  the  measured  resistance  value  is  several  hundred  ohms,  much  larger  than  the  R*.  we 
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have  to  measure  accurately,  and  pad  area  is  too  small  to  measure  the  contact  resistance  by  Kelvin  probe  method  with 
using  four  needles  probe.  Then  our  TLM  data  should  include  some  measurement  tolerances 

In  ideal  case,  the  specific  contact  resistance  obtained  from  the  vertical  axis  intercept  and  the  transfer  length,  and 
the  contact  layer  sheet  resistance  obtained  from  the  slope  is  2.2  X 10 5  Q  *  cm2  and  657  Q/d,  respectively.  The  channel 
sheet  resistance  is  obtained  as  3060  Q  /□  from  Van  der  Pauw  method.  When  these  measurement  results  and  gate 
width  are  substituted  into  Eq.(l),  the  expected  source  resistance  shown  in  Fig.4  can  be  calculated.  Fig.4  indicates  that 
the  source  contact  resistance  of  76  Q  is  about  4  times  higher  than  that  of  22  Q  obtained  by  the  vertical  intercept  of  the 
expected  line.  In  the  following  session  we  will  discuss  about  the  reason  why  the  contact  resistance  is  so  different. 


Fig.4  Source  resistance  of  the  MESFET  as  a  function 
of  gate  to  souce  spacing  (Lgs). 

(  0:  Experimental  data, - :  Experiment  (method 

of  least  squares),  - :  Expected  line,  O:  [  4  ] ) 


Fig.5  TLM  linear  plot  of  the  contact  resistance  as  a 
function  of  contact  spacing  for  Ni  metalization, 
which  is  fabricated  on  the  same  plane  as  the  FET 
chip. 


Discussion 

As  a  result  of  source  resistance  measurement,  the  source  contact  resistance  of  76  Q  is  about  4  times  higher  than 
that  of  22  Q  which  is  obtained  from  the  vertical  intercept  of  the  expected  line  calculated  from  Eq.(l)  using  the  results 
of  TLM.  An  open  circle  in  Fig.5  is  a  source  resistance  of  the  SiC-MESFET  reported  by  N.Rorsman  et  al.  [4].  Their 
source  resistance  shows  a  good  agreement  with  our  experimental  results  because  their  ohmic  contact  was  formed  by 
annealing  nickel  at  950°C  with  RTA  furnace  as  same  process  as  us. 

C.  Arnodo  et  al.  reported  that,  after  the  nickel  metal  on  SiC  is  annealed  at  950°C  Si  is  extracted  from  the  substrate 
and  a  NiSi2  layer  is  formed  at  the  metal/SiC  interface  [5].  Fig.7  shows  an  Auger  analysis  result  of  the  Ni  contact 
samples  annealed  at  950°C  for  2min  in  Ar  ambience  in  our  experiment,  and  indicates  that  the  silicide  reaction  occurs 
at  Ni/SiC  interface.  We  believe  that  this  silicide  is  responsible  for  the  low  contact  resistivity.  It  is  obvious,  however, 
that  the  nickel  silicide  is  formed  by  consuming  silicon  in  SiC  substrate,  and  thus,  the  composition  of  SiC  at  the  Ni/SiC 
interface  would  sift  towards  a  silicon-depleted  direction  and  isolated  graphite  carbon  atoms  would  be  left  behind.  Fig.8 
shows  a  schematic  diagram  of  metal/SiC  interface  before  high  temperature  annealing  (a),  and  after  the  annealing  (b). 
The  nickel-silicide  layer  formation  causes  the  reduction  of  the  contact  layer  thickness,  which  results  in  the  increasing 
of  the  sheet  resistance  underneath  the  contact  metal.  Eq.  (1)  shows  that  the  contact  resistance  change  in  proportion  to 
the  root  square  of  sheet  resistance.  Then  the  difference  between  the  76  Q  to  the  22  Q  seems  to  be  caused  by  the  sheet 
resistance  change  underneath  the  contact.  When  we  calculate  the  reduction  ot  contact  layer  thickness  from  the  change 
of  source  resistance  from  22  Q  to  76  Q,  then  it  suggests  that  the  contact  layer  thickness  have  been  reduced  to 
one-tenth  of  its  initial  contact  layer  thickness.  This  silicide  reaction  and  the  reduction  of  contact  layer  lead  to  the 
significant  contact  resistance  difference  between  the  source  contact  of  the  FET  and  calculated  contact  resistance.  T. 
Nakamura,  et  al.  reported  that  NiSi2  metal  contact  formed  on  SiC  by  electron  beam  evaporation  realize  ohmic 
characteristic  without  the  consumption  SiC  substrate  for  annealing  temperature  from  800°C  to  900°C[6].  Such  ohmic 
contact  formation  process  with  controlled  silicide  process  will  be  expected  to  improve  the  electrical  characteristic  ol 
SiC-MESFET.  When  we  calculate  the  specific  contact  resistivity  in  TLM  method,  the  sheet  resistance  underneath  the 
contact  is  assumed  to  be  same  value  as  the  initial  contact  layer,  and  the  horizontal  intercept  are  obtained  by  the 
extrapolation  of  the  solid  line  from  the  first  quadrant  of  Fig.6.  If  the  sheet  resistance  underneath  the  contact  is  larger 
than  the  initial  sheet  resistance,  the  slope  of  the  line  at  the  second  quadrate  become  much  steeper  than  that  of  the  first 


714 


Silicon  Carbide  and  Related  Materials 


one.  So,  the  specific  contact  resistivity  is  apt  to  be  overestimated  by  normal  TLM  method.  To  measure  the  accurate 
specific  contact  resistivity,  we  have  to  take  the  accurate  sheet  resistance  underneath  the  contact  into  consideration  [7], 


Fig.7  Auger  profile  on  a  Ni  ohmic  contact  formed  by 
RTA  annealing  at  950°C  for  2  min  in  Ar  ambiante. 


(  «  )  (  b  ) 

Fig.8  Schematic  cross  section  picture  of  metal/SiC 
interface  before  high  temperature  annealing  process  (a), 
after  high  thermal  annealing  process  (b). 


Summary 

We  fabricated  a  sub-micron  gate  length  SiC-MESFET  with  optical  and  electron-beam  lithography  apparatus.  A 
cut-off  frequency  of  2.8GHz  and  maximum  operation  frequency  of  8.6GHz  was  obtained  from  the  0.5// m  gate 
MESFET  with  the  gate  width  of  50 U  m.  The  source  resistance  of  the  FET  is  analyzed  and  is  revealed  that  the  source 
contact  occupies  the  major  part  of  the  total  resistance.  The  source  contact  resistance  of  76  Q  is  about  4  times  as  high 
as  that  of  22  Q  which  is  calculated  by  using  the  specific  contact  resistance  and  the  sheet  resistances  measured  from 
TLM  and  Van  der  Pauw  pattern.  Silicide  reaction  at  the  nickel  and  SiC  interface  causes  the  reduction  of  the  contact 
layer  thickness  and  increases  the  sheet  resistance  of  cap  layer.  In  order  to  reduce  the  source  resistance  of  FET, 
development  of  process  technique  to  form  ohmic  contact  preventing  from  silicide  reaction  is  needed. 
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Abstract.  High-voltage  lateral  RESURF  MOSFETs  in  4H-SiC  have  been  designed  and 
fabricated.  The  devices  block  900  V  and  have  a  specific  on-resistance  of  0.5  Q- cm2.  The 
optimum  RESURF  dose  in  4H-SiC  is  almost  an  order  of  magnitude  higher  than  that  of 
silicon  but  this  dose  leads  to  gate  oxide  breakdown  due  to  a  very  high  electric  field  in  the 
oxide.  An  alternate  design,  which  helps  to  suppress  high  gate  oxide  field  with  two  zones 
in  the  RESURF  region,  is  discussed. 


1  Introduction 

Power  MOSFETs  in  silicon  carbide(SiC)  have  the  potential  of  lower  specific  on-resistance,  faster 
switching  times  and  high-temperature  operation  due  to  superior  material  qualities  of  SiC  (wide 
bandgap  -  3-3.2  eV,  high  breakdown  field  -  2.5-3  MV/cm  and  large  thermal  conductivity  ~ 
4-5  W/cm-K)  [1].  SiC  lateral  power  MOSFETs  have  been  demonstrated  in  both  4H  [2,  3]  and 
6H  [4]  polytypes.  We  have  reported  lateral  RESURF  MOSFETs  in  4H-SiC  that  block  above 
900  V  with  a  specific  on-resistance  of  0.5  i?-cm2  and  showed  that  though  the  optimum  dose 
in  the  RESURF  layer  of  4H-SiC  is  -  1013  cm-2  [3].  However,  such  high  dose  has  resulted  in 
excessively  high  electric  field  in  the  gate  oxide  which  leads  to  breakdown  in  the  oxide  [4,  5].  In 
this  paper,  we  discuss  in  detail  the  fabrication  process  and  design  of  the  devices.  We  also  show 
that  by  using  two  zones  in  the  RESURF  region,  the  oxide  breakdown  problem  can  be  avoided 
and  high  breakdown  voltage  can  be  achieved. 

2  Device  Structure  and  Fabrication  Process 


« - SFP 

- - GFP  | 

m 

St! 

m\ 
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Drain 

1 

1015  cm"3,  10pm) 

p+  Substrate  ( 2  x  1 018  cm'3 ) 

Fig.  la 


p-  Epilayer  ( 4  x  1 015  cm"3, 10pm) 
- - - rs - -5S 

Fig.  1b 


Fig.  1.  a)  Lateral  RESURF  MOSFET  structure  indicating  the  gate  field  plate(GFP)  and  source  field 
plate(SFP).  b)  Two-zone  RESURF  MOSFET  structure  indicating  the  high  field  points  as  discussed  in  Sec.  4 

Fig.  la  shows  the  schematic  cross-section  of  a  lateral  RESURF  MOSFET  in  SiC  with  a  gate 
field  plate  and  a  source  field  plate.  The  gate  field  plate  (GFP)  is  implemented  by  extendig  the 
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polysilicon  on  the  field  oxide  while  the  source  field  plate  (SFP)  is  implemented  by  extending 
the  source  metal  on  the  inter-level  dielectric (ILD)  between  polysilicon  gate  and  source  metal. 
The  field  plates  protect  the  gate  corner  from  high  electric  field  by  spreading  the  depletion  layer 
at  that  point  and  for  a  single-step  field  plate  either  one  of  them  can  be  used.  Fig.  lb  shows  the 
schematic  cross-section  of  a  RESURF  MOSFET  with  two  zones  and  indicates  the  positions  of 
the  peak  electric  field  in  the  device  which  is  dicussed  in  sec.  4. 

Single-zone  RESURF  MOSFETs  were  fabricated  on  p/p-h  4H-SiC  wafers  with  epitaxial 
thickness  and  doping  of  10  fim  and  4-6xl015  citT3  respectively.  The  devices  have  single-level 
field  plating  with  either  the  gate  field  plate  or  the  source  field  plate.  1.5  fim  thick  oxide  was 
deposited  and  annealed  to  be  used  as  a  mask  for  the  source/drain  and  RESURF  region  implants. 
Phosphorus  (4xl015  cm  2,  ~0.5  fim  )  was  implanted  in  the  source/drain  regions;  while  a  light 
dose  (lxlO13  cm-2)  and  a  heavy  dose(5xl013  cm“2)  of  nitrogen  were  used  in  the  RESURF 
legion  in  different  wafers.  The  masking  oxide  was  stripped  and  the  implants  were  activated  at 
1200°C  in  argon  for  1  hour  which  is  expected  to  give  about  10-20%  activation.  600  nm  high 
temperature  oxidation  (HTO)  was  deposited  as  field  oxide,  reoxidized  in  steam  and  patterned 
to  expose  the  active  area.  Next,  gate  oxide  (HTO)  was  deposited  (100  nm  or  200  nm)  and  then 
reoxidized  in  steam,  first  at  1100°C  for  3  hours,  then  at  950°C  for  1  hour  and  finally  pulled  out 
at  800°C  in  steam  ambient.  Heavily  doped  polysilicon  was  used  as  gate  and  1  fim  thick  oxide 
as  the  inter-level  dielectric  (ILD).  Al/Ni/Al  layers  were  used  as  contact  and  were  annealed  at 
1000°C  for  2  minutes  in  argon. 

3  Results  and  Discussion 

Fig.  2a  shows  the  blocking  characteristics  of  the  devices  and  the  results  for  different  variations 
of  the  RESURF  dose,  gate  oxide  thickness  and  field  plate  structures,  which  are  summarized 
in  Table  1.  The  gate  field  plate  devices  with  light  RESURF  dose  (lxlO13  cm-2)  and  thicker 
oxide  (200  nm)  block  900  V  for  16  gm  RESURF  length  while  the  devices  break  down  at  low 
voltage  (~50-300  V)  for  thinner  oxides  (100  nm)  or  higher  RESURF  dose  (5xl013  cm“2).  The 
low  breakdown  voltage  of  the  devices  is  attributed  to  a  high  electric  field  at  the  gate  corner 
and  breakdown  of  the  oxide  [5].  The  field  oxide  thickness  (600  nm)  is  optimized  for  reducing 
the  electric  field  at  the  gate  edge  while  the  ILD  (1  fim)  is  thicker  than  the  optimum  and  was 
chosen  for  sufficient  isolation  between  the  gate  and  the  source/drain  contacts.  This  explains 
the  lower  breakdwon  voltage  obtained  from  the  source  field  plate  structure. 


Drain  Voltage  (V)  Drain  Voltage(V) 

f'9*  2a  Fig.  2b 

Fig.  2.  Experimental  results.  a)BIocking  characteristics  of  MOSFETs  with  different  RESURF  dose,  gate  oxide 
thickness  and  field  plate  structures.  b)Forward  I-V  characteristics  of  MOSFET  that  block  high  voltage. 
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Table  1.  Summary  of  experimental  results  obtained  from  various  processing  and  design  variations. 


Sample 

RESURF 

Dose(cm"2) 

Gate  oxide 

(nm) 

RESURF  sheet 
resistance  (K  G/sq. ) 

Breakdown  Voltage (V) 

GFP 

SFP 

Scaling  with  L res 

RD5GX1 

5xlOl;t 

100 

18-20 

50-100 

50-100 

No 

RD5GX2 

5xlOia 

200 

18-20 

100-200 

50-200 

No 

RD1GX1 

lxl(F 

100 

70-90 

100-200 

50-200 

No 

RD1GX2 

lxl0la 

200 

70-90 

800-900 

300-500 

50  V/pm  (GFP) 

The  forward  I-V  characteristics  of  devices  from  sample  RD1GX2  with  16  fim  RESURF 
length  and  4  /mn  channel  length  are  shown  in  Fig.  2b.  The  effective  channel  width  of  the  de¬ 
vice  is  610  nm  and  the  specific  on-resistance  is  ~0.5  G-cm2  (active  area  ~2.9xl0-4  cm2). 
The  resistance  contributions  from  different  components  are  estimated  from  the  inversion  layer 
mobility(10-14  cm2/V-s),  RESURF  region  sheet  resistance  (~75  kG/sq.),  source/drain  sheet 
resist  ance(~0. 9  kG/sq.)  and  the  contact  resistance  (~  0.07  mG-cm2)  extracted  from  the  test 
structures.  The  RESURF  region  contributes  to  80%  of  the  total  resistance  for  the  16  /xm 
RESURF  length  devices,  while  the  channel  region  accounts  for  the  other  part;  the  source/drain 
region  series  resistance  is  negligible  for  these  devices.  The  improvement  in  the  on-resistance, 
compared  to  earlier  devices  [3]  is  mainly  due  to  the  improvement  in  inversion  layer  mobility (14 
cm2/V-s  compared  to  0.5  cm2/V-s)  achieved  by  an  improved  oxidation  process  [6].  The  devices 
also  demonstrate  that  phosphorus  is  the  appropriate  implant  species  for  n+  layers  (source/ drain 
region)  and  nitrogen  for  lightly  or  moderately  doped  n-type  layers(RESURF  region)  as  sug¬ 
gested  earlier  [3]. 


4  Two-zone  RESURF  MOSFET 


Fig.  3b 


Fig.  3.  Comparison  between  single-zone  and  two-zone  RESURF  MOSFETs;  RESURF  Length  :  16  ^m,  gate 
oxide  thickness  :  200  nm,  optimized  field  oxide  thickness,  dose  below  gate  in  two-zone :  5x  1012  cm"2;  second  zone 
:  4  fim  from  field  plate.  a)Simulated  avalanching  voltage  and  vertical  component  of  surface  electric  field (E/s). 
b)Field  at  junction(Ej)  and  vertical  component  of  field  at  surface  (Ey5)  for  dose  =  1013  cm"2.  A  :  Gate  edge, 
B  :  Field  plate  edge,  C  :  Edge  of  second  zone  in  two-zone  RESURF,  D  :  Drain  edge  (indicated  in  Fig.  lb) 


The  high  breakdown  field  (2.5-3  MV/cm)  of  SiC  leads  to  the  problem  of  gate  oxide  break¬ 
down  before  there  is  avalanching  in  the  semiconductor  and  this  will  lead  to  instability  in  the 
device  and  permanent  failure.  One  solution  to  avoid  oxide  breakdown  is  to  have  a  lighter  dose 
in  the  RESURF  region,  but  this  reduces  the  avalanching  voltage  and  increases  the  specific  on- 
resistance  of  the  device.  A  graded  doping  in  the  RESURF  region  increasing  from  the  gate  edge 
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to  the  drain  edge  can  be  used  to  minimize  the  surface  electric  field.  The  specific  on-resistance 
of  the  device  for  a  particular  avalanching  voltage  is  also  reduced  in  such  a  structure.  The 
graded  doping  can  be  approximated  by  multiple  zones  of  progressively  higher  dose,  the  sim¬ 
plest  of  which  is  a  two-zone  RESURF  MOSFET  with  a  lighter  dose  below  the  gate  overlap  and 
field  plate  and  a  heavier  dose  in  the  rest  of  the  RESURF  region.  Fig.  3a  shows  the  simulated 
avalanching  voltage  and  vertical  component  of  the  electric  field  at  surface(Eys)  for  different 
RESURF  doses  in  case  of  single  zone  and  two  zone  RESURF  MOSFETs. 

For  the  maximum  breakdown  voltage,  the  RESURF  dose  has  to  be  slightly  above  1013  cm-2. 
In  that  case,  the  field  at  the  gate  edge(point  A  in  Fig.  lb)  in  the  case  of  a  single-zone  device 
is  above  2  MV/cm  which  translates  to  5  MV/cm  (field  in  oxide  is  multiplied  by  the  ratio  of 
dielectric  constant  of  oxide  and  SiC;  tsic  —  9-7)  in  the  oxide.  Also,  the  field  increases  sharply 
with  the  dose;  while  in  the  device  with  two  zone,  the  field  at  the  gate  edge  is  independent  of  the 
dose  in  the  second  zone  and  remains  almost  constant  at  a  much  lower  value  depending  on  the 
dose  in  the  first  zone.  The  breakdown  voltage  in  the  two  cases  is  almost  the  same.  Fig.  3b  shows 
the  field  distribution  at  breakdown  (-1400  V)  for  a  particular  RESURF  dose  (1013  cm-2)  in 
the  two  structures.  The  vertical  component  of  the  field  at  the  SiC  surface(Ey5)  and  the  total 
field  at  the  junction (E^)  are  plotted  (Fig.  3b),  indicating  the  high  field  points  in  the  device 
(Fig.  lb).  The  field  distribution  close  to  the  drain  is  similar  in  both  cases  but  the  field  below 
the  gate  in  the  single-zone  device  is  considerably  higher  than  that  in  the  two-zone  device.  This 
demonstrates  that  with  two  zones,  a  high  dose  in  the  second  zone  does  not  affect  the  field 
below  the  gate.  So,  a  lower  surface  field  and  similar  avalanching  voltage  can  be  achieved  in 
the  two-zone  device  with  shorter  RESURF  length  and  higher  RESURF  dose,  compared  to  that 
in  the  single-zone  device.  Both  the  structures  have  been  optimized  by  numerical  simulation  to 
achieve  similar  breakdown  voltage(l400  V)  and  surface  field(1.2  MV/cm);  the  device  with  two 
RESURF  zones  has  about  30%  lotver  specific  on-resistance  compared  to  the  single-zone  device. 

5  Conclusions 

High-voltage  4H-SiC  lateral  RESURF  MOSFETs  that  block  above  900  V  with  a  specific  on- 
resistance  of  0.5  l?-cm2  have  bee  designed  and  fabricated.  With  a  single  RESURF  zone  in  the 
MOSFET,  the  maximum  RESURF  dose  is  limited  by  oxide  breakdown  and  not  by  avalanching 
in  SiC.  Simulation  results  demonstrate  that  the  electric  field  below  the  gate  is  suppressed  if 
two  zones  are  used  in  the  RESURF  region  with  a  lower  dose  below  the  gate  and  the  field  is  not 
a  strong  function  of  the  dose  in  th'e  second  zone. 
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Abstract  In  this  paper  super-junction  structures  (SJS),  which  realise  very  low  on-resistance,  R^,  for  a 
given  breakdown  voltage,  Vbr,  are  studied  and  comparisons  made  between  4H-SiC  and  Si.  Simplified 
expressions  are  derived  which  describe  the  electric  field  distribution  in  the  SJS  under  conditions  where  a 
charge  imbalance  exists  in  the  drift  region.  These  expressions  are  employed  in  determining  the  structure 
parameters  which  minimise  the  on-resistance  of  the  SJS  for  a  given  breakdown  voltage.  The  results  show 
that  SiC  has  more  than  140  times  lower  Ron  and  smaller  effects  of  pillar  charge  imbalance  than  Si,  for  the 
same  Vbr-  In  addition,  the  design  margin  for  the  pillar  doping  is  defined  and  derived.  It  is  shown  that  SiC  has 
a  3.3  times  higher  margin  than  Si  and  it  is  concluded  that  the  SJS  is  well  suited  to  wide-bad-gap 
semiconductor  materials. 

1.  Introduction 

The  operation  of  SJS  [1]  (for  example  CoolMOS™  [2])  is  based  on  the  concept  of  y 

charge  compensation  between  heavily  doped  p-type  and  n-type  pillars,  which 
repeat  across  the  width  of  the  structure.  Fig.l  shows  a  cross  section  of  a  half  cell 
of  the  SJS  used  in  this  study.  The  p  and  n  pillars,  p+  source  and  n+  drain  regions 
have  net  impurity  concentraions  of  Na,  Nd,  Nas  and  Ndd  respectively.  The  half  pillar 
width,  w,  is  designed  to  be  much  smaller  than  the  pillar  depth,  d.  Upon 
application  of  drain  voltage,  Vd,  the  pillars  become  fully  depleted  by  lateral 
extension  of  the  depletion  region  from  the  p-pillar  -  n-pillar  junction  at  low  drain 
bias.  Since  the  depleted  pillars  contain  no  net  charge,  further  application  of  drain 
voltage  is  evenly  supported  throughout  the  pillar,  rather  like  a  capacitor  with  plate 
spacing  d.  A  primary  theory  of  SJS  thus  gives  Vbr=Ec*d  and  Ron=w*Vbr/|ieEc2, 
where  Ec  is  the  critical  electric  field,  \ x  is  the  carrier  mobility  and  8  is  the  dielectric 
constant  [1,  3].  It  is  clear  that  for  high  voltage  devices,  Ron  will  be  much  lower 
than  for  conventional  FET  structures  (where  R^  varies  roughly  as  Vbr2  5). 

Such  a  simplified  model  ignores  a  number  of  important  features:  1)  the  Fig.l  SJS  for  study 
true  electric  field  distribution  in  the  pillars  is  non-uniform  and  is  heavily 

influenced  by  pillar  width  and  doping,  2)  charge  imbalance  between  the  pillars  affects  the  electric  field 
distribution  and  reduces  the  breakdown  voltage  [3],  3)  depletion  caused  by  the  built-in  potential  reduces  the 
available  conduction  area,  leading  to  an  increase  in  on-resistance  [4].  Optimisation  of  the  structure,  to  obtain 
the  minimum  on-resistance  for  a  given  breakdown  voltage,  is  thus  a  complex  task.  It  is  clearly  possible  to 
achieve  this  optimisation  by  using  TCAD  simulation  over  a  large  number  of  structural  variants.  This  is, 
however,  very  time-consuming.  The  method  adopted  in  this  paper  makes  use  of  simplified  analytical 
expressions,  which  are  employed  in  an  iterative  optimisation  routine.  The  program  runs  on  a  PC  and  allows 
rapid  optimisation  of  SJS  design. 

2.  Electric  field  distribution  in  pillars 

The  complex  two-dimensional  nature  of  the  electric  field  distribution  in  the  pillars  is  best  illustrated  using 
TCAD  simulation.  Fig.2  shows  the  electric  field  distribution  in  SJS  in  the  case  of  perfect  charge  balance  (a) 
and  imbalance  (b)  between  p  and  n  pillars.  Note  that  perfect  balance  produces  a  uniform  y-directed  electric 
field  in  the  pillar,  while  imbalance  creates  a  trapezoidal  distribution.  It  is  found  that  two  ionisation  paths 
dominate  breakdown  through  impact  generation.  One  is  at  the  centre  of  the  pillar  (Ecnt  in  Fig.  1)  and  the 
other  is  at  the  pn  pillar  junction  (Eedg  in  Fig,  1). 
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2.1  Simplified  field  distribution  (perfect  doping  balance) 

When  Vd  increases,  the  depletion  region  extends 
from  the  pn  pillar  junction  in  the  x-direction.  At 
a  certain  voltage,  Vdf,  the  depletion  region 
reaches  the  centre  of  the  pillar:  source 

qN 


V  -J— 
Vdf  ~ 


W 
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where  N=Na=Nd.  The  x  component  of  the  electric 
field  at  the  pillar  junction,  Ecnt  x,  increases  with 
Vd  up  to  Vd=Vdf,  but  for  higher  Vd  it  saturates  at: 
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y  component  of  Eedg,  Eedg^,  is  derived  by 
using  a  parallel  plate  capacitor  approximation: 

Eedgy=Vd/d.  (3) 

Therefore  the  magnitude  becomes 
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Fig.2  Electric  field  magnitude  distribution  for  perfect 
charge  balance  (a)  and  imbalance  (b)  (arbitrary  units) 
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Ecnt  has  no  x  component  of  electric  field  due  to  the  symmetrical 
nature  of  the  structure.  The  peak  electric  field,  EcntJunc,  appears  at  the 
pn  junction  at  the  end  of  the  centre  of  the  pillars.  Its  magnitude 
increases  with  increasing  Vd  and  then  saturates  once  Vd=V, 
assumed  to  behave  as  a  ID  pn  junction  and  is  given  by: 

F  -  n^dd 


df-  ^-'cntjunc 


ent  __  junc 


—  a 


(5) 


where  a  is  a  value  related  to  the  ratio  of  Na  to  Ndd  and  varies  from  0.5 
to  l/v2.  The  electric  field  remote  from  the  pillar  ends,  EcntJla„  starts  to 
increase  at  Vd>Vdf,  and  is  given  by: 


' cnt_flat 


(Vd-Vdf)/d. 


(6) 


2.2  Simplified  field  distribution  (unbalanced  doping) 

In  practice,  tolerances  in  the  fabrication  process  will  result  in  some 
residual  net  charge  (an  error  charge)  in  the  pillars.  This  alters  the  flat 
electric  field  distribution  to  a  trapezoidal  one.  The  doping  error,  err,  is 
defined  through  Na=(l+err)*Nd,  and  therefore  the  net  charge  ’ is 
Qnet=q(Na-Nd)=q*err*Nd.  The  distribution  of  electric  field  with  error  is 
shown  in  Fig.3  (c)  and  (d)  for  EedB  and  Ecnt  respectively.  Eed^s  and  Eedg_d 
are  values  of  Eedg  at  source  and  drain  side,  while  Ecnt  s  and  Ecnt  d  are  the 
corresponding  values  for  Eedg.  In  the  case  where  Na>Nd  the  n  pillar 
becomes  fully  depleted  at  Vd=Vdf  (Eq.  1)  while  the  p  pillar  still 
contains  an  undepleted  charge.  For  Vd>Vdf  the  remaining  charge  in  the 
p  pillar  is  depleted  creating  a  trapezoidal  electric  field  distribution, 
similar  to  that  found  in  a  ID  punch-through  structure.  The  slope  of 
electric  field  within  pillar  with  respect  to  y  is  well  approximated  by: 


Se 


_  Qnetd  _  qerrNd 


2e 


2e 


Therefore  Eedg_s  and  Eedg  d  are  given  by: 


‘edg_ 


and 


V 


?'edg_d  =  + 


Vd 


(a) 


(b) 


(c) 


(d) 


Fig.3  Simplified  y-component  of 
electric  field  distribution  at  the 
edge  of  p  pillar  (a)(c)  and  at  the 
centre  of  p  pillar  (b)(d),  with 
perfect  balance  (a)(b)  and 
imbalance  (c)(d). 


(7) 


(8) 


(9) 
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The  difference  in  applied  voltage,  Vnet,  between  fully  depleting  the  n  pillar  and  depleting  the  p  pillar  is  given 
by: 

(10) 

Ecm  junc  increases  with  increasing  Vd  until  the  p  pillar  is  depleted,  therefore  Eq.  5  becomes: 


a— Lw  +  gEd 
£ 


and,  Ecnt  s  and  Ecnt  d  are  given  by 


vd-vJf-v„e, 

Ec„,_s  = - - - and 

Ecnt  (/  —  E cnt  s  "t"  & * 


3.  On-resistance 

The  primary  theory  shows  that  Ron  is  perfectly  proportional  to  w.  However,  for  small  values  of  pillar  width 
Ron  is  increased  by  depletion  of  the  conducting  region  as  a  result  of  the  built-in  potential  [4],  The  value  of 
Ron  (at  Vd  =  0)  may  be  estimated: 

/dw  \  <14> 

where  n  is  the  electron  carrier  density  in  n  pillar  (n  may  be  less  than  Nd  because  of  incomplete  ionisation). 
The  factor  of  2  in  the  numerator  arises  because  current  flows  only  in  the  n  pillar.  wd0  is  the  one-side 
depletion  width  in  n  pillar  extending  from  the  pn  pillar  junction,  given  by: 

^  2e  ( l  +  en.) 

™do  =  ,  -T”7TT - \Vbi  *  (15) 

\qNd  (2  +  err) 


4.  Valid  range  of  pillar  doping  for  a  given  pillar  width 

It  has  been  reported  that  for  a  given  pillar  width,  Vbr  starts  to  fall  above  a  certain  pillar  doping,  Nmax,  and  Ron 
starts  to  rise  rapidly  below  a  certain  pillar  doping,  Nmjn  [3].  The  former  is  due  to  an  increase  in  the  peak 
electric  field  at  the  pillar  junction  (Eq.2)  and  the  latter  is  due  to  restriction  of  the  undepleted  region  resulting 
in  reduction  of  current  flow  (Eq.15). 

Values  for  Nmax  and  Nmin  may  be  derived  for  the  case  of  perfect  doping  balance  from  equations  2  and 
15  respectively: 

eE, 


The  ratio  of  these  two  quantities  may  be  used  as  a  measure  of  the  flexibility  of  the  material  with  respect  to 
the  design  of  super-junction  structures  with  a  given  half-pillar  width: 

N  -Essl=1 (18) 

margin  MV  v  J 

JV  min  v  bi 

Comparing  4H-SiC  and  Si  using  Equ.18  shows  that  4H-SiC  has  3.3  times  higher  margin  than  Si.  Note  that 
the  minimum  possible  w,  wmin,  is  defined  when  Nmargin“l  and  is  given  by: 


wmin  is  about  0.015pm  for  4H-SiC  and  0.05pm  for  Si. 


722 


Silicon  Carbide  and  Related  Materials 


5.  Ron  vs.  Vbr:  a  comparison  of  4H-SiC  with  Si 

For  a  specified  breakdown  voltage  and  pillar  doping  error, 
values  for  w,  d  and  N  are  found  that  minimise  the  value  of 
Rflt,.  The  breakdown  voltage  condition  is  imposed  by  solving 
the  impact  ionisation  integral  both  along  the  edges  (Ecdg)  and 
at  the  centre  (Ecnt)  of  the  pillars  (see  Fig.  1).  Results  for 
several  values  of  pillar  doping  error  are  shown  in  Fig.  4  (a) 
for  SiC  and  Fig.  4(b)  for  Si.  MOSFET  results  are  shown  for 
comparison  and  assume  that  the  device  is  dominated  by  the 
drift  region  resistance.  The  values  of  Vbr  and  R*,,  obtained 
from  the  simplified  equations  show  good  agreement  with 
TCAD  simulation  results. 

For  low  levels  of  charge  error,  the  SJS  structure 
displays  the  expected  proportional  relationship  between  R^ 
and  Vbr.  At  higher  levels  of  charge  error  the  relationship 
becomes  more  like  that  exhibited  by  the  MOSFET  (i.e. 

Ron~Vbr2'5).  This  effect  becomes  more  noticeable  at  high 
breakdown  voltage  and  becomes  more  significant  at  higher 
Vbr.  It  is  clear  that  the  effectiveness  of  the  SJS  structure  is 
severly  diminished  by  charge  error  levels  of  just  a  few 
percent. 

With  zero  charge  error,  the  on-resistance  of  the  SiC 
SJS  structure  is  some  140  times  lower  than  the  optimum  Si 
SJS  structure  for  the  same  breakdown  voltage  level.  At 
lower  voltage  levels  the  on-resistance  for  the  conventional 
MOSFET  approaches  that  of  the  SJS  with  an  intersection 
point  at  around  600V  for  SiC  and  60V  for  Si. 

6.  Conclusion 

Simplified  expressions  have  been  derived  which  describe  the  electric  field  distribution  in  super-junction 
structures  under  conditions  where  a  charge  imbalance  exists  in  the  drift  region.  These  expressions  have  been 
employed  in  a  PC  based  optimisation  program  in  order  to  determine  the  structure  parameters  which 
minimise  the  on-resistance  of  the  SJS  for  a  given  breakdown  voltage.  The  minimum  value  of  Ron  is  shown 
to  increase  with  the  level  of  charge  imbalance,  an  effect  that  becomes  more  significant  at  higher  Vbr  It  has 
been  shown  that  the  on  resistance  of  4H-SiC  SJS  is  about  140  times  lower  that  the  equivalent  Si  structure  at 
perfect  balance  of  doping.  In  addition,  the  4H-SiC  SJS  is  more  tolerant  of  doping  error  and  displays  a  3.3 
times  wider  design  window  for  choice  of  pillar  doping.  This  demonstrates  that  the  SJS  is  potentially  an 
effective  structure  for  wide  band-gap  semiconductors.  In  the  case  of  4H-SiC,  SJS  structures  are  likely  to  be 
effective  at  voltage  levels  exceeding  2kV. 
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Abstract  -  This  paper  discusses  for  the  first  time  the  benefits  of  SiC  junction  control  devices 
compared  to  MOS-type  devices.  Whereas  MOS  control  silicon  switching  devices  undoubtedly 
exhibit  superior  over-all  performance  compared  to  junction  control  devices  due  to  reduced  leakage, 
normally-off  operation,  high  input  impedance  and  improved  SOA,  this  paper  argues  that  SiC 
MOSFET  devices  have  theoretical  and  practical  disadvantages  which  may  limit  their  operation  and 
arguably  bring  back  in  light  junction  switching  devices  such  as  the  JFET.  In  this  study  a  numerical 
comparative  view  of  two  SiC  devices,  namely  a  trench  MOSFET  and  a  JFET,  is  provided.  It  is 
pointed  out  that  the  severe  SiC  MOSFET  gate  oxide  limitations  can  be  overcome  by  using  a  SiC 
JFET.  To  investigate  the  off-state  behaviour  of  both  devices,  extensive  numerical  simulations  using 
MEDICI  and  ISE  TCAD  have  been  carried  out. 


Introduction 


In  the  recent  years,  among  other  wide  band-gap  materials,  silicon  carbide  (SiC)  has  been  granted 
with  an  enhanced  attention  [1-3].  SiC  offers  a  very  low  intrinsic  carrier  concentration,  a  band-gap 
three  times  higher  than  that  of  silicon,  a  high  avalanche  breakdown  electric  field  of  2*4x10  V/crn 
and  high  electron  saturation  velocity.  All  these  properties  make  SiC  one  of  the  most  attractive  wide 
band-gap  semiconductors  for  switching  power  devices. 

This  paper  provides  a  comprehensive  numerical  comparison  between  a  4H-SiC  1.2kv  SiC  trenc 
MOSFET  and  a  JFET.  Trench  technology  has  been  selected  for  the  MOSFET,  since  it  offers  a  high 
channel  density  and  eliminates  the  parasitic  JFET  effect  characteristic  of  DMOS  structures.  In  spite 
of  its  advantages,  such  as  MOS  voltage  control  and  low  saturation  currents,  SiC  trench  MOSFET 
suffers  from  several  major  drawbacks  such  as  relatively  high  threshold  voltage  and  poor  mobility  in 
the  channel,  which  adversely  affects  its  on-resistance.  Another  severe  drawback  encountered  m 
trench  MOSFETs  is  the  gate  oxide  breakdown,  which  can  occur  prior  to  semiconductor  breakdown 
[4],  We  here  carried  out  a  numerical  analysis  of  the  oxide/SiC  trade-off  breakdown  and  determine 
the  design  conditions  to  avoid  the  premature  breakdown.  The  study  also  points  out  that  the 
theoretical  value  of  the  drift  doping,  calculated  from  the  avalanche  condition,  can  lead  to  premature 


breakdown  due  to  punch-through  of  the  p  well. 

A  viable  alternative  for  the  SiC  trench  MOSFET  is  the  SiC  JFET  [5-7].  In  this  way,  major 
drawbacks  like  gate  oxide  breakdown  and  low  mobility  in  the  channel  are  eliminated.  A  JFET 
structure  characterised  by  buried  gate  regions  and  a  buffer  layer  placed  on  the  top  of  the  drift  region 


is  proposed  [8]. 


SiC  MOS  Control  -  MOSFET 


As  it  was  mentioned  above,  one  of  the  strongest  limitations  in  SiC  trench  MOSFET  is  that  the 
dielectric  breakdown  can  occur  before  the  semiconductor  body  breaks  down.  Writing  the  Gauss  law 
at  the  SiC/Si02  interface,  £Si02ESi02=£sicEsic,  and  considering  ESic_BR=2.4xlO  V/cm,  it  is  found  that 
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the  maximum  allowable  value  of  the  electric  field  in  the  oxide  (Eoxide)  is  5.96xl06V/cm.  However, 
due  to  two-dimensional  effect  at  the  trench  comer,  the  value  of  the  electric  field  in  the  oxide  can  be 
higher  than  6xl06V/cm.  This  is  close  to  the  practical  limit  of  the  electric  field  strength  in  the  oxide. 
This  means  that  the  oxide  breakdown  can  take  place  before  avalanche  occurs  in  the  actual 
semiconductor  body.  Hence  in  order  to  have  a  reliable  device,  the  peak  of  the  gate  oxide  electric 
field  should  be  kept  under  its  practical  critical  value  of  ^6xl06V/cm. 

As  pointed  out  above,  SiC  trench  MOSFET  can  suffer  from  premature  breakdown  due  to  punch- 
through  of  the  p  well.  The  punch-through  can  be  avoided  by  increasing  the  p  well  doping  and 
decreasing  the  drift  region  doping  or  by  making  the  channel  longer.  The  first  sets  a  very  strong 
limitation  on  the  minimum  threshold  voltage  for  the  trench  MOSFET  while  the  second  and  the  third 
further  degrades  the  on-resistance. 

The  cross  section  of  a  SiC  1.2kV 
MOSFET,  10pm  width  cell  is  shown 
in  fig.  1(a).  The  gate  oxide  is  0.2pm  i-5um 
thick.  The  p  well  has  a  Gaussian 
doping  profile  with  a  peak 
concentration  of  NA=9xl017cm'3  at 
the  source  contact,  this  relatively 
high  value  preventing  the  device 
from  suffering  premature  breakdown 

Drain  V(D)  (Volts) 

due  to  p  well  punch-through.  (a)  (b) 

From  off-state  simulations  it  was  FiS-  *(a)  “  Cross  section  of  half  a  cell  for  the  trench  MOSFET; 
found  that  at  Vd=1260V,  the  value  of  -  MOSFET  I-V  characteristics  for  different  gate  voltages. 

the  oxide  electric  field  at  the  trench  comer  is  8.76xl06V/cm.  This  practically  means  that  at  this 
voltage  level  oxide  breakdown  has  already  taken  place. 

Two  methods  have  been  used  to  address  this  problem.  First,  wider  trenches  have  been  used,  in  this 
way  the  curvature  of  potential  lines  at  the  trench  comer  being  softened  (field  plate  effect  like).  It  is 
well  known  that  trench  structures  with  rectangular  comers  suffer  from  electric  field  crowding  effect. 
Thus,  the  classical  procedure  of  using  rounded  trench  comers  was  the  second  method  employed  to 
alleviate  further  the  tension  on  the  gate  oxide. 

The  values  of  the  oxide  electric  field  as  a 
function  of  the  trench  width,  for  rectangular 
and  rounded  trench  comers  and  tox=0.2pm,  at 
a  drain  voltage  of  1260V  are  summarised  in 
table  1.  For  a  trench  width  of  8pm,  the  value 
of  the  oxide  electric  field  (7.02xl06V/cm) 
was  reduced  with  about  20%  when  compared 
to  the  one  corresponding  to  a  4pm  trench 
width.  Moreover,  using  rounded  trench 
comers,  the  oxide  electric  field  underwent  a 
further  reduction,  its  value  decreasing  under 
the  theoretical  limit  given  by  Gauss  law.  As  a 
consequence,  by  using  wide  trenches  in 
conjunction  with  rounded  trench  comers,  the 
oxide  electric  field  can  be  kept  under  its 
critical  value  theoretically  calculated. 

For  the  rounded  trench”  MOSFET,  off-state  simulations  have  been  carried  out  in  order  to 
investigate  the  influence  of  the  gate  oxide  upon  the  oxide  electric  field.  The  values  of  the  oxide 
electric  field  at  VD= 1260V,  for  different  oxide  thickness  and  trench  widths,  are  listed  in  table  2.  The 
off-state  simulations  results  show  that  for  devices  designed  to  have  breakdown  voltages  higher  that 


Table  1  Oxide  electric  field  at  the  trench  comer  as  a 
function  of  the  trench  width,  for  rectangular  and 
rounded  trench  comers;  tox=0.2pm  and  VD=1260V. 


Trench  width(um) 

4 

6 

8 

EOXide(xl06V/cm) 
rectangular  comer 

8.76 

8.45 

7.02 

EOxide(xl06V/cm) 
rounded  comer 

6.5 

6.3 

5.4 

Table  2  The  dependence  of  the  oxide  electric  field  at 
the  trench  comer  on  the  gate  oxide  thickness, 
atVD= 1260V,  for  different  trench  widths. 


Oxide  thickness(pm) 

0.1 

0.2 

0.3 

E„*ide(xl06V/cm) 
Trench  width  =  6jum 

9.2 

6.3 

5.5 

EOxide(xl06V/cm) 
Trench  width  =  8|um 

6.4 

5.4 

4.9 
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1.2kV,  the  gate  oxide  thickness  should  be  at  least  Although  the  simulator  does  not  take  into 

laccount  the  oxide  breakdown,  it  can  be  inferred  that  if  the  peak  in  the  electric  field  exceeds 
6.5xl06V/cm  the  device  breaks  down  due  to  tunnelling  through  the  gate  oxide. 

The  I-V  characteristics  of  the  SiC  trench  MOSFET  obtained  through  numerical  simulations  are 
shown  in  fig.  1(b).  The  p  well  doping  being  quite  high,  this  results  in  a  relatively  high  threshold 
voltage  of  22V.  At  a  current  density  of  100A/cm2  and  for  VG=50V,  the  extracted  on-state  resistance 

is  23mQcm2. 

SiC  Junction  Control  -  JFET 

Using  a  SiC  JFET  one  can  eliminate  two  of  the  drawbacks  encountered  for  SiC  trench  MOSFET, 
namely  the  gate  oxide  breakdown  and  the 
poor  mobility  in  the  channel.  The  cross 
section  of  a  SiC  1.2kV  JFET  structure  is 
shown  in  fig.  2(a).  The  JFET  distinctive 
feature  is  a  buffer  layer  placed  on  the  top 
of  the  drift  region  having  a  doping 
concentration  of  ND=2.9xl016cm 3,  higher 
than  the  doping  of  the  drift  layer.  The 
depth  of  the  buried  gate  region  is  2fim  and 
the  channel  length  is  l|im.  The  JFET 
proposed  here  is  normally-off. 

However,  in  order  to  withstand  a  blocking 
voltage  of  1.2kV,  a  negative  voltage  of 
about  -20V  should  be  applied  to  the  gate. 

The  3D  plot  for  the  electric  field  in  the 


(a) 


(b) 


Fig.  2(a)  -  Cross  section  of  the  JFET  structure;  (b) 
JFET  I-V  characteristics  for  different  gate  voltages. 


-f-  -to 
%j° 


JFET,  for  a  negative  gate  voltage  VG=-17V  and  a 
breakdown  voltage  VBr=1310V,  is  shown  in  fig.  3.  It 
can  be  clearly  seen  that  the  breakdown  occurs  at  the 
p+buried  gate/n"drift/n  buffer  point.  By  further 
increasing  (in  modulus)  the  negative  voltage  gate,  the 
breakdown  will  occur  at  the  surface,  for  the  two  pin 
diodes  formed  between  the  gate/buffer/source  and  the 
buried  gate/buffer/source.  Still,  by  increasing  the 
distance  between  the  gate  and  the  source  the  lateral 
diode  breakdown  can  be  easily  avoided. 

The  JFET  on-state  characteristics  for  different  gate 
voltages  are  shown  in  fig.  2(b).  For  VG=0.6  V  and  at  a 
current  density  of  100A/cm2,  the  JFET  on-resistance  is 
6m£2cm2.  When  compared  with  the  MOSFET,  the  JFET 

on-resistance  is  improved  by  a  factor  Table  3  The  dependence  of  the  JFET  breakdown  voltage  on 
of  3  or  4,  the  difference  resulting 
mainly  from  the  very  low  electron 
mobility  in  the  MOSFET  channel. 

The  dependence  of  the  breakdown 
voltage  on  the  buffer  doping,  for  VG=-17V,  is  shown  in  table  3.  As  expected,  the  higher  the  buffer 
doping,  the  lower  the  blocking  voltage.  One  can  also  observe  that  with  the  expense  of  a  higher  (in 
modulus)  gate  voltage,  a  higher  Table  4  The  dependence  of  the  JFET  breakdown  voltage  on  the 
blocking  voltage  can  be  achieved 
with  a  very  low  on-resistance. 

The  influence  of  the  gate  voltage 


Fig.  3  -  3D  shape  of  the  electric  field  in 
the  JFET,  for  a  negative  gate  voltage 
Vg=-17V. 


Nh.lff„(xl016cm3) 

P7 _ — 

2 

2.5 

2.9 

3 

3.1 

Vbr(V) 

2120 

1790  1 

1310 
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upon  the  blocking  voltage  is  shown  in  table  4.  Comparing  the  values,  it  can  be  observed  that  there  is 
a  peak  gate  voltage  (-60V)  corresponding  to  the  highest  breakdown  voltage  (2503V).  As  long  as  the 
gate  voltage  is  equal  or  higher  than  -60V,  blocking  voltages  as  high  as  2.5kV  can  be  achieved  with 
a  very  low  on-resistance.  Increasing  further  the  gate  voltage,  the  blocking  voltage  will  decrease  and, 
as  mentioned  above,  the  breakdown  point  will  move  towards  the  surface  and  it  will  occur  for  the 
p+buried  gate/n  buffer/n+source  parasitic  PIN  diode.  In  fact,  for  VG=-100V,  breakdown  occurs  for 
the  vertical  parasitic  PIN  diode  even  before  applying  a  voltage  to  the  drain. 

Comparison  between  MOS  and  Junction  Control 

SiC  main  advantage  of  having  a  high  breakdown  electric  field  paradoxically  turns  facilitates  the 
breakdown  of  the  gate  oxide.  Thus,  mainly  under  off-state  conditions,  the  SiC  trench  MOSFET 
undergoes  very  severe  problems  in  terms  of  gate  oxide  reliability.  Although  improved  results  can  be 
obtained  by  using  wide  trenches  and  rounded  comers,  realising  practically  wide  trenches  and  filling 
them  is  still  a  problematic  task.  All  these  problems  disappear  when  using  a  SiC  JFET.  However, 
due  to  the  fact  that  the  current  path  is  junction  controlled,  a  negative  voltage  should  be  applied  to 
the  gate  to  withstand  the  voltage  in  the  off-state.  It  is  also  worth  noting  that  the  JFET  has  two 
parasitic  PIN  diodes  at  the  surface.  However,  with  a  careful  design,  their  effect  on  the  breakdown 
performance  can  be  negligible.  Using  the  junction  control,  two  more  MOS  characteristic  problems 
are  eliminated,  that  is  the  low  channel  mobility,  which  adversely  affects  the  on-resistance  and  the 
premature  breakdown  due  to  p  well  punch-through. 

According  to  the  above  considerations,  it  can  be  inferred  that  SiC  junction  control  is  a  strong 
alternative  to  MOS  control  for  high  voltage  power  devices.  In  addition,  MOS-bipolar  high  voltage 
devices  such  as  the  Trench  Insulated  Gate  Bipolar  Transistors  (TIGBT)  which  have  been  extremely 
successful  in  silicon  technology  [9]  will  be,  in  the  authors  opinion,  of  little  use  in  the  current  SiC 
technology.  This  is  because  the  SiC  large  band-gap  results  in  a  large  anode  junction  built-in 
potential  which  leads  to  high  on-state  voltages  and,  consequently,  unacceptably  high  power  losses. 

Conclusions 

In  summary,  a  SiC  JFET  is  proposed  as  a  viable  alternative  to  the  SiC  trench  MOSFET.  In  this  way, 
MOSFET’ s  major  drawbacks,  such  as  gate  oxide  breakdown,  poor  mobility  in  the  channel  and  high 
threshold  voltage  can  be  overcome.  Moreover,  the  on-resistance  of  the  1.2kV  JFET  is  3-4  times 
smaller  than  that  of  an  equivalent  SiC  MOSFET.  At  the  same  time  the  JFET  technology  is  easier 
than  that  of  the  MOSFET  due  to  the  elimination  of  trench  gate  formation.  Nevertheless,  the  full 
blocking  of  the  JFET  can  only  be  accomplished  by  applying  a  negative  voltage  to  the  gate.  This 
may  lead  to  a  compromise  in  the  complexity  of  the  control  circuitry. 
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Abstract.  Large  area  SiC  diodes  (20mm2  and  40mm2)  for  high  power  applications  were 
manufactured  on  selected  defect  free  areas  of  4H  Epi  wafers.  The  forward  and  reverse 
characteristics  of  these  4.5kV  PiN  and  2.5kV  JBS  diodes  are  analyzed.  Various  device  non¬ 
idealities  are  discussed  and  compared  to  known  crystal  imperfections.  Large  PiN  diodes  were 
parallel  connected  together  with  silicon  IGBT  switches  using  conventional  press-pack  technology. 
Dynamic  switching  up  to  1250V  and  400A  nominal  current  is  reported.  Long  term  data  for 
continuos  switching  revealed  a  new  drift  phenomena  of  the  forward  voltage  drop  of  bipolar  diodes. 
However,  long  term  blocking  tests  confirmed  reliable  reverse  characteristics. 

Introduction 

Many  high  power  applications,  such  as  motor  drive  systems  and  HVDC  transmission  systems  use 
voltage  source  converters.  SiC  devices  have  the  potential  to  impact  this  converter  technology 
fundamentally.  However,  such  systems  are  often  in  the  MW  or  even  >100MW  range  and  require 
devices  with  a  large  active  area.  This  paper  focuses  on  the  state  of  art  of  large  area  SiC  PiN  diodes 
and  their  properties  under  application  condition  and  in  reliability  tests.  Even  with  large  SiC  diodes, 
parallel  connection  of  several  chips  is  necessary  to  reach  the  >100A  current  level.  At  this  point,  the 
active  device  area  with  a  sufficient  yield  as  well  as  the  long  term  device  stability  is  still  limited  by 
material  related  deficiencies. 

Fabrication  of  Devices 

On  35mm  4H  SiC  wafers  from  CREE,  a  hot-wall  CVD  Epi  layer  of  35  -  45um  thickness  with  n- 
type  doping  in  the  low  1015cm"3  range  is  grown  [1].  Depending  on  the  assumed  critical  field  strength 
for  this  low  doping,  a  theoretical  blocking  voltage  of  about  4.5— 6.0kV  is  expected.  These  wafers  are 
then  characterized  with  an  optical  microscope  to  locate  all  visible  defects.  Individual  for  each  wafer, 
large  area  diode  chips  of  20mm2  and  40mm2  are  then  placed  in  the  defect  free  areas.  The  remaining 
area  is  used  for  small  (l-5mm2)  monitoring  devices.  The  implanted  anode  uses  a  multi  energy  Al-B 
profile,  annealed  at  1700°C.  The  devices  are  terminated  using  an  implanted  multi-zone  junction 
termination  extension  with  an  oxide  surface  passivation  layer.  The  details  of  the  design  and  the 
process  were  described  previously  [2].  For  the  JBS  diodes  mentioned  for  comparison,  a  process 
based  on  the  same  technology  steps  was  used. 
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Static  Characteristics  of  PiN  and  JBS  diodes 


Figure  1  shows  the  conduction  characteristic  of  typical  diodes.  At  I00A/cm2  the  forward  voltage  Vf 
is  3.4V  for  the  4.5kV  PiN  diode.  No  difference  in  on-state  voltage  is  seen  for  smaller  diodes  down 
to  about  1mm  .  This  Vf  shows  a  negative  temperature  coefficient  of  ai —  1 . 1  m  V/K  (at  100A/cm2).  In 
comparison,  a  2.5kV  JBS  diode  has  only  2.0V  forward  voltage  at  a  temperature  coefficient  of +4- 
5mV/K.  However,  for  current  densities  above  150-250A/cm2  or  for  higher  blocking  voltages,  the 


Reverse  Voltage  [V] 

Figure  1  Linear  forward  characteristic  of  a  20mm2  Figure  2  Reverse  leakage  characteristic  of  6  20mm2  PiN 

PiN  (-)  and  a  0.1mm2  JBS  diode.  diodes  at  25°C  and  a  0.1mm2  JBS  diode. 


un-modulated  JBS  forward  voltage  starts  exceeding  the  PiN  diode. 

For  PiN  diodes,  several  slight  anomalies  are  observed  in  the  forward  IV  curves.  For  example 
excess  recombination  current  in  the  sub-threshold  region  or  a  strongly  varying  aT  over  the  wafer  (up 
to  -5m V/K  was  observed).  Such  effects  are  attributed  to  recombination  centers  in  the  n-base  or  at 
the  junction,  reducing  locally  the  minority  carrier  lifetime  (nominally  0.5ps-l|is)  also  seen  in  Figure 
3.  Substrate  related  crystal  imperfections  such  as  screw  and  edge  dislocations,  low  angle  grain 
boundaries  and  stacking  faults  or  remaining  impurities  in  the  Epi  and  substrate  are  presumed  to  be 
the  main  sources  of  these  electrically  active  defects  (Table  1). 

Figure  2  shows  the  reverse  characteristic  of  six  20mm2  diodes  on  the  same  wafer  These 
samples  show  good  blocking  (avalanche  >5kV).  However,  while  a  few  diodes  have  ideally  low 
leakages  (trace  1,2),  others  show  current  traces  (4,5)  similar  to  dislocation  related  conduction  [7]  or 
show  an  abnormal  exponentially  increasing  leakage  (trace  6).  These  devices  (without  visible 
defects)  still  contain  several  100  to  1000  dislocations  in  the  active  area,  which  together  with  other 
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Figure  3  Non-uniform  optical  emission  at 
5A/cirr  of  test-structure  diode  with  windows 
in  anode  metallization. 
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material  imperfections  are  presumably  responsible  for  these  variations  (see  Table  1). 


Dynamic  module  operation  500 q  7 

For  dynamic  operation  400  7  .  1200 

conventional  press  packaging  <  |  /  7 

technology  is  used  to  assemble  300:  |  /  -800  ^ 

four  2.5kV  IGBTs  (4x1  cm2)  £  200^  f  /  1  S 

together  with  four  40mm2  SiC  5  :  f  /  I4OO  £ 

diodes  chips.  The  measurement  O  100~  I  J  7 

in  Fig.  4  shows  the  SiC  diode  ^  :  I J  -  _ 

turn-off  for  400 A  and  1250V  at  0  :  1  1 . r 

Tj=125°C.  The  reverse  recovery  1  1  1  1  r  -  ? ■  t . T_  •  •"  r  1  "*■  >  t  r  ♦ . -~J~ 

charge  for  400A  is  with  4pC  0  2  4  6  8 

about  a  factor  of  three  higher  Time  [us] 

than  the  expected  depletion  layer  Figure  4  Transient  turn-off  operation  of  Si-SiC  diode  module.  V-t  and  1-t 

charge,  indicating  that  carrier  curves  for  a  diode  turn-off  at  1250V,  400A  at  Tj=125°C. 
plasma  is  removed  during  the 

recovery.  A  module  with  silicon  diodes  for  identical  rating  and  switching  conditions  leads  to  130mJ 
loss  energy  for  this  event,  while  the  shown  SiC  module  causes  merely  a  loss  of  4mJ.  Compared  to 
Silicon  diodes  for  the  same  voltage  class  both  the  SiC-PiN  reverse  recovery  charge  and  the  diode 
transient  loss  are  negligible  (<3%). 
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Figure  4  Transient  turn-off  operation  of  Si-SiC  diode  module.  V-t  and  1-t 
curves  for  a  diode  turn-off  at  1250V,  400A  at  Tj=125°C. 


Long  term  properties  of  SiC  <jf*  1 0^IE  J  n 
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With  diodes  from  the  O  ] - - ••  V 

same  process  technology  long-  £  :  |  j  j 
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quantities.  Diodes  with  static 

blocking  in  the  3.2-4.0kV  range  — - - - 1 - - - j - 

were  selected,  packaged,  and  1 

exposed  to  high  temperature 

(125°C)  while  biased  at  2250V  *  T  1  T  5  T  \  T  1 

reverse.  The  leakage  currents  0  100  200  time  [hours]  500 

over  500h  are  plotted  in  Fig.  5.  Figure  5  Longterm  leakage  of 25  1.3mm2 test  diodes.  The  static  break- 

iSdost  diodes  show  a  leakage  in  down  of  these  diodes  is  3.2-4.0kV.  Diode  bias  is  at  -2250V  at  125  C. 

the  10*5  to  1  O'4 A/cm2  range. 

While  the  current  of  most  diodes  is  not  completely  constant,  generally  no  increasing  trends  are 
observed.  A  few  diodes  do  show  unexplained  larger  variations,  however  also  diodes  with  high 
initial  leakage  current  can  remain  stable  over  the  entire  testing  period. 

Long  term  continuos  operation  was  also  tested.  If  the  PiN  diodes  are  characterized  at 
intervals  during  operation,  an  increase  of  the  static  forward  voltage  is  observed  in  some  of  these 
high  voltage  components  (Fig.  6A).  Typical  traces  over  time  are  given  in  Fig.  6B.  While  some 
diodes  can  drift  rather  fast  as  in  trace  a),  slow  drifting  diodes  or  non-drifting  diodes  are  found  on  the 
same  wafer.  A  higher  temperature  or  current  accelerates  the  phenomena.  Investigations  ruled  out 
contact  related  degradations.  However,  concurrent  with  the  increase  of  Vf,  an  increase  of  the  shaded 
areas  in  Fig.  3  is  observed.  This  indicates  that  the  effective  minority  carrier  lifetime  in  the  material 
decreases  during  operation.  This  is  independently  confirmed  by  optical  and  electrical  measurements. 
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It  was  found,  that  the  substrate  material  can  make  marked  differences  in  the  occurrence  of  this 
phenomenon.  The  optical  observed  Epi  defects  mentioned  earlier  in  the  paper,  however,  do  not 
explain  the  occurrence  rate  of  this  drift.  Therefore  process  generated  or  from  the  substrate  into  the 
Epi  replicated  dislocations  could  act  as  nucleation  sites  for  this  behavior.  Modifications  in  process 
steps  and  sequence  can  reduce  or  eliminate  this  drift  substantially,  while  wafer  areas  with  high 
defect  densities  remain  drifting.  Devices  from  the  best  wafer  areas  show  no  measurable  drift  over 
>1000h.  In  contrast  to  bipolar  PiN  diodes,  the  unipolar  schottky  or  JBS  type  diodes  have  all  a 
characteristic  of  trace  c)  in  Fig  6B. 


Summary 

20mm2  4.5kV  SiC  diodes  have  been  shown  feasible.  Using  paralleling,  switching  at  400A  leads 
to  only  3%  dynamic  component  loss  compared  to  equivalent  silicon  diodes.  However,  ciystal 
defects  within  the  active  region  of  large  devices  affect  both  forward  and  reverse  characteristic 
adversely.  The  most  severe  limitation  for  ~1cm2  chips  is  the  large  variation  in  leakage  current.  The 
detailed  properties  of  the  defects  causing  this  leakage  remain  unknown  and  their  elimination 
unsolved.  Reliability  tests  have  shown  that  SiC  diodes  have  excellent  long-term  blocking  stability. 
However,  real  converter  operation  causes  the  forward  voltage  of  some  diodes  to  drift.  This 
phenomenon  is  believed  to  be  related  to  defects  in  the  substrate,  Epi  and  junction  layer,  affecting  the 
minority  carrier  lifetime  adversely.  Improvements  in  substrate  material  and  uniform  processing  have 
already  shown  that  this  drift  can  largely  be  eliminated. 

The  authors  acknowledge  contributions  from  the  entire  ABB  SCRIPT  team,  and  A.  Galeckas. 
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Abstract  High-energy  and  high-temperature  (1000°C)  implantations  are  studied.  Implanted  p  region 
with  3//  m  thickness  and  5xlOI8/cm3  concentration  are  fabricated.  RBS  measurements  show  that 
high-temperature  implantation  reduces  the  damage  of  implantation  before  as  well  as  after  activation 
annealing.  C-V  measurements  indicates  that  most  of  the  implanted  A1  ions  are  activated  to  acceptors 
over  1500°C  annealing.  Hall  effect  measurements  show  that  Hall  mobility  increases  with  annealing 
temperature  to  30cm2/ Vs  and  sheet  resistance  decreases  to  5kn/Q  Planar  p-n  diodes  with  3pm 
thick  p  regions  are  fabricated  by  selective  implantation  using  masks  of  Mo.  High-temperature 
implantation  has  effect  to  reduce  reverse  leakage  currents.  It  is  assumed  that  the  high-temperature 
implantation  dose  not  cause  the  severe  damage,  which  may  remain  the  origin  of  leakage  currents 
after  activation  annealing. 


Introduction 

High-energy  ion  implantation  techniques  [1,2]  are  required  for  the  fabrication  of  thick  p-type 
regions,  which  is  desirable  for  the  designs  of  high  breakdown  voltage  devices  as  well  as  for  the 
structure  reducing  the  electrical  field  at  the  oxides  of  MOSFET  devices  [3].  High-temperature  ion 
implantation  techniques  are  also  necessary  to  form  excellent  p-n  junctions  by  reducing  implantation 
damages  [4-7].  The  research  on  high-energy  and  high-temperature  ion  implantation  techniques  [8] 
were  scarcely  reported.  We  report  on  implantation  of  A1  at  1 000'C  with  the  energy  of  7.0MeV  and 
the  fabrication  of  planar  p-n  diodes  with  3  p  m  thick  p  regions. 


Experimental  procedures  of  implantation 

Epitaxial  layers  (n:  5xl015/cn?)  on  4H-SiC  substrates  were  used  for  implantation  experiments. 
Ions  of  A1  with  7  step  energies  from  0.9  to  7MeV  were  implanted  in  order  to  form  box  profiles.  The 
samples  were  implanted  at  room  temperature  (RT),  500 1C,  750°C,  and  1000C.  Ions  with  6  step 
energies  from  0.9  to  5.6MeV  were  implanted  for  the  experiment  of  selective  implantation.  Masks  of 
Mo  with  the  thickness  of  3  p  m  were  used  for  selective  implantation.  The  Mo  masks  were  formed  by 
sputtering  deposition  and  were  etched  by  wet  etching,  which  induced  the  sloped  edges  of  the  masks. 
The  samples  were  annealed  for  activation,  at  from  1300°C  to  1650 1C  in  an  atmosphere  of  Ar  for  an 
hour.  The  annealed  samples  were  etched  by  RIE  of  CF4/02  gas  in  order  to  remove  the  surface  layers 
with  little  A1  density.  Schottky  metal  electrode  of  Ti  and  ohmic  contacts  electrode  of  Al/Ti  were 
formed  for  the  C-V  and  Hall  effect  measurements,  respectively. 

The  depth  profiles  of  A1  in  implanted  region  and  in  masked  region  were  measured  with  secondary 
ion  mass  spectrometry  (SIMS).  In  order  to  characterize  the  implantation  damage,  channel  spectra  of 
Rutherford  backscattering  spectrometry  (RBS)  were  measured  using  He  ions  of  2  MeV  both  before 
and  after  the  annealing.  Acceptor  densities  were  measured  by  C-V  method.  Hole  densities,  sheet 
resistance,  and  mobility  are  measured  by  Hall  effect  measurements.  Effects  of  temperatures  at 
implantation  ( Timpiant )  and  temperatures  for  the  activation  annealing  ( Tanneai )  were  studied.  The  real 
temperatures  of  sample  surfaces  during  annealing  are  assumed  to  be  higher  than  Tanneai  measured  in 
the  experiments  by  about  a  hundred  degrees. 


Depth  profile  of  implantation 

The  SIMS  profile  of  the  sample  implanted  selectively  using  the  Mo  mask  at  RT  is  shown  in  Fig.  1. 

the  implanted  region  shows  the  box  profiles  of  3  p  m  thickness  and  about 
[9].  The  profile  has  6  ripple  peaks  corresponding  with  the  6  steps  of 
implantation  energies  and  nearly  coincides  with  the  simulation  of  TRIM.  In  masked  region,  most  of 
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implanted  ions  of  A1  stop  in  the  Mo  mask  and  a  few  percent  ions  reach  through  the  SiC  surface, 
which  may  be  due  to  the  effect  of  column  structure  of  the  sputtered  Mo  layer. 


Fig.  1  SIMS  profile  of  the  selectively  implanted  sample  ( Timpiant :  RT) 

Under  the  condition  of  Timpiant 
lower  than  750°C,  no  reaction  of 
the  Mo  mask  to  the  SiC  surface 
are  observed.  SEM  views  of  the 
sample  at  Timpiant  of  1000  C 
reveals  remarkable  reaction  of 
the  Mo  mask  to  the  SiC  surface. 

Fig. 2  shows  cross  sectional  and 
birds-eye  SEM  views  of  the 
implanted  p  region  at  500  C 
after  the  annealing  and  the  Mo 
mask.  The  slope  at  the  edge  of 
the  Mo  mask  formed  by  wet 
etching  brings  about  sloped 
implantation  profile.  Depth  of 
the  p  region  is  4.1  ^  m  and 
accords  with  the  depth  including 
the  tail  of  the  A1  distribution. 

Implantation  damage  measurement  by  RBS 

Signal  yields  of  RBS  channel  spectra  were  measured  before  and  after  the  annealing  of  1600C[9]. 
The  signal  yields  of  the  samples  implanted  at  RT  and  500 C  before  annealing  exceeded  one  half  of 
the  signal  yields  of  random  level,  which  showed  that  the  serious  crystal  irregularity  were  induced  by 
implantation  damage  at  RT  and  500 C.  On  the  other  hand,  the  signal  yields  of  the  samples 
implanted  at  1000°C  before  annealing  was  less  than  two  times  of  that  of  the  reference  sample  with 
no  implantation.  The  result  indicated  the  1000  C  implantation  dramatically  reduced  the 
implantation  damage  compared  with  RT.  Troffer  et  al.  [6]  examined  RBS  spectra  of  low-energy 
(280keV)  ion  implanted  samples  and  showed  that  500°C  hot  implantation  can  prevent  remarkable 
crystal  irregularity.  It  is  assumed  that  high-energy  implantation  needs  higher  temperature  in  order  to 
prevent  serious  damage  than  low-energy  implantation. 

As  for  the  data  after  the  annealing,  the  signal  yields  of  the  samples  of  all  Timpiant  decreased  and 
became  close  to  that  of  the  reference  sample,  but  there  remained  the  deviation  of  the  signal  yields  of 
implanted  sample  from  that  of  the  reference  sample.  The  deviation  of  1000°C  was  smaller  than  that 
of  RT.  The  result  shows  that  high-temperature  implantation  reduce  the  implantation  damage  before 
as  well  as  after  the  annealing. 

Electrical  properties  by  C-V  and  Hall  effect  measurement 

The  dependence  of  sheet  resistance  on  Tanneal  is  shown  in  Fig.  3  with  Timpiant  as  parameters.  Sheet 
resistances  of  every  Timpiant  decrease  with  Tanneal  and  approach  to  SkO/D  above  1500U.  Timpiant 
has  effects  on  sheet  resistance  at  the  region  where  activation  is  insufficient  below  1500T:.  Acceptor 
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densities  measured  by  C-V  method  are  shown  in  Fig.  4.  The  acceptor  densities  increase  with  Tanned 
and  approach  the  concentration  of  A1  measured  by  SIMS  (5xlOl8/cm3).  Most  of  the  implanted  A1 
atoms  are  activated  to  acceptors  for  Tanneal  over  150013.  At  the  dose  level  of  the  experiments, 
T implant  has  no  significant  effect  on  acceptor  densities.  Hole  densities  from  Hall  effect  measurements 
show  the  same  tendencies  and  reach  2.5x1 017/cm3  over  1500*0  as  shown  in  Fig.  5.  Hall  mobility,  as 
shown  in  Fig.  6,  increases  with  Tanneal  to  30cm2/ Vs,  which  is  comparable  with  the  reported  data  of 
doped  epitaxial  layers.  The  data  over  1600°C  is  assumed  to  be  affected  by  the  slight  diffusion  of  A1 
which  is  observed  in  SIMS  profiles  of  the  samples  annealed  over  1600*0.  At  the  dose  level 
employed,  Timpkmt  has  no  apparent  effect  on  electrical  properties  measured  by  C-V  or  Hall  effect 
measurements.  On  the  other  hand,  Tanneal  has  apparent  effects.  Studies  on  lower  energy 
implantation  [6,7]  revealed  the  similar  results,  which  showed  that  hot  implantation  has  no  apparent 
effect  on  electrical  properties  such  as  hole  concentration  or  mobility. 


Fig.  3  Dependence  of  sheet  resistance  on  Tanneal  Fig.  4  Acceptor  densities  measured  by  C-V  method 


Fig.  5  Hole  densities  from  Hall  effect  measurement  Fig.  6  Hall  mobility  of  hole 

Fabrication  of  planar  diode 

Planar  p-n  diodes  were  fabricated  on  epitaxial  layers  (n':5xl015/cm3)  with  the  thickness  of  10  //  m  by 
selective  ion  implantation  with  the  masks  of  Mo  as  mentioned  above.  Ions  of  A1  with  6  step 
energies  from  0.9  to  5.6MeV  were  implanted.  From  the  thickness  of  p  layer  shown  in  Fig.  2,  drift 
layer  thickness  was  estimated  to  be  about  6//m.  The  implanted  samples  were  annealed  at  1575C 
for  10  minutes,  at  1575*C  for  60  minutes,  and  at  1 650C  for  10  minutes.  The  annealed  samples 
were  etched  by  RIE  and  1  //  m  thick  surface  layer  were  removed.  Ohmic  contacts  electrode  of  Al/Ti 
and  Ni  were  formed  on  the  surface  and  the  backside,  respectively.  The  diameters  of  the  pn  junction 
were  from  100//  m  to  500  / /  m.  Effects  of  Timpiant  and  activation  annealing  condition  were  studied. 

Characteristics  of  diodes 

Typical  reverse  I-V  characteristics  of  the  p-n  diodes  with  diameter  of  500  //  m  are  shown  in  Fig.  7. 
The  figure  shows  the  data  of  leakage  currents  of  the  diodes  fabricated  under  several  conditions  of 
implantation  and  annealing  to  the  reverse  voltage  of  100V.  The  leakage  currents  of  the  sample 
implanted  at  500 *C  are  remarkably  larger  than  that  of  1000C.  The  time  of  annealing  also  effects  on 
the  characteristics.  Compared  with  the  data  of  10  minute,  the  leakage  currents  of  60  minutes  are 
fairly  small.  The  leakage  current  data  of  diodes  with  several  diameters  and  several  fabrication 
conditions  are  doted  in  Fig.  8.  It  reveals  that  on  the  average,  leakage  current  of  100013  is  about  two 
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orders  smaller  than  that  of  500 °C  and  that  the  leakage  current  decrease  with  Tanned  and  annealing 
time.  Kawase  et  al.  [7]  examined  the  leakage  currents  of  the  lower-energy  (180keV)  and  high- 
temperature  implantation  and  reported  the  similar  result  of  the  decrease  of  leakage  current  at 

Fig.  9  shows  typical  forward  I-V  characteristics.  There  are  excess  currents  composed  of  at  least 
two  parts.  One  is  the  current  in  the  region  below  1 .5V  and  the  other  is  a  part  of  shoulder  from  1 .5V 
to  2.5V.  The  forward  characteristics  have  same  tendency  as  the  reverse  one.  Both  the  excess 
currents  of  the  diodes  implanted  at  500°C  are  remarkably  larger  than  that  of  1000°C.  The  excess 
currents  of  60  minutes  are  also  fairly  smaller  than  that  of  10  minute.  It  is  assumed  that  the 
implantation  damages  induces  the  origins  of  the  leakage  and  excess  currents  and  that  the  high- 
temperature  implantation  at  1000°C  significantly  reduce  the  damage,  compared  with  implantation 
at  500 “0.  In  the  measurements  of  the  characteristics  of  the  diodes,  excess  currents  with  the  time 
decays  of  several  seconds  are  observed  even  for  the  devices  implanted  at  1000C.  It  is  supposed  that 
the  damages  causing  the  origins  of  long  lifetime  remain  even  under  our  best  fabrication  condition. 

Breakdown  voltage  is  typically  about  lkV  and  no  distinct  influence  of  Timpiam  and  Tanned  on 
breakdown  voltage  has  been  observed  yet.  Differential  on-resistance  is  6m Hem1 2 3 4 * 6 7 8 9  at  100 A/cm2. 
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Fig.  8  Reverse  leakage  currents  at  -100V 
(Data  of  several  diameters  are  doted.) 


Summary 

Under  the  experimental  conditions  of  this 
report  such  as  implantation  dose  and  maximum 
annealing  temperature,  the  high-temperature 
implantation  of  1 000*0  has  effects  of  reducing 
the  influence  of  implantation  damages  on  pn 
junction  characteristics  and  the  data  of  RBS.  On 
the  other  hand,  electrical  properties  of  C-V  and 
Hall  effect  measurements  are  not  apparently 
influenced  by  Timplant. 
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Abstract.  4H-S\C  p* -n-n+  Zener  diodes  having  avalanche  breakdown  voltages  of  about  300  V  and 
low  dynamic  impedance  were  fabricated  and  characterized  at  continuos  and  pulsed  avalanche 
currents.  The  diodes  were  capable  of  operating  at  dc  currents  up  to  60  mA  corresponding  to  a  power 
of  18  W.  They  exhibited  a  value  of  dynamic  impedance  of  170  Q  at  a  test  current  of  10  mA,  a 
leakage  current  of  60  nA  at  230  V  and  a  positive  temperature  coefficient  of  breakdown  voltage 
of  3-10'4K‘l. 


Introduction 


Specially  designed  Zener  diodes  operating  at  reverse  bias  under  avalanche  or  tunneling  breakdown 
conditions  [1]  are  widely  used  for  voltage  regulation  and  transient  voltage  suppression.  Currently, 
Zener  diodes  with  breakdown  (or  Zener)  voltage  (Vz)  from  about  4  V  to  several  hundred  volts  are 
commercially  available  [2].  The  advantage  of  silicon  carbide  (SiC)  as  a  semiconductor  for  use  in 
Zener  diodes  is  based  on  its  fundamental  properties.  SiC  remains  semiconducting  at  temperatures 
up  to  900°C  and  has  an  excellent  thermal  conductivity  (of  about  4  W/cm  at  room  temperature). 
These  properties  of  silicon  carbide  shall  allow  the  fabrication  of  SiC  Zener  diodes  handling  higher 
current  density  and  operating  at  higher  temperatures  in  comparison  with  conventional  diodes. 
Another  advantage  of  SiC  becomes  obvious  in  the  case  of  fabrication  of  Zener  diodes  with  high  Vz 
values.  Indeed,  the  specific  dynamic  impedance  ( Rz )  of  these  diodes  at  voltages  higher  than  Vz  is 
defined  mainly  by  the  resistivity  of  the  space  charge  region  (SCR).  Due  to  the  higher  breakdown 
field,  SiC  p-n  junctions  have  lower  thickness  and  higher  doping  level  of  SCR  than  silicon  junctions 
with  the  same  breakdown  voltage.  By  this  reason,  SiC  Zener  diodes  shall  have  lower  dynamic  (or 
Zener)  impedance  (Zz)  than  Si  diodes  with  the  same  capacitance  and  Vz  values  or  lower  capacitance 
and  leakage  current  than  Si  diodes  with  the  same  Vz  and  Zz  values.  For  example,  let  us  estimate  the 
Rz  value  and  the  capacitance  of  p+-n  structure  having  a  Vz=  300  V.  Donor  concentration  in  the 
diode  base  corresponding  to  this  Vz  value  is  about  A^lO^cm'3  for  Si  diode  [3]  and  about  1.1* 
1017cm~3  for  4//-SiC  diode  [4].  For  a  rough  estimation,  the  value  of  Rz  of  such  a  structure  may  be 
written  as  [5]: 


R:  =  Z-_-A 


V_z 

qN  Dv, 


(1) 


where  v$  is  the  saturated  drift  velocity  of  the  electrons  and  A  the  area  of  the  diode.  Substituting  in 
this  expression  the  values  of  v^0.9107  cm/s  for  Si  [3]  and  vs=0.8107  cm/s  for  4//-SiC  [5]  gives  the 
Rz  value  of  0.2  fi-cm2  and  0.002  ft  cm2  for  Si  and  4//-SiC  diodes  respectively.  The  capacitance  of 


the  diode  depends  on  the  reverse  voltage  bias  (V  =  Vz)  as: 
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C(V)=A 


eeogND  ~  \_  I  sso R:V_  ~ 
2  (V6,  +  V)~  z.-i2(vh,  +  V)Vs 


(2) 


where  Vb,  is  the  built-in  voltage  of  p-n  junction  and  e  and  s0  are  the  relative  and  vacuum 
permittivities.  Substituting  Vbh  e  and  v$  in  this  equation  gives: 


C(0)gi 

C(0)l4H-SiC 


C^)|Si 

C(Fz)|4H-SiC 


10.4 


(3) 


Hence,  4//-SiC  Zener  diodes  may  be  designed  to  have  1 0  times  lower  dynamic  impedance  than  Si 
diodes  with  the  same  values  of  capacitance  and  Zener  voltage,  or  to  have  the  100  times  smaller  area 
and  1 0  times  smaller  capacitance  at  the  same  values  of  Vz  and  Zz .  The  choice  is  defined  by  concrete 
diode  applications  when  the  low  capacitance  and  leakage  current  (ultra  high  frequency  and  data 
transmission  circuits)  or  low  dynamic  impedance  and  clamping  voltage  (the  voltage  at  maximum 
surge  current)  are  critical  parameters. 

SiC  Zener  diodes  were  fabricated  with  the  use  of  6H- SiC  epitaxial  layers  grown  by  the 
sublimation  sandwich  method  [6].  They  exhibited  a  breakdown  voltage  of  about  45  V  and  were 
capable  to  dissipate  a  dc  power  up  to  5  W  (corresponding  to  an  avalanche  current  up  to  100  mA)  at 
an  operating  temperature  up  to  300°C.  The  dynamic  impedance  of  these  diodes  was  mainly  defined 
by  the  resistivity  of  the  substrate  and  of  ohmic  contacts  and  it  was  comparable  with  the  Zz  values  of 
silicon  diodes. 

This  paper  reports  on  the  fabrication  and  electrical  characterization  of  4//-SiC  Zener  diodes 
having  avalanche  breakdown  voltages  about  300  V  and  low  dynamic  impedance. 


Experimental 

Commercially  available  4//-SiC  p"1  -n-n  epitaxial  wafers  with  minimum  available  resistivity  of  the 
substrate  (0.015-0.028  Q-cm)  were  used  to  fabricate  the  diodes.  The  n  layer  had  a  donor 
concentration  of  ND=  1 . 1  T017cm'3.  The  thickness  of  the  n  layer  (2  pm)  was  chosen  to  be  close  to  the 
thickness  of  the  SCR  at  avalanche  breakdown  in  an  abrupt  4//-SiC  p+-n  junction  having  this  donor 
concentration.  The  acceptor  concentration  in  the  1  pm  thick  p+  layer  was  equal  to  (6-8)1018cm'3. 
The  thickness  and  the  doping  concentration  in  the  layers  and  substrate  were  verified  by  Hg-probe  C- 
V  measurements.  SIMS  profiling  of  epitaxial  structures,  and  C-V  measurements  of  fabricated 
diodes. 

Nickel  of  200  nm  thickness  annealed  at  950°C  for  120  sec.  was  used  as  the  back  ohmic  contact. 
The  geometry  of  the  contacts  to  p+~  type  4/7-SiC  epitaxial  layer  was  defined  by  contact  UV 
lithography.  The  metals  were  deposited  in  a  single  run  in  the  following  sequence:  Al(50  nm)/ 
Ti(  1 00  nm)/  Pt(25  nm)/  Ni(50  nm).  After  excess  metal  removal  by  lift-off,  the  anneal  process  was 
performed.  The  fabrication  and  the  characterization  of  these  contacts  were  described  elsewhere 
[7,  8].  Gold  overlays  having  200  nm  thickness  were  deposited  on  both  sides  of  the  sample.  The 
geometry  of  the  Au  overlay  deposited  on  the  contact  to  p+  epitaxial  layer  was  defined  by  contact  UV 
lithography  and  lift-off  procedure.  A  commercial  plasma  system  was  used  to  form  the  mesa 
structures.  An  aluminum  mask  was  used  to  define  the  mesa  structures  with  different  areas  from 
1.26*  10 5  to  3.14-10  4cm2.  The  wafers  to  be  etched  were  placed  on  the  RF  electrode  and  its 
temperature  was  kept  at  20°C.  The  process  was  optimized  to  obtain  contamination  free,  smooth 
surface  of  the  side  walls.  The  etch  rate  was  approximately  lOOnm/min  at  200  W  RF  power, 
20  seem  flow  of  SF6,  20  seem  flow  of  argon  and  pressure  of  30  mTorr.  Uncovered  SiC  was  etched 
away  down  to  the  n  epitaxial  layer.  Simultaneously,  structures  for  controlling  the  resistivity  of  the 
contact  to  the  /7-type  SiC  layer,  by  the  TLM  method,  were  fabricated.  After  the  SiC  mesa  etching. 
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I  i - 1 - 1  . | - ' - rn  the  A1  mask  was  selectively  removed.  The  side 

*  0  012  12  3  4  J  walls  of  mesa  structures  were  not  passivated. 

"  0  008_  \  i  i  /  The  ^a^cate<^  diodes  were  characterized  on- 

0.04  -  11/  I  ~  wafer  in  an  air  ambient. 

5°-02-  o°°n .  ijy .  /-  Resu,ts 

u  280  290  300  1/  -  The  diodes  with  diameter  of  mesa  structure  D= 

o  _ i _ I _ i _ I - i - Hi —  40  pm  had  series  resistance  about  8  Cl  defined 

0  100  200  300  mainly  by  the  resistivity  of  ohmic  contacts  to  p 

Voltage,  v  type  layer  (~6T0°fFcm2)  and  the  diodes  with 

Fig  1.  I-V  characteristics  of  the  4//-SiC  p  -n  diode  at  £)=  200  pm  had  series  resistance  about  1.8  Cl. 
maximum  dc  avalanche  current  and  at  smaller  test  c  ities  of  the  diodes  were  varying  from  17 
currents  (shown  in  the  insert)  for  various  mesa  {o  Q  d  ending  on  the  area  of  mesa 

structure  diameters:  1  -  200  pm;  2  -  80  pm;  3  -  60  pm;  ^  A  ,  , 

structure.  The  diodes  revealed  stable  operation 

4-40  urn.  _ . _ , _ _  c:„  ,  . 


Voltage,  V 


maximum  ue  dvaiaiiuic  tuncm  anu  ai  .mane,  lcm  Capacities  of  the  diodes  were  varying  from  17 

currents  (shown  in  the  insert)  for  various  mesa  n  ,u  ^ 

to  0.7  pF  depending  on  the  area  of  mesa 
structure  diameters:  1  -  200  pm;  2  -  80  pm;  3  -  60  pm;  ^  A  ,  , 

structure.  The  diodes  revealed  stable  operation 

at  continuous  avalanche  current.  Fig.  1  shows 

the  I-V  characteristics  of  4//-SiC  diodes  having  a  breakdown  voltage  about  290  V  at  maximum 

continuous  current  obtained  from  a  Tektronix  370  curve  tracer.  The  maximum  dc  current  of  60  mA 

was  measured  on  the  diodes  with  D=200  pm  corresponding  to  a  dissipated  power  of  1 8  W.  The 

current  increased  exponentially  with  applied  voltage  in  the  initial  part  of  the  I-V  characteristics  until 

the  diode  self  heating  resulted  in  increasing  values  of  Zz.  It  is  clearly  seen  in  the  insert  of  Fig.  1  by 

the  change  of  the  curve’s  slope.  Parameters  of  the  diodes  with  different  mesa  structure  diameters  are 

given  in  Table  1.  Parameters  of  two  commercial  silicon  diodes  are  also  given  in  Table  1  for 

comparison  purposes.  The  test  current  Izt,  at  which  Vz  and  Zz  were  measured,  was  chosen  at  the 

minimum  Zz  value.  The  scattering  of  Kz  value  through  the  wafer  did  not  exceed  3%.  The  diodes 

with  the  highest  capacitance  of  17pF  had  a  dynamic  impedance  of  170Q  at  /Z7=  10  mA.  The 

maximum  dc  current  density  passed  through  the  diodes  was  950  A/cm2  for  the  diodes  with  D= 

40  pm  corresponding  to  the  power  density  of  280  kW/cm2.  All  the  diodes  revealed  a  positive 

temperature  coefficient  (/?)  of  Vz  of  about  3-10'4K*'  measured  at  both  dc  current  [9]  and  pulsed 

current  conditions  (see  Fig.  2).  This  value  of  p  is  appreciably  lower  than  10'3K'!  -  the  typical  value 

for  silicon  p-n  junctions  with  the  same  breakdown  voltage  [10].  The  relatively  low  p  value  in  4 H- 

SiC  p+-n  junction  shall  lead  to  a  higher  thermal  stability  of  SiC  Zener  diodes. 

The  minimum  specific  dynamic  impedance  of  the  diodes  measured  at  dc  current  was  much 
higher  than  the  value  calculated  with  Eq.  (1).  To  avoid  the  influence  of  diode  self  heating  and  to 
reach  the  conditions  of  “ideal”  avalanche  breakdown  when  the  value  of  Zz  is  defined  by  the 
resistivity  of  SCR  only,  some  diodes  were  cut  from  the  wafer  and  packaged  for  pulse  measurements. 


Mesa  diameter,  Capacitance  Zener  Test  Dynamic  Maximum  Leakage  Typical 


D  [urn] 
or 

Si  diode  type 

at  zero  bias, 

Cn  [pF] 

voltage 
at  Izr , 
^[V] 

current, 
Izr  [mA] 

impedance, 

zz  (n) 

at  1mA  at  7Z/- 

dc  current, 
Izm  [mA] 

current  at 
F/r=230V, 
h  [nA] 

temperature 
coefficient  of  Vz, 
P  [%/°C] 

40 

0.7 

295-304 

3 

1000 

800 

12 

20 

0.03 

60 

1.6 

294-296 

5 

950 

500 

20 

25 

0.03 

80 

2.8 

291-295 

5 

900 

400 

35 

40 

0.03 

200 

17 

286-293 

10 

450 

170 

60 

60 

0.03 

1N4993 

300 

5 

2100 

800 

15.6 

2000 

0.120 

1N5110 

300 

3 

1900 

10 

1000 

0.105 

Table  1.  Parameters  of  4//-SiC  diodes  with  different  mesa  structure  diameters  and  of  commercial 
silicon  Zener  diodes  [2]. 
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Current  pulses  having  a  duration  of  100  ns  were  applied  to  the  diodes  with  a  duty  factor  1 : 1000. 1-V 

characteristics  of  the  diode  with  D= 200  pm 
measured  in  a  pulse  mode  are  shown  in  Fig.  2.  The 
measured  value  of  Zz=  6.3  Q  is  in  good  agreement 
with  Eq.  (1)  and  thus  it  is  defined  by  the  resistivity 
of  the  SCR  at  avalanche  breakdown. 

Although  the  side  walls  of  the  mesa  structures 
were  not  passivated,  the  diodes  revealed  very  low 
leakage  current,  comparing  with  conventional  Si 
Zener  diodes.  It  was  directly  proportional  to  the 
length  of  the  diode  mesa  structure  periphery  and  did 
not  exceed  60  nA  at  a  reverse  voltage  of  230  V 
(see  Fig.  3.). 

Fig  2.  Pulsed  I-V  characteristics  of  the  4/Z-SiC 
p  -n  diode  with  a  200  pm  diameter  mesa.  Summary 


Fig  3.  Leakage  current  of  the  4//-SiC  p  -n  diodes 
with  different  mesa  structure  diameters. 


4//-SiC  diodes  having  avalanche  breakdown 
voltages  of  about  300  V  and  low  dynamic 
impedance  were  processed  and  characterized  in 
order  to  prove  the  advantage  of  SiC  over  silicon  for 
fabricating  high  power  and  high  voltage  Zener 
diodes.  They  were  capable  to  operate  at  continuous 
current  up  to  60  mA  corresponding  to  a  power  of 
1 8  W.  These  diodes  had  a  dynamic  impedance  of 
170Q  at  a  test  current  of  10  mA,  which  is 
appreciably  lower  than  the  dynamic  impedance  of 
commercial  Si  Zener  diodes  with  the  same 
breakdown  voltage.  At  the  same  time  they  had 
lower  leakage  currents  and  a  lower  temperature 
coefficient  of  breakdown  voltage. 
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Abstract  We  report  on  the  electrical  characteristics  of  an  implanted  n-base  GTO  thyristor  made 
from  4H-SiC.  The  fabricated  GTO  shows  a  forward  blocking  voltage  of  250  V  and  an  on-state 
voltage  drop  of  8-10  V  at  room  temperature.  An  implanted  n-base  sheet  resistance  of  between  40 
and  50  kQ/sq  has  also  been  measured.  The  doping  profile  of  the  implanted  n-base  layer  determined 
from  C-V  measurements  indicates  only  5  percent  of  the  implanted  phosphorus  was  activated  under 
the  implant  and  anneal  conditions  used.  The  implanted  n-base  GTO  also  exhibits  a  current 
limitation  of  approximately  2  A/cm2,  above  which  the  forward  on-state  voltage  increases  more 
rapidly.  An  epitaxial  n-base  GTO  in  4H-SiC  has  also  been  fabricated  and  is  compared  with  the 
implanted  n-base  GTO. 

1.  Introduction 

There  has  been  heightened  interest  in  the  reduction  of  dynamic  and  static  power  losses  in 
today’s  power  semiconductor  devices  and  systems.  For  high-voltage  switching  applications  the  gate 
turn-off  thyristor  (GTO)  represents  a  very  good  candidate  due  to  its  low  on-state  conduction  losses 
and  inherently  high  blocking  voltage  in  the  off-state.  Silicon  carbide  presents  the  possibility  of 
creating  faster  power  switches  that  can  operate  at  higher  temperatures  and  higher  voltages  compared 
to  silicon  based  devices.  Its  wide-bandgap  energy  (3.26  eV,  4H-SiC)  and  large  critical  electric  field 
(2.5x1 06  V/cm)  give  it  superior  characteristics  relative  to  silicon,  especially  in  high-voltage  and 
high-temperature  applications. 

SiC  GTO  thyristors  have  been  demonstrated  based  on  epitaxially  grown  layers  where 
blocking  voltages  ranging  from  700  to  3000  V  have  been  reported  [1-4].  A  more  flexible  approach 
to  device  fabrication  would  be  to  implant  either  the  p+  anode  layer,  the  n-base  layer  or  both  layers. 
Implanted  layers  are  also  attractive  due  to  the  controllability  and  repeatability  of  the  ion- 
implantation  process.  In  this  work,  we  report  on  die  characteristics  of  the  first  implanted  n-base 
GTO  thyristor  in  silicon  carbide.  The  device  exhibits  a  blocking  voltage  of  250  V  and  an  on-state 
voltage  of  8.7  V  at  1  A/cm2. 

2.  Fabrication 

The  starting  material  for  this  device  is  shown  in  Fig.  1(a)  where  three  p-type  epitaxial  layers 
are  grown  on  n+  4H-SiC  substrates  as  shown.  Unlike  silicon-based  thyristors,  the  n+  substrate  is 
favored  in  silicon  carbide  due  to  the  lower  n+  substrate  resistivity  compared  to  the  p+  substrate  and 
the  higher  open-base  breakdown  voltage  of  the  NPN  transistor  compared  to  the  PNP.  Multiple  high- 
energy  phosphorus  implants  (0.8  -  1.9  MeV)  were  carried  out  at  500°C  to  form  a  box  profile 
between  0.5  and  1.5  pm  below  the  surface  at  a  concentration  of  4xl017  cm'3  with  a  total  dose  of 
3.2xl013  cm"2.  An  n+  phosphorus  implant  was  also  performed  in  the  gate  contact  regions  to  improve 
the  n-contact  resistance.  These  implants  were  activated  using  a  30  minute,  1200°C  anneal  in  flowing 
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(a)  (b) 
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p  buffer  (2x1 01 7  crrr3) 

n+  4H-SiC  substrate 

n+  substrate  (1019  crrr3) 

Cathode 


Fig.  !  (a)  4H-SiC  starting  wafer  for  the  implanted  n-base  GTO 
thyristor  (b)  Device  cross-section  of  implanted  n-base  GTO 
thyristor. 

were  annealed  simultaneously  at  1050°C  for  5  minutes  in 


argon.  Fig.  1(b)  shows  the  cross- 
section  of  the  fabricated  implanted  n- 
base  GTO  where  RIE  has  been  used 
to  isolate  the  p+  anode/n-base 
junction.  A  three-step  trench 
termination,  also  fabricated  by  RIE,  is 
used  for  edge  termination  of  these 
devices.  The  n-contact  is  deposited 
over  the  n+  implanted  regions  while 
the  p-contact  is  deposited  on  the  p+ 
anode  as  grown.  The  n-contact 
metallization  consists  of  a  Ti/Ni/Al 
tri-layer  and  the  p-contact  is  an 
Al/Ni/Al  tri-layer.  These  contacts 
flowing  argon. 


3.  Results  and  Discussion 


T=25°C 

Anode  Area:  8.17X10-4  cm2 


Electrical  characteristics  of  the  fabricated  GTOs  were  measured  on  a  Tektronix  3  70 A  curve 
tracer  and  an  HP4155A  semiconductor  parameter  analyzer.  Capacitance  versus  voltage  (C-V) 
measurements  were  carried  out  on  an  HP4280A  1  MHz  C-V  meter. 

The  room  temperature  forward 
characteristics  of  the  implanted  n-base  GTO 
are  shown  in  Fig.  2  where  a  forward  on-state 
voltage  of  8.7  V  is  measured  at  1  A/cm2.  With 
zero  gate  current,  a  forward  blocking  voltage 
of  250  V  is  measured.  At  higher  current 
densities,  the  on-state  voltage  increases  rapidly 
and  may  be  the  result  of  reduced  carrier 
lifetime  in  the  n-base  due  to  implant  damage. 

0  _ I  Current-voltage  characteristics  of  the  anode/n- 

300  base  junction  confirm  an  ideality  factor  of  2  at 
low  and  moderate  bias  indicating  that  the 
recombination  current  dominates  over  the 
entire  current  range.  The  large  recombination 


1.6 

1.4 

1.2 

1.0 

0.8 

0.6 
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I  Iq  =  1  mA 


0  50  100  150  200  250 

Anode-Cathode  Voltage  (V) 
Fig.  2  Forward  current-voltage  characteristics  of 
implanted  n-base  GTO  thyristor. 


in  the  n-base  is  attributed  to  defects  introduced  by  the  implant  and  indicates  that  the  implant  and 
activation  anneal  conditions  require  further  optimization.  A  lower  limit  to  the  hole  lifetime  in  the  n- 


base  can  be  estimated  by  considering  how  low  the  lifetime  can  be  before  the  base  transport  factor 
decreases  appreciably.  When  the  hole  diffusion  length  is  equal  to  the  n-base  thickness  (W)  the  base 
transport  factor  falls  to  0.65  and  the  minority  carrier  lifetime  in  the  n-base  is  related  to  the  diffusion 


Table  1  GTO  on-state  characteristics  versus 
temperature. 


Implanted 

Epitaxial 

N-Base 

N-Base 

T 

Von 

Igt 

Von 

Igt 

(°C) 

(V) 

(mA) 

(V) 

(mA) 

25 

8.7 

1.0 

3.60 

110 

50 

8.8 

4.5 

3.53 

60 

75 

9.3 

10 

3.41 

34 

coefficient  (D)  by  xp  =  W/D.  With  an  n-base 
thickness  of  1  pm  and  an  assumed  hole  mobility 
of  80  cm2/V s,  a  lower  limit  of  5  ns  is  calculated 
for  the  hole  lifetime  at  room  temperature.  The 
hole  lifetime  appears  to  be  on  the  order  of  5  ns  or 
less  for  the  implanted  n-base  GTO.  Table  1 
summarizes  the  on-state  voltage  (at  1  A/cm2)  and 
gate  trigger  current  at  different  temperatures  for 
the  implanted  and  epitaxial  n-base  GTOs.  At 
higher  temperatures,  the  on-state  voltage  and 
gate  trigger  current  increases  for  the  implanted 
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n-base  GTO  in  contrast  to  what  we  observe  in  the  epitaxial  n-base  GTO[2].  These  unexpected 
characteristics  of  the  implanted  n-base  devices  are  attributed  to  implant  related  defects  in  the  n-base. 

Specific  contact  resistance  has  been  measured  at  room  temperature  using  a  four-terminal 
Kelvin  contact  resistance  test  structure.  The  specific  n-contact  resistance  is  measured  to  be 
2.28X10"4  ±  0.57X10"4  Q*cm2  and  the  specific  p-contact  resistance  is  1.82xl0'2  ±  0.42xl0'2  Cfcm2. 
From  the  simulated  n+  implant,  the  surface  concentration  below  the  n-contact  is  approximately  1020 
cm'3  while  a  surface  concentration  of  1019  cm'3  exists  at  the  p+  anode.  A  higher  p+  anode  surface 
concentration  is  needed  to  further  reduce  the  p-contact  resistance. 

The  implanted  n-base  was  characterized  using  four-terminal  van  der  Pauw  sheet  resistance 
and  two-terminal  junction  capacitance  measurements.  The  sheet  resistance  of  the  implanted  n-base 
decreases  with  temperature  as  shown  in  Fig.  3.  The  epitaxial  n-base  sheet  resistance,  also  shown  in 
Fig.  3,  indicates  the  opposite  trend  in  which  falling  mobility  with  temperature  causes  the  n-base 

sheet  resistance  to  increase  at  elevated  temperatures. 


Temperature  (°C) 


Fig.  3  Comparison  of  implanted  and  epitaxial 
grown  n-base  sheet  resistance  versus  temperature. 


Depth  into  N-Base  (pm) 


Fig.  4  Measured  capacitance-voltage  doping 
profile  of  implanted  n-base  from  p+  anode/n-base 
junction. 


This  epitaxial  n-base  has  a  doping  concentration  of 
6xl016  cm*3  (nitrogen)  and  a  thickness  of  2.5  pm. 
For  the  implanted  n-base,  if  all  of  the  implanted 
phosphorus  were  activated,  an  n-base  sheet 
resistance  of  4  kQ/sq  would  be  expected.  The  actual 
sheet  resistance  of  42  kO/sq  at  room  temperature  is 
an  order  of  magnitude  higher  indicating  incomplete 
physical  activation  of  the  implanted  phosphorus  as 
confirmed  by  C-V  measurements  below.  The 
decrease  of  n-base  sheet  resistance  with  temperature 
is  attributed  to  defects  introduced  by  implant 
induced  damage. 

Capacitance  versus  voltage  measurements 
were  performed  to  determine  the  net  doping 
concentration  [No  -  Na]  in  the  implanted  n-base. 
Because  the  p+  anode  is  heavily  doped  (Na~1019 
cm'3)  the  depletion  layer  extends  almost  entirely  into 
the  n-base.  At  zero  bias,  the  capacitance  is  2x1  O'8 
F/cm2  indicating  that  0.43  pm  of  the  n-base  is 
depleted  due  to  the  built  in  potential.  Fig.  4  shows  the 
net  doping  profile  (No  -  Na)  versus  depletion  layer 
depth  in  the  n-base  from  C-V  measurements  of  the 
p+  anode/n-base  junction.  At  a  profile  depth  of  1  pm, 
a  net  concentration  of  5x  1 01 5  cm'3  is  extracted 
indicating  a  donor  concentration  of  lxlO16  cm'3 
(background  Na=5x1015  cm'3).  At  0.5  pm  the  donor 
concentration  is  3.3x1 016  cm*3.  These  data  indicate 
between  2.5  and  8  percent  physical  activation  of  the 


implanted  phosphorus  relative  to  the  total  implanted  concentration  of  4xl017  cm*3  and  confirm  that 
low  physical  activation  of  phosphorus  contributes  to  the  higher  than  expected  sheet  resistance.  Also, 
the  low  donor  concentration  in  the  n-base  results  in  the  forward  blocking  voltage  being  limited  by 


n-base  punchthrough. 


4.  Conclusion 

An  implanted  n-base  GTO  thyristor  has  been  demonstrated  in  SiC  for  the  first  time.  The 
device  exhibits  room  temperature  operation  with  a  gate  trigger  current  of  1  mA,  an  on-state  voltage 
of  8-10  V,  and  a  forward  blocking  voltage  of  250  V,  limited  by  n-base  punchthrough.  The 
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implanted  n-base  GTO  also  exhibits  rapid  increase  of  on-state  voltage  above  2  A/cm2  indicating  a 
hole  lifetime  in  the  n-base  of  5  ns  or  less  attributed  to  implant  damage.  C-V  measurements  indicate 
approximately  5  percent  physical  activation  of  phosphorus  and  the  measured  sheet  resistance  shows 
a  decrease  with  temperature  indicating  the  influence  of  implant  related  defects  in  the  n-base.  Further 
optimization  of  the  n-base  implant  and  anneal  cycle  are  needed  to  improve  physical  activation  and 
damage  removal  in  this  layer.  The  epitaxial  n-base  GTO  thyristors  showed  more  typical 
characteristics  in  which  the  n-base  sheet  resistance  increased  with  temperature  and  the  gate  trigger 
current  and  on-state  voltage  decrease  with  temperature. 
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Abstract  4H-SiC  asymmetrical  gate  turn-off  thyristors  (GTO’s)  with  2.6  kV  breakover  voltage  have 
been  tested  with  respect  to  gate  turn-off  performance.  Transient  characteristics  of  the  GTO's  and 
pulse  regime  of  gate  turn-off  processes  were  studied  in  the  temperature  range  from  293  to  500  K. 
Under  cathode  current  density  of  300  A/cm2,  turn-off  current  gain,  KG>  of  12.5  was  achieved  at 
room  temperature.  The  value  of  KG  is  the  highest  reported  for  SiC  GTO’s.  The  temperature 
dependencies  of  turn-off  time,  pulse  turned  off  gate  current  and  holding  current  were  studied. 

Introduction 

Silicon  carbide  has  a  tremendous  potential  for  bipolar  device  applications  such  as  inverters  and 
switch-mode  power  supplies.  Recently,  remarkable  progress  has  been  made  in  this  field  including 
developments  of  6H-  and  4H-SiC  based  GTO  thyristors  [1-5]. 

In  this  paper,  we  report  on  quasi-static  and  pulse  gate  turn-off  performance  of  4H-SiC  asymmetrical 
GTO  thyristor  with  2.6  kV  breakover  voltage,  for  temperatures  ranging  from  293  to  500  K. 

Experimental  details 

The  4H-SiC  GTO’s  were  fabricated  by  Cree  Inc.  [5].  Five  epilayers  were  grown  on  380  pm  8°  off- 
axis  4H-SiC  n-type  substrate  with  resistivity  of  0.02  Q*cm.  The  blocking  p'-base  layer  was  50  pm 
thick,  doped  at  about  7xl014  cm'3.  The  underneath  p-buffer  layer  of  2.5  pm  doped  to 
(2-5)xl017  cm'3  made  the  device  asymmetrical.  The  2.5  pm  thick  n-base  layer  was  doped  at 
(2-5)xl017  cm'3.  The  other  two  layers  were  a  1.5  pm  p+-emitter  layer  doped  at  2xl019  cm'3  and 
lpm  n+-emitter  layer  doped  at  5xl018  cm*3.  The  blocking  junction  was  terminated  with  a  Junction 
Termination  Extension.  The  GTOs  of  1  mm  x  1  mm  in  size  are  of  interdigitized  geometry  with  19 
anode  fingers  and  20  gate  fingers.  Each  anode  finger  is  30  pm  in  width  and  654  pm  long  thus  the 
total  anode  area  is  3.7x1 0*3  cm2. 

Switch-on  and  switch-off  pulses  with  rise  time  of  100  ns  were  applied  between  grounded  anode  and 
gate  pads  with  a  frequency  of  1  Hz  to  provide  isothermal  conditions. 

Results  and  discussion 

Figure  1  shows  the  main  transient  processes  in  GTO's.  At  t  =  0,  a  negative  pulse  is  applied  to  the 
gate,  and  after  the  delay  time,  the  thyristor  is  turned  on.  The  turn-on  rise  time  decreases  from  ~  600 
ns  to  ~  100  ns  with  temperature  increase  from  293  to  500  K  (similar  results  were  obtained  earlier  in 
[6]  for  700  V  thyristors).  Cathode  current  in  on-state,  /Con  is  governed  by  the  load  resistance  R\  and 
the  cathode  bias  Vh.  At  t  =  t\  (0  =  2  ps  in  Fig.  1),  a  positive  turn-off  gate  pulse  is  applied  to  the 


744 


Silicon  Carbide  and  Related  Materials 


Fig.  1.  Main  stages  of 
transient  processes  in 
GTO's.  T  =  300  K.  Load 
resistance  R\  =  25  Ohm, 
Vb=  30  V. 


Time  (|as) 


structure.  After  some  delay  (t2  -  h  in  Fig.  1),  the  GTO  is  turned  off.  The  turn-off  time  increases 
monotonically  with  a  temperature  increase. 

At  every  temperature,  there  is  a  maximum  value  of  Iq on  which  can  be  turned  off  by  gate  current.  At 
room  temperature,  /Gon  is  equal  to  3.3  A,  which  corresponds  to  the  on-state  current  density 
7con  =  1000  A/cm2.  The  turn-off  current  gain  Kq—Ic/Ig  depends  on  temperature,  gate  turn-off  pulse 
duration  A /off,  and  the  current  density  in  the  on-state.  Fig.l  shows  the  turn-off  process  with  Kq«7. 
With  Afoff  increase  the  current  gain  also  increases  and  reaches  its  maximum  Kg«12.5  (at 
jcon=300A/cm2  and  T=300K).  At  maximum  current  density  jCon= 1000 A/cm2  which  can  be  turned 
off  at  300K  the  current  gain  Kg«6. 


Fig.  2.  The  dependencies  of 
normalized  turned-off  gate 
current  /G//Gs t  on  gate  pulse 
duration  at  different  temperatures. 
Solid  lines  are  plotted  according 
to  Eq.  1  with  t*  as  a  fitting 
parameter.  1  -  293  K,  2  -  351  K, 
3  -  424  K,  4  -  502  K.  R}  =  25 
Ohm.  Inset  shows  the 
dependence  of  x*  versus  1 000/7. 


The  amplitude  of  the  turned  off  gate  current  pulse,  /G  increases  with  a  decrease  in  Figure  2 
demonstrates  the  dependence  of /G//Gst  versus  At0 ff  at  different  temperatures.  Here  /Gst  is  the  turned 
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off  gate  current  in  quasi-static  regime.  At  given  temperature  T ,  the  cathode  current  was  chosen 
twice  as  high  as  the  holding  current.  It  is  seen  that  at  given  Ig/Igsi  ratio,  the  turned  off  gate  pulse 
duration  increases  with  temperature  growth.  At  T—  293  K  (curve  1),  the  7q  is  practically  equal  to 
7gs{  at  At0f f «  2.5  ps;  at  T=  502  K  (curve  4),  this  time  exceeds  10  ps.  In  paper  [7],  the  following 
semiempirical  formula  was  suggested  for  the  dependence  of  Ig/Igsi  on  A/off: 


l-exp  (-A^/r*) 


(1) 


where  t*  is  a  fitting  parameter  which  can  be  considered  as  a  rough  estimate  of  the  value  of  the 
carrier  lifetime  at  high  injection  level  in  the  blocking  base. 

It  is  seen  that  Eq.  (1)  describes  the  experimental  dependences  very  well  over  the  entire  temperature 
range.  Inset  in  Fig.  2  shows  the  temperature  dependence  of  r*  The  value  of  r*  grows  exponentially 
from  0.6  to  3.6  ps  in  the  temperature  interval  from  293  to  502  K. 

Figure  3  shows  the  transient  turn-off  GTO  characteristics  at  different  temperatures. 


Fig.  3.  The  cathode  current  decay 
during  the  turn-off  process  at 
different  temperatures.  T(K):  1  - 
293,  2  -  358,  3  -  426,  4  -  474.  In 
all  cases,  very  long  (quasi-static) 
turn-off  gate  pulse  of  100  mA  is 
applied.  Inset  shows  the 
temperature  dependence  of  7con- 
which  can  be  turned-off  by  a  100 
mA  gate  pulse. 


The  time  t  =  0  in  Fig.  3  corresponds  to  f  =  fc  in  Fig.  1,  i.e.  only  the  turn-off  process  is  shown  in 
Fig.  3.  For  every  temperature,  the  cathode  current  7c(f)  is  normalized  to  the  current  7con,  which  can 
be  turned  off  by  100  mA  gate  pulse  (The  inset  shows  the  temperature  dependence  of  this  value  of 
7Con).  One  can  see  that  the  turn-off  time  increases  monotonically  with  temperature  increase. 
Furthermore,  two  steps  can  be  observed  in  the  turn-off  process  in  the  temperature  interval 
293  K  <  T<  420  K  (curves  1-3  in  Fig.  3).  At  293  K,  the  cathode  current  falls  down  very  sharply  to 
7C~  0.1  7Con-  Then  the  current  decay  becomes  smoother.  At  T  >  450  K,  only  the  slow  step  can  be 
observed.  Note  that  the  duration  of  the  slow  step  is  very  close  to  r *  value  at  a  given  temperature. 
The  total  turn-off  time  at  T=293K  is  of  the  same  order  of  magnitude  as  was  reported  in  [2]  for  700V 
SiC  thyristors. 

Figure  4  shows  the  temperature  dependence  of  the  cathode  holding  current  7ch-  The  value  of  7ch 
decreases  from  0.54  A  to  0.052  A  with  the  increase  in  temperature  from  293  to  502  K.  One  can 
assume  that  two  effects  are  responsible  for  7Ch  versus  T  dependence.  First,  the  increase  in  the  carrier 
lifetime  in  the  blocking  base  layer  increases  the  common-base  current  gain  in  the  base.  Second,  the 
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injection  efficiency  of  p+n  junction  between  the  p+-emitter  and  the  n-base  increases  with 
temperature  due  to  the  enhanced  thermal  ionization  of  relatively  deep  A1  acceptor  level. 


Fig.  4.  The  temperature 
dependence  of  cathode 
holding  current  7Ch 


The  dependence  of  the  turn-off  current  gain  on  turn-off  gate  pulse  duration  manifests  a  strong 
increase  in  carrier  lifetime  in  the  blocking  base  layer  with  temperature.  The  maximum  cathode 
current,  which  can  be  turned  off,  decreases  with  increase  in  temperature.  The  turn-off  time  increases 
and  the  holding  current  decreases  with  temperature  as  expected  [3,6].  The  carrier  lifetime  estimated 
from  turn-off  transient  characteristics  is  close  to  that  measured  for  high-voltage  diode  structures 
[8]. 
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Abstract 

The  development  and  field-testing  of  hardy  high-temperature  sensors  based  on  silicon  carbide  devices 
has  to  date  shown  promising  results  in  several  application  areas.  As  the  need  to  take  care  of  the 
environment  becomes  more  urgent,  these  small  and  relatively  cheap  sensors  could  be  used  to  increase 
the  monitoring  of  gases,  or  to  replace  or  complement  larger  and  more  expensive  sensor  technologies 
used  today.  In  this  paper  the  development  of  Silicon  Carbide  MOSFET  transistor  sensors  and  Schottky 
diode  sensors  is  described.  The  devices  are  tested  in  industrial  applications  such  as  monitoring  of  car 
exhausts  and  flue  gases. 

1.  Introduction 

As  environmental  issues  become  more  widely  debated  and  regulated,  the  requirement  to  detect  and 
control  unwanted  emissions  becomes  more  urgent.  Gas  sensors  that  can  be  used  at  high  temperatures 
and  in  aggressive  environments  have  the  potential  to  improve  our  environment  through  the  control  of 
industrial  and  car  emissions,  and  also  provide  the  capability  for  in-line  monitoring  of  production 
processes.  Silicon  carbide  (SiC)  is  an  ideal  material  from  which  to  produce  these  sensors.  Its  wide 
bandgap  permits  its  use  at  temperatures  up  to  1000°C  [1].  Also,  silicon  carbide  is  very  hard  and 
chemically  inert,  which  permits  its  use  in  aggressive  atmospheres. 

2.  Sensor  function 

An  electronic  device  based  on  silicon  carbide  can  function  as  a  sensor  by  the  deposition  of  a  catalytic 
metal  on  a  thin  insulating  layer  to  its  surface.  The  catalytic  metal  can  be  for  example  platinum,  iridium, 
palladium,  or  combinations  of  these.  Metal  oxides  can  also  be  used  as  catalytic  layers  on  devices 
where  the  gate  material  does  not  need  to  conduct  large  currents. 

Thick,  homogeneous  catalytic  metals  can  be  used  to  directly  detect  hydrogen  or  hydrogen-containing 
molecules,  such  as  hydrocarbons.  The  molecule  dissociates  on  the  surface  of  the  metal,  and  the 
resulting  hydrogen  atoms  diffuse  through  the  metal  in  the  order  of  nano-  to  microseconds  to  the 
insulator  surface,  see  Fig.l.  This  creates  a  polarized  layer  on  the  surface  of  the  insulating  layer,  which 
in  its  turn  causes  a  change  in  the  number  of  mobile  carriers  in  the  device,  and  hence  a  change  in  the 
device’s  electrical  characteristic.  For  example,  a  change  can  be  detected  in  the  flat-band  voltage  of  a 
capacitor  or  in  the  I-V  characteristic  of  a  Schottky  diode.  Figure  2  shows  the  measured  I-V  curves  of  a 
Schottky  diode  in  two  different  atmospheres  that  contain  propane  and  oxygen,  respectively.  It  is  seen 
that  the  curve  is  shifted  to  lower  voltages  in  the  case  of  the  propane  containing  atmosphere.  The  gas 
response  can  thus  be  measured  as  a  voltage  shift  at  a  constant  current  level. 

Molecules  such  as  O2,  NO  and  CO,  when  in  the  presence  of  hydrogen-containing  molecules,  can  be 
indirectly  detected  by  thick  catalytic  metals  through  their  chemical  reactions  on  the  surface  of  the 
catalytic  metal,  which  in  turn  influences  the  concentration  of  polarised  species  at  the  metal  insulator 
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interface.  Thin  films  or  thick  porous  metal  films  can  be  used  to  directly  detect  non-hydrogen- 
containing  molecules,  as  well  as  those  that  do  contain  hydrogen.  Charged  or  polarised  gas  species  on 
the  oxide  surface  exposed  in  the  metal  cracks  and  holes  cause  a  change  in  the  number  of  mobile 
carriers  in  the  device  and  so  permit  detection  of  the  gas. 
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Fig.  1.  Schematic  picture  of  a  MISiC 

sensor.  Possible  chemical  reactions  and  Fig.  2.  I-V  characteristics  of  a  Schottky 

adsorntinn  of  molecules  are  shown.  diode  sensor  in  two  different  atmospheres. 

3.  Sensor  devices 

The  simplest  electronic  devices  are  capacitors  and  Schottky  diodes,  and  silicon  carbide  sensors  based 
on  these  devices  have  been  under  development  for  several  years  [1-3].  The  capacitor  sensors  have 
demonstrated  gas-sensitivity  up  to  a  temperature  of  1000°C,  for  a  limited  time.  The  SiC  epitaxial 
layers  required  in  the  devices  were  grown  at  Linkoping  University  in  Sweden  on  substrates  from  Cree 
[1,4].  To  date,  most  trials  in  a  number  of  applications  have  been  carried  out  on  SiC  Schottky  diodes 
[2,5-8].  In  early  devices,  which  had  an  adhesion  layer  of  Ta  or  TaSix  underneath  the  platinum  layer,  a 
strange  behaviour  in  the  sensor  response  was  noted  shortly  before  the  devices  failed.  This  was  an 
abnormally  large  gas  response,  2-3V  in  size  but  rather  unstable,  to  a  change  between  hydrogen  and 
oxygen  in  the  ambient.  This  was  attributed  to  the  formation  of  nanoparticles  of  Ta  with  an  oxidic  shell 
[9].  An  ozone  treatment  (10  min  at  RT)  of  the  HF  etched  SiC  surface  was  introduced.  It  was  found  by 
spectroscopic  ellipsometry  analysis  as  well  as  photoelectron  spectroscopy  utilizing  synchrotrone 
radiation,  that  an  oxide  of  1  nm,  close  to  Si02  in  composition,  was  formed  by  the  ozone  exposure  [10, 
11].  This  thin  oxide  increased  the  stability  of  the  Schottky  diodes  considerably.  However,  both 
capacitor  devices  and  Schottky  diodes  have  disadvantages.  Capacitors  require  complicated 
surrounding  circuitry  in  order  to  measure  the  gas  response,  and  the  extremely  thin  insulating  layers 
under  the  catalytic  metal  required  for  Schottky  diodes  can  lead  to  instabilities  and  degradation  of  the 
device  characteristic  at  high  temperatures  and  during  long  term  operation. 


During  the  past  two  years,  a  gas  sensor  based  on  a  silicon  carbide  field-effect  transistor  (MISiCFET) 
has  been  under  development  in  a  co-operative  effort  between  S-SENCE  and  ACREO.  The  silicon 
carbide  FET  was  designed  and  processed  by  ACREO  [12]  for  stability  at  the  highest  temperatures,  and 
functioned  as  a  gas  sensor  by  the  application  of  one  of  the  catalytic  metals  previously  developed  by  S- 
SENCE  [13].  The  device  design  is  shown  in  Fig.  3.  A  voltage  applied  between  the  source  and  drain 
contacts  (marked  “S”  and  “D”  in  Fig.  3),  causes  a  current  to  flow  between  these  contacts  through  the 
channel  region.  The  catalytic  metal  (marked  “G”  in  the  figure)  is  placed  over  the  channel  region.  The 
presence  of  gas  molecules  in  the  atmosphere  causes  the  concentration  of  mobile  carriers  in  the  channel 
to  change  in  the  manner  described  in  section  2  of  this  article,  which  shifts  the  characteristic  in  a  similar 
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way  to  that  shown  in  Fig  2.  Source  and  gate  of  the  device  are  connected  to  create  a  convenient  two 
terminal  sensor  device.  In  order  to  promote  high-temperature  stability,  medium-doped  extension 
regions  to  the  source  and  drain  regions  were  included  in  the  design,  as  shown  in  Fig  3.  This  promotes 
an  improvement  in  the  quality  of  the  gate  passivation,  which  overlaps  these  regions  and  so  improves 
the  stability  of  the  device. 

The  first  two  batches  of  FETs  have  been 
completed.  It  was  shown  that  the  devices 
from  batch  number  1  were  not  entirely 
stable  at  temperatures  over  500°C.  There¬ 
fore,  a  second  batch  with  an  improved 
design  was  processed  and  shown  to  have 
greater  stability.  At  700°C  the  transistors 
can  be  operated  as  gas  sensors  for  more 
than  44  hours  and  at  500°C  for  more  than 
two  weeks.  Severe  degradation  of  the  metal 
surface  was  observed  after  failure  at  the 
highest  temperatures,  and  it  was  concluded 
that  catalytic  etching  by  the  hydrogen 
/oxygen  atmosphere  was  the  main  failure 
mechanism  at  these  temperatures.  The 
MISiCFET  devices  from  batch  2  have  been  used  in  several  of  the  applications  described  in  section  4. 

For  use  in  both  laboratory  and  industrial  applications,  the  sensor  chip  is  mounted  by  gluing  onto  a 
ceramic  heater,  which  is  attached  with  an  air  gap  to  a  16  pin  holder.  This  allows  the  sensor  chip  to  be 
heated  to  600°C,  while  the  holder  stays  below  200°C.  The  sensor  response  is  measured  as  the  voltage 
at  a  constant  current  of  0.1  mA. 

4.  Sensor  applications 

The  sensors  produced  by  S-SENCE  and  ACREO  have  been  tested  in  a  variety  of  applications,  both  in 
simulated  environments  in  the  laboratory  and  in  real  environments  in  the  field.  One  application  for 
these  sensors  is  cylinder-specific  monitoring  of  hydrocarbons  in  the  exhaust  gases  of  automobile 
engines.  In  field  tests,  the  silicon  carbide  sensor  is  placed  in  the  exhaust  system,  at  the  point  where  the 
four  outlet  pipes  from  the  cylinders  join  together,  see  Fig.  4  a.  A  typical  measurement  cycle  is  shown 
in  Fig.  4  b,  where  one  of  the  cylinders  has  been  deliberately  injected  with  excess  fuel.  The  sensor  is 
operated  at  a  temperature  of  about  700°C  in  this  situation,  and  the  catalytic  metal  is  100  nm  Pt  with  a 
10  nm  layer  of  TaSix  underneath.  It  is  seen  in  Fig.  4  b  that  the  sensor  is  sufficiently  fast  to  show  which 
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Extension  region  / 

Channel  region  /  Gate  Passivation 


Fig.  3.  Cross-section  of  silicon  carbide  FET 
(MISiCFET)  sensor. 
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Fig.  4  a.  Positioning  of  a  MISiC  sensor  in 
the  exhaust  system  of  an  automobile  engine 
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Fig.  4  b.  Response  of  a  MISiC  sensor  when 
one  cylinder  is  injected  with  excess  fuel. 
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of  the  four  cylinders  is  misfiring.  This  has  been  demonstrated  by  both  the  Schottky  diode  sensor  and 
the  MISiCFET  sensor  [2,5].  The  speed  of  response  from  these  sensors  provides  the  opportunity  for 
cylinder-specific  adjustments  from  the  output  of  the  one  sensor,  a  feat  which  is  not  possible  with  the 
sensors  used  today. 

Sensors  with  a  thick  platinum  gate  do  not  normally  show  any  response  to  reducing  gases  in  an  excess 
of  oxygen.  MISiC  sensors  with  thin  porous  platinum  and  iridium  gates  have  been  tested  and  shown  to 
respond  to  reducing  gases  even  in  an  excess  of  oxygen,  for  example  in  synthetic  diesel  exhausts  and 
flue  gases.  The  selectivity  to  different  gases  can  be  enhanced  by  modifying  the  gate  metal  and  by  the 
choice  of  operation  temperature.  In  Fig.  5  a  the  signal  from  a  MISiC  sensor  with  a  gate  metal  of  50  nm 
Pt  +  8  nm  Ir  is  shown  during  exposure  to  propene  in  a  staircase  function  in  a  background  of  gases 
simulating  petrol  engine  exhausts  (CO2  9%,  CO  0.455  %,  O2  0.088-1.65  %  /  1.15  %,  H2  0.1015  %, 
NOx  0.16  %,  H2O  2  %)  [8].  The  sensor  signal  shows  no  response  to  variations  of  the  HC  concentration 
in  this  ambient  at  an  operation  temperature  of  300°C.  The  reason  for  this  is  probably  of  reaction  kinetic 
nature,  due  to  a  combination  of  the  low  temperature  and  the  low  oxygen  concentration  even  at  X  >  1 . 
However,  at  500°C,  where  the  chemical  reactions  are  faster,  this  sensor  responds  to  a  change  between 
200  and  400  ppm  of  HC,  and  this  is  especially  clear  for  the  lean  conditions,  lambda  =  1.05,  where 
there  is  a  constant  small  excess  of  oxygen.  The  behaviour  at  rich  conditions,  lambda  =  0.99,  where 
there  is  a  small  constant  excess  of  HC,  is  more  complex,  but  at  a  constant  oxygen  concentration  it  is 
again  clear  that  the  response  of  this  sensor  saturates  at  a  rather  low  concentration,  here  at  the  step 
between  200  and  700  ppm  of  HC.  The  chosen  steps  in  HC  concentration  are  apparently  too  large  to 
show  the  dynamics  of  the  response  to  HC  for  this  sensor. 

Figure  5  b  shows  the  signal  of  a  MISiC  sensor  with  100  nm  Ir  as  the  gate  metal,  again  with  a 
background  of  synthetic  gases,  see  above.  This  sensor  follows  the  HC  variation  nicely  when  there  is  an 
excess  of  oxygen,  even  at  an  operation  temperature  of  300°C.  The  reactivity  of  HC  seems  to  be  higher 
on  the  Ir  surface,  than  on  the  surface  of  the  layered  structure  of  Pt  +  Ir.  The  signal  is  noisy  when  HC  is 
in  excess,  but  follows  even  the  larger  concentrations  of  HC  nicely,  when  the  oxygen  concentration  is 
kept  constant.  If  the  100  nm  Ir  film  is  a  porous  film  this  could  explain  the  higher  dynamic  range  of  this 
sensor  compared  to  the  sensor  with  the  thinner  metal  gate  in  Fig.  5  a.  More  gas  molecules  are 
consumed  by  the  thicker  film,  without  giving  rise  to  detectable  species.  A  similar  difference  in 
dynamic  range  was  also  observed  for  thin  and  thick  porous  Pt  films  for  the  detection  of  ammonia  [7]. 
This  indicates  the  possibility  to  tailor-make  sensors  by  the  choice  of  structure  and  thickness  of  the 
catalytic  metal,  for  a  certain  concentration  range. 


X=0.99  A=1.05  [02|  =  1.15  A-0.99  X-1.05  I02|  =  1.15 

Fig.  5.  Sensor  signal  from  a  MISiC  sensor  with  a.  50  nm  Pt  +  8  nm  Ir  and  b.  100  nm  Ir  as  the  gate 
metal  during  exposure  to  different  HC,  propene  ( C3H y,  concentrations  varied  in  a  staircase  function 
in  a  back  ground  of  synthetic  exhausts.  The  oxygen  concentration  is  varied  to  keep  a  constant  lambda 
value  or  kept  constant  at  1.15  %. 
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Another  application  area  for  these  sensors  is  the  monitoring  of  gases  such  as  carbon  monoxide  (CO)  in 
flue  gases  from  small  power  plants,  boilers.  These  can  currently  be  detected  by  optical  techniques  such 
as  fourier  transform  infrared  (FTIR)  instruments,  but  this  is  too  expensive  and  complex  for  use  in 
boilers.  Field  tests  of  on-line  monitoring  by  silicon  carbide  sensors  containing  platinum  (Pt)  or  iridium 
(Ir)  catalytic  metals  have  been  carried  out.  Also  commercially  available  Metal  Oxide  Sensors  (MOS) 
and  a  linear  lambda  sensor  were  used.  Flue  gas  from  a  500  kW  pellets  fuelled  boiler,  used  for  heating 
apartment  blocks,  has  been  used  to  feed  the  sensors  and  the  experimental  set-up  of  reference 
instruments.  Data  was  collected  over  several  weeks.  Data  from  the  first  day  was  used  to  build  a  PLS 
(partial  least  square)  model  of  the  CO  concentration.  Predictions  from  the  model  were  compared  with 
experimental  data  collected  during  day  5,  and  the  results  are  shown  in  Fig  7.  Even  NO  could  be 
modelled  to  some  extent.  Long-term  tests  have  now  been  carried  out  and  the  results  will  be  treated 
with  drift  compensation  algorithms  [14],  which  is  expected  to  extend  the  time  for  relevant  prediction 
considerably. 
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Fig.  6.  Prediction  of  the  CO  concentration  in  flue 
gases  after  5  days  by  the  use  of  a  PLS  model  on 
data  from  the  first  day  of  measurements. 


Fig.  7.  The  signal  from  two  MISiCFET  sensors, 
both  with  a  porous  Pt  gate  and  operated  at 
300  °C,  responding  to  stepwise  changes  in  the 
NH3  cone,  in  the  exhaust  after  a  diesel  engine. 


The  selective  catalytic  reduction  of  NO  in  diesel  exhausts  is  carried  out  by  the  injection  of  ammonia  or 
urea.  Therefore,  the  presence  of  an  ammonia  sensor  in  the  system  is  highly  desirable.  Figure  7  shows 
the  signal  of  two  MISiCFET  sensors  responding  to  stepwise  changes  in  the  NH3  concentration  in  the 
exhaust  of  a  diesel  engine.  The  results  showed  that  a  thick  porous  Pt  film  and  a  thin  Pt  film  have 
different  dynamic  ranges  for  the  ammonia  response  [7]. 


5.  Summary 

Results  from  tests  of  silicon  carbide  based  sensors  point  towards  the  possibility  to  use  arrays  of  sensors 
with  different  catalytic  metals,  different  metal  structures  (for  example,  porous  or  non-porous)  and 
different  operation  temperatures  in  a  high  temperature  electronic  nose  to  identify  several  components 
in,  for  example,  flue  gases,  car  exhausts,  and  for  in-line  production  monitoring.  The  development  of 
silicon  carbide  technology  will  in  the  future  permit  smart  sensor  systems  for  high  temperature 
monitoring  with  sensors  and  electronics  integrated  on  the  same  chip. 


Acknowledgement 

The  measurements  were  performed  at  Mecel  AB,  Sweden,  Volvo  Technological  Development, 
Sweden  and  Vattenfall  TU,  Sweden.  The  research  on  high  temperature  chemical  sensors  based  on 
silicon  and  silicon  carbide  is  supported  by  grants  from  the  Swedish  National  Board  for  Industrial  and 
Technical  Development  and  Swedish  Industry  through  the  center  of  excellence,  Swedish  Sensor 
Center,  S-SENCE.  The  research  is  also  supported  by  grants  from  the  Swedish  Research  Council  for 
Engineering  Sciences  and  from  the  SSF-SiCEP  program. 


752 


Silicon  Carbide  and  Related  Materials 


References 

[1]  A.  Lloyd  Spetz,  A.  Baranzahi,  P.Tobias,  and  I.  Lundstrom,  Physica  Status  Solidi  (a)  162  (1997)  p 

493. 

[2]  A.Baranzahi,  P.  Tobias,  A.  Lloyd  Spetz,  I  Lundstrom,  P.  Martensson,  M.  Glavmo,  A.  Goras,  J. 

Nytomt,  P.  Salomonsson,  and  H.  Larsson,  SAE  Techn.  Paper  Series  972940  (SP-1300)  (1997)  p 
231. 

[3]  G.  W.  Hunter,  L.Y.  Chen,  P.  G.  Neudeck,  D.  Knight,  C.  C.  Liu,  Q.  H.  Wu,  H.  J.  Zhou,  D.  Makel, 
M.  Liu,  W.  A.  Rauch,  NASA  /  TM- 1998-208504. 

[4]  Cree  Research  Inc,  4600  Silicon  Drive,  Durham,  NC  27703,  USA. 

[5]  P.Tobias,  P.  Rask,  A.  Goras,  I.  Lundstrom,  P.Salomonsson,  and  A.Lloyd  Spetz,  Sensoren  und 
Messysteme  2000,  VDI  Berichte  1530,  VDI  Verlag,  Dusseldorf,  March  13-14,  (2000)  p.  179. 

[6]  L.  Uneus,  M.  Mattsson,  P.  Ljung,  R.  Wigren,  P.  Martenssson,  L-G.  Ekedahl,  I.  Lundstrom,  and  A. 

Lloyd  Spetz,  conf.  Proc.  ISOEN'2000,  Brighton,  England,  July  24-26,  2000,  p.  15. 

[7]  H.  Svenningstorp,  P.  Tobias,  A.  Kroutchinine,  P.  Salomonsson,  B.  Haggendal,  I.  Lundstrom,  L.  - 
G.  Ekedahl,  and  A.  Lloyd  Spetz,  Eurosensors  XIV,  Copenhagen,  Denmark,  August  28-30,  2000, 
acc. 

[8]  H.  Svenningstorp,  B.  Widen,  P.  Salomonsson,  L. -G.  Ekedahl,  I.  Lundstrom,  P.  Tobias,  and  A. 
Lloyd  Spetz,  Proc.  8  IMCS2000,  Basel,  Switzerland.  July  2-5,  2000,  submitted. 

[9]  D.  Schmeisser,  O.  Bohme,  A.  Yfantis,  T.  Heller,  D.  R.  Batchelor,  I.  Lundstrom,  and  A.  Lloyd 

Spetz,  Phys.  Rev.  Lett.  83,  2  (1999)  p.  380.  O.  Bohme,  A.  Lloyd  Spetz,  I  Lundstrom,  and  D. 
Schmeisser,  submitted. 

[10]  S.  Zangooie,  H.  Arwin,  P.  Tobias,  I.  Lundstrom  and  A.  Lloyd  Spetz,  Proc.  of  ICSCRM'99, 
Research  Triangle  Park,  NC,  USA,  October  10-15,  1999,  Material  Science  Forum  338-342  (2000) 
p.  1085. 

[1 1J  R.  P.  Mikalo,  P.  Hoffman,  D.  R.  Batchelor,  A.  Lloyd  Spetz,  I.  Lundstrom,  and  D.  Schmeisser,  this 
conference  proceeding,  submitted. 

[12]  S.  M.  Savage,  A.  Konstantinov,  A.  M.  Saroukan,  C.  Harris,  Proc.  of  ICSCRM'99,  Research 
Triangle  Park,  NC,  USA,  October  10-15,  1999,  Material  Science  Forum  338-342  (2000)  p.  1431. 

[13]  H.  Svenningstorp,  P.  Tobias,  P.  Salomonsson,  I.  Lundstrom,  P.  Martensson,  and  A.  Lloyd  Spetz, 
Proc.  of  ICSCRM'99,  Research  Triangle  Park,  NC,  USA,  October  10-15,  1999,  Material  Science 
Forum  338-342  (2000)  p.  1435. 

[14]  T.  Artursson,  T.  Eklov,  I.  Lundstrom,  P.  Martensson,  M.  Sjostrom,  M.  Holmberg,  Journal  of 
Chemometrics,  Proc.  SSC6,  accepted. 


Materials  Science  Forum  Vols.  353-356  (2001)  pp.  753-756 
©  2001  Trans  Tech  Publications,  Switzerland 


High  Temperature  10  Bar  Pressure  Sensor  Based  on  3C-SiC/SOI 
for  Turbine  Control  Applications 
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Abstract  The  FE  (Finite  Element)  simulation,  fabrication  and  characterization  of  a  membrane-type 
piezoresistive  pressure  sensor  with  piezoresistors  consisting  of  3C-SiC  is  presented.  The  nominal 
pressure  of  the  device  is  Pn0m  =  10  bar,  the  maximum  operating  temperature  is  Tmax  >  400  °C.  The 
sensitivity  at  RT  is  S  =  0.5  mV/V  bar.  The  device  is  suitable  for  turbine  control  applications. 

The  membrane  of  the  sensor  was  defined  by  ICP  etching  of  a  UNIBOND  SOI  wafer.  Due  to  the 
vertical  sidewalls  produced  by  the  etching  process,  the  desired  pressure  range  of  the  device  can 
simply  be  adjusted  by  controlling  the  etch  depth/membrane  thickness. 

An  overload  protection  was  realized  by  choosing  a  centerboss  membrane  structure.  For  a  nominal 
pressure  range  of  Pn0m  =  10  bar  a  membrane  thickness,  an  inner  membrane  diameter  and  an  outer 
membrane  diameter  of  60  pm,  500  pm  and  2  mm,  respectively,  were  chosen. 

The  sensors  are  absolute  pressure  sensors  with  a  closed  cavity  which  was  realized  by  bonding  the 
structured  UNIBOND  wafer  to  a  silicon  wafer.  A  2.2  pm  thick  SiC  layer  was  deposited  onto  the 
SOL  of  the  UNIBOND  wafer  on  top  of  the  sensor  cell  at  1220  °C  during  an  LPCVD  process  using 
methylsilane.  In  situ  doping  was  achieved  by  adding  NH3  to  the  process  gas.  The  3C-SiC 
piezoresistors  were  structured  by  RIE.  The  resistors  were  connected  in  a  Wheatstone  Bridge 
configuration.  The  high  temperature  stable  metallization  system  TiWN/Au  was  used. 

Introduction 

The  development  of  piezoresistive  pressure  sensors  based  on  3C-SiC  epitaxially  grown  on  Silicon 
On  Insulator  (SOI)  is  very  attractive  because  the  3C-SiC-on-SOI  system  combines  high 
temperature  capabilities  with  well  established  micromachining  processing.  Furthermore,  the  use  of 
the  material  system  3C-SiC-on-SOI  is  a  low  cost  alternative  to  sensors  fabricated  using  6H-SiC  or 
4H-SiC  bulk  substrates. 

A  very  good  3C-SiC  crystal  quality  and  hence  a  high  gauge  factor  were  already  demonstrated  in  the 
past  [1],  [2],  The  high  quality  3C-SiC  films  used  for  this  work  were  deposited  using  a  low 
temperature  LPCVD  growth  process  [3]. 

The  fabrication  of  sensors  operating  up  to  T  =  400  °C  e.g.  in  order  to  control  combustion  engines  or 
for  oil  well  logging  applications  is  possible  [4],  [5]. 

The  sensor  presented  here  is  suitable  for  turbine  control  applications  (nominal  pressure  Pnom  =  10 
bar,  operating  temperature  Top  >  400  °C). 

It  was  possible  to  realize  absolute  pressure  sensors  by  applying  a  silicon  fusion  bonding  process.  As 
no  connection  to  a  reference  pressure  line  is  needed,  packaging  of  the  sensors  is  facilitated.  The 
influence  of  different  thermal  expansion  coefficients  of  sensor  and  packaging  materials  and  their 
impact  on  sensor  signal  stability  and  drift  can  be  significantly  reduced. 
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FE  Simulation  of  the  Sensor 

The  sensor  concept  is  shown  in  Fig.  1.  The  FE  (Finite  Element)  ANSYS  model  of  a  quarter  of  the 
membrane  part  of  a  pressure  sensor  as  shown  in  Fig.  2  was  used  for  design  optimization. 


centerboss 


3C-SiC  Piezoresistors 
buried  oxide  layer  (BOX) 

UNIBOND  SOI  wafer 

Si  Substrate 


Fig.  1 :  Cross  section  of  the  sensor  cell.  A  UNIBOND  SOI  wafer  is  structured  by  ICP  etching  in  an 
STS  machine.  The  etched  wafer  is  bonded  to  a  silicon  substrate  and  the  3C-SiC  layer  is  deposited 
onto  the  UNIBOND  wafer.  The  piezoresistors  are  structured  by  RIE  (Reactive  Ion  Etching)  in  an 
SF6/O2  plasma. 


For  a  nominal  pressure  of  lObar,  a  membrane  thickness  of  60  pm  was  chosen.  At  an  applied 
pressure  of  10  bar,  the  deflection  of  the  centerboss  in  z-direction  is  5Z  =  -3.8  pm.  Maximum  tensile 
and  compressive  stresses  in  the  3C-SiC  top  layer  are  about  a  =  ±280  MPa.  (Fig.  2)  This 
corresponds  to  maximum  strain  values  around  £  =  ±  0.9  E-3.  Based  on  the  simulation  results,  the 
relative  change  of  resistance  AR/R0  was  calculated  for  a  transverse  and  a  longitudinal  oriented 
resistor  and  optimized  positions  of  the  piezoresistors  were  determined  (Fig.  3). 


Fig.  2:  Left:  FE  model  (ANSYS)  of  a  quarter  of  the  membrane  part  of  a  pressure  sensor.  Chip  Size 
is  3  x  3  mm2,  wafer  thickness  is  300  pm,  membrane  thickness  is  60  pm,  inner  and  outer  membrane 
diameter  are  500  pm  and  2  mm,  respectively.  Right:  Radial  stress  gx  and  tangential  stress  ay  on  top 
of  the  membrane  in  the  3C-SiC  film  along  the  (100)  direction.  The  deflection  of  the  centerboss  in  z- 
direction  is— 3.8  pm  (applied  pressure:  P  =  10  bar). 
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Fig.  3:  Relative  change  of  resistance  at  10  bar  of  a  longitudinal  and  a  transversal  stressed 
piezoresistor  in  dependence  on  the  position  of  the  resistor.  Values  are  based  on  the  simulation 
results  (Fig.  2). 

Fabrication  of  the  Sensor  Devices 

A  cross  section  of  a  complete  sensor  device  is  given  in  Fig.  1.  A  UNIBOND  SOI  wafer  with  a 
buried  oxide  (BOX)  thickness  of  400  nm  and  a  silicon  overlayer  (SOL)  thickness  of  200  nm  was 
used  for  the  realization  of  the  membrane  structures.  The  gap  of  about  4.5  pm  between  centerboss 
and  silicon  substrate  was  defined  in  a  first  Reactive  Ion  Etching  (RIE)  process.  The  membrane 
structure  was  defined  by  anisotropic  ICP-etching  in  an  STS  machine  using  a  thick  photoresist 
mask.  The  UNIBOND  membrane  wafer  and  the  silicon  substrate  were  joined  together  by  applying 
a  Silicon  Fusion  Bonding  process  under  vacuum  with  a  subsequent  bond  annealing  step  at  1000  °C 
for  3  hours.  The  rest  gas  pressure  at  room  temperature  inside  the  cavities  is  approx.  Prest  =  50  mbar. 
A  nominally  2.2  pm  thick  3C-SiC  film  was  deposited  onto  the  wafer  stack  during  an  LPCVD 
process  at  1200  °C  for  30  minutes.  The  3C-SiC  layer  and  the  SOL  were  etched  (RIE,  with  an 
aluminum  mask)  in  order  to  define  the  piezoresistors.  A  silicon  oxide  passivation  layer  was  formed 
afterwards  by  dry  thermal  oxidation  at  1100°C  for  3  hours.  Contact  holes  were  opened  using 
buffered  HF  and  the  metallization  system  (TiWN/Au)  was  sputtered.  A  2  pm  thick  gold  layer  was 
grown  at  the  bondpad  regions  using  a  galvanic  process  and  finally  the  metallization  system  was 
structured  by  wet  chemical  etching.  A  photograph  of  a  sensor  chip  is  shown  in  Fig.  4. 


Fig.  4:  Photograph  of  the  sensor. 
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Measurement  Results 

The  sensors  were  mounted  on  a  TO-8  header  and  first  pressure  measurements  were  carried  out 
using  a  climate  control  system  with  a  maximum  operating  temperature  of  170  °C. 

The  temperature  dependent  output  characteristics  of  a  sensor  are  shown  in  Fig.  5.  At  10  t>ar  the 
centerboss  touches  the  ground.  The  sensitivity  is  decreased  in  the  overload  range  (P  >  10  bar)  from 
e  nominal  sensitivity  of  S  =  0.5  mV/V  bar  to  the  reduced  value  of  S  =  0.03  mV/V  bar  The 
decrease  of  the  sensitivity  from  T  =  25  °C  to  T  =  165  °C  is  8  %.  The  drift  of  the  offset  voltage 
within  the  same  temperature  range  is  about  20  mV. 

High  temperature  measurements  (up  to  T  =  400°C)  with  a  different  measurement  setup  are 
currently  in  progress.  p 


Pressure  [bar]  Pressure  [bar] 


Fig  5:  Left:  Output  characteristic  at  room  temperature.  At  a  pressure  of  10  bar,  the  centerboss 
touches  the  ground.  Right:  Output  charcteristics  at  various  temperatures.  High  temperature 
measurements  (up  to  400  °C)  are  currently  in  progress.  (Supply  voltage  during  measurements:  5  V 
The  offset  voltage  at  room  temperature  Voff  =  -179  mV  was  substracted  from  all  graphs). 
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Abstract  This  work  presents  measurements  of  the  charge-collection  properties  of  4H-SiC 
Schottky  diodes  under  alpha  radiation  and  investigates  the  influence  of  native  and  alpha  induced 
defects  on  the  detector  performance.  The  contribution  of  the  diffusion  of  minority  carriers  to  the 
charge  collection  efficiency  is  pointed  out.  Values  of  500  ns  and  95  ps  are  inferred  for  the  hole  and 
electron  lifetime,  respectively. 

1.  Introduction 

The  recent  development  of  silicon  carbide  (SiC)  material  has  demonstrated  the  outstanding  potential 
of  this  wide  band  gap  semiconductor  for  ionising  radiation  detection  [1,2].  As  the  atomic 
displacement  energy  is  higher  for  SiC  than  for  other  semiconductor  crystals  [3],  it  is  expected  that 
SiC  detectors  will  be  radiation  harder  than  Si  or  GaAs  detectors.  In  addition,  impurities  and  defects, 
which  may  act  as  trapping  centers  in  SiC,  are  expected  to  be  less  effective  in  SiC  detectors  because 
of  the  very  high  value  of  the  critical  electric  field  in  this  material. 

In  the  aim  of  a  full  exploitation  of  SiC  as  a  material  for  radiation  detectors,  further  research 
concerning  the  SiC  behavior  when  irradiated  by  ionizing  particles  is  required.  This  work  presents 
measurements  of  the  charge-collection  properties  of  4H-SiC  Schottky  diodes  under  alpha-particle 
radiation  and  investigates  the  influence  of  native  and  alpha  induced  defects  on  the  detector 
performance. 

2.  Experimental 

A  commercial,  <000 1>  oriented,  Si-face,  n-type,  Nitrogen  doped,  8°  off-axis  4H-SiC  epitaxial 
wafer  was  used  as  a  substrate  for  the  realisation  of  Schottky  diodes.  Starting  from  the  surface,  the 
wafer  structure  was  a  lightly  doped  (2.2  x  1015  cm-3)  30  pm  thick  epitaxial  layer,  a  heavily  doped  (1 
x  1018  cm'3)  1  pm  thick  buffer  layer,  and  a  heavily  doped  (3  x  1018  cm"3)  320  pm  thick  substrate. 
Schottky  Au  and  ohmic  Ti  contacts  were  realised  at  the  front  and  back  wafer  surfaces,  respectively, 
as  described  in  [2].  No  heat  treatment  was  performed  after  the  e-beam  metal  deposition.  The  lightly 
doped  layer  under  the  Au  contact  is  the  detector  active  layer. 

Alpha-particles  of  5.48  MeV  and  2.00  MeV  from  a  241Am  source  were  used  to  measure  the  charge 
collection  efficiency  (CCE)  of  the  Schottky  diodes  as  a  function  of  the  diode  reverse  bias  (Vrev)  at 
room  temperature.  The  lower  energy  was  obtained  by  decelerating  in  air  the  5.48  MeV  a-particle. 
The  energy  needed  to  produce  an  electron-hole  pair  in  SiC  was  taken  equal  to  8.40  eV,  while  the  a- 
particle  ionising  energy  loss  (Bragg  ionisation  curve)  in  crystalline  4H-SiC  was  approximated  by 
that  in  amorphous  SiC  and  was  computed  by  the  code  TRIM  [4].  The  SiC  CCE  data  are  normalised 
to  those  of  a  Si  surface  barrier  detector  measured  with  the  same  experimental  set-up. 

The  semiconductor-device  drift-diffusion  analysis  program  DESSIS  [5]  was  used  to  numerically 
simulate  the  Au/SiC  junction  dynamic  response  to  an  impinging  a-particle.  The  diode  CCE  was 
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simulated  as  the  ratio  between  the  integral  of  the  current  pulse  and  that  of  the  injected  charge. 
Material  and  transport  related  parameters  were  customised  to  4H-SiC  using  the  values  in  Ref.  [6]. 
The  Electron  Beam  Induced  Current  (EBIC)  technique  [7]  was  employed  to  image  unirradiated  and 
irradiated  diodes.  The  contrast  of  these  images  is  a  qualitative  characterisation  of  the  recombination 
of  injected  carriers  in  the  semiconductor  under  the  metal  contact.  The  EBIC  technique  was  also 
employed  to  quantitatively  evaluate  the  minority  carrier  diffusion  length  by  the  measurement  of  the 
charge  collection  efficiency  versus  the  electron  beam  energy  [8]. 

The  diodes  were  analysed  by  Deep  Level  Transient  Spectroscopy  (DLTS)  and  Isothermal 
Capacitance  Transient  Spectroscopy  (ICTS)  up  to  the  maximum  temperature  of  400  K.  By 
comparing  DLTS  and  ICTS  findings  the  characterisation  of  the  trap  levels  results  very  accurate  and 
also  shallow  levels,  not  detectable  by  DLTS,  can  be  reliably  investigated. 

3.  Results  and  discussion 

Figure  l(a,b)  shows  the  experimental  and  simulated  CCE  versus  Vrev  curves  for  5.48  MeV  and  2 
MeV  a-particles.  The  analytical  computation  of  CCE  versus  Vrev  assuming  only  drift  in  the  depleted 
region  is  also  shown  for  comparison. 


REVERSE  BIAS  [V] 

Fi8-  l  Experimental  and  theoretical  Charge  Collection  Efficiency  (CCE)  values  for  5.48  MeV  (a) 
and  for  2.00  MeV  (b)  a-particles.  The  corresponding  Bragg  ionization  curves  are  shown  in  the 
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The  Bragg  ionization  curves  computed  by  TRIM  simulations  are  reported  in  the  insets.  The 
experimental  CCE  curves  always  increase  for  increasing  Vrev  and  reach  the  100%  value  for  2  MeV 
a-particles  at  Vrev  >  40V.  In  fact,  above  this  voltage  the  depleted  region  becomes  thicker  than  4.7 
um  and  entirely  contains  the  2  MeV  a-particle  generation  track.  The  drift-only  CCE  curves  are 
much  lower  than  the  experimental  data;  this  demonstrates  that  an  important  contnbutmn  to  C 
arises  from  the  carriers  generated  in  the  neutral  region  and  diffusing  to  the  junction.  The  DESSIS 
code  accounts  for  this  contribution  and  from  the  code  outputs  shown  in  Fig.  l(a,  b)  we  can  see  that 
a  very  short  hole  lifetime  tp  (=  1  ns)  must  be  assumed  to  reproduce  the  drift-only  CCE  curve.  Much 
longer  tp  values  must  be  assumed  to  describe  the  5.48  MeV  and  2  MeV  a-particles  experimental 
data,  500  ns  and  50  ns,  respectively.  As  the  2  MeV  measurements  were  performed  on  previously 
5.48  MeV  irradiated  diodes,  they  must  be  affected  by  the  previous  radiation  damage.  + 

Figure  2  shows  the  EBIC  contrast  of  a  diode  partially  irradiated  by  a  few  MeV  He  per  unit  area. 
The  existence  of  10  pm  wide  area  darker  than  the  surrounding  in  the  unirradiated  area  indicates 
regions  of  reduced  current  collection  efficiency.  The  irradiated  area  appears  darker  because  of  the 
recombination  centers  introduced  by  the  ion  damage.  This  phenomenon  is  evident  even  if  the 
number  of  ions  per  unit  area  is  quite  low  (a  few).  This  agrees  with  the  different  tp  values  necessary 
to  fit  the  experimental  data  of  Fig.  1  (a,b). 

Figure  3(a)  shows  the  measured  collection  efficiency  of  electron-injected  earners  as  a  function  of 
electron  beam  energy  in  the  range  15-40  kV.  This  measure  was  done  in  an  area  almost  100  pm  wide 
and  free  of  extended  defects  (area  A)  of  Fig.  3(b).  In  the  range  25-40  kV  this  plot  is  linear  and  from 
its  slope  it  is  possible  to  evaluate  the  minority  carrier  diffusion  length  Lp  [9]  which  was  found  to  be 
18  pm.  The  average  Lp  value  for  the  diode  of  Fig.  3(b)  is  12.5  pm.  This  value  is  consistent  with  the 
500  ns  hole  lifetime,  obtained  from  the  DESSIS  simulation  of  the  CCE  for  5.48  MeV  a-particles 
(Fig. la),  which  corresponds  to  an  Lp=  13  pm. 


damaged  by  2.00  MeV  alpha 


Fig.  2  30  keV  Electron  Beam  Induced 
Current  image  of  a  Au/SiC  n-type 
diode  partially  irradiated  by  MeV  He+ 
ions. 


sr  o.8i 

S  0.61 


20  25  30  35 


experimental  data 


2  4  6 

R  [pm] 


40  keV 


Lp  =  18.0  ±  3  pm  (a) 
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Fig.  3  (a)  EBIC  collection  efficiency  r|  versus  the 
electron  range  measured  in  the  region  A  of  (b);  the  slope 
of  the  linear  part  yields  Lp=  18  pm.  The  estimated  value 
of  Lp  in  region  B  is  7  pm. 


Figure  4  shows  the  Arrhenius  plot  of  the  DLTS  and  ICTS  measurements:  the  squared  temperature 
T(K)  relevant  to  the  capacitance  peaks  divided  by  the  emission  rate  en  (sec'1)  is  plotted  versus  the 
inverse  of  the  temperature.  Six  electron  traps  were  detected:  the  energy  level,  density  and  possible 
identification  of  which  are  reported  in  Table  1 .  The  mean  detrapping  time  tD,  and  the  mean  free  drift 
time  before  trapping  te  associated  with  the  deepest  electron  trap,  i.e.  that  at  0.91  eV,  were  computed 
to  be  of  the  order  of  106  sec  and  about  equal  to  95  ps,  respectively,  by  using  the  equations:  tD  = 
[1/(NC  a  vth)]  x  exp(E/kT)  and  te  =  l/(Ns3  cj  v*)  [10],  where  Nc  and  v*  are  the  density  of  states  at  the 
bottom  of  the  conduction  band  and  the  electron  thermal  velocity  of  SiC,  respectively,  while  a  was 
measured  to  be  equal  to  2.4  x  10'17  cm2  (Fig.5).  In  spite  of  the  fact  that  the  mean  detrapping  time 
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associated  with  a  given  level  can  reach  very  high  values,  the  deeper  bulk  trapping  levels  do  not  play 
a  main  role  in  limiting  the  detector  performance  at  room  temperature  [10,1 1].  In  fact,  electrons  and 
holes  require  about  2.2xl0'ns  and  4xl0*'°s,  respectively,  to  drift  the  SiC  detector  depleted  region 
(these  values  where  obtained  by  dividing  the  depletion  width  at  40V  by  the  mean  carrier  drift 
velocity).  As  both  these  values  are  much  shorter  than  the  electron  and  hole  lifetime  evaluated  by 
deep  level  spectroscopy  (te)  or  by  the  DESSIS  simulations  (tp),  the  absence  of  trapping  events 
within  the  depleted  region  can  be  hypothesized.  This  also  gives  a  reasonable  explanation  for  the 
measured  full  charge  collection  efficiency. 


1000/T  [K1] 


Fig.  4  Arrhenius  plot  of  the  DLTS  and  ICTS 
measurements.  The  inset  shows  the  filling 
pulse  conditions  to  detect  traps  S4  and  S5. 


Fig.  5  Determination  of  the  capture  cross  section 
for  trap  S3. 


Table  1 .  Energy  level,  density  and  related  impurity  for  the  trapping  centres  detected  by  DLTS 


SO 

SI 

S2 

S3 

S4 

S5 

E(eV) 

0.10 

0.19 

0.32 

0.91 

0.40* 

0.75* 

Nt  (cm"3) 

2  x  10u 

8.9  x  1012 

6  x  10" 

2.2  x  1013 

4.5  x  1012 

1.4  x  1013 

related 

impurity 

nitrogen 

chromium 

vanadium 

(*)  at  the  Au/epitaxial  SiC  interface. 


4.  Conclusions 

This  work  shows  the  good  performance  of  very  lightly  doped  4H-SiC  as  an  active  material  for  the 
realization  of  “fully  depleted”  a-particle  solid  state  detectors  with  collection  efficiency  near  unity. 
Moreover,  the  electron  and  hole  lifetimes  in  this  material  were  evaluated  by  spectroscopic 
measurements  and  simulation  of  the  detector  performance  in  condition  of  partial  depletion.  The  last 
approach  also  allowed  us  to  estimate  the  hole  lifetime  reduction  due  to  the  a-particle  damage. 
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Abstract  P+-n-n+  structures  based  on  6H-SiC  films  grown  by  CVD  on  n*  substrate  were  used.  The 
initial  concentration  of  uncompensated  donors  in  the  n-type  layer  was  N+n  -  N'a  =4.5*10  cm  at 
layer  thickness  of  several  pm.  The  structures  were  exposed  to  a  dose  of  8*1015  cm  “  with  8  MeV 
protons  and  the  effect  of  irradiation  was  studied  by  means  of  precise  a-spectrometiy.  Results 
obtained  in  two  modes  were  compared:  (i)  through-penetration  of  a  particle  across  the  structure  and 
(ii)  complete  deceleration  of  a  particle.  It  is  shown  that  at  (i)-mode  and  forward  bias  the  signal  is 
formed  by  the  mechanism  of  "through  conducting  charmer  (TCC).  The  practical  possibility  is 
demonstrated  of  detecting  ions  by  6H-SiC  films  upon  proton  dose  of  -  1016cm  "2.  The  product  of 
electron  mobility  by  lifetime  retains  values  sufficient  for  effective  electron  transport,  including 
signal  amplification  in  the  TCC  mode.  The  positive  charge  N* d  -  N’a  is  in  fact  determined  by  the 
concentration  of  initial  uncompensated  donors. 

Introduction  Application  of  SiC  as  a  detector  media  of  nuclear  radiation  arises  from  its  wide 
energy  bandgap  and  high  radiation  hardness.  As  a  consequence  detectors  capable  for  working  at 
high  temperatures  and  radiation  fields  [1,2].  One  of  the  perspectives  of  SiC  detectors  is 
spectroscopy  of  charge  particles.  As  shown  in  [3],  the  sublimation  technique  gives  6H-SiC  layers 
with  concentration  of  uncompensated  impurities  N4 d-N  A~ 1 0 1 5  cm'  and  hole  diffusion  length  2-3 
pm.  The  high  fields  of  electric  breakdown  allow  creating  a  space-charge  region  up  to  tens  of  pm. 
The  low  concentration  of  nonradiative  recombination  centers  ensures  carrier  lifetimes  sufficiently 
high  for  effective  transport  [4]. 

Experimental  The  work  is  concerned  with  the  ability  of  SiC  films  to  detect  alpha  particles  under 
the  conditions  when  the  carrier  transport  is  hindered  by  the  high  content  of  structural  defects.  The 
initial  (CVD-grown)  films  had  effective  donor  concentration  ND+-NA‘  ~  4.5*  1016  cm  ’3.  Then  p+-n- 
n+  structures  on  their  base  were  irradiated  with  8  MeV  protons  at  a  dose  of  8*10^  cm'2.  This  led  to 
a  strong  compensation  with  the  resistivity  p  =  5*109  ohm  cm. 

Irradiation  with  protons  at  doses  of  up  to  ~3*1014  cm'2  has  been  studied  previously  [5].  It  was  found 
that  irradiation  leads  to  formation  of  both  donor  No  and  acceptor  NA  deep  centers,  with  Nd  >  NA. 
As  a  result,  on  the  one  hand,  the  ND+-NA‘  value  increases,  and,  on  the  other,  the  base  conductivity  at 
room  temperature  decreases  because  of  electron  capture  to  deeper  centers.  o 

In  this  work  the  proton  doses  were  an  order  of  magnitude  higher.  As  in  [5],  annealing  at  T  =  450  C 
for  10  min  was  used  to  stabilize  the  material.  At  p  «  5*  109  ohm  cm,  C-V  characteristics  are  difficult 
to  measure.  For  this  reason,  the  transport  of  non-equilibrium  charge  in  pulsed  ionization  by  alpha 
particles  emitted  by  244Cm  was  studied  using  the  amplitude  analysis  technique.  The  setup  comprised 
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a  charge-sensitive  preamplifier,  amplifier  with  RC-shaped  bandwidth,  and  amplitude  analyzer.  The 
analyzer  scale  was  calibrated  using  a  Si  detector. 

The  following  regimes  were  used:  with  particle  flight  through  p+-n  layers  or  with  a  particle  slowing- 
down  completely  in  the  n-base  of  the  detector.  Reverse  (Urev)  and  forward  (Ufor)  biases  were 
applied.  All  measurements  were  done  at  room  temperature. 

Results 

Particle  passes  through  the  detector  structure. 

1 .  In  the  regime  with  Urev,  the  compensation  can  be  disturbed  (see  [6])  through  thermal  emission  of 
carriers  from  deep+ centers.  For  example,  electrons  arriving  from  deep  levels  in  the  conduction  band 
drift  toward  the  n  electrode,  leaving  uncompensated  positive  charge  in  the  bulk.  The  applied  Urev 
turns  out  to  be  insufficient  for  complete  depletion,  and  a  region  of  neutral  high-resistivity  base 
appears. 

If  the  Maxwell  relaxation  time  in  the  base  exceeds  the  RC  constant,  the  carrier  transport  within  the 
electrode  space  of  width  d  will  be  limited  to  w'  and  the  signal  will  decrease  by  a  factor  of  w/d. 
Under  these  conditions,  we  have  for  the  detected  charge 

Q  -  (dEa  /  dx)*w*(w/d)  -  w2-  Urcv,  (1) 

where  (dEa  /  dx)  is  the  specific  loss  of  particle  energy  in  SiC  and  w~(Urev)1/2.  However, 
measurements  (Fig.  1)  give  Q  -  w~  (Urev  +  This  should  be  attributed  to  the  accelerated 

relaxation  in  the  base  owing  to  the  high  non-equilibrium  conductance  within  the  particle  track. 

Evaluation  of  ND+-NA  value 
from  w(Urev)  dependence 
showed  that  ND+-NA  in  the 
semi-insulating  film  is  close 
to  its  initial  value  (see 
Table  1). 


2.  In  the  regime  with  Ufor, 
account  should  be  taken  of 
the  arrival  of  carriers  from  the 
external  circuit.  An  analysis 
[7,  8]  has  shown  that  in 
particle  passage  through  a 
semi-insulating  film  there 
appears  a  "through 
conducting  channel"  with 
electron  circulation  through 
the  sample.  The  amount  of 
transferred  charge  exceeds 
that  created  by  ionization,  q, 
by  a  factor  (jliFt  /  d): 

Q=q*(pFx/d)  (2) 

where  p  and  x  are  the  mobility  and  lifetime  of  electrons,  and  F  is  the  electric  field  strength.  The 
experimental  dependence  of  the  signal  on  Ufor  (Fig.  2)  were  linear  in  accordance  with  formula  (2) 
and  corresponded  to  px  =  7*  1 0 9  cm 2/  V  and  amplification  factor  pFx  /  d  of  1 .7.  At  mobility  p  *  30 
cm  /  (V  s)  we  have  for  the  electron  lifetime  x  «  2*l(f10  s.  Values  of  px  obtained  on  different  diodes 
are  listed  in  the  Table  1. 


Fig.  1.  Signal  of  detector  N  4d  vs.  the  reverse  bias.  The  signal  is 
expressed  in  energy  units  and  is  proportional  to  the  charge 
induced  at  the  detector’s  electrodes.  Insert:  detector  design.  The 
specific  energy  loss  by  alpha  particle  is  shaded. 


Materials  Science  Forum  Vols.  353-356 


765 


Fig.  2.  Signal  of  detector  N  4d  vs.  forward  bias.  The 
specific  energy  loss  by  alpha  particle  is  shaded. 


Table  1.  Film  parameters  obtained  from  the  signal  dependence  in  Fig.  1  and  2.  The  ND+-NA  and  px 
values  are  determined  for  reverse-  and  forvard-biased  structures,  respectevely. 


Sample  no. 

px*109,  cm2/V 

(Nd+-NariO',°,  cm'3 

4d 

7.0 

2.3 

4c 

6.0 

4.0 

4b 

6.0 

2.45 

3c 

- 

2.2 

Particle  slows -down  in  the  detector . 

The  case  of  complete  slowing-down  of  alpha  particles  in  the  SiC  film  reveals  a  difference  between 
the  Ufor  and  Urev  regimes.  For  example,  under  Ufor,  the  charge  starts  to  decrease  earlier  (at  higher 
energies)  and  this  decrease  is  more  abrupt. 

1.  As  soon  as  a  region  with  unmodulated  conductivity  appears  in  SiC  with  decreasing  particle 
energy,  the  TCC  regime  is  broken.  The  high  resistance  of  the  d  -  R  layer  (R  is  the  particle  range  in 
SiC)  limits  the  through  current  and  no  charge  amplification  can  be  achieved.  Further,  for  high- 
resistivity  sample  the  path  traveled  by  a  carrier  in  the  d  space  is  still  important  for  the  signal. 
Therefore,  the  signal  decay  becomes  stronger  (Fig.  3,  curve  1)  because  of  the  growing  contribution 
to  the  carriers  transport  from  holes  having  small  px. 

2.  On  the  other  hand,  under  Urev,  the  appearance  of  a  d  -  R  layer  is  less  critical  for  the  signal.  With 
the  base  modulated  to  a  depth  R,  the  signal  is  given  by  Q=q0  *(R  /  d),  where  q0  is  the  charge 
introduced  into  the  space  charge  region.  It  can  be  seen  from  Fig.  3  (curve  2)  that  up  to  A  «  40  mm 
the  signal  decay  at  a  rate  of  R/d  is  compensated  by  the  passage  through  the  space  charge  region  of 
the  peak  of  the  Bragg  ionization  curve.  Further,  the  signal  decreases  mainly  because  of  the 
ionization  diminishing,  since  the  R/d  factor  cannot  be  less  than  w/d  value. 
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Discussion  and 
conclusions 

The  results  obtained 
demonstrate  the  high 
radiation  hardness  of  the 
structures  studied.  The 
originally  doped  films 
with  high  amount  of 
introduced  radiation- 
induced  centers  (total 
defects  concentration 
~1017  cm"3)  can  detect 
fast  ions.  The  problem 
associated  with  p+-n 
detectors  based  on  films 
of  this  kind  is  in  all 
probability  related  to 
increasing  of  the  value 
Nd+-Na‘  rather  than  to 
carrier  transport. 

The  nontrivial  combination  of  film  characteristics  allowed  using  of  four  detection  regimes.  The 
observed  specific  features  of  the  signal  are  of  interest  for  understanding  the  general  principles  of 
detector  operation.  It  is  shown  that  the  unconventional  forward  biasing  of  the  structures  leads  to 
signal  amplification  in  the  TCC  regime.  A  new  result  is  that  the  signal  is  formed  under  conditions  of 
accelerated  relaxation  of  the  semi-insulating  base  of  the  detector.  This  is  ensured  by  the  high  non¬ 
equilibrium  conductivity  within  the  ion  track. 
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Fig.  3.  Signal  of  detector  N  4c  on  reducing  the  alpha-particle 
energy  for  forward  bias  Ufor  =  20  V  (curve  1 )  and  reverse  bias  Urev 
=  1 00  V  (curve  2).  A-sample-source  distance. 
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Abstract 

In  this  paper,  we  review  progress  on  understanding  the  role  of  threading  dislocations  (TDs) 
in  the  physical  properties  of  GaN  and  its  alloys.  A  growing  body  of  work  provides  compelling 
evidence  that  TDs  in  the  group-III  nitrides  behave  as  non-radiative  recombination  centers,  have 
energy  levels  in  the  otherwise  forbidden  energy  gap,  act  as  charged  scattering  centers  in  doped 
materials,  and  provide  a  leakage  current  pathway.  In  comparison  with  conventional  III-V 
semiconductors,  the  relatively  small  minority  carrier  diffusion  length  Ld  (~50  nm)  in  the  Ill-nitrides, 
combined  with  favorable  TD  geometries,  minimize  dislocation-related  degradation.  The  small 
value  of  L,  also  allows  for  appreciable  optical  emission  in  materials  with  TD  densities  as  high  as 
10'°  cm'2.  ‘ 

Introduction 

The  1990s  have  been  a  time  of  remarkable  progress  in  wide  bandgap  semiconductors, 
particularly  in  the  group  Ill-nitride  system.  The  ‘nitride  revolution’  was  motivated  by  the  early 
pioneering  work  of  Pankove  [1].  The  two  singular  achievements  which  have  enabled  current  nitride 
technology  were  the  development  of  two-step  growth  by  Akasaki  and  co-workers  at  Nagoya 
University  which  lead  to  high  structural  quality  GaN  films  on  sapphire  substrates  [2,  3],  and  the 
subsequent  developments  of  an  efficient  route  to  p-type  doping  by  Nakamura  and  co-workers  at  the 
Nichia  Chemical  company  [4].  These  two  results  were  followed  by  the  development  by  Nakamura 
of  InGaN  quantum  well  structures  and  the  demonstration  of  bright  nitride-based  blue  LEDs  [5]. 
The  realization  and  early  commercialization  of  Nichia  LEDs  catalyzed  most  of  the  recent  work  on 
nitride  semiconductors. 

Currently,  there  are  still  no  widely  available  lattice-matched  substrates  for  the  growth  of 
wurtzitic  GaN.  As  a  result,  most  materials  today  still  have  high  threading  dislocation  (TD)  densities. 
Transmission  electron  microscopy  (TEM)  studies  on  early  Nichia  LEDs  showed  that  the  material 
had  TD  densities  in  excess  of  10“’  cm  2  passing  through  the  active  region,  which  is  approximately 
four  to  six  orders  of  magnitude  higher  than  TD  densities  in  conventional  III-V  optoelectronic 
devices  [6].  The  remarkably  high  TD  densities  in  the  Ill-nitrides  lead  to  speculation  that  TDs  were 
benign  in  the  nitrides  or  perhaps  even  beneficial  for  the  optoelectronic  properties.  However,  there  is 
a  continually  increasing  body  of  work  that  shows  TDs  are  indeed  deleterious  for  the  physical 
properties  of  the  nitrides. 

Here,  we  summarize  the  key  work  elucidating  the  role  of  extended  defects  in  the  physical 
properties  of  the  nitrides.  We  begin  by  briefly  reviewing  current  state-of-the-art  microstructures  for 
GaN  on  sapphire  and  SiC  substrates,  followed  by  a  brief  discussion  of  the  role  of  TDs  in  the 
morphology  of  growing  nitride  surface,  and  then  we  review  key  papers  which  focus  on  the  physical 
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properties  of  TDs  in  the  nitrides.  We  concentrate  on  Ill-nitride  films  grown  by  metal-organic 
chemical  vapor  deposition  (MOCVD)  either  on  (000 1 )  sapphire  or  SiC  substrates. 

Background  on  Extended  Defects  in  the  Nitrides 

During  the  past  ~5  years  there  has  been  extensive  work  on  understanding  the  extended 
defect  structure  in  the  nitrides.  The  commonly  observed  extended  defects  in  (0001)  oriented  GaN 
grown  on  sapphire  substrates  include  (0001)  stacking  faults  and  stacking  disorder  and  related 
Shockley  and  Frank  partial  dislocations,  inversion  domains,  and  TDs  [7].  In  high  quality  MOCVD- 
grown  GaN  films,  the  stacking  disorder  and  partial  dislocations  usually  only  occur  in  the  region  in 
immediate  adjacency  to  the  substrate  and  are  associated  with  the  growth  of  a  disordered  low 
temperature  nucleation  layer  (NL)  [8].  Inversion  domains  are  normally  associated  with  nitrogen 
polar  domains  that  have  grown  either  through  to  the  free  surface  of  an  otherwise  Ga-polar  film 
(which  is  the  usual  polarity  for  high  quality  MOCVD  films)  or  are  overgrown  by  Ga-polar  material. 
The  TDs  have  typical  total  densities  in  the  range  108  -  10l(1  cm'2.  There  are  two  different 

predominantly  observed  TDs:  pure  edge,  with  Burgers  vectors  in  the  family  ^(ilio)  and  [0001] 

line  directions;  and  mixed  character,  with  Burgers  vectors  in  the  family  ^(5 1 1 3)  and  line  directions 

inclined  -10°  from  [0001]  towards  the  Burgers  vector.  Pure  screw  TDs  (b  =  [0001]  and  line 
direction  [0001])  are  represent  a  small  fraction  (~0.1  -  1%)  of  the  total  density  of  TDs  [7]. 

In  previous  work,  we  have  shown  that  for  MOCVD  growth  of  GaN  on  sapphire,  the  TDs 
form  as  a  consequence  of  the  coalescence  of  slightly  misoriented  GaN  high  temperature  islands  (this 
work  is  reviewed  in  detail  in  ref.  [9]).  The  microstructure  of  GaN  grown  on  a  more  closely  lattice 
matched  substrate,  namely  SiC,  shows  very  similar  characteristics.  Thus,  TDs  are  the  most 
important  extended  defect  to  study  in  the  context  of  understanding  the  physical  properties  of  GaN 
thin  films  grown  on  A120,  substrates. 

The  Role  of  Threading  Dislocations  in  Growth 

Before  reviewing  the  effects  of  TDs  on  the  physical  properties,  we  briefly  review  the 
important  role  of  TDs  in  the  growth  of  nitrides,  namely  the  formation  of  ‘V-defects’  [10].  Many 
nitride-based  device  heterostructures  require  reduced  growth  temperature.  For  example,  InGaN 
layers  are  typically  grown  at  -750  -  800°C  in  MOCVD,  which  is  ~300°C  lower  than  optimal 
MOCVD  growth  conditions  for  GaN  -  the  lower  temperature  is  necessary  because  of  the  high 
volatility  of  indium.  Similarly,  the  growth  temperature  for  AlGaN  is  generally  limited  by  reactor  or 
heater  considerations.  The  low  growth  temperatures  facilitate  the  formation  of  ‘V-defects’  which 
consist  of  six  {l0  1 1]  family  planes  and  form  an  inverted  hexagonal  pyramid.  The  V-defects 

always  form  at  TDs,  with  a  higher  propensity  for  formation  at  mixed  character  TDs,  but  they  also 
form  at  pure  edge  TDs. 

Wu  et  al.  attributed  the  formation  of  V-defects  to  a  kinetically-limited  growth  process  in 
which  the  surface_depression  associated  with  a  TD  (as  predicted  by  Frank  [11])  assists  in  the 
formation  of  {lOll]  facets  [10].  Under  kinetically-limited  growth  conditions,  the  surface 
morphology  will  be  dominated  by  the  slowest  growing  planes,  and  thus  in  this  scenario  the  {loT  l] 
planes  have  a  slower  growth  rate  in  the  [0001]  direction.  Subsequent  high  temperature  growth  of 
GaN  will  cause  the  V-defects  to  be  filled  and  there  will  be  no  surface  morphological  evidence  for 
their  presence.  More  recently,  Northrup  et  al.  have  performed  first  principle  calculations  of  the 
energies  of  the  (0001)  and  the  {1011}  planes  for  GaN  and  InGaN.  Northrup  has  shown  that  V- 
defects  at  energically  favorable  for  InGaN  growth  and  their  formation  is  driven  by  a  balance  of 
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surface  energy  increase  (due  to  the  increased  total  surface  area  of  the  six  {lO  1 1 }  planes  of  the  V- 
defect  relative  to  the  area  of  the  (0001)  plane)  and  strain  energy  reduction  due  to  the  open  defect 
volume  which  would  otherwise  have  a  TD  [12]. 

V-defects  are  deleterious  for  the  growth  of  both  optoelectronic  and  electronic  device 
heterostructures.  For  InGaN/GaN  quantum  well  structures,  the  V-defects  cause  the  wells  to  be  non- 
planar  and  may  also  lead  to  changes  in  the  indium  composition  through  a  series  of  wells.  As  will  be 
discussed  later,  V-defects  are  important  sources  of  reverse  leakage  in  diodes,  and  have  been 
correlated  to  the  very  poor  electro-static  discharge  (ESD)  in  these  structures.  For  laser  structures, 
the  V-defects  will  be  light  scattering  centers.  Nitride-based  high  electron  mobility  transistor 
(HEMT)  structures  consist  of  AIGaN/GaN  layers.  It  is  quite  common  for  V-defects  to  form  during 
the  growth  of  the  AlGaN  cap  layer.  In  the  case  of  HEMT  structures,  there  is  no  further  nitride 
growth  after  the  AlGaN  layer  and  thus  the  V-defects  can  concentrate  electric  Fields  both  at  ohmic 
source/drain  contacts  and  more  importantly  at  the  Schottky  gate  contact. 

Key  Work  on  the  Role  of  Threading  Dislocations  in  the  Physical  Properties  of 
the  Group  III  Nitrides 

Table  1  provides  a  summary  of  the  key  studies  that  have  focused  on  the  role  of  TDs  in  the 
physical  properties  of  the  group  Ill-nitrides.  In  this  section,  we  summarize  this  work. 

Non-Radiative  Recombination  Centers 

Cathodoluminescence  ( CL)  Studies 

In  1997  Rosner  et  al.  reported  on  a  CL  study  on  MOCVD  grown  n- type  GaN  on  sapphire 
substrates  [13].  This  study  involved  correlated  atomic  force  microscopy  (AFM)  and  CL  studies,  in 
which  the  investigators  used  a  combination  of  fiducial  marks  on  their  samples  and  a  registered 
specimen  stage  to  ensure  imaging  of  exactly  the  same  region  by  both  techniques.  It  had  been 
demonstrated  in  other  studies  that  TDs  affect  the  surface  morphology  of  GaN,  namely  that  mixed 
character  TDs  and  sometimes  edge  TDs  give  rise  to  surface  depressions  (again,  as  predicted  by 
Frank  and  recently  discussed  by  Heying  et  al.  [14]).  Rosner  et  al.  found  that  the  ‘pit’  features  in  the 
AFM  images  were  strongly  correlated  with  dark  regions  in  the  CL  images.  Rosner  et  al.  were  able 
to  generate  maps  of  the  pit  locations,  corresponding  to  the  intersection  of  the  TDs  with  the  film  free 
surface,  and  then  calculate  CL  images  based  on  known  solutions  for  the  minority  carrier 
concentration  from  a  dislocation,  which  was  assumed  to  be  a  line  of  non-radiative  (NR) 
recombination  centers.  In  this  study  the  fits  were  done  visually  and  it  was  found  that  the  best 
agreement  between  the  calculated  and  observed  CL  images  was  realized  for  a  minority  carrier 
diffusion  length  of  250  nm.  This  study  used  bulk  GaN  samples  and  10  kV  primary  electrons  which 
broaden  into  a  bulb-like  volume  with  a  radius  of  -250  nm,  which  then  provides  an  upper  bound  on 
the  diffusion  length. 

The  concepts  developed  by  Rosner  et  al.  were  further  advanced  in  a  coupled  plan-view  TEM 
and  CL  study  reported  by  Sugahara  et  al.  on  rc-type  MOCVD-grown  GaN  [15].  In  this  study,  CL 
images  were  recorded  on  TEM  foils  prior  to  TEM  investigation  (apparently,  there  is  sufficient 
radiation  damage  to  the  samples  such  that  no  CL  was  observable  if  the  TEM  studies  were  performed 
on  the  foils  before  CL  studies).  The  authors  found  a  one-to-one  correspondence  between  the 
position  of  dark  spots  in  the  CL  images  and  TDs  in  the  plan-view  TEM.  The  authors  estimated  a 
hole  diffusion  length  of  50  nm  based  on  the  width  of  the  dark  regions  in  the  CL  maps.  The  lower 
minority  diffusion  length  in  these  studies,  in  comparison  with  those  reported  by  Rosner  et  al .,  is 
primarily  due  to  the  minimal  probe  broadening  in  a  thin  TEM  foil. 

In  a  more  recent  study,  Rosner  et  al.  used  CL  mapping  to  study  the  dislocation  structure  in 
GaN  grown  by  lateral  epitaxial  overgrowth  (LEO)  [16].  Full  details  of  the  LEO  process  can  be 
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found  elsewhere  [17],  but  in  summary,  this  technique  involves  first  growing  a  GaN  layer,  then 
masking  this  layer  with  Si02  or  a  similar  material  while  leaving  openings  into  which  the  GaN  can 
grown,  and  subsequently  regrowing  material  through  the  window  opening  and  then  laterally  over 
the  mask.  When  the  orientation  of  window  openings  and  growth  conditions  are  optimized,  it  is 
possible  to  grow  material  with  a  TD  density  of  ~104-106  cm'2  in  the  window  region.  Rosner  et  al. 
demonstrated  the  possibility  of  imaging  individual  TDs  which  propagate  laterally  into  the 
overgrown  region.  This  work  included  studies  of  InGaN  single  quantum  wells  which  were  grown 
on  LEO  stripes.  It  was  found  that  there  was  a  correspondence  between  dark  regions,  associated  with 
vertically  propagating  TDs,  in  the  GaN  luminescence  at  365  nm  and  the  In()  )5Ga085N  at  421  nm,  thus 
demonstrating  that  TDs  also  behave  as  NR  centers  in  InGaN.  The  image  widths  for  the  dark  regions 
was  comparable  for  the  GaN  and  InGaN  luminescence  and  an  upper  bound  of  200  nm  was 
determined  for  the  minority  carrier  diffusion  length  for  both  GaN  and  InGaN.  In  the  overgrown 
regions,  where  there  were  few,  if  any  TDs  propagating  to  the  growth  surface  for  this  sample  set,  the 
InGaN  luminescence  was  homogeneous,  demonstrating  that  the  InGaN  any  heterogeneity  in  the 
InGaN  was  limited  to  a  length  smaller  than  200  nm. 

It  is  additionally  important  to  note  that  in  conventional  III-V  technology,  devices  can  be 
fabricated  with  dislocations  (dark  line  defects)  present  and  still  achieve  reasonable  quantum 
efficiencies.  However,  since  diffusion  lengths  are  typically  greater  than  1  pm  and  defects  often  have 
glide  habits  (in  the  case  of  strained  layer  cubic  materials)  that  put  the  line  parallel  to  the  surface  of 
the  film,  the  tolerable  density  is  several  orders  of  magnitude  lower  than  in  the  Ill-nitride  technology. 
More  importantly,  in  the  conventional  III-V  systems,  these  defects  move  and  multiply  under  a 
combination  of  applied  stress  and  current  injection,  and  this  process  causes  rapid  degradation  of  the 
devices.  This  often  requires  extremely  small  numbers  of  defects  to  be  present  initially  to  guarantee 
reasonable  lifetimes  for  the  devices.  In  (0001)  oriented  wurtzitic  group  Ill-nitride  films,  the  TDs 
experience  no  shear  stress  because  the  lie  on  vertical  planes,  so  dislocation  multiplication  and 
motion  is  not  a  contributor  to  device  degradation.  It  appears  that  the  differences  between 
conventional  III-V  and  Ill-nitride  technologies  do  not  require  new  physics  as  suggested  by  early 
reports,  but  rather  can  be  accounted  for  by  these  two  properties,  the  very  short  diffusion  lengths  and 
the  relative  immobility  of  the  defect  structures. 

Photoelectrochemical  (PEC)  Etching  Studies 

Photoelectrochemical  wet  etching  is  a  technique  in  which  a  semiconductor  is  illuminated 
with  above  gap  radiation  to  generate  minority  carriers  at  the  semiconductor  surface  [18].  The 
photogenerated  minority  carriers  facilitate  the  etching  by  weakening  near-surface  bonds  and 
allowing  surface  atoms  to  dissolve  into  the  electrolyte.  In  two  important  papers,  Youtsey  et  al. 
described  PEC  etching  studies  of  n- type  GaN  films  (prepared  either  by  MOCVD  or  by  hydride 
vapor  phase  epitaxy)  [19,  20].  They  found  under  certain  conditions,  GaN  ‘whiskers’  formed  with  a 
density  on  the  order  of  109  cm'2.  The  whiskers  had  diameters  between  10  and  50  nm  and  lengths  up 
to  1  pm.  Subsequent  TEM  studies  on  the  whiskers  showed  that  that  each  whisker  contained  a  TD. 
The  authors  speculated  that  the  TDs  could  either  behave  as  NR  centers,  thus  inhibiting  minority 
carriers  (holes)  from  reaching  the  sample  surface  near  TDs,  or  behave  as  charged  lines  which  repel 
minority  carriers. 

Traps/Deep  Levels 

The  work  describe  above,  which  has  provided  a  strong  basis  that  TDs  do  behave  as  NR 
centers  in  GaN,  implies  that  the  TDs  have  deep  acceptor  levels  for  «-type  material  and  presumably 
donor  levels  for  p- type  material  (indeed  CL  images  on  p- type  material  also  show  dark  regions 


Materials  Science  Forum  Vols.  353-356 


773 


associated  with  TDs  [21]).  We  now  address  the  studies  which  have  provided  further  insight  on 
whether  there  are  indeed  deep  levels  associated  with  the  nitrides. 

Electronic  Structure  Calculations 

Currently,  there  are  two  different  views  that  have  resulted  from  electronic  structure 
calculations  of  TDs  and  GaN.  Eisner  et  al.  presented  the  first  electronic  structure  calculations  for 
pure  screw  and  for  pure  edge  TDs  in  GaN  [22].  These  studies  used  both  ab  initio  local-density 
functional  (LDF)  methods  and  density  functional  tight  binding  methods.  For  closed  core  pure  screw 
TDs,  the  authors  found  deep  states  with  energies  0.9  to  1.6  eV  above  the  valence  band  maximum 
and  states  0.2  eV  below  the  conduction  band  minimum.  The  authors  then  addressed  open  core 
screw  TDs,  in  which  the  inner  most  1  -  2  unit  cells  of  material  was  removed.  This  core  structure 
was  found  to  yield  only  shallow  states  which  were  related  to  the  high  local  shear  strains  from  the 
dislocation  displacement  field.  Calculations  of  the  energies  of  pure  edge  TDs  showed  no  deep 
levels  and  the  energetically  favorable  structure  had  a  closed  core.  In  a  subsequent  paper,  Eisner  et 
al.  considered  oxygen  impurities,  gallium  vacancies,  and  clusters  of  these  two  species  in  the  vicinity 
of  edge  TDs  in  GaN  [23].  It  was  found  that  gallium  vacancy-oxygen  complexes  are  favorably 
trapped  at  the  dislocation  core  and  that  these  complexes  do  give  rise  to  deep  acceptor  levels.  The 
authors  concluded  that  these  acceptor  levels  may  be  responsible  for  yellow  luminescence  in  the 
nitrides. 

In  a  separate  set  of  papers,  Wright  and  co-workers  calculated  the  formation  energies  and 
energy  levels  for  pure  edge  TDs  in  AIN  and  GaN  using  density  functional  theory  [24,  25].  For  both 
AIN  and  GaN,  Wright  et  al.  considered  full  core,  open  core,  group  Ill-vacancy  core,  and  N-vacancy 
core  structures.  All  calculations  were  performed  for  Fermi  levels  ranging  from  the  valence  band 
maximum  to  the  conduction  band  minimum  for  both  nitrogen-rich  and  gallium-rich  growth 
conditions.  For  both  AIN  and  GaN,  the  edge  dislocation  was  found  to  have  levels  in  the  forbidden 
energy  gap  for  all  core  structures  that  were  studied.  Subsequently,  Leung  et  al.  calculated  the 
formation  energies  for  the  four  different  core  structures  as  a  function  of  donor  (assuming  Si 
dopants)  and  acceptor  (assuming  Mg  dopants)  concentrations  for  both  gallium-rich  and  nitrogen- 
rich  growth  conditions  [26].  The  TDs  had  both  acceptor  and  donor  energy  levels.  In  this  work. 
Coulomb  interactions  were  explicitly  considered,  namely,  charge  could  transfer  between  dopants 
and  TDs.  The  line  charges  per  site  were  then  calculated  for  TD  densities  of  108  cm  2,  10y  cm  ',  and 
10'°  cm'2  as  a  function  of  dopant  concentration  for  both  n-type  and  p-type  material  for  the  two  most 
favorable  core  structures.  The  transition  from  uncharged  to  fully  charged  TDs  occurred  at  a  dopant 
density  corresponding  to  the  bulk  density  of  dislocation-related  sites  (assuming  one  site  per  unit 
cell),  e.g .,  a  TD  density  of  109  cm'2  corresponds  to  2xl016  cm'3  TD-related  defect  sites  -  this  is  the 
approximate  transition  from  uncharged  to  charged  dislocations  shown  in  Leung  et  al.'s  work  for  10J 
cm’2  TD  density  material.  Leung  et  al.  noted  that  for  low  «-type  dopant  densities,  the  number  of 
defect  sites  will  be  much  larger  than  the  number  of  donors,  and  thus  all  carriers  are  transferred  to 
dislocation-defect  levels.  In  this  case,  the  Fermi  energy  will  be  pinned  near  the  defect  level  and 
there  will  be  no  free  carriers  -  this  is  consistent  with  semi-insulating  behavior  in  high  TD  density 
GaN.  At  large  donor  densities,  the  TDs  are  fully  charged,  but  there  are  excess  free  carriers  which 
cause  the  Fermi  level  to  rise  toward  the  donor  level. 

Transport  Studies  and  Transport  Modeling 

The  concept  of  carrier  scattering  by  charged  dislocation  lines  can  be  found  in  textbooks  on 
semiconductor  physics  [27].  Weimann  et  al  used  the  formalism  first  developed  by  Bonch-Bruevich 
and  Kogan  [28]  and  later  by  Podor  [29]  to  obtain  a  transverse  carrier  mobility  [30].  In  this  work, 
Weimann  first  calculated  the  trap  occupation,  apparently  by  assuming  a  dislocation  trap  level  2.2  eV 
below  the  conduction  band  minimum.  Then  the  scattering  amplitude  was  calculated  for  the  charged 
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line  which  then  was  used  to  determine  the  transverse  mobility.  The  overall  transverse  mobility  was 
calculated  using  Matthiesen’s  rule.  In  this  model,  the  mobility  first  increases  with  increasing  free 
carrier  concentration,  which  is  attributed  to  screening  of  the  dislocation  charge,  and  then  decreases 
due  to  ionized  impurity  scattering.  Weimann  et  al,  and  Ng  et  al.  in  related  study  [31],  verified  the 
predicted  trends  on  a  series  of  GaN  samples  grown  by  molecular  beam  epitaxy  (MBE)  with  varying 
TD  density  and  free  carrier  concentrations. 

More  recently,  Look  and  Sizelove  have  rigorously  developed  the  transverse  mobility  in 
material  with  charged  TD  lines  [32].  Then,  the  theory  was  applied  to  the  temperature  dependent 
mobility  and  carrier  concentration  data  for  two  sets  of  samples  with  well  characterized 
microstructures.  Look  and  Sizelove  were  able  to  obtain  excellent  fits  for  both  the  temperature 
dependence  of  the  carrier  concentration  and  mobility  for  both  samples  with  no  arbitrary  fitting 
parameters  -  the  only  adjustable  fitting  parameters  were  the  donor  concentration  and  energy  and  the 
TD  density,  all  of  which  are  known  within  reasonable  bounds.  The  fitted  TD  density  for  the  first 
sample  (‘sample  A’)  was  in  the  range  4-8x10*  cm'2,  depending  on  details  for  the  screening,  whereas 
the  measured  TD  density  was  4x10*  cm  2.  For  the  second  sample,  the  fitted  TD  density  was  in  the 
range  2  -  3.5xl0!<)  cm2,  whereas  the  experimentally  observed  TD  density  was  2xl010  cm'2  (note  that 
the  TD  densities  were  determined  by  plan-view  TEM).  The  rigor  of  Look  and  Sizelove’ s  work  and 
the  ability  to  accurately  predict  experimentally  observed  TD  densities  is  remarkable.  It  is  important 
to  emphasize  that  Look  and  Sizelove  modeled  the  TD  as  having  one  acceptor  state  per  unit 
translation  (c-axis  translation)  along  the  TD,  in  accordance  with  the  model  of  Wright  et  al.  Look 
and  Sizelove  noted  that  V(.a-0N  complex  could  also  give  rise  to  the  acceptor  state.  However,  it 
seems  unlikely  that  each  TD  line  would  be  fully  decorated  with  oxygen  for  the  range  of  TD 
densities  and  growth  techniques.  Rather,  it  seems  that  Look  and  Sizelove’s  work  supports  the  ideas 
of  Wright  et  al.  -  namely,  TDs,  independent  of  impurities  or  kink  sites,  have  deep  levels  in  the 
forbidden  gap. 

Scanning  Capacitance  Microscopy  (SCM) 

SCM  is  a  scanning  probe  microscope  technique  closely  related  to  AFM.  In  this  technique,  a 
low  frequency  (5  -  100  kHz)  ac  field  with  amplitude  of  ~1  -  5  V  is  applied  between  a  metallized 
AFM  tip  and  a  semiconductor  sample  (which  presumably  has  a  native  oxide)  at  a  defined  dc  offset 
bias.  At  the  same  time,  the  capacitance  is  measured  at  high  frequency  (915  MHz)  with  a  small 
superimposed  voltage  swing  [33,  34].  The  SCM  images  then  are  typically  displayed  as  changes  in 
capacitance  dC  in  response  to  the  low  frequency  ac  voltage  swing  dV.  Concurrent  dC/dV  maps  and 
contact  mode  AFM  images  were  recorded.  The  surface  morphology  of  high  quality  MOCVD- 
grown  GaN  films  shows  Ga-N  bilayer  steps.  Terminations  of  pairs  of  steps  correspond  to  the 
intersection  of  screw-component  TDs  with  the  surface.  Hansen  et  al.  carried  out  SCM  and  local  C- 
V  studies  of  unintentionally  doped  rc-type  GaN  (n  ~5xl0lfi  cm'3)  [35].  In  these  studies  there  was  a  a 
strong  correlation  with  the  SCM  (dC/dV)  contrast  and  positions  of  TD  intersections  with  the  film 
surface.  Local  C-V  curves  recorded  from  regions  near  TDs  in  comparison  to  those  away  from  TDs 
were  consistent  with  a  flatband  shift  due  to  negative  charge  accumulation  at  the  TDs. 

Leakage  Paths 

Several  studies  are  now  appearing  in  the  literature  that  demonstrate  that  TDs  behave  as 
current  leakage  pathways  in  GaN.  The  development  of  LEO  for  the  nitrides  has  lead  to  clear 
demonstrations  of  the  dramatic  contrast  in  leakage  currents  between  normal  GaN  with  TD  densities 
on  the  order  of  109  cm  2  and  LEO  material  with  TD  densities  in  the  range  104-106  cm  2. 
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Ballistic  Electron  Emission  Microscopy  (BEEM1 

Brazel  et  al  reported  on  BEEM  studies  of  unintentionally-doped  n-type  GaN  films  (n 
~5xl016  cm'3)  in  which  the  Schottky  barrier  was  formed  by  depositing  at  7  nm  Au  layer  on  the  GaN 
[36].  Surprisingly,  the  Au  layer  had  pit  features  with  a  density  and  distribution  similar  to  the  mixed 
character  TD  density,  and  thus  it  was  inferred  that  the  pits  in  the  Au  layer  corresponded  to  the 
position  of  screw-component  TDs  in  the  underlying  GaN  layer.  Simultaneously  recorded  collector 
current  images  and  STM  images  showed  high  collector  current  density  regions  associated  with  the 
pit  features  for  both  negative  (electron)  and  positive  (hole)  tunneling  bias.  The  threshold  bias  varied 
from  0.3  to  0.95  V  for  electron  injection  and  from  0.3  to  1.3  eV  for  hole  injection.  The  authors 
attributed  the  high  current  densities  and  reduced  Schottky  barrier  heights  to  acceptor  and  donor-like 
traps  in  the  vicinity  of  screw-component  TDs. 

Reverse  Bias  Diodes  on  LEO  GaN 

Kozodoy  et  al.  used  the  high  contrast  in  TD  density  in  LEO  structures  to  study  the  effect  of 
TDs  on  reverse  bias  leakage  currents  in  p-n  junctions  [37].  In  this  study,  p-n  junctions  were  formed 
on  uncoalesced  GaN  LEO  stripes,  where  the  junctions  were  placed  either  over  the  wing  region  (TD 
density  <106  cm'2)  or  over  the  window  region  (TD  density  ~109  cm'2)  on  the  same  LEO  stripe. 
Under  reverse  bias,  the  leakage  current  densities  were  at  least  three  orders  of  magnitude  higher  for 
the  window  regions  in  comparison  with  the  wing  region.  In  a  similar  study.  Parish  et  al.  fabricated 
AlGaN-based  p-i-n  UV  solar  detectors  on  LEO  GaN  [38].  The  diodes  on  the  wing  regions  typically 
had  six  to  eight  orders  of  magnitude  lower  reverse  bias  leakage  current  than  for  diodes  grown  on 
conventional  (‘dislocated’)  GaN.  Additionally,  the  LEO-based  diodes  had  sharper  current  cutoffs 
and  much  more  sharply  defined  spectral  response  curves  in  comparison  with  diodes  produced  on 
conventional  GaN. 

Summary 

The  body  of  work  described  above  provides  a  picture  in  which  the  TDs  in  the  group  III- 
nitrides  are  electrically  active  and  clearly  deleterious  for  transport,  emission,  and  detection 
properties.  The  CL,  PEC  etching,  and  transport  studies  are  all  consistent  with  dislocation-related 
deep  acceptor  levels  for  n-type  GaN.  In  this  case  of  optical-related  properties,  these  levels  appear  to 
act  as  NR  centers.  For  low  doping  densities,  the  TD-related  deep  levels  can  fully  deplete  the 
material  of  free  carriers,  rendering  it  semi-insulating.  For  high  doping  densities,  the  TD-related 
traps  act  as  a  charged  line  scattering  centers.  Dislocation-related  deep  levels  may  also  play  a  role  in 
leakage.  It  remains  unclear  whether  the  TD-related  traps  are  an  intrinsic  feature  of  dislocations  in 
the  nitrides  or  if  they  are  cause  by  impurity  segregation.  Continued  progress  in  high  purity  growth 
techniques,  such  as  MBE,  may  eventually  resolve  this  issue. 

The  prospects  appear  to  be  excellent  for  achieving  GaN  single  crystal  ‘pseudo-substrates’ 
using  techniques  such  as  LEO,  thick  hydride  vapor  phase  epitaxy,  and  laser-assisted  substrate 
removal  and  combinations  of  these  techniques.  The  economic  advantages  are  minimal  for 
developing  single  crystal  GaN  substrates  for  high  volume  commodity  devices  such  as  LEDs. 
However,  for  low  volume,  technology-enabling  devices,  such  as  laser  diodes  and  possibly  high 
performance  transistors,  the  performance  improvement  on  low  TD  density  material  appears  to  merit 
the  use  of  single  crystal  substrates.  Although  Nakamura  realized  cw  emission  in  GaN-based  laser 
diodes  in  normal  dislocated  material,  his  realization  of  10,000  hour  cw  nitride-based  laser  operation 
was  facilitated  through  the  use  of  thick  GaN  on  LEO  substrates  [39].  Fortuitously,  the  technological 
drive  for  single  crystal  GaN  substrates  will  provide  material  with  sufficiently  low  TD  densities  that 
many  of  the  properties  will  unambiguously  fall  within  the  ‘point-defecf  limited  regime.  This 
exciting  possibility  should  provide  a  wide  variety  of  opportunities  for  the  defect  science  community. 
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Reverse  bias  diodes  on  LEO  vs.  normal  GaN: 
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Abstract.  Sublimation  growth  of  AIN  crystals  in  a  sandwich  system  is  studied  both  theoretically 
and  experimentally.  Two  types  of  A1  sources  are  examined  -  AIN  powder  and  liquid  Al.  Two- 
dimensional  modeling  is  employed  to  understand  the  nature  of  the  growth  failure  at  a  pressure  lower 
than  the  critical  one,  predicted  in  a  recent  paper  [A.S.Segal  et  al,  J.Cryst.Growth  211  (2000)  68].  A 
relationship  between  the  temperature  and  pressure  is  found  providing  maximum  AIN  growth  rates. 


Introduction 

Aluminum  nitride  is  one  of  the  most  promising  material  to  fabricate  insulating  substrates  for  Group 
HI  nitride  microelectronic  devices.  Mostly,  a  sublimation  technique  employed  first  by  Slack  and  co¬ 
workers  [1,2]  is  used  for  AIN  bulk  crystal  growth.  The  growth  occurs  from  the  gaseous  Al  and  N2 
normally  supplied  by  evaporation  of  an  AIN  powder  charge  in  a  hot  zone  of  a  crucible.  Due  to 
simplicity  of  chemical  reactions  involving  Al  and  N2  ,  modeling  is  believed  to  be  an  effective  and 
powerful  tool  for  growth  process  optimization.  In  particular,  an  important  role  of  N2  adsorption 
kinetics  in  the  growth  rate  control  has  been  recognized  theoretically  [3,4].  This  factor  is  found  to 
affect  significantly  the  temperature  and  pressure  providing  a  maximum  growth  rate  [5].  Another 
prediction  to  be  discussed  is  that  AIN  growth  fails  when  the  pressure  becomes  lower  than  a  critical 
value  generally  dependent  on  temperature  [4].  This  effect  requires  more  detailed  examination  and 
experimental  verification. 

In  this  paper  we  report  on  further  theoretical  and  experimental  study  of  AIN  crystal  growth  in  a 
sandwich  system.  Two  types  of  Al  source  are  examined  -  AIN  powder  and  liquid  aluminum. 
Growth  conditions  providing  maximum  growth  rates  are  found  using  parametric  simulations.  For 
better  understanding  of  the  growth  process  near  the  critical  pressure,  two-dimensional  modeling  is 
applied. 

Experiment 

Growth  of  AIN  layers  was  carried  out  in  a  nitrogen  atmosphere  at  1000  mbar  (N-rich  conditions)  as 
described  elsewhere  [3,4].  We  used  either  AIN  powder  or  liquid  Al  (1-A1)  as  a  material  source  and 
6H/4H-SiC(0001)  wafers  of  10-12  mm  in  diameter  as  a  seed.  The  clearance  between  the  source  and 
the  seed  was  2-3  mm.  Growth  temperature  T  was  varied  in  the  range  of  1900-2300°C.  Temperature 
difference  between  the  source  and  the  seed  A T  was  maintained  between  5  C  and  20  C. 

We  have  compared  sublimation  rates  of  both  1-A1  and  AlN-powder  sources.  Conti  ary  ^  to 
expectations,  we  found  no  noticeable  difference  between  the  sublimation  rates  at  7=  1900-2150  C. 
This  was  attributed  to  an  AIN  peel  formation  on  the  surface  of  the  1-A1  source  retarding  evaporation 
of  liquid  Al.  A  higher  temperature  resulted  in  a  dramatic  increase  in  the  1-A1  source  sublimation 
rate.  The  effect  was  caused  by  explosion  of  the  AIN  peel  due  to  high  Al  vapor  pressure.  The 
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sublimation  rate  obtained  with  the  1-A1  source  was  at  least  by  order  of  magnitude  higher  than  that  of 
the  AIN  powder.  However,  explosive  character  of  the  1-A1  source  operation  made  difficult  an 
accurate  control  and  stabilization  of  the  growth  conditions. 


—  AIN  source 
l-AI  source 

100  mbar 

1000  mbar 


\^100  mbar : 
1000  mb an 


Results 

The  model  of  AIN  growth  by  using  AlN-powder  source  has  been  described  in  detail  elsewhere  [4]. 
It  is  based  on  modeling  the  reactive  species  transport  coupled  with  heterogeneous  reactions  on  the 
source  and  seed  surfaces.  The  l-AI  source  is  simulated  assuming  the  partial  A1  pressure  at  the  source 
surface  to  be  equal  to  the  saturated  vapor  pressure  over  the  liquid  phase. 

r _  Fig-1  compares  the  AIN  growth  rates  obtained  with 

_  1  o5  '  T  '  ”  -  AIN  source  AlN-powder  and  l-AI  sources.  One  can  see  that  for 

|  4  ■  v  ; .  I-AI source  |  7 <  2350°C  at  P=  100  mbar  and  for  7<2550°C  at 

3  ioo  mbar'  P  =  1000  mbar  the  l-AI  source  provides  much  higher 

o  103  •  1  |\  '''s,  ■  growth  rates  than  the  AlN-powder  source.  In  this  case 

2  1  q2  ’  \i  N.  000 mbar,  the  A1  partial  pressure  at  the  source  surface  is  by 

\.  ]  several  orders  in  magnitude  higher  than  that  at  the 

2  1 01  f  \.  ]  seed.  Moreover,  the  A1  vapor  is  supersaturated  with 

^  10°  r  AM,5k\  \.  100mbar  respect  to  AIN  formation  from  the  gaseous  A1  and 
<  ^  5  =  4  mm  \  m  ar  i  N2  .  As  a  result,  an  AIN  peel  appears  on  the  liquid  A1 

10  .  ’  .  \  1000  mbar-  surface  in  accordance  with  our  experimental 

0.35  0.40  0.45  0.50  0.55  observations.  At  a  higher  temperature,  the  A1  paitial 

1000/Temperature  (K)  pressure  at  the  seed  becomes  greater  than  the 

saturated  vapor  pressure  over  liquid  Al.  Under  these 
Fig.l.  Comparison  of  computed  AIN  conditions,  the  l-AI  source  no  longer  works 

growth  rates  obtained  with  thel-Al  and  effectively  that  results  in  a  drastic  drop  of  the  AIN 

AlN-powder  sources.  growth  rate.  So,  despite  the  high  sublimation  rate 

_ _  attractive  for  practice,  the  l-AI  source  has  some 

2T  3  _  p=  1  'atm'  T  T  '  T  ]  drawbacks  making  this  source  difficult  to  operate 

£  1  °  :  A7=  12  K  :  durinS  the  long-term  AIN  growth. 

^  ‘  8  =  3  mm  Sublimation/growth  rate  of  AIN  obtained  with  the 

cjjj  2  _  mm  yi  A  '  AlN-powder  source  is  shown  in  Fig.2  as  a  function  of 

£  ^  /  /  \  ]  temperature.  It  is  seen  that  experimental  points  lie 

|  :  y  /  Tc  ;  close  to  theoretical  predictions.  Growth  rates  up  to 

,o>  1  '  /  /  ~200  pm/h  are  achieved  for  7  and  AT  employed  in 

o  1 0  ;  / N-rich  /  1  the  experiments.  All  the  experimental  data  get  in  the 

co  ;  /  /  j  temperature  range  below  the  critical  point  7C  .  At 

J  q  y  /  Aj  rjch  T=TC  the  vapor  phase  is  stoichiometric  (PAi  =  2PN2) 

=  10°^  /  ‘nC  1  and  the  total  pressure  in  the  growth  cell  becomes 

1800  '  2000  '  2200  '  2400  '  2600  t0  ^  critical  Pressure  corresponding  to  the 

Temoeraturp  (°C\  failure  of  sublimation  growth  predicted  in  [4],  Fig.2 

H  1  '  shows  that  the  maximum  growth  rate  achievable  for 

Fig.2.  Sublimation/growth  rate  of  AIN  vs  P~  1000  mbar  and  for  chosen  clearance  between  the 

temperature.  Lines  are  the  computational  source  and  seed  surfaces  is  -600  pm/h. 
results,  circles  are  the  experimental  data  of  The  large  difference  in  the  growth  rate  under  N- 
this  work.  rich  and  Al-rich  conditions  seen  in  Fig.2  is  attributed 

to  extremely  low  N2  sticking  probability  onto  the  AIN 
surface  [4].  Indeed,  under  Al-rich  conditions  nitrogen  is  the  species  limiting  AIN  growth  while 
under  N-rich  conditions  the  growth  rate  is  controlled  by  Al  possessing  no  kinetic  limitation  for  the 
incorporation  into  the  solid.  The  difference  in  the  sticking  probabilities  of  Al  and  N2  results  also  in 


0.35  0.40  0.45  0.50  0.51 
1000/Temperature  (K) 

Fig.l.  Comparison  of  computed  AIN 
growth  rates  obtained  with  the  l-AI  and 
AlN-powder  sources. 


P  - 1  atm 
AT  =12 K 


3  1 0°  /  /  Al-rich 

3  U  :  ,  / 

- < - 1 - . - 1 1 . - 1 _ , _ 

1800  2000  2200  2400  260( 

Temperature  (°C) 

Fig.2.  Sublimation/growth  rate  of  AIN  vs 
temperature.  Lines  are  the  computational 
results,  circles  are  the  experimental  data  of 
this  work. 
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the  fact  that  maximum  growth  rate  can  be  reached  under  a  nitrogen  excess  rather  than  in  a 
stoichiometric  vapor  as  assumed  in  [6].  To  find  the  conditions  providing  maximum  growth  rates,  we 


varied  pressure  and  temperature  in  a 
wide  range  and  calculated  the 
corresponding  growth  rates  of  the 
crystal.  Results  of  the  computations  are 
summarized  in  Fig. 3.  One  can  see  that 
the  growth  rate  increases  with 
temperature,  and  that  a  higher  pressure 
is  necessary  to  reach  the  maximum 
growth  rate  at  a  higher  temperature. 
Fig.3  shows  that  low  pressures  are  not 
favorable  for  achieving  high  AIN 
growth  rates.  This  is  because  the 
temperature  range  employed  for  AIN 
growth  is  limited  from  the  top  by  the 
critical  temperature  Tc  which  decreases 
with  pressure.  The  relationship 
between  the  temperature  and  the 


Fig.3.  Computed  AIN  growth  rate  as  a  function 
of  temperature  and  pressure. 

pressure  providing  maximum  growth  rate  is 
plotted  in  Fig.4.  It  is  seen  that  at  T  >  2300°C 
the  optimum  pressure  lies  in  the  range  of 
1000-2000  mbar. 

The  above  consideration  shows  the  critical 
pressure  resulting  in  the  growth  failure  to  be 
an  important  factor  for  the  sublimation 
technique.  The  existence  of  the  critical 
pressure  Pc  has  been  predicted  within  the 
one-dimensional  approach  suggested  in  [4].  At 


P<PC  the  approach  is  no  longer  valid.  To 
understand  better  the  processes  occuning  in  the 
growth  system  near  the  critical  pressure  we 
carried  out  two-dimensional  simulation  of  the 


Fig.4.  Relationship  between  the  temperature  and 
pressure  providing  maximum  AIN  growth  rate. 


AIN  growth  in  the  sandwich  system.  For  the  simulation,  we  additionally  assumed  that  the  walls  of 


the  growth  cell  were  chemically  inert. 

The  geometry  of  the  sandwich  cell  is  shown  schematically  in  Fig.5.  AIN  powder  is  placed  at  the 
bottom  of  the  cell  whereas  the  seed  is  on  the  top.  The  openings  providing  species  exchange  between 


the  cell  and  ambience  are  located  near  the  seed  surface. 


Fig.5  displays  the  gas  flow  streamlines  and  the  A1  concentration  in  the  growth  cell  at  a  pressure 
greater  (a)  and  lower  (b)  than  the  critical  one.  At  P  >  Pc  the  flow  is  directed  from  the  source  to  the 
seed  and  has  a  nearly  one-dimensional  character.  A  similar  behavior  exhibits  the  gradient  of  A1 
concentration.  This  supports  the  one-dimensional  approach  [4]  based  on  the  assumption  that  the 
reactive  species  transport  in  the  cell  occurs  predominantly  from  the  source  surface  to  the  seed.  In 
contrast,  at  P  <  Pc  the  gas  flow  pattern  is  essentially  two-dimensional.  One  can  see  that  both  the 
powder  source  and  the  seed  sublime  and  the  gas  mixture  goes  out  of  the  cell  through  the  openings. 
In  this  case  A1  becomes  uniformly  distributed  over  the  sandwich  cell  and  transport  of  the  reactive 
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species  occurs  via  convection.  The  origin  of  the  critical  effect  is  that  the  sum  of  A1  and  N2  partial 
pressures  at  the  seed  and  source  surfaces  becomes  higher  than  the  total  pressure  controlled  by 


Seed  surface 


(a) 


ambience.  Under  these  conditions  the  gas 
mixture  has  to  flow  out  of  the  growth  cell. 

The  computations  show  that  transition 
from  the  AIN  growth  to  sublimation  on  the 
seed  occurs  drastically  in  a  narrow  range  of 
pressure  variation  near  the  critical  value  Pc . 
At  P  >  Pc  the  results  obtained  by  the  one¬ 
dimensional  and  by  the  two-dimensional 
approaches  are  found  to  agree  well  with  each 
other. 


Seed  surface 


(b) 

Fig.5.  Gas  flow  streamlines  (right)  and  A1  concen¬ 
tration  (left)  computed  (a)  for  0.2  atm  (P  >  Pc)  and 
(b)  for  0.1  atm  (P  <  Pc )  at  2200°C,  AT=  4  K  and 
c  =  3  mm  .  The  color  gradation  from  white  to  black 
corresponds  to  the  increase  of  concentration. 


Summary 

In  this  work,  sublimation  growth  of  AIN 
crystals  in  a  sandwich  system  is  studied  both 
theoretically  and  experimentally.  The  study 
was  focused  on  optimization  of  the  growth 
condition  to  achieve  maximum  growth  rates. 
At  T  <  2300°C  an  optimal  pressure  providing 
maximum  growth  rate  lies  in  the  range  of 
500-100  mbar.  The  growth  rates  ~  1  mm/h 
can  be  obtained  at  T  >  2300°C  and  at  the 
pressure  varied  between  1000  and  2000 
mbar. 

We  have  shown  that  allowable  variation 


of  the  growth  parameters  (temperature  and 
pressure)  is  limited  by  the  existence  of  a  critical  pressure  below  which  the  AIN  growth  fails.  This 
effect  includes  a  drastic  transformation  of  the  gas  flow  pattern  from  nearly  one-dimensional  to 
essentially  two-dimensional,  accompanied  by  the  transition  from  AIN  growth  to  sublimation  on  the 
seed. 


From  comparison  of  the  one-dimensional  and  two-dimensional  approaches  we  have  found  that 
they  agree  well  with  each  other  at  P  >  Pc  .  This  allows  one  to  use  the  simple  one-dimensional 
model  [4]  for  quantitative  analysis  of  the  AIN  growth  by  sublimation  technique. 
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Abstract.  By  conventional  transmission  electron  microscopy  (CTEM)  investigations  on  2H-A1N 
films  grown  by  plasma-assisted  molecular  beam  epitaxy  (MBE)  on  Si(001)  the  influence  of  the  off- 
axis  angle  of  the  substrate  surface  on  the  film  structure  was  studied.  Three  types  of  Si(001) 
substrates  were  used:  on-axis,  ~1°,  and  ~5°  off-axis  Si(001)  substrates.  The  AIN  layer  on  an  exact 
oriented  Si(001)  substrates  consists  of  3  AIN  film  domains:  two  main  film  domains,  AlNi  and  AIN2, 
and  a  small  domain  A1N3  at  substrate  surface  defects.  Their  c-axis  orientations  are  parallel  to  the  c- 
axis  of  the  substrate:  [0001]  AIN  1,2,3 1|  [001] Si.  The  a-axes  of  AlNi  and  AIN2  rotated  by  30°  to  each 
other:  [11  20]AlNi  ||  [01 1  0]A1N2  ||  [1  1  0]Si  [3].  The  a-axis  orientation  of  A1N3  is  [01  1  0]A1N3  || 
[100]Si.  In  2H-A1N  films  grown  on  off-axis  Si(001)  substrates  (-1°  and  ~5°)  the  ratio  between  the 
AlNi  and  AIN2  film  domains  changes  dramatically  as  far  as  a  single  domain  film  structure 
consisting  of  only  AlNi  is  reached.  The  AIN  c-axes  of  all  domains  on  the  off-axis  substrates  are  not 
parallel  to  the  Si  c-axis  but  tilted  by  the  off-axis  angle  of  the  Si(001)  substrate  (~1°  respectively 
~5°),  i.e.  [0001]A1N  is  parallel  to  the  Si(001)  substrate  surface  orientation. 

Introduction 

Aluminium  nitride  (AIN)  is  a  promising  material  as  a  wide  band-gap,  high  temperature,  radiant 
resistant  semiconductor.  It  exists  in  the  thermodynamically  stable  wurtzite  phase  (basal  plane  lattice 
parameter  a  =  0.3112nm  [1])  but  also  in  the  zincblende  polytype  [2].  Wurtzite  AIN  (2H-A1N) 
deposited  on  commonly  used  silicon  (Si)  (001)  substrates  (lattice  parameter  a  =  0.54307nm)  is  a 
good  solution  as  a  template  substrate  for  Ill-nitride  electronic  and  optoelectronic  devices.  The 
successful  AIN  film  epitaxy  on  Si(001)  would  allow  to  integrate  the  group  Ill-nitride  technology 
into  the  mature  silicon  technology.  Especially  the  growth  of  single  domain  AIN  films  on  Si  (001)  is 
a  challenging  task  for  heteroepitaxy  due  to  the  mismatch  in  the  lattice  parameters  and  the  different 
crystallographic  symmetry  of  the  hexagonal  closed-packed  (0001)A1N  lattice  plane  (six-fold 
symmetry)  and  the  (001)Si  substrate  surface  plane  (four-fold  symmetry). 

Experimental 

AIN  films  were  grown  in  a  home-made  plasma-assisted  molecular-beam  epitaxy  (PAMBE)  system 
equipped  with  a  radio-frequency  plasma  source  for  activated  nitrogen  supply  and  using  thermally 
evaporated  aluminium.  Three  different  Si(001)  substrate  surfaces  were  prepared:  A)  on-axis  (±0.5°) 
(for  details  [3]),  and  off-axis  substrates  with  B)  about  1°  (±0.5°) ,  and  C)  about  5°  (±0.5°)  tilt  of  the 
substrate  surface  orientation  towards  [110] Si  (for  details  [4]).  Thin  plan- view  (pv)  and  cross- 
sectional  (xs)  foils  for  conventional  transmission  electron  microscopy  (CTEM)  investigations  were 
prepared  using  standard  techniques.  For  the  CTEM  studies  a  JEOL  JEM  3010  at  300kV  was  used. 
Plan-view  specimen  of  the  2H-A1N/Si(001)  heterosystem  were  examined  in  [0001]  AIN  zone  axis 
and  the  cross-section  specimen  in  [1  1  0]Si  zone  axis  orientation. 
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2H-A1N  on  on-axis  Si  (001)  substrate 

Fig.l  shows  CTEM  images  of  a  AIN  film  grown  on  an 
exact  (±0.5°)  oriented  Si(001)  substrate  in  plan- view 
(pv)  orientation.  In  the  diffraction  pattern  (DP)  inserted 
in  the  upper  right  comer  of  the  bright-field  (BF)  image 
(Fig. la)  the  reflexes  indicate  an  unusual  12-fold 
symmetry.  The  dark-field  (DF)  images  in  Fig. lb  and  lc, 
where  lb  was  taken  with  the  reflection  marked  by  a 
square,  and  lc  with  the  reflection  marked  by  a  cycle, 
explain  this  phenomenon  as  two  usual  6-fold 
symmetrical  reflex  systems  of  hexagonal  2H-A1N  in  c- 
axis  viewing  direction.  Therefore  the  AIN  film  consists 
of  two  main  film  domains  with  a  30°  rotation  of  their  a- 
axes  orientations  to  each  other.  The  ratio  of  these 
domains  in  the  entire  film  is  approximately  1:1.  At  some 
areas  of  the  film  (see  DF  image  in  Fig.  Id)  the  DP  shows 
a  third  weak  6-fold  symmetrical  spot  system  in  addition 
(marked  by  a  triangle  in  the  inserted  DP  in  Fig. Id).  The 
a-axes  of  the  third  2H-A1N  domain  have  a  15°  rotation  in 


Figure  1  pv-CTEM  images  of  the  AIN  film 
grown  on  on-axis  Si(001)  substrate,  (a)  BF 
image  with  the  inserted  DP.  (b)-(d)  DF  images 
taken  with  the  reflexes  marked  by  a  square  (b), 
by  a  cycle  (c),  and  by  a  triangle(d) 

respect  to  the  two  main  domains.  In  cross- 


sectional  (xs)  view  (Fig.2)  we  can  determine  the  crystallographic  orientation  between  the  AIN  film 


and  the  Si(001)  substrate.  The  xs-CTEM  images  were  taken  in  the  [1  1  0]Si  zone  axis.  Additionally 
©  to  the  Si  reflections,  the  DP  in  Fig.2b  shows  the 


[11  20]AlNi  and  the  [01  1  0]A1N2  zone  axis  orientation 
at  the  same  time,  which  confirmed  the  existence  of  two 
main  domains.  This  can  be  explained  by  two  completely 
identical  symmetry  fittings  of  the  6-fold  (0001) AIN 
lattice  plane  on  the  4-fold  (001)Si  plane.  The  reflections 
(0002)A1N  and  (002)Si  are  in  one  row  (see  Fig.2b).  That 
means,  the  c-axes  of  AlNi  and  A1N2  are  parallel  to  the  Si 
(001)  surface  orientation,  i.e.  in  case  of  this  on-axis 
substrate:  [0001] AIN  ||  [001] Si.  In  Fig.2c  the  DF  image 
was  taken  by  a  reflection  of  the  AlNi  domain  (marked 
by  a  square)  and  the  DF  image  in  Fig.2d  by  a  reflection 
(encycled)  of  the  A1N2  domain.  This  corresponds  to  the 
pv  DF  images  in  Fig. lb  and  lc.  Figs.2c  and  2d  are  also 
nearly  complementary  except  small  AIN  crystals  in  the 
film  at  the  film  substrate  interface  which  can  be  seen  in 
Fig.2e.  This  DF  image  was  taken  after  a  1 5°  tilt  of  the 
TEM  specimen  along  the  interface.  That  corresponds 
equal  to  a  third  domain  (AIN3)  with  an  a-axis  orientation 
of  [0110]A1N3  ||  [100]Si  where  the  AIN3  c-axis  is 
parallel  to  the  Si  substrate  c-axis  as  was  the  case  for 
AlNj  and  A1N2.  The  existence  of  the  A1N3  film  domain 
is  caused  by  irregularities  at  the  Si  substrate  surface 
(arrowed  in  the  BF  image,  Fig.2a)  which  are  likely  to  be 

Figure  2  xs  CTEM  images  in  [1  1  0]Si  viewing  direction  of  the  AIN 
film  grown  on  on-axis  Si(001).  (a)  BF  image,  (b)  DP,  (c),(d)  DF 
images  taken  with  the  reflexes  marked  by  a  square  (c)  and  by  a  cycle 
(d),  (e)  DF  image  after  a  15°  tilt  along  the  film  substrate  interface. 
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caused  by  Si  diffusion  on  the 
substrate  surface. 


2H-A1N  on  ~1°  off-axis  Si(001) 


Fig.3  shows  the  pv  CTEM  images 
of  a  AIN  film  grown  on  a  ~1° 

(±0.5°,  tilted  towards  [1 1 0]Si)  off-  Figure  3  pv-CTEM  images  of  the  AIN  film  grown  on  a  ~1°  off-axis  Si 
axis  Si(001)  substrate  surface.  The  (001)  substrate,  (a)  BF  image  (inserted  DP),  (b),(c)  DF  images  taken  with 
DP  inserted  in  the  BF  image  in  the  reflections  marked  by  a  square  (b)  and  by  a  cycle  (c) 

Fig.3  a  indicates  two  reflex  systems  with  6-fold  symmetries  but  with  different  spot  intensities.  The 
DF  image  in  Fig. 3b  was  taken  with  the  reflex  of  the  more  intensive  system  marked  by  a  square  in 
the  DP,  and  Fig.3c  taken  with  a  weak  reflex  marked  by  the  cycle.  The  AIN  film  consists  of  the  same 
(a)  ^  two  film  domains  like  in  the  on-axis  case,  but  the  ratio  is 

approximately  2:1. 

Fig.4  shows  the  corresponding  xs-CTEM  images  in 
the  [1  1  0]Si  zone  axis  orientation.  In  the  DP  (inserted  in 
the  BF  image,  Fig.4a)  again  the  [1120]AlNi  and  the 
[01 1  0]A1N2  zone  axis  orientation  can  be  indicated.  The 
c-axes  orientation  (marked  with  “AIN”  and  “Si”  in  the 
DP  in  Fig.4a)  are  tilted  towards  each  other  by  the  off- 
axis  angle  (~1°)  of  the  Si(001)  substrate,  i.e.  the  film  c- 
axis  is  parallel  to  the  substrate  surface  orientation.  In 
Fig.4b  the  DF  image  was  taken  by  a  reflection  of  the 
AlNi  domain  (marked  by  a  square  in  the  DP)  and  the  DF 
image  in  Fig.4c  by  a  reflex  of  the  A1N2  domain 
(encycled).  Fig.4b  and  4c  as  well  as  Fig.3b  and  3c  are 
complementary.  No  AIN3  orientation  were  revealed. 


2H-A1N  on  ~5°  off-axis  Si(001) 

The  pv  CTEM  images  in  Fig. 5  show  an  almost  single 
Figure  4  xs  CTEM  images  in  [1 10] Si  of  the  jomajn  structure  of  the  AIN  film  grown  on  an  off-axis 
AIN  film  grown  on  a  ~1°  off-axis  Si  (001)  *.  -  «  .  ,  ,  /. 

substrate.  (a^BF  image  with  inserted  DP,  (b),(c)  Sl(001>  substrate  surfacej  whlcb  ^ '  a  ^ 
DF  images  of  the  two  AIN  film  domains  orientation  tilted  ~5  (±0.5  )  towards  [110]Si.  The  DP 

inserted  in  the  BF  image  in  Fig.  5a  indicates  a  single  6- 
fold  symmetry  of  the  AIN  film.  The  DF  image  in  Fig.  5b  was  taken  with  the  AIN  reflex  marked  by  a 
square  in  the  DP.  This  AIN  domain  contributes  to  the  entire  film  by  approximately  95%.  The  other 
film  parts  have  a  30°  a-axis  rotation  which  can  be  seen  in  the  DP  inserted  in  Fig.5c.  This  DF  image 
was  taken  by  the  reflection  marked 
by  the  a  cycle  in  the  DP  in  Fig.5c. 

The  xs  CTEM  images  in  Fig.6 
determine  the  crystallographic 
orientation  of  the  main  film 
domain  in  respect  to  the  substrate. 

The  BF  image  in  Fig.6a  and  the 

DP  in  Fig.6b  prove  the  existence  .  o  , 

o  •  a  ixt  •  Figure  5  pv-CTEM  images  of  the  AIN  film  grown  on  a  5°  (towards 

of  one  main  AlNi  film  domain  ri®  I  w  ^  ^ 


with  an 


orientation 


[110] Si)  tilted  Si  (001)  substrate  surface,  (a)  BF  image  with  the  inserted 
DP,  (b)  DF  image  taken  with  the  reflection  marked  by  a  square,  (c)  DF 


[11  20]  AIN i  ||  [1  1  0]Si.  The  AIN  image  taken  with  the  encycled  reflection  in  the  inserted  DP 
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Figure  6  xs  CTEM  images  in  [1  1  0]Si  of 
the  AIN  film  grown  on  a  ~5°  off-axis  Si 
(001)  substrate,  (a)  BF  image,  (b)  DP,  (c) 
DF  image  taken  with  an  AIN  reflection 
(marked  by  a  square) 


c-axis  (marked  with  “AIN”  in  the  DP)  shows  a  -5°  tilted  to  Si 
c-axis  (marked  by  “Si)  which  is  equal  to  the  off-axis  angle  of 
the  substrate.  The  AIN  film  c-axis  is  again  parallel  to  the 
substrate  surface  orientation.  The  DF  image  in  Fig.6c,  which 
was  taken  by  a  AlNi  reflection  marked  by  a  square,  confirms 
the  single  domain  structure  of  the  2H-A1N  film. 

The  preferred  appearance  of  the  AlNi  domain  over  A1N2 
may  be  explained  crystallographically  in  the  following  way. 
The  tilt  of  the  Si(001)  substrate  surface  towards  the  [110]  Si 
direction  leads  to  a  better  fit  of  the  film  domain  with  the 
[11 20]AlNi  ||  [1 T 0]Si  orientation.  The  substrate  surface 
lattice  vector  in  [110]  projection  (cosine  of  the  off-axis  angle) 
is  shortened  compared  to  the  on-axis  case.  While  increasing 
the  off-axis  angle  the  resulting  lattice  mismatch  between  the 
AIN]  domain  and  the  Si  in  [110]  direction  is  being  decreased 
in  contrast  to  the  A1N2  domain,  where  the  similar  mismatch  in 
[1 1  0]  projection  remains  unchanged.  By  comparison  of  the 
DP  of  the  on-axis  case  in  Fig.2b  and  the  DP  in  Fig.6b  it  is 
possible  to  see  that  in  the  off-axis  case  the  (1101)A1N 
reflection  (arrowed)  is  aligned  with  the  (TTl)Si  reflection 
(arrowed)  which  may  now  caused  a  less  strained  state  of  the 
film.  It  is  suggested  that  an  off-axis  angle  of  6.64°  leads  to  a 
complete  single  domain  2H-A1N  film  structure  as  that  is  the 
value  at  which  the  (  1  101)A1N  and  the  (1  1  l)Si  reflections  are 
aligned  along  a  symmetry  line  as  marked. 


Summary 

The  influence  of  the  off-axis  angle  of  the  Si(001)  substrate  surface  on  the  heteroepitaxial  2H-A1N 
film  structure  were  studied  by  CTEM  techniques.  On  on-axis  substrate  surfaces  three  AIN  film 
domains  were  found:  AlNi  and  A1N2  with  [11  20]AlNi  ||  [0lT0]AlN2  ||  [ll0]Si,  and  A1N3  with 
[01 1  0]A1N3  ||  [100]Si.  The  c-axis  orientation  of  all  3  film  domains  are  parallel  to  the  c-axis  of  the 
substrate:  [0001] AIN i>2,3  ||  [001]Si.  Using  off-axis  Si(001)  substrates  slightly  tilted  by  about  1°,  it 
has  been  shown  only  one  of  the  three  film  domain  orientation  (AlNi)  is  preferred.  Using  off-axis 
Si(001)  substrates  tilted  as  far  as  about  5°  towards  [1 10]Si,  the  2H-A1N  films  show  an  almost  single 
domain  (AIN*)  film  structure. 


This  work  was  supported  by  the  DFG  (contract  No.  RI 650/5-1)  and  by  HSP  III  (contract  No  H 1- 
916/57/1). 
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Abstract 

Two  dimensional  hole  (2DHG)  and  electron  gases  (2DEG)  in  wurtzite  GaN/AlxGai.xN/GaN 
heterostructures  are  induced  by  piezoelectric  and  spontaneous  polarization.  The  sheet  carrier 
concentration  and  the  electronic  transport  properties  of  the  two  dimensional  carrier  gases  located 
close  to  one  of  the  AIGaN/GaN  interfaces  are  therefore  sensitive  to  a  high  number  of  different 
physical  properties  such  as  polarity,  alloy  composition,  strain,  and  barrier  thickness.  In  this  paper,  the 
transport  properties  of  2DEGs  and  2DHGs  with  sheet  carrier  concentrations  between  2x1 012  and 
10 13  cm'2  are  evaluated  by  a  combination  of  C-V  profiling.  Hall  effect  and  Shubnikov-de-Haas 
measurements.  By  comparison  of  theoretical  and  experimental  results  we  demonstrate  that  the 
formation  as  well  as  the  transport  properties  of  two  dimensional  carrier  gases  in  GaN/AlGaN/GaN 
heterostructures  are  dominated  by  polarization  induced  interface  charges. 


Introduction 

Recent  investigations  of  undoped  AIGaN/GaN  heterostructures  have  shown  that  two-  dimensional 
electron  gases  with  high  sheet  carrier  concentration  forming  the  device  channel  of  high  electron 
mobility  transistors  are  generated  by  positive  polarization  induced  interface  charges  [1].  Kozodoy  et 
al.  observed  an  enhancement  of  the  hole  concentration  by  over  five  orders  of  magnitude  in  Mg- 
doped  AIGaN/GaN  superlattices  compared  to  bulk  Mg:GaN  films.  The  high  sheet  hole  concentration 
of  the  superlattices  demonstrates  the  pivotal  role  of  polarization  induced  interface  charges  in 
determining  the  band  structure  of  p-type  AIGaN/GaN  heterostructure  and  the  accumulation  of  holes 
with  high  concentration  in  the  GaN  wells  [2], 

In  this  paper  we  will  discuss  additional  aspects  of  the  formation  and  electronic  transport  properties  of 
two  dimensional  electron  and  hole  gases  in  GaN/AlGaN/GaN  heterostructures  grown  by 
metalorganic  chemical  vapor  deposition  and/or  plasma  induced  molecular  beam  epitaxy  [1,  3], 
Conduction  and  valence  band  profiles  are  calculated  in  order  to  determine  the  carrier  distribution  and 
the  formation  of  two  dimensional  carrier  gases  at  interfaces  of  heterostructures  with  N-  and  Ga-face 
polarity,  taking  polarization-induced  interface  charges  into  account.  The  theoretical  predictions  for 
AlxGai_xN/GaN  based  structures  with  different  alloy  composition  of  the  barriers  are  compared  to 
experimental  results  achieved  by  a  combination  of  C-V  profiling.  Hall  effect  and  Shubnikov-de  Haas 
measurements. 

Formation  of  2DEGs  and  DHGs 

Bemardini  et  al.  have  predicted  that  spontaneous  polarization,  PSp,  is  present  in  wurtzite  group  III 
nitride  crystals  [4].  The  calculated  values  of  spontaneous  polarization  are  large  and  increase  from 
GaN  to  AIN.  The  piezoelectric  constants  also  increase  from  GaN  to  AIN,  leading  to  a  larger 
piezoelectric  polarization,  PPE,  of  AIN  compared  to  GaN  for  the  same  amount  of  strain.  To  discuss 
the  carrier  confinement  in  group  III  nitride  based  heterostructures,  we  will  restrict  ourselves  to 
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GaN/AlGaN  heterostructures  grown  pseudomorphically  on  top  of  thick  relaxed  GaN  buffer  layers.  In 
this  particular  case  AlxGai_xN  barrier  layers  are  under  tensile  strain  and  the  piezoelectric  as  well  as 
the  spontaneous  polarization  are  pointing  in  the  same  direction.  Since  the  value  of  the  negative 
spontaneous  polarization  and  the  tensile  strain  of  the  barrier  both  become  larger  with  increasing  A1 
concentration,  an  increase  of  total  polarization,  P  =  PSP  +  PPE ,  has  to  be  expected.  To  calculate  the 
spontaneous  and  piezoelectric  polarization  of  AlGaN  alloys,  we  are  using  a  linear  interpolation 
between  the  spontaneous  polarization,  piezoelectric  and  elastic  constants  of  the  binary  compounds 
discussed  in  more  detail  in  Ref.  [1,  4,  5].  As  a  consequence  of  the  higher  value  of  polarization  of 
AlGaN  compared  to  GaN,  at  an  abrupt  AlGaN/GaN  interface  the  gradient  in  polarization  causes  a 
bound  polarization  interface  charge: 

AlGaN  IGaN)  =  P(GaN)  -  P(AlGaN)  = 

Psp  (GaN)  -  {Psp  (AlGaN)  +  PPE  (A  IGaN)}  =  -a  (GaN  /  A  IGaN)  ^ 

The  value  of  the  polarization  induced  sheet  charge,  a/e,  versus  Al-concentration  of  the  barrier  ,  x, 

can  be  approximated  by  y  (. x )  =  (6.411013cw"2)x-(1.17  ■  1013ctw"2)-  (1  -  x).  (2) 

The  sign  of  the  bound  interface  charge  in  AlGaN/GaN  heterostructures  is  determined  by  the  polarity. 
For  crystals  with  Ga(Al)-face  polarity,  one  bilayer  consists  of  a  Ga(Al)  layer  above  the  N  layer.  As  a 
consequence,  the  total  polarization  of  AlGaN  and  GaN  is  pointing  from  the  surface  towards  the 
sapphire  substrate,  the  gradient  in  polarization  at  the  interface  becomes  negative  and  the  bound 
charge  density  positive.  If  the  polarity  is  flipped  to  N-face,  one  bilayer  consists  of  a  nitrogen 
monolayer  which  is  located  above  a  metal  monolayer.  Therefore,  the  orientation  of  polarization,  the 
sign  of  the  polarization  gradient,  and  of  the  interface  charge  are  inverted. 

N-face  Ga-face 


depth  [A] 


Figure  1.  Hole  concentration  versus  depth  determined  by  C-V profiling  in 
GaN/AlGaN/GaN  heterostructures  with  N-  or  Ga-face  polarity. 

The  positive  polarization  induced  interface  charge  can  be  compensated  by  electrons  leading  to  the 
formation  of  2DEGs.  In  n-type  Ga-face  (N-face)  GaN/AlGaN/GaN  heterostructures,  this  2DEG  is 
located  at  the  lower  (upper)  AlGaN/GaN  (GaN/AlGaN)  interface.  In  analogy,  2DHGs  in  p-type  Ga- 
face  (N-face)  GaN/AlGaN/GaN  heterostructures  are  located  at  the  upper  (lower)  GaN/AlGaN 
(AlGaN/GaN)  interface.  To  provide  experimental  evidence  for  these  theoretical  predictions  we  have 
deposited  n-  and  p-type  doped  GaN/AlGaN/GaN  heterostructures  by  plasma  induced  molecular 
beam  epitaxy  (PIMBE)  [1].  Hole  accumulation  located  at  the  lower  (upper)  interface  of  Ga-  (N-)face 
heterostructures  with  sheet  carrier  concentrations  of  0.4xl013  (2.0xl013  cm"2)  were  observed  in 
agreement  with  our  predictions. 

Based  on  the  present  theoretical  understanding  of  the  polarization  induced  charge  we  now  wish  to 
determine  quantitatively  the  sheet  carrier  concentration  of  two-dimensional  carrier  gases  and  its 
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dependence  on  alloy  composition.  To  enable  the  determination  of  the  sheet  carrier  concentration  and 
carrier  distribution  profile  in  AlGaN/GaN  structures,  including  spontaneous  and  piezoelectric 
polarization  induced  bound  sheet  charges  as  well  as  the  splitting  of  the  valence  band  maximum  due 
to  crystal  field  and  spin  orbit  coupling,  we  have  used  a  modified  one  dimensional  Schrodinger- 
Poisson  solver  [6]. 
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In  Fig. 2,  the  band  edge  profiles  and  carrier  distribution  profiles  are  shown  for  Ga-face  and  N-face 
Ni/AlosGaovN/GaN  (50/30/2000  nm)  heterostructure.  A  2DEG  is  obtained  close  to  the  interface 
with  a  sheet  carrier  concentration  of  1.4xl013  cm'2,  in  good  agreement  with  the  experimental 
observations.  To  allow  hole  confinement  close  to  the  AlGaN/GaN  interface  the  polarity  of  sample 
has  to  be  N-face.  Using  a  p-doped  barrier  ([Mg]  =  5x1 019  cm3)  a  2DHG  with  a  sheet  carrier 
concentration  of  1  6xl013  cm-2  should  result.  In  both  cases  the  formation  of  hole  and  electron  gases  is 
dominated  by  the  polarization  induced  interface  charge  of  o/e(x  -  0.3)  =  1.68x10  cm  In  Fig. 3  the 
calculated  sheet  carrier  concentrations  of  2DEGs  and  2DHGs  are  shown,  demonstrating  the 
opportunity  to  change  the  sheet  carrier  concentrations  of  two  dimensional  carrier  gases  in 
AlGaN/GaN  heterostructures  by  the  alloy  composition  of  the  barrier. 


Figure  3  (above).  Sheet  carrier  concentration 
versus  Al-concentration  of  the  AlGaN-barrier 
for  2DEGs  and  2DHGs  in  GaN. 

Figure  2  (left).  Carrier  concentration  profiles 
and  band  edges  for  Ga-  and  N-face  Ni/- 
AlGaN/GaN  heterostructures.  A  2DEG  and  a 
2DHG  with  sheet  carrier  concentrations 
above  1013  cm2  are  predicted. 


Electronit  transport  properties 

Because  of  the  strong  attraction  between  the  bound  interface  charges  and  the  free  carriers,  the 
average  distance  between  the  carriers  and  the  AlGaN/GaN  interface  decreases  with  increasing  Al- 
concentration  and  increasing  sheet  carrier  concentration  dropping  below  20  A  for  x  >  0.25.  As  a 
consequence,  the  drift  mobility  should  be  much  more  affected  by  interface  roughness  scattering  in 
AlGaN/GaN  heterostructures  in  comparison  to  AlGaAs/GaAs  heterostructures,  where  polarization 
induced  interface  charges  are  absent.  To  evaluate  the  transport  properties  of  2DEGs  with  different 
sheet  carrier  concentrations,  we  have  performed  temperature  dependent  Hall-measurements  and 
Shubnikov-de-Haas  experiments  in  tilted  magnetic  fields  (Fig.4  and  5).  For  sheet  earner 
concentrations  of  2.1xl012  cm2,  a  maximum  mobility  of  28000  cm2/Vs  is  obtained  below  10  K.  At 
room  temperature  2DEG  mobilities  between  1320  and  1610  cm2/Vs  are  observed,  increasing 
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proportional  to  1/T3 4 5 6 7  with  decreasing  temperature.  For  temperatures  below  100  K,  a  further  decrease 
in  temperature  results  in  no  or  only  a  small  enhancement  of  the  mobility,  which  in  AlGaAs/GaAs 
heterostructures  is  explained  by  significant  scattering  of  electrons  due  to  ionized  impurities.  Note 
at  contrary  to  AlGaAs/GaAs  heterostructures  [6],  a  decrease  of  the  low  temperature  mobility 
Pzdeg,  is  observed  with  increasing  sheet  carrier  concentration,  it,  (p2DEG  oc 1  ns<-u±0'2>),  so  the  limiting 
scattenng  mechamsm  m  AlGaN/GaN  heterostructures  must  be  different.  In  addition  to  the  Hall  effect 
measurements,  we  performed  low  temperature  (430  mK)  Shubnikov-de-Haas  (SdH)  experiments. 
The  quantum  scattenng  time,  xq>  was  measured  to  be  0.23  ps  at  magnetic  fields,  that  were  tilted  with 
respect  to  the  2DEG  plane  normal,  and  compared  with  the  transport  scattering  time  t,.  The  ratio  x,/tq 
10  indicates  that  the  scattering  of  electrons  is  dominated  by  small  angle  scattering  mechanisms. 


Figure  4.  2DEG-mobility  versus  temperature  for  Figure  5.  SdH-measurements  at  tilted 

AlGaN/GaN  heterostructures  with  different  sheet  magnetic  fields.  The  sheet  carrier  con- 

carrier  concentrations.  centration  of  the  2DEG  is  2.4xl0‘2  cm2. 

The  reduction  of  mobility  with  increasing  sheet  carrier  concentration  indicates  a  significant 
contnbution  of  interface  roughness  scattering  to  the  scattering  mechanism  of  electrons  as  predicted 
by  Oberhuber  et  al.  [7],  Beside  the  scattering  due  to  impurities,  scattering  caused  by  interface 
roughness  is  limiting  the  mobility  at  low  temperatures.  Interface  roughness  becomes  important 
because  of  the  low  average  distance  of  the  carriers  towards  the  AlGaN/GaN  interface  due  to  the 
presence  of  polarization  induced  interface  charges. 
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Abstract.  We  present  an  optical  study  of  an  Ino.12Gao.88N/GaN  structure  containing  three  quantum 
wells  (QW)  grown  by  metalorganic  vapor  phase  epitaxy  using  mass  transport.  The  mass-transport 
regions  demonstrate  a  high  structural  quality  with  a  threading  dislocation  density  less  than  107  cm 
2.  The  photoluminescence  (PL)  spectrum  is  dominated  by  a  40  meV  -  narrow  line  centered  at  2.97 
eV  at  2  K.  This  emission  has  a  typical  PL  decay  time  about  5  ns  at  2  K  within  the  PL  contour.  An 
additional  line  with  longer  decay  time  (about  200  ns)  is  observed  at  an  energy  of  -2.85  eV.  The 
position  of  this  line  shifts  towards  higher  energies  with  increasing  excitation  power.  The  data  are 
explained  in  terms  of  a  model,  where  the  PL  originates  from  two  nonequivalent  quantum  wells, 
which  could  be  realized  due  to  a  potential  gradient  across  the  layers. 


Introduction 

InGaN/GaN  heterostructures  are  presently  of  high  interest  due  to  their  successful  application  for 
fabrication  of  highly  efficient  blue  and  green  light  emitting  diodes  and  violet  laser  diodes  [1,  2]. 
Further  device  development  demands,  however,  a  higher  structural  quality  of  the  material.  It  is 
also  important  to  understand  the  recombination  mechanisms  in  such  structures.  However,  the 
physics  of  InGaN/GaN  MQWs  is  still  far  from  a  complete  understanding.  The  previous  studies 
have  revealed  a  variety  of  optical  properties  as  well  as  different  interpretations.  In  this  work  we 
report  on  the  optical  properties  of  a  high  quality  InGaN/GaN  MQW  structure  grown  by 
metalorganic  vapor  phase  epitaxy  (MOVPE)  utilizing  the  mass  transport  overgrowth  technique  [3, 
4]. 

Experimental 

A  nominally  undoped  GaN  layer  of  thickness  7  pm  was  grown  by  MOVPE  on  a  (0001)  sapphire 
substrate  with  an  AIN  buffer  layer  [4].  Micrometer-sized  structures  (lines)  on  the  GaN  surface 
were  etched  and  after  that  the  structure  was  annealed  at  1100  °C  in  ammonia,  which  results  in  mass 
transport  and  lateral  overgrowth  of  the  etched  areas.  Finally,  three  InGaN  quantum  wells  of  width 
35  A  separated  by  105  A  thick  GaN  barriers  were  grown  on  top  of  such  a  GaN  layer.  In  the 
following  we  will  refer  to  overgrown  areas  as  mass-transport  regions,  and  others  -  non-transport. 


792 


Silicon  Carbide  and  Related  Materials 


On  the  same  wafer  three  different  areas  with  different  line-spacing  were  fabricated:  3x3  pm,  5x5 
pm  and  10x10  pm.  The  GaN  barriers  were  doped  with  Si  to  a  concentration  about  1018  cm’3. 
Cathodoluminescence  (CL)  was  measured  using  a  standard  Leo  1500  Gemini  scanning  electron 
microscope  (SEM)  with  a  MonoCL2  system.  The  third  harmonic  (kexc  =  266  nm)  from  a 
Tirsapphire  fs  laser  with  a  pulse  frequency  of  250  kHz  has  been  used  for  optical  excitation  in  the 
time-resolved  PL  measurements.  The  photoluminescence  signal  was  detected  by  a  time-correlated 
photon  counting  system  with  time  resolution  better  than  200  ps. 

Results  and  discussion 

The  sample  surface  is  flat,  without  pit  defects,  as  demonstrated  by  SEM  (Fig.  1(a)).  However,  we 
have  found  from  cathodoluminescence  measurements  (Fig  l(b,  c))  that  the  mass-transport  regions 
have  much  higher  structural  and  optical  quality  compared  to  the  non-transport  regions.  We  have 
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Fig.  1.  (a)  SEM  image  of  the  sample  surface;  (b)  and  (c)  panchromatic  CL  images 
taken  at  T=  5  K  at  the  border  between  areas  with  line/spacing  width  5x5  pm  and 
10x10  pm,  respectively  (b)  and  3x3  pm  and  5x5  pm,  respectively  (c).  Bright  areas  has 
higher  emission  intensity,  and  corresponds  to  mass-transport  region. 

estimated  from  CL  patterns  that  the  average  threading  dislocation  density  is  about  108  cm’2  for 
non-transport  and  about  107  cm'2  for  mass-transport  regions,  respectively.  These  values  correlate 
with  data  obtained  from  transmission  electron  microscopy  observations  [4].  Thus,  the  structural 
improvement  is  significant  for  the  mass-transport  regions.  The  optical  and  structural  properties  are 
similar  for  the  three  areas  with  different  line/spacing,  thus  in  the  following  we  will  not  mention 
which  area  is  studied. 

The  photoluminescence  (PL)  spectra  measured  at  low  temperature  and  at  low  excitation  power  are 
dominated  by  a  PL  line  XI  centered  at  2.967  eV  with  full  width  at  half  maximum  (FWHM)  of  40 
meV  at  low  excitation  density  (see  Fig.  2(a),  solid  line).  This  peak  is  most  likely  connected  with 
the  fundamental  two-dimensional  (2D)  exciton  localized  in  one  of  the  QWs.  However,  besides  this 
QW  exciton  transition  the  PL  spectrum  demonstrates  an  additional  line  X2  with  position  at  ~2.85 
eV  and  FWHM  of  70  meV.  This  second  line  is  accompanied  by  two  LO  phonon  replicas.  The 
position  of  X2  moves  to  higher  energies  (the  shift  is  about  50  meV)  with  increasing  excitation 
power  and  its  intensity  becomes  comparable  with  the  intensity  of  the  main  line  XI,  which,  in 
contrast,  does  not  move  with  the  excitation  power  (see  Fig  2(a),  dashed  line).  The  XI  line  is  also 
accompanied  by  a  LO  phonon  replica,  however,  its  position  is  very  close  to  the  X2  peak,  and  thus 
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Fig.  2.  (a)  PL  spectra  of  the  InGaN/GaN  MQW  measured  at  low  excitation  density  (solid  line) 
and  at  high  excitation  density  (dashed  line),  (b)  Temperature  dependent  PL  spectra  measured 
at  low  excitation  density. 

not  resolved.  The  peak  energies  of  both  lines  are  temperature  independent  and  the  X2  transition 
can  not  be  detected  at  temperatures  higher  than  70  K  (Fig.  2(b)). 

Time-resolved  spectra  measured  at  2  K,  70  K,  and  at  250  K  are  shown  in  Fig.  3.  As  we  can  see  in 
Fig.  3(a)  the  temporal  behavior  at  low  temperature  is  quite  different  between  the  XI  line  and  the 
lower  energy  emissions  X2.  The  XI  line  demonstrates  a  near  exponential  PL  decay  with 
recombination  times  about  5  -  8  ns  within  the  PL  contour  (for  the  lower  energy  spectral  side  the 
emission  shows  slightly  slower  decay).  Within  the  X2  line  two  recombination  processes  with 
drastically  different  decay  times  of  5  ns  and  200  ns,  respectively,  have  been  clearly  observed.  The 
PL  decay  curves  measured  at  low  temperature  for  two  different  photon  energies  corresponding  to 
the  XI  and  X2  lines,  respectively,  are  shown  in  Fig.  4(a).  At  temperatures  higher  than  70  K  the 
recombination  dynamics  became  similar  within  the  whole  PL  spectrum  and  only  the  process  with 
shorter  decay  time  can  be  detected  as  shown  in  Fig.  3(b)  and  Fig.  3(c).  An  example  of  the  PL 
decay  curve  measured  at  250  K  is  shown  in  the  inset  in  Fig.  4(a).  The  recombination  time  within 
the  PL  spectrum  is  about  3  ns  at  this  temperature.  The  dependence  of  the  recombination  time  on 
temperature  for  the  both  PL  lines  is  shown  in  Fig.  4(b).  For  the  XI  line  the  PL  decay  time 
decreases  slightly  from  5  ns  down  to  3  ns  with  increasing  temperature  up  to  room  temperature.  For 
the  X2  line  position  the  PL  decay  time  decreases  rapidly  from  220  ns  to  6  ns  when  the  temperature 
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Fig.  3.  Time-resolved  spectra  measured  at  different  temperature:  (a)-2  K,  (b)  -  70  K  and 
(c)  -  250  K.  The  time  interval  between  each  time-resolved  spectrum  is  At  =  1.9  ns. 
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Fig.  4.  (a)  PL  decay  curves  measured  for  two  photon  energies  E  =  2.97  eV  and  E  =  2.85 
eV,  corresponding  to  the  XI  and  X2  lines,  respectively,  are  shown  for  low  temperature  2 
K.  The  inset  shows  the  PL  decay  curves  measured  for  the  photon  energy  of  2.98  eV  at 
higher  temperature  (250  K).  (b)  The  PL  decay  times  measured  for  the  XI  line  (E=  2.97 
eV)  and  the  X2  line  position  fE=2.85  eV)  are  shown  as  a  function  of  temperature. 

increases  up  to  ~  40-50  K  and  at  T  =  70  K  the  values  of  the  recombination  times  are  similar  for 
both  lines. 

We  have  clearly  demonstrated  from  time-resolved  PL,  temperature  dependent  and  power 
excitation  dependent  PL  measurements,  that  X2  can  not  be  a  phonon  replica  of  the  MQW  exciton. 
Most  probably  two  (or  three)  nonequivalent  quantum  wells  are  realized  in  the  studied  sample. 
Theoretical  modeling  suggests  a  strong  potential  gradient  close  to  the  surface  of  the  MQW 
structure,  explaining  the  different  spectra  observed  for  the  different  QWs.  The  XI  line  is 
associated  with  an  exciton  (or  free  carrier)  recombination  from  the  quantum  wells  which  has  a 
higher  carrier  filling,  and  hence  a  weaker  piezoelectric  field  [5].  Such  a  quantum  well  should  have 
a  more  flat  potential  profile,  which  explains  the  very  small  shift  with  excitation  intensity  for  this 
line.  The  lower  energy  X2  peak  shifts  much  more  with  excitation,  and  should  then  correspond  to  a 
quantum  well  with  much  smaller  carrier  filling,  i.  e.  a  larger  piezoelectric  field  [5].  Thus,  the  X2 
line  is  probably  connected  with  the  middle  QW,  which  has  a  smaller  screening  of  the  piezoelectric 
field,  and  hence  a  smaller  oscillator  strength  for  the  exciton.  This  is  consistent  with  the  longer  PL 
decay  times  within  the  X2  line.  No  PL  line  corresponding  to  the  QW  closest  to  the  surface  is  seen. 
The  thermal  quenching  of  the  slower  X2  recombination  process  at  70  K  might  be  understood  in 
terms  of  thermal  activation  of  the  carrier  transport  across  the  barriers  in  the  potential  gradient. 
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Abstract  We  report  on  the  optical  properties  of  GaN  grown  on  6H-SiC  and  (1 1 1)  Si  and  exhibiting 
tensile  biaxial  strains  varying  from  nearly  0  up  to  4.5xl0'3.  The  layers  have  been  assessed  by  X-ray 
diffractometry  (strain  measurements),  reflectivity  and  photoluminescence  (PL)  as  a  function  of 
temperature.  Excitonic  GaN  gaps  as  low  as  3.42  eV  at  10  K  are  reported.  For  strains  higher  than 
~1.5xl O'3,  the  low  temperature  PL  is  dominated  by  B-related  donor  bound  excitons,  though  the  B 
free  exciton  is  not  observed  in  a  geometry,  as  expected  from  selection  rules.  Our  results  also  point 
to  a  similar  behavior  for  A  and  B  related  excitonic  luminescence  as  a  function  of  temperature. 

Introduction  In  spite  of  the  steady  progresses  achieved  in  bulk  GaN  crystal  growth  and 
homoepitaxy  [1],  nitrides  devices  are  still  heteroepitaxially  grown  on  various  substrates,  the  most 
widely  used  being  sapphire  and  SiC  [2,3].  Due  to  size,  quality,  availability  and  cost  reasons,  nitride 
epitaxy  on  (111)  Si  substrates  is  also  rapidly  developing  [4].  Heteroepitaxy  is  accompagnied  by 
strain,  due  to  the  lattice  parameter  mismatch  (which  is  always  partially  relaxed),  and  to  the  thermal 
dilatation  mismatch  between  films  and  substrates  [3,5].  GaN  on  sapphire  is  generally  under 
compression  [5],  while  the  growth  of  GaN  on  6H-SiC  using  an  AIN  buffer  layer  results  in  films 
under  very  slight  tension  or  compression  [3,6].  As  such,  the  optical  properties  of  GaN  under  high 
tension  are  still  poorly  known.  Recently,  a  method  was  proposed  for  the  direct  growth  by 
metalorganics  chemical  vapor  deposition  (MOCVD)  of  bidimentionnal  GaN  layers  on  6H-SiC  [6], 
These  layers  exhibited  a  tensile  strain  that  could  be  varied  up  to  4. 5x1  O'3.  In  the  present  work,  the 
photoluminescence  (PL)  and  reflectivity  of  such  layers  are  investigated.  We  also  use  our  results  to 
discuss  the  optical  properties  of  GaN  grown  on  (111)  Si  either  by  MOCVD  or  molecular  beam 
epitaxy  (MBE).  Details  of  the  MOCVD  and  MBE  growth  of  the  samples  investigated  are  given  in 
references  [6]  and  [4]  respectively.  The  PL  and  reflectivity  set-up  is  described  in  reference  [7]. 

Strain  and  optical  properties  The  strain  in  our  layers  has  been  assessed  by  measuring  the  a  and  c 
parameters  by  X-ray  diffraction.  The  results  are  shown  in  figure  1  that  displays  the  out-of-plane 
deformation  z/y,  as  a  function  of  the  in-plane  one  Sxx.  Layers  grown  on  6H-SiC  and  (111)  Si  are 
reported.  The  error  bars  correspond  to  both  the  uncertainty  in  our  lattice  parameter  measurements 
(most  samples  are  only  a  few  hundred  nm  thick),  and  to  the  remaining  uncertainties  of  their  values 
in  relaxed  GaN  [6],  Dashed  lines  show  reported  values  of  2C13/C33,  ratio  of  the  elastic  constants  of 
GaN,  that  range  between  0.60  and  0.46  [6,8,9].  Most  of  our  data,  including  those  corresponding  to 
the  highest  strain,  have  ezz/exx  ~  -0.5.  Hereafter,  our  samples  will  be  assumed  to  be  under  a  biaxial 
(0001)  strain  and  we  shall  use  2Cb/C33=0.53  [8]. 

Some  typical  10  K  band-edge  reflectivity  and  luminescence  spectra  of  GaN  grown  on  SiC  are 
displayed  in  figure  2.  The  spectra  corresponding  to  the  sample  grown  using  an  AIN  buffer  (I, 
Sxx-bxlO-4)  are  typical  of  such  samples  [3,6].  The  main  PL  features  are  due  to  donor  bound 
excitons  recombinations  (I2),  and  A  free  excitons  recombinations.  The  I2-A  separation  is  ~  6  meV, 
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which  is  typical  in  that  kind  of  samples,  and  also  in  GaN/sapphire  samples  [7],  The  reflectivity 
spectrum  displays  A,  B  and  C  polaritonic  features.  The  B  one  is  very  faint  and  only  a  shoulder  near 
the  A  one. 

Turning  now  to  the  sample  directly  grown  on  SiC  (II,  exx~3.6xl0'3),  its  PL  spectrum  is  also 
dominated  by  two  bands,  though  strongly  broadened  due  to  a  large  density  of  structural  defects 
(typically  1010  dislocations/cm2  in  such  samples,  relative  to  109  for  the  previous  one).  The  high 
energy  transition  is  due  to  A  free  excitons  recombinations,  as  shows  the  comparison  with  the 
reflectivity  spectrum.  But  the  main  line,  also  labeled  I2  (see  below),  is  now  15  meV  lower  in  energy 
than  the  A  line.  On  the  reflectivity  spectrum,  also  broadened,  only  A  and  C  excitonic  features  are 
resolved. 


Figure  1:  out-of-plane  deformation  as  a 
function  of  in-plane  deformation  in  tensily 
strained  GaN.  Closed  symbols  are  samples 
grown  on  SiC,  open  ones  on  (1 1 1)  Si. 


Figure  2:  reflectivity  (dotted  lines)  and 
normalized  luminescence  (solid  line)  spectra 
of  two  GaN  samples  grown  on  SiC  with  (I)  or 
without  (II)  an  AJN  buffer. 


To  proceed  further,  we  shall  examine  the  strain  dependence  of  the  excitonic  features  recorded 
through  PL  and  reflectivity.  Figure  3  displays  A,  B  and  C  excitonic  energies  in  our  samples  as  a 
function  ofsxx-  Literature  data  for  GaN  on  sapphire  [10,11]  and  for  homoepitaxial  GaN  [1]  are  also 
given.  The  strain  ranges  from  -2x1  O'3  compressive  to  4. 5x1  O'3  tensile.  As  expected,  the  A  exciton 
energy  varies  linearly  with  strain,  while  B  and  C  ones  show  an  anticrossing.  The  strain  coefficient 
of  the  A  energy  is  dEA/dsxx  =  9.5±1  eV,  in  very  good  agreement  with  references  [5]  and  [12].  We 
mention  however  that  figure  3  should  be  regarded  with  caution.  Indeed,  strain  is  measured  at  room 
temperature,  and  reflectivity  at  10  K.  The  different  variations  of  strain  between  300  and  10  K  for 
different  substrates  manifest  through  different  variations  of  the  energy  of  A.  The  A  band  gap 
typically  increases  of  70±2  meV  when  cooling  from  300  to  10  K  for  GaN  on  sapphire  [7],  but  only 
of  62+2  meV  for  GaN  on  SiC  (and  ~  60  meV  for  GaN  on  Si).  It  can  be  concluded  that  there  is  a  ~ 
8x10  increase  of  strain  when  cooling  samples  grown  on  SiC  ( relative  to  those  grown  on  sapphire). 
Taking  this  into  account  changes  dEA/dexx  to  ~  8.5  eV.  The  curves  in  figure  3  are  calculated  using 
the  parameters  from  [12],  with  a  rigid  shift  of +7x10^  in  exx. 

Since  the  A  exciton  energy  is  varying  linearly  with  biaxial  strain,  a  convenient  and  useful  way  to 
illustrate  the  strain  dependence  of  the  GaN  band  structure  is  to  plot  A,  B  and  C  transition  energies 
as  a  function  of  that  of  A  [5,12].  This  also  eliminates  the  scatter  due  to  the  strain  uncertainties,  as 
observed  in  figure  3.  Such  a  plot  is  given  in  figure  4  for  our  GaN  on  SiC  and  GaN  on  Si  samples. 
For  the  completeness  and  beauty  of  the  figure,  data  corresponding  to  GaN  on  sapphire  samples 
grown  in  our  laboratory  have  been  added.  The  solid  lines  are  still  calculated  using  [12],  The  dashed 
lines  labeled  I2(A)  and  I2(B)  are  6  meV  lower  in  energy  than  the  curves  corresponding  to  A  and  B 
excitons.  It  is  the  expected  position  of  donor  bound  excitons,  whether  the  hole  involved  originates 
from  the  F9v  or  the  fV1  valence  band.  Since  A  and  B  Rydbergs  are  very  similar  [1],  the  localization 
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energy  of  A-  and  B-type  donor  bound  excitons  is  expected  to  be  the  same.  Figure  4  shows  that  the 
main  PL  line  in  the  low  temperature  PL  spectra  of  our  samples  are  located  either  on  the  12(A)  or 
I2(B)  line,  depending  on  strain,  allowing  to  identify  them  as  donor  bound  excitons.  This  gives  a 
natural  explanation  of  the  strong  increase  of  the  splitting  between  the  main  PL  line  and  the  A 
exciton  when  the  strain  exceeds  ~1.5xl  O'3,  as  reported  in  figure  2  [6]. 


Figure  3:  free  A  (solid  symbols),  B  and  C 
(open  symbols)  energies  as  a  function  of  in¬ 
plane  strain.  GaN/A^Ch:  diamonds  [10]  and 
circles  [11];  homoepitaxial  GaN:  upwards 
triangles  [1];  GaN  on  SiC:  downward 
triangles;  GaN  on  (1 1 1)  Si:  squares. 


Figure  4  :  free  excitons  (open  symbols)  and 
donor  bound  excitons  (closed  symbols) 
energies  as  a  function  of  the  A  energy  in 
GaN.  Circles,  squares  and  triangles 
correspond  to  GaN  grown  on  6H-SiC,  (111) 
Si  and  sapphire,  respectively. 


Figure  2  also  shows  that  in  a  weakly  tensily  strained  sample  (sample  I)  the  B  exciton  is  hardly  seen, 
and  that  in  a  highly  strained  one  (sample  II),  only  A  and  C  related  features  can  be  observed  in  the 
reflectivity  spectrum  [6].  This  is  to  be  expected  from  the  wurtzite  phase  optical  selection  rules  [13], 
When  the  crystal  field  term  in  the  Hamiltonian  strongly  increases  positively  or  negatively,  B  and  C 
excitons  exchange  their  a  and  %  oscillator  strengths.  In  highly  compressively  strained  samples,  C 
excitons  disappear  to  the  profit  of  B  ones  in  a  geometry  [13].  The  reverse  happens  for  highly 
tensily  strained  samples,  as  figure  2  shows. 


Luminescence  as  a  function  of  temperature  The  temperature  dependence  of  the  luminescence  of 
our  samples  grown  on  either  SiC  or  Si  has  been  studied,  for  a  comparison  with  samples  grown  on 
sapphire  [7].  Figure  5  shows  temperature  dependent  PL  spectra  near  the  band-edge  of  a  GaN  on  Si 
sample.  The  low  temperature  PL  spectrum  is  dominated  by  a  broad  band  (fwhm=10.9  meV),  and 
comparison  with  the  reflectivity  spectrum  (upper  spectrum  in  figure  5)  shows  that  this  band 
consists  of  unresolved  free  and  donor  bound  excitons  recombinations  (I2,A).  This  is  confirmed  by 
the  slight  blue  shift  (-3  meV)  measured  when  heating  the  sample  to  about  50  K.  The  contribution 
of  C  free  excitons  increases  with  rising  temperature.  The  temperature  dependence  of  the  intensity 
of  the  I2,A  main  PL  band  displays  two  activation  energies  (7.5  and  30  meV).  This  is  an 
intermediate  behavior  between  bound  and  free  exciton  lines  [7],  which  confirms  our  previous 
interpretation.  The  sample  in  figure  5  has  an  A  excitonic  energy  of  3.462  eV.  From  figure  4,  this  is 
a  situation  where  the  A  gap  is  the  lower.  It  is  interesting  to  look  at  a  more  highly  tensily  strained 
sample,  where  the  B  gap  is  the  lower.  Figure  6  displays  the  temperature  dependence  of  the  PL 
intensities  of  bound  (I2)  and  free  (A  and  C)  exciton  lines  in  such  a  sample  (sample  II  in  figure  2). 
The  temperature  behavior  of  both  I2  and  A  lines  are  similar  to  that  reported  for  GaN  on  sapphire 
samples  [7].  The  I2  line  quenching  shows  two  successive  activation  energies,  one  corresponding  to 
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the  binding  energy  to  donors  (thermal  freeing),  and  the  second  one  to  the  sum  of  the  previous  one 
and  of  the  Rydberg  [7].  The  A  line  shows  only  one  activation  energy  of  27  meV,  i.e.  of  the  order  of 
the  A  Rydberg.  Since  in  such  a  strain  configuration,  the  r7C-r7Vu  continuum  is  lower  than  the  r7c- 
r9v  one,  this  suggests  that  the  thermal  dissociation  of  free  excitons  in  GaN  happens  principally 
towards  the  respective  band  edges,  not  necessarily  towards  the  lowest  one. 


Figure  5:  low  temperature  reflectivity  and  PL 
spectra  as  a  function  of  temperature  of  GaN 
grown  on  (111)  Si. 


Figure  6:  temperature  dependence  of  the  PL 
intensities  of  free  and  donor  bound  excitons  in 
a  highly  tensily  strained  GaN/SiC  sample. 
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Abstract  Electrical  properties  of  undoped  epi-layers  of  n-GaN  subjected  to  gamma-irradiation  and 
annealing  are  investigated  by  means  of  Hall  effect  measurements  and  DLTS  spectroscopy.  Despite 
slight  changes  in  the  concentration  of  charge  carriers  in  the  studied  materials,  the  behavior  of  the 
electron  mobility  points  to  the  presence  of  radiation-induced  defects  in  appreciable  concentrations. 
DLTS  spectra  revealed  three  electron  traps  Ec-Ei  «0.25  eV,  Ec-E2  «0.58  eV,  and  Ec-Es  =0.81  eV  in 
the  initial  layers  and  two  major  traps  Ec-E4  «0.15  eV  and  Ec-Es  “0.95  eV  in  the  irradiated  n-GaN. 
The  parameters  of  there  traps  were  determined.  Both  radiation-induced  traps  were  annealed  out  at 
r=450°C.  In  addition  the  traps  Ec-E}  and  Ec-E2  changed  in  concentrations  upon  annealing,  as  well. 

Introduction 

Several  electron  traps  with  activation  energies  of  Eq-Etrap  0.13  eV  to  0.95  eV  are  introduced  in 
GaN  subjected  to  irradiation  with  fast  electrons  [1],  protons  [2],  and  He+  ions  [3]  as  well  as  in  the 
course  of  Au  sputtering  [4].  Some  of  the  above  mentioned  traps  are  believed  to  be  associated  with 
native  defects.  Up  to  now  the  identification  of  traps  has  been  a  matter  of  controversy.  In  the  present 
paper  the  properties  of  deep  centers  in  gamma-irradiated  and  annealed  GaN  layers  were  studied  in 
some  detail. 

Experimental 

Nominally  undoped  GaN  layers  were  grown  on  sapphire  substrates  by  the  MOCVD  technique  at 
reduced  pressure  [5]  and  were  n-type.  The  electron  concentration  and  mobility  were  in  the  range  of 
21017  cm'3  to  7*1016  cm'3  and  600  cm2/V-s  to  700  cm2/V-s,  respectively.  Irradiation  was  performed 
at  a  60Co  gamma-ray  facility  at  room  temperature.  The  irradiation  dose  was  1.2-1019  cm'2.  The 
isochronal  annealing  of  irradiated  samples  was  carried  out  from  r=300°C  to  T=1S0°C.  The  electron 
concentration  and  mobility  versus  temperature,  n(T)  and  fi(T),  were  measured  by  means  of  the  Van 
der  Pauw  technique.  DLTS  measurements  were  taken  using  Ni/Au  Schottky  contacts  of  a  diameter 
of  1 100  pm.  The  surface  morphology  of  these  layers  was  studied  with  the  help  of  scanning  electron 
microscopy  prior  to  and  after  irradiation  as  well  as  at  each  annealing  step. 

Results  and  Discussion 

By  way  of  example,  several  n(T)  and  pi(T)  curves  for  one  of  the  samples  studied  are  shown  in  Fig.  1 
and  Fig.  2.  In  the  initial  layers  the  electron  conductivity  at  100  K  <  T  <  300  K  is  determined  by 
shallow  donor  centers  at  «EC  -(20+3)  meV  and  donor  centers  at  «EC-(70±10)  meV  in  comparable 
concentrations.  Our  study  of  DLTS  spectra  for  the  initial  material  revealed  three  electron  traps  El, 
E2 ,  and  E3  whose  concentrations  were  estimated  to  be  less  than  the  total  concentration  of  centers 
responsible  for  the  electron  conductivity  by  three  orders-of-magnitude  (see  Fig.  3  and  Table  1).  The 
traps  El  and  E2  seem  to  be  the  same  as  those  labeled  D  and  B  in  [1]  or  E02  and  E05  in  [2-4]. 


800 


Silicon  Carbide  and  Related  Materials 


Fig.  1  Temperature  dependence  of  the  electron  Fig.  2  Temperature  dependence  of  the  electron 
concentration  in  the  n-GaN  layer  in  the  initial  mobility  in  the  same  n-GaN  layer  as  in  Fig.  1. 
state  and  after  y-irradiation  with  subsequent  The  reference  point  \io  (300  K)  is  the  electron 
annealing  at  different  temperatures.  mobility  in  the  initial  n-GaN  at  7=3 00  K. 


Temperature,  K 


Fig.3  DLTS  spectrum  of  the  initial  n-GaN.  Rate  window  is  139  s'1. 


Table  1  Parameters  of  measured  deep  centers  in  the  n-GaN 


Deep 

center 

Ec-Eo 

eV 

cr„,10'13 

cm2 

Concentration,  1013  cm'3 

initial 

y-irr. 

After  annealing  to  T 

300°C 

450°C 

550°C 

650°C 

750°C 

El 

*0.25 

1 

2.5 

200 

86 

110 

70 

E2 

3 

43 

43 

43 

100 

120 

45 

60 

15 

*0.15 

1000 

500 

30 

400 

400 

-  Below  detection  limit 


DLTS  signal,  a.u. 


Fig.  5  Small  dark  dots  and  rings  seen  on  the 
GaN  surface  after  gamma-irradiation  and 
annealing  to  r=300°C 


Fig.  6  Extended  defects  formed  in  the  n-GaN 
after  gamma-irradiation  and  annealing  to 
r=650°C 
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As  a  result  of  gamma-irradiation  the  electron  concentration  at  T>  150  K  decreases  only  slightly;  (see 
Fig.  1).  It  is  difficult  to  give  a  plausible  explanation  for  this  relatively  small  reduction  because  of  the 
complex  nature  of  native  defects.  Much  more  pronounced  changes  are  observed  for  the  deep  centers. 
Two  electron  traps  E4  and  E5  are  produced  by  gamma-rays  at  dose  high  rates,  up  to  10*3  cm'1;  (see 
Fig.  4  and  Table  1).  In  their  properties  the  trap  E4  is  similar  to  those  of  the  trap  ER1  [2].  The  same 
is  true  for  the  trap  E5  in  the  present  work  and  ER5  for  He+  implanted  GaN  in  [3].  However,  it  is 
impossible  to  attribute  the  E5  traps  to  radiation-induced  line  or  extended  defects  like  what  was  done 
for  the  ER5  case  in  [3],  since  in  the  case  of  60Co  gamma-irradiation  of  GaN  only  point  defects  can  be 
produced. 

The  dominant  electron  traps  £4  were  found  to  be  annealed  out  at  7=450°C;  (see  Table  1).  Strikingly, 
the  annealing  process  of  these  defects  in  the  range  of  7=300°C  to  450°C  appear  to  be  accompanied 
with  strong  changes  in  the  mobility  of  charge  carriers;  (see  Fig.  2).  As  the  E4  trap  concentration 
decreases,  the  presence  of  other  deep  traps  in  the  annealed  n-GaN  is  seen  in  DLTS  spectra;  (see 
Table  1).  At  the  last  annealing  step  at  7=75 0°C  the  concentration  and  mobility  of  charge  carriers  in 
n-GaN  subjected  to  gamma-irradiation  are  practically  restored  to  the  initial  values. 

The  surface  morphology  of  n-GaN  is  also  changed  in  the  course  of  irradiation  and  annealing.  Just 
after  gamma-irradiation  the  shapes  of  nano-  and  micropipes  are  modified.  Annealing  to  7=300°C 
leads  to  the  appearance  of  small  dark  dots  and  rings;  (see  Fig.  5).  These  processes  are  thought  to  be 
associated  with  mobile  Ga  atoms,  since  similar  defects  can  also  be  seen  on  the  surface  of  GaN  layers 
grown  in  the  presence  of  excess  Ga.  The  surface  modification  of  irradiated  n-GaN  due  to  extended 
defects  like  those  shown  in  Fig.  6  will  be  discussed  in  detail  in  a  separate  publication. 

Conclusions 

The  behavior  of  Si-doped  and  nominally  undoped  n-GaN  subjected  to  gamma-irradiation  and 
annealing  is  different;  cf  [6]  and  present  work.  In  contrast  to  Si-doped  GaN,  there  are  little  changes 
in  the  concentration  of  charge  carriers  in  undoped  n-GaN  at  100  K  <  T<  300  K  after  irradiation  and 
annealing.  However,  the  behavior  of  the  mobility  of  charge  carriers  in  both  materials  upon  annealing, 
especially  at  T=  300°C  to  450°C,  is  similar  and,  hence,  radiation-induced  self-compensation 
processes  cannot  be  excluded.  There  are  two  major  traps  E4  (0.15  eV)  and  E5  (0.95  eV)  introduced 
in  n-GaN  by  gamma-irradiation.  The  E4  traps  are  most  likely  associated  with  native  defects.  They 
were  found  to  be  unstable  at  T=  300°C. 
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Abstract.  GaAIN/GaN  superlattices  are  grown  onto  GaN  by  MOCVD.  Cross  sectional 
transmission  electron  microscopy  is  used  for  the  characterisation  of  the  layers.  V-shaped  surface 
pits  are  observed  on  the  surface  of  the  layers.  Inversion  domains  are  found  consequently  in  the 
middle  of  the  V  pits.  Segregation  of  aluminium  occurs  in  the  inverted  hexagonal  pyramids. 

Introduction 

Superlattices  of  GaAIN/GaN  are  promising  candidates  for  the  preparation  of  HEMT  transistors 
[1],  which  might  be  used  in  high  temperature,  high  power  devices.  GaAIN/GaN  as  well  as 
InGaN  superlattices  and  thick  layers  are  extensively  investigated  in  these  days  for  high  power 
and  for  optoelectronic  applications.  There  exists  a  special  surface  defect  in  InGaN  which  is 
called  V-shape  defect  (also  called  inverted  hexagonal  pyramid)  [2,  3].  These  defects  are  formed 
when  the  indium  concentration  is  high  and  explained  by  the  segregation  of  indium  to  the 
sidewalls  of  the  pits  [3].  The  inverted  hexagonal  pyramids  are  always  connected  to  a  dislocation 
in  GalnN  layers  [4].  We  have  observed  similar  defects  in  thick  GaAIN  layers  as  well  as  in 
GaAIN/GaN  superlattices.  In  this  paper  we  will  show  that  inversion  domains  play  an  important 
role  in  the  formation  of  V-shaped  defects  in  GaAIN. 

Inversion  domains  are  generally  present  in  GaN  layers  [5-8]  grown  on  sapphire  beside 
other  common  defects  like  dislocations  or  stacking  faults.  The  polarity  of  GaN  is  changed  in 
those  domains  [9].  Usually  the  inversion  domains  appear  as  long  and  relatively  narrow  regions 
traversing  through  the  whole  GaN  layer  from  the  GaN/sapphire  interface  to  the  top  surface. 
Inversion  domains  play  a  fundamental  role  in  the  formation  of  large  pyramids  grown  out  from 
the  surface  of  GaN.  By  now  it  is  clear  that  each  of  those  pyramids  contains  an  inversion  domain 
in  the  middle  of  the  pyramid  [10]. 

The  analysis  of  the  surface  pits  formed  in  GaAIN  thick  layers  as  well  as  in  GaAIN/GaN 
superlattices  is  the  subject  of  the  present  paper.  The  role  of  inversion  domains  is  investigated  as 
well. 

Experimental 

Thick  GaAIN  layers  as  well  as  superlattices  of  GaAIN/GaN  have  been  grown  onto  thick  GaN 
layers  (grown  on  sapphire)  at  1150°C  by  metalorganic  chemical  vapor  deposition  (MOCVD), 
respectively.  (0001)  exactly  oriented  sapphire  was  used  in  all  of  the  cases  as  substrate. 
Nitridation  process  of  the  sapphire  substrate  was  not  applied.  At  first  a  thin  GaN  buffer  layer 
was  deposited  at  500°C  followed  by  the  growth  of  thick  GaN  layer  at  elevated  temperature 
according  to  the  two  step  growth  method  [1 1,12].  Layers  have  been  grown  with  6  and  8  at%  of 


804 


Silicon  Carbide  and  Related  Materials 


aluminum  as  well.  GaAlN/GaN  superlattices  were  grown  with  the  periodicity  of  9,  20  and  30 
nm. 

Microstructure  of  the  layers  was  investigated  by  transmission  electron  microscopy  (TEM) 
in  cross  section.  Cross  sectional  samples  for  TEM  analysis  have  been  prepared  by  cutting  small 
pieces  and  embedding  them  in  face  to  face  position  into  a  special  Ti  grid  of  a  diameter  of  3  mm 
[13].  The  embedded  samples  have  been  ground  by  diamond  paste  to  the  thickness  of  50  pm. 
Then  the  samples  were  placed  into  an  ion  miller  and  were  bombarded  by  Ar+  ions  at  10  keV 
until  perforation.  Grazing  angle  of  incidence  was  applied  during  thinning  to  get  a  large 
transparent  region.  Some  of  the  specimens  were  bombarded  further  at  200  eV  using  a  special, 
low  energy  ion  gun  to  minimise  the  ion  beam  damage  of  the  thinning  [14].  Conventional 
microscopy  was  carried  out  in  a  Philips  CM  20  TEM  operating  at  200  kV,  while  high  resolution 
images  were  taken  in  a  JEOL  4000EX  microscope  at  400  kV. 

Results  and  discussion 


Fig.  1 .  shows  the  top  region  of  a  thick  GaAIN  layer  in  cross  section.  The  aluminium  content  of 
this  layer  is  8  at%.  The  total  thickness  of  the  ternary  layer  is  about  1.2  nm.  Although  the  surface 
of  the  sample  is  far  from  rough,  pits  are  found  at  some  places  (Fig.  1.).  About  8%  of  the  surface 
area  is  covered  by  pits.  The  surface  of  the  layer  is  flat  among  the  regular  shaped  pits. 


Fig.  1.  Top  surface  region  of  a 
thick  GaAIN  layer  grown  on 
GaN. 


Fig.  2.  shows  the  cross  section  of  a  sample  in  which  a  GaAlN/GaN  superlattice  (marked  by 
SL  in  Fig.  2)  is  grown  with  the  periodicity  of  9  nm  onto  GaN.  The  total  thickness  of  the 
superlattice  is  about  1  pm,  the  aluminium  content  of  the  GaAIN  layers  is  6  at%.  Fig.  3.  shows 
the  superlattice  at  high  magnification.  The  GaAIN  thin  layers  are  marked  by  arrows.  Note  that 
dislocations  are  present  in  the  SL  region  as  well.  One  of  the  threading  dislocations  (left  side  in 
Fig.  3)  clearly  traversed  into  the  SL  region  from  the  thick  GaN  layer.  The  GaAlN/GaN 
interfaces  are  sharp  and  parallel  to  the  surface  in  the  majority  of  the  sample.  However,  the  SEM 
image  (Fig.  4)  of  the  surface  shows  a  network  of  pits. 

Those  pits  were  investigated  in  cross  section  as  well.  Bright  field  images  have  shown  that 
the  individual  layers  of  the  superlattice  follow  the  direction  of  the  sidewalls  of  the  pit.  High 
resolution  images  (Fig.  5)  show  that  there  is  an  inversion  domain  in  the  middle  of  the  pit.  This 
configuration  was  observed  consequently  in  many  pits  and  also  characteristic  for  the  thick  layers 
(see  the  inversion  domain  below  the  pit  in  Fig.  1).  This  is  a  major  difference  to  the  case  of 
InGaN,  where  the  pits  are  connected  to  threading  dislocations.  However,  the  main  mechanism  of 
pit  formation  can  be  the  same,  i.e.  segregation  of  aluminium  in  this  case.  EELS  (Electron 
Energy  Loss  Spectroscopy)  mapping  of  the  sample  proved  the  segregation  of  aluminium  into  the 
pits.  The  details  of  the  segregation  mechanism  are  not  clear,  but  sidewalls  of  the  inversion 
domain  might  act  as  diffusion  path  for  aluminium. 
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Fig.  5.  High  resolution  image  of  a  pit  formed  on  the 
surface  of  GaAlN/GaN  superlattice. 


Fig.  6.  Low  magnification  image 
showing  the  whole  layer  structure 
in  cross  section. 
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The  inversion  domains  originated  in  the  low  temperature  grown  buffer  GaN  layer  (on  the 
top  of  sapphire)  and  traversed  through  the  whole  sample  through  the  SL  region  emerging  at  the 
top  surface  in  the  middle  of  a  pit  (see  the  two  inversion  doamins  in  the  middle  of  Fig.  6).  It  is 
essential  to  decrease  the  defect  density  in  these  layers.  When  superlattices  are  grown  onto  thick 
GaN,  the  above  task  means  the  improvement  of  the  quality  of  thick  GaN  layer. 

Conclusion 

We  have  shown  that  pits  are  formed  on  the  surface  of  thick  GaAIN  layers.  Surface  pits  were  also 
observed  in  GaAlN/GaN  layers,  altough  in  the  majority  of  the  samples  sharp  interfaces  are 
observed  in  the  superlattice.  The  pits  have  a  regular  shape.  Aluminium  is  segregated  into  the  pits 
during  the  growth  of  the  layers.  Each  of  the  pits  is  connected  to  an  inversion  domain. 
Suppression  of  inversion  domains  promises  improved  surface  quality  in  GaAIN  layers  and 
GaAlN/GaN  superlattices. 
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Abstract 

High  electron  mobility,  high  current  carrying  capabilities,  a  relatively  high  thermal  conductivity, 
high  temperature  operation,  and  a  high  breakdown  field  are  the  established  key  materials  properties 
of  GaN-based  materials  that  make  them  competitive  for  high  power  applications.  GaN-based 
devices  have  demonstrated  high-temperature  operation  with  little  or  no  degradation  up  to  300  C. 
The  most  spectacular  results  have  been  obtained  for  AlGaN/GaN  microwave  power  High  Electron 
Mobility  Transistors  (HEMTs)  that  yielded  close  to  10  W/mm  power  at  10  GHz.  The  maximum 
density  of  the  two-dimensional  electron  gas  at  the  GaN/AlGaN  heterointerface  or  in  GaN/AlGaN 
quantum  well  structures  can  exceed  2x1 013  cm'2,  which  is  an  order  of  magnitude  higher  than  for 
traditional  GaAs/AlGaAs  heterostructures.  Recently  proposed  Strain  Energy  Band  Engineering 
technique  should  allow  us  to  independently  control  of  strain  and  lattice  mismatch  by  using 
AlInGaN/GaN  heterostructures  and  should  find  important  applications  in  power  devices.  The 
prospects  of  GaN-based  power  device  technology  are  also  enhanced  by  a  recent  demonstration  of 
high  quality  of  GaN/Si02  interface.  Si02/AlGaInN/GaN  Metal  Oxide  Semiconductor  Field  Effect 
Transistors  have  exhibited  performance  comparable  or  superior  to  that  of  conventional  AlGaN/GaN 
devices  and  hold  promise  for  power  applications. 

Introduction. 

The  key  materials  parameters  that  are  important  for  power  device  applications  are  current  carrying 
capability,  breakdown  voltage,  and  thermal  conductivity.  Equally  important  are  the  availability  and 
high  quality  of  device  building  blocks,  such  as  ohmic  contacts,  doped  layers  (n-type,  and,  if 
possible,  p-type),  Schottky  contacts,  insulator-semiconductor  interfaces,  device  manufacturability 
and  yield.  As  we  discuss  in  this  paper,  GaN-based  materials  have  met  many  of  these  criteria  and 
have  a  good  chance  of  competing  for  power  applications  not  only  with  traditional  semiconductors, 
such  as  silicon  or  gallium  arsenide  but  also  with  different  silicon  carbide  polytypes.  In  this  paper, 
we  first  consider  nitrides  materials  properties  that  make  them  suitable  for  power  applications.  We 
then  discuss  problems  that  need  to  be  solved  in  order  to  make  these  applications  a  reality  and  the 
new  physics  of  GaN-based  devices  that  makes  them  different  from  more  conventional 
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semiconductor  materials.  Finally,  we  review  the  existing  results  obtained  for  GaN-based  power 
microwave  devices  and  for  prototype  GaN  power  Schottky  diodes.  1 

Nitrides  materials  properties 


Nitride  semiconductors  have  unique  and  excellent  materials  properties  that  make  them  very 
attractive  for  many  important  applications,  such  as  applications  for  red,  blue,  green,  white  light 
emitters,  solid  state  lighting,  displays,  visible-blind  and  solar-blind  photodetectors,  wireless 
communications,  high  temperature  electronics,  non  volatile  memories,  high  power  microwave 
sources,  and  high  power  devices.  High  mobility,  high  saturation  velocity,  high  sheet  carrier 
concentration  in  AlN/GaN/InN  heterostructures  lead  to  a  high  current  carrying  capability.  Their 
wide  band  gaps  and  high  optical  phonon  energies  result  in  a  high  breakdown  voltage.  A  relatively 
decent  thermal  conductivity  of  GaN  (reaching  2  W/cm-K  at  room  temperature  according  to  some 
recent  reports)  and  a  possibility  of  growing  these  devices  on  SiC  substrates  with  a  very  high  thermal 
conductivity  ensure  a  good  heat  removal  capability.  Chemical  inertness  of  these  compounds, 
demonstrated  good  quality  ohmic  contacts,  and  the  absence  of  micropipes  promise  high  reliability. 
Finally,  recent  demonstration  of  novel  insulated  gate  devices  -  MOSHFETs  with  extremely  low 
gate  leakage  shows  promise  for  the  implementation  of  many  power  devices  that  use  an  insulated 
gate. 


(a) 


(b) 


Fig.  1 .  Velocity- fie  Id  characteristics  of  GaN  (a)  and  GaAs  (b)  at  room  temperature  and  elevated 
temperatures.  5  Moreover,  recent  Monte-Carlo  simulations  show  that  overshoot  and  ballistic  effects 
might  be  more  pronounced  in  GaN  and  related  materials  owing  to  their  capability  to  withstand  very 
high  electric  fields  in  deep  submicron  devices.  6 

Microwave  power  transistors  use  two-dimensional  electron  gas.  The  measure  value  of  the 
maximum  sheet  electron  concentration  in  GaN-based  Hetero structure  Field  Effect  Transistors 
(HFETs)  is  as  high  as  1.5x10' 3  cm2,  which  is  almost  an  order  of  magnitude  higher  than  for  the 
GaAs/AlGaAs  materials  system.  The  use  of  quaternary  AIGalnN-based  hetero  structures  might 
further  increase  this  value  (see  Fig.  2).  The  mobility-sheet  carrier  concentration  product  for  GaN- 
based  two-dimensional  systems  might  also  exceed  that  for  GaAs/AlGaAs  heterostructures  and  can 
be  further  enhanced  by  doping  the  conducting  channels. 
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Fig.  2.  Comparison  of  sheet  electron  density  in  different  hetero structure  systems. 

All  of  this  translates  into  a  high  current  carrying  capabilities,  and  the  on-current  in  GaN-based 
HFETs  as  high  as  1 .7  A/mm  has  been  reported. 7 

Figures  3  and  4  compare  the  breakdown  field  and  thermal  conductivity  of  GaN  with  those  of 
other  semiconductor  materials.  The  data  for  nitrides  in  both  figures  are  quite  conservative.  The 
breakdown  field  value  is  based  on  the  measurement  results  reported  in  References  8,9 . 


semiconductors. 


AlGaN/GaN  HEMTs  on  insulating  SiC  substrates  combine  superior  transport  properties  of 
GaN  with  a  high  thermal  conductivity  of  SiC.  Such  an  approach  combines  the  best  features  of  both 
GaN  and  SiC  technologies;  and  GaN/SiC-based  semiconductors  and  heterostructures  should  find 
numerous  applications  in  power  electronics.  Fig.  5  compares  the  device  characteristics  of  GaN- 
based  HFETs  grown  and  fabricated  under  identical  conditions  on  SiC,  bulk  GaN,  and  sapphire 
substrates.  As  can  be  seen  in  the  figure,  the  devices  on  SiC  are  superior  to  even  homoepitaxial 
transistors. 
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Fig.  5.  Device  characteristics  of  GaN-based  HFETs  grown  and  fabricated  under  identical 
conditions  on  SiC,  bulk  GaN,  and  sapphire  substrates.  10 

The  large  lattice  mismatch  between  GaN,  AIN  and  InN  and  the  strong  piezoelectric  effects  in  these 
materials  significantly  impact  the  electrical  and  optical  properties  of  III-N  heterojunction  devices. 
Strain  produces  piezoelectric  doping  with  about  lxlO13  cm-2  sheet  carriers.  On  the  other  hand, 
strain  might  be  responsible  for  the  long-term  instabilities  that  several  groups  observed  in  their 
AlGaN/GaN  HEMTs. 

Problems  be  solved 

The  properties  of  nitrides  discussed  above  hold  promise  for  superior  power  devices.  However, 
several  problems  have  to  be  solved  in  order  to  make  this  dream  a  reality.  The  first  and  most  urgent 
problem  is  that  of  a  reliable,  large-area  (4  inch  and,  if  possible,  even  6  inch  substrate).  SiC  seems  to 
be  one  of  the  best  candidates  fro  this  role  but  the  cost  remains  very  high  and  substrate  surface 
quality  in  many  cases  inadequate.  At  the  moment,  the  cost  of  a  GaN-based  heterostructure  wafer  is 
close  to  $5  per  mm2.  This  should  be  compared  to  the  cost  of  a  CMOS  wafer,  which  is  on  the  order 
of  S10*4  per  mm2,  just  about  the  same  as  the  cost  of  the  New  York  City  real  estate. 

Other  problems  are  related  to  reproducibility  and  yield,  as  well  as  to  aging  effects,  which  are 
present  at  least  in  some  GaN-based  devices.  As  an  example,  Fig.  6  shows  how  one,  fairly  typical 
GaN-based  HFET  aged  over  the  period  of  two  years.  We  speculate  that  this  aging  effect  is  linked  to 
the  surface  processes.  Fig.  7  presents  data  that  might  collaborate  this  hypothesis.  This  figure  shows 
the  effect  of  the  surface  plasma  treatment  of  GaN-based  heterostructures,  and,  as  can  be  seen,  this 
treatment  completely  destroys  the  two-dimensional  electron  gas  at  the  heterointerface. 

It  is  also  important  to  account  for  the  new  device  physics  specific  to  wurtzite  semiconductors  in 
general  and  to  GaN-based  materials  in  particular.  These  new  effects  include  pyroelectric  and 
piezoelectric  effects  that  induce  large  sheet  charge  densities  at  devices  surfaces  and  at  the 
heterointerfaces.  1 1  The  charges  at  the  heterointerfaces  might  be  screened  by  either  2D  electron  gas 
or  even  by  the  2D  hole  gas  yielding  very  high  carrier  sheet  densities  even  without  doping  (see 
Figure  8). 

Having  an  insulated  gate  is  an  important  advantage  fro  power  field  effect  transistors.  Recently 
developed  GaN-based  Metal  Oxide  Semiconductor  Heterostructure  Field  Effect  Transistors 
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(MOSHFETs)  demonstrated  a  good  quality  Si02/AlGaN  interface  and  had  many  important  device 
characteristics  better  than  those  for  conventional  AlGaN/GaN  HFETs,  including  a  six  orders  of 
magnitude  smaller  gate  leakage,  a  higher  drain  current,  a  smaller  low  frequency  noise  and  a  better 
linearity.  12 


400 


300 


£  200 

£ 

3 

o 

c  100 

s 


Year:  March,  1997 
Room  Temperature 


Year:  March,  1997 
Cryogenic  Temperature  ( 77] 


Year:  March,  199S 
Room  Temperature 


-10  1 
Gate  Bias  ( V ) 


Fig.  6.  Aging  effects  in  GaN-based  HFET. 13 


After  Nz  plasma  treatment  under  UV  light 


Gate  Bias  (V) 


Fig.  7.  Drain  current  in  GaN-based  HFET 
before  and  after  N2  plasma  treatment. 


Another  important  emerging  trend  is  to  use  AlGalnN/GaN  and  AlGalnN/InGaN  heterostructures. 
Since  an  A1  atom  is  smaller  than  a  Ga  atom,  whereas  an  In  atom  is  larger,  an  addition  of  indium 
compensates  the  lattice  mismatch  and  allows  us  to  adjust  strain  and  energy  band  discontinuities  at 
the  heterointerface  (see  Fig.  9). 


Fig.  8.  Polarization  induced  electron  sheet 
density  in  GaN-based  HFET. 


Fig.  9.  Lattice  mismatch  and  energy  gap 
discontinuity  in  AlGalnN/GaN  heterostructures. 
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It  also  appears  that  an  addition  of  indium  improves  the  materials  quality.  This  approach  (called 
Strain  Energy  Band  Engineering)  is  expected  to  be  a  powerful  tool  in  design  and  optimization  of 
GaN-based  power  devices. 


GaN-based  power  devices 

GaN-based  power  devices  can  be  divided  into  two  categories:  microwave  power  devices  and  more 
traditional  power  devices  for  applications  such  as  power  supplies,  surge  suppressors,  electrical 
motor  controls,  power  conditioning  for  electric  vehicles,  electronic  actuators,  lamp  ballasts, 
transportation,  and  heating  and  cooling  systems.  Most  successes  so  far  are  in  the  area  of  power 
microwave  GaN-based  devices.  Several  groups  demonstrated  very  high  power  operation  at 
microwave  frequencies,  15,16,17  including  a  record-breaking  result  of  9.8  W/mm  demonstrated  by 
UCSB/NITRES,  Inc.  group.  At  the  Biennial  IEEE  Cornell  University  Conference  Cree,  Inc. 
reported  on  a  10  GHz  radio  frequency  (RF)  power  performance  from  a  GaN  HEMT.  The  GaN 
HEMT  transistor  was  incorporated  into  a  hybrid  amplifier  that  achieved  40  Watts  of  pulsed  RF 
output  power  at  10  GHz.  Cree  also  reported  on  the  first  MMIC  in  GaN,  grown  on  a  semi-  insulating 
SiC  substrate.  This  GaN  MMIC  achieved  20  Watts  of  pulsed  RF  output  power  at  9  GHz,  well 
exceeding  the  highest  RF  output  power  gallium  arsenide  (GaAs)  MMICs  available  for  this 
frequency  range. 


The  MOSHFET  device  mentioned  above  also  showed  state-of  the-art  microwave  performance  that 
can  be  scaled  up  by  using  a  multi  finger  design  (see  Fig.  9).  18 


Fig.  9.  Output  powe  of  MOSHFET  devices  at  2  GHz.  18 


The  University  of  Florida  group  is  developing  high-voltage  GaN  switching  diodes.  Tjey  have 
demonstrated  devices  with  breakdown  voltages  approaching  3000  V.19  These  results  hold  promise 
for  developing  conventional  power  devices  based  on  GaN-based  semiconductors. 

Conclusion. 


We  discussed  materials  parameters  and  emerging  designs  of  unipolar  GaN  power  devices.  This 
discussion  and  the  review  of  recent  device  results  shows  that  GaN-based  power  devices  should  be 
able  to  compete  with  or  even  outperform  more  developed  SiC  based  power  devices.  Very 
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promising  results  have  already  been  achieved  for  microwave  power  devices.  Research  on  more 
conventional  nitride-based  power  devices  is  still  in  the  very  beginning. 
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Abstract 

High  transconductance  and  high  channel  mobility  diamond  field-effect  transistors  (FETs)  utilizing 
self-aligned  gate  FET  fabrication  process  have  been  operated.  The  2  pm  gate  metal-semiconductor 
(MES)  FET  shows  the  high  frequency  operation  for  the  first  time.  The  obtained  cut  off  frequency  fy 
and  maximum  frequency  of  oscillation  fmax  are  2.2  and  7  GHz,  respectively.  It  is  expected  that  the 
diamond  MESFET  with  0.5  pm  gate  length  fabricated  by  self-aligned  gate  process  shows  8  GHz  of 
fr  and  30  GHzoffmax. 

Introduction 

Semiconducting  diamond  has  a  lot  of  advantages  as  a  material  for  future  electron  devices.  The 
figure  of  merit  of  diamond  in  the  field  of  high  power  and  high  frequency  devices  are  extremely  high 
due  to  its  high  breakdown  voltage  (107  V/cm),  highest  thermal  conductivity  in  materials  (20 
W/cmK),  high  carrier  mobility  (1800  cm2/Vs  (hole))  and  low  dielectric  constant  (5.7). 

A  thin  p-type  conductive  layer  emerges  on  the  hydrogen-terminated  diamond  surface  prepared  by 
chemical  vapor  deposition  (CVD)  without  doping  impurities  [1].  This  surface  channel  possesses 
suitable  properties  for  electric  device  application.  The  carrier  sheet  density  is  as  high  as  1013  /cm2 
[2].  The  acceptors  are  fully  activated  at  room  temperature  because  of  their  low  activation  energy 
(less  than  50  meV).  The  hydrogen-termination  of  dangling  bonds  lowers  the  density  of  surface 
states.  Thus,  the  Schottky  barrier  heights  between  metal  and  diamond  strongly  depend  on  the 
electronegativity  of  metal  [3].  Metals  having  low  electronegativity  such  as  gold  or  platinum  show 
the  low  contact  resistance  advantageous  for  ohmic  contact  [3].  Due  to  these  advantages  of 
hydrogen-terminated  surface  channel,  the  merits  of  diamond  can  be  quite  utilized  by  fabricating  the 
field-effect  transistors  on  the  hydrogen-terminated  surface  conductive  layer  [4]. 

In  order  to  fabricate  the  high  performance  diamond  FET,  a  high-precision  self-aligned  gate  FET 
fabrication  process  has  been  developed.  Utilizing  the  self-aligned  gate  FET  fabrication  process, 
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high  transconductance  and  high  channel  mobility  FETs  and  high  frequency  diamond  MESFETs 
have  been  realized  for  the  first  time. 

Self-aligned  gate  MESFET  and  MISFET 

To  improve  the  performance  of  diamond  FET,  it  is  required  to  minimize  the  parasitic  resistance 
such  as  source  resistance  or  drain  resistance  as  well  as  the  reduction  of  the  gate  length.  In 
hydrogen-terminated  diamond  FET,  the  parasitic  resistance  is  basically  determined  by  the  distance 
of  metal  contacts  to  diamond,  because  of  the  low  contact  resistance  in  ohmic  contacts  and  the 
relatively  high  resistivity  of  the  surface  p-type  layer  between  metal  contacts.  Application  of  the 
self-aligned  gate  process  is  effective  to  minimize  the  parasitic  resistance. 

Utilizing  the  self-aligned  gate  process,  Cu  gate  MESFETs  with  1  pm  gate  length  have  been 
fabricated  [5].  The  source  to  gate  and  the  gate  to  drain  distances  and  the  gate  width  are  0.2  pm, 
0.2pm  and  26  pm,  respectively.  This  short  distance  of  source  to  gate  electrode  has  been  realized  by 
improving  the  adhesion  of  electron  beam  resist  and  preventing  the  Au  electrode  from  over  etching 
by  chemical  etchant.  Figure  1(a)  shows  the  Ibs-Vds  characteristics  of  the  Cu  gate  MESFET.  The 
FET  exhibits  the  normally-on  operation,  which  is  a  feature  of  Cu  gate  MESFETs  on  a 
hydrogen-terminated  diamond  surface.  The  maximum  transconductance,  obtained  at  Vgs  =  -1.5  V  is 
110  mS/mm.  This  value  is  the  highest  value  in  the  diamond  FETs. 

High  performance  surface-channel  diamond  metal-insulator  semiconductor  (MIS)  FETs  using 
calcium  fluoride  as  gate  insulator  have  been  also  fabricated  by  the  self-aligned  gate  FET  fabrication 
process.  Figure  1(b)  shows  the  IDS~VDS  characteristics  of  the  MISFET  with  1.2  pm  gate  length.  The 
maximum  transconductance  is  75  mS/mm.  The  channel  mobility  can  be  estimated  by  the  following 
relationship  in  the  slope  S  of  the  linear  region  in  the  gD-VG$  characteristics, 
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CaF2  capacitance  per  unit  area,  the  gate  width,  and  the  gate  length,  respectively.  The  channel 
mobility  of  the  MISFET  with  1.2  pm  gate  length  shows  280  cm2/Vs.  This  value  is  several  times 
higher  than  the  channel  mobility  of  SiC  MOSFET  at  present  indicating  the  better  quality  of  CaF2 
/diamond  interface  structure. 

High  frequency  diamond  MESFET 

In  spite  of  high  expectation  for  the  high  frequency  and  high  power  application,  the  RF  measurement 
had  not  been  carried  out  in  the  diamond  FETs.  Then,  the  S-parameters  of  diamond  FET  have  been 
measured  to  confirm  the  high  frequency  operation.  This  is  the  first  study  of  small  signal  RF 
measurement  for  diamond  FETs. 

The  Cu  gate  diamond  MESFETs  of  2  pm  gate  length  are  specially  fabricated  for  the  RF 
measurement.  In  order  to  reduce  the  parasitic  resistances  such  as  source  or  drain  resistance,  the 
self-aligned  gate  FET  fabrication  process  has  been  also  applied.  The  gate  width  and  source  to  gate 
or  gate  to  drain  distance  of  each  FET  are  50, 0.1  pm  respectively.  For  the  accurate  RF  measurement, 
each  electrode  pad  is  electroplated  by  gold  in  order  to  reduce  the  contact  resistance  between  each 
electrode  pad  and  RF  measurement  probe. 

The  2  pm  gate  MESFET  shows  high  transconductance  gm  of  70  mS/mm.  This  value  is  50  % 
higher  than  the  average  value  of  Cu  gate  MESFET  with  2  pm  gate  length  reported  before  [5]. 
Owing  to  the  electroplating  of  gold  on  the  source,  the  gate  and  the  drain  electrode  pads,  the 
resistance  between  electrode  pads  and  DC  measurement  probe  has  been  reduced.  Thus,  high 
transconductance  and  drain  conductance  of  intrinsic  diamond  FET  are  observed. 

Small-signal  RF  measurement  for  the  diamond  MESFET  has  been  carried  out  for  the  first  time. 
In  this  study,  S-parameters  were  measured  in  the  frequency  range  from  50  MHz  to  20  GHz  using 
HP  8720  ES  network  analyzer  and  Cascade  wafer  prober  applied  for  on-wafer  measurement 

Figure  2  shows  the  measured  S-parameters  of  diamond  MESFET  with  2  pm  gate  length  under  the 
bias  condition  of  Vgs  =  -1.5  V  and  Vds  =  -5  V. 

S2i  shows  forward  gain  of  this  FET.  In  order  to 
improve  the  forward  gain,  the  increase  of 
transconductance  by  reducing  the  gate  length 
associated  with  the  minimization  of  the  parasitic 
resistance  is  required.  The  S22  shows  high 
impedance,  in  spite  of  the  high  frequency  as  20 
GHz  due  to  the  low  dielectric  constant  of  diamond. 

Sn  indicates  the  existence  of  resistance  of 
approximately  100  Q  between  gate  to  source 
electrode.  This  resistance  consists  of  intrinsic 
channel  resistance,  source  resistance  and  gate 
resistance.  The  source  resistance  mainly  originates 
from  the  source  and  drain  distance  of  0.1  pm.  The 
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sheet  resistivity  of  this  region  is  the  same  as  bare 
hydrogen-terminated  diamond  surface  conductive 
layer  of  30-40  kQ/sq.  Then,  the  source  resistance 
60-80  Q  exists.  In  order  to  reduce  the  parasitic 
resistance,  more  fine  fabrication  process  that  can 
reduce  the  distance  between  the  source  and  the  gate 
is  required. 

Figure  3  shows  the  small  signal  RF  gain  of 
diamond  MESFET  with  2  pm  gate  length  induced 
from  the  S-parameters.  Maximum  oscillation 
frequency  (fmax)  obtained  from  maximum  stable  gain 
and  maximum  available  gain  (MSG/MAG)  is  7  GHz. 
The  cut-off  frequency  (fx)  calculated  from  current 
gain  (h2j)  is  2.2  GHz.  The  transconductance  and 
cut-off  frequency  as  a  function  of  gate  length  in  the 
Cu  gate  diamond  MESFETs  are  shown  in  Fig.  4.  This 
figure  indicates  that  the  transconductance  and  the  fT 
are  highly  improved  by  the  reduction  of  gate  length. 
This  tendency  of  transconductance  is  similar  to  the 
result  reported  before  [5].  If  carrier  velocity 
saturation  does  not  occur  in  the  1  pm  gate  length,  the 
fT  is  expected  to  be  8  GHz.  With  0.5  pm  gate  length, 
the  fT  will  exceed  10  GHz  despite  of  velocity 
saturation. 


Frequency  [GHz] 

Fig.  3  Small  signal  RF  gain  of  diamond 
MESFET  with  2  pm  gate  length. 


Gate  length  [pm] 

2  2.5  3 


Fig.  4  The  gate  length  dependence  of  the 
transconductance  and  fT. 
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SiC  Power  Devices:  From  R&D  to  the  market 

R.  Ploss,  R.  Rupp,  I.  Zverev 

Infineon  Technologies  AG,  Dep.  AI  IP,  P.O.  Box  80  09  49,  D-81609  Munich,  Germany 

Since  the  last  ECSCRM  conference  a  lot  of  progress  occurred  concerning  SiC  device  and  material 
development.  Among  these  good  news  there  have  been  a  demonstration  of  4  inch  SiC  wafers  and  a 
>10kV  SiC  pn  diode,  a  world  record  for  a  single  solid  state  device.  Nevertheless  a  mood  of  stagnation 
can  be  recognized  in  a  huge  part  of  the  SiC  community,  because  even  with  these  exciting  news  there  is 
still  worldwide  no  money  earned  with  SiC  devices  if  one  takes  apart  the  optoelectronics  business.  A 
successful  introduction  of  SiC  devices  requires  an  application  which  fulfills  the  following  criteria: 

1 .  Potential  device  market  size  of  several  Mio.  $/year 

2.  Low  current  (small  chips)  to  achieve  reasonable  yield  values 

3.  System  cost  reduction  which  compensates  the  high  SiC  device  costs  at  least 

Especially  the  last  point  is  a  serious  obstacle,  because  one  has  to  convince  the  system  manufacturer  to 
spend  a  lot  of  design  efforts  in  rebuilding  his  application  around  the  SiC  device  based  only  on  the  un¬ 
proved  promises  of  a  device  manufacturer.  To  get  out  of  this  dead  lock  situation  and  to  really  do  the 
step  from  R&D  to  the  market,  we  developed  application  demonstrators  to  proof  the  benefit  of  SiC 
devices. 

As  pilot  application  we  have  chosen  the  power  factor  correction  (PFC)  stage  (Fig.  1)  used  in  switched 
mode  power  supplies  between  100W  to  2  kW,  where  we  demonstrate  the  cost/performance  benefit  of  a 
SiC  Schottky  diode.  With  this  application  we  meet  the  first  two  of  the  success  criteria  mentioned 
above.  A  specific  feature  of  this  PFC  subsystem  is,  that  the  switching  frequency  is  pretty  high  (50  — 
150  kHz  at  a  voltage  level  of  about  400  V)  and  therefore  there  is  a  serious  need  for  a  diode  with  low 
switching  losses.  All  the  reverse  current  generated  by  the  diode  (Dl)  will  go  straight  through  the  FET 
switch  (Tl)  and  generate  huge  losses  there.  Having  a  zero  reverse  current  device  like  the  SiC  Schottky 
diode  at  this  place  will  allow  the  customers  to  use  a  significantly  smaller  FET  and  to  reduce  the 
switching  losses.  Due  to  ideal  switching  behavior  the  effort  for  the  snubber  circuit  and  other  compo¬ 
nents  can  be  reduced  too.  This  compensates  at  least  the  higher  cost  of  the  SiC  diode  while  providing 
better  performance. 

In  this  paper  we  will  explain  this  benefits  in  more  detail  and  also  we  will  show,  that  in  conjunction  with 
compensation  FETs  like  the  CoolMOS™  the  customers  will  be  able  to  produce  a  new  generation  of 
power  supplies  with  significantly  improved  power  handling  density. 


Fig.  1:  Schematic  of  a  power  supply  circuitry.  The  diode  Dl  is  the  target  application  for  the  SiC 
Schottky  diode. 
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Prospect  of  R&D  of  Ultra-Low-Loss  Power  Device  Technologies  in  Japan 
Kazuo  ARAI 

Electrotechnical  Laboratory,  Tsukuba-shi  Ibaraki  305-8568  Japan 
karai@etl.go.jp,  Tel.:+81-298-61-5243,  Fax:+81-298-61-5403 

R&D  of  Ultra-Low-Loss  Power  Device  Technologies  was  started  in  Oct.  1998  with  a 
term  of  5  years  (FY1998-2002)  under  the  "New  Sunshine  Project"  of  MITI  after  the 
leading  research  of  "Hard  electronics"(FY 1996- 1997).  Hard  electronics  research  showed 
that  wide  band  gap  semiconductors  such  as  SiC,  GaN  and  diamond  have  the  potential  to 
exceed  the  limits  of  Si  power  devices  in  low  power  loss,  high  frequency  and  operation 
under  severe  conditions.  The  main  target  of  the  project  is  to  establish  fundamental 
technologies  for  SiC  power  devices  in  response  to  the  rapid  progress  of  SiC  device 
research  in  the  world.  The  project  involves  all  technologies  needed  for  SiC  power 
devices  to  overcome  difficult  problems  between  device  performance  and  material 
issues.  The  project  consists  of  two  parts:  (1)  basic  research  on  the  development  of 
innovative  technologies  required  to  realize  practical  use  of  SiC  devices  (bulk  crystal 
growth  technology,  device  processing  technologies  and  device  characterization),  and  (2) 
fundamental  device  technologies  for  the  development  of  pn  junction  FET,  MOSFET  and 
MESFET.  Tentative  goals  of  the  device  performance  are  about  1/10  the  on-resistance 
and  10  times  the  power  density  of  Si  devices.  The  basic  research  is  being  conducted  by 
concentrating  the  activities  of  eight  companies  and  ETL  in  ETL,  in  cooperation  with 
nine  universities.  The  fundamental  device  technology  is  being  developed  by  three 
companies  (distributed). 

To  understand  fundamental  material  issues  and  reflect  it  in  real  device  processing  is  a 
key  approach  in  the  project.  An  instrument  was  developed  for  real-time  observation  of 
X-ray  topography  during  the  sublimation  growth  of  SiC.  The  in  situ  topographs 
demonstrated  the  movement  of  the  micropipes  and  the  monitoring  of  the  growth  rate 
during  the  crystal  growth.  Systematic  study  of  the  interface-state  density  (D,,)  on  ozone 
cleaning,  post  annealing  ,  off-angle  and  orientation  of  crystal  surface  in  relation  to  the 
channel  mobility  of  SiC  MOS  are  conducting,  along  with  evaluation  of  gate  oxide  long¬ 
term  reliability  of  MOS.  D;t  of  4H-SiC  MOS  structure  was  considerably  reduced  using 
hydrogen  annealing  above  800C.  Ohmic  contact  resistances  as  low  as  4.6x1 0'6  ohm  cm2 
(without  annealing)  and  8.6xl0'7  (with  annealing)  for  n-4H-SiC,  has  been  attained  by 
elaborate  surface  processing  along  with  proper  ion  implantation  which  is  being 
transferred  to  MESFET  fabrication.  The  fundamental  devices  have  been  designed, 
simulated  and  fabricated  as  the  first  trial.  The  process  optimization  is  now  under  way 
through  cooperation  in  the  project. 
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THEORY  OF  HYDROGEN  IN  SILICON  CARBIDE 

Peter  Peak*,  Adam  Gali,  Balint  Aradi 

Department  of  Atomic  Physics,  Technical  University  Budapest 
Budafoki  ut  8.,  H-l  1 1 1  Budapest,  Hungary 
phone:  [36]-(l)-463-1393;  fax:  [36]-(l)-463-4357 

Hydrogen  has  profound  and  very  versatile  influence  on  the  electronic  characteristics  of  semi¬ 
conductors  by  passivation  of  electrically  active  centers  and  sometimes  by  formation  of  active 
complexes.  It  is  one  of  the  most  common  impurities  in  electronic  materials,  introduced  - 
among  others  -  by  both  wet  and  dry  etching.  In  SiC  hydrogen  is  of  special  importance:  graph¬ 
ite  parts  used  in  bulk  growth  may  release  substantial  amounts  of  H,  and  in  CVD  growth  H2  is 
often  used  as  carrier  gas  and  H  is  always  part  of  the  precursor  molecules.  The  presence  of  H  in 
as  grown  SiC  may,  therefore,  be  expected  but  is  only  proven  in  p-type  epitaxial  layers.  H- 
implantation  or  H-plasma  treatments  show  passivation  of  only  p-type  samples  as  well.  H  re¬ 
mains  rather  elusive  for  spectroscopy,  too:  apart  from  sidebands  of  PL  related  to  C-H  vibra¬ 
tions  of  Vc  +  H  complexes  (Vc:  vacancy  at  the  C  site),  no  signature  of  hydrogen  has  been 
found  either  in  DLTS  or  in  magnetic  resonance  spectroscopy.  (It  should  be  noted,  however, 
that  far  more  “vacancy-type”  centers  have  been  reported  than  one  could  possibly  account  for  by 
simple  combinations  of  Vc  and  Vsi.) 

Modem  methods  of  atomistic  simulation  are  capable  of  making  predictions  about  the  stable 
form,  energetics  and  spectroscopically  observable  properties  of  defects  complexes  by  solving 
the  Schrodinger  equation  for  an  assembly  of  relevant  atoms.  Except  for  fortunately  simple 
cases,  the  accuracy  of  quantitative  predictions  cannot  reach  that  of  the  experimental  methods 
but  qualitative  estimates  about  the  relative  abundance  of  a  defect  and  of  its  main  effect  on  the 
electronic  properties  may  be  given,  as  well  as  the  range  can  be  pinpointed  where  spectral  fea¬ 
tures  of  a  defect  should  be  looked  for.  In  the  present  study  the  interaction  of  one  or  two  hydro¬ 
gen  atoms  is  considered  with  the  “perfect”  SiC  lattice  and  with  an  isolated  vacancy  (both  at  the 
C  and  the  Si  site)  in  SiC,  using  ab  initio  Local  Density  Approximation  within  Density  Func¬ 
tional  Theory  to  calculate  total  energies.  A  defective  crystal  is  constructed  by  repeating  super¬ 
cells  (of  32,  64  and  128  host  atoms  in  case  of  3C-SiC  and  of  96  host  atoms  in  case  of  4H-SiC) 
containing  a  single  defect. 

Interstitial  hydrogen  may  act  as  a  donor  or  as  an  electron  trap  in  SiC.  We  predict  high  concen¬ 
tration  of  mobile,  compensating  H+  centers  in  p-type  material,  whereas  in  n-type  SiC  —  except 
for  heavy  doping  and  high  temperature —  the  stable  form  of  the  hydrogen  interstitial  is  H2,  and 
both  solubility  and  mobility  is  predicted  to  be  low.  Interstitial  hydrogen  will  more  readily  form 
complexes  with  VSi  and  shallow  acceptors  than  with  Vc  and  shallow  donors.  The  capture  of 
subsequent  hydrogens  makes  both  the  donor  Vc  and  the  acceptor  Vsi  gradually  shallower  — 
both  acting  as  compensating  centers.  The  latter  can  eventually  be  passivated  with  4  H  atoms, 
the  former  —  holding  only  2  hydrogens  —  cannot.  While  the  formation  energy  of  Vc  is  sub¬ 
stantially  lower  than  that  of  Vsi,  hydrogenation  decreases  the  formation  energy  of  the  latter  be¬ 
low  that  of  the  former.  If  a  supply  of  atomic  hydrogen  is  available  during  growth,  heavily  n- 
type  SiC  may  have  a  high  concentration  of  acceptor  type  Vsi  +  nH  defects. 

The  occupation  levels,  characteristic  vibrations,  and  spin  distribution  in  the  paramagnetic  state 
has  been  calculated  for  hydrogen  in  interstitial  position  and  when  captured  in  a  vacancy.  It  is 

shown,  that  [VSi  +  H]q~’  and  Vsiq  for  q<0,  as  well  as  (Vc  +  H)q  and  Vcq'‘  for  q>0  have  similar 
properties.  We  propose  that  the  T5  center  [1]  arises  from  a  Vc  +  H  defect,  rather  than  from  Vc. 


*  p.deak@eik.bme.hu 
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Presence  of  hydrogen  in  SiC 

A.Henry1*,  B.  Magnusson1,  M.J.  Linnarsson2,  and  E.  Janzen1 
1  Department  of  Physics  and  Measurement  Technology 
Linkdping  University,  S-581  83  Linkoping,  Sweden 
2Solid  State  Electronics,  Royal  Institute  of  Technology,  S-164  40  Kista,  Sweden 
*Phone:  +46  13  282414,  Fax:  +46  13  142337,  E-mail:  ahy@ifm.liu.se 

In  the  early  seventies,  Choyke  and  Patrick  (Ref.  1)  reported  strong  bound  exciton  (BE)  photo¬ 
luminescence  (PL)  spectra  in  SiC  implanted  with  the  hydrogen  isotopes,  H  (1H)  and  D  (2H). 
The  PL  spectra  in  the  case  of  H  and  D  implantation  are  very  similar  apart  from  the  energy 
positions  of  some  prominent  lines  in  the  phonon  assisted  sidebands.  The  energy  displacement 
of  these  lines  from  the  no-phonon  lines,  approximately  369  meV  in  H-implanted,  and  274  meV 
in  D-implanted  SiC,  corresponds  to  the  energies  of  C-H  and  C-D  bond- stretching  vibrational 
modes  respectively.  This  confirmed  the  involvement  of  the  implanted  species  (H  or  D)  in  the 
centers.  The  defect  was  proposed  to  consist  of  an  H  or  D  atom  bonded  to  one  of  the  four  C  atoms 
neighboring  a  Si  vacancy.  Prom  as-grown  epitaxial  layer  the  H-related  PL  has  also  been  obser¬ 
ved  only  when  special  growth  conditions  were  used  which  do  not  correspond  to  the  standard 
epitaxial  conditions  (Ref.  2). 

We  will  in  this  work  show  experimental  evidence  of  the  presence  of  hydrogen  in  4H-SiC  trapped 
at  impurities,  although  the  hydrogen/impurity  complex  is  not  observed.  Low-temperature  pho- 
toluminescence  (PL)  spectra  reveal  after  secondary  ion  mass  spectrometry  (SIMS)  the  presence 
of  both  boron  and  hydrogen  related  fines  which  were  not  observed  before  the  SIMS  measurement 
(see  fig.l)  of  the  same  sample.  It  is  likely  that  the  high-energy  ions  used  in  SIMS  analysis  break 
the  B-H  bonds.  Hydrogen  is  then  trapped  by  existing  vacancies  to  form  the  known  H- vacancy 
center,  giving  rise  to  the  PL  spectrum.  This  phenomenon  is  observable,  only  for  certain  impurity 
concentrations.  The  competition  of  various  recombination  channels  during  the  PL  experiments 
will  also  influence  on  the  emission.  This  behavior  has  not  been  observed  for  higher-doped  n-type 
(n>  5  x  1016  cm“3)  samples  or  compensated  material  showing  donor-acceptor  N-Al  pair  in  the 
PL  spectrum.  The  change  of  the  PL  spectrum  is  observable  only  in  samples  with  enough  boron 
concentration  (>  2  x  1015  cm-3,  as  determined  by  SIMS).  This  behavior  has  been  observed  from 
layers  grown  by  chemical  vapor  deposition  when  hydrogen  is  used  as  a  carrier  gas.  It  has  also 
been  observed  for  material  grown  with  the  high  temperature  CVD  technique  where  the  carrier 
gas  is  not  hydrogen  but  helium,  however  the  precur¬ 
sor  gases  contain  hydrogen.  An  interesting  fact  is 
that  phenomenon  is  also  observed  from  samples 
grown  with  a  “hydrogen-free”  technique  such  as 
the  close-space  sublimation,  where  hydrogen  can 
be  incorporated  in  the  polycrystalline  SiC  material 
used  as  a  source.  Our  results  show  that  hydrogen 
trapped  at  impurities  probably  always  is  present  in 
SiC. 

Fig.  1.  The  change  in  the  PL  spectrum  for  a  4H  samp¬ 
le  is  shown  in  (b)  after  SIMS  measurement  compared 
to  (a)  before.  As  observed  three  new  sharp  fines  ap¬ 
pear  and  these  are  the  B-BE  and  the  two  hydrogen  3800  3850  3900  3950  4000 

related  lines  (Hi  and  H2).  photon  Wavelength  (A) 

[1]  W.J. Choyke,  and  R.P.Devaty,  Phys.  Rev.  B  9,  3214  (1974). 

[2]  D.J.Larkin,  S.G.Sridhara,  R.P.Devaty,  and  W.J. Choyke,  J.  Electron.  Mater.  24,  289  (1995). 
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An  infrared  absorption  study  of  different  p-  and  n-type  (mainly  6H)  SiC  samples  has 
been  performed  near  6  K  below  the  one-phonon  band  using  spectral  resolutions  down  to  0.025 
cm'1.  In  this  spectral  region,  absorption  by  local  vibrational  modes  (LVMs)  coexists  with  that 
of  acoustical  phonon  modes  with  wave  vectors  k/km ax  corresponding  to  special  points  of  the 
phonon  dispersion  curves  of  SiC  polytypes  in  the  large  zone  scheme  [1,2].  In  all  the  6 H 
samples,  a  pair  of  sharp  lines  at  235  and  240  cm'1  correlates  with  another  line  at  506  cm'1. 
These  lines  are  due  to  longitudinal  and  axial  phonons  with  wave  vectors  k/kmax  =  0.67.  In 
another  sample,  a  doublet  (255.23  and  256.82  cm'1)  whose  components  exhibit  a  full  width  at 
half  maximum  of  0.05  cm'1  correlates  with  a  mode  at  570  cm’1.  These  latter  lines  are 
characteristic  of  acoustical  phonons  at  k/km^x  =  0.8  in  the  1 5R  polytype. 

A  LVM  near  625  cm'1  is  observed,  in  all  the  samples  investigated.  It  has  been  attributed  to 
residual  14N  in  4 H  SiC  [3].  In  a  B-doped  material  grown  by  the  Lely  method,  two  LVMs 
related  to  10B$i  and  nBsi  are  observed  and  correlated  to  the  B  EPR  signature.  Their  vibrational 
nature  of  the  IR  lines  is  inferred  from  a  small  upward  shift  of  their  frequencies  between  room 
and  liquid  helium  temperatures. 

In  Al-doped  samples,  where  the  EPR  signature  of  A1  is  detected,  LVMs  are  observed  between 
684  and  691  cm'1,  whose  intensity  increases  with  electron  irradiation  dose,  that  could  be  due 
to  Al-related  local  modes. 

[1]  D.  W.  Feldman,  J.  H.  Parker,  Jr.,  W.  J.  Choyke,  and  L.  Patrick,  Phys.  Rev.  173,  787 
(1968). 

[2]  G.  D.  Dubrovskii  and  E.  I.  Radovanova,  Sov.  Phys.  Solid  State  14,  2127  (1973). 

[3]  W.  Gotz,  A.  Schemer,  W.  Suttrop,  W.  M.  Choyke,  R.  A.  Stein,  and  S.  Leibenzeder,  Mater. 

Sci.  Forum  143-147,  69  (1994). 
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Boron  as  an  acceptor-center  in  SiC  has  recently  attracted  much  attention.  New  exper¬ 
iments  have  been  focused  on  the  electronic  structure  of  boron-related  centers  [1],  the 
electrical  activation  of  the  acceptor  [2]  and  the  properties  of  boron  diffusion  [3].  To 
date  two  different  boron-related  centers  have  been  observed:  a  shallow  acceptor  and  a 
deep  center  below  mid-gap  [1].  While  the  shallow  center  has  been  identified  as  a  substi¬ 
tutional  boron  at  a  silicon  site  (Bsi),  a  boron- vacancy-complex  (boron  on  a  silicon-site 
with  a  neighbouring  carbon  vacancy)  is  currently  proposed  as  a  model  for  the  deep  cen¬ 
ter.  Other  configurations,  especially  boron  on  the  carbon  sublattice  (Bc),  have  not  been 
found.  This  might  be  related  to  the  thermal  stability.  It  was  found  that  kinetic  aspects 
play  an  important  role.  Implantation  experiments  [2,3]  indicate  that  intrinsic  point  de¬ 
fects,  most  likely  interstitials,  affect  the  boron  activation  and,  at  the  same  time,  are  the 
driving  power  of  boron  diffusion.  The  aim  of  the  present  work  is  to  develop  an  ab  ini¬ 
tio  microscopic  picture  of  boron-related  defects  in  cubic  SiC  and  their  kinetic  properties. 
Our  calculations  provide  the  microscopic  structure  as  well  as  the  energetics  of  the  defect 
formation,  defect  reactions  and  migration. 

For  the  substitutional  centres,  in  agreement  with  earlier  calculations  [4],  we  do  not 
find  a  distinct  preference  for  boron  incorporation  on  either  the  silicon  or  the  carbon  sub¬ 
lattice.  However,  by  including  charge  state  corrections  we  find  the  acceptor  level  of  Bsi  in 
significantly  better  agreement  with  the  experimental  value.  Our  investigation  rules  out 
a  possible  metastability  of  Be  and  Bsi  due  to  the  formation  of  boron-interstitial- vacancy 
pairs.  Thus,  in  equilibrium  both  Bc  and  BSi  should  be  present  in  similar  concentration. 
Moreover  the  calculated  position  of  the  acceptor  level  of  Be  coincides  with  the  deep  level 
observed  experimentally.  Our  detailed  analysis  shows  that  the  proposed  boron-vacancy- 
complex  [1,5]  has  deep  levels  close  to  the  conduction  band  instead.  This  questions  the 
correlation  of  this  level  with  the  model  from  ESR-  and  ENDOR-data.  Comparing  the 
formation  energies  of  boron-related  defects  we  have  found  that  boron-interstitials  and 
boron-vacancy-complexes  are  as  favourable  as  substitutional  boron  under  p-type  condi¬ 
tions,  leading  to  a  reduced  boron  activation.  We  find  the  substitutional  boron  acceptor 
to  be  metastable  against  reactions  with  vacancies  and  intrinsic  interstitials.  Hence,  be¬ 
yond  equilibrium  the  annealing  kinetics  should  affect  the  boron  activation  in  SiC.  Boron- 
interstitials  can  migrate  between  carbon  coordinated  sites  (which  are  energetically  pre¬ 
ferred)  via  silicon  coordinated  sites  or  split-interstitials  (a  boron  and  a  silicon  atom  share 
a  silicon  site).  The  latter  path  may  also  lead  to  a  kick-in  reaction  creating  a  B$i  while 
releasing  a  silicon-interstitial.  We  find  that  the  defect  relevant  for  a  vacancy  mediated 
boron  diffusion  consists  of  Bc  and  a  neighbouring  carbon  vacancy.  It  migrates  by  second 
nearest  neighbour  hops.  We  discuss  the  energy  barriers  for  these  migration  paths  under 
various  doping  conditions. 

[1]  van  Duijn-Arnold  et  al.  ,  Phys.  Rev.  B  60,  15829  (1999)  and  references  therein. 

[2]  Itoh  et  al. ,  Appl.  Phys.  Lett.  73,1427  (1998). 

[3]  Laube  et  al ,  Appl.  Phys.  Lett.  74,  2292  (1999) 

[4]  Fukumoto,  Phys.  Rev.  B  53,  4458  (1996) 

[5]  Gali  et  al .,  Phys.  Rev.  B  60,  10620  (1999). 
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We  used  the  magnetic  circular  dichroism  of  the  absorption  (MCDA)  and  MCDA-detected 
electron  paramagnetic  resonance  (MCDA-EPR)  to  study  radiation-induced  point  defects  in 
neutron  and  electron  irradiated  and  subsequentially  annealed  6H-silicon  carbide.  We  found 
MCDA-lines  at  photon  energies  of  1075,  1049  and  lOllmeV  (fig.  1)  to  be  associated  with 
EPR  spectra  for  S=1  with  axial  symmetry  along  the  c-axis  of  the  hexagonal  crystal  and  fine 
structure  constants  of  455,  446  and  429-10'4cm'1,  respectively  (fig.  2).  These  three  MCDA 
lines  and  the  corresponding  MCDA-EPR  spectra  are 
attributed  to  the  spin  triplet  state  of  a  radiation- 
induced  point  defect  at  the  three  inequivalent  lattice 
sites  in  6H-SiC. 

Two  of  these  three  EPR  spectra  have  been  observed 
previously  by  photoluminescence  detected  EPR  (PL- 
EPR)  [1].  However,  corresponding  opical  transitions 
to  these  centers  were  not  found.  The  PL-EPR  spectra 
were  associated  with  an  efficient  non-radiative 
recombination  channel  via  a  nearest-neighbour  pair 
defect,  i.  e.  associated  with  a  shunt  process. 

We  found  that  the  optical  transitions  can  be  observed 
with  the  MCDA-technique  as  well  as  with  PL.  The 
PL  signals  can  be  detected  upon  excitation  with 
above  or  below  band  gap  light. 

In  a  double-beam-experiment  we  excited  the  sample 
with  the  blue-green  light  of  an  Ar-ion-laser  while 
simultaniously  detecting  the  MCDA-EPR-signal. 

Under  these  conditions  a  nonthermal  occupation  of 
the  Zeeman-levels  of  the  S=1  systems  was  achieved, 
leading  to  the  inversion  of  the  high  field  MCDA- 
EPR-lines  and  a  reduction  of  the  relaxation  times  of 
the  spin  population.  The  latter  made  it  possible  to 
resolve  the  superhyperfine  structure  of  the  MCDA- 
EPR  lines,  which  turned  out  to  be  similar  to  that  of 
silicon-vacancy  related  defects  reported  in  [3]  (12 
Silicon  next  nearest  neighbours). 

We  discuss  the  model  of  a  Csi-Vc  vacancy-antisite- 
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Fig.  2:  MCDA-EPR-signal  detected  in  the  P6a 
b  and  c  MCDA-lines  under  additional  excitatio 
with  visible  light. 


pair  which  is  a  possible  annealing  product  of  the  isolated  silicon  vacancy  [2]. 


References: 
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Intrinsic  defects  are  known  to  introduce  deep  level  centers  in  semiconductors  and  to  have 
strong  influence  on  the  electrical  and  optical  properties  of  the  material.  In  a  compound 
semiconductor  such  as  SiC,  intrinsic  defects  can  be  vacancies,  interstitials  and  anti-sites.  In 
SiC,  the  single  vacancies  are  stable  well  above  room  temperature.  The  anti-sites  are  expected 
to  be  even  more  stable.  At  high  temperatures,  these  primary  defects  will  interact  with  each 
other  or  impurities  to  form  various  associated  complexes.  Many  of  these  secondary  defects 
have  been  reported  in  SiC,  but  little  is  known  about  primary  defects.  Until  now,  only  a  few 
has  been  identified:  the  negatively  charged  silicon  vacancy  in  3C,  4H  and  6H  SiC,  the 
positively  charged  carbon  vacancy  in  3C  SiC,  and  the  negatively  charged  carbon  vacancy  in 
4H  and  6H  SiC.  No  experimental  observation  of  interstitials  or  anti-sites  in  SiC  has  been 
reported  so  far.  In  this  work,  we  report  the  latest  results  of  our  Electron  Paramagnetic 
Resonance  (EPR)  studies  of  primary  intrinsic  defects  in  electron-irradiated  SiC:  the 
identification  and  electronic  structure  of  the  positively  charged  carbon  vacancy  and  the 
silicon  anti-site  in  4H  and  6H  SiC. 

The  carbon  vacancy  in  the  positive-charge  state  has  been  identified  based  on  the  hyperfme 
structures  due  to  the  interactions  with  the  four  nearest  Si  neighbours  and  with  twelve  C  atoms 
in  the  next  nearest  neighbour.  The  center  has  trigonal  symmetry  (C3V)  and  an  electron  spin 
S=l/2.  The  electronic  structure  of  the  center  will  be  presented  in  comparison  with  that  of  the 
positively  charged  carbon  vacancy  in  3C  SiC. 

Anti-sites  have  so  far  been  studied  only  by  theories  in  3C  SiC.  In  this  work,  we  report  our 
observation  of  the  positively  charged  Si  anti-site  in  4H  and  6H  SiC.  The  defect  was  identified 
based  on  the  29Si  self-hyperfine  of  the  anti-site  and  the  hyperfine  structure  of  the  nearest  Si 
neighbouring  atoms.  The  defect  has  also  trigonal  symmetry  (C3V)  and  an  electron  spin  S=l/2. 
Replacing  a  C  atom  by  a  bigger  Si  atom  creates  a  considerable  outward  relaxation.  A  strong 
temperature  dependence  of  this  distortion  has  been  observed.  The  microscopic  structure  of 
the  defect  and  its  dependence  on  the  temperature  will  be  presented. 

The  thermal  stability  of  the  carbon  vacancy  and  Si  anti-site  will  also  be  discussed. 
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SiC  as  a  polytypic  material  has  the  advantage  over  most  other  semiconductors  that  quantum  film 
devices  in  principle  can  be  produced  from  one  and  the  same  chemical  compound  only  using  a 
combination  of  the  cubic  and  hexagonal  polytype.  By  incorporation  of  Si  or  Ge  quantum  dots,  SiC  as 
a  wide  band-gap  material  can  show  a  large  conduction  band  discontinuity  that  favours  possible  optical 
devices  as  they  can  be  integrated  in  more  highly  developed  Si  technology.  Defects  on  the  atomic  scale 
and  unstrained  nanocrystals  can  prevent  the  functioning  of  such  devices.  Therefore  in  this  paper 
emphasis  is  placed  on  strain  and  defect  characterization. 

Three  kinds  of  specimens  have  been  studied:  a)  free-standing  Si-  and  Ge-nanocrystals  on 
cubic  and  hexagonal  SiC  grown  in  the  “Stranski-Krastanow”  growth  mode  by  molecular  beam  epitaxy 
(MBE);  b)  embedded  Ge-containing  and  Si  nanocrystals  inside  the  SiC  matrix  created  after  Ge^-ion 
implantation  and  subsequent  annealing;  and  c)  quantum  films  of  3C-SiC  inside  hexagonal  SiC  grown 
by  the  layer-by-layer  growth  mode  by  MBE1.  For  comparison,  results  of  thick  cubic  SiC  films  on  Si 
and  SiC  substrates  will  be  considered.  A  combination  of  various  advanced  transmission  electron 
microscopy  techniques,  such  as  convergent-beam  electron  diffraction  (CBED),  high-resolution  (HR) 
transmission  electron  microscopy,  atom  location  by  channeling  enhanced  microanalysis  (ALCHEMI) 
and  high-angle  annular  dark-field  (HAADF)  microscopy  have  been  applied.  Parts  of  the  experiments 
have  been  accompanied  by  image  simulations  based  on  the  multislice  method  or  by  Bloch  wave 
calculation. 

It  was  found  that  Si  nanocrystals  from  about  5nm  to  20nm  in  size  grow  by  MBE  on  cubic  SiC 
in  two  different  orientations,  however  larger  crystals  appeared  in  one  orientation  only  which  may  be 
explained  by  the  different  misfit  between  the  nanocrystals  and  the  substrate..  Local  strain  in  the  dot 
and  the  adjacent  matrix  has  been  determined  directly  from  HRTEM  images  or  CBED  patterns.  Lattice 
defects  in  the  Si  dots  such  as  extrinsic  stacking  faults  (SFs)  have  been  identified.  Their  shift  vector 
has  been  determined  and  the  efficiency  of  strain  relaxation  either  due  to  the  defect  or  due  to  a  wetting 
layer  has  been  demonstrated.  These  defects  are  mostly  originated  at  steps  at  the  SiC  surface  which  are 
often  caused  by  SF  spreading  through  the  whole  3C  matrix.  For  Si  nanocrystals  inside  the  6H-SiC 
matrix  produced  by  implantation  was  surprisingly  found  that  SFs  parallel  (0001)  planes  of  the 
hexagonal  matrix  are  constrained  follow  the  structure  of  the  matrix.  Ge-containing  nanocrystals  in 
cubic  SiC  created  after  implantation  and  subsequent  annealing  have  been  imaged  in  HR  and  HAADF, 
however  further  complementary  information  is  required  before  a  precise  assignment  of  their  strain 
state  may  be  given.  Prevailing  defects  in  the  cubic  matrix  are  point  defects  and  SFs  on  all  {111} 
planes,  as  cubic  SiC  is  formed  after  undergoing  a  phase  transformation  from  hexagonal  over  the 
atomically  disordered  structure.  As  this  results  in  a  volume  decrease,  the  hexagonal  substrate  is  highly 
strained  and  a  6H-3C  polytype  transformation3  was  observed  leading  to  thin  3C-SiC  layers  inside  a 
hexagonal  matrix.  By  CBED,  the  lattice  parameter  of  these  thin  3C  layers  and  of  the  3C  quantum 
films  grown  by  MBE  have  been  determined  and  it  is  interesting  to  note  that  only  the  cubic  MBE  layer 
shows  a  rhombohedral  distortion.  Bloch  wave  calculation  in  combination  with  the  ALCHEMI 
experiments,  HR  imaging  and  HR  simulation  revealed  that  the  Ge  atoms  are  clustered  and  located  on 
interstitial  positions  in  the  case  when  no  Ge-containing  phase  is  crystallized.  The  resulting  strong 
diffraction  contrast  and  HR  contrast  differs  strongly  from  the  known  lattice  image  contrast  of  the 
hexagonal  SiC  structure3.  Very  similar  strain  contrast  was  found  at  interfaces  and  occasionally  inside 
layers  grown  by  MBE  that  are  expected  to  arise  from  impurities  on  interstitial  positions. 

The  authors  acknowledge  the  financial  support  of  this  research  by  the  Sonderforschungsbereich  196. 
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3  U.  Kaiser,  A.  Chuvilin,  W.  Richter,  Ultramicroscopy,  76  (1999)  21 
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Despite  the  significant  progress  in  crystal  growth,  the  industrial  applications  of  silicon  carbide 
crystals  have  up  to  now  been  severely  limited  by  the  insufficient  quality  and  size  of  the 
commercially  available  substrates.  Typical  defects  found  in  SiC  are  misoriented  domains, 
inclusions,  macrodefects,  dislocations,  micropipes  and  doping  striations.  Among  the  techniques  of 
crystal  characterization.  X-ray  diffraction  imaging,  polarized  light  microscopy  and  Raman 
spectroscopy  imaging  have  proved  of  value  as  powerful  tools  for  studying  the  defects  in  SiC. 

This  paper  is  devoted  to  the  characterization  and  comparison  of  4H-  and  6H-SiC  wafers  by  these 
three  techniques.  Stress  analysis  in  SiC  crystals  can  be  performed  by  all  of  them,  however,  the 
physical  phenomena  involved  in  the  creation  of  a  recorded  image  are  different. 

X-ray  diffraction  imaging  (topography)  has  been  performed  on  the  ID19  beam-line  at  the  ESRF. 
White  beam  section  and  projection  topographs  in  transmission  have  been  recorded  to  study 
structural  defects  within  the  slices.  White  beam  reflection  topography  has  been  performed  using  a 
low  energy  beam  in  order  to  observe  the  defects  near  the  sample  surfaces  (—  tens  of  microns). 
Micropipes  and  dislocations  can  be  easily  observed  by  this  method  [1], 

Micro-Raman  spectroscopy  imaging  was  applied  also  for  the  characterization  of  microscopic 
inclusions,  polytype  conversion,  doping  concentration  and  stress,  with  lateral  resolution  of  about 
one  micron  [2], 

4H-  and  6H-SiC  are  materials  with  optical  birefringence.  Defects  in  SiC  crystals  result  in  local 
stress  which  modifies  the  orientation  and  the  form  of  its  optical  indicatrix.  We  used  a  new 
birefringence  imaging  technique,  which  creates  false-coloured  images  representing  the  light 
transmission  7o,  the  orientation  of  the  indicatrix  </>,  and  I  sinSl ,  a  function  of  the  retardation 
resulting  from  birefringence  (and  a  measure  of  the  magnitude  of  optical  anisotropy)  [3], 

Figure  1  shows  images  of  the  same  area  of  a  4H-SiC  slice  by  using  X-ray  diffraction  in 
transmission  (la),  birefringence-  (lb)  and  Raman-imaging  (lc),  respectively.  The  differences 
between  the  images  and  the  information  obtained  from  them  is  discussed  in  detail. 


l««S£h  X<pxss> 

Fig  la  Fig  lb  Fig  lc 

[1]  M.  Dudley,  S.  Wang,  W.  Huang,  C.H.  Carter  Jr,  V.F.  Tsvetkov,  C.  Fazi,  J.  Phys.  D28  (1995)  A63-68. 

[2]  E.  Martin,  J.  Jimenez,  M.  Chafai,  Solid  State  Electronic,  Vol  42,  12  (1998)  2309-2314. 

[3]  M.  Geday,  J.  Kreisel,  A.M.  Glazer,  K.  Roleder,  J.  Appl.  Cryst.  (2000)  in  print. 
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One  of  the  main  applications  for  SiC  devices  is  in  high  power  systems  such  as  voltage 
source  converters,  for  example  in  motor  drives  or  HVDC  transmission  systems.  These  applications 
have  very  high  demand  on  the  device  regarding  high  blocking  voltage,  low  switching  losses  and 
high  current  levels.  This  makes  properties  such  as  reliability  and  long  term  stability  important. 

Detailed  results  regarding  performance  and  reliability  of  high  power  SiC  diodes  have 
recently  been  presented  [1].  It  was  reported  that  some  devices  exposed  to  long  term  operation 
exhibit  an  increase  of  the  static  forward  voltage  drop  after  the  testing.  In  this  study  we  present  a 
material  investigation  of  diodes  showing  this  behavior. 

The  investigated  diodes  were  made  on  35  mm  4H  SiC  wafers  from  CREE,  cut  with  an  8 
degrees  off  axis  angle.  An  approximately  30|im  thick  epi-layer  was  grown  using  the  hot  wall  CVD 
technique  with  a  doping  in  the  low  3  1015  cm'3.  Using  a  standard  diode  process  [2]  devices  were 
fabricated.  However,  to  ease  the  X-ray  characterization  in  this  work,  the  anode  consisted  of  a 
simple  p-type  epilayer.  These  diodes  were  then  stress  tested  in  a  controlled  way  reflecting 
continuos  converter  operation.  The  forward  voltage  drop  at  100A/cm1 2  was  originally  in  the  order 
of  3.4  V.  Some  of  these  diodes  showed  an  increase  of  the  voltage  drop  in  the  range  of  50-100  mV 
after  testing.  The  top  metal  layer  was  removed  on  selected  diodes  and  the  remaining  epitaxial 
material  was  studied  using  synchrotron  white  beam  x-ray  topography  (SWBXT),  cathode 
luminescence  (CL),  low  temperature  photoluminescence  (PL)  and  by  optically  measuring  room 
temperature  minority  carrier  lifetimes. 

The  SWBXT  showed  that  crystal  defects  were  created  in  the  epitaxial  material  on  tested 
diodes.  These  crystal  defects  are  observed  as  triangular  features  and  interpreted  as  stacking  faults 
in  the  (0001)  plane  starting  at  the  substrate/epilayer  interface  and  propagating  in  the  <1120> 
direction  towards  the  surface.  Dislocations  in  the  <01 10>  and  <1010>  directions  bound  the 
stacking  faults.  These  defects  are  directly  correlated  to  similar  optical  features  observed  in  cathode 
luminescence  at  low  temperatures,  showing  dark  triangular  shaped  regions  with  reduced  emission 
efficiency,  in  the  area  of  the  stressed  diodes  that  did  show  increased  forward  voltage. 

Optical  measurements  of  the  minority  carrier  lifetime  revealed  a  local  reduction,  from  about 
400ns  to  below  200ns,  in  the  regions  of  stressed  diodes.  Spatially  high-resolution  measurements 
showed  further  a  correlation  between  the  measured  lifetime  and  the  triangular  shaped  features 
observed  in  CL  or  SWBXT  mapping  measurements.  This  indicates  that  the  created  crystals 
defects,  or  defects  connected  to  these,  are  electrically  and  optically  active.  The  electrically 
observed  increase  in  forward  voltage  drop  in  these  diodes  can  be  related  to  the  reduction  of 
minority  carrier  lifetime. 


1)  H.  Lendenmann,  F.  Dahlquist,  N.  Johansson,  J.P.  Bergman,  H.  Bleichner,  and  C.  Ovren, 
Invited  Talk  at  1st  int.  Workshop  on  Ultra-low-Loss  Power  Device  technology,  Nara  Japan, 
31  May  -  2  June,  2000. 

2)  K.  Rottner,  et.  al,  “SiC  power  devices  for  high  voltage  applications,”  ECSCRM  (1998). 
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The  micropipe  is  a  type  of  screw  dislocation  with  a  hollow  core  which  penetrates  a  SiC  (0001 ) 
substrate  from  the  front  to  back  surface  along  the  [0001]  axis.  If  screw  dislocations  including 
micropipes  exist  in  substrate,  they  will  propagate  to  the  epitaxially  grown  surface.  Current 
commercial  4H-SiC  wafers  contain  micropipes  in  density  in  the  order  of  101  to  102  cm'2.  This  high 
micropipe  density  restricts  device  area  enlargement,  because  the  device  will  suffer  destructive 
damage  if  a  single  micropipe  is  present  in  the  device  area. 

Micropipe  closing  through  LPE  has  been  reported  recently  [1,2],  however,  it  is  not  yet  clearly 
understood  how  micropipe  closing  takes  place.  In  this  paper,  we  report  on  micropipe  closing 
involving  structural  transformation  of  screw  dislocations. 

Molten  KOH  treatment  was  carried  out  on  epilayers  and  substrates  for  defect  etching,  at 
temperature  and  duration  of  480°C  and  1  minute,  respectively.  Epitaxial  growth  was  carried  out  on 
8°  off  4H-SiC  (0001)  substrates  in  a  radiant-heating  reactor  [3]. 

Fig-1  shows  the  grown  surface  after  KOH  treatment.  Seven  hexagonal  etch  pits  round  in  shape 
were  observed  aligned  along  the  [1120]  direction.  Due  to  their  similarity  in  size  to  other  etch  pits  on 
the  surface,  they  were  identified  as  elementary  screw  dislocations.  Fig.2  shows  a  KOH  treated 
surface  after  the  entire  epilayer  has  been  completely  removed  by  abrading.  The  micrograph  was 
taken  from  the  same  place  as  in  Fig.l,  and  the  dark  hexagonal  etch  pit  in  Fig.2  indicates  that  a 
micropipe  existed  in  the  substrate  at  that  location.  This  suggests  that  the  micropipe  was  closed  in  the 
epilayer,  with  seven  elementary  screw  dislocations  appearing  on  the  epilayer  surface. 

A  screw  component  of  the  micropipe  has  Burgers  vectors  b^3c  for  4H-SiC,  where  c  is  the  lattice 
parameter  along  the  [0001]  axis.  On  the  other  hand,  an  elementary  screw  dislocation  has  b  =\c  with 
no  hollow  core.  Thus  our  KOH  analysis  suggested  that  the  micropipe  was  transformed  into  seven  of 
the  elementary  screw  dislocations  during  epitaxial  growth,  where  die  magnitude  of  Burgers  vectors 
of  the  micropipe  was  divided  into  several  lc  of  the  elementary  screw  dislocations. 

To  understand  when  micropipe  closing  takes  place,  repetition  of  cycle;  abrading  of  a  certain 
thickness,  KOH  treatment  and  pit  evaluation  were  carried  out  as  a  depth  analysis.  From  this 
analysis,  a  relationship  were  confirmed  between  the  ratio  of  closing  micropipes  and  layer  thickness. 
It  may  be  note  that  the  ratio  significantly  increased  from  the  interface  to  a  few  pm  in  thickness, 
whereas  above  a  few  pm  to  the  surface  of  the  37  pm -thick-layer,  it  showed  no  marked  increase.  It 
appeared  that  the  majority  of  micropipe  closing  took  place  near  the  interface.  This  suggested  that 
most  of  the  structural  transformations  occurred  at  the  early  stage  of  epitaxial  growth. 

We  investigated  over  150  micropipes  in  this  experiment.  Approximately  1/3  of  the  micropipes 
were  closed  via  epitaxial  growth. 

[1]  R.  Yakimova  et  .al.  Inst.  Phys.  Conf.  Ser.  142  (1996)  101 

[2]  S.  Rendakova  et  .al.  J.  Electron  Mater.  27  (1998)  292 

[3]  H.  Tsuchida  et  .al.  in  Proc.  Int.  Conf.  Silicon  Carbide  and  Related  Materials,  NC,  USA,  Oct.  JO- 15,  1999 


Fig.l.  Micrograph  of  a  grown  surface  Fig.2.  Micrograph  of  a  KOH  treated  surface  after 

after  a  KOH  treatment.  the  epilayer  has  been  completely  removed. 
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In  recent  experiments  [1,2]  evidence  for  transient  enhanced  diffusion  of  boron  and  alu¬ 
minium  impurities  in  SiC  was  found.  It  is  known  that  mobile  intrinsic  defects  such  as 
interstitials  and  vacancies  play  a  pivotal  role  in  the  diffusion  of  dopant  atoms.  At  the  same 
time  they  are  responsible  for  self  diffusion.  The  development  of  a  microscopic  picture  of 
mobile  intrinsic  point  defects  and  their  migration  mechanisms  is  a  key  to  understanding 
both  self  diffusion  as  well  as  dopant  diffusion.  The  aim  of  the  present  work  is  to  develop 
such  a  picture  for  3C-SiC  from  first  principles  theory.  In  a  first  step  we  employed  first 
principles  calculations  based  on  density  functional  theory  to  investigate  the  energetics  of 
the  defect  formation  and  defect  reactions  [4].  Here  we  present  results  of  the  second  step, 
which  is  the  analysis  of  the  defect  migration. 

We  show  that  carbon  vacancies  [3]  and  silicon  interstitials  [4]  in  both  p-type  and  in¬ 
trinsic  material  are  the  most  abundant  mobile  defects.  Silicon  interstitials  can  migrate 
between  tetrahedral  carbon-coordinated  sites  (which  are  energetically  preferred)  via  split- 
interstitials  (two  Si  atoms  sharing  a  lattice  site)  or  via  silicon-coordinated  sites  as  interme¬ 
diate  configurations.  For  a  carbon  vacancy  we  exclude  a  migration  via  nearest  neighbour 
hops,  since  the  first  intermediate  state  of  the  ring  mechanism,  the  silicon  vacancy-antisite 
complex,  has  been  found  unstable  in  all  possible  charge  states.  Hence  we  propose  a  va¬ 
cancy  migration  mechanism  based  on  second  nearest-neighbour  hops.  It  proceeds  only 
on  the  carbon  sublattice,  in  p-type  and  intrinsic  material  with  an  energy  barrier  of  5  eV. 
We  have  also  analysed  the  migration  of  carbon  atoms  between  split  interstitial  sites  with 
(lOO)-orientation.  For  the  migration  of  carbon  interstitials  these  are  the  relevant  and 
energetically  lowest  configurations,  which  consist  of  a  carbon  and  a  lattice  atom  forming 
a  dumb  bell  oriented  in  the  (lOO)-direction.  The  silicon  vacancy  can  transform  into  a 
carbon-antisite- vacancy  complex  by  a  hop  of  a  carbon  neighbour.  In  p-type  and  intrin¬ 
sic  material  this  process  has  a  small  barrier  (~  1.6  eV)  and  is  accompanied  by  a  large 
energy  gain.  This  behaviour  is  explained  by  the  large  difference  of  the  formation  ener¬ 
gies  for  carbon  and  silicon  vacancies.  For  n-type  material,  however,  the  energy  difference 
between  the  silicon  vacancy  and  the  carbon-antisite- vacancy-complex  becomes  negligible 
and  the  barrier  for  the  transformation  increases  above  the  barrier  for  the  second  nearest 
neighbour  hop.  Our  calculation  suggests  that  silicon  self  diffusion  is  dominantly  based  on 
an  interstitial  mechanism  in  p-type  and  intrinsic  material  and  on  vacancy  migration  in 
n-type  material.  We  discuss  the  relevant  mechanisms  and  the  Fermi-level  dependence  of 
self  diffusion. 

[1]  M.  Laube  et  al ,  Appl.  Phys.  Lett.  74,  2292  (1999) 

[2]  I.  0.  Usov  et  al ,  J.  Appl.  Phys.  86,  6039  (1999). 

[3]  A.  Zywietz  et  al .,  Phys.  Rev.  B  59,  15166  (1999). 

[4]  M.  Bockstedte  and  O.  Pankratov,  Mater.  Sci.  Forum,  in  print 
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Properties  of  isolated  intrinsic  defects  in  SiC  are  widely  studied  and  their  atomic  and  elec¬ 
tronic  structure  is  already  known.  Although  further  experimental  evidence  shows  the  presence 
of  defect  complexes,  only  a  few  of  them  could  be  clearly  identified  up  to  now.  In  binary  semi¬ 
conductors  antisite  pairs  play  a  special  role.  Although  in  SiC  this  is  expected  to  be  a  defect  with 
high  formation  energy,  it  is  likely  to  be  created  during  irradiation,  or  non-equilibrium  growth. 
The  properties  and  role  of  these  defects  in  diffusion,  in  growth  as  well  as  their  interaction  with 
other  defects  deserves  consideration.  Therefore,  we  describe  now  the  atomic  structure  and  prop¬ 
erties  of  selected  vacancy-antisite  complexes  calculated  within  a  selfconsistent  charge  density 
functional  based  tight  binding  scheme  ( SCC-DFTB ). 

We  have  investigated  the  formation  of  antisites  in  the  perfect  lattice  first.  The  concerted  ex¬ 
change  mechanism  which  is  the  lowest  energy  path  for  self  diffusion  in  elemental  semiconductors 
has  too  high  a  barrier  for  formation  in  a  thermally  activated  process,  and  we  have  not  yet  been 
able  to  find  any  other  path  with  lower  energy.  The  net  formation  energy  of  the  antisite  pair  is 
5  eV .  On  the  other  hand  the  formation  energy  can  be  substantially  lowered  in  the  presence  of 
other  intrinsic  defects. 

According  to  our  former  results  [E.  Rauls  et  al.,  phys.  stat.  sol.  (b),  217/2,  R1  (2000)]  the 
silicon  vacancy  diffuses  with  a  low  energy  barrier  into  the  more  stable  Vc-Csi  complex.  Thus, 

we  next  examined  this  complex  in  combination  with  an 
Sl\  \  g-  antisite  pair:  Vc-Csi -f  Sic-Csi  -  This  structure  (see 
figure)  is  stoichiometrically  equivalent  to  a  single  Vsi, 
^  but  it  does  not  reconstruct  spontaneously  into  it. 

We  find  that  by  a  simultaneous  movement  of  the  Sic-Csi  pair  (marked  in  the  figure  with  the 
dashed  arrows)  «2.7  eV  are  necessary  to  activate  the  reaction  Vc-Csi  4-  Sic-Csi — >  Vc-Csi  (1) 
and  3.5  eV  to  activate  Vc-Csi  — »  Vsi  (2)  (the  latter  is  also  an  endothermic  reaction  by  1.7 
eV).  The  reverse  of  reaction  (1)  on  the  same  route  requires  an  activation  energy  of  4.8  eV.  This 
means  that  the  formation  energy  is  a  lot  less  than  in  the  perfect  lattice.  However  the  activation 
energy  for  formation  is  still  too  high  for  the  usual  heat  treatment  processes  (further  work  to 
check  other  routes  is  still  in  progress),  so  is  the  activation  energy  for  recombination. 

We  have  also  found  that  the  total  energy  of  a  Vc-CSi  4-  Sic-CSi  complex  is  3  eV  less  than 
that  of  Vc-Csi  and  Sic-Csi  far  apart  from  each  other.  This  means,  that  if  antisite  pairs  are 
created,  e.g.  by  irradiation,  they  will  aggregate  to  Vc-Csi  defects.  The  properties  of  these 
defects,  as  well  as  the  segregation  of  antisites  is  under  study. 
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Electron  irradiation  in  the  MeV  energy  range  allows  to  generate  primary  Frenkel  pairs 
in  the  carbon  and  silicon  sublattices  as  well  as  divacancy  centres,  which  can  be 
studied  by  the  electron  paramagnetic  resosnce  (EPR)  technique.  The  stability  of  the 
primary  defects  will  depend  on  various  parameters  such  as  the  irradiation  temperature 
and  conditions,  annealing  steps  and  the  initial  doping  of  the  crystals.  The  previously 
published  EPR  results1'6  for  high  energy  electron  irradiations  -typically  2MeV-  have 
revealed  a  complex  situation,  which  seems  to  indicate  defect  interactions. 

We  have  focussed  our  interest  on  the  vacancy  defects  generated  by  low  energy 
electron  irradiation:  assuming  an  identical  displacement  energy  of  ~23eV  for  carbon 
and  silicon  atoms  the  minimum  electron  energies  for  the  displacement  of  a  carbon  or 
silicon  atom  are  ~100keV  and  ~300keV  respectively.  We  have  irradiated  a  series  of  n- 
and  p-type  doped  6H-SiC  monocrystals  with  electrons  of  300keV.  At  this  energy 
carbon  vacancies  and  interstitials  and  silicon  close  Frenkel  pairs  are  the  expected 
primary  defects.  The  defects  have  been  analysed  by  X-band  electron  paramagnetic 
resonace  spectroscopy. 

In  p-type  A1  doped  samples  we  observe  two  dominant  EPR  spectra  after  typical 
electron  doses  of  lxl018cm‘2 3 4.  The  first  spectrum  can  be  attributed  from  its  spin 
Hamiltoian  parameters  to  the  positively  charged  carbon  vacancy  ;  this  defect  has  been 
already  reported  before5’6.  The  spectrum  can  be  observed  in  the  whole  temperature 
range  from  4K  to  300K.  The  second  spectrum  is  characterised  by  the  following  spin 
Hamiltonian  parameters  S=3/2,  g//=2.0032,g=2.0028,D=68.7xlO'4cm_1 ;  it  shows 
superhyperfine  interaction  with  4  nonequivalent  NN  carbon  and  12  nonequivalent 
NNN  silicon  atoms.  The  hyperfine  structure  demonstrates  that  the  defect  is  a  silicon 
vacancy  related  complex.  We  tentatively  attribute  this  centre  in  agreemnt  with  the 
special  irradiation  conditions  required  to  a  negatively  charged  Vsi-Si  Frenkel  pair 
defect  oriented  parallel  to  the  c  axis. 

In  n-type  N  doped  samples  we  donot  observe  the  previous  two  vacancy  defects. 
Instead  we  observe  one  dominant  and  different  EPR  spectrum  with  axial  symmetry 
S=l/2,  g  values  of  g//= 2.00026,  gi=2.0029.  The  particularity  of  this  spectrum  is  the 
absence  of  a  central  NN  hyperfine  spectrum  and  the  only  observation  of  Si  SHF 
interaction  doublets.  To  further  investigate  the  defect  model  additonal  information 
obtained  from  electron  irradiated  13C  enriched  samples  will  be  presented. 


1. L.A.Balona  et  al,  J.Phys.C  :  Sol. State  Phys.3, 2344(1970) 

2. T.Wimbauer  et  al,  Phys.Rev.B56, 7384(1997) 

3. N.T.Son  et  al,  Physica  B273, 655(1999) 

4. E.Sorman  et  al ,  Phys.RevB,  to  be  published  (2000) 

5. N.T.Son  et  al,  Mat.Science  Eng.B6 1,202(1 999) 

6. D.Cha  et  al ,  Mat.Sci.Forum  264-268,615(1998) 
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Ion  implantation  and  in  particular  proton  implantation  are  important  subjects  for  SiC 
based  microelectronic  applications.  The  implantation  process  will  in  addition  to  the 
doping  introduce  lattice  defects  due  to  elastic  collisions  between  the  high  energy  ions 
and  the  lattice  atoms.  The  nature  of  the  implantation  related  lattice  defects  and  their 
annealing  behaviour  have  been  studied  for  many  years  but  a  definite  picture  of  their 
microscopic  structure  has  not  yet  been  achieved1. 

One  major  difficulty  in  the  analysis  of  the  ion  implanatation  induced  defects  is  their 
inhomogenous  distribution  over  the  ion  track.  Whereas  in  the  first  part  the  implanted 
ions  will  loose  most  of  their  energy  by  electronic  excitations  the  energy  loss  in  the 
end  of  range  is  due  to  collisions  with  lattice  atoms.  Thus  the  nature  and  concentration 
of  defect  will  be  different  in  the  two  ranges,  called  the  trace  region  and  end  of  range. 
We  have  focussed  our  interest  in  this  study  on  the  defects  introduced  in  the  trace 
region.  To  do  so  we  have  used  high  energy  (12MeV)  proton  implantation  with  a 
projected  range  of  ~700pm,  such  that  the  protons  will  completely  cross  the  300pm 
thick  samples.  The  samples  were  purchased  from  Cree  Research.  The  defects  have 
been  analysed  by  X-band  electron  paramagnetic  resonance  spectroscopy. 

In  n-type  nitrogen  doped  samples  we  observe  under  thermal  equilibrium  conditions 
three  dominant  EPR  spectra,  which  have  been  reported  previously.  They  can  be 
attributed  from  their  Spin  Hamiltonian  parameters  to  the  negatively  charged  isolated 
Si  monovacancy4  and  the  neutral  Si  vacancy  on  the  hexagonal  and  quasicubic  lattice 
sites5.  For  proton  irradiation  doses  between  lxl016cm'2 3  and  8xl016cm‘2  the 
concentration  of  both  defects  increases  linearly  with  proton  dose.  Their  total 
introduction  rate  is  19cm"1  ;  this  rate  is  only  4%  of  what  is  expected  from  SRIM 
calculations.  Such  a  low  value  indicates  room  temperature  Si  vacancy  annihilation 
processes.  No  carbon  vacancy  related  defect  is  observed.  We  will  show,  that  the  low 
thermal  stability  of  the  Si  vacancy  in  irradiated  SiC  is  not  incompatible  with  the 
properties  iof  the  Z1/Z2  centre1,  and  we  tentatively  attribute  this  centre  to  the  neutral 
Si  monovacancy. 

Additional  results  obtained  in  p-type  A1  doped  material  will  be  reported. 
Acknowledgments :  we  thank  L.Henry  and  M.F.Barthe  from  CERI  (Orleans)  for  the 
proton  irradiations 
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The  Di  defect  is  the  best  known  persistent  defect  in  SiC  which  can  not  be  removed 
by  thermal  annealing  process  even  up  to  1700°C.  It  has  been  observed  in  3C,  4H,  6H 
and  15R  SiC  polytypes  after  ion  implantation  or  after  irradiation  with  high  energy 
electrons  or  neutrons.  It  can  be  expected  that  the  Di  defect  is  an  intrinsic  defect  since 
it  does  not  depend  on  any  specific  impurities.  The  Di  bound  exciton  exhibits  an 
extremely  effective  recombination  luminescence,  which  dominates  the  low 
temperature  photoluminescence  (PL)  spectrum.  In  4H-SiC,  there  is  one  no-phonon  Di 
PL  line  L  at  low  temperature  although  there  exists  two  inequivalent  substitution  lattice 
sites.  If  the  temperature  is  raised,  two  higher  energy  no-phonon  lines  M  and  H  appear. 
At  sufficiently  high  temperatures  the  Di  PL  lines  are  quenched.  The  large  exciton 
binding  energy  Ebx  and  the  existence  of  different  forms  of  PL  lines  for  low  and  high 
temperatures  suggest  that  these  lines  are  due  to  an  exciton  bound  to  an  isoelectronic 
center  by  short-range  forces. 

In  this  work,  an  extensive  experimental  study  of  the  Zeeman  effect  of  the  Di  bound 
exciton  in  4H-SiC  was  performed  in  magnetic  fields  of  B  up  to  23  T.  The 
measurements  were  carried  out  in  four  different  configurations  at  different 
temperatures.  Based  on  thermalization  behavior,  we  deduce  that  the  Zeeman  splitting 
of  the  Di  PL  lines  originates  from  the  initial  states  of  the  luminescence  process.  There 
is  no  magnetic  splitting  in  the  final  states  in  all  four  configurations.  This  supports  that 
the  Di  defect  is  an  isoelectronic  center.  Furthermore,  the  electronic  fine  structure  of 
the  Di  bound  exciton  is  obtained  from  magnetic  splitting.  Besides  the  L,  M  and  H 
levels,  there  exists  also  three  exciton  LH,  Ll  and  N  levels.  The  LH  and  Ll  levels  result 
from  the  zero-field  splitting  of  the  L  level  with  an  energy  interval  of  ±  0.35  meV.  The 
N  level  is  approximately  0.5  meV  above  the  M  level.  The  M  and  H  levels  remain 
unsplit  in  the  magnetic  field.  The  Zeeman  splitting  of  the  others  four  levels  are 
strongly  anisotropic  and  polarization  dependent.  In  addition,  the  Zeeman  effect  of  the 
Di  bound  exciton  in  3C-SiC  has  also  been  measured.  Similar  to  4H-SiC,  the  L,  M  and 
H  lines  in  3C-SiC  dominate  at  different  temperatures.  In  the  magnetic  field,  the  H  line 
remains  unsplit  while  the  M  and  L  lines  exhibit  a  very  complicated  splitting  behavior. 
The  energies  of  the  Zeeman  components  are  found  to  be  independent  of  the  direction 
of  B,  however,  their  intensity  distributions  are  anisotropic.  We  will  interpret  our 
experimental  results  by  means  of  a  detailed  symmetry  analysis  for  the  Di  bound 
exciton. 
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Neutron  irradiation  is  of  interest  for  different  reasons.  The  irradiation  produces  intrinsic 
defects  which  are  useful  for  fundamental  studies.  It  is  also  a  way  to  obtain  homogenous 
doping,  which  is  important  in  materials  intended  for  high  power  devices,  such  as  SiC.  The 
Neutron  Transmutation  Doping  (NTD)  is  an  established  technique  in  Si  technology.  In  NTD 
thermal  neutrons,  produced  in  a  fission  reactor,  is  absorbed  by  3  Si  which  is  transmutated  into 
3IP  creating  a  donor.  The  reactor  also  produce  fast  neutrons  which  have  higher  energy.  The 
fast  neutrons  are  believed  to  cause  most  of  the  damage. 

In  this  work  we  have  studied  the  effects  of  neutron  irradiation  on  4H  SiC.  The  irradiation 
were  performed  at  the  research  reactor  in  Studsvik  where  different  fluences  and  ratios  of  fast 
and  thermal  neutrons  were  produced.  After  the  neutron  irradiation  annealing  were  performed 
at  temperatures  from  500  °C  to  2000  °C.  Samples  were  characterized  by  the  use  of  optical 
methods  such  as  Photoluminescence  (PL),  Time  Resolved  PL  (TR-PL)  and  Fourier  Transform 
Infra-Red  spectroscopy  (FT-IR).  Electrical  measurements  for  characterization  includes  Deep 
Level  Transient  Spectroscopy  (DLTS),  Admittance  Spectroscopy,  IV,  CV  and  Photo  Induced 
Current  Transient  Spectroscopy  (PICTS). 

4H  SiC  samples  were  irradiated  at  Studsvik  to  create  phosphorus  doping  from  5-1014  cm'3  to 
5-1015  cm'3.  After  irradiation  the  originally  dominating  emission  from  nitrogen  bound 
excitons  and  the  free  exciton  in  PL  disappears  completely.  In  samples  where  the  fluence  of 
fast  neutrons  has  been  minimized,  several  previously  well  investigated  lines  from  4260  A  - 
4420  A,  the  Ea  spectra  [1],  related  to  intrinsic  defects  may  be  seen. 

When  the  samples  are  annealed  in  the  temperature  range  of  1000  °C  to  1400  °C,  new  and  to 
our  knowledge  previously  not  reported  lines  in  the  3960  A  -  4270  A  range  appear  in  the 
spectrum.  These  lines  shows  similar  behavior  to  intrinsic  lines  such  as  Di  [2]  and  the 
previously  mentioned  Ea  lines.  The  lifetimes  are  long  as  can  be  expected  for  an  exciton  bound 
to  an  isoelectronic  defect  [2].  The  lines  quenches  at  temperatures  above  100  K.  After  high 
temperature  annealing,  above  1500  °C,  all  PL  spectra  is  dominated  by  the  intrinsic  defect  Dj. 
The  bandedge  luminescence  from  nitrogen  bound  excitons  and  free  exciton  returns  but  is 
much  weaker  than  originally. 

After  high  temperature  annealing  and  under  some  irradiation  conditions  a  weak  PL  emission 
at  3.256  eV  that  we  attribute  to  phosphorus  is  observed.  To  our  knowledge  there  has  been  no 
previous  report  of  PL  emission  related  to  phosphorus  in  4H-SiC.  This  emission  is  not  seen  in 
as-grown  material  or  in  material  implanted  with  A1  or  B  and  annealed  at  the  same 
temperatures.  We  can  however  se  the  same  emission  in  phosphorus  implanted  material  after 
annealing.  The  position  of  this  line  is  between  the  two  nitrogen  bound  excitons,  which  is 
similar  to  the  observation  of  phosphorus  in  6H  SiC. 

[1]  T.  Egilsson,  A.  Henry,  I.G.  Ivanov,  J.L.  Lindstrom  and  E.  Janzen,  Phys.  Rev.  B  59,  8008  (1999) 

[2]  T.  Egilsson,  J.P.  Bergman,  I.G.  Ivanov,  A.  Henry  and  E.  Janz<5n,  Phys.  Rev.  B  59, 1956  (1999) 
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During  the  past  decade  much  information  has  been  gathered  with  EPR,  ENDOR  and 
optically  detected  EPR  about  negatively  charged  silicon  vacancy  ( Vs^ )  and  related  defects  in 
different  polytypes  of  SiC.  The  nature  of  the  other  simplest  intrinsic  defects  has  not  been  as 
intensively  studied.  Some  EPR  spectra  have  been  assigned  to  a  single  carbon  vacancy  ( Vc) 

and  Vc -related  defects  in  3C-SiC  [1]  and  recently  in  4H-  and  6H-SiC  [2,3].  The  observation 

of  new  EPR  spectra  on  electron-irradiated  p-type6H-SiC  samples  is  presented  in  this  report. 
The  spectra  are  tentatively  identified  as  arising  from  a  neutral  boron-carbon  vacancy  (Bsi-Vc) 

complex  and  . 

The  high  quality  /?-type  Lely-grown  crystals  of  6H-SiC  with  boron  content  about 
4T017  cm"3  have  been  irradiated  with  2.0  MeV  electrons  up  to  dose  of  1T018  cm'2.  Most  of 

the  EPR  measurements  have  been  performed  at  77K  at  X-  and  K-band  in  (1 1  2  0)  and  (1 1 00) 
planes  of  the  crystals. 

Apart  from  an  intense  central  group  of  lines  in  a  g-value  range  of  2.0015  -  2.0050 
several  hyperfine  (hf)  satellites  are  observed  with  the  strongest  splitting  of  about  150  G  at 

B\\c  and  77K.  The  spectra  can  be  described  as  arising  from  two  defects  in  various 
inequivalent  lattice  sites,  with  spin  S=l/2  and  close  principal  values  of  g-tensor.  For  example, 
a  spectrum  assigned  to  hexagonal  site  of  (Bsi-Vc)  complex  is  axially  symmetric  with 
gll=2.0030,  gi=2.0047  and  hf  coupling  parameters  a=108.8TO'4  cm'1  and  6=14.2T0“4  cm'1, 
the  symmetry  axes  of  g-tensor  and  hf-tensor  coincide  with  c-axis  of  a  crystal.  The  intensity  of 
hf  satellites  relative  to  the  central  part  of  this  spectrum  is  about  4%,  giving  evidence  that  it 
arises  from  an  isolated  vacancy  or  vacancy-related  defect  at  a  carbon  site. 

Thermally  activated  reorientation  from  one  inequivalent  site  to  another  causes 
broadening  and  narrowing  effects  on  the  EPR  spectra  in  the  temperature  range  77  -  300K.  A 
reduction  of  hf  splittings  up  to  12%  is  observed  in  this  range  for  both  centers. 

Detailed  models  for  the  defects  are  analyzed  based  on  the  results  of  ab  initio 
calculations  of  the  structure  and  hf  coupling  parameters  for  carbon  vacancy  in  various  charge 
states  and  (Bsi-Vc)  complex.  The  resemblance  of  the  defect  features  with  those  of  the 
appropriate  silicon  vacancies  in  Si  is  discussed. 

This  work  was  partially  supported  by  INTAS  97-2141  grant. 
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Proton  irradiation  is  a  convenient  way  to  create  intrinsic  defects,  because  of  good  control 
of  defects  created  and  possible  modelling.  In  this  study  proton  irradiation  with  different  doses 
was  performed,  and  samples  were  characterised  using  electrical  measurement  techniques  - 
I-V,  C-V,  Deep  Level  Transient  Spectroscopy  (DLTS)  and  Minority  Carrier  Transient 
Spectroscopy  (MCTS),  as  well  as  optically  by  Photoluminescence  (PL).  Annealing  behaviour 
of  the  introduced  defects  was  studied  by  annealing  the  samples  at  750  °C  and  1 100  °C. 


4H-SiC  20  pm  thick  epilayer  grown  by  hot  wall  CVD  technique  was  irradiated  by 
2.9  MeV  protons  at  room  temperature  with  doses  ranging  from  MO11  to  3-1013  cm’2.  Damage 
profile  was  flat  with  a  peak  located  at  60  pm,  therefore  vacancies  were  distributed  uniformly 
in  the  whole  epilayer  (20  pm  thick).  The  calculated  vacancy  concentration  (TRIM)  in  the 
epilayer  was  from  2-1014  to  6T016  cm’3.  The  nitrogen  doping,  3- 1015  cm’3,  as  measured  by 
C-V  did  not  change  after  irradiation  for  lightly  irradiated  samples,  while  nitrogen  donors 
were  partially  compensated  by  the  generated  intrinsic  defects  in  samples  with  higher 
irradiation  dose,  reducing  the  effective  doping.  DLTS  and  MCTS  spectra  were  recorded  in 
the  temperature  range  of  80-750  K.  Due  to  the  low  transparency  of  the  Schottky  contact  metal 
in  the  UV  range,  the  MCTS  signal  only  comes  from  the  edge  of  the  contact.  This  fact  makes 
it  difficult  to  estimate  the  probed  volume,  and  quantitative  values  of  the  defect  concentration 
could  not  be  calculated. 


The  MCTS  spectra  of  minority  carrier  traps  show  peaks 
at  Ey  +  0.35  and  Ey  +  0.44  eV.  The  latter  peak  reduces  and 
disappears  with  increasing  annealing  temperature,  while 
the  first  one  increases  (see  figure).  The  peak  at  Ev  +  0.35  is 
probably  related  to  the  same  defect  as  HH1  trap  previously 
seen  in  electron  irradiated  material  h  A  new  peak, 
corresponding  to  a  trap  located  at  Ev  +  0.75  eV  appears  in 
the  samples  with  higher  implantation  dose  after  annealing 
at  1100  °C.  DLTS  spectra,  that  show  majority  carrier  traps 
have  strong  Z1  peak,  which  broadens  on  the  low 
temperature  side  for  unannealed  samples,  indicating  the 
existence  of  several  closely  spaced  levels,  which  are  not 
possible  to  resolve.  Annealing  at  1100°C  reduces  these 


and  makes  the  Z1  peak  more  narrow.  Other  defect  levels  Temperature,  k 


located  at  Ec-0.73,  0.90,  1.1  eV  are  also  observed  in 


DLTS,  and  their  dependence  on  implantation  dose  and  annealing  will  be  presented.  These 
levels  are  similar  to  previously  reported  peaks  in  irradiated  material1^. 


*  C.  Hemmingsson,  N.  T.  Son,  O.  Kordina,  J.  P.  Bergman,  E.  Janzen,  J.  L.  Lindstrom,  S.  Savage,  and  N. 
Nordell,  Journal  of  Applied  Physics  81,  6155-9  (1997). 

^  T.  Dalibor,  G.  Pensl,  T.  Kimoto,  H.  Matsunami,  S.  Sridhara,  R.  P.  Devaty,  and  W.  J.  Choyke,  Diamond 
and  Related  Materials  6,  1333-7  (1997). 
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Generation  and  Annihilation  of  Intrinsic-Related  Defect  Centers 

in  4H/6H-SiC 
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Institute  of  Applied  Physics,  University  of  Erlangen-Niimberg,  StaudtstraBe  7,  D-91058  Erlangen,  Germany 

Hisayoshi  Itoh 

Japan  Atomic  Energy  Research  Institute,  1233  Watanuki,  Takasaki,  Gunma  370-1292,  Japan 

Intrinsic -related  defect  centers  have  been  generated  in  n-type  4H/6H-SiC  by  bombardment 
with  different  particles  like  high-energy  electrons  (2  MeV),  hydrogen  (H),  helium  (He)  or  ions 
of  heavier  masses  like  neon  (Ne)  or  argon  (Ar). 

DLTS  spectra  taken  on  4H-SiC  subsequent  to  e'-  irradiation  (without  annealing)  reveal  the 
Zi/Z2(4H)-center  (energy  level:  E(Zi/Z2)4h  =  Ec-630meV)  at  a  concentration  of  2.7xl014cm"3. 
Its  annihilation  process  has  been  studied  by  isochronal  anneals.  For  that  purpose  a  number  of 
samples  has  been  annealed  at  a  particular  temperature  TA  (Ta=600°C  to  2000°C)  for 
tA,i=30min  (Fig.  1,  solid  curve).  The  decrease  of  [Zi/Z2]4h  starts  at  TA=1400°C.  After  a 
second  anneal  of  the  identical  samples  at  identical  temperatures  TA  for  another  60min 
(tA,2=90min)  the  annihilation  process  already  starts  at  TA=900°C  (Fig.  1,  dashed  curve). 
Assuming  first  order  kinetics,  the  activation  energy  AEa  for  the  annihilation  process  of  the 
Zi/Z2(4H)-center  is  determined  from  the  slope  of  the  curves  in  Fig.l;  it  results  in  AEA=2.1eV. 
In  6H-SiC  subsequent  to  the  implantation  of  different  ion  species,  annealing  steps  have  been 
conducted  at  700°C,  800°C,  1000°C,  1400°C  and  1700°C.  DLTS  measurements  taken  on 
these  samples  reveal  three  prevailing  intrinsic  defects:  Ei/E2,  Zi/Z2(6H),  and  the  R-center.  In 
Fig.  2,  the  annealing  behavior  of  these  defects  is  shown  for  a  He-implanted  sample.  All  three 
defects  appear  after  anneals  between  700°C  and  1000°C  with  their  respective  concentration 
maximum  at  800°C.  Defect  center  Ei/E2  survives  annealing  steps  up  to  at  least  1700°C;  its 
concentration  decreases  with  increasing  annealing  temperature.  Zi/Z2(6H)  appears  also  at 
700°C,  however,  it  disappears  already  at  temperatures  around  1400°C.  The  R-center  is  formed 
at  annealing  temperatures  around  700°C,  it  disappears  at  elevated  temperatures  between 
800°C  and  1000°C.  We  also  systematically  conducted  annealing  steps  with  samples  implanted 
with  heavier  ion  masses.  Anneals  at  800°C  result  in  a  varying  number  of  DLTS  peaks;  their 
generation  depends  on  the  particular  ion  mass.  Subsequent  to  anneals  at  1400°C,  we  again 
observe  that  the  E]/E2-peak  is  the  dominating  feature  in  the  DLTS  spectra. 


annealing  temperature  (°C) 

Fig.l:  Concentration  of  Z^^H)  centers  [Zi/Z2]4h 
determined  in  n-type  4H-SiC  samples  subsequent  to  isochronal 
anneals  (tA=30min  and  90min). 


annealing  temperature  (°C) 


Fig.2:  Defect  concentration  of  the  prevai¬ 
ling  intrinsic-related  defects  in  6H-SiC  as  a 
function  of  the  annealing  temperature. 
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Annealing  process  of  defects  in  epitaxial  SiC  induced  by  He  and 
electron  irradiation:  Positron  annihilation  study 

A.  KawasusoA,  F.  RedmannA,  R.  Krause-Rehberg4,  J.  Gebauer'3,  H.  IthoB,  P.  Sperrc, 
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GERMANY 

2 'Japan  Atomic  Energy  Research  Institute,  1233,  Watanuki,  Takasaki,  Gunma 
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Erlangen  GERMANY 

Ion  implantation  is  an  indispensable  technique  in  SiC  device  process.  Thus,  it  is 
very  important  to  study  properties  of  defects  induced  by  irradiation.  Deep  levels  in 
epitaxial  SiC  induced  by  fast  particle  irradiation  has  been  studied  with  several 
methods,  such  as  DLTS  and  photoluminescence  (PL).  Recently,  the  relationship 
between  DLTS  centers  and  PL  lines  in  He-implanted  4H  and  6H  SiC  was  studied  in 
detail  through  their  annealing  behavior  [T.  Dalibor  et  al.  Inst.  Phys.  Conf.  Ser. 
142(1996)517,  T.  Frank  et  al .,  to  be  published].  Optically-detected  magnetic 
resonance  (ODMR)  measurements  was  also  employed  to  identify  atomic  structure  of 
radiation-induced  defects  [Sorman  et  al.  PRB  611200012613.].  However,  species  of 
defects  induced  by  irradiation  and  their  annealing  temperature,  chemical  nature  of 
electronic  energy  levels  in  DLTS  and  PL  spectra,  are  still  great  open  question.  In  this 
study,  to  characterize  annealing  kinetics  of  vacancy-type  defects  in  6H  and  4H 
epitaxial  SiC  introduced  by  He  and  electron  irradiation,  we  performed  positron 
annihilation  measurements. 

Specimens  used  in  this  study  were  commercially  supplied  4H  and  6H  SiC  epilayers 
with  net  carrier  concentration  of  5xl015  cm'3.  These  were  subjected  to  He 
implantation  and  2MeV  electron  irradiation.  In  the  case  He  implantation,  the 
implantation  was  done  with  several  energies  from  30  to  950  keV  to  form  box-shaped 
damage  profile.  Isochronal  annealing  was  taken  place  from  100  to  1700°C.  Both 
positron  lifetime  and  Doppler  broadening  measurements  were  performed.  It  was 
found  that  concentration  of  vacancy-type  defects  drastically  decreases  up  to  1400°C. 
This  result  is  very  similar  to  that  obtained  for  electron-irradiated  bulk  SiC[A. 
Kawasuso,  JAP,  80(1 996)5639] .  We  will  report  detailed  annealing  process  of  vacancy 
type-defects  and  also  correlation  with  DLTS  centers  in  the  conference. 
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Optical  transitions  of  native  and  irradiation-induced 
vacancy  defects  in  6H-SiC 
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Centre  d’Etudes  et  de  Recherches  par  Irradiation,  Centre  National  de  la  Recherche 
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H.  J.  von  Bardeleben  and  J.L.  Cantin 
Groupe  de  Physique  des  Solides,  Universites  Paris  6&7, 2  place  Jussieu, 

75251  Paris  Cedex  05,  FRANCE 

Positron  annihilation  spectroscopy  can  be  used  to  identify  vacancy  defects  in  bulk 
semiconductor  crystals  and  epitaxial  layers.  It  yields  quantitative  information  on  vacancy 
concentrations  in  the  range  10 15  -  1020  cm-3.  Positron  spectroscopy  under  monochromatic 
illumination  is  an  efficient  method  to  investigate  optical  transitions  of  vacancies  in 
semiconductors  [1].  We  have  now  applied  this  technique  to  study  native  and  irradiation- 
induced  vacancies  in  silicon  carbide  bulk  crystals. 

Two  different  optical  transitions  are  observed  in  both  as-grown  and  irradiated  SiC.  At  photon 
energies  hv  >  0.6  eV  average  positron  lifetime  xav  decreases  indicating  that  electrons  are 
ionized  from  vacancies.  At  hv  >  2.0  eV  Tav  increases  implying  that  vacancies  convert  into  a 
more  negative  charge  state.  The  concentration  of  the  optically  active  vacancy  increases  in 
electron  and  proton  irradiations.  By  combining  the  results  of  positron  lifetime  and  two- 
detector  Doppler  spectroscopy  we  can  associate  both  optical  transitions  to  Si  vacancy  or  a 
defect  complex  involving  Vsi.  The  illumination  threshold  energies  suggest  that  the  vacancy 
defect  has  ionization  levels  at  about  0.3  -  0.6  eV  below  the  conduction  band  and  2.0(3)  eV 
above  the  valence  band. 

[1]  K.  Saarinen  et  al.,  Phys.  Rev.  Lett.  70, 2794  (1993). 
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Proton  implantation  is  used  in  the  Smart  Cut*  process  to  fracture  a  thin  semi-conductor  layer. 
In  SiC,  defects  created  along  the  track  region  of  the  ions  change  the  electrical  properties  of  the 
fractured  layer.  The  nature  of  these  defects  is  still  unknown.  Positron  annihilation  is  a  non 
destructive  technique  which  can  be  used  to  identify  vacancy  type  defects  and  investigate  their 
charge  state  in  semiconductors. 

We  use  here  positron  annihilation  to  study  the  defects  induced  by  12  MeV  proton  implantation 
(  Rp  =  650  pm)  in  bulk  nitrogen  doped  (nD-nA=  1.9xl017  cm'3)  Cree  6H-SiC.  The  proton 
implantations  are  performed  with  the  cyclotron  of  CERI  (Orleans-France),  at  room 
temperature  for  different  fluences  from  4x1 014  up  to  8xl016  cm’2.  Positron  lifetime  and  electron 
momentum  distribution  (Doppler  broadening  spectrometry)  have  been  measured  with  a  22NaCl 
source  as  a  function  of  temperature  between  10  and  300  K.  The  lifetime  results  show  the 
presence  of  negative  ions  and  vacancy  type  defects  in  samples  before  and  after  proton 
implantation.  The  decomposition  of  the  lifetime  spectra  shows  that  the  lifetime  corresponding 
to  negatively  charged  vacancy  type  defects  increases  slightly  with  the  proton  fluence  from 
about  210  ±  10  ps  in  the  as-received  state  to  225  ±  5  ps  for  the  highest  fluences.  These  values 
are  comparable  to  those  which  have  been  already  reported  by  A.  Polity  et  ah  [1]  for  electron 
irradiated  6H-SiC  and  which  have  been  associated  to  the  Si-C  divacancy.  We  can  conclude  that 
vacancy  defects  induced  along  the  12  MeV  proton  track  region  appear  to  have  the  same  nature 
as  those  produced  by  2  MeV  electron  irradiation  and  their  concentration  increases  with  proton 
fluence. 


[1]  Defect  characterization  in  electron-irradiated  6H-SiC  by  positron  annihilation ,  A.  Polity, 
S.  Huth  and  M.  Lausmann,  Phys.  Rev.  B59,  16  (1999),  p  10603. 
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photon  energy  [meV] 

Fig.  1 :  MCDA-spectmm  of  neutron-irradiated  6H-SiC 
under  additional  excitation  with  visible  light. 

I  Q  _ .  .  .A  _  _ _ _ _ 


SiC  samples  irradiated  with  neutrons  or  ^  p6b+Q 

electrons  exhibit  a  large  number  of  different  jXc  , 

photoluminescence  (PL)  and  electron  _  i  Xb  !  ✓ Q 

paramagnetic  resonance  (EPR)  spectra,  but  ^  ft/  P6a 

so  far  only  few  correlations  beween  optical  ~  j  A  ~ — ^ 

and  EPR  spectra  are  known.  In  some  cases,  §> 
as  for  the  neutral  silicon  vacancy  [1],  the  ^ 
corresponding  PL  band  has  been  identified  8 

by  PL  detected  EPR.  The  PL-EPR  method  2  t=i.5K  P6b 

though  is  Often  limited  by  intensity  6H-SiC,  neutron  irradiated 

problems,  as  it  detects  the  EPR  via  a  change  magn.  field  25°  off  c-axis 

in  the  radiative  recombination  rate  and,  1000  1020  imo  1060  ioso 

especially  in  irradiated  samples,  numerous  photon  energy  [meV] 

competing  recombination  channels  can  Fig.l:MCDA-spectram  of  neutron-irradiated  6H-SiC 

weaken  the  PL  signal.  under  additional  excitation  with  visible  light. 

Even  when  the  PL  is  too  weak,  magnetic  — — 

circular  dichroism  of  the  absorption  *  x 

(MCDA)  lines  can  often  be  measured  at  the  ^  p6b+Q  | 

same  energetic  position  as  the  PL  lines.  A  p 

EPR  signals  can  be  detected  very  c  III 

sensitively  via  the  MCDA,  which  directly  w 

probes  the  spin  polarization  of  the  ground  a.  Ams=2 

state  [2].  A  radiation-induced  pair  defect  <  | 

(spectra  P6a,  P6b  and  P6c)  has  tentatively  8  ^  a 

been  identified  by  this  method  to  be  a  Csi-  v=24GHz  — 

Vc  pair  at  the  three  inequivalent  lattice  sites  |magn.  field  25°  off  c-axis  < — ( — t — t — T — T — 

PJ  800  820  840  860  880  900 

Another  example  for  the  potential  of  magnetic  field  [mT] 

MCDA-EPR  is  given  in  fig.  1.  Apart  from  ^  PT 

.  &r__  of  the  P6b  MCDA-lme  (mdicated  by  arrows  in  fig.  1) 

the  P6  spectrum  [3],  Other  MCDA-lmes  are  prove:  Xhe  P6b  line  is  superimposed  by  another  MCDA 

seen  in  which  MCDA-EPR  signals  were  line  associated  with  spectrum  Q. 
measured.  The  P6b  MCDA  line,  e.  g.,  is 

superimposed  by  another  line  not  resolved  in  the  MCDA-spectrum  (fig.  1):  MCDA-EPR 
measurements  (fig.  2)  show  that  the  P6b  EPR-spectrum  and  an  EPR-spectrum  labelled  Q  can 
be  measured  separately  at  different  energetic  positions  within  the  line. 

Recent  results  from  MCDA-EPR  measurements  are  compared  with  corresponding  published 
EPR  and  PL  spectra  in  order  to  correlate  EPR  and  optical  data. 

References: 

[1]  E.  Sorman  et  al,  Phys.  Rev.  B  61  (4),  2613  (2000) 

[2]  J.-  M.  Spaeth,  J.  R.  Niklas,  R.  H.  Bartram,  Structural  Analysis  of  Point  Defects  in 
Solids,  Springer  Heidelberg  (1992) 

[3]  Th.  Lingner,  S.  Greulich-Weber,  J.-  M.  Spaeth,  these  proceedings 


v=24GHz 

magn.  field  25°  off  c-axis 


magnetic  field  [mT] 

Fig.2:  MCDA-EPR  spectra  measured  in  different  parts 
of  the  P6b  MCD A-line  (indicated  by  arrows  in  fig.  1) 
prove:  The  P6b  line  is  superimposed  by  another  MCDA 
line  associated  with  spectrum  Q. 
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Abstract  The  origin  of  the  deep  boron  center  in  SiC  is  subject  of  lot  of 
controversy.  A  former  ab  initio  LDA  molecular  cluster  calculation  showed 
(A.  Gali  et  al,  PRB  60,  10620  (1999))  that  the  boron  substituted  in  Si  site 
next  to  a  carbon  vacancy  complex  (BSi  +  Vc):  found  in  ENDOR  (A.  Duijn- 
Arnold  et  al,  PRB  57,  1607  (1998))  is  an  acceptor  and  the  charge  on  this 
acceptor  is  localized  at  the  carbon  site,  in  accord  with  PL  measurements  (H. 
Kuwabara  et  al,  Phys.  Status  Solid!  A  30,  739  (1975)). 

Now,  ab  initio  LDA  supercell  calculations  have  been  carried  out  for  boron- 
related  complexes  to  calculate  the  occupation  levels  in  4H  silicon  carbide.  It 
has  been  found  that  the  0/-  level  for  the  Bsi  T  Vc  complex  is  much  higher 
than  Ey+0.63  eV,  measured  for  the  deep  boron  center  (S.G.  Sridhara  et  al, 
J.  Appl.  Phys.  83,  7909  (1998)).  This  results  indicates  that  the  Bsi  +  Vc 
complex  can  be  disregarded  as  a  possible  candidate  for  the  microscopic  model 
for  the  deep  boron  center.  Other  feasible  boron-related  complexes  have  also 
been  investigated  to  identify  the  origin  of  the  deep  boron  center. 
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It  is  a  well  known  fact  that  hydrogen  (H)  has  the  capability  to  electrically  passivate  doping 
atoms  as  well  as  deeper  impurities  in  silicon  and  other  semiconductors.  This  feature  has 
recently  also  been  demonstrated  in  SiC  for  boron  and  aluminum  (Al)1*2,  but  no  quantitative 
data  has  so  far  been  presented.  In  this  contribution  we  focus  on  the  formation  and  thermal 
stability  of  the  hydrogen-Al  complex  in  Al-doped  epitaxial  4H-SiC. 

An  epitaxial  4H-SiC  film  with  a  buried  moderately  doped  Al-layer  was  implanted  in 
the  low-doped,  near  surface  region,  with  10  keV  2H+  ions  to  a  dose  of  lxlO15  cm'2.  The 
sample  was  then  annealed  at  300  °C  for  30  min  during  which  a  small  amount  of  the  implanted 
2H  migrated  into  the  buried  layer  forming  a  well  defined  peak  of  2H-A1  complexes  in  the 
buried  layer  (FIG.l).  The  surface  layer,  including  the  originally  implanted  2H,  was  then 
etched  away  and  the  sample  was  cut  into  smaller  pieces.  The  smaller  samples  were  then 
annealed  at  temperatures  and  times  ranging  from  280  to  410  °C,  and  15  min  to  72  h, 
respectively.  Finally,  the  redistribution  of  the  H  in  the  Al-layer  was  registered  using 
secondary  ion  mass  spectrometry  (SIMS).  H  was  used  instead  of  H  due  to  the  higher 
sensitivity  in  the  SIMS  measurement.  Following  the  kinetics  of  trap-limited  diffusion,  the  2H- 
profiles  are  Gaussian  shaped  (FIG.2)  and  assuming  a  one-to-one  2H-A1  complex,  the  fitted 
Gaussians  provide  the  dissociation  frequency  of  the  complex.  The  extracted  frequencies  cover 
three  orders  of  magnitude  and  yield  a  close  to  perfect  fit  to  an  Arrhenius  equation  with  the 
extracted  2H-A1  complex  dissociation  energy  equal  to  1.66  (±0.05)  eV. 


0  0.5  1  1.5  2 

Depth  (pm) 

FIG.l.  SIMS  depth  profiles  of  the  2H  implanted 
sample  annealed  at  300  °C  for  30  min. 


FIG.2.  SIMS  depth  profiles  of  the  sample  in  FIG.l. 
after  a  0.5  pm  etch  followed  by  an  anneal  at  350  °C  for 
1  and  4  h,  respectively.  Gaussian  functions  are  fitted  to 
the  profiles  within  AI  layer. 


*M.  K.  Linnarsson,  M.  Janson,  A.  Schoner,  N.  Nordell,  S.  Karlsson,  and  B.  G.  Svensson,  International 
conference  on  Silicon  Carbide,  IH-nitrides  and  related  materials- 1997  (1997). 

2N.  Achtziger,  J.  Grillenberger,  W.  Witthuhn,  M.  K.  Linnarsson,  M.  Janson,  and  B.  G.  Svensson,  Appl.  Phys. 
Lett.  73,  945-947  (1998). 
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We  report  on  the  electron  paramagnetic  resonance  (EPR)  observation  of  deep  A1  in  4H-SiC 
and  the  first  EPR  observation  of  deep  B  in  as-grown  SiC.  The  group-III  acceptor  impurities 
can  form  deep  and  shallow  levels  in  SiC  bandgap.  Up  to  now  deep  B  in  6H-,  4H-  and  3C-SiC 
as  well  as  deep  A1  and  deep  Ga  in  6H-SiC  were  investigated  by  EPR  [1,2].  The  EPR  of  deep 
B  could  only  be  observed  in  SiC  after  B  diffusion  and  was  not  observed  in  as  grown  SiC 

crystals.  We  have  investigated  p-type  4H-SiC 
crystals  heavily  doped  with  A1  (NA\  =  1019cm'3). 

The  figure  shows  EPR  spectra  recorded 
for  several  orientations  in  4H-SiC:Al  crystal  at 
4K  under  rotation  in  {1120}  plane.  In 
orientation  B  ||  c  (0°)  one  can  see  three  distinct 
EPR  signals.  One  is  marked  as  dAl  (deep  Al).  It 
has  angular  dependence  very  close  to  that 
observed  for  deep  Al  centers  in  6H-SIC  [1]. 
Symmetry  of  this  center  is  almost  axial  along  the 
c-axis  and  the  signal  can  be  characterized  with 
electron  spin  S  =  1/2  and  the  following  g-factors, 
which  are  strongly  temperature  dependent: 
£11=2.35;  2.2310.05  at  4K;  2.1110.02  at  9K, 
2.0910.02  at  20K  and  2.0610.02  at  45K;  gx=2 
for  all  temperatures.  In  B  ||  c  two  lines  could  be 
seen  for  dAl  signal  at  4K.  They  appear  due  to  the  presence  of  Al  impurity  in  two 
crystallographically  non-equivalent  h  and  k  lattice  sites.  Temperature  dependence  of  this 
signal  is  qualitatively  the  same  as  for  deep  Al  in  6H-SIC.  When  the  temperature  is  raised,  the 
signal  shifts  to  higher  magnetic  fields  (g-factor  lowers)  and  its  intensity  decreases.  But  while 
deep  Al  in  6H-SiC  almost  disappears  at  9K,  in  4H-SIC  it  can  be  observed  up  to  70K.  Since 
the  g-factors,  angular  and  temperature  dependence  of  this  signal  are  very  close  to  that  of  deep 
Al  in  6H-SIC,  we  ascribe  it  to  deep  Al  acceptor  centers  in  4H-SIC. 

The  line  marked  as  sB  arises  due  shallow  B  centers.  B  is  a  common  trace  impurity  in 
p-type  SiC.  The  signal  named  in  figure  as  dB  (deep  B)  can  be  seen  at  the  left  of  shallow 
boron  (sB)  EPR  line.  It’s  angular  and  temperature  dependence  is  completely  the  same  as  of 
deep  B  signals  that  was  found  earlier  in  4H-SIC  after  B  diffusion  [2],  The  inset  in  the  figure 
shows  this  signal  for  orientation  0  =  40°  in  which  the  characteristic  hyperfine  structure  due  to 
B  nuclear  spin  (/  =  3/2)  is  well  resolved.  Thus  we  can  conclude  that  this  signal  belongs  to 
deep  B  centers.  We  believe  that  deep  Al  has  the  same  structure  as  other  deep  acceptor  centers 
in  SiC  [2]:  a  complex  of  an  impurity  in  Si  site  next  to  carbon  vacancy.  The  center  is  oriented 
along  c-axis  for  all  crystallographical  positions. 

1.  P.G.  Baranov,  I.V.  Ilyin  and  E.N.  Mokhov.  Solid.  St.  Comm.,  100,  6,  371-376  (1996). 

2.  P.G.  Baranov,  I.V.  Ilyin  and  E.N.  Mokhov.  Phys.  Solid  State,  39,  1,  52-57  (1997). 
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Abstract:  The  thermal  stability  of  the  hydrogen  passivation  of  aluminum  acceptors  in  p-type 
silicon  carbid  is  investigated  by  annealing  experiments.  The  passivation  is  done  by  low 
energy  ion  implantation  (300eV  per  atom)  to  avoid  the  trapping  of  hydrogen  at  implantation 
defects.  Annealing  is  done  under  the  influence  of  the  electrical  field  in  a  reverse  biased 
Schottky  diode.  The  influence  of  temperature,  p-type  doping  level,  and  hydrogen  isotope  (*H 
or 1  2 3 4H)  on  the  depth  profile  of  passivated  acceptors  is  investigated. 

At  temperatures  around  500K,  A1  acceptors  become  reactivated.  In  the  electrical  field, 
released  hydrogen  is  moving  as  a  positive  ion  to  greater  depth  and  is  able  to  passivate  further 
acceptors.  Without  electrical  field,  the  effect  is  reversible  [1].  In  a  recent  publication,  we 
determined  the  thermal  activation  energy  of  the  reactivation  process  to  be  about  1.8eV  [2]. 
Regarding  diffusion,  only  effective,  i.  e.  trapped  limited  diffusion  constants  are  known  [3]  or 
data  from  much  higher  temperatures  [4].  Experimental  data  for  the  free  diffusion  of  hydrogen 
in  SiC  at  temperatures  around  500K  are  not  yet  reported  in  the  literature. 

The  reactivation  process  consists  of  some  independent  single  processes:  the  dissociation  of 
the  Al-H  complex,  the  free  diffusion  of  hydrogen,  the  ion  drift  in  the  electrical  field,  and  the 
recombination  of  free  hydrogen  with  A1  acceptors.  To  get  a  quantitative  description  for  the 
whole  process,  a  mathematical  model  is  developed.  It  consists  of  two  partial  differential 
equations,  which  describe  the  time  evolution  of  hydrogen  and  acceptor  concentrations.  The 
numerical  solution  successfully  simulates  the  experimental  data  and  provides  quantitative 
results  for  the  free  diffusion  constant  and  the  dissociation  rate.  By  studying  their  dependence 
on  temperature,  both  the  diffusion  energy  and  the  dissociation  energy  will  be  derived. 

This  work,  for  the  fist  time,  provides  quantitative  diffusion  data  on  free  hydrogen  in  SiC  at 
rather  low  temperatures  around  500K.  The  mathematical  model  describes  the  reactivation  of 
H-passivated  Al-acceptors  quantitatively  and  enables  detailed  predictions  of  the  influence  of 
temperature  and  electrical  field  on  the  process. 

[1]  N.  Achtziger,  C.  Hiilsen,  W.  Witthuhn,  M.  K.  Linnarsson,  M.  Janson,  B.  G.  Svensson:  phys.  stat. 
sol.  (b)  210,  p.  395  (1998) 

[2]  C.  Hiilsen,  N.  Achtziger,  U.  Reislohner,  W.  Witthuhn:  ICSCRM  1999 

[3]  M.  K.  Linnarsson,  J.  P.  Doyle,  B.  G.  Svensson:  Mat.  Res.  Soc.  Symp.  Proc.,  Vol.  423,  p.  625 
(1996) 

[4]  M.  Janson,  M.  K.  Linnarsson,  A.  Hallen,  B.  G.  Svensson:  Mat.  Res.  Soc.  Symp.  Proc.,  Vol.  513,  p. 
439  (1998) 
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This  paper  investigates  a  novel  approach  for  accurate  refinement  and  direct 
determination  of  dielectric  properties  of  uniaxial  wide  band  gap  materials  available  in  form  of  a 
thick  transparent  double  side  polished  wafer.  In  particular,  the  standard  Brewster  angle 
condition  defined  by  the  p-polarised  reflection  coefficient  rpp=0,  is  reformulated  for  a  uniaxial 
material,  to  be  a  function  of  both  the  ordinary  component  and  the  difference  in  dielectric 
function  between  ordinary  and  extra  ordinary  component  As.  The  dielectric  difference  is 
determined  from  the  oscillations  arising  in  the  ellipsometric  recorded  intensity  from  a  thick 
semi  transparent  wafer.  Figure  1  shows  the  ellipsometric  measurements  of  the  Brewster  angle, 
defined  by  the  zero  crossing  of  the  measured  intensity  proportional  to  Re(rssrpp*).  The 
difference  in  the  dielectric  function  is  determined  at  an  incidence  angle  different  from  the 
Brewster  angle.  The  method  also  requires  an  approximate  knowledge  of  the  oxide  overlayer 
thickness,  which  we  estimate  directly  from  a  spectroscopic  fit,  or  from  the  deviation  of  the 
ellipsometric  intensity  Im(rssrpp*)  from  zero.  However,  the  Brewster  angle  method  appears  less 
sensitive  to  the  overlayer  than  the  spectroscopic  fit.  The  results  are  thus  compared  to  the 
spectroscopic  fit  using  an  Anisotropic  Incoherent  Reflection  Model  in  combination  with  an 
anisotropic  Sellmeier  model.  A  combination  of  the  spectroscopic  fit  and  the  Brewster  angle 
method  makes  it  possible  to  increase  the  measurement  accuracy  of  the  dielectric  function  of 
uniaxial  wide  band  gap  materials. 

The  optical  crystallography  problem  related  to  ellipsometric  measurements  of  off-axis 
wide  band  gap  uniaxial  material  wafers,  is  also  briefly  discussed. 


angle  of  incidence  [degrees] 

Figure  1.  Ellipsometric  intensities  recorded  from  a  semi-insulating  on-axis  double  polished  4H-SiC,  as 

measured  by  a  phase  modulated  variable  incidence  angle  spectroscopic  ellipsometer.  The 
above  measurement  corresponds  to  a  photon  energy  of  2.0  eV. 
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The  application  of  a  structural  diagnostic  technique  to  the  qualitative  and  quantitative  characterisation 
of  processed  crystals  requires  the  knowledge  of  the  spectral  characteristic  figures  of  the  unprocessed 
material.  To  our  knowledge  few  are  the  works  that  give  such  figures  for  the  Rutherford  Back- 
Scattering  Channeling  (RBS-C)  spectrometry  applied  to  SiC  and  all  of  them  concern  the  6H-SiC 
polytype  [1-3].  This  work  gives  the  characteristic  figures  for  the  principal  4H-SiC  RBS-C  spectra  and 
angular  dips,  furthermore,  a  comparison  with  the  6H-SiC[2]  is  presented. 

Fig.  1  shows  the  experimental  angular  dips  for  the  6H-  and  the  4H~SiC  polytype:  they  are  the 
transitions  from  the  <000 1>  axis  to  the  (10-10)  and  (11-20)  planes  and  the  transition  from  the  (10-10) 
and  (11-20)  planes  to  the  random  alignment.  A  2  MeV  He+  beam  at  170°  back-scattering  angle  was 
used.  The  4H-  and  6H-SiC  polytype  have  almost  equal  values  for  axial  minimum  yield  and  planar 
half-width,  they  have  similar  (11-20)  minimum  yield  but  quite  different  (10-10)  minimum  yield,  finally 
they  have  individual  shoulder  shape.  In  particular,  the  <000 1>  to  (11-20)  transition  shows  a  double 
peck  structure  for  the  4H-SiC  against  a  single  peck  structure  for  the  6H  polytype.  Taking  into  account 
that  the  dip  shape  depends  on  the  variation  of  the  ion  close  encounter  probability  within  a  crystal  these 
results  help  us  in  understanding  the  ion  channeling  penetration  within  the  different  4H-  and  6H-  SiC 
crystalline  structure. 
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Fig.  1 
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The  micropipe  is  recognised  as  the  most  detrimental  defect  in  terms  of  silicon  carbides  device  operation  [1].  If  a 
micropipe  is  present  in  the  active  device  area,  the  blocking  capability  of  the  device  will  be  severely  impaired. 
Although  micropipe  densities  of  less  than  0.1cm'2  have  been  achieved  on  research  grade  material  [2], 
commercially  available  “standard  micropipe  density”  wafers,  still  have  micropipe  densities  up  to  100cm"2  [2], 
Often  these  micropipes  are  not  evenly  distributed  across  the  wafers,  but  occur  in  clusters  [3].  When  developing  a 
fabrication  process,  it  is  obviously  useful  to  know  which  areas  and  how  much  of  the  wafer  are  relatively 
micropipe  free  before  fabricating  devices.  Previously  synchrotron  white  beam  x-ray  topography  (SWXT)  has 
been  used  to  detect  micropipes  [4,  5],  Whilst  this  method  has  proved  to  be  an  effective  tool  in  determining  the 
location  of  micropipes  it  is  an  expensive  method  and  therefore  not  suitable  for  day  to  day  wafer  quality 
assessment.  Etching  SiC  in  molten  KOH  is  also  commonly  used  to  reveal  micropipes,  but  this  is  a  destructive 
process  and  so  renders  the  wafer  useless  for  device  fabrication. 

In  this  paper  we  describe  a  simple,  inexpensive  and  totally  non-destructive  method  to  detect  the  quantity  and  the 
distribution  of  micropipes  in  SiC  wafers.  In  this  technique,  a  water  electrolytic  cell  is  set  up  and  the  SiC  wafer  is 
attached  to  the  anode  [Fig  1].  When  a  current  is  passed  through  the  cell,  bubbles  of  H2  and  02  gas  are  released. 
These  bubbles  propagate  through  the  micropipe  and  rise  to  the  waters  surface  in  streams  [Fig  2].  This  visual 
effect  allows  the  observer  to  ascertain  the  quantity  and  distribution  of  micropipes  on  the  wafer.  We  present 
photographic  evidence  of  this  effect  and  the  distribution  of  micropipes  is  verified  using  optical  microscopy  and 
x-ray  topography.  This  technique  is  ideal  for  initial  macroscopic  wafer  assessment,  before  fabrication. 
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Fig  1:  Schematic  Diagram  of  Electrolytic  Cell  used 
to  Detect  Micropipes  in  SiC  wafers 


Fig  2:  Optical  micrograph  of  p-type  4H-SiC  wafe 
during  electrolysis 


-36- 


MoP-21 


IMPROVED  QUALITY  OF  MLM  -  SUBSTRATES  BY  CVD 

J.  Dolle,  W.  Eiserbeck,  H.-J.  Rost,  D.  Schulz,  D.  Siche,  G.  Wagner,  J.  Wollweber 
Institute  of  Crystal  Growth,  Max-Bom-Strafie  2,  D- 1248 9  Berlin,  Germany 
Phone:  +49  30  6392  2846  Fax:  +49  30  6392  3003  e-mail:  wagner@ikz-berlin.de 


It  is  known,  that  low  temperature  growth  methods  like  Liquid  Phase  Epitaxy  may  reduce 
micropipe  density  [1]  for  device  application.  CVD  at  lower  temperature  was  used  to  improve 
the  substrate  for  high  temperature  CVD  [2]. 


1000-j 

j 

800“ 

600-1 

400- 

200- 


f  *  \ 

I  i  1 

j  ! 


£1 


5400  5450  5500  5550  5600  5650 
Rock  Angle  (n) 

Peak  Angle  FWHM  Separation 
Substrate  949.7  5497.0  12.2 


Fig-  1 

Typical  rocking  curve  of  a 
6H-SiC  -  wafer,  ready  for  CVD 


In  this  work  bulk  6H-SiC  substrate  wafer  have  been  investigated  by  microscopy  in  polarized 
light  and  rocking  curve  mapping  on  a  double  -  crystal  diffractometer  (see  Fig.  1)  to 
characterize  micropipes  and  domains.  The  location  and  density  of  micropipes  as  well  as  the 
domain  areas  were  evaluated  after  wafer  polishing  and  oxidation.  Hot  wall  CVD  was  used  to 
seal  the  defect  areas  before  using  the  wafer  as  substrate  for  bulk  growth  by  the  Modified  Lely 
Method.  The  influence  of  elevated  temperatures  on  these  sealed  defects,  especially  on  their 
propagation  from  the  seed  to  the  crystal  will  be  discussed.  Additionally,  in  CVD  layers  was  an 
improvement  concerning  the  domain  structure  observed.  It  was  investigated,  if  this  effect  is 
stable  at  higher  MLM  growth  temperature. 
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We  report  on  study  of  residual  strains  and  dislocations  structure  in  thin  (-500  nm) 
GaN  layers,  grown  by  HVPE  directly  on  SiC  substrates.  Structural  properties  were 
investigated  by  transmission  electron  microscopy  (TEM)  and  XRD  measurements  using 
triple-crystal  diffractometer.  Residual  strains  were  determined  by  measurements  of  lattice 
constants  using  a  triple-crystal  modification  of  Bond  method. 

Two  different  types  of  thin  GaN  layers  grown  by  HVPE  technique  on  different  kinds  of 
SiC  substrates  without  buffer  layer  were  studied.  GaN  deposition  was  performed  on  Si  face 
of  on-axis  6H-SiC  grown  by  Lely  method  (first  type  film)  and  on  Si  face  of  on-axis  6H-SiC 
grown  by  modified  Lely  method  (second  type  film).  The  GaN  deposition  was  carried  out  in 
the  same  growth  run  at  the  growth  temperature  1020°C  and  growth  rate  0.2  pm/min.  The 
thickness  of  GaN  films  was  0.5  pm. 

The  comparison  of  structural  properties  of  both  GaN  films  was  carried  out.  The 
difference  in  absolute  values  of  residual  strains  and  special  features  of  the  shapes,  broadening 
of  X-ray  rocking  curves,  measured  on  symmetric  and  asymmetric  reflections  from  both  types 
of  thin  films  was  observed.  These  features  were  shown  to  be  defined  by  the  structure  of 
initial  highly  defected  layer  and  dislocation  population  in  every  type  of  GaN  films.  It  was  also 
shown  that  the  nucleation  stage  and  the  type  of  threading  dislocations  in  the  layer  depend  on 
the  kind  of  the  SiC  substrate.  The  formation  of  small  gomogeneous  grains  in  the  initial  stage 
of  growth  during  the  GaN  deposition  on  the  surface  of  SiC  substrate  grown  by  modified  Lely 
method  causes  the  predominance  of  pure  edge  threading  dislocations  in  the  GaN  structure 
and  the  abrupt  interface  between  the  initial  layer  and  the  top  part  of  the  layer.  The  residual 
strains  in  these  GaN  layers  are  higher  than  those  in  GaN  layers  grown  on  the  first  type  SiC 
substrate.  This  leads  to  more  early  cracking  of  thin  GaN  layers  deposited  on  SiC  substrates 
grown  by  modified  Lely  method. 

We  believe  that  the  results  of  this  study  may  be  useful  for  understanding  of  cracks 
formation  in  GaN  layers  grown  on  SiC  substrates. 
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We  report  defects  analysis  of  6H-SiC  bulk  single  crystal  growth  by  in-situ  x-ray 
topography.  Occurrence  and  dynamics  of  the  defects  during  SiC  crystal  growth  were  observed 
in  a  real  time  display.  The  experiments  for  the  growth  of  6H-SiC  crystals  by  the  modified 
Lely  method  were  performed  in  an  RF  induction  furnace  combined  with  an  x-ray  topography. 
The  crystal  growth  was  performed  at  2200°C  and  10-400  Torr  chamber  pressure  of  the  high 
purity  Ar  gas.  A  molybdenum  rotating-anode  was  used  as  a  source  to  generate  the  x-rays  with 
maximum  output  of  18kW.  The  diffraction  selected  from  (lOll)  plane  of  the  growing  crystal 
was  directly  scanned  as  topographic  images  using  a  CCD  camera.  Fig.l  introduces  the  results 
of  the  in-situ  x-ray  topography  measurement  of  the  crystal  grown  on  a  (0001)6H-SiC  Lely 
seed  crystal.  The  topograph  shows  appearance  of  the  domain  boundary  and  micropipes.  The 
topograph  was  taken  from  the  region  near  an  edge  of  the  seed  crystal.  The  initial  seed  crystal 
used  for  the  growth  contained  defects  and  dislocations  with  relatively  low  density.  However 
soon  after  the  starts  of  the  growth,  the  appearance  of  the  topograph  starts  gradually  changing 
to  light  and  dark  contrasts.  These  images  are  interpreted  as  occurrence  of  defects  and 
dislocations  in  the  grown  portions.  The  crystal  domains  and  their  edges  are  captured  clearly 
and  are  designated  by  Region  A  and  white  arrows  in  Fig.  1(a)  respectively.  As  the  growth 
proceeds  and  progresses,  domain  edges  make  boundaiy  at  the  center  of  the  crystal,  several 
micropipes  are  generated  newly  and  captured  as  spot  like  images  in  Region  B  as  shown  in 
Fig.  1(b).  The  appearance  of  other  defects  for  example  macro-defects,  polycrystal,  polytypes, 
etc.  will  be  discussed  at  the  conference.  This  study  was  performed  under  the  management  of 
FED  as  a  part  of  the  MITI  NSS  (R&D  Ultra-Low-Loss  Power  Device  Technologies) 
supported  by  NEDO  of  Japan. 


Fig.l  In-situ  x-ray  topographs  for  a  SiC  crystal,  (a)  Soon  after  the  starts  of  the  growth,  the 
appearance  of  the  topograph  changes  gradually  to  the  light  and  dark  contrasts,  because  of 
occurrence  of  defects  and  dislocations.  Region  A  and  white  arrows  are  crystal  domains  and 
their  edges,  respectively,  (b)  As  the  growth  proceeds,  edges  make  domain  boundary  at  the 
center  of  the  crystal,  micropipes  are  generated  and  captured  as  spot  like  images  in  Region  B. 
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Silicon  Carbide  (SiC)  occurs  in  many  polytypes  which  differ  in  the  periodic  stacking  sequences 
of  hexagonal  and  tetragonal  Si-C  double  layers.  The  SiC  lattice  parameters  differ  only  slightly 
from  polytype  to  polytype.  Using  X-ray  diffraction  methods  the  lattice  parameters  of  4H-  and 
6H-SiC  single  crystals  [1]  as  well  as  of  epitaxial  3C-SiC  thin  films  have  been  determined 
precisely. 

The  3C-SiC  thin  films  (thickness  »  1.2pm)  were  grown  by  solid-source  molecular  beam  epitaxy 
on  (OOOl)-oriented  on-axis  6/7-SiC  crystal  wafers  at  deposition  temperatures  between  780°C 
to  950°C  and  with  growth  rates  between  30  nm/h  to  120  nm/h  [2]. 

Although  the  lattice  parameters  differ  only  slightly,  well  separated  so-called  family  reflections 
of  the  3C-SiC  thin  film  and  6H-SiC  substrate  appeared,  however  at  close  neighbourhood.  In  this 
way,  the  thin  film  reflections  were  determined  with  respect  to  the  well  known  6H-SiC  bulk 
crystal  values  and  high  precision  thin  film  lattice  parameters  were  obtained. 

Results  of  the  3C-SiC  thin  film  measnerements  (here,  a  and  c  are  given  in  adequate  hexagonal 
terms  although  3C-SiC  is  cubic): 

c3c-sic'/3  <  c6H.SiC/6  c3c-sic/3  =  0.251  78  nm  +  3  •  10‘5  nm 

►  pseudomorphous  growth  ->  a3C_SiC  =  0.308  13  nm  ±  10  5nm 
with  respect  to  c6H_SiC/6  =  0.251  996  0  nm  +  0.3  -  lO^nm 

**«H-sic  =  0.308  129  nm  +  4  •  lO^nm 

►  (c/(3a))3C.SiC  =  0.817  116  >  0.816  497  =  V(2/3) 

The  measured  c/(3a)-relation  of  the  3C-SiC  thin  film  is  greater  than  the  numerical  value  of 
V(2/3)  for  the  ideal  non-deformed  Si-C  tetrahedron.  That  means  that  the  SiC-tetrahedra  that 
build  up  the  3C-SiC  thin  film  are  stretched  in  the  c-direction  (parallel  to  the  surface  normal)  and 
compressed  in  the  a-direction  (perpendicular  to  the  surface  normal)  compared  to  an  ideal  SiC 
tetrahedron. 

Thence,  the  inherent  strain  and  stress  components  of  the  epitaxial  3C-SiC  thin  film  could  be 
calculated  by  using  the  generalized  Hook's  law: 

£3  =  -  0.589c! 

ct  =  £2  =  Aa/a  =  -  4.77  10-4  and  £3  =  Ac/c  =  2.81  10 r4 
(Tj  =  <t2  =  2.26  •  108N/m2  for  the  in-plane  stress  components 

[1]  CREE  Research  Inc. 

[2]  A.  Fissel,  K.  Pfennighaus,  U.  Kaiser,  B.  Schroter,  W.  Richter;  Diamond  and  Related  Materials  6  (1997)  1316 


This  work  was  financially  supported  by  the  Deutsche  Forschungsgemeinschaft. 
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At  present,  several  kinds  of  crystallographic  imperfections  exist  in  SiC  wafers.  In  this  work 
sublimation  grown  epitaxial  layers  on  4H-SiC  commercial  wafers  have  been  studied 
concerning  crystalline  structure.  The  surfaces  were  off-oriented  8°  towards  <1120>  and  the 
layer  thicknesses  were  lOOj+m.  The  wafers  and  grown  epitaxial  layers  have  been  separately 
investigated  by  high-resolution  X-ray  diffraction  (HRXRD)  and  synchrotron  topography.  The 
result  shows  that  the  structural  quality  was  improved  in  the  epitaxial  layers  in  the  step-flow 
direction  <1120>,  concerning  domain  distribution,  domain  misorientation,  mosaicity,  and 
strain,  compared  with  the  commercial  substrate  wafers.  As  a  demonstration  of  the  crystalline 
improvement,  a  synchrotron  topography  image  of  a  cross-section  of  the  substrate  and  the 
epilayer  is  shown  in  Fig.  1.  The  darker  areas  in  Fig.l  correspond  to  areas  with  higher  density 
of  crystalline  imperfections.  The  difference  in  contrast  in  Fig.l  are  due  to  strainfields  caused 
by  complex  interference  effects  from  crystallographic  imperfections.  The  High-Resolution  X- 
ray  diffraction  measurements  show  rocking  curves  from  substrate  with  features  characteristic 
of  several  domains  located  at  almost  the  same  omega  value,  but  tilted  with  respect  to  each 
other  in  the  omega  direction.  Rocking  curves  recorded  from  the  epilayer  show  that  the  domain 
formation  from  the  substrate  has  been  reduced  in  the  epilayer,  Fig.2.  The  conditions  for  the 
observed  structural  improvement  are  discussed. 


0.5  mm 


Fig.l.  Synchrotron  section  topograph  showing 
cross-section  of  the  substrate  and  epilayer. 

The  wavy  lower  edge  is  due  to  backside 
evaporation  of  the  substrate  during  growth  of 
the  epilayer.  The  arrow  marks  the  layer- 
substrate  interface. 
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Fig.2  Rocking  curves  recorded  at  different 
positions  translated  along  <1  100  >  on  substrate 
and  epilayer.  Spotsize  is  1*9  mm 
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Silicon  carbide  ingots  grown  by  LETI  method  is  of  great  importance  as  a  material  for  hard 
environment  electronics.  However,  commercial  use  of  the  material  is  limited  by  not  enough 
quality  of  ingots. 

Modes  of  plastic  deformation  in  growing  SiC  boule  have  been  investigated  in  detail  and 
systematized  both  theoretically  and  experimentally  including  X-ray  diffractometry,  Laue 
pattern  method,  Berg-Barrett  and  Land  X-ray  topography,  cathodo-  and  photoluminescence 
measurements  and  comparative  chemical  etching. 

Use  of  silicon  carbide  substrates  of  elevated  diameter  (2-3”)  in  relatively  small  growth 
chamber,  non-optimized  thermal  field  in  this  chamber  as  a  rule  lead  to  non-uniform  heating  of 
the  substrates  so  that  the  last  is  subjected  to  increasing  stress.  However,  an  exact  stress  relief 
analysis  is  complicated  by  the  fact  that  the  non-uniform  and  unstable  relation  between  axial 
and  lateral  thermal  gradients  ad  well  as  the  “history”  of  the  substrate,  its  spatial  arrangement 
and  method  of  fixing  in  the  chamber  may  alter  to  a  great  extent  the  stress  distribution.  An 
accumulation  of  elastic  energy  during  the  growth  necessarily  causes  plastic  deformation  of 
several  predominant  mechanisms. 

When  the  stress  are  fairly  small  those  may  result  in  non-uniform  network  of  dislocations  and 
bending  front  of  crystallization.  The  greater  stress  level  usually  cause  relaxation  in  the  form 
of  the  kink  bands  in  the  most  stressed  parts  of  the  growing  ingot  when  the  dislocation  slip  on 
parallel  planes  is  confined  to  small  region,  the  lattice  inside  those  rotates  relative  to  the 
exterior  matrix.  In  particular,  numerous  peripheral  kinking  bands  have  been  described  earlier 
[1]  as  slightly  misoriented  (less  than  1  degree)  radial  segments  in  silicon  carbide  boules. 
Moreover,  kinking  occurs  also  for  interior  parts  of  ingot  as  an  inclusion  of  small  well- 
developed  misoriented  domains.  Additional  mechanisms  of  relaxation  on  a  microscopic  scale 
connected  with  the  stress  concentrations  at  a  dislocation  pile-ups  produce  microcracks  and 
micropipes.  Finally,  exceeding  the  ultimate  strength  may  lead  to  large-scale  damage  of  ingot 
(brittle  fracture  of  material). 

The  possible  techniques  that  can  be  used  for  optimization  of  the  defect  structure  of  the  ingots 
including  enlargement  of  the  growth  chamber,  minimization  of  lateral  gradients, 
macropatteming  and  microprofiling,  minimization  of  the  growth  temperature  and  the  growth 
rate  have  been  also  considered. 
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Hydrogen  implantation  in  SiC  is  very  important  for  SiCOI  (SiC  On  Insulator)  formation 
technology  [1].  In  this  work,  nitrogen  (n-type)  and  aluminum  (p-type)  doped  6H-SiC  was 
implanted  with  hydrogen  at  a  total  dose  of  lxlO17  cm'2  it  atom/cm2  using  a  1.0  MeV  proton 
beam  with  a  90  mA  current.  The  implantation-induced  changes  in  vibration  modes  was 
investigated  by  means  of  backscattering  Raman  spectroscopy. 

In  the  highly  doped  (lxlO19  cm'3  )  as-grown  samples,  our  Raman  spectra  exhibit  all 
prominent  first-order  modes  previously  reported  [2].  However,  in  the  n-type  doped  sample  we 
observe  an  additional  feature  at  6S2.5  cm'1,  and  in  the  p-type  doped  at  640  cm'1.  The  FT-ion 
implantation  anneals  almost  completely  several  first-order  modes,  like  the  transverse  Ej  and 
Ai  frequencies  at  794.4  and  965  cm'1  ,  respectively,  or  the  Folded  Transverse  Acoustic  (FTA) 
modes  E2  at  143.7  and  240  cm"1  or  Ei  at  234  cm'1,  the  folded  Longitudinal  ones  (FLA)  Ai  at 
513  cm'1,  or  the  FTO  E2  at  765  cm'1.  The  remaining  modes,  FTA  E2  at  149.6  cm'1,  FTO  E2  at 
787.3  cm'1,  FLA  Ai  at  512.9  cm"1  are  mainly  reduced  in  intensity  and  sometimes  shifted  to 
lower  frequency.  Finally,  in  the  region  170  to  700  cm'1,  we  find  a  pronounced  effect  of 
hydrogen  implantation  induced  vibration  bands  at  185  and  526  cm"1  and  a  sharp  defect  mode 
at  658  cm-1  in  the  gap  of  the  phonon  DOS  of  as-grown  SiC. 

Concerning  the  second  order  Raman  process,  for  high  purity  undoped  6H-SiC  samples 
one  should  observe  12  (weak)  modes  labeled  “a  to  1”  in  the  region  1000  to  1850  cm'1  [2].  Our 
as-grown  n-doped  sample  exhibits  only  8  modes  from  “e  to  1”.  After  hydrogen  implantation, 
these  features  vanish  due  to  amorphisation  and  a  new  mode  centered  at  1455  cm"1  appears. 
The  p-doped  sample  is  much  less  affected  by  implantation.  In  the  region  1000  to  1850  cm"1,  it 
shows  all  high  frequency  modes  from  “a  to  1”  (as-grown)  and  the  implantation  affects  only  the 
Gaussian  bands  a  to  d.  While  band  “a”  (~  1100  cm"1)  splits  into  two  sharp  peaks,  band  d 
(1420  cm"1)  becomes  sharper  and  exhibits  new  structures. 

Annealing  the  n-type  implanted  sample  at  700C  (1  hr)  causes  reappearance  of  most  of 
the  initially  existing  modes  (with  weak  intensity).  However,  the  hydrogen  implantation 
induced  bands  at  185,  526,  and  658  cm'1  are  still  present.  Annealing  the  p-type  sample 
generates  several  new  modes  at  1067,  1084,  and  1160  cm'1  and,  in  both  samples,  annealing  at 
950C  (1  hr)  causes  even  more  drastic  changes. 

These  results  will  be  discussed  in  the  light  of  a  recent  theory  of  defect  interaction  with 
optical  phonons  [4].  To  facilitate  the  identification  of  the  origin  of  the  new  bands,  further 
annealing  and  polarized  Raman  spectra  will  be  also  presented. 

[1]  L.DiCioccio  et  al.,  Mat.  Science  Forum  264-268,  765  (1998). 

[2]  S.NaJkashima  et  al.,  Phys.  Stat  Sol.  (a),  162,  39  1997 
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In  semi-insulating  4H  SiC  -  not  intentionally  doped  with  vanadium  -  grown  with  the 
HTCVD  technique  [1]  several  deep  levels  appear,  which  have  not  been  reported  before.  In 
this  work  we  investigate  the  luminescence  from  one  of  these  defect  levels.  The  defect  can 
also  be  induced  during  ion  implantation  or  irradiation  with  electrons,  protons  or  neutrons. 
A  similar  defect  has  earlier  briefly  been  reported  in  the  6H  polytype  [2]. 

In  figure  1  the  PL  spectrum  of  the  center  is  showed.  It  consists  of  four  no  phonon-lines 
ranging  from  1.09  to  1.15  eV,  which  are  followed  by  a  broad  phonon-assisted  replica  (not 
shown  in  figure  1).  The  line  width  is  about  0.4  meV  and  does  not  increase  drastically  with 
temperature  during  the  PL  experiment.  It  is  also  worth  noting  that  it  has  not  been  possible 
to  excite  the  center  with  below  bandgap  excitation.  The  annealing  behavior  of  the  defect 
is  presented  in  figure  2.  Even  if  the  luminescence  is  observable  in  as-irradiated  material 
it  will  increase  in  intensity  with  annealing  up  to  1000°C,  and  then  vanish  completely  at 
1300°C. 


The  fact  that  the  defect  can  be  induced  with  irradiation  implies  that  it  is  a  intrinsic 
defect  even  if  it  can  be  observed  in  some  as-grown  samples.  The  silicon  vacancy  starts  to 
anneal  out  [3]  at  the  same  time  as  this  deep  level  luminescence  gain  in  intensity,  therefore 
we  assume  that  the  complex  involves  the  silicon  vacancy.  This  will  be  more  thoroughly 
discussed  together  with  Zeeman  measurement  of  the  center. 


Photon  Energy  (eV) 

Fig.  1.  FTPL  spectrum  of  a  neutron 
irradiated  4H  SiC  low-doped,  epilayer 
(annealed  at  1000° C). 


Annealing  temperture  (°C) 


Fig.  2.  Annealing  behavior  of  the  defect 
monitored  at  the  1.148  eV  no  phonon-line  in 
figure  1. 


[1]  Ellison  et  al ,  Mater.  Sci.  Eng.  B,  61-62,  113  (1999). 

[2]  N.T.Son  et  al ,  Diam.  Relat.  Mater.  6,  1378  (1997). 

[3]  H.Itoh  et  al,  J.Appl.Phys.  66,4529  (1989). 
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Department  of  Physics  and  Measurement  Technology,  Linkoping  University 
S-581  83  Linkoping,  Sweden.  Tel:  +46  013  282427,  FAX:  +46  013  142337 

Among  the  various  defect  related  luminescence  lines  seen  after  ion-implantation,  only 
the  Dj  and  Dn  defect  spectra  are  known  to  persist  even  after  a  1700°C  anneal,  making 
them  important  defects  from  a  device  point  of  view.  We  report  an  indepth  study  of 
the  Du  intrinsic  defect  spectrum  in  SiC,  using  time-resolved,  PLE,  magneto-optical  and 
variable  temperature  PL  spectroscopies.  In  6H  SiC,  the  spectrum  at  2K,  comprises 
at  least  four  no-phonon  lines  [1].  The  relative  intensities  of  these  no-phonon  lines  vary 
between  different  epilayers  and  also  between  different  spots  on  the  same  epilayer  which 
may  indicate  a  stress  sensitivity  of  the  center  responsible  for  these  lines.  A  qualitative 
idea  of  the  behaviour  of  these  lines  under  stress  can  be  derived  by  comparing  PL  spectra 
of  an  epilayer  when  it  is  fixed  to  the  sample  holder  with  an  adhesive  and  when  it  is 
mounted  in  a  stress-free  fashion.  As  illustrated  in  Figure  1,  a  significant  difference  in  the 
total  intensity  as  well  as  a  shift  in  the  wavelengths  of  some  of  the  lines  in  the  spectra,  is 
observed  under  the  two  conditions.  At  20K  the  line  dA  is  quenched,  while  the  remaining 
lines  persist  upto  about  80K,  when  the  entire  spectrum  disappears.  The  luminescence 
decay  of  the  no-phonon  lines  was  investigated  as  a  function  of  temperature  and  is  shown  in 
Figure  2.  The  long  decay  time  at  low  temperatures  of  these  lines  is  indicative  of  excitons 
bound  at  isoelectronic  centers  [2].  The  long  lifetime  of  the  d4  line  in  conjunction  with  its 
behaviour  at  higher  temperatures  suggests  that  it  is  a  forbidden  transition.  We  propose 
this  line  to  be  a  transition  from  the  ground  state  of  the  bound  exciton.  The  lifetimes  of 
the  lines  d 1  and  d?  approach  each  other  at  higher  temperature  indicating  thermalization 
between  the  two  states  responsible  for  these  lines,  at  these  temperatures.  We  propose 
these  lines  to  be  related  to  excited  states  of  the  bound  exciton  (see  inset,  Figure  1).  The 
fact  that  excited  states  can  be  seen  even  at  2K  indicates  that  they  are  not  thermalized 
at  low  temperatures.  Inequivalency  can  be  ruled  out  as  the  origin  of  these  lines  in  the 
£>/?  spectrum.  Results  in  other  polytypes  will  also  be  presented. 

[1]  S.G.  Sridhara,  D.G.  Nizhner,  R.P.  Devaty,  W.J.  Choyke,  T.  Dalibor,  G.  Pensl  and  T.  Kimoto, 
Materials  Science  Forum  264-268,  493(1998). 

[2]  T.  Egilsson,  J.P.  Bergman,  I.G.  Ivanov,  A.  Henry  and  E.  Janzen,  Phys.  Rev.  B  59,  1956(1999). 
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Figure  1:  2K  PL  spectrum  illus¬ 
trating  the  sensitivity  of  the  Djf  no¬ 
phonon  lines  to  stress  in  the  epilayer. 


Figure  2:  Variation  of  the  decay  time  of  three  of  the 
no-phonon  lines  in  the  spectrum,  as  a  function  of 
temperature. 
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Radiation  damage  of  SiC  is  an  important  topic  in  view  of  the  need  to  achieve  local  doping  by 
ion  implantation.  However,  the  multiplicity  of  possible  defects  in  implanted  SiC  has  made 
difficult  the  interpretation  of  results  obtained  by  different  characterization  techniques.  In  this 
work  we  have  been  able  to  distinguish  between  the  results  of  Si  and  C  displacement  by 
carrying  out  near-threshold  electron  irradiation  experiments  using  an  ion-free  transmission 
electron  microscope  with  continuous  control  of  its  operating  voltage.  Because  of  the  large 
difference  in  mass  between  C  and  Si  atoms,  two  high  energy  electron  displacement  thresholds 
exist,  one  at  about  90kV  for  C  displacement  and  another  at  about  175kV  for  Si  displacements. 
After  irradiation  the  samples  have  been  studied  by  photoluminescence  (PL)  microscopy  at 
liquid  helium  temperatures  using  Renishaw  micro-Raman  spectrometers  with  325  nm  and 
488  nm  laser  sources.  A  rich  variety  of  spectra  is  revealed,  one  subset  of  which  can  be  related 
to  C  displacements  the  other  to  Si  displacements.  Moreover,  by  carrying  out  the  electron 

bombardment  along  [0001]  and  [000T]  directions,  a  major  anisotropy  of  behaviour  has  been 
discovered  near  the  C  displacement  threshold. 

Results  will  be  present  for  electron  irradiation  of  n  and  p  type  4H  and  6H  SiC  samples  at  a 
variety  of  near-threshold  electron  energies.  Comparison  will  be  made  with  PL  results  already 
published  in  the  literature  and  with  related  results  obtained  by  other  characterization 
techniques.  Preliminary  results  of  low  and  high  temperature  electron  irradiation  will  also  be 

presented.  Discussion  of  the  results  will  include  the  [0001]/[0001]  asymmetry  and  the 
evidence  of  diffusion  of  point  defects  out  of  the  irradiated  areas. 
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We  report  on  the  first  observation  of  electron  paramagnetic  resonance  (EPR)  of  iron  impurity 
in  SiC:Fe  crystals.  We  have  investigated  iron-doped  6H-SiC  bulk  crystals  grown  by  the 
sublimation  sandwich  method. 

Experimentally  measured  angular  dependence  of  the  signals  which  we  ascribe  to  Fe3+  are 
shown  as  circles  in  the  figure.  The  spectra  observed  in  B||c  and  B_Lc  are  also  shown  in  the 
figure.  The  observed  angular  dependence  is  characteristic  for  a  center  with  S  =  5/2  in  strong 
axial  crystalline  field.  Since  crystal  which  we  have  studied  was  doped  with  iron  it  is  natural 

‘ - irity  centre  with  S  =  5/2. 

An  investigation  of  the  angular 
dependence  of  the  Fe3+EPR  spectrum  allowed 
us  to  find  spin  Hamiltonian  parameters  for 
Fe3+  signal  The  following  parameters  were 
found:  g  =  1.99,  axial  crystal  field  splitting  |D| 
=  0.25  cm'1  and  cubic  field  splitting  \a\  = 
0.016  cm"1.  The  calculated  angular 

dependence  of  fine-structure  line  positions  of 
Fe3+  ions  is  plotted  as  lines  in  the  figure.  No 
hyperfine  structure  of  Fe3+  signals  was 
observed  due  to  low  natural  abundance  of  odd 
57Fe  isotope.  The  EPR  signals  of  Fe3+  could 
be  observed  at  temperatures  from  4K  up  to 
room  temperature  with  maximum  intensity  at 
about  100K.  The  EPR  of  Fe3+  for  only  one 
lattice  site  could  be  observed.  We  suppose 
that  FeJ+  ions  occupy  silicon  sites  in  6H-SiC  lattice.  From  intensities  of  iron  EPR  signals  we 
have  estimated  concentration  of  iron  impurity  in  the  sample  to  be  approximately  1017cm'3. 

Very  important  point  is  simultaneous  presence  of  Fe3+  and  V3+  signals  in  the  EPR 
spectra  of  6H-SiC.  Positions  of  the  two  group  of  lines  that  belong  to  V3+  (S  =  1)  are  shown  in 
the  figure  for  B  ||  c.  This  implies  that  positions  of  energy  levels  of  these  ions  in  6H-SiC 
bandgap  are  rather  close.  Since  energy  level  position  of  V3+  in  6H-SiC  bandgap  is  0.6eV 
below  the  conduction  band,  one  may  expect  that  Fe3+  produce  energy  level,  which  also  lies 
deep  in  the  6H-SiC  bandgap.  Furthermore,  energy  level  of  vanadium  in  V4*  charge  state  lies 
near  the  middle  of  the  bandgap  and  V4+  is  used  to  produce  semi-insulating  SiC  layers.  Thus 
we  can  expect  that  if  Fe4*  charge  state  is  stable  then  it  can  also  produce  energy  level  in  the 
middle  of  the  6H-SiC  bandgap  and  this  would  allow  using  Fe4+  impurity  to  obtain  semi- 
insulating  6H-SiC  layers. 

Besides  iron  and  vanadium  EPR  lines  a  great  number  of  other  EPR  signals  have  been 
observed  in  the  SiC:Fe  crystals.  These  signals  appear  at  angles  larger  than  15°  on  both  sides 
of  N  donors  signal  and  may  arise  due  to  complexes  of  iron  ions  with  other  defects. 
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We  present  high-frequency  (95  GHz)  pulsed  electron  paramagnetic  resonance  (EPR)  and 
electron-nuclear-double-resonance  (ENDOR)  measurements  on  the  nitrogen  (N)  donor  in  4H- 
SiC  (£  site)  and  6H-SiC  (6,  k\  and  £2  sites  according  to  the  accepted  classification).  From  the 
isotropic  (a)  and  anisotropic  ( 6 )  hyperfine  interaction  (hfi)  of  the  unpaired  electron  spin  of  the 
donor  with  the  13C  (35%  13C-enriched  samples  were  used)  and  29Si  nuclei,  the  distribution  of 
the  electronic  wave  function  of  the  N  donor  is  determined.  It  is  found  that  the  electronic  wave 
function  (WF)  of  the  N  donor  is  quite  different  in  the  two  polytypes.  The  figure  shows  the 
comparison  between  the  different  sites  in  4H-  and  6H-SiC  for  the  29Si  (left)  and  13C  (right) 
ENDOR  spectra  (only  the  spectra  on  the  high-frequency  side  of  the  29Si  and  13C  Zeeman 
frequencies  are  shown)  with  the  magnetic  field  B  parallel  to  the  c  axis.  It  is  clear  that  the  spin 
density  distribution  of  the  N  donor  electron  over  the  13C  and  29Si  nuclei  differs  between  4H- 
and  6H  poly  types.  The  same  conclusion  was  made  from  EPR  line  broadening  of  N  donor  in 
13C-enriched  4H-  and  6H-SiC  compared  with  non-enriched  crystals. 
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A  main  part  of  the  spin  density  in  4H-SiC  is  located  on  the  Si  sublattice  (the  highest  hfi  for 
29Si:  a- 6.54  and  6=1.26  MHz;  for  13C:  <3=5.02,  6<0.01  MHz)  and  the  WF  contains  a 
relatively  large  portion  of  Si  ^-character  (anisotropic).  For  the  three  sites  in  6H-SiC  a  main 
part  of  the  spin  density  is  located  on  the  C  sublattice  (the  highest  £2-site  hfi  for  13C:  <3=10.75, 
6=0.065  MHz;  29Si:  a=3.86  and  6<0.01  MHz)  and  the  WF  is  built  mostly  of  5-like  C  atomic 
orbitals  (isotropic).  Comparing  the  three  sites  in  6H-SiC,  the  6-site  WF  has  the  largest 
delocalization  and  is  most  isotropic.  The  £2  site  WF  is  most  localised  and  less  isotropic.  The 
larger  part  of  the  spin  density  is  located  far  into  the  crystal.  The  difference  in  the  WF 
behaviour  in  4H  and  6H  polytypes  seems  to  be  due  to  the  difference  in  their  conduction-band 
structure.  The  position  of  the  N  atom  in  SiC  is  also  under  discussion. 
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Two  batches  of  undoped  GaN  samples  grown  by  hydride  vapor  phase  epitaxy  (HVPE) 
and  by  sublimation  sandwich  method  have  been  studied  by  EPR  in  Q-band  at  T  =  300K. 

A  few  samples  of  two  batches  of  GaN  samples  revealed  one  single  ESR  line  of 
different  intensity  with  isotropic  width  (AH  =  20  Gs).  Angular  dependence  of  g-factor  of 
single  line  was  displayed  in  Fig  1.  The  noticeable  characteristic  of  the  observed  ESR  line,  is 
that  rotation  of  magnetic  field  from  perpendicular  to  parallel  orientation  with  respect  to  the  c- 
axis  gives  minimum  of  g-value  at  cp  =  40°. 

The  observed  angular  variation  of  g-factor 
of  single  line  is  typical  for  3dn  paramagnetic  ions  of 
spin  S  =  3/2  in  the  case  of  strong  magnetic  field 
(when  hv  >  D)  and  could  be  attributed  to  the 
resonance  transition  within  the  |±l/2>  doublet. 

Since  the  ESR  spectrum  is  observed  at  room 
temperature  the  ground  state  of  3dn  paramagnetic 
ion  should  be  the  orbital  singlet.  Taking  into 
account  the  relatively  small  width  of  the  line  and 
the  lack  of  hyperfine  structure  (the  linewidth  is 
isotropic)  one  would  conclude  that  the  one 
strongest  candidate  among  3dn  paramagnetic  ions 
could  be  Ni3+  with  3d7  electronic  configuration. 

Ground  term  of  free  Ni3+  ion  is  4F,  electron 
spin  is  S  =  3/2;  nuclear  spin  I  =  3/2  has  only  61Ni 
with  natural  abundance  1.13%.  The  4F  term  of  free 
ion  in  tetrahedral  crystal  field  splits  into  the  ground 
-  state  orbital  singlet  4A2  and  two  upper  lying  triplets  4T2,  4Ti.  The  4A2  splits  into  two  spin 
doublets  |±l/2>  and  |±3/2>  caused  by  trigonal  component  of  crystal  field. 

The  spin-Hamiltonian  appropriate  for  Ni3+  ignoring  nuclear  spin  has  the  form: 

H  =  g|,|3HzSz  +  gi(3(HxSx  +  HySy)  +  D[S2z  -  1/3  S(S  +  1)]  (1). 

The  parameters  of  spin-Hamiltonian  were  extracted  by  numerical  diagonalization  of  the  spin- 
Hamiltonian  (1)  taking  into  account  the  features  of  fine  structure  line  position  in  magnetic 
field,  see  Fig.  1.  Using  the  parameters  obtained  D  =  0.225  cm-1;  g|  =  2.0015;  gj_  =  2.002  the 
calculated  angular  dependence  of  the  fine  structure  line  was  shown  in  Fig.  1.  A  good 
agreement  with  the  experimental  points  is  seen  to  exist. 

As  was  seen  from  parameters  obtained  the  zero-field  splitting  D  is  small  compare  to 
Zeeman  energy  AW  =  hv  =  1.23  cm  1  (for  v  =  37  GHz).  In  the  case  of  D  <  gefrpH  one  expects 
to  observe  all  fine  structure  transitions  |3/2>  -»  |l/2>  |l/2>  -»  |-l/2>,  |-l/2>  -»  |-3/2>  in  ESR 
spectrum  of  paramagnetic  ion  with  S  =  3/2. 

Our  failure  to  observe  the  outer  fine  structure  lines  could  be  explained  by  smaller  their 
intensities  compare  to  the  central  |l/2>  — >  |-l/2>  line  and  broadening  of  the  linewidth  due  to 
existence  of  residual  lattice  strain  typical  for  thin  GaN  layers.  The  linewidth  of  |3/2>  |l/2>, 

|-l/2>  — >  |-3/2>  transitions  is  also  could  influenced  random  crystal  field  while  the  central  fine 
structure  transition  remains  unaffected. 


cp,  degry 

Fig.  1.  Angular  dependence  of  the 
ESR  spectrum  of  undoped  GaN. 
Open  circles  are  experimental  points, 
the  solid  line  have  been  calculated 
using  the  parameters  obtained  by 
numerical  diagonalization  of  spin- 
Hamiltonian  (1). 
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Silicon  carbide  (SiC)  has  been  regarded  as  a  promising  semiconductor  for  power  electronic  applications 
owing  its  excellent  physical  properties.  In  order  to  use  SiC  wafers  or  epilayers  for  electronic  devices,  an 
accurate  evaluation  of  densities  and  energy  levels  of  dopants  in  SiC  is  essential.  One  of  the  authors  has 
proposed  and  experimentally  tested  a  graphical  method  for  determining  those  of  several  dopants  using  the 
temperature  dependence  n(T)  of  the  majority-carrier  concentration  obtained  by  Hall-effect 
measurements.1^  We  apply  this  method  to  determine  donor  densities  (WD )  and  donor  levels  (A£D)  in 
undoped  3C-SiC  grown  on  silicon  by  chemical  vapor  deposition  using  Si2(CH3)6  that  is  called  HMDS. 

In  the  proposed  method,  the  function  H(T,  £ref )  to  be  evaluated  is  defined  by 

u,r  rr  \  n(T)2  f^ref^l  1 7"1  T  !  undoped 3C-SiC 

H f )  =  — -rvexd  —  _  2  - — /T\  P=fk 


Fig.l  n(T)  and  H(T,-0.002) 


undoped  3C-SiC 


'  ’  (kTf5  \kT)  r  -  /]  \ 

u  ,o  J  peak  N — .JL 

where  k  is  the  Boltzmann  constant,  T  is  the  absolute  "g  '  „ 

temperature  and  £rcf  is  a  parameter  that  can  shift  the  peak  ^ 

temperature  (  7L*  )  of  H(T,EreS)  within  the  ^  L  \  § 

measurement  temperature  range.  Since  7^  corresponds  ^  1.4  -  ^  \  £ 

to  one  A ED ,  from  each  peak  temperature  and  peak  value,  &  ^  \ 

A Ed  and  Nd  of  the  corresponding  dopant  can  be  12  &  \ 

accurately  determined.  x  1  i  ..  1 0 
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Figure  1  shows  n(l )  denoted  by  open  circles  and  Tempretaure  pq 

H (T, -0.002)  denoted  by  the  solid  line  in  32 /zm  thick  Fig.i  n(T)  and  H(T,-o.oo2) 

3C-SiC.  Since  two  peaks  appeared  in  the  figure,  at  least  two  — , — ■ — . — < — , — « — , — ■ — . — , — ■ — . — 

types  of  donors  existed  in  the  3C-SiC.  From  the  detailed  undoped  3C-SiC 

analysis,  three  types  of  donors  were  found  to  exist.  Their 

A Ed  and  Nd  were  determined  to  be  14  meV  and 

4.7xl016  cm'3,  54  meV  and  8.1xl016  cm'3,  and  120  meV  and  ^  io17  r  " 

l.OxlO17  cm-3,  respectively.  The  acceptor  density  (NA  )  was  'T 

1^3.  O.O:  experimartal 

determined  to  be  5.7x10  cm'.  Figure  2  shows  the  c  - : simulated i<t) 

AED1=  14  meV 

experimental  n(T)  and  the  n(T)  simulated  with  the  ndi  =47xio16  cm3 

AE^  54  meV 

obtained  values.  Since  the  simulated  n(T)  is  ■  ^1^°“ 

quantitatively  in  agreement  with  the  experimental  n(T) ,  2* 

10i6  .  .  '  l_.  :  i  .  . 

the  obtained  values  are  considered  to  be  reliable.  o  5  io 

1000/T  IK’1! 

We  investigated  three  kinds  of  3C-SiC  thicknesses  (8  /z  m. 

Fig.  2  Experiential  and  simulated  n(T) 

16  ji  m  and  32 1±  m).  The  values  of  ND  for  14  meV  and  54 

meV  donors  decreased  with  an  increase  in  3C-SiC  thickness,  while  ND  for  120  meV  was  independent  of 
its  thickness. 

References  1)  H.  Matsuura:  Jpn.  J.  Appl.  Phys.  36(1997)3541.  2)  H.  Matsuura  et  al.:  Jpn.  J.  Appl.  Phys.  37(1998)6034. 

3)  H.  Matsuura  et  al.:  Jpn.  J.  Appl.  Phys.  38(1999)4013.  4)  H.  Matsuura  et  al.:  Appl.  Phys.  Lett.  76(2000)  2092. 
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Fig.  2  Experiential  and  simulated  n(T) 
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To  improve  the  quality  of  SiC  bulk  crystals,  tantalum  (Ta)  is  used  in  the  growth 
containment  during  sublimation  growth  [1,  2,  3].  For  epitaxial  growth  of  SiC,  TaC  is 
used  as  a  coating  of  the  graphite  susceptor  [4].  In  both  cases,  tantalum  is  present  in 
the  growth  chamber  and  its  incorporation  in  the  growing  crystal  or  layer  is  to  be  ex¬ 
pected.  Due  to  its  extreme  thermal  stability,  tungsten  (W)  may  play  a  similar  role  in 
the  future.  In  order  to  understand  the  electronic  properties  of  these  impurities  in  SiC, 
we  are  investigating  band  gap  states  of  Ta  and  W  in  three  different  polytypes  (AH,  6 H, 
15R).  To  establish  a  definite  correlation  between  a  band  gap  state  detected  by  Deep 
Level  Transient  Spectroscopy  (DLTS)  and  a  certain  element,  we  are  using  the  concept  of 
radioactive  transmutation.  The  characteristic  concentration  change  of  radioactive  iso¬ 
topes  serves  as  a  unique  fingerprint  which  is  detected  by  sequential  DLTS  measurements 
during  the  elemental  transmutation. 

All  measurements  were  done  on  n-type  epilayers  with  a  net  donor  concentration  in  the 
mid  1015  cm~3 4 5 6  range.  Doping  with  the  radioactive  isotopes  177Ta  or  178W  was  done  by 
recoil  implantation.  Both  isotopes  transmute  to  stable  Hf  with  a  half-life  of  56.6  h  or 
22  d  respectively.  In  addition,  conventional  doping  with  stable  isotopes  was  done  by 
ion  implantation  with  multiple  energies  between  1  and  6.2  MeV  in  order  to  create  a 
rectangular  depth  profile  with  a  mean  concentration  of  2  x  1014  cm-3.  Performing  these 
experiments,  we  could  definetly  identify  one  donor  like  Ta-related  level  in  the  upper 
part  of  the  band  gap  in  each  polytype  [5].  The  level  energies  exhibit  a  clearly  resolved 
splitting  due  to  inequivalent  lattice  sites.  For  W,  one  deep  level  in  all  polytypes  and 
an  additional  level  close  to  the  conduction  band  in  AH  were  identified.  The  levels  are 
each  due  to  defects  involving  or  are  identical  to  exactly  one  W  atom.  Our  experiments 
exclude  Hf-related  deep  states  in  the  part  of  the  band  gap  investigated. 

The  data  may  be  used  to  predict  the  consequences  of  a  Ta  or  W  incorporation  on  electri¬ 
cal  properties  of  SiC.  Furthermore,  the  polytype  dependence  of  the  energy  level  position 
follows  the  empirical  rule  of  Langer-Heinrich  and  confirms  our  earlier  prediction  of  the 
conduction  band  offset  (0.22  eV  between  AH  and  6 H  [6]). 

[1]  E.N.Mokhov,  M.G.  Ramm,  A.D.Roenkv,  Yu.A.Vodakov,  J.Cryst.Growth  181,  254- 
258  (1997) 

[2]  Yu.A.  Vodakov,  A.D.  Roenkov,  M.G.  Ramm,  E.N.  Mokhov,  Yu.N.  Makarov 
phys.stat.sol.  (b)  202,  177  (1997) 

[3]  D.  Hoffmann,  S.Yu.  Karpov,  Yu.N.  Makarov,  E.N.  Mokhov,  M.G.  Ramm,  M.S. 
Ramm,  A.D.  Roenkov,  Yu.A.  Vodakov,  Inst.Phys.Conf.Ser.  No.142,  29  (1996) 

[4]  L.B.  Rowland,  G.T.  Dunne,  Mat.Sci.For.  338-342(2000),  at  press 

[5]  Radiotracer  identification  of  a  Ta-related  deep  level  in  4tf-SiC,  J.  Grillenberger  et 
al.  ( subnmitted  to  Appl.Phys.Lett.) 

[6]  N.  Achtziger,  J.  Grillenberger,  W.  Witthuhn,  Mat.Sci.For.  264-268(1997) 
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Abstract 

4H  SiC  samples  were  boron  implanted  with  a  dose  of  1  x  108  cm~3  at  1.96  MeV 
which  gives  a  projected  range  of  2  fim.  The  low  dose  was  selected  to  produce 
negligible  electrical  compensating  damage,  thereby  eliminating  difficulties  during 
capacitance- voltage  analysis  and  the  normally  necessary  post-implantation  anneals 
are  thus  eliminated.  The  material  used  was  thick  epi-layer  (10  fj,m)  4H-SiC  grown 
on  Cree  wafer  by  chemical  vapor  deposition  (CVD)  at  Linkdping  university.  The 
epi- material  was  nitrogen  doped  in  the  range  4  to  8xl015  cm-3.  The  implantations 
were  made  at  room  temperature  (RT),  300  and  600  °C.  The  point  defects  related 
electrically  active  traps  were  characterized  using  deep  level  transient  spectroscopy 
(DLTS)  and  capacitance  voltage  (CV)  measurements.  Three  distinct  levels  were 
found  in  the  upper  half  of  the  band-gap  having  activation  energies  of  Ec -0.40  ±0.04, 
Ec-0.69±0.03  and  Ec-1.60±0.07  eV.  In  Fig.  1  is  shown  the  spectra  directly  after 
implantation  up  to  400  K  with  the  two  most  shallow  levels  clearly  visible.  Capture 
cross  section  measurement  of  the  levels  were  performed  using  20  ns  to  50  ms  pulse 
lengths.  The  Ec-0.69  level,  known  as  the  Z-level,  was  found  to  grow  linearly  with 
dose.  Further,  the  Z-level  peak  was  very  broad  after  RT  implantation,  and  the  signal 
reduced  drastically  and  sharpen  after  a  mild  heat  treatment  of  70  K  above  RT.  The 
Ec-0.40  level  was  only  seen  in  300  °C  implanted  sample,  but  was  seen  to  form  after 
isochronal  annealing  of  the  RT  implanted  sample.  Poole- Frenkel  effect  was  seen  for 
the  Ec-0.40  level  as  it  displayed  electric  field  dependent  emmision  rates,  strongly 
suggesting  a  0/±  transition  during  ionization. 


Figure  1:  DLTS  spectra  directly  after 
implantation  during  R.T,  300  °C  and 
600  °C.  The  Z-level  is  seen  to  grow  with 
implantation  temperature,  while  the 
E^-0.4  level  is  only  seen  in  the  300  °C 
implanted  sample. 
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Two  dimensional  electron  gases  in  GaN/AlxGa^N/GaN  heterostructures  suitable  for 
high  electron  mobility  transistors  (HEMT's)  are  induced  by  strong  polarization 
effects.  The  sheet  carrier  concentration  and  the  confinement  of  the  two  dimensional 
electron  gases  located  close  to  one  of  the  AIGaN/GaN  interfaces  are  sensitive  to  a 
large  number  of  different  physical  properties  such  as  polarity,  alloy  composition, 
strain,  thickness  and  doping  of  the  AIGaN  barrier.  We  have  investigated  the 
structural  quality,  the  carrier  concentration  profiles  and  electrical  transport 
properties  of  transistor  structures  by  a  combination  of  high  resolution  X-ray 
diffraction,  Hall  effect,  C-V  profiling  and  Shubnikov-de  Haas  measurements.  The 
investigated  heterostructures  with  N-  and  Ga-face  polarity  were  grown  by 
metalorganic  vapor  phase  (MOCVD)  or  plasma-induced  molecular  beam  epitaxy 
(PIMBE)  covering  a  broad  range  of  alloy  compositions  (0.09<x<0.3)  and  barrier 
thicknesses  between  90  and  500  A.  High  electron  mobilities  of  930  and  11200 
cm2/Vs  were  observed  for  sheet  carrier  concentrations  of  5x1 012  cm"2  at  room 
temperature  and  He  temperature,  respectively. 

By  comparison  of  theoretical  and  experimental  results  we  demonstrate  that  the 
formation  of  two  dimensional  electron  gases  in  unintentionally  doped  AIGaN/GaN 
structures  rely  on  the  difference  of  both,  piezoelectric  and  spontaneous  polarization 
between  the  AIGaN  and  the  GaN  layer. 

In  addition  the  structural  and  transport  properties  of  Mg-doped  AIGaN/GaN 
heterostructures  will  be  discussed.  The  presence  of  two  dimensional  hole  gases  is 
demonstrated  by  CV-  and  temperature  dependent  Hall-experiments,  and  the 
properties  of  electron  and  hole  gases  will  be  compared. 
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We  calculate  positron  annihilation  parameters  (lifetime  and  high  momentum  part  of 
the  Doppler  broadening  lineshape)  for  different  native  defects  in  SiC.  To  figure  out 
the  influence  of  lattice  relaxations  we  consider  ideal  lattice  coordinates  as  well  as 
those  determined  as  minimum  energy  structures  with  a  plane  wave  pseudopotential 
ab-initio  code  [1,  2].  We  then  compare  the  calculated  annihilation  parameters  to 
experimental  positron  annihilation  data  in  irradiated  bulk  SiC,  where  vacancies  in 
different  sublattices  can  be  identified  [4].  We  find  good  agreement  with  experimental 
data  [4]  if  the  influence  of  the  trapped  positron  on  the  relaxation  features  is  taken 
qualitatively  into  account. 


4H-SiC:  128  atom  rectangular  unit  cell  -  exp.  latt.const. 


{100}-p!ane  Carbon  Vacancy  cub-site 


{100}-piane  Silicon  Vacancy  cub-site 


Figure  1:  Positron  densities  in  vacancies  on  different  sublattices  in  4H-SiC. 

[1]  L.M.  Torpo,  R.M.  Nieminen,  K.E.  Laasonen,  S.  Poykko,  Appl.  Phys.  Lett.  74 

(2)  (1999)  221 

[2]  L.M.  Torpo,  M.  Mario,  and  R.M.  Nieminen,  Computational  study  of  monova¬ 
cancies  and  antisite  defects  in  SiC  polytypes,  to  be  published 

[3]  L.M.  Torpo,  E.  Janzen,  and  R.M.  Nieminen,  Divacancies  in  3C-  and  4H-SiC,  to 
be  published 

[4]  S.  Arpiainen,  K.  Saarinen,  L.  Henry,  and  M.-F.  Barthe,  this  conference. 
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The  band  structure  of  hexagonal  SiC  has  regions  in  k-space  where  two  or  more  energy 
bands  are  very  close  to  each  other.  Tunneling  of  electrons  (or  holes)  between  bands  due  to  a 
high  electric  field  is  one  of  the  processes  that  may  allow  the  electron  to  jump  between  energy 
bands,  which  are  separated  by  small  energy  gaps.  It  is  important  to  consider  this  effect  in 
order  to  understand  high-field  transport  in  these  polytypes. 

Recently,  Krieger  and  Iafrate  (KI)  [1]  have  been  able  to  write  a  system  of  ordinary 
differential  equations  in  order  to  describe  the  time  evolution  of  the  probability  amplitude  for 
band  tunneling.  This  time-dependent  formulation  allows  implementation  into  the  ensemble 
Monte  Carlo  (MC)  simulation  framework,  which  is  the  dominant  method  used  to  study  high- 
field  transport  properties  of  semiconductor  materials. 

In  this  work  we  are  using  the  two-band  kp  method  to  calculate  the  time-dependent  tunneling 
probability  for  electron  transitions  between  two  bands  using  the  approach  by  KI.  Energy  gaps 
in  the  range  0.01-1.0  eV  and  electric  field  strengths  between  0.1-5  MV/cm  have  been  used  to 
study  the  effect  of  tunneling.  Drift  times  in  the  order  of  10  fs  have  been  considered,  which  is 
representative  for  the  time  between  scattering  events. 

We  have  applied  the  k  p  method  for  different  points  in  the  Brillouin  zone  of  4H-SiC  and 
proved  that  there  is  considerable  tunneling  between  bands  under  realistic  electric  field 
strengths  and  scattering  times.  The  importance  of  having  an  accurate  model  for  band-to-band 
tunneling  to  calculate  high-field  transport  in  hexagonal  SiC  polytypes  has  also  been 
demonstrated  in  [2],  in  which  another  approximate  model  was  used. 

[1]  J.  B.  Krieger  and  G.  J.  Iafrate,  Phys.  Rev.  B  33,  5494  (1986) 

[2]  E.  Bellotti  et  al.,  J.  App.  Phys.  87,  3864  (2000) 
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During  recent  years  the  quality  of  Silicon  Carbide  (SiC)  material  has  gradually  increased  with 
following  successful  achievements  in  practical  applications.  However,  still  there  are  only  few 
basic  investigations  performed  on  the  electrical  properties  of  SiC.  One  of  the  poorly  explored 
ones  is  the  free  carrier  diffusivity,  which  is  a  key  parameter  governing  plasma  behavior  in  the 
devices.  Usually,  it  is  indirectly  evaluated  from  mobility  data.  In  this  work  we  present  direct 
measurements  of  the  free  carrier  diffusion  coefficient  over  a  large  carrier  injection  range  with 
particular  emphasis  to  a  high  injections  and  high  temperatures.  These  are  the  conditions  of 
particular  importance  for  high-power  SiC  devices.  We  utilize  two  optical  Transient  Grating 
(TG)  techniques  based  on  free-carrier  induced  effects:  i)  absorption  [1]  and  ii)  refraction 
index  change  [2].  We  investigate  4H-SiC  samples  grown  by  two  different  methods:  CVD 
(6-1014  cm'3;  32  pm  thick)  and  hot  wall  (HW)  CVD  (MO15  cm'3;  80  pm  thick).  From  the  main 
data  indicated  in  Fig.  1  we  extract  the  ambipolar  and  minority  holes  diffusion  coefficients  for 
4H-SiC:  Da  =  (4.2±0.4)  cm2/s  and  Dh=  (2.3±0.3)  cm2/s,  respectively.  At  high  injections  an 
appreciable  reduction  of  the  ambipolar  diffusivity  is  observed  with  the  consequent  fast 
increase  at  injections  >  1018  cm"3.  These  experimental  results  are  simulated  theoretically:  the 
ordinary  ambipolar  diffusion  equation  is  extended  to  include  Fermi-Dirac  statistics  and  a  band 
gap  narrowing  (BGN)  effect  in  the  material.  Two  considered  models  for  BGN  calculations  are 
compared:  the  inverse  dielectric  constant  approximation  by  i)  a  single  plasmon  pole  [3]  and  ii) 
the  more  precise  random-phase  one  [4].  These  theoretical  results  explain  -50%  of  the 
observed  ambipolar  diffusion  reduction  at  room  temperature.  Theoretical  calculations  are  also 
extended  to  higher  temperatures  with  our  experimentally  determined  diffusion  versus 
temperature  dependence  D  -  TL\  showing  good  agreement  with  the  experiment. 

[1]  J.  Linnros  and  V.  Grivickas,  Phys.  Rev.  B,  Vol.  50,  No.  23,  (1994)  16943. 

[2]  H.  J.  Eichler,  P.  Gunter,  and  C.  W.  Pohl,  Laser-induced  Dynamic  Gratings  (Springer  Series  in  Optical 
Sciences),  vol.  50,  Berlin,  1986). 

[3]  J.  F.  Young  and  H.  M.  van  Driel,  Physical  Review  B,  Vol.  26,  No.  4,  (1982)  2147. 

[4]  C.  Persson,  U.  Lindefelt  and  B.  E.  Semelius,  submitted  to  Solid-State  Electron.  (1999). 


Fig.  1.  Fee  carrier  diffusivity  versus 
the  injected  carrier  density  at  two 
temperatures.  Measurements  are 
done  with  two  different  techniques: 
absorptive  (Fourier)  or  refractive 
(Holographic)  TG.  Material  is  grown 
by  two  methods  (CVD,  HWCVD). 
Continuous  curves  represent 
theoretical  calculations  of  ambipolar 
diffusion  coefficient  dependence 
including  Fermi-Dirac  statistics  and 
the  bang  gap  narrowing  effect. 

1014  1015  1016  1017  1018  1019 
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The  quality  of  large  diameter  6H-SiC  single  crystals  is  influenced  by  the  composition  of  the  vapour 
phase  and  the  thermal  conditions  inside  the  growth  chamber.  Both  are  also  effected  by  the  composition 
of  the  SiC-source  and  its  change  during  the  growth.  This  seems  to  have  an  important  influence  on  the 
formation  of  defects  and  their  distribution  in  the  crystal,  too  [1]. 


Fig  1  crystal  grown  from  a  SiC-powder  source  Fig  2  crystal  grown  from  a  sintered  source 


To  investigate  the  distribution  of  defects  like  micropipes  and  inclusions,  which  has  been  identified  as 
C -particles  [2],  a  special  series  of  crystals  up  to  30  mm  diameter  were  grown  by  the  Modified  Lely 
Method  on  the  silicon  face  of  a  seed.  The  growth  conditions  were  kept  constant  (time,  diameter,  the 
temperature  range  between  2100°C-2400°C  and  the  Ar-pressure  between  5-50  hPa).  Only  the 
composition  of  the  source  material  was  varied.  Starting  with  a  SiC-powder  source  containing  1% 
silicon  excess,  in  the  following  run  the  sublimated  material  was  replaced  by  SiC-powder  after  removal 
of  the  graphite  layer.  Finally,  a  growth  run  was  started  with  the  pure  sintered  solid  SiC-source.  Seeds 
prepared  from  the  same  crystal  were  used  to  exclude  the  influence  of  different  seed  defect  densities. 
Crystals  were  cut  and  polished  parallel  to  the  <000 1>  growth  direction.  The  distribution  of  the  defects 
along  the  growth  direction  and  on  the  crystal  surface  was  investigated  by  Optical  Microscopy 
(Fig.  1+2). 

It  was  found  that  the  number  of  defects  detected  at  the  crystal  surface  was  indirectly  proportional  to 
the  silicon  content  in  the  source  in  the  investigated  range.  The  same  dependence  was  registered  for  the 
average  growth  velocity  although  an  increase  was  found  at  the  beginning  of  the  growth  run  with 
increasing  silicon  content  in  the  source  [3].  Furthermore,  the  growth  kinetic,  especially  the  structure  of 
the  growth  steps  at  the  facet,  was  different.  The  distribution  of  the  defects  and  the  reason  for  their 
behaviour  will  be  discussed. 


[1]  St.G.Muller,  R.Eckstein,  D.Hofmann,  L.Kadinski,  P.Kaufmann,  M.Kolbl,  E.Schmitt 
Mater.  Science  Forum  Vols  264-268  (1998)  pp57-60 

[2]  H.-J.Rost,  J.Dolle,  J.Doerschel,  D.Siche,  D.Schulz,  J.Wollweber 
to  be  published 

[3]  H.-J.Rost,  D.Siche,  J.Dolle,  W.Eiserbeck,  T.Muller,  D.Schulz,  G.Wagner,  J.Wollweber 
Mater.  Sci.  Eng.  B  61-62  (1999)  68-72 
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Currently  4H-  and  6H-SiC  are  both  commercially  available  in  high  crystal  quality.  However, 
while  the  6H-polytype  is  known  to  be  stable  for  a  wide  range  of  process  conditions,  4H  is 
stable  only  in  a  narrow  range  of  growth  parameters.  Therefore  it  is  of  particular  interest  to 
better  understand  the  origin  of  4H  to  6H/15R  polytype  transformations  in  order  to  improve  the 
stability  of  the  crystal  growth  process. 

Our  work  will  focus  on  PVT/4H/C-side  experiments  by  discussing  three  types  of  polytype 
instabilities  during  crystal  growth  (Fig.l): 

i.  Complete  conversion  from  4H  to  6H  growth  generated  on  the  facet. 

ii.  Island  growth  of  other  polytypes  during  initial  stage. 

iii.  Circular  ring  sector  inclusions  generated  at  the  edge  of  the  facet. 

Concerning  the  complete  conversion  (Fig.li.)  it  is  stated  in  Literature  [1]  that  a  upper  TMax- 
value  for  stable  4H  region  exists.  In  this  work  we  investigated  the  dependence  of  this 
temperature  on  other  parameters  like  inert  gas  pressure  (p^011)  and  axial  temperature 
gradients  (ATAx). 

Therefore  we  performed  more  than  20  PVT  growth  experiments  (d=35mm)  with  different  T, 
ATAx  and  p^*011  and  characterized  the  polytype  evolution  inside  the  crystals.  No  dependence 
of  4H  stability  on  the  argon  pressure  was  visible  but  we  detected  a  linear  dependence  of  TMax 
on  the  axial  temperature  gradient.  For  low  axial  T-gradients  the  critical  temperature 


decreased. 

In  the  4H  region  two  types  of  polytype  inclusions  (6H/15R)  were  observed  which  were  not 
stable  and  were  overgrown  by  4H. 

In  the  initial  stage  of  growth  several  growth  spirals  of  15R  and  6H  polytype  (Fig.lii.) 
appeared  on  the  4H  seed.  These  were  found  to  be  not  critical  for  the  main  part  of  crystal 
growth  because  they  were  overgrown  by  the  4H  growth  spiral  in  the  middle  of  the  seed 
crystal.  Furthermore  they  could  be  avoided  by  a  seeding  procedure  with  low  saturation. 

During  further  growth  sector  like  polytype  inclusions  (Fig.l iii.),  mainly  15R  and  only 
sometimes  6H,  appeared  on  the  edge  of  the  facet  and  were  overgrown  again  by  the  4H  facet. 
No  dependence  on  pressure  or  axial  temperature  gradient  was  observed  for  this  polytype 
generation  mechanism.  _ 


i.  ii.  iii. 

Figure  1:  Three  types  of  polytype  instabilities  observed  during  the  4H-SiC  PVT  process: 
i.  Complete  conversion  (axial  cut)  ii.  Island  Growth  and  iii.  Circular  ring  sector  inclusions 
(both  axial  cut  and  wafer) 

Literature : 

[1]  G.  Augustine  et  al.,  «PVT  Growth  and  Properties  of  SiC  Monocrystals  of  4H  Polytype  », 
phys.  Stat.  Sol.  (b)  202,  137  (1997). 
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Aluminum  nitride  is  commonly  considered  as  a  promising  material  to  fabricate  insulating 
substrates  for  group-in  nitride  technology.  The  most  suitable  method  of  AIN  bulk  crystal  growth  is 
the  sublimation-recondensation  technique  introduced  by  Slack  and  co-workers  [1,2].  In  spite  of 
intensive  studies,  general  transport  and  growth  mechanisms  are  still  far  from  complete  understanding 
mainly  due  to  specific  kinetics  of  nitrogen  interaction  with  AIN  surface. 

In  this  paper  we  report  new  results  of  both  experimental  and  theoretical  study  of  AIN  crystal 
growth  in  a  sandwich  system.  Growth  has  been  carried  out  in  N2  at  atmospheric  pressure  in  the 
temperature  range  of  2000-2300°C.  Both  AIN  powder  and  liquid  A1  were  used  as  the  source  of  A1 
vapor.  The  SiC  Lely  crystals  have  been  employed  as  seeds  for  AIN  growth.  Modeling  is  used  to 
understand  better  mechanisms  of  sublimation  growth  of  AIN  and  to  optimize  reactor  design  and 
growth  process.  A  model  proposed  in  [3]  is  used  for  analysis. Kinetics  of  N2  adsorption  on  AIN 
surface  plays  crucial  role  in  the  growth  process.  This  effect  has  been  accounted  for  by  a  temperature 
dependent  sticking  coefficient  derived  in  [4]  from  the  data  on  Langmuir  evaporation  of  AIN. 

Comparison  of  liquid  A1  and  AIN  sources  shows  that  the  former  is  more  efficient  at  low 
temperatures  while  the  latter  provides  greater  growth  rates  at  high  temperatures.  The  use  of  the  liquid 
A1  source  results  in  parasitic  AIN  nucleation  on  the  source  surface.  In  contrast,  the  AIN  powder 
source  provides  much  more  stable  operation  and,  at  sufficiently  high  temperatures,  growth  rate  ~0.3- 
0.5  mm/h.  In  the  paper,  modeling  results  are  compared  with  the  measured  AIN  growth  rate  as  a 
function  of  temperature  and  temperature  difference  between  the  surface  and  the  seed.  In  particular,  it 
is  found  that  directional  reactive  species  transportation  from  the  source  to  the  seed  is  possible  only  if 
the  pressure  P  exceeds  a  critical  value  Pc  depending  on  temperature.  At  P  <  Pc  the  character  of  gas 
flow  in  the  growth  cell  changes  from  one-dimensional  to  two-dimensional  (the  gas  flows  toward  the 
openings  of  the  growth  cell),  and  the  seed  etching  is  predicted  instead  of  AIN  growth. 

AIN  growth  on  SiC  seed  occurs  at  high  temperatures  leading  both  to  evaporation  of  SiC  and  to 
its  chemical  interaction  with  A1  and  N2 .  As  a  result,  complex  gaseous  compounds  containing  Al,  N,  C 
and  Si  atoms  are  formed  in  the  gas  phase.  In  the  paper  we  report  on  thermodynamic  analysis  of  the 
species  produced  to  understand  better  the  composition  of  the  vapor  taking  part  in  AIN  growth.  One 
more  peculiarity  is  that  growth  of  AIN  on  SiC  does  not  occur  until  a  certain  temperature  difference 
between  the  source  and  the  seed  is  approached.  This  fact  can  be  explained  by  strain  in  the  AIN  film  on 
SiC  substrate  resulting  in  a  shift  of  gas-solid  equilibrium  on  the  growth  surface. 

It  is  well  known  that  oxygen  can  considerably  interfere  AIN  crystal  growth  due  to  high  Al 
reactivity.  We  estimate  the  gaseous  N2  purity  required  to  avoid  formation  of  parasitic  A1203  phase 
inclusions  in  AIN  crystal.  The  critical  02  concentration  in  found  to  be  a  function  both  of  temperature 
and  pressure. 

In  the  report  we  also  discuss  results  of  characterization  of  the  grown  AIN  crystals. 
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I  have  explored  a  new  type  of  the  crystal  growth  method  which  has  possibility  of  obtaining  a 
crystal  of  much  smaller  amount  of  defects  compared  with  one  by  the  physical  vapor  deposition. 
Here,  I  adopted  the  method  which  is  known  as  “  temperature  oscillation  method”.  This  method 
was  initially  developed  by  Schools  and  coworkers  [1],  consists  of  a  periodic  reversal  of  the 
temperature  gradient  between  the  source  and  the  crystal.  As  a  results  of  the  alternation  of 
temperature,  intervals  of  crystal  growth  alternate  with  intervals  of  etching,  making  the  crystal 
growth  highly  selective.  The  growth  apparatus  consists  of  independent  two  heaters  in  order  to 
alternate  the  temperature  gradient  between  the  source  and  the  crystal,  which  becomes  more 
complex  structure  compared  with  the  PVD  apparatus.  Moreover,  an  optimal  controlling 
parameters,  such  as  the  time  interval  of  growth  and  etching  must  be  determined  by  a  large 
amount  of  sequential  experiments.  When  the  alternation  of  temperature  gradient  turns  off,  a 
large  number  of  small  crystallite  is  observed  on  the  surface  of  a  substrate  and  the  wall  of 
quartz  tube.  (  Temperature  of  the  source  is  kept  at  1600°  C).  Various  temperature  setting  and 
the  results  are  shown  in  the  following  table. _ 


typical  trials 

Source 

Growth 

Etching 

Grown 

temperature 

intervals  (min.) 

intervals  (min.) 

crystal 

No.  1 

1600 

30 

10 

a  few  small  crystal. 

No. 2 

1400 

30 

14 

a  few  irregular-size  crystal. 

No. 3 

1600 

initial  stage  20 

7 

relatively  large-size 

steady  state  30 

10 

crystals. 

X-ray  investigations  on  the  crystals  indicate  that  the  grown  crystals  are  almost  uniform  phase, 
but  several  crystals  involves  twin  boundaries.  The  size  of  the  cristal  is  still  very  small  even  the 
growth  time  is  over  300  hours.  However,  the  density  of  the  micropipe  is  extremely  small, 
which  indicates  the  present  method  strongly  suppress  the  multi-nucleation  of  the  crystals. 

This  work  was  supported  by  Hokkaido  Foundation  for  the  promotion  of  scientific  and 
industrial  technology,  contract  number  you-020. 
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Ed,  H.  S.  Peiser  (Pergamon,  Oxford,  1967) ,  475-482. 
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Silicon  carbide  SiC  is  a  promising  material  for  high  temperature  and  power  electronic 
devices.  However,  the  deficiency  of  good  quality  large  area  substrates  with  low  defect 
densities  is  a  major  drawback  for  further  development.  One  of  the  outstanding  issues  is  the 
relationship  between  crystal  growth  conditions  as  well  as  structural  quality  and  polytype 
structure  of  bulk  crystals.  The  aim  of  the  present  work  is  to  analyze  some  parameters  of  the 
crystals:  shape,  surface  morphology  and  quality. 

The  shape  of  the  crystals  depend  on  the  construction  of  growth  cavity.  Change  of 
geometry  allowed  to  grow  crystals  with  convex,  concave  or  flat  growth  front.  We  have  tested 
some  internal  assembles  of  a  crucible  and  used  different  materials  for  thermal  insulation:  rigid 
carbon  foam,  graphite  foil  and  graphite  tissue.  It  let  us  to  control  the  temperaturedistribution  in 
a  growth  cavity  in  order  to  determine  the  shape  of  growth  front  and  crystal  shape. 


Fig.  1 .  Photo  of  the  crystals  with  convex,  concave  or  flat  growth  front. 


Using  thermal  field  with  symmetry  like  spherical  let  us  to  grow  crystals  in  a  and  c 
directions  [1].  The  lateral  growth  of  seed  crystal  lead  to  enlargement  of  ingots,  but  it  is  limited 
by  polycrystals  grown  simultaneously.  In  that  case  the  radial  and  axial  temperature  gradients 
imposed  on  growing  crystal  create  stresses  in  the  crystals.  The  concave  growth  front  bring  to 
downsizing  of  monocrystal  part  of  ingots.  The  flat  growth  front  seems  to  be  the  better  one 
from  commercial  point  of  view  [2].  The  polytype  homogeneity  of  substrates  was  examined  by 
Raman  measurements.  High  sensitivity  of  the  method  and  the  possibility  to  register  even  the 
smallest  inclusion  of  different  polytype  are  demonstrated.  Raman  line  widths  for  the  crystals 
obtained  in  this  work  do  not  exceed  the  minimum  values  mentioned  in  literature. 

[1]  S.F. Avramenko,  V.S. Kiselev,  M.Ya.Valakh,  V.G.Visotski.  Semiconductors  Physics, 
Quantum  Electronics  &  Optoelectronics,  .2(1 1),  76-79  (1999). 

[2]  M.Amkin,  M.Pons,  K.Chourou,  O.Chaix,  J.M.Bluet,  V.Lauer,  and  R.Madar,  Materials 
Science  Forum  45,264-268  (1998). 
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From  the  device  fabrication  point  of  view,  large  size  SiC  wafers  are  needed.  But  to  make 
large  diameter  bulk  crystal,  there  are  some  problems  such  as  homogeneity  of  the  substrate 
temperature.  Due  to  large  temperature  differences  in  the  substrate,  the  grown  crystal  is 
inhomogeneously  stressed.  We  evaluated  2  inch  wafers  cut  from  bulk  crystals  and  discuss  stress 
induced  defects,  etc. . 

These  wafers  under  cross  polarized  dark  field  condition.  In  this  condition,  if  the  wafer  is 
not  distorted,  the  image  should  be  homogeneously  dark.  However,  dark  and  white  regions  are 
mixed  together  as  shown  in  Fig.  1 .  This  wafer  was  obtained  from  near  the  top  surface  of  bulk 
crystal  and  it  is  clear  that  a  lot  of  distortion  exists  in  the  wafer.  These  distortions  appear  as 
stripes  in  the  cross  polarized  image.  We  believe  there  are  two  types  of  distortions  in  this  wafer. 
One  is  the  distortion  near  the  edge  of  wafer  (point  A)  and  another  is  the  distortion  of  the  center 
area  (point  B).  The  distortion  of  point  A  was  probably  influenced  by  the  graphite  crucible,  while 
the  that  of  the  point  B  was  influenced  by  the  shape  of  bulk  surface.  The  bulk  surface  was  convex 
for  every  growth  and  this  may  have  generated  the  distortion  at  the  center  of  wafer.  The  shape  of 
the  top  surface  is  related  to  the  growth  rate  of  the  bulk.  In  our  experiment,  central  area  became 
convex,  which  means  the  growth  rate  in  this  region  is  higher  than  the  peripheral  region.  This 
different  growth  rate  seems  to  be  related  to  the  distortion  of  the  wafer  and  defect  formation. 

Figure.2  shows  the  photoluminescence  spectrum  spectrum  of  wafer  at  liquid  N2 
temperature.  Both  the  D-A  pair  spectrums  of  A1  -  N  and  B  -  N  are  the  highest  at  the  peripheral 
region  of  the  wafer.  In  this  wafer,  there  was  dark  area  at  the  center  and  the  peripheral  region  was 
transparent.  However,  the  differences  between  these  regions  can  not  be  understood  from  the  PL 
results.  The  relation  between  doping  concentration  and  stress  distribution  needs  to  be  understood 
and  will  be  discussed. 


Fig.l  The  cross-polarized  image 
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Fig.2  PL  Spectrum 


-63- 


MoP-48 


Growth  of  highly  aluminum-doped  p-type  6H-SiC  single  crystals  by  the 

modified  Lely  method 

Norbert  Schulze.  Jurgen  Gajowski,  Gerhard  Pensl 
Institute  of  Applied  Physics,  University  of  Erlangen-Niimberg 
Staudtstr.  7/A3,  91058  Erlangen,  Germany, 

Phone:  +49  (9131)  85-28434,  Fax:  -28423 
E-Mail:  Norbert.Schulze@rzmail.uni-erlangen.de 

Low  resistive  (highly  doped)  p-type  substrate  material  is  desired  for  the  production  of  espe¬ 
cially  vertical  electronic  devices.  Common  acceptors  in  SiC  are  aluminum  (Al)  or  boron  (B). 
The  simple  attempt  to  mix  Al  or  B  containing  compounds  among  the  SiC  source  powder  fails 
because  of  the  high  partial  pressure  of  Al  and  B  for  all  the  suitable  compounds.  Employing  the 
modified  Lely  technique  we  have,  therefore,  put  AI4C3  powder  in  a  separate  container  which 
serves  as  Al  source.  The  separate  container  was  kept  at  temperatures  significantly  below  the 
temperature  of  the  SiC  source  (TS0Urce  =  2150°C-2180°C).  Its  exact  temperature  will  be  deter¬ 
mined  with  an  arrangement  of  several  W/Re-thermocouples.  We  succeeded  in  growing  p-type 
6H-SiC  boules  on  the  Si-face  of  a  n-type  6H-SiC  seed  crystal  up  to  a  length  of  about  1  cm. 

Fig.l.  Free  hole  concentration 
p  as  a  function  of  reciprocal 
temperature .  The  experimental 
data  ( circles )  are  obtained 
from  a  Hall-effect  measure¬ 
ment  The  solid  line  corres¬ 
ponds  to  a  least-squares-fit  of 
the  neutrality  equation  to  the 
experimental  data .  The  fit 
parameters  are  given  in  the 
inset  A E,  N(A)  and  N(Comp) 
denote  the  ionization  energy , 
the  total  acceptor  concen¬ 
tration  and  the  concentration 
of  the  compensation ,  respec- 

0  2  4  6  tively. 

rec.  temperature  1000/T  in  K'1 

The  incorporation  of  Al  has  been  investigated  by  Hall  effect,  C-V  and  SIMS  measurements. 
The  resistivity  (at  room  temperature)  is  3.4  Qcm  measured  on  a  wafer,  which  is  prepared  from 
a  region  close  to  the  seed  crystal.  Fig.l  shows  the  temperature  dependence  of  the  free  hole 
concentration  p  (circles)  taken  on  the  same  sample.  A  fit  of  the  neutrality  equation  to  the 
experimental  data  (solid  line)  results  in  an  acceptor  concentration  N(A)  of  3.5x1 020  cm'3.  In 
contrast,  SIMS  and  C-V  measurements  conducted  on  of  the  same  sample  lead  to  about 
lxlO19  cm3  for  the  Al  concentration  and  the  net  doping  level,  respectively.  We  attribute  this 
contradiction  to  a  wrong  assumption  used  for  the  Hall  effect  evaluation.  Because  of  the  lack  of 
experimental  data  for  the  Hall  scattering  factor  rn  it  is  assumed  that  re  is  temperature 
independent  and  equal  to  one.  We  suppose  that  rH  is  temperature  dependent  and  is  smaller 
than  one  at  high  temperatures  which  leads  to  smaller  values  of  p  in  Fig.l.  The  temperature 
dependence  of  rH  will  be  estimated  by  comparison  of  the  Hall  effect  data  with  the  C-V  and 
SIMS  data  obtained  from  identical  6H-SiC  samples. 
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Abstract 

In  order  to  relate  the  macroscopic  growth  features,  as  for  example  the  growth  rate  and  the 
shape  of  the  growing  single  crystal  as  well  as  the  Si/C  ratio  at  the  seed  surface  to  the 
experimental  parameters  (temperature  distribution  and  geometry  of  the  growth  cavity, 
reactive  species  pressure  and  overall  pressure)  a  coupled  thermodynamic/mass  transfer 
simulation  approach  is  necessary.  Especially  the  initial  conditions  at  the  SiC  powder  surface 
are  important,  because  the  radial  temperature  distribution  determines  the  pressure  and  the 
Si/C  ratio  of  the  reactive  species.  Experimental  results  show  that  the  shape  of  the  single 
crystal  growth  surface  (flat,  convex  or  concave)  strongly  depends  on  the  overall  pressure  in 
the  cavity.  We  have  shown  recently  [1]  that  the  evaporation  of  SiC  is  not  congruent  and 
kinetically  hindered,  leading  to  lower  vapour  pressures  than  predicted  by  thermodynamic 
equilibrium  calculations.  The  real  pressures  can  be  described  by  introducing  evaporation 
coefficients  a,  which  relate  the  two  pressures  by  Prea]  =  ocPtheo-  We  have  measured  these 
coefficients  by  high  temperature  mass  spectrometry  for  Sii(g),  Si2(g),  Si2C(g)  and  SiC2(g).  In 
this  contribution,  we  report  on  the  results  when  employing  these  coefficients  in  the  simulation 
and  compare  the  calculated  values  to  the  experimental  data. 

[1]  A.  Pisch1,  A.  M.  Ferraria1,  C.  Chatillon1,  E.  Blanquet1,  M.  Pons1,  C.  Bernard1,  M. 
Anikin2  and  R.  Madar2 ,  ICSCRM’99,  Triangle  Park,  USA,  oct.  1999 
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4H  crystals  with  diameters  up  to  35  mm  have  been  grown  by  the  Modified  Lely 
Method  with  “  in  situ  ”  sublimation  etching.  [1,  4].  An  experimental  set  up  with  RF  heating 
and  graphite  crucible  was  used.  The  crucible  was  wrapped  by  graphite  felt  for  thermal 
insulation  and  the  whole  assembly  was  placed  inside  a  water  cooled  quartz  reactor.  The 
growth  temperature  (  measured  on  the  top  of  graphite  lid)  was  about  2200°C  and  the  argon 
pressure  was  about  2  Torr.  Under  these  experimental  conditions  we  obtained  4H  single 
crystals  with  thickness  about  10  mm.  The  growth  rate  was  between  (1-  1.3)  mm/h. 

Both  on-axis  and  8°  off-axis  wafers  were  used  as  seeds.  The  growth  took  place  on  the 
(000 1)C  face  after  in  situ  etching  at  1800°C  at  low  argon  pressure.  Shape  of  the  as-grown 
crystal  surface  was  convex,  concave  or  flat,  depending  on  the  growth  cell  geometiy  and  the 
growth  conditions.  The  optimal  shape  is  flat  because  it  allows  to  obtain  the  crystals  with 
homogeneous  doping  and  minimum  low  grain  boundaries.  However  some  cracking  of  the 
crystals  with  the  flat  surface  was  often  observed  when  the  diameter  was  larger  than  25  mm. 

It  is  worth  noting  that  the  growth  took,  place  in  conjunction  with  poly  -6H-SiC.  The 
ratio  between  the  growth  rate  of  poly-  and  monocrystal  was  very  important  because  the 
surface  shape  results  from  both  the  flux  of  SiC  from  the  source  and  poly  SiC  position.  The 
crystals  with  convex  surface  were  more  stable  :  the  microcracking  was  observed  only  at  the 
periphery  of  the  crystal. 

As-grown  surface  of  the  crystals  grown  on  off-axis  seed  has  the  facet  at  the  periphery 
of  the  crystal.  The  facet  for  a  crystal  grown  on  on  -axis  seed  is  located  in  the  middle  of  the 
crystal .  Therefore  the  cry  stals  grown  on  the  on  axis  seeds  were  more  symmetric  than  those 
grown  on  off-axis  seeds  and  the  strain  field  was  more  homogeneous  in  these  crystals. 
However  4H-SiC  growth  was  more  stable  on  the  off-axis  seed.  The  transformation  4H-SiC  in 
6H-SiC  was  more  often  observed  during  the  growth  on  on-axis  seed. 

Moreover  micropipes  density  was  less  in  the  crystals  grown  on  the  off-axis  seeds.  This  can 
be  explained  by  step-flow  growth  mechanism  on  the  off-axis  seed.  Average  pinholes  density 

-2 

in  our  crystals  was  less  than  50  cm  .  This  was  determined  by  optical  observation  after 
etching  in  molten  KOH  and  confirmed  by  synchrotron  white  beam  X-ray  topography 
(SWBXT). 
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For  electronic  device  applications,  the  use  of  3C-SiC  films  grown  on  Si  device  is  hampered  by  the  high 
defect  densities  in  the  3C-SiC  films.  One  method  currently  under  development  to  improve  the  quality  of 
3C-SiC  films  is  selective  epitaxial  growth  in  conjunction  with  epitaxial  lateral  overgrowth.  Selective 
epitaxial  growth  of  SiC  requires  that  the  masking  material  must  have  good  adhesion  to  the  Si  substrate,  be 
mechanically  stable  at  high-temperatures  (~1300°C),  be  able  to  suppress  nucleation  and  growth  of 
polycrystalline  SiC,  and  be  chemically  stable  in  a  hydrogen  atmosphere.  In  most  cases,  Si02  is  used  as  the 
masking  material.  To  improve  selectivity,  HC1  is  sometimes  added  to  the  carrier  gas  [1],  but  relatively 
thick  Si02  masks  are  required  (500  nm)  to  compensate  for  additional  oxide  etching.  Si3N4  has  also  been 
used  as  a  masking  material  for  SiC  selective  epitaxial  growth,  but  details  regarding  the  crystal  quality  of 
the  3C-SiC  layer,  as  well  as  selectivity  to  the  nitride  mask  were  not  presented  [2].  This  paper  presents  the 
results  of  a  systematic  study  to  investigate  the  effects  of  masking  material  and  mask  geometry  on  the 
microstructure  of  3C-SiC  films  selectively  grown  using  a  HCl-free  growth  process. 

The  masks  used  for  selective  epitaxial  growth  were  fabricated  from  200  nm-thick,  thermal ly-growth  Si02 
and  100  nm-thick,  LPCVD  Si3N4  films  deposited  on  100  mm-diameter  Si  (100)  wafers.  The  Si02  masks 
were  fabricated  by  conventional  photolithography  followed  by  wet  chemical  etching  in  a  buffered  HF 
solution,  while  the  Si3N4  masks  were  defined  by  photolithography  and  patterned  by  reactive  ion  etching 
using  a  SF6-based  plasma.  The  masks  consisted  of  2  to  20  pm-wide,  1  cm-long  lines  spaced  2  to  20  pm 
apart.  3C-SiC  films  were  grown  on  the  patterned  substrates  in  an  APCVD  reactor  using  a  two-step 
heteroepitaxial  process.  In  this  process,  silane  and  propane  were  used  as  source  gases,  and  hydrogen  was 
used  as  the  carrier  gas.  The  exposed  Si  surfaces  were  carbonized  by  heating  the  substrates  from  below 
500°C  to  1280°C,  and  maintaining  the  temperature  for  90  s  in  a  propane/hydrogen  ambient.  Film  growth 
was  performed  at  1280°C  in  a  silane/propane/hydrogen  ambient  for  growth  periods  of  3,  10,  and  60  min. 

SEM  and  TEM  were  used  to  characterize  the  as-grown  films  in  the  window  areas  and  on  top  of  the  masks. 
SEM  micrographs  indicate  that  selective  SiC  growth  can  be  achieved  using  the  2-pm-wide  Si02  masks, 
but  not  using  the  Si3N4  masks  (Fig.l).  Despite  the  poor  selectivity  of  the  Si3N4  masks,  the  surface 
morphology  of  the  3C-SiC  films  in  the  window  areas  is  smooth  and  the  films  are  single  crystalline,  as 
confirmed  by  TEM.  As  for  mask  stability,  delamination  of  the  Si02  masks  from  the  Si  substrates  was 
observed  by  cross-sectional  TEM,  while  the  Si3N4  masks  showed  no  evidence  of  delamination. 

The  extended  paper  will  detail  the  critical  features  of  the  masks,  describe  the  effects  of  mask  fabrication 
on  the  heteroepitaxial  growth  process,  and  present  TEM  and  SEM  data  showing  the  effects  of  Si02  and 
Si3N4  masks  on  selectivity,  surface  morphology,  and  microstructure  of  the  3C-SiC  films. 


Fig.  1.  SEM  micrographs  of  selective  epitaxy  and  lateral  overgrowth  of  3C-SiC  on  (a)  Si02  and  (b)  Si3N4  masks. 
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There  are  mainly  two  reasons  which  prevent  the  development  of  SiC  large  scale 
integration  on  silicon  substrates  :  (1)  the  rather  poor  crystallinity  of  the  3C-SiC  heteroepitaxial 
layers  and  (2)  the  important  strain  in  the  layers  which  bends  the  substrate  or  even  makes 
cracks  in  the  layers.  For  some  applications  such  as  pressure,  temperature  or  gas  sensors  in 
which  a  high  crystalline  quality  is  not  required,  the  latter  problem  becomes  of  main 
importance.  The  strain  measured  after  cooling  down  of  the  sample  is  mainly  due  to  the 
thermal  mismatch  between  SiC  and  Si.  Simple  calculations  taking  only  into  account  the 
thermal  coefficients  show  that  SiC  should  be  in  tensile  stress  at  room  temperature  after  the 
usual  high  temperature  growth  [1].  Although  this  tensile  stress  has  been  experimentally 
measured  by  many  researchers  [2-3],  we  report  here  the  achievement  of  compression  strained 
3C-SiC  heteroepitaxial  layers  on  Si  (100)  substrates. 

The  growth  experiments  were  carried  out  in  a  conventional  vertical  CVD  reactor 
working  at  atmospheric  pressure.  The  growth  procedure  involves  the  formation  of  a 
carburization  buffer  layer  at  1150°C  under  a  mixture  of  H2  and  C3H8.  The  propane  is 
introduced  in  the  reaction  chamber  before  the  ramp  up  to  1 150°C  as  explained  in  our  earlier 
work  [4].  The  subsequent  epitaxial  growth  is  performed  at  1350°C  by  adding  SiH4.  With  that 
standard  process,  3  pm  thick  SiC  layers  show  a  compression  strain  of  about  -500  MPa  as 
measured  by  light  deflection  technique.  These  layers  are  equivalent  to  the  state  of  the  art  in 
terms  of  crystalline  quality,  morphology  and  electrical  properties. 

As  the  tensile  strain  is  most  commonly  found  in  3C-SiC  heteroepitaxial  films  on  Si, 
we  should  be  able  to  obtain  tensile  strained  layers.  Since  the  strain  in  the  layers  originates 
from  the  thermal  mismatch  with  the  substrate,  we  believe  that  the  early  stage  of  growth  is 
very  important  as  it  sets  the  way  it  is  hitched  to  the  substrate.  To  confirm  that  hypothesis,  we 
changed  the  conditions  of  carburization  and  measured  the  resulting  strain  after  standard 
epitaxial  growth.  It  was  found  that  a  tensile  strain  of  about  500  MPa  could  be  reproducibly 
obtained  for  some  specific  conditions  of  buffer  layer  formation.  We  are  thus  the  first  to 
demonstrate  the  possibility  to  achieve  3C-SiC  layers  with  tensile  or  compression  strain.  By 
finely  tuning  the  conditions  of  carburization,  we  observed  a  significant  decrease  in  the  strain. 
Work  is  under  progress  to  understand  the  phenomenon  and  to  achieve  unstrained  3C-SiC 
heteroepitaxial  layers.  This  would  pave  the  way  to  large  scale  integration  of  SiC  on  Si 
substrates. 
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Development  in  epitaxial  growth  of  the  cubic  polytype  3C-SiC  has  been  held  back  due  to  lack 
of  3C-SiC  substrates.  Commonly,  epitaxy  on  off-oriented  6H-SiC  substrates  results  in 
homoepitaxial  growth,  i.e.  replication  by  the  epilayer  of  the  substrate  polytype.  Growth 
conditions  for  avoiding  inclusions  of  3C-SiC  within  the  layers  have  been  studied  extensively. 
We  have  studied  formation  of  3C-SiC  grown  on  6H-SiC  substrates  off-oriented  2.8°  and  3.5° 
from  (0001)  in  the  [1120]  direction.  The  3C-SiC  layer  thicknesses  reach  hundreds  of  pm.  The 
growth  technique  used  is  sublimation  epitaxy  and  the  growth  rates  range  from  0.1  to  1  mm/h 
at  1800  to  1950°C.  The  (0001)  face  of  6H-SiC  may  be  suitable  as  a  substrate  for  3C-SiC  since 
the  surface  atomic  structure  of  the  (0001)  face  is  similar  to  the  atomic  structure  of  the  3C- 
SiC(lll)  surface. 

Our  earlier  studies  of  sublimation  grown  3C 
have  shown  good  quality  material  by  low- 
temperature  PL  studies  and  well-ordered  3C- 
SiC(lll)  surfaces  by  LEED  and  Laue 
measurements  [1], 

In  this  study  we  present  development  in  the 
growth  of  3C-SiC  for  further  understanding 
of  necessary  growth  conditions  for  the 
polytype  formation  and  growth  mechanism. 

The  grown  3C-SiC  has  been  characterized 
using  optical  microscopy,  crossed-polarizers, 
cross-sectional  cleavages  and  high-resolution 
XRD  measurements.  Fig.  1  demonstrates  an 
image  taken  with  crossed-polarizers  of  3C- 
SiC  grown  on  an  off-oriented  6H-SiC 
substrate.  The  lattice  matching  is 
demonstrated  by  29/©  HRXRD  measure¬ 
ments.  The  FWHM  is  less  than  20  arcsec 
which  shows  that  the  3C  crystal  growth  on 
6H-SiC  has  not  resulted  in  severe  crystal  deformation  of  the  3C-SiC  lattice.  The  development 
of  the  3C-SiC  crystal  quality  will  be  compared  to  our  results  for  structural  improvement  in 
growth  of  4H-SiC  epilayers  by  sublimation  epitaxy  [2]. 

The  important  factors  for  growth  of  3C-SiC  will  be  presented.  A  model  for  the  3C-SiC 
growth  using  off-oriented  6H-SiC  substrates  will  be  given.  The  model  is  based  on  initial  two- 
dimensional  growth  and  3C-SiC  area  enlargement  by  step-flow  growth. 


Fig.  1.  Crossed-polarizer  image  of  grown  3C-SiC  on 
a  2.8°  off-oriented  6H-SiC  substrate. 
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In  the  heteroepitaxial  growth  of  SiC  on  silicon  substrates  the  lowering  of  the  growth 
temperature  is  still  an  important  issue  due  to  the  large  thermal  mismatch  between  layer  and  substrate. 
The  well  developed  CVD  techniques  generally  require  temperatures  above  1000°C.  The  growth  of  SiC 
at  the  lowest  temperatures  is  achievable  by  solid-source  molecular  beam  epitaxy  (SSMBE)  due  to  the 
high  reactivity  of  elemental  sources.  However,  this  causes  several  problems  like  the  formation  of  a 
distinct  grain  structure  and  the  deposition  of  additional  phases.  As  for  the  CVD  case,  the  nucleation  is 
the  most  critical  step  and  the  initial  layer,  should  be  closed  and  block  Si  out-diffusion  to  the  growing 
surface.  Several  approaches  have  been  already  presented  to  improve  the  initial  growth  like  application 
of  a  defined  heating  cycle  [1]  as  well  as  the  use  of  Ge  as  surfactant  or  for  lattice  matching  [2].  In  this 
report  we  present  a  systematic  study  of  the  combination  of  these  methods. 

The  SiC  layers  were  grown  in  two  different  SSMBE  configurations  with  a  cross  check  of  the 
reproducibility  of  the  results  for  representative  process  conditions.  The  influence  of  Ge  on  the  initial 
stages  was  investigated  by  depositing  a  thin  2D  Ge  layer  on  silicon  immediately  prior  to  the  exposure 
to  C.  The  growth  processes  were  observed  in  situ  by  RHEED,  while  the  final  morphology  was 
additionally  analyzed  by  AFM,  AES,  and  SEM. 

Without  the  pre-deposition  of  Ge  the  nucleation  proceeds  through  the  formation  of  the  known 
C-induced  reconstructions,  namely  (4x4)  and  (2x2)  for  (001)Si  and  V3xV3  for  (1  ll)Si,  which  are 
only  weakly  dependent  on  the  temperature  with  activation  energies  around  0. 1-0.2  eV.  The  nucleation 
of  SiC  sets  in  either  parallel  or  after  the  disappearance  of  the  C  induced  reconstructions  at  high  or  low 
temperatures,  respectively,  with  a  cross-over  temperature  around  650°C.  During  the  parallel  nucleation 
the  islands  remain  separated  for  a  longer  time  resulting  in  a  strong  erosion  of  the  silicon  substrate  and 
the  growth  of  polycrystalline  SiC.  On  such  initial  layers  the  deposition  of  single  crystalline  SiC  is 
impossible. 

The  C  induced  reconstructions  were  not  found  on  the  Ge  covered  surface  due  to  the  high 
aversion  between  C  and  Ge  atoms.  Instead,  during  the  nucleation  of  SiC  the  initial  reconstructions 
transform  to  a  disordered  (lxl).  Most  striking  is  the  evolution  of  the  SiC  lattice  constant,  which  on 
pure  Si  immediately  adopts  the  bulk  value  as  expected  for  the  large  lattice  mismatch  of  around  20%. 
In  contrast,  after  the  pre-deposition  of  Ge  the  initial  SiC  nuclei  can  have  the  lattice  constant  increased 
up  to  5%  for  submonolayer  growth.  The  final  structure  is  comparable  to  the  normal  case.  However, 
due  to  generally  larger  grains  the  process  conditions  for  obtaining  a  closed  initial  layer  are  more 
critical 

In  most  of  the  cases  it  was  not  possible  to  grow  single  crystalline  SiC  under  isothermal 
nucleation  conditions.  Another  approach  is  to  stimulate  an  intermixing  of  C  and  Si  to  an  alloy  around 
600°C  prior  to  the  SiC  nucleation.  Therefore  two  methods  were  applied  after  the  Ge  pre-deposition:  (i) 
either  the  C  was  exposed  during  a  well  defined  heating  rate  around  1-5  K/s  depending  on  the  applied  C 
flux  or  (ii)  1-2  monolayers  C  were  deposited  prior  to  the  heating.  These  methods  improved  the  SiC 
structure  drastically. 

Finally,  the  investigations  have  shown,  that  the  Ge  introduced  into  the  system  as  described 
acts  as  a  surfactant,  but  the  preferred  growth  at  steps  or  step  bands  reveals,  that  it  mainly  passivates 
terraces  and  not  steps. 

[1]  Cimalla.  V.;  Stauden,  Th.;  Eichhorn,  G.;  Pezoldt,  J.,  Mater.  Sci.  Eng.  B61-B62  (1999)  553. 

[2]  Zekentes,  K.;  Tsagaraki,  K.,  Mater.  Sci.  Eng.  B61-B62  (1999)  559. 
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The  epitaxial  growth  of  3C-SiC  on  Si-substrates  imposes  strain  in  the  Si  wafer  due  to 
the  significant  difference  in  the  thermal  expansion  coefficients  of  SiC  and  Si.  The  strain 
increases  with  the  thickness  of  the  overgrown  3C-SiC  and  results  in  bending  of  the  substrate  or 
rupture  of  the  3C-SiC  film  at  the  interface.  However,  thick  3C-SiC  films  are  preferable  as  they 
have  lower  defect  densities.  Nevertheless  for  the  realization  of  devices  most  of  the  deposited 
3C-SiC  is  etched  off,  demonstrating  that  depositition  of  3C-SiC  on  the  complete  wafer  surface 
layer  leads  to  an  unnecessary  shrink  in  applicability.  Therefore  the  selective  deposition  on 
prestructured  Si-substrates  has  two  main  advantages  in  comparison  to  standard  deposition 
processes:  It  reduces  the  area  of  the  substrate,  which  is  covered  by  the  3C-SiC,  decreasing  the 
mean  strain  imposed  in  the  substrate,  also  simplifies  device  fabrication  by  dispensing  the 
etching  of  the  3C-SiC.  In  this  paper  the  structural  characteristics  of  the  selective  deposition  of 
3C-SiC  on  prestructured  Si-On-Insulator  (SOI)  substrates,  applied  for  microsensor 
development  is  investigated  using  transmission  electron  microscopy  (TEM). 

The  prestructured  200nm  thick  Si-overlayer  (SOL)  of  a  SOI  wafer  was  wet  oxidized  at 
1000°C.  A  3C-SiC  epitaxial  layer  with  a  nominal  thickness  of  2.2  pm  was  deposited  on  the 
patterned  Si-overlayer  by  LPCVD  process  at  1220  °C  using  methylsilane.  The  piezoresistive 
3C-SiC  elements  of  the  microsensors  were  studied  by  cross-section  TEM.  The  general  view  of 
the  structure  at  the  edges  of  the  SiC  is  shown  in  Fig.l.  The  buried  oxide  layer  (BOX)  is  400nm 
thick  and  the  oxide  mask  has  a  thickness  of  785nm.  The  quality  of  the  3C-SiC  islands  is 
comparable  with  the  standard  quality  material,  as  shown  in  the  high  magnification  micrograph 
in  the  inset  in  Fig.l.  Cavities  are  observed  in  the  SOL  denoted  by  the  letter  C  without  the 
distraction  of  the  BOX  as  shown  in  Fig.l.  Lateral  growth  at  the  edge  of  the  3C-SiC  film  is 
observed,  which  is  comparable  with  the  thickness  of  the  SiC  film.  The  SOL  was  overetched  at 
the  edges  of  the  patterned  SiC,  denoted  by  the  letter  E  in  Fig.l.  The  overetched  area  is 
extended  inside  the  BOX  not  touching  the  Si  substrate  as  shown  in  Fig.2.  No  rupture  at  the 
SiC/Si  interface  was  observed.  No  traces  of  3C-SiC  islands  on  the  oxide  were  found  revealing 
that  selective  epitaxy  at  1200°C  or  above  is  very  successful. 


Fig.l  Fig.2 
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We  report  on  significant  improvement  of  defect  structure  of  SiC  epitaxial  layers  grown  on 
porous  SiC  substrates.  Porous  SiC  substrates  were  fabricated  from  commercial  6H-SiC  and  4H- 
SiC  wafers.  The  properties  of  porous  SiC  were  studied  in  terms  of  surface  characteristics  (SEM 
AFM,  RHEED)  and  crystal  structure  (x-ray  diffraction,  TEM).  Epitaxial  layers  were  grown 
simultaneously  on  porous  and  standard  SiC  substrates  using  three  epitaxial  methods:  chemical 
vapor  deposition,  liquid  phase  epitaxy,  and  sublimation  epitaxy.  The  defect  structure  of  the 
layers  was  investigated  by  chemical  etching,  x-ray  diffraction,  and  TEM.  Electrically  active 
defects  in  the  epitaxial  layers  were  studied  by  DLTS  (Fig.  1).  The  minority  carrier  diffusion 
length  measured  by  EBIC  method  for  SiC  layers  grown  on  porous  substrate  was  larger  than  that 
for  SiC  grown  on  standard  substrate.  Experimental  results  clearly  indicate  superior  quality  of 
SiC  layers  grown  on  porous  substrates  as  compared  to  epitaxial  layers  grown  on  standard  SiC 
wafers.  These  results  include  lower  concentration  of  extended  defects  (dislocations)  and  point 
defects  (shallow  and  deep-level  centers)  in  SiC  layers  grown  on  porous  substrates.  The  trend  is 
clearly  seen  for  all  three  epitaxy  techniques.  The  role  of  porous  substrate  in  the  epitaxial  growth 
of  high-quality  SiC  layers  will  be  discussed.  Properties  of  porous  SiC  substrates  and  results  of 
investigation  of  defects  in  SiC  epitaxial  layers  grown  by  different  techniques  on  porous  SiC 
substrates  will  be  presented. 


Temperature  (K) 


Figure  1 .  DLTS  spectra  for  SiC  layer  grown  on  standard  (1 )  and  porous  (2)  substrates  in  the 
same  epitaxial  run.  Two  deep  levels  are  detected  in  the  layer  grown  on  standard  substrate. 
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In  a  series  of  papers  it  has  been  demonstrated  photoluminescence  properties  of  porous 
silicon  carbide  (PSC).  Previously  [1],  the  possibility  of  obtaining  high-quality  6H-SiC  films 
on  PSC  has  been  demonstrated.  The  aim  of  the  present  work  was  to  perform  a  comparative 
study  by  X-ray  diffraction  and  scanning  electron  microscopy  (SEM)  of  PSC  before  and  after 
high-temperature  growth  of  epitaxial  6H-SiC  layers  by  sublimation. 

The  experiments  were  carried  out  on  polished  (0001)Si  face  of  a  commercial  6H-SiC 
3.5°  off  wafer  (CREE).  The  samples  were  anodized  in  a  HF  :  H2O  :  C2H5OH  =  1:1:2 
electrolyte  with  UV  illumination  at  current  densities  equal  20,  60,  and  100  mA/cm2.  The 
etching  time  was  15,  5,  and  3  min,  respectively. 

The  epitaxial  growth  of  thin  6H-SiC  layers  on  PSC  was  performed  by  vacuum 
sublimation  at  2000°C  in  a  vertical  water-cooled  quartz  reactor.  The  thickness  and 
morphology  of  PSC  were  determined  by  SEM  images  of  cleaved  surface  before  and  after  the 
high-temperature  sublimation  growth. 

X-ray  measurements  were  done  on  double-crystal  (DCD)  and  triple-crystal  (TCD) 
diffractometers  in  CuKai  radiation.  The  sample  porosity  was  evaluated  by  absorption 
porometry  (with  accuracy  of  ±  5%),  and  macrostrains  were  determined  from  sample 
curvature  radii  R  measured  on  DCD.  The  structural  perfection  of  the  layers  was  monitored  by 

the  behavior  of  the  full  width  at  half  maximum 
(FWHM)  of  a  symmetric  Bragg's  reflection 
(0006).  In  measurements  on  TCD  0-  and  (0-20)- 
scanning  modes  were  used. 

DCD  rocking  curves  have  the  same 
shape  for  all  PSC  samples  on  SiC  (Fig.  1),  each 
containing  a  narrow  peak  on  a  broad  diffuse 
"hump.”  The  hump  associated  with  diffuse 
scattering  (DS)  on  a  porous  structure.  The 
subsequent  growth  of  an  epitaxial  layer  on  PSC 
is  accompanied  by  a  decrease  in  FWHM  of  both 
the  narrow  and  the  diffuse  peaks.  The 
pronounced  (2-3  times)  narrowing  of  the  diffuse 
peak  points  to  a  structural  transformation  of  the 
PSC.  The  integral  FWHM  of  the  dynamic  peak 
suggests  that  the  diffraction  characteristics  of  the  epitaxial  layer  are  as  good  as  those  of  the 
substrate.  However,  in  contrast  to  the  substrate,  the  epitaxial  layer  shows  good  uniformity  of 
properties  over  the  sample  area. 

The  dramatic  reduction  of  biaxial  stresses  in  epitaxial  SiC  layers  grown  on  PSC  and 
the  good  uniformity  of  the  diffraction  characteristics  of  the  layers  over  their  area  suggest  that 
the  given  direction  of  research  is  rather  promising. 

[1].  M.Mynbaeva,  N.  Savkina,  A.Zubrilov,  N.Kuznetsov,  A.Lebedev,  I.Kotousova,  V.Dmitriev,  Book  of  Abstr. 
MRS  Fall  1999  Meeting,  Nov.29-Dec.3,  Boston,  Massachusets,  SYMPOSIUM  O  8.6, 251  (1999). 


Fig.l.  DCD  rocing  curves. 
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Nanometer-sized  Si  and  Ge  structures  give  rise  to  an  efficient  photoluminescence  at 
visible  and  even  blue  wavelengths.  This  observation  has  prompted  many  studies,  both 
exploring  technological  applications  and  investigating  fundamental  properties.  Such 
nanostructures  have  been  fabricated  by  ion  implantation  in  amorphous  Si02  matrices, 
by  electrochemical  etching  or  by  Stranski-Krastanov  growth  using  molecular-beam 
epitaxy  (MBE).  Unfortunately,  electroluminescence  from  the  nanocrystals  is  limited  by 
the  insulating  character  or  the  too  small  energy  gap  of  the  matrix  material.  To  overcome 
these  limitations,  embedding  the  nanoparticles  in  a  wide-gap  semiconductor,  e.g.  a-SiC, 
seems  to  be  promising.  Recent  MBE  deposition  of  Si  and  Ge  dots  on  SiC  in  fact  offers  a 
realistic  possibility  for  preparation  of  such  embedded  dots. 

In  this  paper  we  present  parameter-free  calculations  of  the  electronic  structure  and  the 
frequency-dependent  dielectric  function  in  order  to  understand  the  optical  properties  of 
Si  and  Ge  nanoparticles  in  a  SiC  matrix  in  dependence  on  their  size  and  the 
surroundings.  The  calculations  are  based  upon  density-functional  theory  (DVT)  in  the 
local-density  approximation  (LX) A).  Ultrasoft  pseudopotentials  allow  the  ab  initio 
treatment  of  supercells  with  up  to  512  atoms.  Each  supercell  contains  one  cluster  with  a 
varying  number  of  Si  or  Ge  atoms.  The  maximum  number  of  239  atoms  corresponds  to 
a  dot  diameter  of  about  1  nm.  To  simulate  the  influence  of  matrix  material  and  strain, 
two  different  situations  are  studied.  Fully  strained  dots  are  considered  in  a  matrix  of 
cubic  SiC.  A  hydrogen  termination  of  completely  unstrained  nanocrystals  is  used  to 
simulate  in  particular  the  effect  of  a  wide  energy  gap  of  the  matrix  material,  as  it  occurs 
for  instance  in  the  case  of  hexagonal  SiC. 

The  optical  calculations  are  performed  within  the  independent-particle  picture.  We 
make  use  of  a  partial  cancellation  of  self-energy  and  excitonic  effects.  Matrix  elements 
are  calculated  using  all-electron  wave  functions.  The  tetrahedron  method  and  a 
Gaussian-broadening  histogram  scheme  are  applied  to  the  k-space  integration.  The 
influence  of  many-body  effects  is  also  discussed.  Quasiparticle  shifts  are  estimated 
using  a  simplified  screening  in  the  GW  expression.  Coulomb  integrals  give  estimates 
for  the  electron-hole  interaction. 

We  discuss  the  dependence  of  the  resulting  optical  spectra  on  dot  size,  in  particular  that 
of  the  optical  absorption,  the  dielectric  constant,  the  lowest  transition  energies  and  their 
oscillator  strengths.  We  find  dot-matrix  interface  effects  to  be  significant.  This  holds 
especially  for  the  embedding  in  cubic  SiC  which  seems  to  result  in  a  type-H 
heterostructure.  Several  absorption  peaks,  among  them  the  one  developing  into  the  bulk 
E2  structure,  are  found  with  varying  position  and  strength.  The  calculated  spectra  are 
compared  with  recent  results  for  Ge  nanostructures  embedded  in  the  “wide-gap”  system 
sapphire. 
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The  development  of  fast  optoelectronic  SiC  devices  requires  detailed  knowledge  about  the 
structural  properties  of  low-dimensional  structures  epitaxially  grown  on  SiC(0001)-surfaces. 
In  our  recent  work,  we  investigated  the  growth  and  structure  of  Column  IV  nanocrystals 
using  high  resolution  x-ray  diffraction  (HXRD),  transmission  electron  microscopy  (TEM) 
and  atomic  force  microscopy  (AFM).  The  reciprocal  space  maps  could  be  obtained  using  the 
high  intensity  new  material  research  goniometer  of  the  ROBL  beamline  at  the  European 
Synchrotron  Radiation  Facility  in  Grenoble. 

The  Si-  and  Ge-nanocrystals  were  grown  by  molecular  beam  epitaxy  on  SiC(0001)-substrates 
using  the  Stranski-Krastanov  growth  mode.  The  number  density,  shape,  size  and  size 
distribution,  as  determined  by  AFM  and  TEM,  varies  according  to  the  specific  process 
parameters.  Furthermore,  by  changing  the  process  parameters  (flux,  temperature),  we  were 
able  to  grow  nanocrystals  with  different  sizes  (lateral  dimensions  40-200  nm,  vertical 
dimensions  5-50  nm)  on  different  samples,  but  with  a  narrow  size  distribution  of  the 
nanocrystals  on  each  sample.  Reciprocal  space  maps  around  Si-  and  Ge-reflections  revealed 
that  the  Si-  and  Ge-nanocrystals  grow  preferentially  in  two  different  orientations  <1 1 1>  and 
<1 10>  with  respect  to  the  surface  normal.  However,  by  choosing  specific  growth  conditions 
(low  flux,  high  temperatures),  we  were  able  to  grow  (lll)-nanocrystals  selectively. 
Interestingly,  for  Ge-nanocrystals  grown  on  Si-rich  SiC-surfaces,  our  HXRD-  and  TEM- 
results  show  that  the  Ge-reflections  are  shifted  towards  the  angular  position  of  the 
corresponding  Si-reflection.  Such  a  peak  shift  can  be  explained  by  the  change  in  the  lattice 
constant  due  to  the  formation  of  a  Si/Ge  solid  solution.  Using  vegard’s  law,  it  is  possible  to 
calculate  the  average  composition  of  the  nanocrystals  from  the  peak  shift.  A  quantitative 
analysis  of  the  HXRD-data  results  in  the  average  dimensions  of  the  nanocrystalline  regions 
and  the  stress  and  strain  within  the  nanocrystals.  The  lateral  orientation  of  the  (111)-  and 
(1 10)-nanocrystals  was  investigated  by  comparison  of  the  azimuthal  <|)-scans  of  a  nanocrystal- 
reflection  (220-reflection  for  (lll)-nanocrystals  and  111-reflection  for  (llO)-nanocrystals) 
with  an  appropriate  substrate-reflection.  This  comparison  revealed  that  the  (1 1  l)-nanocrystals 
as  well  as  the  (llO)-nanocrystals  grow  coherently  with  respect  to  the  substrate.  The  6-fold 
symmetry  of  the  <|)-scans  shows  clearly  the  existence  of  rotation  twins.  Since  the  FWHM  of 
the  <()-scan  reflects  the  degree  of  coherence  between  nanocrystals  and  substrate,  our  data  show 
that  the  correlation  between  the  Si-nanocrystals  (FWHM  $  <  1°)  and  SiC  is  much  better  than 
the  correlation  between  Ge-nanocrystals  (FWHM  <|>  >  5°)  and  SiC.  The  shape  and  the  size  of 
the  nanocrystals  were  determined  using  TEM  and  AFM.  Using  this  information  as  an  input,  a 
detailed  analysis  of  the  reciprocal  space  maps  reveals  that  the  amount  of  stress  and  strain  is 
less  in  the  Ge-nanocrystals  compared  with  the  Si-nanocrystals.  Obviously,  the  Ge-crystals 
avoid  the  stress  and  strain  due  to  the  lattice  mismatch  by  a  poor  alignment  to  the  substrate.  It 
is  possible  to  improve  this  alignment  by  increasing  the  amount  of  Si  within  the  Ge- 
nanocrystal. 
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The  lack  of  large,  high-quality  3C-SiC  bulk  crystals  has  stimulated  several  groups  to 
investigate  systemically  thin  film  growth  on  Si  substrates.  Beside  the  fundamental  aspects  of 
heteroepitaxy  in  a  material  system  with  large  lattice  mismatch,  3C-SiC/Si  layered  structures  offer 
some  attractive  applications.  The  first  is  in  the  field  of  robust  sensors  operating  at  high 
temperatures  and  in  harsh  environments.  At  second,  they  can  be  successfully  used  as  pseudo¬ 
substrates  for  the  cubic  nitride  epitaxy  [1].  The  common  technique  to  grow  SiC  on  Si  is  a  two 
step  process  consisting  of  a  carbonization  process,  e.g.  under  CVD  or  MBE  conditions,  followed 
by  epitaxial  growth.  The  influence  of  the  carbonized  layer  on  the  subsequent  epitaxial  process 
was  studied  mostly  in  the  context  of  structural  perfection  of  the  film  and  how  this  quantity 
influences  the  structural  perfection  of  the  grown  active  layer.  However  in  most  studies,  only  one 
method  was  applied  for  the  conversion  of  the  silicon  surface  into  silicon  carbide.  In  this  work  we 
present  a  comparative  study  of  the  crystalline  quality,  surface  morphology,  and  polarity  for  solid 
source  MBE  grown  single  phase  3C-SiC  active  layers  if  different  carbonization  processes  are 
applied. 

The  first  method  (RTCVD)  is  based  on  the  carbonization  process  in  a  propane  hydrogen 
atmosphere  in  a  rapid  thermal  processing  reactor  described  in  detail  in  [2].  The  second  one  is  a 
MBE  based  process  consisting  of  the  following  process  steps:  (1)  deposition  of  carbon  on  a  (7x7) 
reconstructed  Si  surface  at  325  °C,  (2)  heating  up  the  Si  wafer  to  660  °C  within  3  minutes,  (3) 
gradually  increase  of  the  substrate  temperature  in  steps  of  50  degree  up  to  the  final  growth 
temperature  for  SiC  epitaxy.  On  both  carbonized  substrate  types,  120  nm  thick  3C-SiC  epitaxial 
layers  were  grown  at  1000  °C  with  a  rate  of  lnm/min.  under  Si  rich  conditions  and  continuously 
operating  Si  and  C  sources.  The  stability  ofthe  deposition  conditions  was  controlled  by  reflection 
high  energy  electron  diffraction  (RHEED)  monitoring  the  (3x3)-Si  (lll)SiC  surface 
reconstruction.  In  addition,  the  growth  process  was  monitored  by  in-situ  real-time  spectroscopic 
ellipsometry  (SE).  Ex-situ  characterization  of  the  films  was  performed  by  atomic  force 
microscopy  (AFM),  X-ray  diffraction  (XRD),  X-ray  photoelectron  diffraction  (XPD),  and  SE. 

The  results  emphasize  that  both  substrate  types  lead  to  epitaxial  layers  characterized  by 
a  single  domain  3C-SJC  structure.  The  films  grown  on  RTCVD  carbonized  substrates  exhibit  a 
smoother  interface  between  SiC  and  Si,  but  a  larger  surface  roughness  compared  to  the  layers 
grown  MBE  carbonized  wafers.  Furthermore,  the  full  width  ofthe  half  maximum  ofthe  (111  )SiC 
XRD  peak  is  found  smaller  in  case  of  RTCVD  material  indicating  a  lower  residual  stress. 
Detailed  XPD  measurement  revealed  that  the  epitaxial  layer  grown  on  RTCVD  material  shows 
C-face  surface  polarity,  whereas  the  material  grown  on  MBE  material  is  characterized  by  a  Si- 
face  polarity. 

'D.J.  As,  T.  Frey,  D.  Schikora,  K.  Lischka,  V.  Cimalla,  J.  Pezoldt,  R.  Goldhahn,  S.  Kaiser,  W. 
Gebhardt,  Appl.  Phys.  Lett.,  76  1686  (2000). 
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Silicon  carbide  is  wide  known  as  a  polytypic  material.  Different  SiC  polytypes  are  characterized  specific 
semiconductor  properties.  But,  still  control  of  growth  of  SiC  of  a  certain  polytype  is  a  complicated  issue. 
Insufficient  control  of  growth  of  SiC  bulk  crystals  and  epitaxial  layers  often  results  in  polytype  non-uniformity 
that  decreases  drastically  quality  of  the  semiconductor  devices  based  on  SiC. 

In  this  work  the  polytype  transformation  in  the  SiC  epitaxial  layers  has  been  investigated  in  dependence  on 
growth  conditions  and  structure  of  the  growing  surface.  The  layers  were  grown  by  sublimation  sandwich 
method  on  the  (0001)Si  and  (000 1)C  SiC  seeds.  Deposition  of  epitaxial  layers  was  carried  out  in  vacuum  or  in 
inert  gas  atmosphere  in  the  temperature  range  1700  -  2500°C.  Temperature  gradients  varied  from  10  to  90  °C 
/cm. 

SiC  crystals  of  4H,  6H,  8H,  15R  and  21R  polytypes  grown  by  Lely  method  were  used  as  seed.  The  growth 
was  performed  on  vicinal  and  singular  surfaces.  A  method  of  artificial  surface  singularization  was  used  for 
investigation  of  the  growth  mechanisms  and  polytype  transformation.  In  this  case  the  substrate  has  an  artificial 
ly  made  profiled  surface  covered  by  projected  areas  with  a  linear  size  varying  from  0,1  to  1mm. 

Scanning  electron  microscopy  technique  in  color  cathodoluminescence  mode  was  proposed  for  two- 
dimensional  and  three-dimensional  studies  of  polytype  structures.  It  allowed  us  to  perform  layer  by  layer 
structure  analysis  of  a  polytype  on  depths  up  to  2.5  pm  with  high  resolution.  The  polytype  structures  have  been 
studied  by  real  color  cathodoluminescence  (CL)  mode  in  scanning  electron  microscopy  technique  using  true 
color  contrast  (CCL-SEM).  Beam  energy  varied  from  2  to  20  keV  and  the  depth  of  electron  penetration  was 
changed  from  0.1  up  to  2.6  pm 

High  polytype  stability  of  the  growing  SiC  was  revealed  in  case  of  vacuum  condensation  in  the  molecular 
kinetic  mode,  when  normal  growth  mechanism  was  dominant  and  vicinal  type  of  the  growing  surface  remained. 
As  a  result  the  thick  epitaxial  layers  (up  to  1mm)  and  bulk  crystals  of  different  SiC  polytypes  (including  rare 
polytypes  such  as  27R  and  8H)  may  be  grown  simultaneously  at  the  same  growth  conditions. 

Presence  of  the  impurities  or  insufficient  preliminary  cleaning  of  substrate  surface  promoted  formation  on 
substrate  surface  a  separate  non-coherent  three  dimensional  nuclei  which  have  caused  the  polytype  syntaxy. 

The  layer-  by-  layer  growth  mechanism  of  SiC  was  usually  prevailed  under  diffusion  growth  mode.  The 
height  of  growth  steps  as  a  rule  reached  to  macroscopic  values  (more  than  0. 1  pm)  owing  to  step  bunching 
processes.  The  dependence  of  the  growth  steps  density  and  polytype  structure  on  the  substrate  surface 
orientation  was  observed.  It  was  shown  that  the  polytype  transformation  during  the  growth  process  occurs 
mainly  on  the  singular  parts  of  the  surface.  We  discovered  the  origin  of  separate  nucleating  centers  at  the  edges 
and  inside  of  singular  parts  of  the  growing  surface. 

The  effect  of  polytype  instability  during  the  SiC  epitaxial  layer  growth  on  the  elevated  parts  of  the  singular 
(0001)  surface  is  revealed.  Polytype  transformation  probability  is  shown  to  be  very  high  both  on  (0001) Si  and 
(000 1)C  faces  even  at  very  low  supersaturations..  As  a  results  grown  layer  contains  usually  a  set  of  the  sublayers 
of  different  SiC  polytypes  with  the  thickness  less  than  1pm.  The  reasons  of  polytype  instability  are  discussed.  In 
particular,  the  surface  clusters  appearance  is  caused  by  interactions  of  matrix  and  impurity  atoms  with  native 
point  defects  on  the  substrate  surface  may  work  as  centers  of  new  polytype  nucleation  during  growth  process. 
This  conclusion  is  supported  by  specific  dependence  of  the  SiC  growth  rate  on  supersaturation  observed  in  the 
case  of  singular  surface 

Increase  of  density  of  the  structural  and  morphological  defects  on  the  substrate  surface  is  shown  to  promote 
polytype  stabilization.  We  observed  reduction  of  polytype  transformation  probability  in  the  epitaxial  layers 
grown  on  the  substrates  with  high  dislocations  density.  The  same  effect  is  reached  by  the  artificial  damages  of 
die  substrate  surface  planarity.  Polytype  transformation  is  shown  to  be  a  less  possible  on  the  rough  or  stepped 
surface. 

The  tangential  velocity  of  the  macrosteps  is  shown  to  depend  on  the  type  of  the  surface  and  polytype.  For 
example,  the  4H  thick  macrostepped  layers  extend  over  the  substrate  surface  on  the  great  distances  with  the 
highest  rate  than  other  polytypes.  They  may  cross  wide  (up  to  1  mm  and  more)  grooves  and  cracks.  In  result  the 
4H-  SiC  polytype  layers  are  often  covered  by  layers  of  other  SiC  polytypes. 
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Imaging  the  3C-SiC(100)  c(4x2)  Surface  Reconstruction  by  Empty 
and  Filled  Electronic  States  Scanning  Tunneling  Microscopy 


V.  Dervcke.  P.  Fonteneau  and  P.  Soukiassian 

Commissariat  a  I’Energie  Atomique,  DSM-DRECAM-SIMA,  Centre  d'Etudes  de  Saclay, 
Bat.  462,  91191  Gif  sur  Yvette  Cedex,  France 

and  Departement  de  Physique,  Universite  de  Paris-Sud,  91405  Orsay  Cedex,  France 


Phone:  33  (0)1  69  08  70 11  Fax:  33  (0)1  69  08  35  92  E-Mail:  derycke@drecam.cea.fr 


We  investigate  the  3C-SiC(100)  c(4x2)  surface  reconstruction  [1]  by  atom-resolved  filled 
and  empty  electronic  states  scanning  tunneling  microscopy  (STM).  Using  a  dual  scan  mode 
allowing  to  probe  both  filled  and  empty  electronic  state  topographs  of  the  same  area  of  the  surface, 
we  are  able  to  identify  both  up-  and  down  dimers  of  the  c(4x2)  surface  reconstruction.  The  down- 
dimer  is  identified  by  STM  imaging  when  tunneling  into  the  empty  electronic  states  and  could  still  be 
detected  in  the  filled  states  topographs  through  intensity  plots.  In  contrast,  the  up-dimer  is  seen 
when  tunneling  into  the  filled  electronic  states  only.  This  behavior  indicates  that  up-and  down- 
dimers  have  very  different  electronic  status.  This  investigation  is  in  excellent  agreement  with  recent 
core  level  photoemission  spectroscopy  experiments  [2]  and  further  supports  the  AUDD  (alternately 
up-  and  down-dimer)  model. 
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The  current  interest  in  silicon  carbon  nitride  comes  from  the  recent  theoretical 
prediction  about  the  existence  of  the  superhard  phase  in  the  system  Si-C-N  [1],  Up  to 
now,  as  far  as  we  know  only  few  experiments  have  been  reported  on  such  ternary 
systems,  using  various  deposition  techniques  [2,3].  The  stoichiometry  of  these  ternary 
compound  was  found  to  be  close  to  SiCN.  The  SiCN  films  were  demonstrated  to  have 
amorphous  structure.  The  wide  band  gap  was  observed  in  this  compound  [2]. 

The  possibility  of  silicon  carbon  nitride  formation  by  surface  SiC  treatment 
with  the  nitrogen  plasma  was  examined  in  the  present  work.  The  processing  was 
carried  out  in  the  high  frequency  plasma  discharge.  The  samples  were  placed  on  the 
target.  6H-SiC  Lely  substrates  with  (0001)Si  and  (0001)C  surface  orientation  and  3C- 
SiC  epitaxial  layers  grown  on  the  Si  substrate  were  used  as  a  samples. 

As-grown  films  have  been  studied  by  the  X-ray  photoelectron  spectroscopy 
(XPS)  techniques.  To  study  the  composition  and  chemical  bonding  in  the  depth  of 
films  layer-by-layer  analysis  was  applied.  A  deconvolution  of  photoelectron  lines  of 
each  element  was  performed.  It  was  shown  that  the  formation  of  film  consisting  of 
three  elemehts:  Si,  C,  and  N  was  occurred.  XPS  study  reveals  the  existence  of  various 
chemical  bonds  such  as  Si-N,  C-Si,  C-N.  A  preliminary  structure  of  the  new 
compound  was  suggested  using  the  chemical  bonding  data.  The  stoichiometry  of  the 
grown  films  was  found  to  be  close  to  SiCxN].x  where  x  is  variable  in  depth  of  the 
films.  Thickness  of  SiCxN].x  films  was  about  15-20nm.  The  Si-C  chemical  bonds 
typical  for  SiC  are  revealed  at  greater  depth.  There  were  no  essentially  differences 
between  film  thickness  formed  on  the  Si-  and  C-  faces  of  6H-SiC  substrate.  Besides 
the  film  thickness  does  not  depend  on  the  time  of  treatment  in  nitrogen  plasma  (from 
5  min  to  1  hour).  However,  thickness  of  SiCxN].x  film  formed  on  the  3C-SiC  depends 
on  the  treatment  time  strongly  (increasing  of  the  processing  time  as  a  factor  1.5 
enlarges  the  thickness  of  SiCxNi.x  layer  as  factor  about  5) 

Structure  and  surface  morphology  was  investigated  by  electron  diffraction 
technique  and  optical  microscopy  together  with  profile  measurement  technique. 
Layers  was  demonstrated  to  have  amorphous  structure.  The  undeteriorate  quality  of 
surface  was  observed  for  samples  with  different  times  of  treatment  in  the  nitrogenous 
plasma.  Etching  rate  was  about  0.7-0.8  pm/h  and  1-1.3  pm/h  for  Si-  and  C-face  of  6H- 
SiC  respectively. 
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Germanium  nanocrystals  as  potential  candidates  for  a  future  optoelectronics  have  been  grown 
on  SiC(0001).  A  Stranski-Krastanov-like  growth  mode  is  observed  due  to  the  huge  lattice 
mismatch  of  some  30%  between  silicon  carbide  and  germanium 

The  4H  and  6H  on-axis  and  (high  miscut)  off-axis  SiC(0001)  surfaces  were  prepared  ex  situ 
either  by  plasma  etching,  subsequent  oxidation  and  HF  dip  or  by  hydrogen  etching  and  in  situ 
by  heating  in  a  Si  flux  to  get  definite  superstructures  of  3x3,  V3xV3-R30°  or  6V3  x  6a/3 
observed  by  electron  diffraction  (LEED).  Germanium  was  deposited  from  effusion  cells  with 
evaporation  rates  of  0.1  to  1.5  nm/min  at  substrate  temperatures  of  450  to  550°C. 
Additionally,  several  samples  were  deposited  with  germanium  at  room  temperature  and 
heated  up  to  that  temperature  to  form  nanocrystals. 

The  surface  composition  before  and  after  Ge  evaporation  was  measured  by  x-ray 
photoelectron  spectroscopy  (XPS).  Surface  structure  and  morphology  as  well  as  size, 
geometry,  density  and  distribution  of  nanociystals  were  determined  in  situ  by  scanning 
tunneling  microscopy  (STM)  and  ex  situ  by  atomic  force  microscopy  (AFM),  high-resolution 
X-ray  diffraction  and  transmission  electron  microscopy. 

A  wetting  layer  was  formed  by  Ge  deposition  at  a  low  rate  and  a  substrate  temperature  of  450 
to  550°C  depending  on  surface  preparation.  Usually,  this  wetting  layer  was  atomically  flat 
and,  depending  on  the  substrate  surface,  showed  terraces  with  1  or  2  ML  high  steps. 
Depending  on  Ge  coverage  different  superstructures  were  observed  in  LEED  and  STM.  Most 
of  the  samples  showed  a  lxl  LEED  pattern  after  more  than  2ML  Ge  deposition.  In  this 
temperature  range  the  large  lattice  mismatch  causes  a  transition  from  2-dimensional  to  3- 
dimensional  (islands)  growth  of  Ge  on  SiC  at  a  coverage  near  2  ML. 

The  samples  grown  at  lower  temperature  and  high  rate  show  a  narrow  size  distribution  of  the 
germanium  nanocrystals.  The  average  diameter  was  betweeen  50  and  150  nm  and  the  average 
height  between  4  and  30  nm  for  most  of  the  samples.  Depending  on  growth  conditions  also 
much  smaller  nanocrystals  of  only  2nm  height  and  a  high  density  were  observed  in  a  bimodal 
distribution  of  island  sizes.  Usually,  the  density  of  the  medium-size  nanocrystals  was 
measured  to  10 10  cm2.  No  nucleation  at  step  edges  were  observed  as  well  as  no  obvious 
difference  between  on  axis  and  off  axis  substrates.  Especially,  large  crystals  showed  a  regular 
shape,  like  pyramides,  with  facets  or  with  flat  top,  whereas,  many  samples  showed  an 
irregular  shape  of  the  islands. 

Large  nanocrystals  were  observed  after  heating  a  Ge  film  deposited  at  room  temperature  on 
SiC(0001)  up  to  500°C.  These  islands  with  facets  and  pyramids  had  a  lateral  size  between 
200  to  800  nm  on  different  samples.  Nanocrystals  grown  on  silicon-rich  (3x3)  SiC  surface 
showed  Ge-Si  alloying. 


-80- 


MoP-65 


Interface  properties  of  MOS  structures  formed  on  4H-SiC  C(0001)  face 

K.  Fukuda  u,  S.  Suzuki1",  J.Senzaki1'2,  W.J.Cho  u,  T.Tanaka1'2  and  K.Arai1'3 

Ultra-Low-Loss  Power  Device  Technology  Research  Body1,  R&D  Association  for  Future  Electron  Devices2, 
Electrotechnical  Laboratory3,  1-1-4  Umezono,  Tsukuba,  Ibaraki  305-8563,  Japan 
TEL:+8 1  -298-6 1-3320,  FAX:+ 8 1  -298-6 1-3397,  E-mail:kfukuda@etl.go.jp 


The  C(0001)  surface  has  superior  properties  such  as  larger  oxidation  rate  and  smaller  surface  roughness  as 
compared  with  the  Si(0001)  surface.  Therefore,  the  oxidation  process  become  easy  and  the  channel  mobility 
might  increase  if  SiC  MOSFETs  can  be  fabricated  on  the  C(0001)  surface.  We  have  investigated  the  systematical 
oxidation  method  and  post-oxidation  annealing  (POA)  influence  on  electrical  characteristics  of  SiC  MOS 
structures  formed  on  4H-SiC  C(0001)  surface. 

8°  off-angled  n-type  4H-SiC  C(0001)  face  substrates  with  4.9-pm-thick  n-type  epitaxial  layers  were 
purchased  from  Cree  Research  Inc.  Nitrogen  was  used  as  the  n-type  dopant.  The  effective  carrier  density 
( Nj-Na  )  of  C(000l)  face  substrates  was  2.5xl016  cm'3.  A  sacrificial  oxidation  of  lOnm  thickness  followed  by  the 
standard  RCA  cleaning  process  was  performed  at  1200°C,  and  then  removed  with  5%  HF  solution.  Gate-oxide 
films  were  thermally  grown  at  1200°C  for  22  min  in  dry  02(dry  oxidation,  samples  (a)  and  (c))  and  6  min  in 
water  vapor  atmosphere  (pyrogenic  oxidation,  samples  (b)  and  (d)).  The  ratio  of  the  flow  rates  of  02  and  H2 
gases  was  1.5  :  0.5.  The  thickness  of  the  gate-oxide  films  was  52  ±  5nm.  After  both  oxidations,  all  samples  were 
annealed  in  argon  for  30  min  at  1200°C,  and  then  cooled  in  argon.  In  addition,  samples  (c)  and  (d)  were  annealed 
in  hydrogen  at  800°C  for  30  min  and  cooled  in  hydrogen.  Aluminum  on  the  top  of  the  oxide  films  and  on  the 
back  of  the  samples  was  evaporated  to  make  gate  electrodes  and  ohmic  contacts  to  MOS  structures,  respectively. 

Figure  1  shows  C-V  characteristics  of  samples  (a),  (b),  (c)  and  (d).  The  high-frequency  characteristics 
(solid  lines)  were  measured  at  the  frequency  (/)  =100  kHz,  and  the  quasi-static  characteristics  (dotted  lines) 
were  measured  at  the  delay  time  (  tj)  =10  seconds  and  step  voltage  (Vs)=50mV.  The  observed  flat-band  voltage 
shifts  (AVfl,)  of  samples  (a),  (b),  (c),  and  (d)  are  4.6V,  6.8V,  -1.7V  and  1.7V,  respectively.  Figure  2  presents  the  Dit 
distributions  of  SiC  MOS  structures  on  the  C(OOOl)  face. 

Figures  1  and  2  reveal  that  the  Dit  near  the  conduction-band  edge  of  sample  (b)  prepared  by  pyrogenic 
oxidation  is  lower  than  that  of  sample  (a)  prepared  by  dry  oxidation  although  the  AVp  of  sample  (b)is  larger  than 
that  of  sample  (a).  Hydrogen  annealing  at  800°C  decreases  the  Dn  of  MOS  structures  formed  on  the  C(0001)  face 
by  pyrogenic  oxidation  [sample(d)].  On  the  other  hand,  the  Dit  of  MOS  structures  formed  on  the  C(OOOl)  face  by 
dry  oxidations  is  increased  by  hydrogen  annealing  at  800°C  [sample(c)].  It  is  considered  that  hydrogen  annealing 
terminates  the  dangling  bonds  of  Si  and  C  atoms;  a  high  temperature  such  as  800°C  is  necessary  for  the 
termination  of  dangling  bonds  of  C  atoms  because  the  binding  energy  of  C-H  is  larger  than  that  of  Si-H.  The 
Db  near  Ec-E= 0.2eV  decreases  considerably  and  becomes  almost  the  same  as  that  observed  for  the  n-type  SiC 
MOS  structure  on  the  Si(0001)  face  by  the  hydrogen  annealing.  On  the  other  hand,  the  value  of  the  Dit  around 
£c-£=0.6eV  does  not  change  at  all,  and  is  approximately  one  order  of  magnitude  higher  than  that  of  the  n-type 
SiC  MOS  structures  on  the  Si(0001)  face,  which  indicate  that  a  large  amount  of  interface  state  exists  at  the  deep 
level  in  n-type  SiC  MOS  structures  on  the  C(0001)  face.  Therefore,  the  quality  of  the  Si02/SiC  interface  formed 
on  the  C(000l)  face  is  inferior  to  that  of  the  Si(0001)  face. 

This  work  was  performed  under  the  management  of  FED  as  a  part  of  the  MITI  New  Sun  Shine  Program 
(R&D  of  Ultra-Low-Loss  Power  Device  Technologies)  supported  by  NEDO. 
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Recently  it  has  been  reported  that  metal-oxide-semiconductor  field-effect-transistors  (MOS-FETs) 
fabricated  on  the  (11-20)  faces  of  4H  and  6H-SiC  substrates  have  higher  channel  mobilities 
compared  to  those  on  the  (0001)  faces  [1].  However,  little  is  known  about  the  physical  and  electrical 
properties  of  oxide  layers  grown  on  the  (11-20)  faces.  In  this  study,  we  have  fabricated  MOS 
structures  on  the  (11-20)  and  (1-100)  faces  of  n-type  4H-SiC  substrates,  and  measured  their 
capacitance-voltage  (CV)  characteristics  to  obtain  the  number  of  interface  traps  per  unit  area  (JVit). 
We  have  also  examined  the  influence  of  steam  annealing  after  oxidation  on  the  number  of  interface 
traps  near  the  interface  region  of  the  oxide  layer. 

Substrates  of  n-type  4H-SiC  were  cut  from  (11-20)  and  (1-100)  wafers  purchased  from  Nippon 
Steel  Co.  Ltd..  Epilayers  were  grown  on  the  substrates  at  1600°C  by  a  chemical  vapor  deposition 
(CVD)  method  [2].  After  CVD  growth,  pyrogenic  oxidation  was  carried  out  at  1100°C  for  1  hour  to 
make  gate  oxide  layers  of  about  50  nm  in  thickness.  At  the  final  stage  of  oxidation,  steam  annealing 
was  performed  at  850°C  for  3  hours.  After  these  processes,  gold  electrodes  of  0.50  mm  in  diameter 
were  formed  to  make  MOS  structures.  The  simultaneous  CV  characteristics  (SCL)  were  measured 
for  the  4H-SiC  MOS  structures  to  obtain  the  gate  voltage  corresponding  to  flat  band  condition  (Fft) 
and  the  energy  profile  of  interface  trap  density  (Dit)  near  the  conduction  band  edge.  The  CV  curve 
swept  rapidly  from  positive  to  negative  gate  voltage  side  was  also  measured  for  the  same  sample 
before  and  after  S CV  measurement  to  calculate  Nit. 

Figure  1  shows  the  CV  characteristics  of  a  MOS 
structure  formed  on  the  (11-20)  face  with  the  oxide 
layer  annealed  in  steam  at  850°C  for  3  hours.  The 
notations  Cft  and  indicate  the  capacitance  values 
corresponding  to  the  flat  band  condition  and  the  ledge 
of  the  high-frequency  CV  curve  swept  from  negative 
to  positive  gate  voltage  side,  respectively.  There  is  a 
split  near  the  accumulation  region  between  quasi¬ 
static  and  high-frequency  CV  curves.  This  indicates 
that  fairly  large  amount  of  interface  traps  exists  near 
the  conduction  band  edge.  The  difference  in  gate 
voltage  at  level  is  5.33  V.  The  value  before  the 
steam  annealing  was  10.1  V.  On  account  of  the 
difference  before  and  after  the  steam  annealing, 
interface  traps  with  deep  energy  levels  can  be 
concluded  to  disappear  significantly  by  the  steam 
annealing. 

[1] H.Yano,  T.Hirao,  T.Kimoto,  H.Matsunami,  K.Asano,  and  Y.Sugawara,  International  Conference 
on  Silicon  Carbide  and  Related  Materials  1999,  (  Abstract,  p311.) 

[2] K.Takahashi,  M.Uchida,  M.Kitabatake,  and  T.Uenoyama,  to  be  published  in  the  proceedings  of 
International  Conference  on  Silicon  Carbide  and  Related  Materials  1999. 
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Fig.l.  CV  characteristics  of  a  MOS  structure 
formed  on  the  (11-20)  face  with  the  oxide 
layer  annealed  in  steam  at  850°C  for  3  hours. 
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In  this  work,  the  shallow  traps  in  6-H  SiC  MOS  structures  are  studied  using  thermally  stimulated  current 
(TSC)  measurements.  A  TSC  method,  which  is  based  on  dc  measurements,  is  not  adversely  affected  by  increased 
series  resistance  due  to  the  carrier  freeze-out.  This  makes  it  suitable  for  the  investigation  of  trap  levels  in  the  near- 
bandgap  edge  region.  We  observed  TSC  peaks  associated  with  shallow  dopants  and  a  part  of  the  spectrum  associated 
with  interface  traps.  Radically  different  features  were  revealed  for  interface  states  near  the  conduction  band  edge  in  the 
n-type  SiC  and  the  valence  band  edge  in  the  p-type  SiC. 

MOS  capacitors  were  fabricated  on  commercially  available  Al-doped  and  N-doped  6H-SiC  epitaxial  layers 
grown  on  the  Si-face  of  SiC  substrates.  Thermal  oxidation  was  performed  at  temperatures  1100°C  and  1150°C  in  dry 
02  or  in  a  pyrogenic  steam.  TSC  measurements  were  performed  with  a  linear  heating  rate  of  0.2  K/s  in  the  temperature 
range  8-100  K.  Volume  and  surface  components  of  the  TSC  spectrum  were  identified  by  measurements  with  various 
charging  and  discharging  voltages.  In  addition  to  the  TSC  measurements,  the  MOS  structures  were  characterized  using 
the  displacement  current  versus  gate  voltage  measurements  with  a  linear  voltage  ramp  at  different  temperatures. 

TSC  measurements  of  the  n-type  samples  shown  in  Fig  1(a)  reveal  two  clearly  defined  peaks  and  tooth-shaped 
plateau,  which  arises  from  the  low-temperature  edge  of  the  spectrum  as  the  charging  voltage  increases.  The  spectrum 
reached  “saturation”,  when  the  charging  voltage  corresponds  to  sufficiently  strong  accumulation  at  the  surface.  When 
the  charging  voltage  corresponds  to  flatband  or  depletion  conditions  at  the  surface,  only  two  TSC  peaks  are  observed 
(Fig lb).  We  suggest  that  the  tooth-shaped  plateau  in  the  n-type  samples  is  due  to  interface  states  near  the  conduction 
band  edge,  whereas  the  above  peaks  are  associated  with  volume  traps,  in  particular,  with  nitrogen  in  the  hexagonal 
lattice  site  ( h )  and  cubic  ( kj ,  k2 )  sites.  The  systematic  shift  of  both  TSC  peaks  to  lower  temperatures  was  observed 
with  increasing  discharging  (detrapping)  voltage  indicating  that  the  emission  rate  from  both  centers  is  enhanced  by  the 
electric  field.  The  activation  energies  obtained  with  taking  into  account  the  Poole-Frenkel  effect  were  83  meV  and  126 
meV,  which  is  in  a  good  agreement  with  reported  ionization  energies  for  nitrogen  in  6H-SiC  in  the  Qi)  Si-site  and 
( kjk2 )  C-sites 

Measurements  on  the  p-type  samples  revealed  a  large  TSC  peak  at  temperature  about  70  K,  and  a  smooth 
hump  at  lower  temperatures  observed  only  when  the  SiC  surface  was  in  accumulation  during  cooling.  If  the  SiC 
surface  was  depleted  during  both  cooling  and  measurement,  only  one  TSC  peak  was  observed  indicating  that  this  peak 
is  caused  by  volume  traps.  The  energy  activation  obtained  from  the  initial  rise  of  the  peak  by  taking  into  account  of  the 
Pool-Frenkel  effect  was  190  meV,  that  is  in  a  reasonable  agreement  with  values  reported  in  the  literature  for  A1  in  6-H 
SiC.  We  find  that  a  smooth  hump,  which  is  observed  in  TSC  spectra  below  the  Al-related  peak  for  accumulation 
charging  voltages,  is  caused  by  interface  states. 

An  additional  interesting  result  of  this  work  is  the  radically  different  surface-related  TSC  spectrum,  observed 
at  temperatures  below  dopant-related  peaks,  namely,  the  tooth-shaped  spectrum  in  n-type  samples,  and  smooth, 
structureless  spectrum  in  p-type  samples,  variously  changing  with  charging  and  discharging  voltages.  This  suggests 
essentially  different  interface  trap  distributions  near  the  majority  carrier  band  edges  in  n-  and  p-type  SiC. 


Fig.l.  A  TSC  spectrum  of  the  n-type  sample  measured  (a)  for  various  charging  voltages,  (b)  when  charging  voltage 
corresponds  to  depletion.  The  insert  shows  the  surface-related  part  of  the  spectrum. 
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Hydrogen  is  a  fast  diffusing  species  in  semiconductors  and  it  may  be  mobile 
even  at  room  temperature  in  SiC.  However,  hydrogen  will  readily  form  complexes 
with  acceptor  and  donor  impurities  as  well  as  deep  level  defects.  Hence,  the 
formation  and  dissociation  temperature  of  these  complexes  are  crucial  for  the 
effective  hydrogen  mobility.  Since  hydrogen  is  extensively  used  in  device  processing 
the  stability  of  hydrogen-impurity  complexes  and  the  hydrogen  mobility  are  of  great 
concern  for  the  reliability  of  SiC  devices. 

In  this  contribution  we  have  studied  diffusion  and  trapping  of  deuterium  in 
nitrogen  doped  4H-SiC.  Epitaxially  grown  layers  are  used  and  hydrogen  is 
introduced  into  these  layers  from  a  gas  ambient  in  combination  with  a  catalytic  metal 
(Pt)  coating  [1],  Secondary  ion  mass  spectrometry  (SIMS)  is  used  to  determine 
concentration  versus  depth  profiles.  Deuterium  (2H)  is  employed  instead  of  ordinary 
hydrogen  ('H)  to  increase  the  sensitivity  of  SIMS  measurements.  The  electrical 
activity  of  shallow  dopants  is  obtained  from  capacitance-voltage  (CV) 
measurements.  The  samples  are  heat  treated  at  temperatures  between  400  and  700°C 
for  4  to  64  h. 

Fig.  1  shows  deuterium  concentration  versus  depth  profiles  in  a  layer  doped 
with  5xl015  N/cm3.  A  substantial  incorporation  of  deuterium  is  revealed  where  the 
nitrogen  dopants  may  act  as  trapping  centers.  The  shape  of  the  curves  can  be 
explained  in  terms  of  formation  and  dissociation  of  a  hydrogen  -  impurity  complex. 
Comparison  will  be  made  with  numerical  and  analytical  calculations  of  the  reaction 
kinetics  assuming  a  single  trap  model. 

1017 

Fig.  1.  SIMS  measurements  of 
the  deuterium  concentration  , — - 
versus  depth  in  n-type  (5xl015  ‘g  ^16 
cm-3)  4H-SiC.  The  samples  were  ^ 
annealed  in  a  deuterium  and  j? 
nitrogen  ambient  during  14  h  at 
400,  500  and  600  °C,  respec¬ 
tively.  All  samples  were  coated  1015 
with  200  A  Pt. 
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[1]  M.K.  Linnarsson,  A.  Lloyd-Spetz,  M.S.  Janson  et.  al.,  ICSCRM’99. 
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The  Binary  Collision  Approximation  (BCA)  [1]  has  been  successfully  applied  to  the  simulation  of  the  ion 
implantation  process  in  several  crystalline  materials  that  include  also  the  SiC  polytype  since  the  1996.  The  first  [2] 
Monte  Carlo  BCA  (MC-BCA)  computation  applied  to  SiC  simulated  the  doping  profiles  in  6H-SiC  implanted  at  low 
ion  fluence.  In  that  work  the  deep  doping  tails  measured  in  the  crystalline  substrates  were  simulated  as  due  to  the 
channeling  phenomena  dependent  on  the  tilt  and  twist  implantation  angles.  In  1997  and  1999  the  MC-BCA 
computation  was  applied  for  the  simulation  of  damage  accumulation  in  SiC  versus  ion  fluence:  experimental  data 
concerning  the  absolute  number  of  displaced  atoms  as  well  as  the  density  variation  of  the  damaged  crystal  were 
reproduced  for  6H-SiC  [3,4]. 

This  work  presents  the  use  of  the  MC-BCA  computation  for  the  simulation  of  the  doping  profiles  versus  increasing 
ion  fluence  values  in  a  range  that  goes  from  very  low  damage  level  to  the  production  of  an  amorphous  layer.  The 
simulation  accounts  for  both  the  projected  range  shift  and  the  channeling  tail  reduction  as  far  as  the  damage 
increases.  Fig.  l(a,  b)  show  the  damage  and  doping  simulated  profiles  overlapped  to  the  corresponding  experimental 
ones  that  were  measured,  respectively,  by  Rutherford  Back-Scattering  in  channeling  geometry  and  Secondary  Ion 
Mass  spectrometry.  The  data  reported  in  Fig.  1  referee  to  0.5  MeV  Al+  implanted  in  <000 1>  on-axis  6H-SiC  wafers 
at  RT  with  the  <0001>  axis  8°  tilted  within  the  (10-10)  plane  and  with  the  (10-10)  plane  22°  twisted  around  the 
<000 1>  axis. 


AI+  500  keV  in  6H-SIC.  300  K 


[1]  M.T.  Robinson  and  I.M.  Torrens,  Phys.  Rev.  B  9  (1974)  5008. 
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There  are  two  major  reasons  to  study  the  effects  of  high  dose  implantation  in  SiC.  First,  the 
production  of  low-resistivity,  p-type  layers  requires  high  acceptor  concentrations  which  are  far 
above  the  equilibrium  solubility.  It  is  essential  to  know  the  critical  acceptor  concentration  for 
thermally  stable,  homogeneously  doped  SiC.  On  the  other  hand,  there  is  a  lack  of  information 
about  the  precipitation  of  new  phases  in  SiC,  their  properties  and  influence  on  the  SiC  matrix. 
Such  information  is  needed  for  the  assessment  whether  insulating  or  conductive  layers  with  device 
quality  can  be  formed  in  SiC  by  ion  beam  synthesis.  Two  examples  of  high  dose  implantation  in 
6H-SiC  are  presented. 

In  the  first  example  high  doses  of  350  keV  AT  ions  were  implanted  in  6H-SiC  single  crystals  at 
temperatures  between  400°C  and  800°C  in  order  to  preserve  the  crystallinity  of  the  SiC  matrix. 
The  phase  formation  was  studied  by  TEM,  SIMS  and  AES.  A  critical  A1  concentration  of  about 
10  at%  was  found  below  that  the  6H-SiC  structure  remains  stable  during  implantation  at  500°C. 
The  A1  atoms  occupy  preferentially  Si  sites  in  the  SiC  lattice.  At  higher  A1  concentrations  the  SiC 
matrix  is  decomposed  and  precipitates  of  Si  and  A14C3  are  formed.  It  was  found  that  the  A14C3 
precipitates  have  a  perfect  epitaxial  orientation  to  the  SiC  matrix.  The  phase  transformation  is 
accompanied  by  atomic  redistribution  and  strong  volume  swelling.  The  observed  atomic  depth 
profiles  can  be  accounted  for  by  a  a  simple  chemical  reaction  model.  Implantation  at  800°C  leads 
to  the  formation  of  Si  and  A1  precipitates  accompanied  by  a  dramatic  volume  swelling  which 
results  in  surface  cracking  and  material  outflow.  Post-implantation  annealing  above  1500°C 
severely  deteriorates  the  SiC  matrix  by  local  melting  of  A1  and  Si  precipitates. 

In  the  second  example  the  evolution  of  the  binary  system  C  SiC  was  studied  as  function  of 
implantation  temperature.  MO18  cm"2,  60  keV  carbon  ions  were  implanted  into  single  crystalline 
6H  silicon  carbide  (SiC)  at  elevated  temperatures.  The  formation  of  carbon  phases  in  the 
crystalline  SiC  lattice  was  investigated  by  cross  sectional  transmission  electron  microscopy.  An 
amorphous,  carbon  rich  phase  was  produced  at  300°C.  Precipitates  of  graphite  were  obtained  at 
600°C,  whereas  at  900°C  small  diamond  grains  were  produced.  These  grains  are  in  perfect 
epitaxial  relation  with  the  surrounding  SiC  lattice.  The  mechanism  of  ion  beam  synthesis  of 
diamond  in  SiC  is  not  quite  clear.  It  can  be  assumed  that  the  tetrahedrally  coordinated  SiC  lattice, 
which  is  preserved  during  the  high  temperature  implantation,  acts  as  a  template  for  the  growth 
of  diamond.  In  addition,  local  nonequilibrium  conditions  in  the  ion  cascades  (thermal  spikes, 
shock  waves)  or  temporary  stress  on  interstitially  incorporated  carbon  atoms  by  the  surrounding 
SiC  lattice  could  contribute  to  diamond  nucleation. 
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Silicon  carbide  (SiC)  is  currently  being  explored  as  a  promising  material  for  high- 
temperature  and  high-power  device  applications.  For  p-type  doping,  beryllium  (Be) 
implantation  in  SiC  has  advantages  such  as  high  ion  ranges  and  low  damage  accumulation 
in  the  crystal.  However,  there  have  been  few  studies  on  Be  doped  SiC.  Recently,  we 
reported  on  structural  and  electrical  properties  of  Be  implanted  SiC  [1,2].  In  this  work, 
diffusion  of  Be  in  SiC  is  investigated  by  secondary  ion  mass  spectrometry  (SIMS). 

To  obtain  a  box-shaped  profile,  multiple  energy  9Be*  implantation  was  performed  in  6H- 
SiC  epitaxial  layers  from  Cree  Research  at  room  temperature.  Post-implantation  rapid 
thermal  annealing  was  conducted  in  flowing  Ar  gas  at  temperatures  up  to  1700  °C.  Be  depth 
profiles  were  analyzed  by  SIMS  using  a  CAMECA-ims-4f  instrument. 

Strong  Be  redistributions  were  found  after  annealing  at  temperatures  above  1300  °C.  In 
particular,  the  heat  treatment  caused  out-diffusion  into  the  annealing  ambient.  In-diffusion 
into  the  bulk  of  the  material  and  trapping  at  defects  were  also  observed  (see  Fig.).  Effective 
diffusion  coefficients  were  determined  in  bulk  crystals  applying  a  simple  model.  Considering 
further  results  obtained  from  C/Be  and  Si/Be  co-implanted  material,  respectively,  an 
interstitial-mediated  diffusion  model  is  proposed. 


o  3  6  9  12  15 

Depth  (pm) 


1.  T.  Henkel,  Y.  Tanaka,  N.  Kobayashi,  H.  Tanoue,  M.  Gong,  X.D.  Chen,  S.  Fung,  and  C.D.  Beling, 
Mat.  Res.  Soc.  Symp.  Proc.  572, 117  (1999). 

2.  T.  Henkel,  Y.  Tanaka,  N.  Kobayashi,  S.  Nishizawa,  and  S.  Hishita,  Proc.  11th  Internat.  Conf.  on 

Silicon  Carbide  and  Related  Materials  (ICSCRM’99),  1999,  NC  (in  print). 


-87- 


MoP-72 


High  Electrical  Activation  of  Aluminium  and  Nitrogen  Implanted  in 
6H-SiC  at  Room  Temperature,  by  RF  Annealing 

M.  LAZAR.  M.L.  LOCATELLI,  C.  RAYNAUD,  D.  PLANSON,  L.  OTTAVIANI, 

E.  MORVAN’,  P.  GODIGNON*,  J.P.  CHANTE 

CEGELY  (UMR  CNRS  n°5005),  Bat.  401,  INSA  de  Lyon,  20,  Av.  A.  Einstein,  F-69621  Villeurbanne  Cedex  FRANCE 
Fax:  (33)  (0)4  72  43  85  30,  Tel:  (33)  (0)4  72  43  82  38,  E-mail:  lazar@cegely.insa-lyon.fr 
’Centro  Nacional  de  Microelectronica  (CSIC)  Campus  UAB,  08193  Bellaterra,  SPAIN 

Ion  implantation  in  SiC,  an  indispensable  technique  for  the  p-n  junction  creation,  due  to  very  weak 
dopant  diffusion  coefficients,  generates  an  important  density  of  defects  which  involve  high 
temperature  annealing  and  particular  conditions  of  ramp  temperature  and  environment  partial  pressure. 
High  temperature  and  energy  ion  implantations,  were  used  to  reduce  the  material  damage,  however 
these  implant  conditions  remain  not  interesting  in  an  immediate  perspective  of  industrial  applications. 
We  present  room  temperature  (RT)  aluminium  (Al)  and  nitrogen  (N)  ion  implanted  and  rf-annealed 
samples  with  viable  physico-chemical  and  electrical  properties. 

Al  RT  implantations  were  carried  out  in  6H-SiC  Cree  Research  n-type  epitaxial  layers 
(3xl015cm'2)  with  energies  ranging  from  25  to  300  keV  and  100  to  400  keV  with  a  total  dose  of 
1. 75x1 015cm‘2  and  lxlOI5cm'2  respectively.  A  thin  aluminium  mask  (1500A)  was  used  for  the  second 
implant  series  to  avoid  the  channelling  of  Al  ions,  a  major  effect  in  6H-SiC.  Nitrogen  was  implanted 
with  energies  ranging  from  30  to  190  keV  and  a  lxlO13  cm'2  total  dose,  following  an  Al  350  keV  high 
dose  implantation  to  realise  a  n-p  junction  in  surface.  The  samples  were  annealed  at  1700°C  during  30 
mn  in  argon  atmosphere  and  silicon  carbide  partial  pressure,  in  a  rf-heating  furnace. 

To  understand  the  dopant  profile  distribution,  CNM  Monte-Carlo  simulations  were  carried  out  as 

well  as  SIMS  (Secondary  Ion  Mass  Spectroscopy)  analyses 
before  and  after  rf-annealing  (Fig.l).  We  remark  a  good 
agreement  between  simulation  and  the  SIMS  before 
annealing.  Moreover  the  CNM  Monte-Carlo  simulation 
allows  us  to  quantify  the  point  defects  generation,  their 
effects  in  impurity  distribution  after  annealing. 


Figl.  CNM  Monte-Carlo  simulation  and  SIMS 
analysis  for  the  100  to  400  keV  Al-implanted  layer 

SIMS  profiles  after  annealing  are  not  flat,  Al  dopant  peaks  are  formed  in  high  defect  concentration 
zones  due  to  the  formation  of  an  amorphous  layer.  We  notice  a  lack  of  dopant  loosing  after  annealing. 

Residual  damage  before  and  after  annealing,  SiC  recrystallisation  were  evaluated  by  RBS/C 
(Rutherford  Backscattering  Spectrometry  in  the  Channelling  mode)  technique.  RBS/C  analyses 
confirm  the  presence  of  an  amorphous  layer  up  to  the  surface  in  the  implanted  samples,  despite  that, 
after  rf-annealing  a  satisfactory  recrystallisation  is  found.  A  good  surface  stoichiometry  is  obtained  by 
XPS  (X-Ray  Photoelectron  Spectroscopy)  after  annealing  but  AFM  (Atomic  Force  Microscope) 
surface  measurements  reveal  a  relatively  high  rms  roughness  (14  nm)  on  annealed  samples  (Fig.2). 

Sheet  resistance  measurements  by  a  four  point  probe  technique  on  Al  and  N  implanted  and  rf- 
annealed  samples  prove  a  high  electrical  dopant  activation  for  RT  implanted  samples,  in  terms  of  Al 
and  N  incorporation  in  SiC  lattice  sites  (Si  and  C  respectively).  For  Al-implanted  samples  a  19  kQ/a 
sheet  resistance  at  300K  was  found  which  corresponds  to  50%  electrical  dopant  activation.  Better 
results  are  found  for  N-implanted  samples:  6.7  kQ/o sheet  resistance  and  100%  electrical  dopant 


Fig2.  AFM  measurements  on  a  RT 
Al-implanted  and  1700°C  30  mn 
rf-annealed  sample.  Edge  length  of 
image  correspond  to  19  pm. 


Fig3.  Sheet  resistance 
measurements  at  300K 
on  a  RT  N-implanted 
layer 
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Owing  to  its  high  stiffness  and  mechanical  strength,  extreme  chemical  inertness,  together  with 
its  wide  bandgap  (allowing  stable  electronic  properties  at  high  temperatures  and  high 
radiation  resistance),  SiC  is  a  very  promising  material  for  the  development  of  Micro-Electro- 
Mechanical-Systems  (MEMS)  for  harsh  environment  conditions,  including  chemically  or 
physically  aggressive  ambient.  However,  the  development  of  SiC  based  technologies  is 
compromised  by  the  availability  of  bulk  single  crystal  wafers:  although  bulk  single  crystal 
wafers  are  already  commercially  available,  they  have  a  relatively  poor  structural  quality  and 
their  price  is  still  too  high.  Epitaxial  SiC  layers  can  also  be  grown  on  Si  substrates,  but  this 
requires  the  use  of  expensive  dedicated  Molecular  Beam  Epitaxy  (MBE)  or  Chemical  V apour 
Deposition  (CVD)  Systems,  and  the  quality  still  strongly  requires  to  be  improved  (voids, 
micropipes,  density  of  dislocations...).  High  temperature  carbon  ion  implantation  into  Silicon 
has  been  proved  as  a  suitable  technique  to  produce  high  crystalline  quality  cubic  SiC  ((3-SiC) 
layers  with  extremely  low  level  of  residual  stress.  On  the  other  hand,  local  doping  of  SiC  still 
remains  a  critical  issue.  Due  to  the  extremely  slow  diffusion  of  the  impurities  in  SiC,  doping 
has  to  be  performed  by  ion  implantation,  and  very  high  annealing  temperatures  are  usually 
required  to  achieve  activation  levels  suitable  for  device  application.  Moreover,  annealing  of 
radiation  damage  is  much  more  difficult  in  SiC  than  in  Si.  Therefore,  reducing  radiation 
damage  caused  by  ion  implantation  is  a  key  problem  in  SiC  processing, 

According  to  this,  this  work  will  present  structural  and  electrical  characterisation  results  of 
ion  beam  synthesised  SiC  layers,  n-doped  by  N  ion  implantation.  The  SiC  structures  were 
obtained  by  high  dose  multiple  carbon  ion  implantation.  The  implantation  conditions  were 
selected  to  obtain  a  flat  carbon  profile  with  stoichiometric  SiC  composition  within  the 
implanted  layer.  The  C  implants  were  performed  at  500°C  in  order  to  avoid  amorphization. 
These  layers  were  then  n-doped  by  fourfold  N  implantation  to  form  a  box-like  doped  region 
with  plateau  concentrations  between  5xl019cm3  and  5xl020cm3,  and  performed  at  400  C  to 
reduce  the  implantation-induced  damage  level.  The  N  implantation  is  carried  out  either  into 
the  as-C-implanted  layer  or  into  the  C-implanted  layer  after  intermediate  annealing  at  1100°C, 
6h.  The  post  implantation  annealing  was  earned  out  in  Ar  ambient  in  the  first  case  at  1100  C, 
6h  and  in  the  second  case  in  the  temperature  range  between  1000°C  and  1200°C,  lOmin. 

The  depth  distribution  of  C  and  N  were  measured  by  SIMS.  The  microstructure  was  analysed 
by  XTEM,  XRD,  and  FTIR.  The  electrical  properties  were  investigated  by  resistivity  and  Hall 
effect  measurements  as  well  as  by  Spreading  Resistance  measurements 

ACKNOWLEDGEMENTS 

The  multiple  C  implantations  were  performed  at  the  AIM-Center  for  Application  of  Ion 
Beams  in  Materials  Research,  in  the  Forschungzentrum  Rossendorf,  under  the  ’’Access  to 
Large-Scale  Facilities"  programme  of  the  European  Union.  This  work  has  been  partially 
funded  by  the  “Direccio  General  de  Recerca”  from  “Generalitat  de  Catalunya”  through  the 
project  ITT-CTP98-4  (“Programa  de  Projectes  de  Cooperacio  en  Materia  dTnnovacio  i  de 
Transference  Tecnologica-  Comunitat  de  Treball  dels  Pirineus). 


-89- 


MoP-74 


Abstract  for  ECSCRM2000,  Sept.  3-7,  2000,  Kloster  Ranz,  Germany 


Structural,  electrical  and  optical  properties  of  high  dose  4H-SiC 
A!  ion  implanted  p-n  junctions. 

E^,  Kalinina,  G.  Kholujanov.  V.  Soloviev.  A.  SlreFchuk.  A.  Zubrilov,  Ioffe  Institute , 

St.  Petersburg,  194021  Russia.  Fax/Tel:  ~  '(812)  24 / -6425,  e-mail:  EVK@pop.ioffe.rssi.ru: 
V.  Kossov,  R.  Yafaev.  Electron  Optronic. ,  St.  Petersburg.  194223.  Russia ;  A.  Kovarskii. 
A.  Shchukarev,  **  Mekhanobr-AnalyF'  Centre,  St.  Petersburg.  199026 ,  A.  Hallen. 

of  Techn.,  Dept,  of  Electronics ,  Electrum  229 \  SE  164  40  Kista,  Sweden ;  A. 
Konstantinov,  S.  Karlsson  Acreo,  Electrum  233,  SE  164  40  Kista,  Sweden ;  S.  Rendakova. 
V.  Dmitriev,  TDI,  Inc.,  Gaithersburg,  20877  MD. 


In  order  to  realize  full  benefits  of  SiC  material  for  high-power  applications,  reduction  of 
defect  densities  in  SiC  epitaxial  materials  is  required.  Another  problem  for  SiC  device 
fabrication  is  the  high  resistivity  of  the  p-material  since  the  acceptor  concentration  is  limited 
by  the  solubility  in  SiC.  However  nonequilibrium  doping  by  ion  implantation  (ID)  with 
subsequent  thermal  anneal  allows  one  to  produce  low-resistive  p-layers.  We  report  here  on 
electrical  and  optical  characteristics  of  p"-n-n+  structures  formed  by  aluminum  ID  of  4H-SiC 
epitaxial  layers. 

Initial  substrates  were  4H-SiC  8°  off-axis  commercial  wafers  with  Si  face  polished, 
concentration  Nd-Na=10i}  cmJ  and  the  micropipe  density  less  than  100  cm"2.  A  micropipe 
filling  process  was  performed  on  one  wafer,  reducing  the  micropipe  density  down  to  5  cm’2. 
Epitaxial  layers,  25  pm  thick,  with  concentration  Nd-Na  =  (3-5)xl015  cm-3  were  grown  on 
both  wafers  in  the  same  epitaxial  run  by  chemical  vapor  deposition  method  (CVD).  Ion 
doping  with  A1  was  performed  at  ion  energy  of  150  keV  and  a  dose  of  5x1 016  cm’2  followed 
by  rapid  thermal  anneal  at  1700°C.  Ohmic  contacts  to  n-  and  p-SiC  were  produced  by 
vacuum  thermal  evaporation  of  Cr  and  Al,  respectively.  Mesa  diodes  were  formed  by 
reactive  ion  etching. 

Structural  perfection  of  the  ID  layers  before  and  after  anneal  was  investigated  by  reflection 
high  energy  electron  diffraction  and  x-ray  diffraction  methods.  Al  distribution  profiles  across 
the  n-layers  after  ID  and  anneal  runs  were  measured  using  secondary  ion  mass  spectrometry. 
Thickness  of  the  CVD  epitaxial  layers  and  position  of  the  ID  p^-n  junctions  in  the  structures 
were  determined  by  scanning  electron  microscopy  using  electron  beam  induced  current 
(EBIC)  and  back  scattered  electron  modes.  Diffusion  length  of  minority  carriers,  Lp,  in  the 
epitaxial  n-layers  near  the  p^-n  junctions  were  determined  using  standard  processing  of  the 
EBIC  signal.  Capacitance- voltage  characteristics  were  measured  at  a  frequency  of  10  kHz. 
Forward  current- voltage  characteristics  were  measured  in  a  temperature  range  290-780  K 
under  dc  conditions  at  current  densities  up  to  150  A  cm’2  and  with  the  use  of  8  ps  pulses  at 
higher  currents.  Electroluminescence  distribution  over  the  p+-n  junction  area  and  spectra  at 
various  excitation  levels  were  studied. 

It  has  been  shown  that  rapid  thermal  anneal  improves  structural  perfection  of  the  CVD 
layers.  It  is  also  produces  a  low-resistive  monocrystalline  p+-layers  after  Al  ion  doping.  The 
high  dose  ID  made  it  possible  to  obtain  both  (1)  low-resistive  contacts  and  (2)  built-in 
potential  Uc  of  the  pn  junction  close  to  the  theoretical  values.  The  micropipe  filling  process 
leads  to  reproducible  and  repeatable  electrical  characteristics  of  the  formed  pn  junction.  ID 
p  -n  junctions  with  dynamic  resistance  of  3x1  O’3  Q  cm’2  at  room  temperature  and  forward 
current  density  of  3x1 03  A  cm'2  at  12  V  were  obtained. 

This  work  was  supported  by  INTAS  project  Ms  97  -  2141.  Work  at  TDI.  Inc.  was  supported 
by  BMDO  and  managed  by  ONR. 
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In  this  paper  Super-junction  structures  (SJS)  [1],  which  realise  very  low  Ron  for  a  given  Vbr  (for 
example  CoolMOS™  [2])  are  studied  and  comparisons  made  between  4H-SiC  and  Si.  A  primary  theory  of  on- 
resistance  (Ron)  of  SJS  shows  that  it  is  proportional  to  pillar  width  (w)[l,  3].  However,  Ron  saturates  at  narrow 
w  due  to  depletion  (width  (wdO))  caused  by  the  built-in  potential  (Vbi)  [4]. 

Since  wide  band-gap  semiconductors  like  4H-SiC  have  larger  Vbi  than  Si,  it  is  expected  that  Ron  will 
deviate  from  the  primary  theory  more  than  Si.  In  this  paper  equations  of  the  breakdown  voltage(Vbr)  (Equ.l) 
and  Ron  (Equ.2)  are  derived  as  functions  of  pillar  depth  (d),  w,  pillar  doping  concentration  (N),  charge 
imbalance  error  (e)  between  n-  and  p-pillar,  critical  electric  field  (Ec),  permitivity  (£s),  Vbi  and  a  a  parameter 
which  varies  from  1  to  V2  depending  on  device  structure.  These  simplified  equations  are  shown  to  agree  with 
TCAD  simulation  results. 
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Based  on  Equ.l  and  Equ.2  the  relationship  between  Ron  and  Vbr  is  obtained.  Fig.l  and  Fig.2  show,  for 
4H-SiC  and  Si  respectively,  that  Ron  increases  with  higher  charge  imbalance  and  becomes  more  significant  at 
higher  Vbr,  and  Ron  of  SiC  is  affected  less  than  Si.  One  of  the  material  characteristics  of  wide  band-gap 
semiconductors  is  the  incomplete  ionisation  of  dopants  (INC)  due  to  high  activation  energy.  It  is  found  that  INC 
does  not  affect  Vbr,  since  the  dopants  are  fully  ionised  in  the  space  charge  region,  but  it  does  affect  Ron  due  to 


reduced  carrier  density. 

For  a  given  w  there  are  critical  maximum  and  minimum  pillar  doping  concentrations.  The  ratio  of  these 
gives  a  design  margin  for  pillar  doping  concentration,  as  represented  by  Equ.3. 

Nmargm=^  =  ^  (Equ.3) 

5  N  min  Vbi 

Comparing  4H-SiC  and  Si  using  Equ.3  shows  that  4H-SiC  has  3.3  times  higher  margin  than  Si.  It  is 
therefore  clear  that  SiC  is  well  suited  to  SJS  based  devices  in  the  voltage  range  2kV  to  lOkV. 
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Fig.l  Ron  vs.  Vbr,  at  300K  (4H-SiC) 


Fig.2  Ron  vs.  Vbr,  at  300K  (Si) 
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The  effects  of  H2  annealing  on  the  electrical  performance  of  high  breakdown  voltage  Ni/4H-SiC 
Schottky  diodes  were  studied.  The  low  doped  epitaxial  layers  were  obtained  by  two  different 
techniques,  the  hot  wall  chemical  vapor  deposition  (Hot  wall-CVD)  and  high  temperature 
chemical  vapor  deposition  (Chimney-CVD).  The  layer  thickness  and  doping  were  35  jam  and  2  x 
1015  cm'3  for  hot-wall  CVD  grown  layer  and  43  jam  with  3-7  x  1014  cm"3  for  Chimney  CVD.  The 
breakdown  voltage  measured  on  the  Schottky  diode  fabricated  using  hot-wall  CVD  layer  was 
3.56  kV,  while  it  was  3.85  kV  for  the  chimney  CVD.  The  diodes  were  then  annealed  in 
Ar+2%H2  at  300  and  400  °C  for  10  minutes  each.  The  effects  on  the  electrical  performance  were 
studied  before  and  after  each  annealing  step. 

The  measurements  performed  on  Hot-wall  CVD  grown  sample  showed  an  increase  in  the  forward 
current  from  55  mA  to  100  mA  at  a  constant  bias  of  2.5  V,  this  can  be  seen  in  Fig. la.  This 
increase  in  the  current  was  observed  after  the  first  annealing  at  300  °C,  while  no  further 
improvement  was  observed  after  annealing  at  400  °C.  In  the  reverse  direction  the  leakage  current 
at  -500  V  before  annealing  was  3.5  x  10"9  A,  while  after  annealing  at  300  °C  the  leakage  current 
was  reduced  to  4.8  x  10‘10  A  for  the  same  bias  voltage  and  this  is  shown  in  Fig.  lb.  No  further 
improvement  was  observed  for  further  annealing  at  400  °C.  The  barrier  heights  as  measured  by 
capacitance- voltage  technique  were  increased  for  all  the  diodes  by  at  least  0.2  eV.  Similar  results 
were  obtained  for  Chimney  CVD  sample.  The  physical  mechanism  accounting  for  this 
improvement  could  be  that  the  H-atoms  penetrate  during  the  annealing  to  the  metal- 
semiconductor  interface  and  saturate  the  dangling  bonds  and  thus  occupy  the  interface  states.  This 
indicates  that  the  interface  state  density  in  the  Schottky  diode  is  primarily  due  to  dangling  bonds 
and  is  not  like  the  metal  oxide  semiconductor  (MOS)  structure  where  the  interface  state  density 
reduction  was  not  observed  due  to  H  annealing.  Hydrogen  in  the  epilayer  may  also  form  stable  H- 
impurity  complex  (like  H-B),  which  may  result  in  an  increase  of  the  effective  doping  near  the 
interface  region  and  thus  increase  in  the  forward  current.  If  B  or  other  deep  level  defects 
participate  in  the  carrier  generation  the  formation  of  H-impurity  complex  may  decrease  the 
reverse  current  as  well. 


Annealing  effect  on  forward  IV 


forward  voltage  [V] 


Fig.  1  Current- Voltage  plot  of  Ni/4H-SiC  Schottky  diodes  showing  effects  of  H2  annealing  on  (a)  forward 
characteristics,  (b)  in  reverse  direction 
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Specially  designed  Zener  diodes  operating  in  reverse  bias  under  avalanche  or  tunneling  breakdown 
conditions  [1]  are  widely  used  for  voltage  regulation  and  transient  voltage  suppression.  Currently,  Zener 
diodes  with  breakdown  voltages  from  about  4  volts  to  several  hundred  volts  are  commercially  available 
[2].  The  advantage  of  silicon  carbide  (SiC)  as  a  semiconductor  for  use  in  Zener  diodes  is  based  on  its 
fundamental  properties.  Due  to  the  higher  breakdown  field,  SiC  Zener  diodes  shall  have  lower  dynamic 
impedance  and  lower  leakage  current  comparing  with  silicon  diodes  designed  for  the  same  Zener  voltage 
and  pulse  power.  The  capability  to  operate  at  elevated  temperature  and  excellent  thermal  conductivity  of 

SiC  shall  allow  to  fabricate  SiC  Zener  diodes  handling 
higher  current  density  and  thus  working  at  higher  pulsed 
power  or  having  smaller  area  and  capacitance  values 
comparing  with  conventional  diodes. 

This  paper  reports  on  the  fabrication  and  electrical 
characterization  of  4//-SiC  Zener  diodes  having  avalanche 
breakdown  voltages  in  the  range  of  260-295  V. 

4/f-SiC  p  -n-n  epitaxial  wafers  purchased  from  Cree. 
Inc.  were  used  to  fabricate  the  diodes  with  different  mesa 
structure  areas  from  1.26x10°  to  3.14xl0‘4cm2.  The  diodes 
had  series  resistance  lower  than  4  Q  and  capacities  varying 
from  16  to  1.5  pF  depending  on  the  area  of  mesa  structure. 
They  revealed  stable  operation  under  avalanche  breakdown 
conditions.  Figure  1  shows  the  I-V  characteristics  of  the 
47/-SiC  diode  having  breakdown  voltage  270  V  and 
operating  at  current  30  mA,  corresponding  to  a  power 
value  of  8  W.  The  diodes  with  highest  capacitance  of  1 6  pF 
had  a  dynamic  impedance  value  of  1 70  Q  at  avalanche  test 
current  of  2  mA.  The  leakage  current  of  the  diodes  was 
directly  proportional  to  the  length  of  diode  mesa  structure 
periphery.  Moreover,  it  did  not  exceed  50  nA  at  reverse 
voltage  of  250  V  (see  Figure  2.).  The  temperature 
coefficient  of  avalanche  breakdown  voltage  (f3)  was 
measured  for  these  diodes.  It  was  found  equal  to  about 
3xlO'4K'1  appreciably  lower  than  lOxlO^K'1  -  the  typical  value  for  silicon  pn  junctions  with  the  same 
breakdown  voltage  [3].  The  relatively  low  f3  value  in  4//-SiC  p  -n  junction  shall  lead  to  higher  thermal 
stability  of  SiC  Zener  diodes.  Capability  of  these  diodes  to  operate  under  pulsed  power  was  investigated 
also.  They  were  found  to  be  capable  to  operate  at  300  W  power  conditions  for  100  ns  pulse  duration. 
These  investigations  are  under  way.  Detailed  description  of  diode  processing  and  measurement 
techniques  as  well  as  discussion  of  the  results  of  electrical  characterization  will  be  given  in  the  report. 

This  work  was  supported  by  INTAS  -  CNES  97-1386  and  NATO  SfP  971879  grants. 
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Fig.  1.  I-V  characteristics  of  4H-SiC  p  -n-n 
diode  with  mesa  structure  area  of  7.9xJ0  ° cm' . 


Reverse  voltage,  V 

Fig.  2.  Leakage  currents  of  4H-SiC  p  -n-n 
diode  with  different  areas  of  mesa  structure. 
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High  voltage  switches  suitable  for  integration  with  low-voltage  logic  gates  form  a  basic  building 
block  for  power  integrated  circuits.  In  order  to  achieve  a  high  blocking  voltage  with  low  on-resistance* 
RESURF(REduced  SURface  Field)  technique  is  widely  used  in  designing  lateral  devices  in  silicon  We 
have  reported  lateral  RESURF  MOSFETs[l,2]  in  4H-SiC  that  can  block  900V-1200V  with  a  specific  on- 
resistance  ranging  from  0.5fi-cm~-4Q-cnr.  In  this  work,  we  show  simulation  and  experimental  results 
which  confirm  that  the  oxide  below  the  gate  is  stressed  under  high  voltage  conditions  and  the  maximum 
RESURF  dose  is  limited  by  the  oxide  breakdown  and  not  the  breakdown  in  the  semiconductor.  We  also 
suggest  a  possible  solution  that  reduces  the  peak  surface  electric  field  and  allows  higher  doping  in  the 
RESURF  region. 

The  schematic  cross-section  of  the  device  is  shown  in  Fig.l.  The  RESURF  region  was  implanted 
with  nitrogen  having  a  dose  of  lel3  cm'2  and  5el3  cm'2  .  Since  the  annealing  is  done  at  1200°C,  the 
implant  activation  in  these  devices  is  expected  to  be  low  (-10-20%).  Devices  with  low  RESURF  dose, 
thin  gate  oxides(200nm)  or  high  RESURF  dose,  thick  gate  oxides(900nm)  blocked  high  voltages(900- 
1200V)  but  all  devices  with  thin  gate  oxides  and  high  RESURF  dose  had  problems  of  gate  rupturing  at 
very  low  voltage(100-200V).  The  electric  field  profile  simulated  for  different  RESURF  doses,  oxide 
thickness  and  field  plate  structures  indicate  that  breakdown  voltages  above  1000V  can  be  achieved  with 
thin  gate  oxides  only  if  a  lighter  doping  is  used  in  the  RESURF  region.  This  increases  the  on-resistance  of 
the  device  because  of  the  high  RESURF  region  resistance,  especially  if  the  breakdown  voltage  is  scaled  to 
higher  values.  This  can  be  overcome  by  having  two  RESURJF  regions  with  a  lightly  doped  region  below 
the  gate  and  heavily  doped  region  adjacent  to  the  drain  region.  Fig2  shows  the  simulated  breakdown 
voltage  and  peak  surface  field  for  two  cases.  For  reasonable  surface  electric  field  (<1.5MV/cm)  in  the 


2  4  6  a  10  12 

RESURF  Dose{x10”cm-5) 


Fig-2  :  Breakdown  Voltage  and  peak  surface  field 
in  the  device  for  single  zone  and  two-zone 

semiconductor,  the  RESURF  dose  in  the  single  zone  device  can  not  exceed  6-7el2  cm'2  while  if  two 
zones  are  used,  the  second  zone  can  have  a  dose  as  high  as  1.2-1.3el3  cm'2  without  having  the  problem  of 
high  surface  field.  Detailed  analysis  of  the  two-zone  device  along  with  experimental  results  of  the  single¬ 
zone  device  will  be  presented  at  the  conference. 
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Fig.l  :  Cross-section  of  lateral  RESURF  MOSFET 
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Silicon  carbide  is  recently  earning  interest  as  a  material  for  ionizing  radiation  detection  because 
of  high  operating  temperature  capability  and  radiation  damage  resistance  [1].  This  work  is  aimed  at 
investigating  the  charge  collection  properties  and  the  effect  of  the  intrinsic  defects  in  Schottky 
detectors  fabricated  on  4H-SiC  epitaxial  layers.  A  description  of  the  device  fabrication  process  can 
be  found  in  [2]. 

The  charge  collection  efficiency  (CCE)  of  such  detectors  has  been  measured  at  and  above 
(80. °C)  room  temperature  as  a  function  of  the  applied  reverse  bias  Vbin  the  range  0-100  V,  for  5.48 
MeV  a  and  2  MeV  He+  particles.  CCE  reaches  100%  when  the  depleted  region  entirely  contains  the 
particle  generation  track,  as  happens  in  the  He+  case  already  at  Vb  =  40V,  and  is  lower  than  100% 
when  the  generation  track  reaches  higher  depths  (80%  at  Vb=100  Volt  for  a  particles).  For  both 
particles,  the  CCE  values  largely  exceed  those  predicted  by  assuming  full  collection  of  generated 
carriers  within  the  depleted  region  and  zero  collection  probability  outside.  To  asses  the  origin  of  such 
enhanced  CCE,  two-dimensional  device  simulations  have  been  carried  out  using  a  drift-diffusion 
simulator  (DESSIS)  [3].  The  code  allows  the  dynamic  response  of  the  detector  to  impinging  particle 
to  be  analysed.  Simulations  provide  CCE  values  in  good  agreement  with  measured  results, 
reproducing  the  voltage  excess  CCE  observed  experimentally. 

To  measure  the  effect  of  the  grown-in  defects  in  4H-SiC  epi-layer,  which  act  as  charge  carrier 
trapping  centres,  on  the  SiC  detector  performance  Deep  Level  Transient  Spectroscopy  and  Isothermal 
Capacitance  Transient  Spectroscopy  measurements  were  performed.  The  capture  cross  section  of  the 
deepest  centre  found  (0.91  eV),  which  more  likely  will  play  a  key  role  in  limiting  the  detector 
performance,  was  carefully  determined  and  an  electron  carrier  lifetime,  x  ,  was  estimated  in  excess  of 
540  ps.  The  low  concentration  (  -1012  cm'3)  of  the  trapping  centres  and  the  high  value  of  x  indicate 
the  high  quality  of  the  epitaxial  layer  and  justify  the  full  collection  of  the  charge  carriers  generated 
by  the  ionising  radiation  when  measured  for  depleted  region  wider  than  Rp. 

Finally  the  Ion  Beam  Induced  Charge  (IBIC)  and  the  Electron  Beam  Induced  Current  (EBIC) 
collection  techniques  were  used  to  map  the  collection  properties  of  the  detector  Shottky  area. 
Electron  and  ion  beam  probes  had,  respectively,  3.5pm  and  0.2pm  large  diameters.  The  IBIC 
experiment  showed  a  CCE  with  2.2%  homogeneity  and  an  energy  resolution  equal  to  46  keV  for  2 
MeV  He"  particles  and  Vb  >  40  V.  EBIC  images  for  Vb  =  0  V  and  different  electron  penetration 
depths  showed  the  presence  of  localised  defects  which  reduce  the  collection  efficiency  by  about  - 
10%.  These  results  show  that  the  detectors  can  approach  100%  CCE  in  spite  of  the  presence  of 
electrically  active  native  defects,  possible  because  of  reduced  recombination  in  the  presence  of  the 
depletion  field. 
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P+-n-n+  structures  based  on  6H-SiC  films  grown  by  CVD  on  n+  substrate  were  used. 
The  initial  concentration  of  uncompensated  donors  in  the  n-type  layer  was  N*d  -  N'A 
=4.5*  1016  cm'3  at  layer  thickness  of  several  pm.  The  structures  were  exposed  to  a  dose  of 
8*101:>  cm’2  of  8-MeV  protons.  The  material  was  stabilized  by  annealing  at  T  =  450°  C  for 
10  min.  The  resulting  film  resistivity  was  p  =  5*109  ohm  cm. 

It  has  been  shown  previously  that  proton  creates  a  system  of  deep  levels  of  both 
acceptor  and  donor  nature  [1].  This  leads  to  a  significant  increase  in  p  through  electron 
capture  by  deep  traps.  However,  C-V  measurements  at  T  =  700  K  (when  even  the  deepest 
levels  have  the  emission  times  <  10  ps)  gave  a  concentration  N+D  -  N'A  =  9.1*  1016  cm'3, 
which  is  twice  the  value  before  irradiation.  At  the  same  time,  N+D  -  N'A  decreased  steadily  at 
T  =  300  K  up  to  a  dose  of  4*1014  cm'2.  In  the  present  work,  the  effect  of  much  higher  proton 
dose  was  studied  by  means  of  precision  a-spectrometry  [2], 

Alpha  particles  244Cm  (with  energy  of  5.77  MeV)  were  detected  under  both  reverse 
and  forward  bias.  It  was  found,  under  reverse  bias  the  n-type  base  of  the  detector  comprised 
a  layer  with  ionized  donors  N7D  -  N'A  «3*  1016  cm'3  and  a  neutral  high-resistivity  region. 

The  range  of  a-particles  244Cm  (R  «  20  pm)  exceeded  the  thickness  d  of  the  p+-n- 
structure.  Results  obtained  in  two  modes  were  compared:  (i)  through-penetration  of  a  particle 
across  the  structure  (R  >  d)  and  (ii)  complete  deceleration  of  a  particle  (R  <  d).  The  second 
mode  was  enforced  by  lowering  the  particle  energy  via  deceleration  in  air.  It  is  shown  that  at 
R  >  d  and  forward  bias  the  signal  is  formed  by  the  mechanism  of  "through  conducting 
channel"  [3].  This  permit  to  determine  the  product  of  electron  mobility  by  lifetime  pt. 

Decrease  in  R  (up  to  R<d)  leads  to  varied  behavior  of  the  signal  under  the  above 
biases.  For  example,  the  signal  under  forward  bias  decreases  more  sharply  and  at  longer  R 
values. 

To  conclude,  the  practical  possibility  is  demonstrated  of  detecting  fast  ions  by  6H-SiC 
films  upon  proton  irradiation  with  doses  of  ~  1016  cm2.  The  parameter  px  retains  values 
sufficient  for  effective  electron  transport,  including  signal  amplification  in  the  through- 
conducting-channel  mode.  It  is  also  established  that  the  positive  charge  ISTd  -  N'A  is  in  fact 
determined  by  the  concentration  of  initial  uncompensated  donors. 

[!]•  A.A.Lebedev,  A.I.Veinger,  D.V.Davydov,  V.V.Kozlovski,  N.S.Savkina, 
A.M.Strelchuk.  To  be  published  in  Semiconductors,  2000. 

[2] ,  A.A.Lebedev,  N.S.Savkina,  A.  M.  Ivanov,  N.B.  Strokan,  D.V.Davydov. 
Semiconductors,  Vol  34,  N  2, 2000,  pp.  243-249. 

[3] ,  N.A.Vitovski,  P.I.Maleev,  S.M.Ryvkin.  JTF,  XXVIII  (3),  460-469  (1958). 
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Abstract 

The  nuclear  radiation  properties  of  silicon  carbide  radiation  detectors  have  been  already  demonstrated 
for  charged  particles,  neutrons  and  for  dosimetry  of  high  energy  gamma  radiation.  These  detectors  are 
very  interesting  due  to  their  capability  to  operate  at  high  temperature  and  their  high  radiation  hardness.  No 
data  are  reported  in  literature  on  the  behavior  of  SiC  junctions  as  X-ray  detectors.  This  work  addresses  the 
response  of  a  Schottky  junction  on  epitaxial  4H-SiC  to  X-ray  photons  from  14  keV  to  60  keV,  presenting 
the  first  experimental  results  and  their  analysis.  The  potentiality  of  SiC  X-ray  detectors  stays  in  their  low 
intrinsic  noise  due  to  the  extremely  low  reverse  current,  almost  two  order  of  magnitude  lower  than  for 
other  semiconductor  junctions.  The  tested  devices  have  a  junction  area  of  3  mm2  on  n-type  epitaxial 
4H-SiC  layer  30  pm  thick  with  a  dopant  concentration  of  1.8xl015  cm'3.  At  room  temperature  the  reverse 
current  density  of  the  best  device  is  39  pA/cm2  up  to  electric  field  of  105  V/cm.  The  devices  have  been 
tested  with  X-y  ray  from  241  Am.  Figure  1  shows  the  voltage  pulses  at  the  output  of  the  shaper  amplifier; 
the  highest  signal  corresponds  to  the  charge  released  by  a  59  keV  photon  completely  absorbed  in  the 
Silicon  Carbide  epitaxial  layer.  Figure  2  shows  the  first  241Am  spectrum  acquired  at  room  temperature 
with  the  SiC  detector  biased  at  500  Volts.  The  main  Np  L  X-ray  lines  at  13.9  keV,  17.8  keV  and  the 
241  Am  photons  at  26.3  keV  and  59.5  keV  are  clearly  detected.  The  measured  energy  resolution  is  2.7  keV 
FWHM,  limited  by  the  electronic  noise  due  to  the  high  junction  capacitance,  determined  by  the  high 
area/thickness  ratio  of  the  depletion  region.  The  design  of  advanced  SiC  detector  structure,  on  low  doped 
high  purity  SiC,  able  to  achieve  high  energy  resolution  in  X-ray  spectroscopy  is  under  way  and  will  be 
presented. 


Fig.  1  Signals  at  the  output  of  the  shaping  amplifier  when 
the  SiC  detector  is  irradiated  with  a  241  Am  source.  The  highest 
peak  corresponds  to  the  full  absorption  of  the  59  keV  photon. 


Fig.  2  241 Am  X-y-ray  spectrum  acquired  at  room 
temperature  with  the  silicon  carbide  detector.  An  energy 
resolution  of  2.7  keV  FWHM  is  measured. 
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LARGE  DIAMETER,  LOW  DEFECT  SILICON  CARBIDE  BOULE  GROWTH 

C.H.  Carter,  Jr.,  R.  Glass,  M.  Brady,  D.  Malta,  D.  Henshall,  S.  Muller,  V.  Tsvetkov, 
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Realization  of  the  full  potential  of  semiconductor  SiC  for  electronic  and  optical 
applications  is  critically  dependent  on  the  production  of  large  diameter  SiC  single-crystals  of  high 
crystalline  quality  and  controlled  impurity  content.  In  this  presentation,  recent  empirical  results 
reflecting  the  current  state  of  the  art  of  SiC  bulk  growth  are  presented.  Recent  progress  in 
monocrystalline  SiC  bulk  crystal  growth  is  characterized  by  the  attainment  of:  substrate  diameters 
up  to  100-mm;  residual  impurities  in  the  1015  cm°  range;  thermal  conductivity  approaching  5.0 
W/cmK;  near  colorless  6H-SiC  at  crystal  diameters  up  to  75 -mm;  and  micropipe  densities  as  low 
as  1.1  cm"2  over  an  entire  50-mm  diameter  4H-SiC  wafer  and  8  cm'2  for  75-mm  diameter  6H-SiC. 
The  implication  of  these  results  for  silicon  carbide  electronic  devices  operating  at  high  power 
densities  will  be  discussed.  Additionally,  the  recent  interest  in  SiC  for  the  production  of  a  unique 
near  colorless  gemstone  material,  moissanite,  increases  the  demand  for  high  quality  SiC  bulk 
material. 
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In  the  past  years  an  immense  evolution  of  the  semiconductor  silicon  carbide  has  taken  place, 
concerning  substrate  size  and  quality,  epitaxial  deposition  techniques  and  device  processing.  In  many 
fields  of  semiconductor  electronics  this  has  lead  to  the  demonstration  of  devices  with  excellent 
performance.  But  for  the  mass  production  of  high  quality  devices,  there  is  still  a  strong  demand  for 
an  ongoing  improvement  of  quality  and  homogeneity  of  silicon  carbide  substrates  grown  from  the 
vapour.  To  meet  these  requirements  the  knowledge  of  the  thermal  boundaiy  conditions  and  their 
influence  on  the  defect  structure  of  the  growing  crystal  has  to  be  further  improved. 

In  this  work  we  have  carried  out  growth  experiments  using  an  simplified  geometry  for  sublimation 
growth,  where  a  variation  of  process  conditions  could  be  established  better  and  more  reproducible. 
During  numerous  growth  experiments  different  thermal  boundary  conditions  have  been  applied  by 
varying  the  power  supply,  the  relative  position  of  crucible  in  respect  to  the  induction  coil  and  the 
reactor  geometry. 

The  effects  of  these  alternating  conditions  have  been  examined  in  two  ways: 

First  of  all,  the  temperature  distribution  inside  the  growth  chamber  was  by  two-dimensional 
numerical  modelling.  With  these  data  a  precise  quantitative  comparison  of  the  different  conditions 
could  be  carried  out  in  respect  to  temperature  and  temperature  gradients  in  the  source  material,  the 
gaseous  spacing  and  the  growing  crystal.  In  case  of  the  bulk  crystal  we  calculated  axial  temperature 
gradients  in  the  range  of  5. ..40  K/cm  and  radial  temperature  gradients  in  the  range  of  0,5. .15  K/cm. 
Secondly,  several  characterisation  methods  had  been  applied  to  the  grown  crystals  and  wafers,  in 
order  to  obtain  a  comprehensive  testimony  of  the  crystal  quality.  With  incidental  and  transmission 
optical  microscopy  we  focussed  our  studies  on  the  occurrence  of  micropipes,  inclusions  of  secondary 
phases,  planar  defects  and  etch  pits  (revealed  after  etching  in  molten  KOH).  On  as-grown  surfaces 
disturbances  were  revealed  by  using  differential  interference  contrast  additionally.  To  verify  the 
results  we  received  from  inspection  with  the  optical  microscope  the  scanning  electron  microscope 
was  used.  With  stress  birefringence  of  wafers  an  imaging  of  the  axial  and  radial  variation  of  stress 
contrast  in  crystals  was  done.  Together  with  results  obtained  from  XRD-measurements  and  etch 
patterns,  information  about  the  macroscopic  crystalline  quality  was  collected. 

The  results  of  our  studies  show  clearly,  that  there  is  strong  dependence  of  growth  rate  and  defect 
generation  on  the  thermal  field.  In  subsequent  growth  runs,  where  the  axial  temperature  gradient  was 
increased  by  an  factor  of  3,  we  also  observed  an  increase  in  the  growth  rate  by  the  factor  of  3.  In 
regard  to  the  defect  generation  we  found  out,  that  the  occurrence  and  increase  of  some  defects  can  be 
directly  addressed  to  improper  thermal  boundary  conditions,  caused  by  high  axial  and/or  radial 
temperature  gradients  imposed  to  the  crystals  in  our  simplified  geometry.  In  the  case  of  an  transition 
of  single  crystalline  to  polycrystalline  growth,  we  were  able  to  determine  a  limit  for  the  axial 
gradient. 

With  this  elementary  knowledge  we  were  able  to  improve  our  process  conditions  for  growth  systems 
designed  for  growth  of  crystals  with  diameters  of  50.8  mm  and  larger.  Besides  this  we  could 
demonstrate  a  decreased  defect  density  and  improved  homogeneity  in  these  crystals. 
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4H  ingots  with  diameter  up  to  30mm  are  grown  by  the  Modified  Lely  Method  [1].  A  combined 
approach  of  this  sublimation  technique,  involving  numerical  process  modelling  and  experimental 
results  is  presented.  Different  geometric  modifications  of  the  reactor  and  process  parameter  are 
studied.  Their  relation  with  defect  occurrence,  polytype  change  are  presented. 

In  our  experimental  set-up,  the  growth  occurs  in  a  closed  graphite  crucible  heated  by  electromagnetic 
induction  .  The  SiC  powder  is  sublimated  at  temperature  range  of  2200-2600°C,  and  low  pressure  (2- 
10  torr).  The  modelling  includes  thermodynamic  calculations,  heat  transfer  and  mass  transport 
calculations  [2].  The  heat  transfer  analysis  gives  the  feature  of  the  thermal  field  inside  the  deposition 
chamber.  By  linking  these  thermal  calculations  with  mass  transport  modelling  and  thermodynamic 
equilibrium,  one  can  describe  the  macroscopic  growth  of  SiC  (deposition  rate,  crystal  shape..). 
Combining  this  process  modelling,  fabrication  and  characterisation  allows  to  quantify  the  impact  of 
design  and  process  parameters  modifications  on  the  material  quality. 

A  first  geometric  modification  is  performed  on  the  graphite  foam.  The  graphite  foam  is  always 
used  around  our  crucible  to  ensure  a  good  thermal  insulation.  Two  kind  of  graphite  foam  have  been 
tested.  Processes  that  have  been  carried  out  with  one  of  them  have  led  to  crystals  with  polytype 
mixing.  The  effect  of  these  insulating  materials  on  the  temperature  distribution  in  the  cavity  has  been 
simulated.  Simulation  predicts  an  increase  of  30%  of  the  radial  temperature  difference  along  the  seed 
for  the  unstabilized  process.  The  results  also  indicate  that  a  small  increase  of  the  radial  temperature 
difference  along  the  seed  (in  comparison  with  the  working  temperature)  is  sufficient  to  strongly 
deteriorate  the  quality  of  the  material.  Two  hypothesis  are  given  to  explain  how  an  increase  of  the 
radial  temperature  difference  can  lead  to  growth  with  polytype  mixing. 

A  second  geometric  modification  consists  in  varying  the  hole  diameter  in  the  graphite  foam  at 
the  top  of  the  crucible.  This  hole  is  known  to  have  a  strong  influence  on  the  axial  temperature 
difference.  A  relationship  between  this  hole’s  diameter  modification  and  the  defect  occurrence  in 
terms  of  secondary  inclusions  is  established.  Once  again,  it  shows  that  temperature  variations  of  about 
1%  compared  to  the  working  temperature  can  significantly  influence  the  inclusions  density  (graphite 
particles  and  droplets).  Some  explanations  are  given  to  clarify  the  links  between  graphite  particles  and 
silicon  droplets  occurrence  and  the  axial  temperature  difference.  An  investigation  on  these  defects 
occurrence  is  also  presented  in  Ref.  [3]. 

Then,  a  third  modification  consists  in  conducting  growth  with  two  different  argon  pressure, 
the  other  parameters  being  the  same.  The  resulting  crystals  shape  are  completely  different :  a  first  one 
is  slightly  concave  whereas  the  second  one  is  strongly  convex.  It  shows  that  only  thermal  calculations 
are  not  sufficient  to  predict  the  crystal’s  shape.  It  is  also  controlled  by  mass  transport  from  the  source 
to  the  crystal.  A  comparison  between  experimental  and  modelling  results  is  presented. 
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Physical  vapor  transport  (PVT)  growth  is  currently  the  most  feasible  technique  for  the  preparation  of  silicon 
carbide  (SiC)  bulk  ciystals  and  wafers  for  commercial  applications.  Usually  the  growth  is  carried  out  in  an 
inductively  heated  graphite  crucible.  The  crystal  quality  (i.e.  low  defect  density,  homogenous  doping,  etc.)  is 
known  to  depend  sensitively  on  the  temperature  field  inside  the  growth  cell.  In  this  paper  we  will  investigate  the 
impact  of  the  SiC  source  material  and  its  morphological  changes  during  growth  on  the  temperature  field  and 
vapor  transport. 

We  have  studied  three  different  SiC  sources.  Source  A  was  a  fine  SiC  powder  with  a  grain  size  <5 pm  and 
source  B  contained  SiC  powder  with  grains  of  10pm.. .50pm  in  size.  Source  C  was  built  out  of  macroscopic  SiC 
pieces  with  a  size  in  the  range  of  5mm.. ,20mm.  All  sources  were  synthesized  from  elemental  high  purity  Si  and 
C  in  our  lab.  Digital  x-ray  imaging  (Wellmann  et  al.  Mat.Res.Soc.Symp.Proc.Vol.572)  was  carried  out  in  order 
to  study  the  consumption  and  morphological  changes  of  the  SiC  sources.  Numerical  modeling  of  the  temperature 
field  inside  the  growth  cell  and  numerical  modeling  of  the  vapor  transport  of  Si-  and  C-containing  gas  species 
from  the  SiC  source  to  the  seed  were  performed  to  quantify  the  impact  of  changes  inside  the  SiC  source  on  the 
global  growth  process.  Fig.  1  shows  a  x-ray  image  of  the  growth  cell  containing  source  C  (macroscopic  SiC 
pieces)  after  15  hours  of  growth.  Fig.  2  shows  corresponding  to  Fig.  1  the  temperature  field  and  the  SiC  vapor 
flow  evaluated  from  numerical  modeling;  the  consumption  and  morphological  changes  (impact  on  heat 
conductivity)  of  the  SiC  source  were  taken  into  account  by  introducing  separate  blocks  for  the  disk-like 
structure,  the  SiC  core  part  and  the  graphitization  area. 

Due  to  the  different  morphologies  of  the  initial  SiC  sources  and  the  fundamental  transitions  during  growth 
(i.e.  evolution  from  powder  to  compressed  SiC  block)  one  would  expect  a  strong  non-stationary  growth  process. 
However,  in  contrary  to  this  the  experiments  carried  out  indicate  that  the  growth  process  is  much  more  stable 
than  would  be  concluded  from  the  considerations  above.  In  all  cases  (source  A,  B  and  C)  the  consumption  of 
SiC  started  next  to  the  hot  side  walls  and  bottom  of  the  graphite  crucible  and  proceeded  to  the  center  of  the  SiC 
source.  Independent  from  the  initial  morphology  of  the  SiC  source  (microscopic  SiC  powder  source  A  and  B, 
macroscopic  SiC  pieces  source  C)  the  formation  of  a  disc-like  structure  of  condensed  SiC  is  observed  at  the  top 
of  the  SiC  source  which  improves  the  homogeneity  of  the  temperature  and  the  sublimation  of  SiC  containing  gas 
species.  Numerical  modeling  confirmed  the  stabilizing  impact  of  the  disc-like  structure  on  top  of  the  SiC  source 
on  the  global  growth  process. 

We  will  show  several  series  of  x-ray  images  which  illustrate  the  morphological  evolution  of  the  three  SiC 
sources  used  in  our  experiments  and  we  will  present  numerical  calculations  as  a  base  for  a  detailed  discussion  of 
the  underlying  global  crystal  growth  process. 


graphite 

crucible 


Fig.  1 .  x-ray  image  of  growth  cell  containing  microscopic 
SiC  powder  (source  A,  initial  size  <5 pm)  after  16  hours  of 
growth. 


Fig. 2.  Numerical  modeling  of 
temperature  field  and  the  SiC 
vapor  flow. 
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The  hexagonal  voids  observed  in  SiC  boules  grown  by  Physical  Vapor  Transport  were 
investigated  by  optical  microscopy,  Atomic  Force  Microscopy  ,  KOH  etching,  and  White  Beam 
Synchrotron  Radiation  Topography.  Voids  typically  have  irregular  hexagonal  platelet  shape 
with  the  lateral  size  between  0.5  mm  and  2  mm  and  thickness  along  the  c-axis  between  1  and  50 
micrometers.  Both,  top  and  bottom  facets  of  the  voids  are  atomically  flat  with  well  defined 
growth  steps.  AFM  investigation  of  top  facets  (facing  the  end  of  the  boule)  revealed  etch  pits 
due  to  screw  dislocations  and  the  step  morphology  consistent  with  evaporation.  Bottom  facet 
morphology  (facing  seed)  resembled  typical  SiC  growth  surfaces  and  indicated  deposition.  The 
growth  occurs  in  the  step  flow  mode  with  steps  typically  nucleating  at  one  of  the  edges  of  the 
void.  Both  observations  indicate  that  voids  travel  through  the  SiC  boule  during  growth  moving 
from  cold  seed  toward  hot  tail  of  the  crystal. 

On  the  bottom  facet,  the  side  of  the  void  opposite  the  nucleation  point  usually  shows  a  deep 
trench  with  depth  of  tens  or  hundreds  of  microns.  The  trench  depth  increases  close  to  the  comers 
of  the  voids.  The  depressions  narrow  down  toward  the  seed  and  can  extend  for  up  to  1  mm. 
Synchrotron  white  beam  x-ray  topography  and  KOH  etching  of  the  areas  above  the  voids  show 
random  distribution  of  screw  and  edge  dislocations  intersecting  the  void  surfaces.  Below  the 
voids,  both  techniques  show  absence  of  screw  dislocations  over  the  void  area  with  super-screw 
dislocations  located  at  void  comers.  In  addition,  threading  edge  dislocations  frequently  line  up 
along  the  edges  opposite  nucleation  site  and  corresponding  to  trench  location.  The  distribution 
of  defects  will  be  discussed  and  interpreted  as  due  to  the  image  force  and  void  morphology.  The 
void  formation  and  motion  appears  to  be  the  dominant  mechanism  responsible  for  formation  of 
open  core  superscrew  dislocations  (micropipes)  in  silicon  carbide  boules. 
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Sublimation  growth  is  extensively  used  for  production  of  large-size  SiC  bulk  crystals.  It  is  known  that 
the  growth  process  occurs  under  unsteady  conditions  due  to  several  factors,  in  particular,  the  crystal 
enlargement,  movement  of  RF  coil,  variation  of  process  parameters  during  the  growth,  degradation  of  the  SiC 
powder,  etc.  In  this  paper  we  suggest  an  innovative  approach  for  analysis  and  optimization  of  the  reactor  design 
and  sublimation  growth  process.  The  approach  utilizes  the  so-called  “Virtual  Reality”  technology.  The  idea  is  to 
perform  a  whole  growth  process  first  in  computer  and  to  perform  pre-analysis  of  effects  of  changes  of  geometry 
of  the  system  and  process  conditions.  Use  of  this  approach  allows  significant  reduction  of  time  and  cost  of 
development  of  new  reactors  and  growth  processes. 

The  approach  is  based  on  modeling  of  processes  which  occur  in  the  whole  growth  system  during  the  growth 
process.  Within  the  approach,  duration  of  the  growth  process  is  divided  into  a  number  of  stages.  At  every  stage 
the  process  is  assumed  to  be  steady-state.  After  finishing  computation  for  each  stage,  the  crystal  shape  and  the 
powder  charge  profile  are  calculated  from  the  growth  rate  obtained,  the  inductor  coil  is  shifted  according  to  the 
settings  predefined  by  crystal  grower,  and  the  system  geometry  is  updated  automatically.  The  growth  modeling 
at  each  stage  includes  analysis  of  heat  transfer  and  the  reactive  species  transport  [1].  Heat  transfer  in  the  powder 
charge  is  simulated  using  the  effective  heat  conductivity  calculated  using  SiC  powder  properties  such  as 
porosity  and  mean  granule  size.  Etching  of  graphite  crucible  plays  improtant  role  in  supply  of  C  to  the  growing 
crystal.  An  advanced  surface  chemistry  model  proposed  in  [2]  predicts  various  deposits  to  be  formed  on  the 
crucible  walls.  The  SiC  deposition  is  known  to  occur  on  the  wall  near  the  seed  and  to  affect  significantly  the  SiC 
growth  at  the  seed  and  etching  of  the  cmcible  wall.  A  special  criterion  is  introduced  to  perform  analysis  of  what 
kind  of  deposits  can  be  formed  at  certain  area  of  the  cmcible,  and  corresponding  automatic  modification  of 
boundary  conditions  for  the  mass  transport  equations  [3]  is  performed.  The  criterion  considers  all  types  of 
heterogeneous  equilibrium  available  in  the  Si-C  system  and  selects  a  solid  phase  thermodynamically  favorable 
to  be  formed  on  the  surface  of  the  cmcible.  Being  applied  to  the  growth  surface,  the  criterion  predicts  formation 
of  secondary  phase  inclusions,  e.g.  graphite  or  silicon  droplets,  in  the  growing  crystal. 

SiC  growth  in  the  Virtual  Reactor  is  supplemented  by  a  special  tool  analyzing  thermoelastic  stress  and 
dislocation  density  evolution  in  the  crystal  during  the  whole  growth  run.  Anisotropic  thermoelastic  stress  is 
computed  using  a  two-dimensional  approach  allowed  by  SiC  crystal  symmetry.  Dislocation  density  distribution 
is  calculated  using  the  Alexander-Haasen  theory  [4]  and  compared  with  that  obtained  assuming  a  full  stress 
relaxation  due  to  plastic  deformation  and  crystal  hardening  [5].  In  contrast  to  the  latter  model,  the  former  one 
accounts  for  a  memory  effect  in  dislocation  evolution. 

The  computations  performed  using  the  Virtual  Reactor  show  good  agreement  with  experimental  data.  The  tool 
is  used  presently  for  optimization  of  crystal  growth  in  Ta  and  graphite  cmcibles. 
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Introduction  Epitaxial  growth  of  4H  SiC  with  high  growth  rates  and  low  residual  doping  has  previously 
been  reported  in  a  vertical,  hot- wall  CVD  reactor  with  up-flow  orientation  (also  called  chimney  reactor)  [1].  In 
the  present  study,  growth  experiments  were  performed  in  the  same  reactor  operated  in  the  down-flow  orientation 
(inverted  chimney)  with  the  purpose  to  obtain  a  better  understanding  of  the  hot-wall  growth  process  and  the 
influence  of  the  buoyancy  effect  on  growth  rate  and  N-doping  behaviour.  The  similarity  of  the  inverted  chimney 
with  a  hot-wall  barrel  reactor  geometry  further  motivates  this  investigation. 

Experimental  The  growth  experiments  were  performed  in  the  inverted  chimney  reactor  with  the  precursor 
gases  of  SiH4  and  C2H4  diluted  in  Pd  purified  H2  carrier  gas  flowing  from  the  top  inlet  down-wards  through  the 
hot- wall  susceptor.  The  growth  temperature  ranged  from  1750  to  1900  °C  and  the  total  pressure  varied  between 
115  and  350  mbar.  High  N-doped  epilayers  with  stair-case  structure  produced  by  varying  only  one  growth 
parameter  during  the  run  were  grown  for  SIMS  measurement  to  determine  both  the  growth  rate  and  the  N- 
doping.  In  addition  low  N-doped  epilayers  with  thickness  of  20  -  40  pm  were  also  grown  for  the  systematic 
study.  The  thickness  of  the  low  doped  epilayers  was  measured  with  Fourier  Transformed  Infrared  spectrometer. 

Results  and  discussion  The  inverted  chimney  also  produced  epilayers  with  high  growth  rates  and  low  residual 
doping  comparable  with  those  previously  reported  in  the  chimney  process.  The  growth  rate  increases  with 
increasing  temperature  with  an  activation  energy  of  27  kcal/mol,  slightly  lower  than  that  in  the  chimney  process 
(Fig.  1).  While  the  growth  rate  in  the  chimney  starts  to  decrease  at  temperatures  higher  than  -1800  °C,  a 
continuous  increase  of  growth  rate  with  temperature  is  observed  in  the  inverted  chimney  until  temperatures  as 
high  as  1900  °C.  A  comparison  of  the  pressure  influence  on  the  growth  behaviour  in  the  two  orientations  is 
expected  to  illustrate  the  buoyancy  effect  on  the  flow  dynamics  and  the  growth  process.  Our  data  showed  a 
similar  growth  rate  dependence  on  pressure  in  both  orientations  (Fig.  2).  The  growth  rate  increases  with 
decreasing  pressure  until  a  critical  value,  below  which  it  starts  to  decrease  drastically  with  further  reduced 
pressure.  The  insensitivity  of  the  pressure  effect  to  the  reactor  orientation  indicates  that  the  flow  characteristics 
during  the  growth  process  are  not  dominated  by  free  convection  within  the  low  pressure  range  investigated  here 
[2].  The  influence  of  the  other  growth  parameters  such  as  C/Si  ratio  and  H2  carrier  flow  has  also  been  studied 
and  the  results  have  been  compared  with  the  chimney  process.  The  observed  difference  between  these  two 
vertical  orientations  can  be  explained  by  the  different  flow  and  temperature  distribution,  especially  at  the  inlet 
region,  thereby  different  gas  phase  chemistry  at  this  region. 


1900  1855  1810  1770  1730  T(°C) 


\  Ea= 

*  #\44  kcal/mol  - 

Ea= 

x 

27  kcal/mol 

O  Down-flow 

•  Up-flow 

i _ i _ i _ i _ i _ i _ i 

4.5  4.6  4.7  4.8  4.9  5.0  5.1 


104/T  (K“l) 


Fig.1  Growth  rate  dependence  on  temperature  for 
both  orientations,  P=180  mbar  and  H2  flow=3.2 
L/min. 


Fig.2  Growth  rate  dependence  on  pressure  for  both 
orientations,  T=1770  °C  and  H2  f!ow=3.2  L/min. 
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The  presence  of  micropipes  and  dislocations  in  SiC  wafers  used  as  substrates  for  SiC  epitaxial 
growth  may  cause  formation  of  lattice  defects  in  the  epi-layers.  In  this  research  a  chemical  vapor 
deposition  (CVD)  process  on  porous  SiC  was  developed  to  reduce  structural  defect 
concentrations  in  SiC  epi-layers.  We  have  previously  reported  on  the  growth  and  crystal  quality 
of  CVD  epitaxial  films  on  porous  SiC  (PSC)  substrates.1  Results  of  X-ray  diffraction,  RHEED, 
SEM  and  AFM  characterization  demonstrated  good  surface  quality  of  these  films  grown  on  PSC 
substrates  compared  with  conventional  (control)  substrates.  For  this  study,  the  porous  substrate 
surface  was  fabricated  by  surface  anodization  on  half  of  a  commercial  4H-SiC  (0001)  Si-face 
off-axis  wafers.  The  other  half  of  the  wafer  was  protected  by  wax  during  this  process  and  served 
as  a  control  substrate.  A  4H-SiC  epilayer  was  then  grown  on  the  processed  substrate  by 

atmospheric  pressure  CVD  at 
1580°C  with  a  Si  to  C  ratio  of  0.3. 
LTPL  data  taken  at  2K  (Fig  1) 
shows  virtually  no  evidence  of  the 
LI  line  for  the  film  grown  on  PSC 
while  the  line  is  clearly  evident  in 
the  spectra  from  films  grown  on  the 
control  substrate  (‘Clear  Part’  in 
fig.l).  The  LI  line  appears  in  rapid 
CVD  growth  and  is  related  to 
intrinsic  defects  in  films  grown  too 
quickly.2  In  this  paper  we  will 
present  characterization  data 
comparing  epi  grown  on  PSC  and 
standard  substrates. 
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Figure  1  LTPL  (2K)  data  comparing  epi  grown  on  PSC  (top 
curve)  to  that  on  standard  substrate  (bottom  curve).  Note 
reduction  in  LI  and  enhanced  two-phonon  replicas  present  in 
epi  grown  on  PSC,  indicating  superior  epi  quality. 
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Introduction 

Orientation  of  the  substrate  is  a  key  factor  in  determining  the  quality  of  SiC  epitaxial  layers 
grown  by  CVD.  We  already  reported  the  orientation  dependencies  of  surface  morphology  of 
epitaxial  layer  on  6H-SiC  hemispherical  substrate[l].  Recently  we  found  that  the  gaseous 
etching  before  the  growth  is  also  an  important  parameter  for  surface  morphology.  This  work 
investigates  the  effect  of  gaseous  etching  (H2+HC1  and  H2+C3H8)  for  surface  morphology  of 
the  epitaxial  layer  on  the  hemispherical  substrates.  We  show  how  the  growth  surface 
develops  after  the  each  etch  procedure.  Growth  mechanism  for  each  crysatl  directions  is 
discussed. 

Experiment  and  Results 

Hemispherical  substrates  were  made  on  commercial  6H,  4H-SiC  off-axis  substrates  inclined 
3.5°  or  8°  from  (0001)  toward  <1120>,  and  on  Lely  substrates  (on-axis).  Diameter  of  the 
hemisphere  was  15  mm,  and  those  hemisphere  made _angles  were  0  degree  to  15  degree  axis 
from  the  basal  plane,  (0001)  Si-face  and  (0001)  C-face.  By  using  those  substrates, 
morphological  stability  of  the  epilayer  in  various  direction,  <hkil>,  could  be  investigated.  The 
etching  purpose,  flow  rates  of  a  carrier  H2  gas,  HC1  (10%  in  H2)  and  C3H8  (5%  in  H2)  were 
Islm,  lsccm  and  4sccm,  respectively.  The  etching  time  was  between  5  and  30min.  The  SiC 
epilayers  were  grown  by  atmospheric  CVD  using  Si2Cl6 
(hexachlorodisilane)  as  Si  source  and  C3H8  as  C 
source[2].  Growth  rate  on  conventional  flat  substrates 
was  1.5/nn/h  and  optimized  for  smooth  surface  of 
epilayer  using  3.5  degree  off-axis  substrate  (Si-face). 

Figure  1  shows  the  surface  morphology  of  the 
hemispherical  epilayer  after  H2+HC1  etching  on  C-face 
of  6H-SiC  observed  by  optical  microscopy.  The  dark 
and  rough  regions,  which  3D  growth  of  3C-SiC 
occurred,  extend  along  <1120>[1].  Figure  2  shows  the 
surface  morphology  of  the  hemispherical  epilayer  after 
H2+C3H8  etching  on  C-face  of  6H-SiC  observed.  InJFig. 

2,  3D  growth  of  3C-SiC  did  not  occurr  along  <1120>, 
and  slightly  rough  regions  were_  observed  at  the 
boundary  between  <1120>  and  <1100>.  On  Si-face, 
the  surface  morphology  was  not  so  dependent  on  the 
different  etching  procedures.  A  detailed  analysis  of  the 
observations  and  growth  mechanism  will  be  presented. 
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FIG.  1.  The  surface  morphology  of  the 
hemispherical  epilayer  after  H2+HC1  etching 
on  C-face  of  6H-SiC  observed 


FIG.  2.  The  surface  morphology  of  the 
hemispherical  epilayer  after  K^+CjH  etching 
on  C-face  of  6H-SiC  observed. 
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For  the  growth  of  epitaxial  silicon  carbide  in  a  CVD  reactor,  it  is  important  to  have  as  large  area  as  possible  with 
homogeneous  temperature  distribution.  This  work  will  show  that  by  changing  the  design  of  the  CVD  reactor  we 
can  enlarge  this  area  in  the  reactor  by  at  least  200%.  By  using  a  simulation  tool,  in  this  case  CFD-ACE+  from 
CFD  Research  Corporation,  we  can  try  out  the  best  new  design  in  the  computer  before  testing  it  in  the  lab.  This 
software  is  designed  to  allow  for  specially  written  subroutines  implemented  by  the  user.  This  feature  is  used  for 
dividing  the  simulation  problem  into  two  parts;  one  induction  part  and  one  heat  transfer  part. 

The  hot- wall  CVD  reactor  used  for  validating  the  simulations  in  our  work  consists  of  an  inductively  heated 
graphite  susceptor  inside  a  quartz  tube.  We  have  simulated  the  inductive  heating  and  the  heat  transfer  in  the 
reactor  for  a  2-dimensional  axi symmetric  case.  To  be  able  to  compare  the  simulations  with  measurements  a  “2- 
dimensionaT  graphite  tube  has  been  used  as  susceptor  in  the  experimental  CVD  reactor.  The  temperature 
distribution  at  the  wall  of  the  susceptor  was  measured  by  melting  silicon  pieces  and  by  using  a  pyrometer 
measuring  the  temperature  in  a  drilled  hole  (approx,  black  body  radiating)  from  the  back  of  the  susceptor,  with  a 
depth  corresponding  to  half  of  the  susceptor  length.  The  agreement  between  simulations  and  measurements  was 
very  good. 

The  temperature  distribution  of  the  standard  reactor  design  was  first  simulated  and  then  measured  by  melting 
silicon  pieces.  The  result  showed  a  parabolic  shaped  distribution,  with  the  highest  temperature  approximately  in 
the  middle  of  the  susceptor.  By  simulating  various  changes  of  the  design  of  the  reactor,  we  could  achieve  a  more 
homogeneous  temperature  distribution  over  a  larger  area  of  the  susceptor.  The  final  design  was  then  tested 
experimentally.  The  improved  reactor  design  gives  a  more  flat  distribution  with  a  variation  in  temperature  of 
maximum  20  degrees  over  80%  of  the  length  of  the  susceptor,  while  the  previous  design  had  the  same  variation 
over  24%  of  the  total  length.  The  length  which  has  a  temperature  variation  of  less  than  5  degrees  increased  from 
12%  to  68%  of  the  whole  susceptor.  Moreover,  the  power  input  needed  to  reach  the  same  maximum  temperature 
as  in  the  original  reactor  design  was  reduced  by  15%.  Fig.  1  shows  the  measured  and  simulated  temperatures. 


Susceptor  Length  {%) 


Fig -  1  Temperature  distribution  along  the  susceptor  wall  in  a  2D  graphite 
susceptor,  measured  and  simulated  values. 

Although  this  investigation  was  made  for  a  2D  axisymmetric  case,  we  believe  that  the  changes  we  have  made  for 
the  2D  reactor  also  should  improve  the  real  3D  reactor  towards  a  more  homogeneous  temperature  distribution 
and  thereby  increasing  the  area  of  good  growth  conditions  in  the  CVD  reactor.  By  using  the  simulation  tool 
when  designing  new  reactors  one  can  not  only  increase  the  yield  of  good  material,  but  also  decrease  the  energy 
costs  of  running  the  reactor. 
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Selective  epitaxial  growth  was  performed  in  a  conventional  atmospheric  pressure  chemical 
vapor  deposition  (APCVD)  system.  Two  different  source  species  have  been  studied.  In  one 
instance,  the  sources  were  hexachlorodisilane  (HCDS)  and  propane  (two-source  system).  In 
the  second  case,  the  source  was  hexamethyldisilane  (HMDS)  (one  source  system).  Hydrogen 
was  used  as  the  carrier  gas  and  small  amounts  of  hydrogen  chloride  (HC1)  were,  added  to 
improve  the  selectivity.  Si(001)  wafers,  with  a  patterned  oxide  layer  (~  600  nm  thick)  as  a 
mask,  were  used  as  substrates. 


Selective  growth  was  demonstrated  in  films  grown  at  1350°C  and  below  utilizing  the  two- 
source  system.  However,  the  oxide  mask  was  damaged  at  the  growth  temperatures  [1]. 
Addition  of  trimethylaluminium  (TMA)  reduced  the  temperature  of  epitaxial  growth  to 
1250°C  but  resulted  in  the  formation  of  unwanted  phases  at  the  interface  as  well  as  promoted 
gas  phase  nucleation.  Therefore,  in  order  to  reduce  the  epitaxial  growth  temperature,  HMDS 
was  used  as  the  source.  Selective  epitaxial  growth  of  SiC  on  Si  was  demonstrated  at 
temperatures  as  low  as  1 150°C  [2].  Utilizing  the  results  of  the  above  work,  the  growth  using 
the  two-source  system  has  been  further  optimized.  The  present  paper  reports  the  selective 
epitaxy  and  lateral  overgrowth  of  SiC  on  masked  Si  at  1 150°C.  Smooth  and  highly  selective 
growth  has  been  demonstrated  (Figure  1).  Lateral  overgrowth  may  be  observed  in  this  figure 
by  comparing  the  stripe  widths  of  the  mask  and  window  before  and  after  growth.  At  this 
temperature,  the  oxide  remains  undamaged  for  growths  up  to  an  hour.  Longer  time  growth 
runs  are  being  investigated  to  study  coalescence  of  the  overgrown  layers.  Void  formation  in 
the  substrate  was  suppressed  in  smaller  windows  suggesting  that  some  sort  of  ‘loading’  effect 
was  being  observed. 


[1]  C.  Jacob,  M-H.  Hong,  J.  Chung,  P.  Pirouz  and  S.  Nishino,  International  Conference  on 
Silicon  Carbide  and  Related  Materials,  North  Carolina  (USA)  October  10-15, 1999 

[2]  C.  Jacob,  J.  Chung,  M-H.  Hong,  P.  Pirouz  and  S.  Nishino,  Mat.  Res.  Soc.  Symp.  Proc. 
Vol.  622,  (MRS:  Boston)  (2000) 


Figure  1.  Epitaxial  Lateral  Overgrowth  of  SiC  on  Si  (001)  substrate  a)  before  growth; 
b)  after  growth. 
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Silicon  carbide  is  an  ideal  material  for  high-power,  high-frequency  and  high-temperature 
electronic  devices.  For  these  applications  nanocrystalline,  polycrystalline,  or  single-crystalline 
SiC  films  are  required.  Usually,  crystalline  SiC  films  are  produced  by  CVD  either  at  high 
substrate  temperature  or  followed  by  a  high  temperature  annealing  step  in  which  amorphous 
SiC  is  crystallized.  These  processing  technologies  have  the  disadvantage  that  large  area  and 
low  cost  materials  such  as  glass  cannot  be  used  as  substrates.  High  temperature  annealing  can 
be  avoided  by  pulsed  laser  irradiation  of  amorphous  material. 

Amorphous  SiC  films  100-400  nm  thick  were  produced  on  glass  (Coming  7059)  by  pulsed 
laser  deposition  from  a  stochiometric,  polycrystalline  SiC  target.  The  ablation  was  carried  out 
using  a  pulsed  KrF  excimer  laser  (248  nm,  25  ns)  at  a  repetition  rate  of  50  pulses  per  second,  a 
pulse  energy  of  250  mJ,  a  laser  fluence  of  approximately  2  J/cm2  on  the  target  surface,  and  at 
approximately  200  °C  substrate  temperature. 

The  films  were  crystallized  by  single  shots  of  the  KrF  laser  at  a  fluence  less  than  1  J/cm2.  The 
crystallization  process  was  studied  by  time  resolved  reflection  and  transmission  (TRRT) 
measurements  during  laser  annealing.  A  10  mW  cw  He-Ne  laser  (633  nm)  was  used  to  probe 
the  sample  transmissivity  and  reflectivity.  The  He-Ne  laser  beam  power  was  measured  with  a 
fast  photodiode  (2  ns  time  resolution)  and  registered  by  an  oscilloscope.  Since  the 
transmissivity  and  reflectivity  of  liquid  SiC  is  expected  remarkably  to  differ  from  that  of  solid 
SiC,  this  method  appears  suitable  to  detect  the  liquid  phase  on  the  sample  surface. 

Before  and  after  irradiation  the  samples  were  characterized  by  optical  microscopy,  Raman 
measurements,  and  transmission  electron  microscopy.  Laser  irradiation  evidently  led  to 
polycrystalline  SiC  with  a  grain  size  of  several  hundred  nanometers.  The  crystallites  result 
from  a  SiC  melt  of  approximately  50  ns  according  to  the  TRRT  measurements.  These  findings 
are  unexpected  because  they  are  in  contradiction  to  the  equilibrium  phase  diagram  of  SiC  in 
which  no  liquid  phase  occurs  at  ambient  pressure. 
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The  emerging  market  of  SiC  electronic  devices  requires  mass  production  Chemical  Vapor  Deposition 
(CVD)  systems  for  the  growth  of  the  electrically  active  SiC  layers.  Excellent  uniformity  and 
reproducibility  of  layer  properties  together  with  low  costs  per  epi-layer  are  main  specifications  of  such 
a  production  tool.  Due  to  the  high  temperatures  which  have  to  be  applied  for  the  CVD  growth  of  SiC 
(typically  1600°C)  the  design  of  the  reactor  has  to  ensure  laminar  flow  conditions  and  a  controlled 
depletion  of  the  reactants  inside  the  reactor.  The  careful  choice  of  the  employed  materials  and  high 
components  lifetimes  are  essential  to  maintain  a  low  background  impurity  doping  level  at  the  high 
process  temperatures. 

In  this  contribution,  we  are  presenting  the  novel  Hot- Wall  Multi  wafer  Planetary  Reactor®  VP2000. 
The  reactor  is  based  on  the  AIXTRON  AIX  2000HT  Planetary  Reactor®  which  had  been  already 
successfully  employed  for  CVD  growth  of  high  quality  SiC.  This  system  comprises  a  RF  heated 
susceptor  with  planetary  rotation  of  the  substrates  in  a  configuration  of  7x2”  wafers,  or  with  an 
increased  wafer  capacity  of  5x3”.  The  double  rotation  feature  effectively  levels  out  any  temperature 
non-uniformity  and  the  depletion  of  reactants  along  the  susceptor.  For  large  area  SiC  epitaxy 
employing  the  5x3”  susceptor  configuration  this  benefit  becomes  even  more  prominent. 

For  the  Hot-Wall  design  of  the  reaction  chamber,  detailed  computational  simulations  of  the  thermal 
management,  gas  flow  dynamics  and  gas  phase  reactions  have  been  performed.  The  result  is  a  reactor 
ceiling  which  is  actively  heated,  temperature  controlled.  The  temperature  uniformity  or  gradient  in  this 
wall  can  be  adjusted  very  precisely.  At  the  same  time,  this  hot  wall  defines  the  reaction  chamber 
height  and  the  radial  symmetric  gas  flow  pattern.  This  feature  allows  a  fast  and  independent  heating  of 
the  reaction  chamber  ceiling  and  susceptor  to  the  desired  high  temperatures.  The  reaction  gases,  which 
are  utilized  for  the  growth  of  SiC  (e.g.  SiELt,  C3H8  and  H2),  are  introduced  into  the  chamber  while 
keeping  the  temperature  at  the  gas  inlet  at  a  low  level.  The  thermal  management  of  the  reactor 
entrance  is  considered  to  be  essential  for  the  suppression  of  gas  phase  nucleation  of  Si  and  the  desired 
high  growth  rates.  For  the  first  time  essential  experimental  data  on  the  reactor  performance  will  be 
presented. 
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This  paper  provides  an  overview  of  the  SiC  power  device  development  effort  ongoing  at  Cree.  The 
detailed  design,  fabrication  and  high  temperature  characterization  of  8.6  kV,  4H-SiC  PiN  diodes  will  be 
presented.  The  newly  developed  100  pm  4H-SiC  epitaxial  layers  utilized  for  the  fabrication  of  these  diodes 
result  in  a  relatively  uniform  blocking  and  on-state  characteristics  across  the  entire  wafer.  The  measured 
differential  on-state  resistance  at  100  A/cm2  was  approximately  20  mQ-cm2,  which  is  >30X  smaller  than 
the  ohmic  resistance  of  625  mQ-cm2  of  the  epitaxial  layer  used  for  the  fabrication  of  these  diodes.  High 
temperature  (up  to  300  C)  reverse  bias  measurements  are  reported  for  the  first  time.  The  leakage  current  at 
5  kV  increases  by  an  order  of  magnitude  from  room  temperature  to  300°C.  The  temperature  dependence  of 
switching  characteristics  show  an  approximately  50%  increase  in  the  peak  reverse  recovery  current  and  a 
100%  increase  in  total  reverse  recovery  charge  from  300  K  to  350  K  (277°C). 

High  voltage  power  DiMOSFETs  (Double  implanted  MOSFETs)  in  silicon  carbide  (SiC)  are  very 
attractive  because  they  have  the  potential  to  match  silicon  IGBTs  in  on-state  drop,  but  offer  superior 
switching  speed  and  higher  operating  temperatures.  In  SiC  power  DiMOSFETs,  the  peak  electric  field  in 
the  blocking  region  is  designed  to  be  approximately  10X  higher  than  that  of  a  Si  device  with  equivalent 
blocking  voltage.  This  can  be  detrimental  to  gate  oxide  if  adequate  shielding  of  the  electric  field  is  not 
provided.  In  this  paper,  SiC  DiMOSFETs  with  JFET  gaps  ranging  from  1  jim  to  6  pm  have  been  studied 
using  a  2D  device  simulator,  so  that  the  optimal  compromises  between  gate  oxide  protection  and  JFET 
resistance  are  found  for  1200V  (6H)  and  2000V  (4H)  devices.  Measurement  data  from  DiMOSFETs  with 
JFET  gaps  ranging  from  1  pm  to  6  pm  fabricated  in  both  6H-  and  4H-  SiC  are  presented  to  compare  with 
the  simulation  results.  Another  important  issue  for  SiC  DiMOSFETs  is  extremely  low  surface  channel 
mobility,  especially  in  4H-SiC.  Several  methods,  such  as  channel  implantations  and  different  anneals  for 
gate  dielectric  have  been  suggested  to  improve  MOS  channel  mobility.  These  methods  were  successful  for 
simple  devices  built  in  lightly  doped  p-type  epilayers.  However,  high  channel  mobilities  on  an  implanted  p- 
well,  which  is  more  practical  for  power  MOSFETs,  have  yet  to  be  demonstrated.  In  this  paper,  MOSFET 
results  for  several  different  channel  implantation  doses  and  gate  oxide  anneals  are  obtained  for  devices  in 
implanted  p-wells,  and  characteristics  of  power  DiMOSFETs  fabricated  using  these  techniques  are 
presented. 

The  first  high  voltage  NPN  bipolar  junction  transistors  in  4H-SiC  are  demonstrated.  The  BJTs 
were  able  to  block  1800V  and  showed  an  on-resistance  of  10.8  mD-cm2  at  room  temperature  (/c  =  2.1  A  @ 
Fce  ~  2V  for  a  1  mm  x  1 .4  mm  active  area),  which  outperforms  all  SiC  power  switching  devices  ever 
reported.  Temperature-stable  current  gain  was  observed  for  these  devices.  This  is  due  to  higher  percent 
ionization  of  the  deep  level  acceptor  atoms  in  the  base  region  at  elevated  temperatures,  which  cancels 
effects  of  increased  minority  carrier  lifetime  at  high  temperatures.  These  transistors  show  positive 
temperature  coefficient  in  the  on-resistance  characteristics,  which  enables  easy  paralleling  of  the  devices. 

A  2-mm  x  2-mm,  4H-SiC,  asymmetrical  npnp  Gate  Turn-Off  (GTO)  thyristor  with  a  blocking 
voltage  of  3100  V  and  a  current  turn-off  capability  of  20  A  is  reported.  This  is  the  highest  reported  power 
handling  capability  of  62  kW  for  a  single  device  in  SiC.  The  5-epilayer  structure  utilized  a  blocking  layer 
that  was  50  pm  thick,  p-type,  doped  at  about  7-9x1 0'4  cm'3.  The  devices  were  terminated  with  a  single 
zone  Junction  Termination  Extension  (JTE)  region  formed  by  ion-implantation  of  nitrogen  at  650°C.  The 
device  was  able  to  reliably  tum-on  and  turn-off  20  A  (500  A/cm2)  of  anode  current  with  a  turn-on  gain 
(47/c.on)  of  20  and  a  turn-off  gain  (Ik/IGiOJ$  of  3 . 3 . 


-112- 


Wel-1 

(Invited) 

SiC  Surfaces:  Atomic  Structure  and  Potential  Application  for 
Oxidation,  Stacking  and  Growth 


U.  Starke 


Lehrstuhl  fur  Festkorperphysik,  Universitat  Erlangen- Niirnberg 
Staudtstr.  7,  D-9 1058  Erlangen,  Germany 
phone:  +49-9131-8528405,  fax:  +49-9131-8528400 
email:  ustarke@fkp.physik.uni-erlangen.de 


The  properties  of  SiC  surfaces  have  been  found  to  be  of  importance  in  connection  with 
growth  of  SiC  material  as  well  as  specific  processing  steps  in  the  manufacturing  of  devices. 
SiC  applications  commonly  involve  the  hexagonal  surfaces,  i.e.  the  silicon  or  carbon  termi¬ 
nated  bilayer  truncation  planes  perpendicular  to  the  c-axis.  In  this  paper  the  stable  surface 
phases  and  their  reconstruction  geometries  are  reviewed  for  both  SiC(OOOl)  and  SiC(OOOl), 
the  orientations  nominally  terminated  by  silicon  and  carbon,  respectively.  The  immediate 
relevance  of  the  atomic  surface  structure  for  technological  applications  is  demonstrated  for 
examples  related  to  oxidation,  stacking  and  single  crystal  growth. 

The  different  phases  were  prepared  by  either  ex  situ  hydrogen  treatment  or  by  Si  deposition 
and  annealing  in  vacuum  [1,2].  Their  structure  was  analyzed  using  Scanning  Tunneling 
Microscopy  (STM),  Auger  Electron  Diffraction  (AES),  X-Ray  Photoelectron  Spectroscopy 
(XPS)  and  Low-Energy  Electron  Diffraction  (LEED)  crystallography.  The  SiC(0001)-(3x3) 
phase  consists  of  a  twisted  Si  adlayer  with  all  Si  atoms  four-fold  coordinated  terminated  by  a 
single  Si  adatom  per  unit  cell.  The  extremely  efficient  dangling  bond  saturation  of  this  phase 
allows  step  flow  growth  for  monocrystalline  homoepitaxial  layers  [3].  In  the  (\/3x\/3)R30o 
phase  on  this  surface  the  unit  cell  is  characterized  by  a  single  silicon  adatom  in  the  so-called 
T4  position,  i.e.  coordinated  to  three  Si  atoms  and  one  carbon  atom  of  the  topmost  bilayer. 
A  switch  to  cubic  layer  stacking  can  be  induced  on  hexagonal  SiC  (0001)  samples  when  this 
phase  is  prepared  under  silicon  rich  conditions  [4].  In  contrast,  on  the  SiC(0001)  surface  a 
(2x2)  reconstruction  which  also  contains  one  Si  adatom  per  unit  cell  leads  to  preferential 
hexagonal  stracking  termination  of  the  surface  [5].  This  behaviour  might  be  utilized  as  seed 
for  polytype  heterostructures.  Finally,  an  epitaxially  well  matching  silicon  oxide  monolayer 
with  (v//3x\/3)R30o  periodicity  can  be  prepared  on  both  SiC(0001)  and  SiC(000l)  by  using 
a  hydrogen  etching  or  plasma  treatment  [6].  This  initial  layer  promises  to  facilitate  low 
defect  oxide  films  for  MOS  devices. 

This  work  was  supported  by  Deutsche  Forschungsgemeinschaft  (DFG)  through  SFB  292. 
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The  growth  of  heteropolytypic  structures  based  on  SiC  allows  the  fabrication  of 
heterostructure  devices  using  a  single  semiconductor  material  with  varying  stacking  of 
the  Si-C  bilayers  in  [0001]  direction.  The  molecular  beam  epitaxy  (MBE)  is  a  suitable 
method  to  grow  such  heteropolytypic  systems.  However,  the  conditions  of  a  controlled 
layer-by-layer  MBE  growth  of  different  polytypes  need  a  deeper  understanding. 

In  this  contribution,  a  combination  of  total-energy  (TE)  studies  of  SiC  surface  structures 
with  MBE  growth  experiments  monitored  by  reflection  high-energy  electron  diffraction 
(RHEED)  is  used  to  contribute  to  such  an  understanding.  The  TE  and  electronic- 
structure  calculations  are  based  on  the  ah  initio  pseudopotential-plane-wave  code 
VASP.  A  supersoftening  of  the  nonnormconserving  pseudopotentials  allows  the 
accurate  treatment  of  slabs  with  12  Si-C  bilayers  and  a  corresponding  amount  of 
vacuum.  The  bottom  layer  is  saturated  by  hydrogen.  ^3x^3  and  3x3  reconstructions  are 
considered  to  model  different  stoichiometries  of  the  Si-terminated  surfaces.  Boron  is 
used  to  study  the  adsorbate  influence.  The  SiC  films  were  grown  between  900°  and 
1350°C  in  a  RTBER-EVA  32  MBE  system.  The  source  flux  of  the  materials  Si  and  C  is 
controlled  by  mass-spectrometer  based  flux  meter.  High-quality  nominal  on-axis 
SiC(0001)  wafers  are  used.  The  surfaces  are  prepared  by  in  situ  sublimation  etching  in  a 
Si  flux. 

The  calculations  show  that  stacking  faults  generated  in  different  layers  beneath  the 
surface  of  a  cubic  3C  crystal  are  energetically  unfavourable  in  contrast  to  the  bulk 
situation.  In  general,  a  surface  stabilizes  the  cubic  stacking  in  the  uppermost  atomic 
layers.  However,  the  degree  of  stabilization  depends  on  the  surface  reconstruction.  This 
is  in  agreement  with  observations  of  the  MBE  growth  of  SiC  heterostructures  under 
near  equilibrium  conditions.  The  cubic  polytype  occurs  preferentially  under  Si-rich 
conditions  (i.e.  below  1300°C),  where  at  lower  temperatures  the  Si-rich  3x3 
superstructure  appears.  The  hexagonal  polytypes  grow  under  less  Si-rich  conditions  (i.e. 
about  1300°C)  corresponding  to  the  V3xV3  surface. 

The  TE  studies  of  additional  (pseudomorphically  grown)  cubic  bilayers  on  top  of  4H- 
and  6H-SiC  with  a  V 3xV3  surface  indicate  a  global  minimum  of  the  TE  at  four  equally 
stacked  (i.e.  cubic)  Si-C  bilayers.  This  fact  suggests  a  sensitive  balance  of  surface  and 
bulk  effects  for  the  growth  of  cubic  or  hexagonal  polytypes  on  a  hexagonal  substrate. 
For  the  V3xV3  reconstruction  the  uppermost  layers  grow  with  cubic  stacking.  After  a 
certain  number  of  layers  a  strain-induced  solid  phase  transition  cubic  — »  hexagonal 
should  occur.  The  most  Si-rich  surface  showing  a  3x3  reconstruction  stabilizes  an  in¬ 
plane  lattice  constant  closer  to  the  cubic  value.  In  this  way  a  strain-induced  phase 
transition  is  prevented. 
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Surface  passivation  is  a  central  issue  in  successful  SiC  device  applications.  The  initial  oxidation 
of  4H-SiC(0001)  3x3  and  6H-SiC(0001)  3x3  surfaces  are  investigated  by  valence  band  and  core 
level  photoemission  spectroscopy  using  the  Si  2p  and  C  Is  core  levels.  The  oxidation  is  performed 
at  various  oxygen  exposures  for  room  and  elevated  surface  temperatures  (from  25°C  to  500°C). 
Unlike  silicon  surfaces,  the  oxidation  is  taking  place  at  very  low  oxygen  exposures  with  Si02 
formation  already  at  room  temperature.  The  oxidation  rate  is  significantly  enhanced  at  increasing 
surface  temperatures,  with  formation  of  SiC>2  as  the  dominant  oxidation  product  with  Si^+,  Si^+ 
and  Si+  oxidation  states  present  at  the  interface.  The  C  Is  results  also  indicate  the  existence  of 
oxygen  atoms  bonded  to  both  Si  and  C  species.  Most  significantly,  the  oxidation  process  appears  to 
be  significantly  less  efficient  on  the  4H-SiC(0001)  3x3  surface  with  smaller  amount  of  oxidation 
products  and  presence  of  carbon  species  in  the  oxide  layer.  This  finding  is  relevant  in  view  of  the 
higher  interface  state  densities  generally  observed  for  oxide/4H-SiC(0001)  interfaces. 

Interestingly,  the  oxidation  of  Si  overlayer  pre-deposited  onto  the  surface  result  in  the  formation 
of  carbon  free  SiC>2  with  abrupt  interface  formation  [1]. 

Reference 

1-F.  Amy,  P.  Soukiassian,  Y.-K.  Hwu  and  C.  Brylinski,  Applied  Physics  Letters  75,  3360  (1999). 
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Hydrogenation  provides  an  ideal  termination  of  silicon  and  diamond  (111)  surfaces  in  that  it 
ties  up  all  dangling  bonds  without  the  necessity  for  surface  reconstruction.  We  have 
succeeded  in  saturating  the  hexagonal  (0001)  surface  of  6H-SiC  with  a  monolayer  of 
hydrogen  as  well  by  exposing  the  SiC  crystal  to  pure  hydrogen  at  elevated  temperatures.  The 
photoemission  spectra  show  only  bulk  related  Si  and  C  components  and  give  no  indication  of 
adsorbates  even  after  prolonged  exposure  to  atmosphere.  The  Si-H  bonds  have  been  identified 
through  their  characteristic  stretching  modes  at  around  2130  1/cm  using  fourier  transformed 
infrared  spectroscopy  (FTIR)  (see  Figure).  The  necessary  sensitivity  to  detect  a  monolayer  of 
Si-H  bonds  was  achieved  utilizing  the  attenuated  total  reflection  (ATR)  technique.  The  fact 
that  the  Si-H  stretching  bands  are  only  observed  in  p-polarization  and  not  in  s-polarization 
demonstrates  that  the  Si-H  bonds  are  oriented  perpendicular  to  the  surface. 


Wave  number  (cm'1) 


Low  energy  electron  diffraction  (LEED)  was  employed  to  monitor  the  transition  from  an 
unreconstructed  to  a  reconstructed  surface  as  hydrogen  was  desorbed  at  temperatures  of 
800°C  in  ultrahigh  vacuum.  The  resulting  (\'3xV3)  LEED  pattern  corresponds  to  the  known 
reconstruction  with  Si  adatoms  in  a  T4  position.  The  Cls  core  level  spectra  indicate  that  the 
Si  adatoms  come  from  regions  of  the  surface  which  graphitize  as  a  consequence  of  Si 
depletion.  Thus,  the  formation  of  the  (VSxVS)  reconstruction  is  the  result  of  a  dissociation  of 
the  stoichiometric  SiC  surface  into  Si-rich  and  Si-poor  regions. 
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The  growth  of  heterostructures  of  SiC  polytypes  demands  definite  nucleation  and  growth 
conditions  for  each  polytype.  Up  to  now  a  controlled  and  reproducible  deposition  of  high- 
quality  heterostructures  of  various  polytypes  is  an  unsolved  problem.  Using  solid-source 
molecular  beam  epitaxy,  it  is  possible  to  control  and  vary  the  growth  conditions  of  the  cubic 
and  hexagonal  SiC  polytypes.  Furthermore,  aluminium  nitride  films  on  SiC  or  Si  may  grow 
as  a  cubic  or  hexagonal  polytype  and  show  different  polar  faces.  The  polarity  of  Ill-nitride 
films  is  crucial  for  the  growth  and  the  properties  of  heterostructures. 

The  determination  or  monitoring  of  the  growing  polytype  or  of  the  stacking  in  a  thickness 
range  from  a  double  layer  up  to  a  few  nanometers,  i.e.,  a  few  unit  cells  of  the  most  common 
polytypes,  requires  suitable  characterization  techniques.  Surface  analysis  methods  such  as 
LEED  or  RHEED  are  sensitive  to  a  few  bilayers  only.  We  use  these  techniques  for 
characterizing  the  surface  structure  during  growth  but  an  unambiguous  determination  of  the 
polytype  structure  is  limited  due  to  their  high  surface  sensitivity.  Photoluminescence  as  well 
as  X-ray  diffraction  and  Raman  scattering  are  capable  to  identify  the  polytype  of  thick  films. 
By  high-resolution  transmission  electron  microscopy  a  thin-film  polytype  identification  is 
possible  but  it  is  destructive,  expensive  and  limited  to  local  analyses. 

For  a  nondestructive  determination  of  the  polytype  and  polarity  we  use  the  diffraction  of 
electrons  with  medium  kinetic  energy  of  one  or  a  few  keV  because  their  interaction  length  is 
in  the  nanometer  range  appropriate  to  polytype  unit  cells. 

In  X-ray  photoelectron  diffraction  (XPD),  chemically  resolved  diffraction  patterns  can  be 
measured  for  each  element  separately.  The  information  depth  varies  with  energy  and 
emission  angle  of  the  photoelectrons.  Thus,  XPD  is  useful  to  get  information  on  the  surface 
structure  as  well  as  on  the  polytype  defined  by  a  unit  cell  with  a  few  nanometers  thickness. 
Actually,  we  have  found  that  an  XPD  pattern  of  medium-energy  photoelectrons  at  common 
emission  angles  up  to  70°  is  hardly  influenced  by  surface  structure  or  contamination  but  is 
sensitive  to  the  polytype  structure  and  the  stacking  sequence  of  more  than  10  double  layers. 
The  patterns  can  be  well  described  by  a  single-scattering  cluster  (SSC)  theory.  We  have 
measured  and  calculated  the  diffraction  patterns  of  the  most  common  polytypes  and  their 
polar  faces.  These  patterns  can  be  used  as  fingerprints  for  the  characterization  of  thin  film 
structures.  Furthermore,  a  simulation  of  the  patterns  of  other  polytypes,  of  heterostructures  or 
of  any  stacking  sequence  is  possible  by  SSC  calculations.  This  is  important  for  monitoring 
epitaxial  growth  and  has  been  applied  to  in  situ  grown  heterostructures  of  SiC  polytypes. 

XPD  is  also  useful  to  identify  the  polar  faces  of  various  polar  crystals  in  a  nondestructive 
way.  Especially,  the  determination  of  Si  (0001)  and  C  (000-1)  face  of  the  common  SiC 
polytypes  is  easy  because  of  the  very  different  scattering  of  the  photoelectrons  in  normal 
direction  to  the  surface. 

A  quick  identification  of  a  thin  film  polytype  is  also  possible  by  the  technique  of  electron 
channeling  pattern  (ECP).  In  contrast  to  XPD,  it  utilizes  the  scattering  of  the  incident  beam  in  a 
scanning  electron  microscope  and  is  not  element  specific.  As  the  electron  energy  can  be  easily 
changed  within  a  wide  range,  the  information  depth  can  be  varied  to  identify  the  polytype  in 
thicker  films,  too. 

This  work  is  supported  by  the  Deutsche  Forschungsgemeinschaft  (SFB  196). 
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Field  effect  sensors  based  on  silicon  carbide  have  been  demonstrated  for  different  industrial 
applications  including  rough  environments  like  high  temperatures  and  corrosive  gases  [1]. 
Metal  insulator  silicon  carbide,  MISiC,  Schottky  diode  devices  as  well  as  FET  transistor 
devices  that  can  be  operated  up  to  700°C  [2,3]  have  been  used.  Some  device  design 
considerations  will  be  given. 

For  operation  temperatures  above  600°C  the  MISiC  sensors  respond  within  milliseconds  to  a 
change  between  an  oxidizing  and  reducing  atmosphere,  and  cylinder  specific  monitoring  of  a 
combustion  engine  has  been  demonstrated  [4].  Changing  the  temperature  in  the  range 
between  200  -  500°C  and  changing  the  type  and  structure  of  the  gate  metal  give  sensors  with 
diverse  response  patterns  to  different  components  in  e.g.  exhaust  gases  and  flue  gases. 

Urea  or  ammonia  is  used  for  Selective  Catalytic  Reduction  (SCR)  of  nitric  oxides  in  diesel 
exhausts.  Sensor  devices  operating  at  300°C  in  diesel  exhausts  show  high  selectivity  to 
ammonia  molecules  [5].  At  a  higher  temperature,  about  500°C,  some  selectivity  to  HC  is 
found  in  synthetic  petrol  exhausts.  Boilers  of  the  size  0.5  —  5  MW  constitute  a  potential 
market  for  combustion  monitoring  sensors.  MISiC  devices  used  for  monitoring  of  flue  gases 
showed  high  selectivity  to  changes  in  the  carbon  monoxide  concentration  [6]. 

From  aging  of  milk  hexanal  is  produced,  just  like  from  aging  of  many  other  kind  of  foodstuff. 
MISiC  sensors  responded  to  the  headspace  of  milk  samples  to  which  different  concentrations 
of  hexanal  was  added. 
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Itoh  et  al  have  shown  that  co-implanting  C  with  A1  increases  the  hole  carrier 
concentration,  and  Zhao  et  al ,  have  shown  that  this  reduces  the  sheet  resistance  and 
ohmic  contact  resistance.  Because  co-implanting  Si  with  Al  lowers  the  carrier 
concentration,  it  has  been  suggested  that  implanting  with  C  encourages  the  Al  to  occupy 
Si  sites.  This  cannot  be  the  whole  story  as  increasing  the  C  concentration  beyond  the 
optimum  C/Al  ratio  of  1:5  causes  the  carrier  concentration  to  decrease  when  the 
implanted  Al  concentration  was  5  x  1018  cm'3.  In  addition,  Al  naturally  prefers  Si  sites 
because  Al  and  Si  atoms  are  similar  in  size  and  Al-C  bonds  are  energetically  favored. 
Also,  at  the  temperatures  used  to  activate  the  implanted  Al  (>1600  °C)  the  preferential 
evaporation  rate  of  the  Si  is  large  enough  to  create  a  significant  number  of  Si  vacancies. 
The  reason  it  is  so  difficult  to  ascertain  what  is  actually  occurring  is  that  a  number  of 
effects  occur  simultaneously,  and,  in  all  likelihood,  are  synergistic.  They  include 
annealing  out  the  implant  damage,  activating  the  implant,  and  creating  additional  point 
defects  through  the  preferential  evaporation  of  Si.  One  cannot  easily  separate  the  latter 
two  effects  as  they  begin  to  occur  at  detectable  rates  at  about  the  same  temperature,  but 
this  problem  to  some  extent  can  be  overcome  by  using  an  AIN/C  cap. 

We  have  attempted  to  sort  out  the  effects  of  co-implantation  by  examining  box 
implants  of  Al  or  Al  and  an  equal  amount  of  C  that  were  used  to  create  an  approximately 
uniform  doping  level  of  1  x  1020  cm'3  to  a  depth  of  0.3  pm  that  were  capped  and  annealed 
at  various  temperatures  for  30  min.  For  the  samples  that  were  implanted  only  with  Al 
and  annealed  at  1400  °C,  the  sheet  resistance,  Rd>  1  06  Q/DI  t  decreased  as  the 
measurement  temperature,  Tm,  increased,  and  it  was  more  than  an  order  of  magnitude  less 
when  Tm  =  150  °C.  This  suggests  that  there  are  some  defect  acceptor  states  that  can  be 
thermally  accessed  at  the  higher  measuring  temperatures.  The  effects  of  these  states,  if  in 
fact  they  still  exist  after  a  1500  °C  anneal,  are  dominated  by  what  we  presume  to  be  Al 
acceptor  states  for  now  Rq=  80  Q/Bn  d  it  rises  to  90  Q/Bt  1 50  °C.  Presumably,  the 
lower  R[j=  8.5  Q/Dafter  a  1600  °C  anneal  can  be  attributed  to  an  increase  in  the  number 
of  Al  implants  that  have  been  activated.  The  results  for  the  co-implanted  samples  are 
quite  different  in  that  Ra=  70  Q/B  fter  the  1400  °C  anneal,  is  12  Q/Bfte  r  the  1500°C 
anneal,  but  is  35  Q/Dafter  the  1600  °C  anneal.  This  suggests  that  initially  C  implants 
facilitate  the  activation  of  Al  implants,  but,  as  they  approach  their  equilibrium  positions, 
they  create  states  that  in  some  way  compensate  the  Al  acceptors.  That  this  occurs  is 
further  established  by  the  fact  that  samples  annealed  with  a  C  cap  have  much  larger  Rq 
(17,000  QJ  Dfor  samples  annealed  at  1500  °C  and  11,000  Q/3or  samples  annealed  at 
1600  °C)  that  decrease  substantially  as  Tm  increases.  To  try  to  better  understand  what  is 
occurring,  we  are  currently  looking  at  the  samples  with  EPR  and  PL  as  well  as  samples 
annealed  at  1700°C. 


-119- 


We2-3 


Effect  of  residual  damage  on  carrier  transport  properties  in  a  4H-SiC  double  implanted 
bipolar  junction  transistor 

IS.  Ortolland,  *N.G.  Wright,  [C.M.  Johnson,  2A.  Knights,  3P.G.  Coleman 

department  of  Electronic  and  Electrical  Engineering,  Merz  Court,  University  of  Newcastle,  NE1  7RU 
Newcastle  upon  Tyne,  UK.  Tel :  +44  (0)  191  222  7597,  Fax  :  +44  (0)  191  222  8180,  email : 
sylvie.ortolland@ncl.ac.uk 

2School  of  Electronic,  Engineering,  Information,  Technology  and  Mathematics,  University  of  Surrey,  Guildford 
GU2  5XH,  UK 

department  of  Physics,  University  of  Bath,  Claverton  Down,  Bath  BA2  7AY,  UK. 


Abstract 

Nitrogen  implantation  into  a  boron  implanted  layer  is  performed  in  order  to  make  a  double-implanted  bipolar 
transistor.  The  effect  of  various  implant  and  anneal  schedules  on  two  key  device  parameters  is  studied  :  1)  ohmic 
contact  resistance  of  the  highly  doped  implanted  emitter  and  2)  electron  transport  properties  in  the  boron 
implanted  base.  The  effects  of  post-implant  anneal  conditions  on  the  level  of  residual  damage  under  the  nitrogen 
implant  after  different  anneal  processes  is  investigated  using  the  PAS  and  RBS  techniques.  The  PAS  data  (Fig.2) 
show  clearly  that  after  implantation  there  is  a  substantial  defect  concentration  as  far  as  500nm  -  significantly 
below  the  range  of  the  implant  (in  this  case  150nm).  However  such  damage  is  almost  completely  recovered  after 
anneal  in  contrast  with  the  damage  close  to  the  implant  range  point.  Such  damage  lies  well  within  the  emitter 
region  of  the  device  and  may  thus  not  significantly  affect  electron  transport  in  the  base.  The  RBS  channeling  data 
(Fig.3)  again  show  that  the  majority  of  the  damage  is  recovered  by  the  anneal  process.  On  the  other  hand,  we  note 
that  a  swelling  damage  occur  after  nitrogen  implantation  into  the  boron  p-well  (Fig.4)  but  can  be  partially 
removed  after  annealing.  The  electrical  characteristics  of  simple  BJT  transistors  with  breakdown  voltages  in 
excess  of  1000V  and  common-emitter  gains  of  ~2  are  described  and  related  to  the  level  of  residual  damage. 


base 
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Fig.  1 :  Basic  bipolar  transistor  used  in  this  paper  as  a  test 
structure  for  physicochemical  analyses  and  electrical 
measurements. 
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Fig:3:  RBS-c  data  for  nitrogen  implanted  4H-SiC 
samples.  Unimplanted  (solid  line),  as-implanted  (dashed 
line),  annealed  at  1300°C  (dotted  line),  annealed  at 
1600°C  (dot-dash  line). 


Incident  positron  energy  (keV) 

Fig.2:  Positron  S  parameter  versus  positron  for  As-grown 
(solid  circles)  and  as-implanted  samples  (open  circles), 
annealed  for  30  min  at  1300°C  (squares)  or  1600°C 
(triangles). 
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Fig.4:  Profilometric  picture  of  a  double  implanted 
(nitrogen  into  p-well)  4H-SiC  surface  after  a  1700  C 
anneal.  The  50  nm-high  steps  correspond  to  nitrogen 
implanted  areas. 
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Electronic  devices  made  from  silicon  carbide  (SiC)  are  on  the  edge  to  be  commercialized.  To 
fabricate  SiC  devices,  the  formation  of  pn-junctions  has  become  a  critical  issue,  especially  for  power 
devices  such  as  MOSFETs  and  IGBTs  operating  at  voltages  in  the  kV  range.  Because  of  the 
possibility  to  selectively  dope  through  masking  techniques,  ion  implantation  is  a  key  technology  for 
the  fabrication  of  pn-junctions  in  SiC,  as  diffusion  is  not  applicable  due  to  low  diffusion  coefficients 
of  commonly  used  acceptor  and  donor  dopants.  In 
this  study,  we  investigated  pn-junction  diodes 
implanted  with  MeV  acceptor  ions  using  isothermal 
capacitance  transient  spectroscopy  (ICTS). 

N-type  4H-SiC  epilayers  with  a  donor 

concentration  of  1-2-1015  cm'3  have  been  implanted  50 
at  room  temperature  with  aluminum  (Al)  and  boron 
(B)  ions.  The  total  implanted  Al  and  B  fluence  was  40 
adjusted  to  form  a  3  jam  box  profile  with  an  atomic  ^ 
acceptor  concentration  of  around  1T018  cm'3.  Post 
implantation  anneal  was  performed  at  temperatures  30 
of  1600  °C  and  1800  °C  for  30  min  in  argon  -o 
atmosphere.  In  addition,  the  effect  of  carbon  co-  +-  20 
implantation  as  a  possible  way  to  enhance  the  ^ 
electrical  activation  of  the  implanted  acceptor  5f 
species  was  investigated.  i  o 

ICTS  measurements  at  temperatures  in  the  range  of 
120  K  to  400  K  were  performed  with  various 
biasing  conditions  to  determine  the  concentration 
and  ionization  energy  of  deep  centers  in  the  vicinity 
of  the  pn-junction.  Compared  with  conventional  -io 
deep  level  transient  spectroscopy  (DLTS),  ICTS  is 
not  limited  by  trap  concentrations  higher  or  close  to 
the  doping  concentration.  This  allows  the  Fig.l  KTS-spectra  at  room  temperature  for  an 
acquisition  of  ICTS-spectra  under  forward  bias  and  Al-implanted  pn-diode  obtained  at  different 

pulse  conditions.  The  intention  was  to  limit  the  reverse  bias  Vr  with  1  V  pulse  voltage, 

extension  of  the  depletion  region  close  to  the 

vicinity  of  the  actual  pn-junction  in  order  to  electrically  probe  the  transition  area  between  the  layer 
damaged  by  the  ion  implantation  and  the  virgin  epilayer. 

Depending  on  the  bias  conditions,  the  ICTS -measurements  resulted  in  a  variety  of  negative  and 
positive  transients,  corresponding  to  dips  and  peaks  in  the  ICTS-spectra  (fig.  1).  It  was  found  that 
some  dips  and  peaks  are  appearing  at  similar  time  position,  indicating  that  they  are  related  of  the 
same  trap  (e.g.  trap  1  in  fig.l).  In  general,  we  observed  two  groups  of  traps.  An  Arrhenius  analysis  of 
the  trap  energies  revealed  that  one  group  can  be  related  to  the  shallow  dopants  such  as  nitrogen, 
aluminum,  and  boron.  The  second  group  consists  of  deep  centers  with  an  ionization  energy  of 
500  meV  to  700  meV.  These  deep  centers  could  be  attributed  to  remaining  implantation  damage  (e.g. 
Zj -center)  or  the  deep  boron  center  (D-center).  The  concentration  of  the  deep  centers  were  reduced 
by  up  to  a  factor  of  10  in  the  diodes  annealed  at  1800  °C,  indicating  that  higher  post  implantation 
annealing  temperatures  are  required  for  better  device  performance  due  to  a  reduced  concentration  of 
possible  recombination  centers  limiting  the  carrier  lifetime. 


1 0‘5  1 0'4  1 0'3  i  o*2  i  o*1  i  o° 

time  (s) 


-121- 


We2-5 


High  Temperature  10  Bar  Pressure  Sensor  based  on  3C-SiC/SOI  for  Turbine  Control 

Applications 


S^Zappe1,  J.  Franklin1,  E.  Obermeier1,  M.  Eickhoff2*,  H.  Moller2+,  G.  Krotz2,  C.  Rougeot3,  O.  Lefort3, 

J.  Stoemenos4 

’Technical  University  of  Berlin,  Germany 
Seer.  TIB  3.1,  Gustav-Meyer-Allee  25,  13355  Berlin,  Germany 
phone:  +49  30  314-72843,  fax:  +49  30  314-72603,  email:  zappe@matee.tu-berlin.de 
2DaimlerChrysler  Research  and  Technology,  Munich,  Germany 
3  Sextant  Avionique,  Valence,  France 
4Aristotle  University  of  Thessaloniki,  Greece 
‘now  at:  Infineon  Technologies,  Munich  ;  +now  at  Deutsche  Bahn  Research,  Munich 


The  FE  simulation,  fabrication  and  characterization  of  a  membrane-type  piezoresistive  pressure  sensor  with 
piezoresistors  consisting  of  3C-SiC  will  be  presented.  The  nominal  pressure  of  the  device  is  Pnom  =  10  bar,  the 
maximum  operating  temperature  is  T  >  400  °C.  The  sensitivity  at  RT  is  S  =  0.5  mV/V  bar.  The  device  is  suitable 
for  turbine  control  applications. 

The  membrane  of  the  device  was  defined  by  ICP  etching  of  a  UNIBOND  SOI  wafer  (Figure  1).  Due  to  the 
vertical  sidewalls  of  the  etching  process,  the  desired  pressure  range  of  the  device  can  simply  be  adjusted  by 
controlling  the  etch  depth/membrane  thickness. 

An  absolute  pressure  sensor  with  a  closed  cavity  was  realized  by  bonding  the  structured  UNIBOND  wafer  to  a 
silicon  wafer.  A  2.5  pm  thick  SiC  layer  was  deposited  onto  the  SOL  of  the  UNIBOND  wafer  on  top  of  the  sensor 
cell  at  1220  °C  using  methylsilane.  In  situ  doping  was  achieved  by  adding  NH3  to  the  process  gas.  The  3C-SiC 
piezoresistors  were  structured  by  RIE.  The  resistors  were  connected  in  a  Wheatstone  bridge  configuration. 

An  overload  protection  was  realized  by  choosing  a  centerboss  structure.  The  temperature  dependent  output 
characteristics  of  a  sensor  with  a  60  pm  thick  membrane  are  shown  in  Figure  2.  At  10  bar,  the  centerboss  touches 
the  ground.  The  sensitivity  is  decreased  in  the  overload  range  (P  >  10  bar)  from  the  nominal  sensitivity  of 
S  =  0.5  mV  TV  bar  to  the  reduced  value  of  S  —  0.03  mV/V  bar.  High  temperature  measurements  (up  to 
T  =  400  °C)  are  currently  in  progress  and  will  also  be  presented. 


centerboss 


3C-SiC  Piezoresistors 
UNIBOND  SOI  wafer 

Si  Substrate 


Fig.  1:  Cross-section  of  the  sensor  cell.  A  UNIBOND  SOI  wafer  is  structured  by  ICP  etching  in  an  STS  machine. 
The  etched  wafer  is  bonded  to  a  silicon  substrate  and  the  3C-SiC  layer  is  deposited  onto  the  UNIBOND  wafer. 
The  piezoresistors  are  structured  by  RIE  (reactive  ion  etching)  in  an  SF^  plasma. 
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Fig.  2:  Left:  Output  characteristic  at  room  temperature.  At  a  pressure  of  10  bar,  the  centerboss  touches  the 
ground.  Right:  Output  charcteristics  at  various  temperatures.  High  temperature  measurements  (up  to  400  °C)  are 
currently  in  progress.  (Supply  voltage  during  measurements:  5  V). 
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The  residual  defects,  which  are  present  in  all  forms  of  SiC  materials,  play  an  important 
role  in  current  technology.  To  achieve  a  better  yield  for  processing  devices,  they  have  to  be 
mastered  and,  as  far  as  possible,  eliminated.  This  makes  rapid  and  non  destructive  optical 
characterization  methods  more  and  more.  In  the  case  of  4H  and  6H-SiC  wafers,  for  instance, 
absorption  measurements  have  been  shown  to  allow  fast,  non-contact  and  non-destructive  on¬ 
line  measurements  of  the  spatial  doping  homogeneity  [1].  However,  in  many  cases,  such 
simple  optical  methods  suffer  from  intrinsic  limitations  due  to  the  wide  (indirect)  band  gap 
nature  of  the  material  [2].  This  makes  light  scattering  techniques,  like  micro-Raman, 
increasingly  appealing.  Moreover,  provided  it  is  used  in  a  non  standard  (transverse) 
configuration,  micro-Raman  spectroscopy  allows  to  probe  in-depth  perturbation  effects.  Since 
the  optical  phonons  are  sensitive  to  strain  fluctuations  and  dislocations,  one  finds  specific 
(additional)  contributions  to  the  linewidth  and  shift.  In  this  work,  we  will  consider  the 
interaction  of  optical  phonons  with  carriers  and  random  imperfections  of  different  natures. 

Concerning  preparation  of  bulk  SiC  wafers,  for  instance,  we  will  show  that  micro- 
Raman  spectroscopy  constitute  a  very  interesting  tool  to  evaluate  the  extent  of  subsurface 
damage  in  n-type  4H  and  6H-SiC.  Because  one  can  probe  the  LO-phonon-plasmon-coupled 
modes  at  various  distance  from  the  polished  surface,  and  because  subsurface  damage 
influences  dramatically  the  carrier  concentration,  the  coupled  mode  frequency  shifts.  Then, 
from  a  line-shape  analysis  [3,4]  the  plasmon  frequency  and  carrier  concentration  can  be 
obtained. 

Concerning  implantation  effects,  we  have  performed  SiC  investigations  using  both 
micro-Raman  and  infra-red  reflectivity  techniques.  Results  on  implantation  damage  in  bulk 
SiC  after  1  MeV  proton  implantation  [5]  and  implantation  damage  annealing  after  200  keV 
aluminum  implantation  in  4H  epitaxial  layers  [6,  7]  will  be  discussed. 
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15R  SiC  has  important  advantages  over  4H  and  6H  SiC  for  certain  device  applications. 

We  will  present  our  measurements  of  the  spin  orbit  and  crystal  field  splittings  of  the  valence  bands 
of  15R  SiC.  The  samples  are  0.2  cm  thick  slices  of  high  quality  boule  material  cut  parallel  to  the 

(l  1 00)  face  and  polished.  The  wavelength  derivative  of  the  absorption  coefficient  da/dX.  was 
measured  at  2K  using  modulation  spectroscopy. 


Energy  (eV) 


The  figure  shows  spectra  measured  with 
polarizations  (a)  E  ±  c  and  (b)  E II  c.  To  assist  the 
interpretation,  we  have  also  measured  the  2K 
photoluminescence  (LTPL)  spectrum  of  a  15R 
SiC  homoepitaxial  film  with  very  low  background 
doping.  The  Etc  LTPL  spectrum  shows  ten 
intrinsic  lines  associated  with  momentum 
conserving  phonon  assisted  recombination  of  free 
excitons.  The  peak  at  3.065  eV  in  the  E  _l  c 
modulated  absorption  spectrum  (a)  is  identified  as 
the  77  meV  phonon  replica  in  the  LTPL  spectrum. 
For  the  E  x  c  spectrum  we  observe  features 
corresponding  to  all  ten  phonon  energies 
measured  in  the  LTPL  spectrum.  Features 
assigned  to  the  same  phonon  for  the  spin  orbit 
split  valence  bands  are  indicated  in  both  parts  of 
the  figure.  The  spin  orbit  splitting  is  Aso  =  7.0  ± 
0.3  meV,  which  agrees  with  the  much  less 
accurate  value  obtained  by  Humphreys  et  al.  [1]. 
Preliminary  analysis  indicates  a  value  of  about  Aq: 
=  50  meV  for  the  crystal  field  splitting.  This  value 
is  consistent  with  our  previous  results  for  6H  [2] 
and  4H  SiC  [3],  based  on  the  calculated  linear 
dependence  of  Aq.-  on  hexagonality  [4], 
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The  excitonic  bandgap,  i.e.  the  lowest  energy  of  an  intrinsic  free  exciton  (FE),  is  known  for 
many  SiC  polytypes.  However,  there  are  no  reliable  values  for  the  binding  energy  of  FE  in  none  of  the 
polytypes  (see  Ref.l  for  a  review).  Consequently,  the  energy  position  of  the  conduction  band  remains 
unknown. 

In  this  study,  the  photoconductivity  (PC)  spectra  of  6H-SiC  are  measured  at  low  temperature, 
aiming  at  the  determination  of  the  binding  energy  of  FEs.  In  a  perfect  crystal,  one  would  expect  in 
general  that  the  FEs,  being  electrically  neutral,  would  not  contribute  to  the  photocurrent,  unless  they 
are  excited  in  the  continuum  of  non-bound  states  (above  the  edge  of  the  conduction  band).  In  this 
latter  case,  there  exists  a  probability  that  the  electron  and  hole  excited  by  light  will  be  separated  away 
in  externally  applied  electric  field  before  they  relax  to  a  lower  exciton  bound  state,  or  recombine. 
They  will  thus  contribute  to  the  photocurrent.  The  conduction  band  edge  (the  exciton  continuum) 
would  be  indicated  by  a  sharp  increase  in  the  photocurrent,  as  soon  as  the  energy  of  the  exciting  light 
minus  the  lowest  energy  of  a  lattice  phonon  needed  to  conserve  the  momentum  is  enough  to  reach  the 
bottom  of  the  exciton  continuum. 

However,  in  a  real  crystal,  FEs  are  very  efficiently  (=rapidly)  captured  to  shallow  impurities, 
where  the  fastest  recombination  mechanism  is  by  Auger  process,  which  produces  free  carriers 
(electrons  in  the  case  of  binding  to  donors,  or  holes  in  the  case  of  acceptors).  Thus  they  contribute  to 
the  photocurrent,  which  is  very  well  illustrated  in  the  spectra  taken  from  highly  or  moderately  doped 
samples,  where  the  sharp  increase  in  the  photocurrent  occurs  at  the  excitonic  bandgap  plus  the  lowest 
energy  of  a  suitable  phonon,  known  as  absorption  edge.  Since  at  this  energy  also  the  onset  of  the 
fundamental  absorption  occurs  [Ref. 2],  the  PC-spectrum  resembles  an  absorption  spectrum  in  this 
case. 

In  very  low-doped  samples  (ND-NA  ~  1013  cm'3),  we  have  observed  saturation  of  the 
photocurrent  related  to  recombination  of  free  excitons  via  the  mechanism  mentioned  above:  capturing 
to  impurity  ->  Auger  recombination.  As  the  incident  light  energy  increases  above  the  fundamental 
absorption  edge,  more  and  more  excitons  are  created  per  unit  time  until  the  capturing  impurities  are 
saturated.  Further  increase  of  the  exciting  photon  energy  does  not  increase  the  photocurrent.  Actually, 
a  decrease  is  observed,  due  to  the  decreasing  penetration  depth  of  the  incident  light.  At  energy  of  the 
incident  light  such  that  free  carriers  are  created  (in  the  exciton  continuum),  the  photocurrent  starts 
increasing  again,  and  exibits  the  well  known  from  the  absorption  "step-like"  features  [2].  Similar  to 
absorption,  the  steps  in  the  PC-spectrum,  are  due  to  the  involvment  of  various  phonons  in  the  process 
of  indirect  generation  of  carriers  via  absorption  of  photon  and  emission  of  momentum-conserving 
phonon  at  low  temperature.  This  enables  us  to  determine  the  energy  position  of  the  bottom  of  the 
conduction  band  (the  exciton  continuum)  at  about  60  ±  5  meV  above  the  excitonic  bandgap  (3023 
meV  in  6H-SiC),  which  determines  also  the  binding  energy  of  free  excitons.  Thus,  the  only  reported 
value  for  the  binding  energy  in  6H-SiC  of  78  meV  (Ref. 3,  see  also  Ref.l)  seems  to  be  overestimated. 
Some  preliminary  measurements  on  4H-SiC  will  also  be  presented.  The  results  are  compared  with  a 
theoretical  estimation  based  on  the  isotropic  hydrogenic  model. 
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Studies  have  been  conducted  on  the  carrier  recombination  radiation  properties  across 
operating  4H-SiC  p+/n'/n+  structures.  Evaluation-type  diodes  with  Al/B -implanted  p+  anodes 
and  30  pm-thick  low-doped  n  base  regions  epitaxially  grown  by  CVD  on  commercial  n 
substrates  were  investigated.  The  utilized  experimental  method  is  based  on  spectrally 
resolved  imaging  of  electroluminescence  (EL)  emitted  from  the  cross-sectional  plane  of 
forward  biased  diodes.  An  optical  emission  microscopy  setup  equipped  with  a  LN-cooled 
CCD  camera  and  an  imaging  spectrometer  was  employed  to  obtain  the  in-depth  mappings  of 
EL  in  a  temperature  range  of  100-400K.  The  spectral  content  of  the  luminescence  across  the 
active  region  was  analyzed  as  a  function  of  injection.  The  results  show  that  with  rising 
forward  bias,  the  prevailing  at  low  currents  deep-boron  related  recombination  within  the  p-n 
junction  depletion  region  ("green")  is  gradually  taken  over  by  emission  from  the  injection 
regions  via  shallow-dopant  transitions  ("blue").  Interestingly,  this  band-edge  EL  component 
is  found  to  extend  deep  into  the  substrate,  apparently  resulting  from  excess  carrier  diffusion 
and  recombination.  The  effective  diffusion  length  (Leff )  of  minority  carriers  was  directly 
estimated  from  the  profiles  of  EL  penetration  into  the  4H-SiC  substrate.  A  considerable 
dissimilarity  of  light  emission  from  different  p+/ri/n+  structures  was  observed,  yielding  Leff 
values  for  holes  in  the  range  from  15  to  30  pm  at  room  temperature.  The  observed  differences 
in  Leff  are  discussed  taking  into  account  doping  inhomogeneity,  carrier  trapping,  self-heating 
effects  and  also  processing-induced  changes  in  material  properties. 
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Fig.  1.  Spectral  content  of  EL  emission  across  the  4H-SiC  p+/n-/n+ 
structure  at  room  temperature  (100  A/cm2). 
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Nowadays  the  method  of  nuclear  transmutation  doping  (NTD)  of  silicon  using  the  reaction 

3^Si  +  n  (thermal)  ->  31p  +  is  a  standard  technique.  Thus  extraordinary  homogeneous 
doped  n-type  Si  is  produced  for  high  power  device  technology  (1).  That  NTD  is  also  a  useful 
doping  technique  for  SiC  was  shown  in  (2,  3).  But  the  doping  concentrations  to  be  achieved 
due  to  concentrations  of  background  impurities  are  orders  of  magnitudes  higher  in  SiC  as  in 
Si. 

Therefore  one  has  to  apply  higher  fluences  of  neutrons  for  getting  a  homogeneous  doping 
level  in  SiC  which  is  dominated  by  phosphorous.  The  higher  energetic  part  of  a  moderated 
neutron  reactor  spectrum  (fast  neutrons)  is  responsible  for  the  lattice  damage  in  the  volume  of 
SiC  to  a  high  extend.  In  order  to  prove  the  practical  value  of  this  method  the  mechanisms  of 
damage  production  and  the  behaviour  at  thermal  annealing  of  generated  defects  have  to  be 
studied. 

We  characterized  the  annealing  behaviour  of  SiC  samples  after  applying  neutron  fluences  with 
different  energy  distributions.  Epitaxial  4H  and  6H  layers  of  p-  and  n-type  on  substrates  of  the 
same  kind  were  irradiated  in  different  reactor  positions  with  an  applied  fluence  of  thermal 

neutrons  of  10^  cmr^  to  6.3  x  10^®  cm~2  with  achieved  concentrations  of  phosphorous 
between  3  x  10^  cm^  and  1  x  10^  cm~3  whereas  the  applied  fluence  of  fast  neutrons 
variied  by  a  factor  of  approx.  10^.  Thus  the  p-type  layers  become  n-type  after  annealing  at 
high  temperatures. 

After  irradiation  the  samples  were  subsequently  annealed  at  temperatures  between  600°C  and 
2000°C  for  half  an  hour  in  different  atmospheres.  The  Number  of  radiation  defects  decreases 
with  increasing  annealing  temperature,  which  is  leading  to  well  known  residual  defect 
structures  in  most  cases.  Because  of  the  homogeneous  distribution  of  radiation  defects 
generated  by  fast  neutrons  the  defect  structures  can  be  characterized  by  Low  Temperature 
PhotoLuminescence  (LTPL),  Fourier  Transform  InfraRed  spectroscopy  (FTIR),  I-V  and  C-V 
measurements. 

Further  these  measurement  techniques  show  that  the  fast  neutrons  are  reasonable  causing 
lattice  damages  in  the  tested  range  of  fluences.  The  phosphorous  impurity  was  additionally 
characterized  by  Halleffect  and  FTIR  measurements. 
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(2)  H.  Heissenstein,  C.  Peppermueller  and  R.  Helbig,  Journal  of  appl.  Phys.,  83,  12, 7542 
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The  frequencies  of  vibrational  modes 
in  a  solid  depend  on  the  interatomic  force 
constants  and  the  atomic  masses.  Chang¬ 
ing  the  mass  of  one  kind  of  atoms  by  iso¬ 
topic  substitution  in  a  binary  compound 
such  as  silicon  carbide  (SiC)  results  in  a 
change  of  the  frequencies  of  modes  in  a 
small  but  characteristic  way  that  can  be 
monitored  by  Raman  spectroscopy  [1]. 

We  have  grown  6H-SiC  using  a  modi¬ 
fied  Lely  technique  (physical  vapor  trans¬ 
port  (PVT))  [2]  with  a  source  material  ob¬ 
tained  by  sintering  a  stoichiometric  mix¬ 
ture  of  99%  pure  13 C  and  silicon  powder 
with  natural  isotope  composition.  Due  to 
.  the  incorporation  of  12C  from  the  crucible 

C  Concentration  (%)  we  0ktain  CIyStals  with  a  concentration  of 

13C  up  to  60%.  In  this  work,  the  influence  of  isotopic  disorder  in  these  samples  is 
investigated.  As  can  be  seen  in  the  figure,  the  phonon  linewidth  increases  with  in¬ 
creasing  13C  concentration.  Moreover,  the  zone-center  TO(O)  mode  is  only  weakly 
broadened,  whereas  larger  broadening  occurs  for  the  TO  (2/6)  mode  and  particulary 
for  the  TO (6/6)  mode.  We  explain  these  effects  in  the  framework  of  the  elastic  scat¬ 
tering  theory  of  Tamura,  where  the  scattering  rate  is  determined  both  by  the  mass 
variance  and  by  the  phonon  density  of  states  [3].  Our  results  are  in  agreement  with 
this  theory.  The  mass  variance  is  responsible  for  the  line  broadening  with  increasing 
13C  concentration,  whereas  the  variation  of  the  linewidth  of  the  different  modes  can 
be  ascribed  to  the  variation  of  the  phonon  density  of  states  at  the  corresponding  mode 
frequencies. 

[1]  F.  Widulle,  T.  Ruf,  0.  Buresch,  A.  Debernardi,  and  M.  Cardona, 

Phys.  Rev.  Lett.  82,  3089  (1999). 

[2]  N.  Schulze,  D.  L.  Barrett,  and  G.  Pensl,  Appl.  Phys.  Lett.  72,  1632  (1998). 

[3]  S.  Tamura,  Phys.  Rev.  B  27,  858  (1983). 
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E3.  Characterization  of  material  properties:  electrical  &  optical  properties  of  SiC 


Micro-Raman  and  Photoluminescence  Study  on  n-type  6H-SiC 
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Research  and  development  of  SiC  materials,  devices  and  applications  have  gained 
much  attention  in  recent  years.  The  demand  for  good  quality  SiC  wafers  is  increasing.  A 
convenient  technique  of  characterisation  is  needed  to  promote  these  demands,  in  particular 
for  industrial  production.  This  technique  should  be  non-destructive,  performed  at  room 
temperature  (RT),  easily  operated,  efficient  to  provide  more  information,  and  fast  for  quality 
control.  Here  we  present  a  method  to  characterise  the  SiC  wafer  materials  by  the  combined 
UV  Raman  and  photoluminescence  (PL)  measurement  via  a  Renishaw  microscopic  system. 
A  series  of  N-doped  n-type  6H-SiC  bulk  wafers  are  studied. 

Figure  1.  Combined  PL-Raman 
spectra  of  bulk  6H-SiC,  one 
un-doped  and  five  N-doped  with  ? 

different  doping  levels  or  resistivity  £ 

values ,  listed  in  the  figure.  Spectra  | 

were  measured  at  RT  and  under  § 

excitation  of 325  nm. 


Figure  1  shows  a  series  of  combined  UV  Raman-PL  spectra  from  one  un-doped  6H- 
SiC  as  a  comparison,  and  five  n-type  6H-SiC  commercial  wafers  with  resistivities  of  0.032, 
0.057,  0.087,  0.147  and  0.33  O-cm,  corresponding  to  N-doping  levels  of  6.56,  2.28,  1.05, 
0.40  and  0.11  xlO18  cm’3,  respectively.  Each  spectrum  consists  of  sharp  lines  beyond  3.5  eV 
which  are  6H-SiC  characteristic  Raman  lines  excited  from  325  nm,  a  band  with  a  peak  at 
2.92  eV  which  is  the  RT  band  edge  luminescence  from  6H-SiC  and  its  phonon  replica  at  2.83 
eV  as  the  shoulder  in  the  low  energy  side,  and  a  broad  band  centred  at  2.2  eV  in  the  range  of 
1.7-2. 7  eV,  which  is  related  to  defects  in  6H-SiC. 

Correlations  between  the  6H-SiC  material  properties  and  these  Raman-PL  spectral 
features  can  be  established  through  further  spectral  analyses  and  ratio  comparison  among 
them.  For  example,  it  is  found  that  the  intensity  ratios  between  the  2.2-eV  defects-related 
band  and  the  2.9-eV  PL  band,  and  between  the  2.9-eV  edge  band  and  the  first  order  strongest 
transverse  optical  (TO)  and  longitudinal  optical  (LO)  phone  modes,  are  varied  with  N-doping 
levels.  These  can  also  be  used  as  merits  of  SiC  material  quality.  Their  mapping  distributions 
further  manifest  the  quality  variations  over  the  whole  wafer.  This  method  provides  a  good 
tool  for  the  quality  control  of  SiC  production. 
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Atomic  masses  strongly  influence  the  electronic  and  vibrational  properties  of  semiconductors. 
In  order  to  investigate  this  dependence  in  SiC,  we  enriched  6H-  and  15R-SiC  crystals  with  I3C 
during  the  modified  Lely  sublimation  growth1.  We  used  13C  in  favor  of  29Si  because  of  the 
higher  relative  mass  difference.  In  this  paper,  we  report  the  isotopic  effect  on  the  momentum- 
conserving  phonon  lines  of  the  exciton  recombination  as  well  as  on  the  zero-phonon  exciton 
recombination  lines. 

Low  temperature  photoluminescence  (LTPL)  measurements  were  conducted  at  2K  using  a 
He-Cd  laser  (325  nm)  and  a  SHG-laser  (257  nm)  as  excitation  source. 

The  investigated  6H-  and  15R-SiC  samples  are  nitrogen-doped;  Fig.  1  shows  a  LTPL 
spectrum  of  a  15R-SiC  13C  enriched  compared  with  the  reference  spectrum  of  a  15R-SiC 

sample  with  natural  carbon 
isotopic  abundance.  The 
energy  shift  to  higher  energies 
of  the  zero-phonon  lines  of 
nitrogen  bound  exciton  lines 
(Po,  Qo,  Ro,  S0)  and  then- 
acoustic  phonon  replica  (TA, 
LA)  is  1.5  me V.  The  shift  of 
the  optical  phonon  replica 
(TO,  LO)  is  4.0  meV. 

Another  impurity  is  titanium 
(see  e.g.  line  Ao  in  Fig.  1).  The 
shift  to  higher  energies  of  the 
Ti-related  line  A0  is  smaller 
than  for  nitrogen-related  zero 
phonon  lines.  In  Fig.  1,  the 
energy  shift  for  Ao  is 
0.85  meV. 

A  box-shaped  profile  of  1  pm 


Wavelength  (nm) 

Fig.  1:  LTPL  spectra  of  15R-SiC  samples:  a)  natural  carbon 
isotope  concentration,  b)  enriched  with  13C 


17  'X  _ 

in  depth  and  of  a  mean  vacancy  concentration  equal  to  2x10  cm  (calculated  after  TRIM_C) 
is  generated  by  helium  implantation  into  6H-SiC  to  produce  the  Di-defect  (L-lines  in  LTPL 
spectra).  The  shift  to  higher  energies  of  the  corresponding  L-lines  is  0.8  meV.  For  a  6H-SiC 
crystal  with  pure  I3C,  we  estimate  an  energy  shift  to  higher  energies  of  the  zero-phonon  bound 
exciton  lines  of  2.19  meV  for  nitrogen  and  of  0.85  meV  for  titanium  in  comparison  with  a 
sample  containing  a  natural  C  isotopic  abundance. 


1  N.  Schulze,  D.L.  Barrett,  and  G.  Pensl,  Appl.  Phys.  Lett.,  72, 1632  (1998) 
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The  evaluation  of  the  doping  level  distribution  of  n-  and  p-type  doped  4H-  and  6H-SiC  substrate  wafers  is  of 
particular  interest  due  to  its  impact  on  the  electrical  properties  of  SiC  based  power  devices  and  GaN  based 
optoelectronic  devices.  We  have  developed  a  non-destructive  and  fast  characterization  method  based  on  spectral 
absorption  measurements  and  absorption  mapping  to  determine  doping  type  (n-  or  p-type),  doping  level  (ND-NA) 
and  doping  level  distribution.  Numerical  calculations  as  well  as  electrical  Hall  measurements  have  been  used  in 
order  to  quantify  the  experimental  absorption  data. 

Fig.  1  shows  the  fundamental  absorption  bands  of  n-type  4H-SiC,  n-type  6H-SiC  and  p-type  6H-SiC  at 
T=300K.  The  numbers  (1),  (2)  and  (3)  indicate  three  characteristic  features.  (1)  is  the  band  edge  related  valence 
band  to  conduction  band  absorption  band,  (2)  indicates  the  valence  band  to  donor  (acceptor  to  conduction  band) 
absorption  in  n-type  (p-type)  SiC  and  (3)  represents  free  electron  absorption  into  higher  conduction  bands  in  the 
case  of  n-type  SiC.  While  the  absorption  bands  (1)  to  (3)  and  their  physical  properties  have  been  studied  by 
several  groups  [  1  ]  [2]  [3]  [4]  we  have  applied  numerical  modeling  to  determine  the  band  edge  related  absorption 
band  (1)  which  is  function  of  the  doping  level.  Due  to  effects  like  band  filling,  band  tailing  (Coulomb  interaction 
of  free  carriers  with  ionized  impurities),  band  shrinkage  (exchange  interaction  of  free  carriers)  the  band  edge 
related  absorption  is  modified  by  n-type  or  p-type  doping  [5].  Taking  into  account  the  latter  effects  we  have 
calculated  absorption  band  (1)  for  various  n-type  and  p-type  doping  concentrations  and  we  have  compared  these 
date  with  experimental  absorption  and  electrical  Hall  measurements. 

Absorption  mapping  of  band  (l)  in  6H-SiC  and  band  (3)  in  4H-SiC  was  carried  out  in  order  to  determine 
doping  level  and  doping  level  distribution  as  well  as  inclusions  of  other  polytypes.  Mapping  was  carried  out  by 
illuminating  the  samples  homogeneously  with  monochromatic  light  using  a  so-called  Ulbrichtkugel  and 
interference  filters.  The  transmitted  light  was  captured  by  a  CCD  camera  and  digitized  by  a  computer. 

Fig.  2  shows  an  absorption  mapping  of  a  35mm  n-type  4H-SiC  wafer  which  has  been  grown  by  the  PVT 
(physical  vapor  transport)  method  in  our  lab.  The  measurement  was  carried  out  at  460nm.  At  this  wavelength 
electrons  from  the  donor  level  are  excited  into  the  conduction  band.  The  absolute  values  of  the  doping  level  were 
determined  by  using  calibration  data  from  the  calculated  absorption  data  in  conjunction  with  electrical  Hall  data. 

In  Fig.  2  the  higher  donor  incorporation  in  the  facetted  area  of  the  SiC  crystal  is  demonstrated.  A  lateral  variation 
of  carrier  concentration  of  <  2%  was  evaluated  (mean  carrier  concentration  2.8- 1019  cm'1 2 3 4). 

We  will  present  the  numerical  model  for  the  near  band  edge  related  absorption.  The  calculated  data  will  be 
compared  with  experimental  data.  Several  doping  level  mappings  of  n-type  and  p-type  SiC  wafers  will  be 
presented  and  discussed. 
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£imr-S  .1:  Absorption  spectra  of  n-type  4H-SiC,  n-type  Figure  2:  Absorption  mapping  of  a  1 .35”  4H-SiC 
6H-SiC  and  p-type  6H-SiC  at  300K  wafer:  n=  2.8-  1019cm'3,  An/n  (lateral)  <  2% 

[1]  Biedermann,  Solid  State  Comm,  vol.3,  p.343,  1965. 

[2]  Choyke  and  Patrick,  Phys.Rev.  vol.  172(3),  p.172,  1968. 

[3]  Dubrowskii,  Lepneva  and  Radovanova,  Phys.Stat.Sol.(b)  Vol.57,  p.423,  1973. 

[4]  Lindefelt,  J.Appl.Phys.  Vol.84(5),  p.2628,  1998. 
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Defects  Characterization  in  SiC  by  Scanning  Photoluminescence  Spectroscopy 
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During  the  last  several  years,  tremendous  progress  in  SiC  bulk  growth  and  epitaxy  have 
been  realised.  Nevertheless,  the  non  uniformity  of  impurity  and  defect  distribution  in  SiC 
wafers  (particularly  in  semi-insulating  one)  and  the  doping  inhomogeneities  of  the  epitaxial 
layers  still  act  as  show-stopper  for  high  performance  and  high  reliability  devices 
development.  This  is  why  a  spatially  resolved,  non  destructive  and  few  time  consuming 
characterization  tool  is  strongly  needed  for  a  tight  quality  control  of  the  wafers. 

Toward  this  end,  we  have  adapted  a  scanning  photoluminescence  (PL)  apparatus 
previously  developed  for  III-V  compound  characterization  [1],  Indeed,  the  first  results 
reported  [2]  indicate  that  PL  imaging  is  a  very  promising  tool  for  SiC  material 
characterization.  In  our  equipment,  the  PL  mapping  is  obtained  by  scanning  the  sample,  fixed 
to  an  x-y  stage  with  1  pm  minimal  step,  under  a  doubled  Ar+  laser  beam  (244  nm)  focused  by 
a  microscope  objective  (x52).  For  this  excitation  the  spot  diameter  is  less  than  2  pm,  and  the 
penetration  depth  is  about  1  pm  for  4H-SiC.  The  PL  signal  can  be  either  directly  detected, 
giving  integrated  PL  intensity,  either  dispersed  using  a  monochromator,  giving  spectrally 
resolved  PL  (1  nm  resolution).  The  signal  is  amplified  and  filtered  by  a  lock-in  amplifier  and 
detected  by  a  photomultiplier.  Measurement  can  be  realized  at  room  temperature  for  near 
band  edge  studies  or  at  low  temperature  (100  K)  for  deep  defects  investigation. 

An  example  of  integrated  PL  mapping  with  a  2  pm  spatial  resolution  is  given  in  figure 
1,  for  a  n-type  (1.6  1016  cm'3)  6H  epitaxial  layer,  3  pm  thick.  We  can  clearly  observe  intense 
PL  spot  with  diameter  ranging  from  10  to  30  pm  approximately.  A  rough  estimation  of  these 
spot  density  from  a  larger  scanning  area  gives  a  concentration  of  about  104  cm'1 2  which 
roughly  corresponds  to  typical  dislocation  density  in  SiC.  Contrary  to  one  can  think,  these 
bright  spots  could  so  be  due  to  dislocations.  Indeed,  a  zone  in  the  vicinity  of  the  dislocation 
can  be  stripped  off  from  non  radiative  centres  by  a  gettering  effect  leading  then  to  a  local 
exhaust  of  the  PL  intensity  around  the  dislocation.  Spectral  measurements  performed  in  order 
to  analyse  the  PL  origin  and  to  confirm  this  hypothesis  will  be  presented. 


Figure  1:  Integrated 

photoluminescence  image 
with  2  pm  spatial 
resolution.  The  image  is 
taken  on  a  400*400  pm2 
area  of  a  6H-SiC  n-type 
epitaxy. 
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[1]  S.K.  Krawczyk,  Encyclopaedia  of  Advanced  Materials,  Pergamon  Press  Oxford  (1994),  p  2318-2336. 

[2]  M.  Tajima,  T.  Nakane,  T.  Nakata  and  M.  Watanabe,  Jpn.  J.  Appl.  Phys.  Lett.,  Vol  38,  N°  4B  (1999). 
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InGaN/GaN  heterostructures  are  presently  of  high  interest  due  to  their  successful 
application  for  fabrication  of  blue  and  green  light  emitting  diodes  and  violet  laser  diodes.  In  this 
work  we  report  on  the  properties  of  a  high  quality  Ino.nGao.ssN/GaN  MQW  structure  grown  by 
MOVPE  utilizing  mass  transport.  Micrometer-sized  structures  (lines)  on  the  GaN  surface  were 
etched  and  after  that  the  structure  was  annealed  in  ammonia,  which  results  in  overgrowth  of  the 
etched  areas.  Finally,  three  InGaN  quantum  wells  of  width  35  A  separated  by  105  A  thick  GaN 
barriers  were  grown  on  top  of  such  a  GaN  layer.  In  the  following  we  will  refer  to  overgrown  areas 
as  mass-transport  regions,  and  other  -  non-transport.  On  the  same  wafer  three  different  areas  with 
different  line-spacing  were  fabricated:  3x3  |im,  5x5  pm  and  10x10  pm. 

We  have  found  from  cathodoluminescence  (CL)  measurements  that  the  mass-transport 
regions  have  much  higher  structural  and  optical  quality  compared  to  the  non-transport  regions.  CL 
images  show  clearly  the  intensity  contrast  between  mass-transport  and  non-transport  regions:  the 
CL  intensity  measured  in  the  mass-transport  region  is  much  higher  than  that  for  the  non-transport 
region.  We  have  estimated  from  CL  patterns  that  the  average  dislocation  density  is  about  108  cm"2 
for  non-transport  and  about  107  cm  2  for  mass-transport  regions,  respectively.  Thus,  the  structural 
improvement  is  significant  for  the  mass-transport  regions. 

The  photoluminescence  (PL)  spectra  measured  at  low  temperature  and  at  low  excitation 
power  are  dominated  by  a  PL  line  XI  centered  at  2.967  eV  with  full  width  at  half  maximum 
(FWHM)  of  40  meV,  which  to  our  knowledge  is  the  narrowest  FWHM  published  for  InGaN/GaN 
MQW  structures.  This  peak  is  most  likely  connected  with  the  fundamental  2D  exciton  localized  in 
one  of  the  QWs.  However,  besides  this  QW  exciton  transition  the  PL  spectrum  demonstrates  an 
additional  line  X2  with  position  2.85  eV  and  FWHM  of  70  meV.  This  second  line  is  accompanied 
by  two  LO  phonon  replicas.  We  have  clearly  demonstrated  from  time-resolved  PL,  temperature 
dependence  and  power  excitation  dependence  PL  measurements,  that  X2  can  not  be  a  phonon 
replica  of  the  MQW  exciton.  The  following  characteristics  are  observed  for  the  X2  process:  the  PL 
decay  time  for  this  line  is  about  200  ns  which  is  40  times  longer  than  time  decay  for  the  XI 
exciton  (5  ns).  The  position  of  X2  moves  to  higher  energies  (the  shift  is  about  50  meV)  with 
increasing  excitation  power.  The  X2  transition  can  not  be  detected  at  temperatures  higher  than  70 
K.  Our  explanation  is  that  it  is  probably  connected  with  the  middle  QW,  which  has  a  smaller 
screening  of  the  piezoelectric  field,  and  hence  a  smaller  oscillator  strength  for  the  exciton.  No  PL 
line  corresponding  to  the  QW  closest  to  the  surface  is  seen.  Theoretical  modeling  suggests  a 
strong  potential  gradient  close  to  the  surface  of  the  MQW  structure,  explaining  the  different 
spectra  observed  for  the  different  QWs. 
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It  is  known  that  the  standard  growth  of  GaN  on  6H-SiC  using  AIN  buffers  results  in  layers  under 
weak  tensile  or  compressive  strain  [1].  We  have  recently  shown  that  GaN  can  be  directly  grown  by 
metalorganics  chemical  vapor  deposition  (MOCVD)  on  SiC.  The  in-plane  tensile  strain  of  such 
layers  depends  on  growth  conditions  and  can  be  as  high  as  4.5x1  O'1 2 3  as  measured  through  X-ray 
diffractometry  [2].  The  optical  properties  of  these  layers  have  been  assessed  by  reflectivity  and 
photoluminescence  (PL)  as  a  function  of  temperature.  Reflectivity  allows  to  follow  free  A  and  C 
excitons  as  a  function  of  strain,  while  the  B  one  is  not  observed  in  the  more  strained  samples  (a 
geometry),  though  their  low  temperature  PL  is  ascribed  to  donor  bound  excitons  originating  from 
the  r7u  valence  band  (figure  1).  Excitonic  GaN  gaps  as  low  as  3.43  eV  at  10  K  are  reported.  The 
quenching  of  various  PL  transitions  as  a  function  of  temperature  is  studied  and  compared  to  that 
reported  for  compressively  strained  GaN  on  sapphire  [3].  Our  results  point  to  a  similar  behaviour 
for  A  and  B  excitonic  luminescence  as  a  function  of  T. 

This  first  study  is  then  used  to  interpret  the  optical  properties  (reflectivity  and  PL)  of  GaN  grown 
on  Si  (111)  either  by  MOCVD  or  molecular  beam  epitaxy.  Such  layers  can  be  either  relaxed  or 
under  tensile  strain.  We  finally  use  our  results  and  those  on  GaN  grown  on  sapphire  to  discuss  the 
question  of  deformation  potentials  in  GaN. 


Figure  1  :  free  excitons  (open  symbols)  and 
donor  bound  excitons  (closed  symbols)  energies 
as  a  function  of  the  A  energy  in  GaN  as 
measured  through  reflectivity  and  luminescence. 
Circles  and  triangles  correspond  to  GaN  grown 
on  6H-SiC  and  sapphire,  respectively. 
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224(1997). 
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We  have  performed  an  infrared  investigation  of  the  effect  of  implantation  damage,  and 
implantation  damage  annealing,  on  the  reststrahlen  band  of  the  4H-SiC  crystals.  As  prototype 
material,  we  have  used  a  series  of  4H  epitaxial  layers  from  Cree  Research,  implanted  with  A1  ions  to 
produce  square  like  profiles.  Implantation  energy  ranged  from  20  to  200  keV.  Targeted  concentrations 
ranged  from  1020  to  1021  cm'3 4 5  [1]. 

After  implantation,  infrared  reflectivity  spectra  were  collected  at  room  temperature  in  the 
middle  infrared  range  (500  -  4000  cm1).  We  used  a  Bio-Rad  Fourier  Transformed  Spectrophotometer 
equipped  with  a  microscope  and  a  MCT  detector.  Near  normal  incidence  was  used.  All  measurements 
were  repeated  after  post-implantation  anneals. 

Before  annealing  we  observed  a  decrease  and  broadening  of  the  topmost  reflectivity  structure 
versus  implantation  dose.  This  is  shown  in  Figs.l-a  and  1-b  for  targeted  concentrations  1020  and  1021 
cm  ,  respectively.  After  annealing,  on  the  opposite,  all  spectra  appeared  identical.  A  typical  example 
is  shown  in  Fig.l-c.  Provided  on  focuses  on  the  reststrahl  band,  this  shows  that  infrared  spectra  are 
very  sensitive  tools  to  probe  a  thin  surface  layer. 

Having  established  IR  reflectivity  as  a  tool  of  implantation  damage,  we  want  to  make  it 
quantitative.  Toward  this  hand,  we  have  modelled  our  IR  spectra  using  a  transfer  matrix  method  [2] 
and  product  oscillators  [3]. 

Before  annealing,  the 
difference  in  experimental  spectra 
correspond  with  different  series  of 
phonon  damping  parameters  in  i) 
the  implanted  zone  and  ii)  the 
epitaxial  layers.  After  annealing,  all 
differences  reduce  but,  still,  weak 
additional  broadening  can  be  found 
with  respect  to  bulk  SiC.  This  is 
specially  sensitive  for  the  folded 
modes  which  resolve  weakly 
between  the  main  TO  and  LO 
phonons  frequencies  [4,5]. 

[1]  for  more  details,  see  :  J.M. 

Bluet,  J.  Pemot,  J.Camassel  et 
al.,  J.  Appl.  Phys.  (15/08/2000 
issue) 

[2]  O.S.  Heavens,  Optical 
Properties  of  Thin  Solid  Films ,  Dover,  N.Y.  (1965) 

[3]  F.  Gervais  and  B.  Piriou,  Phys.  Rev.  B  10,  1642  (1974) 

[4]  D.W.  Feldman,  J.H.  Parker,  W.J.  Choyke  and  L.  Patrick,  Phys.  Rev.  173,  787  (1968) 

[5]  S.  Nakashima  and  H.  Harima,  Phys.  Stat.  Sol  (a)  162,  39  (1997) 
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Temperature  dependences  of  some  actual  energy  extrema  and  of 
the  principal  interband  transitions  in  3C  2H  -  and  4H  -SiC  have  been 
calculated  by  the  empirical  pseudopotential  method.  For  the  finite  - 
temperature  calculation  pseudopotential  form  factors  were  replaced  by 
the  temperature-dependent  form  factors  using  the  Debye-Waller  factors. 
A  lattice  effect  has  been  taken  into  account  using  the  temperature 
dependence  of  the  linear  expansion  coefficient.  The  peculiarities  of  the 
temperature  dependences  of  low  conduction  and  top  valence  levels  and 
interband  transitions  are  discussed  in  details. 

The  obtained  results  are  in  a  good  agreement  with  our  experimental 
data.  For  example,  the  temperature  coefficient  of  the  -  X  3  -  transition 
in  the  conduction  band,  which  determines  the  narrow  violet  band  in  the 
breakdown  electroluinescence  spectrum  in  the  3C  -  SiC  -  p-n-structure 
being  powered  in  reverse,  appeared  to  be  by  an  order  of  magnitude 
lower  than  temperature  coefficients  of  all  other  interband  transitions.  It 
agrees  weil  with  the  experimental  curve  of  the  temperature  coefficient  of 
the  spectral  density  of  the  breakdown  electroluminescence  quantum 
yield.  This  curve  has  a  minimum  in  this  spectrum  range. 
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Similar  to  other  transition  metals  [1,2],  chromium  is  known  to  form  electrically  active  band 
gap  states  in  SiC.  In  the  polytype  4H,  an  acceptor  state  at  0.74eV  below  the  conduction  band 
edge  has  definitely  been  identified  by  radiotracer  DLTS  [3].  A  corresponding  state  also  exists 
in  the  polytypes  6H  [4]  and  15R  [5],  All  these  experiments  were  done  by  Deep  Level 
Transient  Spectroscopy  (DLTS)  on  n-type  SiC,  being  sensitive  to  the  upper  part  of  the  band 
gap  only.  By  performing  DLTS  on  p-type  SiC,  we  now  provide  information  on  chromium  and 
vanadium-related  band  gap  states  in  the  lower  part  of  the  band  gap  for  the  first  time. 

Samples  (p-type  epitaxial  layers,  4H)  were  doped  with  stable  chromium  (52Cr)  by  multiple 
implantation  (1...3  MeV)  or  with  the  radioactive  isotope  51Cr  by  recoil  implantation  [3],  and 
subsequent  annealing  (1600  K,  4h).  The  51Cr  isotope  is  used  as  a  radiotracer  (decay  to  V,  half- 
life  27.7  d)  to  establish  a  definite  chemical  identification:  deep  levels  of  Cr  or  V  will  be 
uniquely  marked  by  a  time  dependent  concentration  in  the  course  of  subsequent  DLTS 
measurements  during  the  transmutation  Cr— >V. 

For  both  doping  techniques,  several 
implantation-induced  peaks  are 
observed.  For  the  radiotracer  samples,  0 

the  Cr  signals  are  singled  out  by 
forming  differences:  in  the  figure,  the  fe  -4 
initially  measured  spectrum  is  27 
subtracted  from  the  spectra,  i.e.  time-  -8 
independent  peaks  are  eliminated.  The 
negative  peaks  indicate  a  decreasing  ^  -12 
concentration,  i.e.  both  peaks  are  due 
to  Cr.  There  is  no  signal  increasing,  Q  .jg 
i.e.  no  deep  level  of  vanadium  exists 
in  the  accessible  part  of  the  band  gap.  _2q 
The  energy  difference  of  the  Cr  levels 
is  ascribed  to  inequivalent  sites  in  the 
4H  polytype. 

The  right  one  of  the  two  Cr  peaks  fully  overlaps  with  a  background  peak  present  in  all 
samples  (D-center  [6]).  Hence,  it  is  not  possible  to  identify  and  to  analyze  the  Cr  peaks 
reliably  in  samples  doped  with  stable  Cr.  The  radiotracer  concept,  however,  allows  a  clear 
distinction  between  the  Cr  related  deep  levels  and  the  D-center. 

[1]  T.  Dalibor,  G.  Pensl,  H.  Matsunami,  T.  Kimoto,  W.  J.  Choyke,  A.  Schoner,  N.  Nordell, 
phys.  stat.  sol.  (a)  162,  199  (1997) 

[2]  J.  Baur,  M.  Kunzer,  J.  Schneider,  phys.  stat.  sol.  (a)  162,  153  (1997) 

[3]  N.  Achtziger,  W.  Witthuhn,  Phys.  Rev.  B  57(19),  12181  (1998) 

[4]  N.  Achtziger,  J.  Grillenberger,  W.  Witthuhn,  Mat.  Sci.  For.  264-268,  541  (1998) 

[5]  J.  Grillenberger,  thesis,  University  Jena,  2000 

[6]  A.  A.  Lebedev,  Semiconductors  33(2),  107  (1999) 
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Nitrogen  (N)-doped  4H/6H-SiC  epitaxial  layers  have  been  grown  by  the  Chemical  Vapor 
Deposition  (CVD)  technique  on  SiC  substrates  of  the  same  polytype  under  additional  C02 
flow.  CVD  growth  was  performed  in  a  SiELrCsHg-ffe  system  at  1500°C.  4H  and  6H-SiC 
substrates  were  placed  side  by  side  on  an  SiC-coated  susceptor.  Typical  growth  rate  and  the 
epilayer  thickness  were  3pm/h  and  10pm,  respectively.  Growth  runs  with  three  different  C02 
flow  rates  have  been  conducted  (see  Table  1). 

DLTS  spectra  of  these  4H/6H-SiC  epilayers  reveal  three  energetically  deep  traps;  their 
ionization  energies  and  electrical  capture  cross-sections  are  identical  with  the  corresponding 


parameters  of  defect  centers  Om,  Oiv  and  Oy  observed  in  oxygen  (0)-implanted  4H/6H-SiC 
samples  [1, 2].  The  determined  defect  concentrations  range  from  5xl012cm'3  to  3xl013cm"3. 
Admittance  spectroscopy  investigations  taken  on  the  same  epilayers  result  in  the  nitrogen 
donors  (N(h),  N(kljc2))  and  two  further  energetically  shallow  defects;  for  the  6H-SiC 
polytype,  conductance  spectra  of  epilayers  #1  and  #2  are  displayed  in  Fig.l.  The  double  peak 
CtyOn  is  also  observed  in  O-implanted  samples;  it  is  caused  by  two  O-related,  energetically 

shallow  donors  [1, 2]. 

With  increasing  C02  flow,  the 


6H-SiC:0  Epi 
f =100  kHz 


0.1  seem  C02flow,  sample  #1 
O.Ssccm  C02flow,  sample  #2 


increasing  CO?-f!cw 


Table  1:  Net  donor  concentration  of  6H-SiC 
epilayers  grown  under  various  CO2 
flow  rates. 


6H-SiC 

epilayer 

CO2  flow 
(seem) 

Nd-Na 

(cm'3) 

#1 

0.1 

lxlO15 

#2 

0.5 

2xl0ls 

#3 

1 

4xl0ls 

70  80  90 

temperature  T  (K) 


concentration  of  CtyOn  donors 
increases;  however,  this  increase 
cannot  explain  the  strong  increase  of 
Fig.l:  Normalized  conductance  G/co  as  a  function  of  the  net  donor  concentration  (Nd-Na) 
temperature.  The  spectra  are  taken  on  6H-SiC  epilayer  determined  by  C-V  measurements.  For 
#1  and  #2,  respectively.  6H-SiC  epilayers,  this  increase  results 

in  more  than  three  orders  of  magnitude  (see  Table  1).  SIMS  analyses  confirm  that  this 
increase  of  donors  is  due  to  an  increase  in  the  N  concentration  although  the  basic  growth 
conditions  during  all  the  CVD  runs  were  kept  constant  (with  exception  of  the  C02  flow). 
Identical  results  are  obtained  for  the  4H-SiC  polytype.  We  suggest  that  the  incorporation  of 
nitrogen  atoms  during  the  CVD  growth  depends  on  the  presence  of  oxygen. 
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Abstract  Ab  initio  LDA  calculations  have  been  carried  out  for  oxygen- 
related  complexes  in  3C(cubic)  and  4H(hexagonal)  silicon  carbide.  Cluster 
models  with  localized  basis  functions  were  used  to  calculate  vibrational  fre¬ 
quencies  and  spin  distributions  while  supercell  calculations  are  used  to  de¬ 
termine  the  relative  stabilities  and  occupancy  levels. 

The  substitutional  oxygen  has  been  studied  in  the  2+/+/0/-/2-  charge 
states  on  both  the  C  and  Si  site.  It  has  been  found  that  the  oxygen  at  the 
carbon  site  (Oc)  is  the  most  stable  defect  and  it  is  an  on-center  double  donor 
in  3C-SiC.  The  characteristic  vibration  frequencies  and  the  hyperfine  data 
for  the  paramagnetic  state  will  be  given.  The  0 si  defect  is  an  amphoteric 
defect,  it  could  be  an  hyper  deep  double  donor  in  the  lower  half  of  the  band 
gap  as  well  as  a  hyper  deep  acceptor  in  the  upper  half  of  the  band  gap.  The 
Oi  defect  is  also  electrically  active  defect  with  complicated  bonds.  The  be¬ 
havior  of  the  isolated  oxygen  defects  have  also  been  investigated  in  4H-SiC 
and  compared  to  the  outcome  in  3C-SiC.  The  results  are  compared  to  the 
experimental  data  of  Th.  Dalibor  et  al,  Mater.  Sci.  Forum  264-268  553 
(1998). 
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Beryllium  (Be),  located  in  the  second  column  of  the  periodic  table,  is  a  possible  candidate  for  a 
double  acceptor  in  SiC  assuming  that  it  resides  at  lattice  sites.  On  the  other  hand,  Be  atoms 
which  are  of  small  size  could  also  act  as  donors,  if  they  occupy  an  interstitial  lattice  site.  Up  to 
now  only  a  few  data  are  published  on  the  electrical  properties  of  Be-related  centers  in  SiC  [1, 
2]  and  the  questions  addressed  above  are  not  yet  clarified. 

A  box-shaped  Be  profile  (depth  =  1.8jim,  mean  Be  concentration  =  (lxlO16  to  lxlO19)  cm*3) 
has  been  generated  in  n/p-type  4H-SiC  epilayers  by  multiple  Be  implantation.  SEMS  analyses 
on  Be-implanted  and  annealed  (TA  =  (1400  to  1700)  °C,  tA  =  (0.5  to  3)  h)  samples  reveal  that 
Be  is  like  boron  a  fast  diffusing  species  in  SiC. 

DLTS  spectra  taken  during  a  temperature  scan  between  200K  and  620K  on  Be-implanted  and 
subsequently  annealed  p-type  4H-SiC  epilayers  display  two  pronounced,  Be-related  peaks 
termed  Bel  and  Be2  (see  Fig.l,  upper  plot).  An  Arrhenius  evaluation  assuming  a  =  T°/a  oc  T2 
results  in  energy  levels  at  E(Bel)  =  Ev  +  (535/585)  meV  and  E(Be2)  =  (Ev  +  (925/1008)  meV. 
It  turns  out  that  level  Bel  is  stable  during  the  temperature  scan  of  the  DLTS  measurement, 
while  the  peak  height  of  Be2  strongly  decreases  with  increasing  number  of  DLTS  scans  that  is 
by  repeated  exposure  to  heat  treatments  up  to  620K.  Double-correlated  DLTS  investigations 
identify  defect  Be2  as  an  acceptor.  The  differing  peak  heights  of  Bel  and  Be2  (see  Fig.l,  upper 
plot)  and  their  extremely  different  thermal  stability  indicate  that  the  two  peaks  are  not  caused 
by  a  double  acceptor  representing  the  two  different  charge  states. 

C-V  profiles  of  the  A1  doping  concentration  determined  in  identical  epilayers  as  used  for  the 
DLTS  investigations  reveal  a  decrease  of  the  net  Ai  acceptor  concentration  with  increasing 
number  of  DLTS  scans  to  a  depth  of  about  1.2  pm  (see  Fig.l,  lower  plot). 

The  decrease  of  the  electrically  active  Al  acceptor 
concentration  NA-ND  (or  increase  of  compensation 
Ncomp”  Nd)  corresponds  approx,  to  the  decrease  of 
concentration  of  Be2  centers.  One  possible 
mechanism  which  could  explain  the  observed 
experimental  data  is  the  transformation  of  Be2 
centers  into  a  Be-related  donor  species. 

§  300  400  500 

temperature  T  (K) 

Fig.l.  DLTS  spectra  of  a  Be-implanted  p-type 
4H-SiC  epilayer;  curves  (a),  (b)  and  (c)  are  taken 
subsequent  to  a  different  number  of  DLTS  scans 
up  to  620K  (upper  plot)  and  corresponding  net  Al 
acceptor  profiles  taken  by  the  C-V  method  (lower 
plot). 

0.4  0.6  0.8  1.0  1.2  1.4 

depth  (pm) 

[1]  Yu.  P.  Maslakovets  et  al.,  Sov.  Phys.-Solid  State  10  (1968)  634. 

[2]  N.  Ramungul  et  al.,  IEEE  Trans.  Electron.  Dev.  46  (1999)  465. 


(a)  directly  after  Be  impl.  and  annealing 
(900°C/3h  +  1600°C/30min) 

(b) /(c)  after  3/6  temp,  scans  up  to  620K 
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We  study  the  Hall  density  and  the  Hall  mobility  of  conduction  electrons  in  4H-SiC  samples 
fabricated  in  a  cold-wall  CVD  reactor  at  LETI  (CEA).  Temperature  dependence  of  mobility  was 
studied  in  the  range  of  20  <  T  <  850  K.  The  sample  having  n  =  3.6  x  1015  cm  ~3  at  room 
temperature  exhibits  the  maximum  mobility  of  u  =  12400  cm2/Vs  at  50  K  (cf  figure),  which  is  to 
our  knowledge  the  highest  value  in  4H-SiC  measured  by  the  transport  method  (Meyer  et  al.  [1] 
measured  a  maximum  mobility  of  p  =  3  x  105  cm2/V s  at  9  K  using  the  cyclotron  resonance  on  a  4H- 
SiC  sample  with  not  well  known  impurity  density.  Recently,  Rutsch  et  al.  reported  a  maximum  Hall 
mobility  of  about  7000  cm2/Vs,  corresponding  to  a  doping  concentration  of  1.6  x  1016  cm  "3  and  a 
compensation  of  6.4  x  1014  cm  "3  [2]).  The  solid  line  shows  our  theoretical  calculation.  The  theory 
for  mobility  is  based  on  a  two-level  impurity  model,  which  is  necessary  to  account  for  the 
corresponding  temperature  variation  of  electron  density.  We  take  into  account  the  anisotropy  of  the 
effective  mass  and  of  the  Hall  factor  [3].  Since  the  conduction  band  of  4H-SiC  has  the  multi-valley 
character,  intervalley  phonon  scattering  processes  are  taken  into  account.  Scattering  by  ionised  and 

neutral  impurities  is  also  included.  The 
neutral  impurity  mode  is  known  to  be 
important  for  SiC. 

The  density  dependence  of 
mobility  at  room  temperature  in  the  range 
of  1015  <  n  <  1020  cm"3  was  also  studied 
using  different  samples.  The  measured 
mobilities  are  well  described  by  the 
theory.  A  comparison  of  our  mobility 
values  with  those  published  by  other 
authors  [4-6]  shows  that  our  samples 
possess  state-of-the-art  quality. 

Temperature  (K)  ^  Figure:  Hall  mobility  of  weakly  nitrogen-doped 

4H-SiC  versus  temperature  (open  circles).  Solid 
line:  theoretical  calculations. 
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Information  of  the  charge  carrier  distribution  in  a  semiconductor  device  is  crucial.  For  the  case  of 
profiling  high  doping  gradients  in  silicon,  especially  spreading  resistance  (SRP)  has  proven  to  be  a 
valuable  tool.  For  SiC  however,  SRP  measurements  are  difficult  due  to  the  wide  bandgap  and  the  extreme 
hardness,  which  complicates  the  establishment  of  an  ohmic  contact.  Recent  development  of  SRP  [1]  and 
also  two-dimensional  dopant  imaging  techniques,  in  particular  the  scanning  capacitance  microscopy 
(SCM)  [2],  but  also  the  scanning  electron  microscopy  (SEM)  [3]  may  therefore  be  of  special  importance 
for  SiC. 

In  this  study,  the  different  techniques  for  measuring  active  doping  profiles  in  4H-SiC  are  evaluated. 
Both  aluminum  doped  epi-layers  (1016-1021  cm'3)  and  aluminum  and/or  boron  implanted  n-type  epi-layers 
are  investigated.  SCM  data  is  collected  at  various  DC-biasing  conditions,  and,  in  the  SEM  measurements, 
the  emission  of  secondary  electrons  is  studied  as  a  function  of  the  e-beam  acceleration  voltage  and 
current.  The  SCM  and  SEM  results  are  compared  with  SRP  measurements  of  the  same  samples. 

By  comparing  these  profile  measurements  with  secondary  ion  mass  spectrometry  (SIMS)  profiles, 
which  provide  the  chemical  depth  distribution  of  the  dopants,  an  estimate  of  the  degree  of  activation  can 
be  obtained.  As  an  example  we  show  in  Figs  (a)  and  (b)  a  10  pm  Al-doped  epitaxal  layer  measured  by  (a) 
SIMS  and  (b)  SCM  on  a  cleaved  cross-section  (zero  DC-bias).  The  SCM  signal  can  reproducibly  detect 
the  varying  widths  of  the  Al-rich  layers,  both  before  and  after  anneal  (the  left  peak  nearest  to  the  cross- 
sectioned  edge  is  not  clearly  resolved  though). 

(a)  (b) 


Depth  (pm)  Distance  (pm) 
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The  direct  conversion  of  thermal  into  electrical  energy  depends  to  a  large  extend  on  the  Seebeck 
effect.  The  Seebeck  coefficient  governs  the  efficiency  of  the  process  and  appears  as  a  factor  in  the 
equation  term  describing  any  nonisotermal  part  of  SiC  devices.  The  Seebeck  effect  was  widely 
investigated  in  sixties  and  seventies.  At  that  time  it  was  observed  that  the  Seebeck  coefficient  in  a-SiC 
exceeds  the  ones  in  Si  and  Ge.  It  was  believed  that  the  reason  for  that  phenomenon  is  a  strong  phonon- 
electron  coupling  —  the  so-called  phonon  drag  effect.  However,  in  those  early  investigations  the 
polytypes  and  transport  parameters  of  the  samples  were  not  specified  accurately  enough. 

In  this  work,  a  new  Seebeck  coefficient  study  in  4H-SiC  is  presented.  A  300-pm  thick  epilayer  of 
«-4H-SiC  (Nd  =  31018  cm’3)  was  grown  on  the  substrate  by  sublimation  technique.  Then  the  substrate 


U  (mV) 


-3-2-1  0  1  2  3  AT  (K) 


Fig.  1  Example  of  thermopower  voltages  versus  AT. 
Copper  or  Constantan  is  used  as  contacts  to  SiC. 


$  (mV/K) 


was  carefully  polishing  away  and  ohmic  contacts 
were  deposited  on  the  SiC.  The  measurements  of  the 
Hall  effect  and  IR  absorption  have  been  used  to 
determine  the  electron  concentrations  and  their 
mobility  in  the  temperature  range  of  80-400  K. 
Copper-Constantan  thermocouples  served  as  voltage 
probes  and  temperature  sensors  at  the  same  time.  A 
special  heating  technique  employed  positive  or 
negative  temperature  gradient  between  the  ends  of 
the  sample.  The  nearly  perfect  compensation  of 
spurious  voltages  and  variable  small  temperature 
difference  AT  along  the  sample  are  the  major 
advantages  of  this  technique  (see  Fig.  1).  The 
comparison  between  experimentally  obtained  and 
theoretically  calculated  temperature  dependencies  of 
the  electron  Seebeck  coefficient,  S ,  in  the  direction 
perpendicular  to  the  c-axis  is  presented  in  Fig.  2.  In 
the  present  calculations,  the  phonon  drag  term  has 
been  used  in  the  form  obtained  in  [1]  for  the  zero- 
order  approximation  to  the  variational  solution  of  the 
coupled  Boltzmann  transport  equations  for  electrons 
and  phonons.  The  long  wavelength  phonon  mean  free 
path,  a  key  parameter  of  the  phonon  drag  term,  has 
been  estimated  using  an  approximation  to  the 
measured  thermal  conductivity  in  high-purity  SiC 
samples  [2]  The  theoretical  temperature  dependence 
without  taking  into  account  the  electron-phonon 
coupling  is  also  shown  in  Fig.  2.  As  one  can  see,  the 
phonon  drag  has  a  dramatic  effect  on  the  value  of  the 
Seebeck  coefficient.  In  the  full  presentation  a  few 
other  possible  approaches  to  the  phonon  drag 
modelling  will  be  discussed. 


Fig.  2  Experimental  and  theoretical  temperature 

dependencies  of  the  Seebeck  coefficient.  ^  D°m>  Z.  Naturfors chung,  12a,  739  (1957) 

2.  G.  A.  Slack,  Phys.Rev.,  35,  3460  (1964) 
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For  the  purpose  of  producing  SiC  planar  devices,  selective  area  doping  is  necessary.  Due  to 
negligible  diffusion  coefficients  in  SiC  of  candidate  dopant  elements,  the  choice  of  technique 
today  is  mainly  ion  implantation.  This  technique  has  benefits  in  the  sense  that  it  can  offer 
tailored  dopant  profiles.  The  implantation  process  on  the  other  hand  damages  the  crystal  by 
inducing  vacancies  and  interstitials  from  collisions  between  the  implanted  ion  and  the  lattice. 
By  heating  the  sample  during  implantation,  it  has  been  found  that  the  lattice  damage  is  less 
pronounced.1  The  as  implanted  ions  predominantly  occupy  interstitial  lattice  sites  where  they 
are  electrically  inactive.2  To  electrically  activate  the  implanted  ions  and  to  restore  the  damage 
induced  in  the  implantation  process,  the  sample  is  subject  to  a  thermal  annealing  process. 

TEM  studies  show  that  annealed  SiC  samples,  irradiated  by  a  dose  of  ions  slightly  lower  than 
the  amorphisation  threshold  contain  crystal  structural  defects.  These  have  been  determined  to 
be  interstitial  type  dislocation  loops,  typically  1-10  nm  wide.3  It  is  the  intention  of  this  paper 
to  present  results  on  studies  of  the  evolution  of  these  defects  after  high  temperature  annealing. 

In  the  present  study  samples  were  prepared  by  implanting  4H  SiC  with  Al,  C  and  Si 
respectively  at  energies  ranging  from  100-200  keV.  A  few  samples  were  implanted  at  varying 
implantation  temperatures.  Most  samples  were  subject  to  annealing  studies  in  which  the 
annealing  time  and  temperature  was  varied.  The  annealed  samples  were  then  studied  by 
EELS,  Cross  sectional  TEM  and  Plan  view  TEM. 

At  low  temperature  implantations  the  entire  volume  affected  by  the  implantation  contains 
dislocation  loops.  However,  after  implantation  at  elevated  temperatures  only  the  volume  in 
which  the  dopant  concentration  is  highest  contain  loops.  It  was  concluded  that  the  dislocation 
loops  contain  self-interstitials.  These  originate  from  a  supersaturation  of  excess  atoms  which 
are  created  in  the  process  when  the  implanted  ion  occupy  a  substitutional  site,  thereby  kicking 
out  an  excess  atom,  according  to  the  +1  model.  It  is  shown  that  when  an  implanted  sample  is 
annealed  the  excess  interstitials  start  to  cluster.  As  soon  as  equilibrium  between  point  defects 
and  nucleated  loops  has  been  established  coarsening  of  defects  occur  according  to  the 
Ostwald  ripening  theory  for  planar  precipitates,  in  which  large  defects  grow  on  the  expense  of 
smaller.  The  limiting  factor  for  loop  growth  is  suggested  to  be  diffusion  of  the  excess 
interstitials.  During  the  steady  state  loop  growth  an  activation  energy  has  been  measured.4 


1.  E.Wendler,  A.Heft  and  W.Wesch,  Nucl.  Instrum,  and  Methods  B  141  (1998)  105. 

2.  M.V.Rao,  P.Griffiths,  O.W.Holland,  G.Kelner,  J.A.Freitas,  D.S. Simons,  P.H.Chi  and 
M.Ghezzo,  J.  Appl.  Phys.  77  (1995)  2479. 

3.  P.O.A.Persson,  Q.Wahab,  L.Hultman,  N.Nordell,  A.Schoner,  K.Rottner,  E.Olsson  and 
M.K.Linnarson,  Mater.  Sci.  Forum  264-268  (1998)  413. 

4.  P.O.A.Persson,  Linkoping  Studies  in  Science  and  Technology  Lie.  Thesis  no.  813,  ISBN: 
91-7219-685-8. 
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Micropipe-related  screw  dislocations  with  extremely  large  Burgers  vectors 
in  4H-SiC  evidenced  by  X-ray  “magnifying”  imaging 
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‘European  Synchrotron  Radiation  Facility,  BP  220,  38043  Grenoble,  France,  2  SiCrystal  AG,  Heinrich- 
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The  performance  and  reliability  of  SiC-based  devices  are  very  sensitive  to  the  presence 
of  crystalline  defects.  Among  the  defects  usually  present  in  SiC,  the  most  critical  ones  are  the 
“micropipes,”  which  have  been  shown  to  be  giant  dislocations  with  large  Burgers  vectors. 
How  large  these  Burgers  vectors  can  be?  In  this  presentation,  we  will  demonstrate  that  they 
can  surprisingly  be  hundreds  to  thousands  of  nanometers.  Compared  with  dislocations  in 
silicon  that  have  Burgers  vectors  around  0.4  nm,  these  micropipes  are,  indeed,  huge 
dislocations.  Their  frequent  presence  in  SiC  crystals  is  thus  a  serious  and  persistent  problem, 
which  prevents  crystal  growers  from  growing  high-quality  crystals  and  heterostructures. 

One  very  effective  possibility  to  study  such  kind  of  lattice  defects  in  large  crystals  is  the 
utilisation  of  X-ray  diffraction  topography  (diffraction  imaging).  Already  long  ago  it  was 
demonstrated,  that  the  Burgers  vectors  of  giant  screw  dislocations  in  ZnS  polytype  crystals 
can  be  easily  measured  using  such  techniques  [1].  In  a  series  of  papers  (for  references  see  [2]) 
Dudley  and  his  co-workers  recently  demonstrated  the  application  of  modem  X-ray 
topographical  techniques  (white-beam  synchrotron  radiation)  to  clearly  reveal  and  map 
micropipes  in  SiC  crystals. 

We  used  the  same  techniques,  but  at  a  third  generation  synchrotron  radiation  source.  A 
distinct  advantage  of  this  source  is  that  the  large  source-to-sample  distance  (145  m)  and  the 
extremely  small  source  size  (50  -  120  pm)  make  the  synchrotron  beam  highly  collimated. 
Consequently,  it  is  possible  to  use  large  sample-to-detector  distances  (up  to  meters)  without 
degrading  the  topographical  images.  The  large  imaging  distance  makes  it  possible  to  record 
significantly  “magnified”  defect  images,  which  may  be  two  or  three  orders  of  magnitude 
larger  than  the  actual  defect.  Therefore,  the  third  generation  synchrotron  radiation  source 
provides  an  excellent  tool  to  detect  and  to  characterise  in  an  efficient  and  very  detailed  way 
the  micropipes  in  SiC  wafers.  As  an  example,  we  will  report  results  of  the  investigation  of 
micropipe-related  screw  dislocations  with  extremely  large  Burgers  vectors  detected  in 
4H-SiC.  Micropipes  with  about  6  pm  diameter  showed  images  half  a  millimetre  wide 
(recording  the  image  1.5  m  from  the  sample)  and  evidenced  Burgers  vectors  several  hundred 
nanometers  long.  From  this  investigation  the  magnifying  function  of  large -imaging-distance 
synchrotron  topography  is  clearly  demonstrated.  The  detailed  mechanisms  underlying  the 
imaging  process  show  that  this  technique  is  not  restricted  to  large  Burgers  vectors,  but  also 
allows  to  easily  and  non-destructively  detect  ‘small’  pipes  or  normal  screw  dislocations, 
invisible  by  optical  microscopy. 

[1]  S.  Mardix,  A.  R.  Lang  &  I.  Blech,  Phil.  Mag.  24,683  (1971) 

[2]  X.  R.  Wang,  M.  Dudley,  W.  M.  Vetter,  W.  Huang,  W.  Si  &  C.  H.  Carter  Jr.,  J .  Appl.  Cryst.  32,  516  (1999) 


^  1  mm 


Figure  1:  White  beam  transmission 
topography  showing  the  images  of 
micro-pipes  in  a  4H-SiC  sample,  cut 
parallel  to  [0001].  Bragg  angle  ©B  ~ 
7°,  sample  to  film  distance  10  cm. 
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X-ray  diffraction  line  profile  analysis  of  neutron  irradiated  6H-SiC 

C.  Seitz1.  A.  Magerl1,  H.  HeiBenstein2,  R.  Helbig2 

1  Lehrstuhl  fur  Kristallographie  und  Strukturphysik,  Universitat  Erlangen-Numberg. 
Bismarckstr.  10,  D-91054  Erlangen,  Germany.  Tel:  0049-9131/85-221  T9  Fax:  0049- 
9131/85-22733 

2  Lehrstuhl  fur  Angewandte  Physik,  Universitat  Erlangen-Numberg 
StaudtstraBe  7/A3,  D-91058  Erlangen,  Germany. 

Email:  christoph.seitz@krist.uni-erlangen.de 


Similar  to  a  well  established  technique  for  Si,  nuclear  transmutation  by  neutron  irradiation 
can  also  be  applied  to  dope  SiC.  This  method  is  useful  to  achieve  a  homogeneous  doping  in 
large  crystal  volumes.  As  a  disadvantage,  however,  radiation  induced  defects  occur,  mainly 
by  high  energy  neutrons.  We  have  investigated  the  line  broadening  of  Bragg  peaks  in 
irradiated  6H-SiC  samples  by  high  resolution  x-ray  diffraction.  The  effects  of  different 
neutron  fluences,  neutron  spectra  and  annealing  treatments  have  been  studied.  The  data 
demonstrate  a  clear  correlation  of  the  defect  densities  of  second  kind  with  the  neutron 
fluences  and  the  annealing  procedures.  We  were  able  to  determine  quantitatively  the  defect 
densities  and  to  elucidate  a  change  of  the  character  of  the  defects  upon  annealing. 
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ION  BOMBARDMENT  INDUCED  DAMAGE  IN  SILICON  CARBIDE 
STUDIED  BY  ION  BEAM  ANALYTICAL  METHODS 
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Damage  created  by  implantation  of  A1  ions  into  4H-SiC  and  into  Si  (100)  is  characterized 
using  Backscattering  Spectrometry  in  combination  with  channeling.  To  create  disorder,  Al+ 
ions  with  energy  of  200  keV  were  implanted  at  room  temperature.  Considerable  less  damage 
was  found  in  silicon  than  in  4H-SiC  in  the  case  of  identical  ion  irradiation.  As  an 
independent  cross-checking  method,  cross-sectional  transmission  electron  microscopy  was 
used  to  study  the  damage  structure  in  irradiated  4H-SiC.  Earlier  observations  were 
considered  to  minimize  the  damaging  effect  of  the  analyzing  4He+  beam  in  4H-SiC  [1,2]. 

Nuclear  reaction  or  non-Rutherford  elastic  scattering  are  suitable  methods  to  obtain 
concentration  of  low  atomic  number  constituent  in  a  compound  sample.  Nashiyama  et  al. 
applied  the  12C(d,p)ljC  nuclear  reaction  and  deuteron  Rutherford  backscattering  in 
combination  with  channeling  for  investigation  both  carbon  and  silicon  atom  displacements  in 
virgin  and  proton  irradiated  3C-SiC  [3],  Another  appropriate  method  is  the 
1  C(4He+,4He+)12C  resonance  at  the  resonance  energy  of  4260  keV,  an  enhancement  factor 
of  over  hundred  for  12C  can  be  reached.  This  resonance  was  utilized  to  investigate  the  ion 
bombardment  induced  disorder  in  the  carbon  sublattice  of  4H-SiC.  The  disorder  was  created 
by  implantation  of  200  keV  and  350  keV  Af  ions  at  room  temperature.  The  depth 
resolution  of  the  method  is  discussed. 
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POLARITY  OF  GaN  EPITAXIC  LAYERS  BY  KOSSEL  EFFECT  TECHNIQUE 
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m-V  nitrides  usually  crystallize  in  the  noncentrosymmetric  wurtzite  structure  (point 
group  6mm)  with  a  polar  c  axis.  Determination  of  a  direction  of  a  polar  sixfold  axis  for 
epitaxic  GaN  layers  on  a  substrate  by  a  traditional  technique  (comparative  chemical  etching) 
is  very  difficult  because  another  layer  side  hidden  under  the  substrate  is  not  available. 

For  determination  of  polarity  of  GaN  epitaxic  layers  grown  on  sapphire  substrates  by 
chloride  transport  process  technique  in  the  system  Ga  -  HC1  -  NH3  -  Ar,  we  employed  simple 
method  of  the  Kossel  effect  stimulation  by  an  electron  beam  in  scanning  electron  microscopy. 
Experimental  results,  obtained  by  us  as  well  as  those  published  earlier  by  other  authors  for 
GaN  (AIN)  epitaxic  layers  grown  on  the  high  reticular  density  cuts  of  sapphire  and  also  for 
comparison  on  other  substrates  are  summarized  in  Table.  The  fine  structures  of  the  Kossel 
lines  on  the  patterns  produced  from  the  various  regions  of  the  same  sample  are  identical  to 
each  other,  proving  that  the  epitaxic  layers  grown  by  our  technique  are  free  from  twinning 


with  an  inversion  of  the  polar  axis. 


Substrate: 

Orientation  relationship 

Polarity  of  external  face 

Sapphire 

(0001), [11-20] 

(0001), [10-10]  (GaN) 

A/(0001)Ga/ 

(11-20), [0001] 

(0001),[1-100]  (GaN) 

A 

(10-14) 

(0001)  (GaN) 

A 

(01-12), [0-1 11] 

(11-20), [0001]  (GaN) 

[01-1-1  ]  A1203//[000 1  ]  Ga 

Sapphire 

(0001), [11-20] 

(0001), [10-10]  (GaN) 

A 

Sapphire 

(01-12), [0-1 11] 

(11-20), [0001]  (AIN) 

A 

MgAl204 

(111), [1-21] 

(0001), [1-100]  (GaNO 

A 

SiC-6H 

(0001)  Si, [11-20] 

(0001), [11-20]  (GaN) 

B  /(0001)N/ 

(0001)  C,[l  1-20] 

(000 1),[  11-20]  (GaN) 

A  /(0001)Ga/ 
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Mass  transport  and  powder  source  evolution  in  sublimation 
growth  of  SiC  bulk  crystals 
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Silicon  carbide  powder  is  commonly  used  as  a  source  of  reactive  species  for  growth  of  SiC 
bulk  crystals  by  sublimation  technique.  In  this  paper  we  suggest  a  coupled  model  of  species 
mass  transport  through  the  SiC  powder  charge  and  in  the  clearance  between  the  powder  and 
the  seed.  The  proposed  approach  includes  a  set  of  mass  transport  equations  accounting  for 
heterogeneous  chemical  reactions  at  the  surface  of  SiC  granules.  Phase  state  of  a  granule 
surface  (pine  SiC,  graphitized  SiC  or  SiC  enriched  by  silicon)  is  found  in  every  point  of  the 
powder  using  a  thermodynamic  criterion  of  extra  phase  formation  [1],  The  phase  state 
controls  the  mechanism  of  chemical  interaction  between  the  granule  surface  and  the  vapor. 
We  use  the  model  to  predict  the  effects  of  powder  parameters  (porosity  and  granule  size)  and 
growth  conditions  on  SiC  growth  rate  and  seed  graphitization  during  growth. 

Evolution  of  the  powder  properties  and  of  its  phase  state  is  simulated  by  using  a  quasi-steady- 
state  concept  based  on  the  assumption  that  the  transient  time  of  all  processes  (response  of  the 
sublimation  rate  and  of  the  granule  phase  state  to  changes  in  the  local  vapor  composition)  is 
much  less  than  the  growth  duration.  This  permits  one  to  replace  an  unsteady  process  of 
powder  sublimation  by  a  set  of  steady-state  processes  taking  into  account  variation  in  the 
granule  size,  porosity  and  in  the  powder  phase  state  from  step  to  step. 

The  results  predict  existence  of  several  zones  in  the  powder  source  with  different  character  of 
interaction  between  the  multicomponent  vapor  and  the  granule  surface.  Our  computations 
show  that  the  temperature  profile  in  the  powder  charge  is  crucial  for  location  and  size  of  the 
graphitization  and  recrystallization  zones  (the  latter  are  formed  due  to  crystallization  of  the 
supersaturated  vapor  species  coming  from  the  hot  zones  of  the  powder).  The  computations 
allow  us  to  predict  SiC  growth  rate  evolution  as  a  function  of  the  initial  powder  granularity 
and  to  reveal  the  growth  conditions  resulting  in  the  seed  graphitization.  Correlation  between 
the  powder  and  the  seed  graphitization  is  discussed.  Specific  features  of  the  process  like 
substitution  of  the  inert  gas  by  the  reactive  species,  and  the  densification  of  SiC  powder  due 
to  recrystallization  are  studied.  Efficiency  of  the  source  utilization  is  discussed  in  context  of 
the  obtained  results.  The  computational  results  are  compared  with  the  available  experimental 
data.  The  model  is  used  for  analysis  of  degradation  of  the  SiC  powder  during  growth  of  bulk 
SiC  crystals  in  sublimation  sandwich  system. 


[1]  M.S.  Ramm,  A.V.  Kulik,  I.A.  Zhmakin,  S.Yu.  Karpov,  O.V.  Bord,  S.E.  Demina,  Yu.N. 
Makarov,  Presented  on  MRS  Spring  Meeting  (2000). 


-150- 


WeP-23 


Morphology  of  sublimation  grown  6H-SiC-(0001)  surfaces 
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Seed  polarity  and  orientation  have  a  strong  influence  on  sublimation  grown  SiC  crystals.  For 
physical  vapor  transport  methods  growth  on  the  C-terminated  face  of  6H-SiC  seeds  has  been 
rarely  reported.  Because  of  the  observed  polytype  change  from  6H  to  4H  during  growth  on  a 

(000 1)  face,  Si-terminated  seeds  are  prefered  for  crystal  growth  of  the  6H  polytype  [1]. 
Sublimation  grown  epitaxial  layers  as  well  as  crystals  have  been  investigated  by  optical 
microscopy,  atomic  force  microscopy  and  photoluminescence.  Crystal  growth  was  performed 
on  the  C-terminated  surface  of  6H  seeds  of  30  mm  diameter.  In  addition  seeds  with  an  off- 

orientation  a  few  degrees  towards  <1 1  2  0>  were  used.  The  growth  sequence  was  described 
elsewhere  [2].  In  case  of  epitaxial  layers  the  growth  has  been  interrupted  by  increasing  the 
pressure  and  reducing  the  temperature  simultaneously. 

Even  on  off-oriented  seeds  step  flow  growth  can  only  be  maintained  using  source  material 
with  Si  excess  (Fig.  1).  This  was  already  found  for  growth  on  (0001)-6H  seeds  [2].  Step 
bunching  is  more  pronounced  when  using  a  stoichiometric  source.  Furthermore,  with 
decreasing  temperature  growth  no  longer  proceeds  via  step  flow.  Step  trains  are  transformed 
into  meandering  macrosteps. 


Fig.  1.  Optical  micrographs  of  layers  grown  by  sublimation  on  (0001)-6H  seeds  (left:  Si 
excess  in  source  material,  right:  stoichiometric  source) 


In  contrast  to  off-oriented  layers  the  on-axis  grown  material  always  exhibited  a  coalescence  of 
individual  islands.  Growth  spirals  often  seen  on  the  Si-terminated  face  could  not  be  observed 

on  (0001)  faces  [3].  This  was  independent  of  the  supersaturation.  The  influence  of  selected 
growth  parameters  on  polytype  stability  has  been  studied  and  a  surprisingly  low 
transformation  probability  from  6H  to  4H  was  revealed.  The  results  will  be  related  to  the 
observed  step  bunching  and  surface  kinetics. 
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The  semi-insulating  silicon  carbide  is  required  for  many  electronic  devices  on  the  basis 
of  silicon  carbide  and  nitrides.  The  present  study  is  devoted  to  the  problems  of  obtaining  of 
insulating  properties  of  SiC  single-crystals  at  physical  vapor  transport  (PVT)  growth. 

It  is  necessary  to  mark  out  two  basic  stages  in  obtaining  semi-insulating  properties  of  a 
SiC  material: 

1)  obtaining  a  high-resistivity  material  by  lowering  the  impurity  concentration  and 
compensation; 

2)  overcompensation  of  the  residual  impurities  by  deep  impurity  centres. 

The  analysis  of  parameters  of  known  impurity  centres  in  silicon  carbide  has  shown  that 
the  most  appropriate  of  them  for  obtaining  insulating  properties  is  vanadium.  Being  an 
electrically  amphoteric  impurity,  vanadium  forms  both  deep  donor  D°/D+ 
(Vsi4+(3rfI)/Vsi5+(3^/)))  and  acceptor  levels  A°/A~  (VSi3+(3rf2)A/rSi4+(3J1))  located  accordingly  at 
1.35...  1.47  and  0.68... 0.97  eV  below  the  conduction  band  bottom  in  6H  and  4H.  The  usage 
of  vanadium  donor  levels  is  the  most  preferable,  especially  in  4H  polytype. 

The  physico-chemical  features  of  polytypes  impose  certain  requirements  on  growth 
conditions,  which  in  turn  determines  the  level  of  doping  and  overcompensation.  The  growth 
in  vacuum  of  4H-SiC  single-crystals  on  the  (000 1)C  facet  from  aluminium  containing  source 
allows  to  obtain  high-resistivity  crystals  with  a  low  difference  concentration  of  residual 
impurities.  Doping  of  such  crystals  by  vanadium  at  growth  allows  to  compensate  the 
dominant  residual  impurities  (aluminium  and  nitrogen)  completely  and  to  obtain  a  semi- 
insulating  material.  Its  electrical  properties  in  a  wide  temperature  range  would  only  be 
determined  by  activation  energy  of  vanadium. 

The  physico-chemical  phenomena  accompanying  doping  process  of  SiC  single-crystals 
by  vanadium  and  aluminium  are  considered  proceeding  from  thermodynamic  analysis  of  the 
vapor  phase  composition  of  SiC-C-V,  A1  system. 

The  influence  of  the  seed  orientation  on  vanadium  doping  level  would  be  discussed.  It 
is  possible  to  control  the  concentration  level  by  variation  of  growth  temperature  and 
composition  of  growth  source  mixture.  The  concentration  level  and  crystal  polytype  structure 
are  interdependent. 

It  is  shown,  that  the  single-crystals  of  silicon  carbide  possessing  semi-insulating 
properties  can  be  grown  by  physical  vapor  transport  under  the  following  conditions: 

1 )  growth  environment  -  vacuum  (pressure  range  1 0'3 ...  1 0"5  Torr); 

2)  growth  cell  material  -  dense  graphite  (15%  porosity); 

3)  growth  source  composition  -  previously  sintered  silicon  carbide  powder  doped  specially 
by  vanadium  and  aluminium; 

4)  growth  plane  orientation  -  (0001)  C 

The  electrophysical  and  optical  characteristics  of  PVT  grown  semi-insulating  4H-SiC:V 
single-crystals  would  be  presented.  For  the  first  time  is  shown,  that  the  miscibility  of 
vanadium  can  achieve  up  to  l-1019cm°. 

The  obtained  results  prove  the  viability  of  application  of  semi-insulating  4H-SiC:V  as  a 
substrate  material. 


-152- 


WeP-25 
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The  quality  of  large  diameter  6H-SiC  single  crystals  is  strongly  influenced  by  the  composition  of  the 
vapour  phase  and  the  thermal  conditions  inside  the  growth  chamber.  Beside  the  seed  quality  the  grown 
in  defects  like  misoriented  regions  and  micropipes  determine  the  yield  [1].  Their  formation  is 
correlated  with  second  phase  inclusions,  such  as  silicon  droplets  or  carbon  particles  [2]-[4]. 


Inclusions 


a)  below  the  crystal  surface  (top  view) 
(large  black  areas  are  graphite  residues 
on  the  rear  of  the  seed) 


b)  in  a  cut  parallel  to  the  <000 1> 
growth  direction 


Crystals  up  to  35mm  diameter  grown  on  the  silicon  face  by  the  Modified  Lely  Method  in  a 
temperature  range  between  2100°C-2400°C  and  an  Ar-pressure  from  5-50  hPa  have  been  investigated. 
Inclusions  could  be  identified  as  carbon  particles  by  SEM  and  EELS.  Their  distribution  along  the 
growth  direction  and  at  the  phase  boundary  were  investigated  by  Optical  Microscopy  (Fig. la;  lb).  It 
was  found  that  their  density  varies  in  axial  as  well  as  radial  direction.  The  dependence  of  the  carbon 
particle  concentration  on  growth  parameters  such  as  seed  temperature,  time,  pressure  and  the  distance 
between  source  and  seed  is  shown.  To  explain  the  behaviour  a  so  called  concentration  model  will  be 
discussed.  Therefore  any  change  of  the  vapour  phase  composition  characterised  by  the  loss  of  silicon 
and  caused  by  changing  of  a  growth  parameter  may  result  in  a  drastic  local  increase  of  the  carbon 
particle  concentration.  If  a  critical  value  is  exceeded  they  can  act  as  a  nucleation  centre  for  micropipes 
or  misoriented  regions.  Measures  to  lower  the  second  phase  inclusions  will  be  discussed. 


[1]  R.C.Glass,  D.Henshall,  V.F.Tsvetkov,  C.H.Carter,  Jr. 

Phys.  Stat.  Sol.  (b)  202,149  (1997) 

[2]  M.Dudley  et  al.,  A.Powell  and  S.Wang,  P.Neudeck,  M.Skowronski 
Appl.  Phys.  Lett.,  Vol.75,  No.6, 784  (1999) 

[3]  M.Tuominen,  R.Yakimova,  A.Vehanen,  E.Janzen 
Mater.  Sci.  Eng.  B57  228  (1999) 

[4]  D.Hofmann,  M.Bickermann,  R.Eckstein,  M.Kolbl,  StG.Muller,  E.Schmitt,  A.Weber,  A.Winnacker 
J.  Crystal  Growth,  198/199  (1999)  1005-1010 
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The  advantage  of  CST  is  that  crystal  growth  is  carried  out  in  quasi-equilibrium  tl2]. 
The  growth  rate  of  CST  is  about  50jum/h  and  is  higher  than  that  of  CVD  system. 
Therefore,  it  is  advantageous  for  power  device  applications  that  need  thick  epitaxial 
layers.  Micropipes  in  the  substrate  continue  to  propagate  into  the  epitaxial  layer.  We 
demonstrate  here  using  CST,  micropipes  in  the  substrate  were  filled  during  epitaxial 
layer  growth. 

Polycrystalline  3C-SiC  plate  was  used  as  the  source  and  6H-SiC  was  used  as  the 
substrate.  The  growth  temperature  was  1800°C  and  the  growth  pressure  was  about  2.0 
x  1 0'3  Torr.  The  distance  between  the  source  and  the  substrate  was  1.0  mm.  The  growth 
rate  was  about  50  u  m/h  under  these  conditions.  Epitaxial  layers  were  characterized  by 
KOH  etching,  etc. 

Depth  profiles  of  the  micropipes  were  easily  observed  under  the  optical  microscope 
by  focusing  at  different  depths.  The  relationship  between  the  film  thickness  of  the 
epitaxial  layer  and  the  average  diameter  of  micropipes  is  shown  in  Fig.l.  The  average 
diameter  of  micropipes  decreases  as  the  thickness  of  the  epitaxial  layer  increases.  The 
probability  that  micropipes  under  20 (im  diameter  disappeared  completely  was  about 
86%.  The  reason  for  micropipe  filling  is  that  the  epitaxial  growth  is  carried  out  in  the 
high  vacuum  level.  In  the  conventional  sublimation  method,  the  pressure  during  the 
growth  is  about  50  Torr,  but  it  is  about  2.0x  10'3  Torr  in  the  CST  system.  In  high 
vacuum  condition,  the  surface  diffusion  length  of  chemical  species  is  longer  than  in  a 
low  vacuum  level.  Therefore,  chemical  species  can  reach  inside  of  the  micropipes, 
whereby  crystal  growth  occurs  in  the  micropipes  and  consequently  micropipes  are 
completely  filled.  This  approach  can  be  applied  to  the  conventional  sublimation  method 
and  micropipes  can  be  reduced  in  the  SiC  bulk  crystal.  In  this  report,  a  mechanism  of 
micropipes  reduction  and  characterization  of  epitaxial  layers  will  be  discussed. 
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Fig.  1  The  relationship  between  the  film  thickness 
and  diameter  of  micropipes.  Square  points  and 
circular  points  show  the  average  diameter  of 
micropipes  which  have  the  diameter  over  20  m 
and  under  20 /im  on  the  substrate,  respectively. 
Empty  squares  and  circles  show  the 
corresponding  values  in  the  epitaxial  layers. 


[1] S.K.Lilov,  Journal  of  Crystal  Growth  46,  pp.269^273,  1979 

[2] Yu.M.Tairov,  V.F.Tsvetkov,  S.K.Lilov  and  G.K.Safarakiev,  Journal  of  Crystal  Growth  36,  pp.  147^151, 1976 
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by  Sublimation  Method 

T.  Shimizu,  T.  Nishiguchi,  M.  Sasaki,  S.  Ohshima  and  S.Nishino 
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Introduction 

Recently,  the  production  of  high-quality  and  large  diameter  bulk  SiC  crystals  has 
been  the  most  important  problem.  In  general,  large  size  bulk  crystals  are  made  by 
enlarging  gradually  from  small  size  substrate  crystals.  However  by  this  method,  a 
very  long  time  is  needed  to  make  large  diameter  bulk  crystal.  In  our  previous 
growth  experiments,  when  we  grew  on  cracked  substrates,  the  crack  disappeared  on 
the  surface  after  several  growth  runs [1].  Based  on  those  experiments,  an  alternative 
way  of  enlarging  the  size  of  the  crystals  is  suggested.  This  method  consists  of  plac¬ 
ing  a  number  of  small  substrates  on  the  graphite  cap  near  each  other  and  allowing 
the  cracks  or  grooves  of  substrates  to  be  healed.  Implementing  this  idea,  we  placed 
two  substrates,  together  confirmed  transition  from  bi-crystal  to  mono-crystal.  The 
mechanism  of  damage  healing  will  be  discussed. 

Experiment  and  Result 

A  1  inch  6H-SiC  wafer,  polished  on  both  sides,  was  used  as  the  starting  substrate. 

This  wafer  was  divided  into  two  parts,  and  then  these  divided  parts  were  set  on  the 

graphite  cap.  Crystal  growth  was  achieved  in  a  quartz  tube  reactor  with  a  water- 
cooled  jacket  under  argon  atmosphere  at  50  Torr.  The  source  material  was  abrasive 
SiC  powder.  The  crucible  was  heated  externally  by  RF  induction  with  a  frequency 
of  300  kHz.  The  temperatures  at  the  top  (Ts)  and  the  bottom  (Tb)  of  the  crucible 
were  measured  by  an  optical  pyrometer.  Ts  and  Tb  were  approximately  2050-2150 
°C  and  2250-2350  °C,  respectively.  Bulk  crystal  was  grown  by  recharging  the  source 
SiC  three  times  material  (total  11  hours).  The  thickness  of  the  bulk  was  approximate¬ 
ly  4.4  mm. 

The  facet  appeared  at  the  edge  of  grown  surface  over  crack.  Figure  1  and  2  show 
the  surfaces  of  the  first  and  third  runs,  respectively.  After  the  first  run,  the  crack 

still  lingers  on  the  facet  (arrow  in  Fig.  1).  However,  after  the  third  run,  the  crack 

disappeared  on  the  surface  as  shown  in  Fig.  2.  The  surface  was  investigated  in  detail 
by  KOH  etching.  However  crack  propagation  into  the  newly  grown  layer  was  not 
observed.  This  suggests  that  crack  between  two  substrates  was  healed,  and  that  the 
substrates  became  mono-crystalline.  At  off-axis  orientations,  the  crack  was  disap¬ 
peared  partially.  It  was  confirmed  that  the  crack  was  healed  suddenly  under  the  fac¬ 
eting  plane,  while  the  healing  was  gradual  under  off-axis  orientations.  From  the 
above,  we  believe  that  the  crack  will  be  completely  healed  with  increasing  thickness 
of  the  grown  layer.  This  idea  is  being  investigated  for  large  scale  bulk  growth. 


Fig.  1 .  Facet  of  first  grown  surface  Fig.2.  Facet  of  third  grown  surface 


[1]  S.  Okada,  T.  Nishiguchi,  T.  Shimizu,  M.  Sasaki,  S.  Ohshima  and  S.  Nishino,  Abstracts  of  ICSCRM  '99  (North  Carolina), 
No.  465 
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bMaterials  Science  Department  6,  University  of  Erlangen-Niirnberg, 
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To  use  SiC  wafers  as  substrate  material  for  electronic  and  optoelectronic  devices  in  industrial  scale,  the 
production  of  high  quality  large  diameter  SiC  single  crystals  at  low  cost  has  to  be  realized.  At  the 
moment,  the  standard  technique  to  prepare  SiC  bulk  single  crystals  is  physical  vapour  transport  (PVT) 
growth  by  the  modified  Lely  method.  The  quality  of  the  crystals  is  depending  very  sensitively  on  the 
thermal  field  inside  the  growth  cell.  Temperature  inhomogeneities  inside  the  crystal  cause  thermal  stress. 
This  is  considered  to  be  a  main  reason  for  a  variety  of  crystal  defects  (e.g.  micropipes,  dislocations). 

In  this  work,  we  will  analyze  the  thermoelastic  stress  distribution  in  the  growing  SiC  single  crystal.  The 
stress  calculations  are  based  on  a  global  simulation  of  the  SiC  bulk  crystal  growth  process.  Analyzing 
the  main  heat  and  mass  transfer  processes,  we  determine  the  thermal  field  inside  the  growth  cell  and  the 
temporal  evolution  of  the  growing  crystal  [1]  and  calculate  the  stress  distribution  at  fixed  points  in  time 
for  the  actual  temperature  field.  We  will  present  calculations  of  the  thermoelastic  stress  distribution  at 
different  stages  of  the  growth  process.  Comparisons  of  model  predictions  and  experimental  data  will  be 
given. 

As  an  example,  the  calculated  temperature  isolines  in  a  SiC  crystal  after  some  hours  of  growth  are 
presented  in  Fig.  la.  The  von  Mises  stress  distribution  resulting  from  this  temperature  field  is  shown  in 
Fig.  lb  indicating  that  the  higher  stress  levels  are  at  the  periphery  of  the  crystal.  The  experimentally 
observed  stress  patterns  (bright  areas  indicate  high  stress  levels)  of  an  l,4"-SiC- wafer  determined  by  stress 
bireffingency  is  presented  in  Fig.  lc  showing  a  good  qualitative  agreement  with  theoretical  predictions. 

To  get  an  estimate  concerning  the  dislocation  formation  caused  by  thermoelastic  stress,  we  evaluate  the 
dislocation  density  according  to  Jordan  et  al.  [2]  and  discuss  the  applicability  of  this  model. 


(c) 


Figure  1:  Calculated  distribution  of  temperature  (a)  and  stress  (b)  and  experimentally  observed  stress 
patterns  in  an  1,4"- SiC- wafer  (c).  The  calculated  stress  variation  (b)  and  the  bright  contrast  (c),  respec¬ 
tively,  indicate  regions  with  higher  stress  levels  at  the  periphery  of  the  crystal. 

[1]  M.  Selder,  L.  Kadinski,  Y.  Makarov,  F.  Durst,  P.  Wellmannn,  T.  Straubinger,  D.  Hofmann,  S.  Karpov, 
M.  Ramm,  Journal  of  Crystal  Growth  211  (2000)  333-338. 

[2]  A.  S.  Jordan,  R.  Caruso,  A.  R.  Von  Neida,  The  Bell  System  Technical  Journal  59:4  (1980),  593-637. 
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As  the  doping  of  PVT  grown  SiC  crystals  is  often  inhomogeneous  because  of  changing 
surface  temperatures  during  growth  or  source  depletion  it  would  be  advantageous  to  supply 
dopant  gases  directly  to  the  growing  crystal  (Figure  1).  This  would  allow  a  better  control  of 
the  concentration  in  front  of  the  crystal  surface. 

Since  an  additional  gas  flow  inside  the  growth  cell  could  cause  severe  distortions  of  the  vapor 
flow  we  have  performed  basic  investigations.  The  influence  of  an  inner  Argon  gas  stream  on 
the  structural  properties  of  the  growing  crystal  was  studied. 

Through  2-dim  heat  transfer  simulations  we  developed  a  geometry  with  the  possibility  of  gas 
inlet  and  a  thermal  field  between  powder  and  seed  which  was  comparable  to  that  of  the 
conventional  PVT  Process. 

After  we  adjusted  the  gas  flow  so  that  it  did  not  interrupt  the  thermal  field  we  were  able  to 
grow  crystals  inside  this  setup  which  were  comparable  in  size  to  those  grown  with  normal 
PVT. 

The  structural  properties  of  crystals  grown  with  inner  gas  flow  were  different  as  compared  to 
those  grown  without  inner  gas  flow  (parameters  T,  T-gradients  and  p  were  kept  the  same), 
(see  Fig.  2) 

i.  No  C-Inclusions  were  observed  (Figure  2,  dark  part).  Compare  with  the  inclusions  in 
the  PVT  grown  seed  (Figure  2,  bright  part). 

ii.  In  the  initial  stage  of  growth  a  tendency  for  lateral  pipe  overgrowth  was  observed.  One 
pipe  is  growing  from  the  seed  into  the  growing  crystal  while  the  others  end  at  the 
seed-crystal  interface. 

The  doping  concentration  in  n-type  material  was  rather  high  because  nitrogen  was  added  to 
the  inner  gas  flow. 


Figure  1 :  Crucible  with  tube  for  gas  Figure  2:  Interface  seed-crystal:  C- 

inlet  and  outlet  Inclusions  and  several  MP  in  seed  (brighter 

part);  No  Inclusions  and  only  one  MP  in 
Crystal  (darker  part) 
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The  availability  of  p-type  highly  conductive  SiC  bulk  crystals  with  low  defect  densities  is  an  important 
issue  for  the  further  development  of  SiC  power  electronics.  Furthermore,  defined  p-doping  at  very  low 
levels  is  a  prerequisite  for  the  preparation  of  semi-insulating,  highly  resistive  SiC  substrates  for  high 
frequency  applications,  where  vanadium  acts  as  deep  donor  for  the  compensation  of  residual  acceptor 
levels.  P-conduction  is  commonly  established  by  Al  or  B  doping.  For  the  achievement  of  homogene¬ 
ously  doped  p-type  SiC  Crystals  in  lateral  and  longitudinal  directions  a  thorough  understanding  of  the 
dopant  incorporation  both  at  low  and  high  concentrations  is  necessary. 

Difficulties  in  p-type  doping  arise  on  one  side  from  the  lack  of  an  suited  gas  source,  which,  if  con¬ 
stantly  applied,  will  provide  in  principle  homogeneously  doped  bulk  crystals,  as  can  be  seen  in  n-type 
doping,  where  N2  as  a  gas  source  is  commonly  used.  On  the  other  side,  the  amount  of  incorporated 
species  and  related  electrical  activity  of  p-dopants  under  PVT  conditions  is  not  clear.  In  this  paper,  p- 
type  doping  is  performed  by  applying  solid  sources.  Here  several  aspects  are  critical:  First,  the  deple¬ 
tion  of  the  dopant  source  has  to  be  avoided.  Second,  segregation  phenomena  can  provide  local  accu¬ 
mulation  of  dopants  species  resulting  in  inclusions  or  polycrystalline  growth  conditions.  Third,  as  the 
temperature  field  at  the  growth  interface  changes  with  growth  time,  also  the  conditions  of  dopant  in¬ 
corporation  can  change.  All  of  these  aspects  can  lead  to  inhomogeneous  doping  up  to  the  order  of  sev¬ 
eral  magnitudes.  Finally,  temperature  field  and  applied  source  strongly  influence  the  overall  doping 
level,  which  has  also  to  be  taken  into  account. 

In  our  investigation  several  SiC  bulk  crystals  were  grown  by  the  physical  vapor  transport  (PVT)  tech¬ 
nique.  The  dopant  was  provided  either  by  adding  solid  compounds  as  B4C  or  AI4C3  to  the  undoped 
SiC  source  material  or  by  doping  the  SiC  powder  during  synthesis  with  varying  amounts  of  B  or  Al, 
respectively.  For  reference  purposes  also  some  nominally  undoped  crystals  were  grown  to  take  into 
account  the  residual  impurities  of  the  growth  system.  Wafers  as  well  as  longitudinal  cuts  were  pre¬ 
pared  from  the  crystals.  Characterization  was  performed  by  doping  level  mapping  via  absorption 
measurements.  Further  investigation  was  performed  by  Hall  measurements,  GDMS  and  SIMS  analy¬ 
sis.  Also,  a  detailed  study  of  the  samples  by  optical  microscopy  was  performed  to  analyze  crystal  qual¬ 
ity  and  doping-induced  defects  like  inclusions  or  grain  boundaries. 

We  will  present  results  on  p-type  SiC  samples,  doped  with  Al  or  B,  with  charge  carrier  concentration 
in  the  range  from  1015  cm'3  to  5-1018  cm°  as  measured  by  absorption  and  Hall  effect.  Several  correla¬ 
tions  in  respect  to  growth  parameters  are  revealed:  The  dopant  incorporation  of  Al  or  B,  respectively, 
is  several  times  higher  during  crystallization  on  the  silicon  face  with  respect  to  the  carbon  face.  At 
very  high  doping  levels  polycrystalline  growth  can  occur  on  either  face.  For  highly  doped  growth,  the 
generation  of  voids  and  mesoscopic  pipes  and,  in  the  case  of  B  doping,  inclusions  of  probably  eutectic 
B-Si-C  compounds,  were  observed.  Doping  inhomogeneities  up  to  the  order  of  one  magnitude  can 
arise  from  the  variation  of  growth  temperature  and  the  structural  evolution  of  the  source  during 
growth.  Inhomogeneous  doping  is  shown  to  be  distinctive  at  low  doping  levels,  especially  for  Al 
doped  growth.  For  B  doped  growth,  the  range  of  dopant  incorporation  in  dependence  of  growth  condi¬ 
tions  will  be  presented.  Finally,  implications  of  this  study  for  PVT  growth  conditions  with  reduced 
dopant  non-uniformities  are  discussed. 
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Improvement  in  growth  rate,  maintaining  a  high  quality,  is  one  of  the  current  technical 
issues  in  SiC  epitaxy.  In  this  paper,  we  report  on  the  results  of  optical  and  electrical 
characterization  of  4H-SiC  epilayers  grown  at  a  high  deposition  rate  up  to  16pm/h. 

Epitaxial  4H-SiC  layers  were  grown  in  a  vertical  radiant -heating  reactor  [1].  In  this  reactor, 
a  susceptor  is  heated  by  radiation  from  a  hot -wall.  Epitaxial  growth  is  performed  under  a 
reduced  pressure  (—50  torr)  with  upward  SiH4+C3H8+H2  flow.  The  growth  temperature  is 
1550-1600°C  (at  the  susceptor  top),  and  a  typical  growth  rate  is  12-16  pm/h. 

Photoluminescence  (PL)  and  deep  level  transient  spectroscopy  (DLTS)  were  performed  to 
check  the  quality  of  epilayers.  Figure  1  shows  PL  spectra  taken  from  a  sample  doped  to  low 
1015  cm'3.  The  spectrum  shows  strong  free  excitons  and  nitrogen  bound  excitons  indicating  a 
good  purity.  The  purity  of  the  epilayer  is  also  shown  by  the  weakness  of  the  aluminum-, 
boron-,  and  titanium-related  lines.  Since  defect-related  Lrline  is  clearly  seen  in  the  PL 
spectrum,  we  checked  an  intrinsic  defect  (Z,  center)  by  DLTS  measurement.  Our  DLTS 
measurement  revealed  that  the  Z\  trap  concentration  of  epilayers  is  generally  3x10  3  cm. 

Schottky  barrier  diodes  (SBD)  were  processed  on  epilayers.  We  employed  nickel  for 
Schottky  contacts.  Edge  termination  was  achieved  by  a  guard  ring  structure  processed 
thorough  boron  implantation.  A  10  pm-thick  epilayer  doped  to  high  1015  cm'3  was  used  in  the 
first  lot,  and  a  27  pm-thick  epilayer  doped  to  low  1015  cm"3  was  used  in  the  second  lot.  The 
process  parameters  were  rather  changed  in  the  second  lot.  The  best  breakdown  voltages  for 
lmrno  SBD  in  the  first  and  second  lots  are  1 .2  kV  and  2.3  kV,  respectively.  Figure  2  shows  a 
distribution  of  leakage  current  at  -600V  for  Immo  SBD.  Some  of  Immo  SBD  in  the  second 
lot  could  block  -600V  with  a  small  leakage  current  density  less  than  1  pA/cm2,  although  the 
average  leakage  current  density  was  rather  high  probably  due  to  both  process  and  defect 
issues.  The  percentages  of  tolerable  ones,  that  could  block  -600V  within  a  critical  leakage 
current  less  than  1mA,  were  over  85%  for  Immo  SBD  and  20%  for4mm0SBD. 

We  collated  simply  the  I-V  characteristics  of  SBD  with  morphological  defects  on  epilayers. 
Large  defect  free  areas  over  10  mm2,  where  no  observable  defects  were  existing  except 
wavy -pits,  were  confirmed  in  microscope  observation.  This  can  be  associated  with  the  high 
yield  of  1mm  0  SBD  and  the  production  of  4mm0  SBD  within  the  critical  leakage  current.  On 
the  other  hand,  we  recognized  morphological  defects  that  originated  from  micropipes  in 
substrates  and  inclusions  during  epitaxial  growth.  To  understand  the  poor  yield  of  4  mmo 
SBD,  the  total  concentration  of  10‘  cm"2  range  for  both  types  of  defects  is  reasonable. 

[1]  H.  Tsuchida  et  al.,  in  Proc.  Int.  Conf.  Silicon  Carbide  and  Related  Materials,  NC,  Oct  10-15 ,  1999. 


Fig.  1 .  PL  spectrum  from  a  epilayer.  Fig.  2.  Leakage  current  at  -600V  for  Immo  SBDs. 
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This  paper  focuses  on  growth  and  characterisation  of  epitaxial  layers  for  power  device 
application.  The  hot-wall  CVD  process  provides  substantial  advantages  in  terms  of  obtaining 
low  doping  and  good  morphology  for  thick  layers  [1], 

The  relation  between  the  growth  regime  like  total  flow,  system  pressure,  C/Si  ratio  and 
growth  temperature  and  the  characteristic  of  nominally  undoped  epilayers,  such  as  surface 
morphology,  thickness  uniformity  and  background  doping  concentration  have  been 
investigated. 

Thick  SiC  layers  with  growth  rates  up  to  10  pm/h  have  been  grown  in  a  horizontal  low 
pressure  hot-wall  CVD  reactor  on  commercial  35  mm  and  50  mm  SiC  wafers  using  the 
silane-propane-hydrogen  system.  The  temperature  range  was  between  1500  to  1600  °C. 
Layers  up  to  40  pm  in  thickness  with  a  variation  of  about  ±  4  %  have  been  obtained. 

Structural  properties  of  the  layers  in  comparison  to  the  substrates  have  been  characterised  by 
X-ray  diffraction.  Rocking  curve  maps  taken  on  substrates  and  epilayers  show  a  clear 
reduction  of  the  FWHM  from  about  40  to  10  arc  sec  . 

The  influence  of  the  C/Si  ratio,  growth  temperature  and  reactor  pressure  on  the  background 
net  doping  concentration  was  studied  using  C-V  measurements.  Epilayers  with  residual  n-type 
doping  levels  in  the  low  1014  cm'3  ranges  have  been  obtained  on  Si  faces.  SIMS 
measurements  have  shown  that  the  impurity  concentration  of  acceptors  like  B  and  A1  is  below 
2xl014  cm'3. 

[1]  O.  Kordina,  C.  Hallin,  A.  Henry,  J.P.  Bergmann,  I.  Ivanov,  E.  Ellison,  T.  Son 
and  E.  Janzen 

phys.  stat.  sol.  (b)  202  (1997)  321 
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Chemical  vapor  deposition  (CVD)  is  widely  used  for  growth  of  SiC  epitaxial  layers. 
In  spite  of  considerable  progress  in  this  technique  achieved  in  recent  years,  the  complex 
species  transport  and  growth  mechanisms  are  still  far  from  complete  understanding.  This 
makes  difficult  to  find  optimal  CVD  conditions  providing  high  growth  rate  and  required 
quality  of  the  grown  epilayers. 

This  paper  reports  on  the  numerical  study  of  SiC  growth  in  a  cold-wall  rotating-disk 
vertical  CVD  reactor  using  the  model  accounting  for  Si  clustering  in  the  vapor  [1].  The  model 
predicts  reasonably  well  dependence  of  the  growth  rate  on  SiKU  and  C3H8  flow  rates  [1]. 
Growth  rate  and  C/Si  ratio  at  the  growth  surface  have  been  computed  as  a  function  of  SiH4 
and  C3H8  inlet  flow  rates  varied  in  a  wide  range  (Fig.  1).  The  predicted  non-monotonic 
behavior  of  the  growth  rate  with  SiKU  flow  rate  is  related  to  nucleation  of  Si  clusters  in  the 
vapor.  The  clusters  can  not  reach  the  growth  surface  due  to  thermophoresis  and,  therefore,  are 
transported  away  from  the  susceptor  by  the  gas  flow  instead  of  contribution  to  the  crystal 
growth.  The  effect  of  Si  clustering  makes  impossible  increasing  of  SiC  growth  rate  above  a 
definite  value  by  only  SiH4  and  C3H8  flow  rate  variation  (see  Fig.l).  This  prediction  is  not  yet 
supported  by  experiments  and,  therefore,  requires  a  special  verification. 

Many  properties  of  the  grown  crystal  are  known  to  depend  on  C/Si  ratio  in  the  vapor 
established  at  the  growth  surface  during  CVD.  The  C/Si  ratio  is  found  to  deviate  significantly 
on  that  at  the  reactor  inlet  and  is  strongly  affected  by  Si  gas-phase  nucleation.  A  special 
analysis  of  secondary  phase  (graphite  and  condensed  silicon)  formation  has  been  carried  out 
resulting  in  a  phase  diagram  shown  in  Fig.2.  The  computations  predict  considerable  changes 
in  the  width  and  location  of  SiC  growth  window  due  to  Si  gas-to-particle  conversion.  We 
have  found  a  close  correlation  between  the  zones  in  the  phase  diagram  and  surface 
morphology  observed  experimentally  on  CVD  grown  SiC  epilayers  [2]. 


[1]  A.N.Vorob’ev,  Yu.E.Egorov,  Yu.N.Makarov,  et  al,  Mat. Sci. Engineer. B  61/62  (1999)  172. 

[2]  R.Rupp  et  al,  J.Cryst. Growth  146  (1995)  37. 
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In  spite  of  the  crystallographic  difference,  AIN  thin  films,  grown  by  MBE  technique  on 
Si(001)  wafer,  exhibit  an  distinctly  epitaxial  growth. 

X-ray  diffraction  and  TEM  investigations  reveal,  that  the  c-axis  of  the  hexagonal  AIN 
lattice  aligns  with  the  surface  normal  of  the  wafer  (i.e.  parallel  to  the  [00 Indirection  of 
the  cubic  Si).  The  three  basal  fl-axis  of  the  hexagonal  AIN  align  nearly  parallel  with  the 
four  <1 10>-directions  of  the  cubic  Si  lattice,  i.e  they  form  an  angle  of  15°  with  the  [100] 
and  [010]  axis  of  Si,  respectively 


Fig.  1 :  Phi-scan  x-ray  diffraction  pattern  recorded  with  the  inclined 
10. 3 -reflection  of  AIN  obtained  by  rotation  around  the 
surface  normal  oft  the  Si(001)  wafer 

The  12-fold  rotation  symmetry  of  inclined  AIN  reflections  shown  in  fig.  1  demonstrates 
the  growth  of  30°-rotation  twins  of  the  hexagonal  AIN  on  the  4-fold  Si(001)  surface.  In 
the  presented  case  the  lateral  arrangement  of  the  30°-rotation  twins  is  nearly  equal 
distributed  with  respect  to  the  lateral  a-axis  of  the  Si  substrate.  However,  the  formation  of 
rotation  twins  could  be  suppressed  by  using  of  an  off-axis  Si(001)  substrate. 

The  coherent  heteroepitactical  nucleation  of  AIN  on  Si(001)  will  be  explained  by  using 
an  atomic  surface  steps  model. 

This  work  was  supported  by  the  Deutsche  Forschungsgemeinschaft. 
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Abstract 


The  wide-bandgap  (6.2  eV  at  RT)  semiconductor  aluminum  nitride  (AIN)  has  become 
an  important  material  for  many  electronic  device  technologies.  We  have  recently 
demonstrated  that  the  use  of  low-energy  (17-27  eV)  ion  irradiation,  during  the  growth  of  AIN 
by  reactive  UHV  magnetron  sputter  deposition,  greatly  enhances  the  quality  of  the  film.1 11 
However,  since  the  ions  are  attracted  towards  the  substrate  by  a  negative  DC  substrate  bias, 
the  insulating  properties  of  high  quality  AIN  causes  a  positive  charge  build-up  on  the  surface, 
effectively  screening  the  bias  potential  and  thus  inhibiting  the  ion-assisted  growth  as  the  film 
reaches  a  thickness  of  -100  nm.  In  this  work,  we  show  that  pulsed  low-energy  ion-assisted 
DC  magnetron  sputter  deposition  under  UHV  conditions  overcomes  this  limitation.  AIN  films 
have  been  grown  on  6H-SiC  substrates  by  using  DC  magnetron  sputtering  while  the  SiC 
substrates  were  biased  with  a  pulsed  voltage  (<  ±20  V),  with  a  square  waveform,  to  neutralize 
the  charging  effect.  Pulse  frequencies  in  the  range  1  -  35  kHz  have  been  used.  High-resolution 
transmission  electron  microscopy,  show  that  epitaxial  AIN  thin  films  with  large  domain  width 
can  be  obtained,  up  to  thicknesses  of  >400  nm.  This  is  demonstrated  in  the  cross-sectional 
TEM  micrographs  of  figure  1.  Furthermore,  the  AIN  growth  rate  also  increased  by  a  factor  of 
-4  using  pulsed  substrate  bias,  indicating  that  the  reactivity  of  nitrogen  is  increased  at  the 
growing  AIN  film  surface. 

Low-temperature  (4K)  cathodoluminescence  (CL)  measurements  show  near-band 
edge  exciton  emission  at  206  nm  (6.02  eV)  and  212  nm  (5.84  eV)  as  shown  in  figure  2,  which 
an  indicator  of  high  quality  material. 

energy  (eV) 

6  5  4  3 


Figure  1  Cross-sectional  TEM  micrographs  showing  Figure  2  CL  spectrum  at  4K  from  AIN  thin  film 

the  microstructural  evolution  of  AIN  film  grown  grown  with  ±20  V  pulsed-substrate  bias 

with  ±20  V  pulsed-substrate  bias 


[1]  S.  Tungasmita,  J.  Birch,  P.  O.  A.  Persson,  K.  Jarrendahl  and  L.  Hultman,  Appl.  Phys.  Lett  76,  2  (2000), 
p.170-172 
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Aluminium  nitride  (AIN)  is  a  wide  band-gap,  high  temperature,  radiant  resistant 
semiconductor  material  and  exists  in  the  thermodynamically  stable  wurtzite  phase  (basal 
plane  lattice  parameter,  a  =  0.31 12nm  [1])  but  also  in  the  zincblende  polytype  [2],  Wurtzite 
AIN  deposited  on  commonly  used  silicon  (Si)  (001)  substrates  (lattice  parameter,  a  = 
0.54307nm)  is  a  good  solution  as  a  template  substrate  for  Ill-nitride  electronic  and 
optoelectronic  devices.  The  successful  AIN  film  epitaxy  on  Si(001)  would  allow  to  integrate 
the  group  Ill-nitride  technology  into  the  mature  silicon  technology. 

The  growth  of  wurtzite  AIN  thin  films  on  Si  (001)  is  a  challenging  task  for  heteroepitaxy 
due  to  the  mismatch  in  the  lattice  parameters  and  in  the  crystallography  of  the  (0001)  AIN 
plane  (six-fold  symmetry)  with  the  (001)  Si  plane  (four-fold  symmetry).  AIN  films  were 
grown  in  a  home-made  plasma-assisted  molecular-beam  epitaxy  (PAMBE)  system  equipped 
with  a  radio-frequency  plasma  source  for  activated  nitrogen  supply  and  using  thermally 
evaporated  aluminium.  Thin  cross-sectional  foils  for  transmission  electron  microscopy 
(TEM)  were  prepared  using  standard  techniques.  A  JEOL  JEM  3010  microscope  with  a  LaB6 
filament  and  an  accelerating  voltage  of  300kV  was  used  for  TEM  observation.  The  high- 
resolution  (HR)  image  simulation  has  been  carried  out  by  the  commercial  software  program 
MacTempas. 

The  results  of  the  examination  of  2H-A1N  films  which  were  grown  on  Si(001)  substrate 
with  different  off-axis  angles  will  be  discussed. 

Conventional  TEM  and  X-ray  diffraction  (XRD)  studies  of  the  AIN  layer,  which  was 
grown  on  a  nominal  Si(001)  substrate,  reveal  a  two-domain  film  structure  (AIN1  and  AIN2 3) 
with  a  30°  rotation  between  neighboring  domain  a-axes  orientations  and  an  epitaxial 
orientation  relationship  of  [0001]A1N  ||  [001] Si  and  [11-20JA1N1  ||  [01-10JA1N2  ||  [l-10]Si 
[3]- 

The  same  studies  show  in  a  AIN  film,  which  was  grown  on  an  off-axis  Si(001)  substrate 
(~4.5°  tilted  towards  [1 10]Si),  a  nearly  single-domain  structure  with  the  main  domain 
orientation  of  [11-20]A1N  ||  [l-10]Si.  The  c-axis  orientation  ([0001])  of  the  AIN  film  is 
parallel  to  the  substrate  surface  normal  orientation  (i.e.  angle  of  4.5°  to  [001]Si). 

Using  these  results  obtained  in  combination  with  high-resolution  transmission  electron 
microscopy  (HRTEM)  at  the  [1-10]  zone  axis  of  the  Si  substrate  coupled  with  image 
simulation,  the  interface  structure  of  the  AIN  films  and  the  Si  (001)  substrate  has  been 
revealed. 

This  work  was  supported  by  the  DFG  (contract  No.  R1 650/5-1)  and  by  HSP  III  (contract  No. 
H 1-916/57/1). 

[1]  G.A.  Jeffrey,  G.S.  Parry,  J.Chem.Phys.  23  (1953)  406 

[2]  S.  Strite,  H.  Morkoc,  J.Vac.Sci.Technol.  B10  (1992)  1237 

[3]  V.  Lebedev,  J.  Jinschek,  U.  Kaiser,  B.  Schroter,  W.  Richter,  Appl.Phys.Let.  76  (2000)  2029 
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Silicon  Carbide  has  attracted  intensive  research  efforts  since  its  excellent  physical 
properties  for  application  in  high  temperature,  high  power,  high  frequency,  high 
erosive  and  high  irradiative  conditions.  In  this  paper,  we  studied  the  SiC  films 
deposited  on  silicon  and  SOI  substrates  by  reactive  DC  magnetron  sputtering.  A  four- 
inches  silicon  target  was  sputtered  in  a  Ar/CH4  mixed  atmosphere  to  deposit  films 
onto  a  substrate  of  two  inches  heated  to  temperatures  up  to  900°C.  AES  studies  show 
that  under  appropriate  conditions,  the  prepared  SiC  films  are  stoichiometric  with 
uniform  compositional  distribution  throughout  the  film  thickness.  Magnified  AES 
peaks  of  C  KVV  and  Si  LVV  also  show  similar  peak  shapes  as  those  of  SiC  reported 
in  literature,  indicating  the  formation  of  Si-C  bond.  The  results  of  Non-Rutherford 
Backscattering  (NBS)  were  quite  close  to  those  of  AES  studies,  agreeing  on  that  the 
films  were  uniform  in  composition  and  that  stoichiometric  SiC  films  were 
successfully  prepared. 

The  crystalline  structure  of  the  deposited  films  was  characterized  using  XRD, 
GA-XRD,  cross  sectional  TEM,  and  planar  TEM.  XRD  patterns  show  only  one  SiC 
peak  near  35.6°,  corresponding  to  3C-SiC(lll)  crystalline  plane  diffraction.  Glancing 
angle  XRD  revealed  more  3C-SiC  peaks  in  the  diffraction  patterns.  In  these  patterns 
one  can  find  3C-SiC  (111)  (220)  (311)  peaks,  indicating  the  crystalline  phase  in  the 
films  were  composed  of  3C-SiC,  not  any  other  polytypes  of  SiC.  XRD  studies  also 
lead  to  the  conclusion  that  higher  temperature  (900°C  vs.  850°C)  could  result  in  better 
crystalline  qualities  (larger  crystallites). 

Infrared  reflectance  spectra  in  the  range  of  400cm'1~4000cm'1  were  employed  to 
investigate  the  crystalline  structure,  structural  dimension,  structural  defects  of  the 
SiC/Si  and  SiCOI  structures,  with  the  help  of  effective  medium  approaches  and 
routine  transfer  matrix  method.  The  IRRS  of  SiC  were  featured  by  a  restsrahlen  peak 
around  800cm'1- 1000cm"1.  The  experimental  spectra  can  be  best  fitted  by  adjusting 
the  structural  parameters  and  the  volume  fraction  of  crystalline  phases.  The  results 
show  that  IRRS  is  a  suitable  method  for  detection  of  the  quality  of  the  SiC/Si  and 
SiCOI  materials  systems. 
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Both,  diamond  and  silicon  carbide  (SiC)  are  wide  band  gap  semiconductors  with 
excellent  electronic  properties.  The  ion  beam  synthesis  of  layered,  diamond/SiC  structures  is 
a  challenging  task.  For  that  purpose  natural  Ha  diamond  was  implanted  by  Si  at  150  keV  to 
3*1017  ions/cm2  at  a  temperature  of  900°C.  The  structure  of  the  implanted  diamond  region 
was  investigated  by  transmission  electron  microscopy  (TEM). 

Cross  sectional  samples  for  TEM  analysis  have  been  prepared  by  cutting  the  diamond 
pieces  and  embedding  them  in  face  to  face  position  into  a  special  Ti  grid  with  a  diameter  of  3 
mm.  The  embedded  samples  have  been  ground  by  diamond  paste  to  the  thickness  of  100  pm. 
Then  the  samples  were  placed  into  an  IV3/H/L  ion  miller  for  further  thinning  and  were 
bombarded  by  Ar+  ions  at  10  keV  until  the  perforation  of  the  TEM  sample.  Grazing  angle  of 
incidence  was  applied  during  thinning  to  get  large  transparent  region  around  the  perforation. 
The  perforated  specimen  was  bombarded  further  at  200  eV  using  a  special  low  energy  ion 
gun  to  minimise  the  ion  beam  damage  of  the  thinning.  Amorphization,  what  is  generally 
observed  at  the  edges  of  the  TEM  samples,  and  graphitization  of  diamond,  what  is  a 
characteristic  artefact  of  ion  beam  thinned  diamond  specimens,  were  minimised  in  this  way  at 
low  energy  bombardment.  The  cross  sectional  TEM  specimens  were  investigated  in  a  Philips 
CM  20  electron  microscope  operating  at  200  kV,  while  high  resolution  work  was  carried  out 
in  a  JEOL  4000  EX  microscope  operating  at  400  kV. 

TEM  analysis  and  selected  area  diffraction  patterns  (Fig.l.)  revealed  the  formation  of 
cubic  SiC  domains  in  a  weakly  damaged  diamond  matrix.  All  of  the  3C-SiC  domains  are  in 
epitaxial  configuration  to  diamond.  SiC  domains  are  formed  in  stripes  inside  the  diamond, 
instead  of  random  distribution. 
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Fig.  2. 

One  of  the  3C-SiC  domains  is  shown  inside  the  diamond  matrix  in  Fig.2.  Diamond 
regions  are  marked  by  letter  D,  while  the  misfit  dislocations  formed  between  the  SiC  domain 
and  the  diamond  matrix  are  marked  by  arrows.  The  two  lattices  are  matched  according  the 
criteria  of:  4*(1 1  l)SiC=5*(l  1  l)diamond==1.0  nm  and  results  in  periodic  array  of  misfit 
dislocations. 
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Silicon  Carbide  device  research  is  constantly  making  progress  towards  higher  voltages, 
temperatures  and  frequencies.  As  a  result  of  this  development  the  degree  in  complexity  of 
SiC  device  structures  is  increasing,  which  puts  further  demands  on  dopant  and  thickness 
control  of  both  thick  and  very  thin  layers. 

8-doping  is  a  technique  widely  used  in  the  epitaxial  growth  of  III-V  semiconductors  in 
order  to  spatially  confine  dopants  in  a  narrow  region,  ideally  to  one  atomic  layer.  By  using 
structures  with  8-doping,  the  performance  of  advanced  electronic  and  optoelectronic  devices 
have  been  improved  [1]. 

One  possible  application  for  S-doping  in  SiC  devices  is  FETs  where  a  8-layer  potentially 
could  be  used  as  a  barrier  under  the  channel  to  suppress  short  channel  effects,  as  was  earlier 
shown  for  GaAs  [2-3].  The  8-doping  technique  can  also  be  used  to  confine  avalanche 
multiplication  in  IMP  ATT  devices. 

In  this  paper  the  first  attempts  in  growing  n-  and  p-type  S-doped  SiC  epitaxial  layers  by 
vapour  phase  epitaxy  is  presented.  The  layers  were  grown  using  a  standard  single  wafer 
horizontal  hot-wall  reactor  from  Epigress  AB.  Two 
basically  different  methods  of  achieving  8-doping 
have  been  tried.  One  is  the  straightforward  method 
of  a  low  growth  rate  and  a  limited  time  of  dopant 
introduction  (A).  The  second  method  is  a  version  of 
a  common  MOCVD  procedure  including  pre-S- 
doping  purge,  8-doping  and  post-  8-doping  purge 
(B).  The  grown  layers  were  characterised  by  SIMS 
and  CV  measurements. 

Fig.  1  shows  a  CV  profile  of  the  top  part  of  a 
0.73pm  thick  nitrogen  doped  4H  SiC  layer.  The 
sample  was  grown  with  a  growth  rate  of  1.6pm/h 
for  27.5  minutes  of  which  the  nitrogen  flow  was 
increased  a  factor  of  6.6  during  1  minute.  This 
moderate  increase  in  dopant  flow  resulted  in  a  peak 
with  FWHM  of  26  nm  and  a  maximum 
concentration  of  1.3xl018  cm'1 2 3.  8-doped  p-type 
layers  have  also  been  grown  using  aluminium 
doping. 


Depth  (pm) 


Figure  1.  C-V  measurement  of  a 
nitrogen  doped  8-layer  utilising 
method  A. 
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A  report  will  be  given  about  growth  experiments  of  SiC  on  hexagonal  (or  ot)-SiC(OOOl).  The 
experiments  were  performed  by  means  of  solid-source  MBE  at  TSUb  between  1150-1300  °C. 
The  epitaxial  layers  of  about  1  |Lim  thickness  were  characterized  by  low  temperature 
photoluminescence  spectroscopy  at  4.2  K  (liquid  helium)  (LTPL).  The  excitation  was  done 
with  a  2  mW  He-Cd  laser  operating  at  a  wavelength  of  325  run.  Homoepitaxial  SiC  layers  of 
high  quality  have  been  grown  via  step-flow  growth  mode  on  4H-  and  6H-SiC(0001)  without 
significant  step-bunching.  As  revealed  by  photoluminescence  spectroscopy,  the  layer 
properties  were  found  to  be  different  from  those  usually  obtained  for  epitaxial  layers  grown 
by  CVD.  The  LTPL-spectra  show  strong  luminescence  lines  related  to  the  Di-“defect”  center 
regularly  found  only  after  implantation  and  subsequent  annealing.  The  intensity  of  the  Di 
center  luminescence  was  found  to  be  increased  with  an  improvement  of  layer  quality  and  for 
samples  intentionally  doped  with  boron.  No  influence  regarding  the  intensity  of  the  Di -centre 
luminescence  was  found  by  changing  the  chemical  potential  from  Si-rich  to  more  C-rich 
conditions.  Spectra  of  B-doped  samples  grown  under  more  C-rich  conditions  exhibit 
additional  lines  related  to  a  four  particle  (bound  exciton)  complex  associated  with  the  neutral 
shallow  boron  acceptor. 

3C-SiC  layers  were  grown  pseudomorphic  on  on-axis  a-SiC  substrates  by  an 
alternating  supply  of  carbon  at  1150  °C,  where  the  size  of  double-position  boundaries  was  in 
the  range  of  100  pm.  Also  spectra  of  these  layers  showed  lines  related  to  the  Di-center. 
However,  the  intensity  was  much  lower  compared  to  4H-  or  6H-SiC  epilayers,  which  could 
be  due  to  a  lower  perfection  or  the  lower  growth  temperature,  however,  could  be  also  result 
from  the  intrinsic  stress  due  to  the  pseudomorphic  growth.  This  is  supported  by  a  lower 
intensity  observed  for  layers  exhibiting  a  read-shift  of  the  Drcenter  line  of  about  4  meV. 

Furthermore,  no  other  peaks  related  to  any  kind  of  impurities  were  found  in  the  LTPL 
spectra  indicating  a  high  purity  of  the  grown  layers. 

The  authors  like  to  acknowledge  the  support  of  this  work  by  the  Sonderfors chungs b ere ich  of  the 
Deutsche  Forschungsgemeinschaft  (SFB  196,  project  A0 3). 
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Significant  progress  in  the  understanding  and  realization  of  the  SiC  chemical  vapor 
deposition  (CVD)  has  been  made  in  a  few  last  years.  For  economic  production  of  SiC- 
based  devices  it  is  necessary  to  obtain  reasonably  high  growth  rate  of  epitaxial  layers, 
to  achieve  good  surface  morphology  and  to  provide  high  uniformity  and  controlability 
of  the  layer  thickness  and  doping.  It  has  been  found  that  the  quality  of  the  grown 
epilayers  depends  significantly  on  the  Si/C  ratio  in  the  gas  mixture  supplied  onto  the 
growing  surface.  It  has  been  found  that  formation  of  Si  clusters  in  the  gas  phase  could 
occur  during  CVD  of  SiC  due  to  the  supersaturation  of  Si  atomic  vapor  formed  by 
decomposition  of  SiLL*.  The  cluster  formation  can  result  in  the  loss  of  Si  and  change 
of  Si/C  ratio. 

In  the  present  paper  numerical  computations  of  flow  dynamics,  heat  and  species  mass 
transfer  are  conducted  for  the  AIXTRON  Planetary  Reactor®.  The  model  of  the  SiC 
CVD  process  as  proposed  in  [1]  is  used  in  the  present  study.  An  analysis  of  the 
chemical  processes  which  occur  during  the  CVD  of  SiC  is  performed  with  the  goal  to 
understand  the  mechanism  of  gas  phase  nucleation  of  Si  and  to  optimize  reactor  and 
process  design  in  order  to  avoid  the  negative  impact  of  cluster  formation,  to  control 
the  Si/C  ratio  and  to  improve  layer  thickness  uniformity.  The  effect  of  process 
parameters  like  pressure,  flow  rate  of  silane  and  carrier  gas  on  the  onset  of  gas  phase 
nucleation  and  layer  thickness  uniformity  is  studied.  The  advantages  of  the  Hot  Wall 
concept  for  CVD  of  SiC  in  this  respect  are  discussed.  In  Figure  1  the  decomposition 
of  silane  in  the  Planetary  Reactor®  is  shown  for  typical  process  conditions. 

Si 


I  I  1 


Fig.  1.  Computed  distribution  of  Si(g)  mass  fractions  in  the  process  chamber, 
as  resulting  from  the  decomposition  of  SiFL 
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It  is  many  decades  since  Liquid  phase  epitaxy  (LPE)  has  been  tentatively  studied  as  an 
alternative  for  growing  at  a  fast  rate  low  cost  SiC  layers.  Recently,  it  has  proven  to  be  the  only 
technique  which  can  “heal”  the  macro-defects  of  the  commercially  available  hexagonal 
substrates  [1].  However,  LPE  is  difficult  to  operate  because  of  the  elevated  temperatures 
required  (higher  than  1600°C)  and  the  high  reactivity  and  vapour  pressure  of  silicon  at  these 
temperatures.  The  feasibility  of  SiC  growth  by  LPE  at  low  temperature  has  already  been 
demonstrated  in  Al-Si  based  liquids  to  which  Ga  or  Sn  were  added  [2].  Growth  rates  of  0.1  to 
1  pm/h  were  reported.  However,  such  a  procedure  requires  to  master  the  quaternary  systems 
Al-Si-Ga-C  and  Al-Si-Sn-C  which  are  far  to  be  well  known.  We  report  here  the  low 
temperature  growth  of  SiC  crystals  in  the  simpler  Al-Si-C  ternary  system  for  which  detailed 
data  on  phase  relations  and  phase  equilibria  are  available  [3,  4]. 


According  to  the  Al-Si-C  ternary  phase  diagram,  two  solid  carbides  can  form  at 
temperatures  lower  than  1400°C  :  SiC  and  AI4C3.  This  diagram  also  shows  that  silicon  rich 
alloys  are  needed  to  avoid  the  formation  of  aluminium  carbide.  As  a  preliminary  study,  we 
carried  out  isothermal  experiments  to  determine  the  conditions  under  which  SiC  could  grow. 
The  Al-Si-C  samples  were  prepared  by  cold-pressing  Al,  Si  and  C  powders.  Carbon  was 
added  in  small  quantity  so  that  the  initial  Si  content  of  the  Al-Si  alloy  was  not  drastically 
changed  by  the  formation  of  SiC.  The  temperature  and  the  Si  content  were  varied  from  730  to 
1200°C  and  from  10  to  40  at%,  respectively.  The  experiment  time  was  set  to  48  hours  to 
ensure  an  important  conversion  of  carbon  into  carbides. 


It  has  been  found  that  SiC  is  the 
only  carbide  to  form  in  a  wide  range  of 
experimental  conditions.  However,  the 
morphology  and  constitution  of  this  phase 
largely  depend  on  the  temperature  and  Si 
content.  In  some  cases,  aggregates  of  SiC 
microcrystallites  (1-2  pm  in  diameter)  are 
formed  (fig.l).  More  interestingly,  in  other 
cases  well  faceted  SiC  crystals  grow 
spontaneously  in  the  Al-Si  solution  (fig.  2). 
By  X-ray  Diffraction  and  micro-Raman 


Figure  1 


Figure  2 


spectroscopy,  the  cubic  polytype  has  been  identified  as  the  only  SiC  phase  forming.  Under 
optimal  conditions,  3C-SiC  crystals  up  to  100  pm  in  diameter  have  been  obtained.  A  model 
explaining  the  spontaneous  growth  of  these  SiC  crystals  from  Al-Si  solutions  will  be 
presented  taking  into  account  local  deviation  from  equilibrium. 
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Micropipes  (MP)  in  SiC  crystals  grown  by  physical  vapor  transport  (PVT)  limit  their 
application  as  substrate  in  high-power  electronics.  Therefore  MP  elimination  is  considered  as 
an  important  issue  in  the  further  development  of  SiC  device  technology.  It  was  demonstrated, 
see  Refs.  [1-2]  and  references  within,  that  MP  present  in  the  PVT  substrate  can  be  closed 
(‘healed’)  during  subsequent  LPE  growth.  However  published  information  on  MP  healing  is 
very  limited  and  even  contradictory  (for  instance  in  the  very  recent  paper  of  the  authors  of  [1] 
an  example  of  MP  propagating  from  the  substrate  into  the  epitaxial  layer  without  closing  is 
given  as  a  typical  one  [3]).  Filamentary  voids  present  in  PVT  substrate  can  be  of  different 
configuration  and  dislocation  content:  (1)  MP,  nearly  cylindrical  (often  faceted)  voids  that 
have  diameters  <10  pm  ,  are  nearly  parallel  to  the  c-axis  and  associated  with  a  hollow  core 
dislocation  structure;  (2)  macrodefects,  larger  voids  up  to  50  pm  in  size  with  irregular  cross- 
section;  (3)  narrow  elongated  crack-like  structures  usually  associated  with  low  angle 
boundaries. 

In  the  present  study  we  apply  different  liquid  phase  growth  techniques,  namely  vertical 
dipping  and  sessile  drop  methods  to  evaluate  the  development  of  these  hollow  defects  during 
liquid  phase  treatment.  Experiments  were  performed  on  (0001)  6H  wafers  grown  in  our 
laboratory.  High  pressure  of  argon  (100-130  bar)  was  used  in  order  to  suppress  silicon  melt 
evaporation  [2],  The  important  feature  of  our  approach  is  the  possibility  to  vary  strongly 
supersaturation  conditions  (starting  from  a  ‘negative’  supersaturation,  i.e.  SiC  substrate 
dissolution  in  silicon  melt)  and  treatment  time  (1-6  hours).  LPE  processing  at  a  low 
supersaturations  made  possible  to  evaluate  the  early  stage  of  MP  closing.  Long-time 
experiments  were  targeted  to  examine  stability  of  MP  transformation.  Treated  samples  were 
investigated  using  optical  microscopy,  AFM  and  SEM. 

Large  hollow  defects  of  second  and  third  type  are  found  to  be  unstable  in  silicon  melt,  they 
transform  into  groups  of  smaller  voids  already  at  supersaturations  close  to  zero,  when  growth 
inside  the  cavities  goes  due  to  Gibbs-  Thomson  effect.  These  defect  structures  were  closed 
completely  during  long-term  epitaxial  layer  growth.  Elimination  of  MP  requires  a  stronger 
supersaturation,  which  can  be  produced  by  significant  temperature  difference  between 
epitaxial  surface  and  carbon  source.  During  LPE  growth  MP  are  observed  to  decompose  into 
individually  acting  non-hollow  core  dislocations.  After  decomposition  the  activity  of  growth 
center  based  on  MP  is  reduced.  As  a  result  a  new  growth  center  may  dominate  the  surface  and 
make  healed  MP  completely  invisible. 

In  the  report  experimental  facts  of  MP  healing  by  dissociation  into  non  hollow  core 
dislocation  structures  will  be  presented,  corresponding  closing  mechanisms  will  be  discussed 
in  detail. 

[1]  R.  Yakimova,  M  Tuominen,  A.S.  Backin,  J.O.  Fomell,  A  Vehanen  and  E.  Janzen,  Proc. 
ICSCRM  (1995),  Inst.  Phys.  Conf.  Ser.  142  (1996)  101 

[2]  D.  Hofmann,  M.  Muller,  A.  Materials  Science  &Engineering  B61-62  (1999)  29 

[3]  M.  Syvajarvi,  R.  Yakimova,  E.  Janzen,  J.  of  Crystal  Growth  208  (2000)  409 


-171- 


WeP-44 


The  microstructure  and  surface  morphology  of  thin  3C-SiC  films  grown  on  (100)  Si 
substrates  using  an  APCVD-based  carbonization  process 

C'~H-  Wu.  J-  Chung,  M.  H.  Hong.  *C.  A.  Zorman.  and  *M.  Mehregany 
Department  of  Materials  Science  and  Engineering 
* Department  of  Electrical  Engineering  and  Computer  Science 
Case  Western  Resent  University .  Cleveland,  Ohio  44106 ,  U.  S.  A. 

Tel.  (216)  368-3051,  Fax:  (216)  368-2668,  e-mail:  cxw36@po.cwru.edu 


Heteroepitaxial  growth  of  3C-SiC  films  on  (100)  St  substrates  often  depends  on  the  initial  conversion 
o  e  1  surface  to  3C-SiC  prior  to  single  crystal  film  growth.  The  conversion  process,  commonly  called 
carbonization,  is  usually  performed  at  high  temperature  (~1300°C)  in  a  hydrocarbon  ambient  and 
produces  a  crystalline  3C-SiC  template  on  which  3C-SiC  film  growth  can  occur.  Recently,  carbonization 
as  been  used  to  produce  thin  (100)  3C-SiC  transition  layers  suitable  for  cubic  GaN  growth  on  (100)  Si 
wa  ers.  In  both  cases,  the  quality  of  the  epitaxial  film  is  critically  dependent  on  the  quality  of  the 
carbonized  underlayer.  The  purpose  of  this  study  was  to  find  proper  processing  techniques  for  production 
ot  high  quality  carbonization  layers  on  large  area  substrates. 

For  this  study,  the  carbonization  of  100  mm-diameter,  on-axis  (100)  Si  wafers  was  performed  in  an 
APCVD  reactor  using  propane  as  the  carbon  source  gas  and  hydrogen  as  the  carrier  gas  Prior  to 
carbonization,  each  wafer  was  subjected  to  an  in-situ  etch  in  hydrogen  for  5  min  at  1000°C  to  remove  the 
native  oxide  on  the  Si  surface,  after  which  the  temperature  was  lowered  to  below  500°C.  Carbonization 
was  initiated  by  injecting  propane  into  the  hydrogen  carrier  gas  and  increasing  the  temperature  to  1280°C 
Upon  reaching  1280  C,  the  temperature  and  gas  flows  were  held  constant  for  a  predetermined  period  In 
this  study  carbonization  periods  ranging  from  30  s  to  30  min  were  used.  After  carbonization  the  wafer 
was  cooled  down  to  the  room  temperature.  Atmospheres  of  hydrogen  and  argon  were  used  in  the  cool- 
own  step  to  examine  the  effect  of  hydrogen  etching  on  the  surface  morphology  of  the  SiC  layers. 

intP  fEM  and  TEM  were  d  t0  characterize  the  surface  morphology,  microstructure  and  film/substrate 
th  ■xrtn/  che  carEonlzed  layers- In  general,  the  carbonization  process  produces  films  with  few  voids  at 
the  3C-SiC/Si  interface,  and  void-free  interfaces  were  observed  when  the  argon  cool-down  step  is  used.  In 
erms  of  crystal  quality,  all  carbonization  layers  are  single  crystalline.  The  SiC  thicknesses  range  from  2.3 
nm  to  7.3  nm  for  carbonization  times  of  30  s  and  30  min,  respectively.  The  surface  morphology  of  the 
car  onized  layers  produced  with  hydrogen  in  the  cool-down  step  exhibit  pitting  on  the  SiC  surface 
presumably  from  hydrogen  etching.  In  severe  cases,  the  pits  completely  penetrate  the  carbonization  layer’ 
exposmg  the  underlying  Si.  Etch  pit  formation  was  eliminated  by  substituting  hydrogen  with  argon  during 
the  cool-down  step,  as  shown  in  the  micrographs  in  Fig.  1.  6  6 

J.de  extended  PaPer  Wlli  Present  details  concerning  the  carbonization  process,  the  growth  rate  of  the 
-SiC  layers,  the  microstructure  of  the  SiC  films,  the  surface  morphologies  of  carbonized  layers  grown 
using  ydrogen-  and  argon-based  cool-down  steps,  and  implications  for  growth  of  3C-SiC  and  cubic  GaN 
turns  on  large-area  Si  wafers. 


Fig.  1.  Plan-view  SEM  images  showing  the  surface  morphologyrf^rt^d a  hvdro°en  coo 
down  step,  and  (b)  an  argon  cool-down  step.  Etch  pits  produced  by  hydrogen  etching  are  enclosecfby  circles°. 
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We  use  atom-resolved  scanning  tunneling  microscopy  and  UV-photoemission  spectroscopy  to 
study  the  reaction  of  molecular  and  atomic  hydrogen  with  the  Si-rich  and  Si-terminated  3C-SiC(100) 
surface  reconstructions.  In  the  case  of  molecular  hydrogen,  we  show  that  while  the  Si-rich  3x2 
surface  reconstruction  is  totally  inert  at  room  temperature,  the  Si-terminated  c(4x2)  surface 
reconstruction  reacts  very  easily.  This  behavior  of  the  3C-SiC(100)-c(4x2)  surface  is  very  different 
from  the  one  of  the  corresponding  Si(100)-2xl  surface,  which  cannot  decompose  the  H2  molecules 
at  room  temperature  except  on  very  specific  defect  and  step  sites.  The  important  difference  in 
reactivity  between  the  3C-SiC(100)-3x2  and  the  3C-SiC(100)-c(4x2)  surface  reconstructions  allows 
us  to  prepare  non-reacted  silicon  atomic  lines  on  top  of  a  hydrogenated  and  passivated  surface.  We 
also  show  that  the  interaction  of  atomic  hydrogen  on  the  3C-SiC(100)-3x2  results  in  a  well  ordered 
3x2  hydrogenated  surface,  with  H  atoms  decorating  the  Si  dangling  bonds.  This  result,  which  is 
based  on  real-space  surface  imaging,  strongly  contrasts  with  the  recently  claim  of  a  3x2  to  3x1 
transition  as  a  result  of  atomic  hydrogen  exposure  [1],  and  supports  the  so-called  Yan-Semond 
model  of  the  3x2  surface  reconstruction  [2,3]. 
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Among  the  large  number  of  SiC  polytypes  and  their  surfaces,  the  4H-SiC(000  1)-(a/3  x  V3)i?30°  reconstruction 
has  raised  a  lot  of  questions  concerning  its  electronic  structure.  The  energetically  most  reasonable  configura¬ 
tion  is  given  by  one  Si  adatom  per  surface  unit  cell  in  the  T4  position  on  the  surface,  as  found  by  quantitative 
LEED  crystallography  [1].  The  Si  adatoms  saturate  the  three  dangling-bond  orbitals  of  the  Si  top  layer  atoms. 
These  adatoms  give  rise  to  a  new  pz-like  dangling-bond  orbital  perpendicular  to  the  surface  which  contains  one 
unpaired  electron  per  unit  cell.  In  the  single-particle  picture,  this  one  electron  per  unit  cell  leads  to  a  half-filled 
surface  band  in  the  bulk  band  gap.  Thus  the  surface  should  show  a  metallic  behaviour  [2],  what  is  in  clear  con¬ 
trast  to  experimental  data.  Photoemission  spectroscopy  shows  one  filled  surface  state  which  is  about  1.2  eV  be¬ 
low  the  experimental  Fermi  level  [3].  At  the  Fermi  level  there  is  no  density  of  states,  so  the  surface  is  certainly 
not  metallic.  Furthermore,  in  inverse  photoemission  experiments  an  empty  surface  state  at  about  1.1  eV  above 
the  experimental  Fermi  level  was  observed  [4].  It  has  been  suggested  that  a  Mott-Hubbard  transition  may  occur 
at  the  surface  which  leads  to  a  splitting  of  the  originally  half-filled  surface  band  into  two  bands,  the  so-called 
"Hubbard  bands".  These  bands  are  separated  by  a  certain  amount  of  energy,  the  on-site  Coulomb  interaction  of 
the  orbital,  which  is  about  2  eV  [5].  In  a  spin-polarized  ab  initio  quasi-particle  band-structure  calculation 
within  the  GW  approximation  carried  out  for  the  (^3^3)R30°  reconstruction  of  6H-SiC(0001)  the  resulting 
band  structure  shows  one  occupied  and  one  empty  surface  band,  separated  by  a  direct  band  gap  of  1.95  eV. 
There  occurs  an  asymmetric  splitting  of  the  Hubbard  bands,  so  the  distance  between  the  unoccupied  state  and 
the  Fermi  level  is  larger  than  the  distance  between  the  occupied  state  and  the  Fermi  level  [6]. 

We  have  investigated  the  0 l3^3)R30°  reconstruction  of  the  4H-SiC(0001)  surface  with  time-resolved  bichro- 
matic  two-photon  photoemission  spectroscopy  (2PPE).  In  2PPE  a  photon  from  a  pulsed  laser  excites  an  elec¬ 
tron  from  a  state  below  the  Fermi  level  to  an  unoccupied  state  below  the  vacuum  level.  A  second  photon 
ionizes  this  intermediate  state.  The  energy  distribution  of  the  photoelectrons  yields  information  on  the  ener¬ 
getic  position  and  the  lifetime  of  the  initial  and  the  intermediate  state.  The  advantage  of  2PPE  is  on  the  one 
hand  the  high  energy  resolution  of  about  30  meV,  compared  to  about  400  meV  in  IPES,  and  on  the  other  hand 
given  by  the  fact  that  both,  occupied  and  empty  states,  could  be  observed  simultaneously  within  the  same  ex¬ 
periment. 

We  used  a  Ti:sapphire  laser  system  which  produces  laser  pulses  with  a  wavelength  of  755-820  nm  and  a  pulse- 
duration  of  about  20  fs  at  a  repetition  rate  of  87  MHz.  The  pulses  were  frequency-tripled  in  a  home-build 
tripler  to  yield  laser  pulses  in  the  UV  range  (250-275  nm)  and  a  duration  of  45  fs.  The  laser  light  is  focused 
onto  the  sample  in  the  ultra-high  vacuum  chamber,  which  contains  an  electron  energy  analyser  (Omicron  EA 
125  HR)  and  the  usual  equipment  for  surface  preparation  and  characterisation.  The  surface  was  first  prepared 
by  heating  the  sample  in  a  Si  flux  to  a  3x3  reconstruction.  Further  heating  leads  to  the  (V3W3)/?30°  recon¬ 
struction  which  shows  an  excellent  LEED  pattern.  In  UPS  spectra  we  found  an  occupied  surface  state  1.05  eV 
below  Epermi  which  is  in  good  agreement  with  literature  [3],  This  state  could  be  deary  detected  in  2PPE. 
Furthermore  an  unoccupied  state  1.27  eV  above  EFermi  could  be  observed.  These  results  confirm  clearly  the  pro¬ 
posed  asymmetric  splitting  of  the  two  Hubbard  bands  around  the  Fermi  level.  The  larger  energetic  distance 
(2.32  eV)  between  the  two  states  compared  to  the  6H-polytype  (1.95  eV)  may  occur  due  to  the  larger  band  gap. 
Moreover  the  so-called  vacuum  level  can  be  deary  observed  which  can  be  used  to  determine  the  work  function 
to  about  4.67  eV. 

Spectra  taken  from  the  (3x3)  reconstruction  indicate  that  this  surface  is  semiconducting,  meanwhile  the 
(6^3  *6 V3 )A30C  reconstruction  shows  a  metallic  behaviour. 

[1]  Starke  U.  etal.,  Phys.  Rev.  Lett.  82,  2107  (1999) 

[2]  Northrap  J.E.,  Neugebauer  J.,  Phys.  Rev  B  52,  R17001  (1995) 

[3]  Johansson  L.I.  etal..  Surf.  Sci.  360,  L478  (1996) 

[4]  Themlin  J.-M.  et  al.,  Europhys.  Lett.  39,  61  (1997) 

[5]  Northrup  J.E.,  Neugebauer  J.,  Phys.  Rev.  B  57,  R4230  (1998) 

[6]  Rohlfmg  M.,  Pollmann  J.,  Phys.  Rev.  Lett.  84,  135  (2000) 


-174- 


WeP-47 


The  influence  of  Ge  on  the  SiC  nucleation  on  (lll)Si  surfaces 

J.  Pezoldth  T.  Wohner1 2,  Th.  Stauden1,  J.A.  Schaefer2,  P.  Masri3 

]TU  Ilmenau,  Institut  fur  Festkorperelektronik,  Postfach  100565,  D-98684  Ilmenau,  Germany, 
Phone:  ++49  3677  693166,  Fax:  ++49  3677  693209,  e-mail:  pezoldt@e-technik.tu-ilmenau.de 
2TU  Ilmenau,  Institut  fur  Physik,  Postfach  100565,  D-98684  Ilmenau,  Germany 
3Groupe  d’Etude  des  Semiconducteurs,CNRS-UMR5650,Universite  de  Montpellier  2, 12  Place 
Eugene  Bataillon,  34095  Montepellier  CEDEX  5,  France 

In  the  heteroepitaxy  of  SiC  on  Si  the  common  technique  is  the  formation  of  a  so  called 
buffer  layer  by  using  a  carbonization  procedure.  These  layers  act  as  a  pseudosubstrate  and  as  a 
diffusion  barrier.  This  layers  are  not  able  to  compensate  the  large  lattice  mismatch  and  the 
difference  in  thermal  expansion.  To  improve  the  situation  different  methods  were  developed:  (1) 
deposition  on  SOI  substrates,  (2)  deposition  on  porous  silicon,  (3)  the  incorporation  of  Ge  in  the 
heterointerface  between  SiC  and  Si.  All  these  methods  lead  to  an  improvement  of  the  growth  and 
residual  stress  in  the  heteroepitaxial  system.  For  the  last  case,  namely  Ge  addition  into  the  growth 
process,  a  two  fold  influence  of  this  element  onto  the  epitaxial  growth  has  to  be  expected.  On  the 
one  hand  side  Ge  incorporation  may  improve  the  lattice  mismatch  between  silicon  and  silicon 
carbide.  On  the  other  hand  Ge  can  act  as  a  surfactant  during  the  growth  process.  The  aim  of  this 
study  is  the  investigation  of  the  influence  of  Ge  on  the  SiC  growth  process  on  (1 1  l)Si.  For  this 
reason  a  high  and  a  low  temperature  regime  was  chosen.  In  the  low  temperature  regime  (325  °C) 
during  the  carbon  deposition  the  SiC  nucleation  was  suppressed  and  the  SiC  nucleation  was 
initiated  only  with  a  step  wise  annealing  procedure.  In  this  regime  the  Ge  was  deposited  before 
and  after  the  carbon  deposition.  In  the  high  temperature  regime  (750  °C)  SiC  nucleates  during  the 
carbon  deposition.  Here  the  Ge  deposition  was  carried  out  before  and  during  the  carbon 
deposition. 

The  layers  were  investigated  by  in  situ  spectroscopic  ellipsometry,  ex  situ  atomic  force 
microscopy  (AFM),  X-ray  photoelectron  spectroscopy  (XPS)  and  Fourier  Transformed  Infrared 
Spectroscopy  (FTIR). 

For  all  cases  the  Ge  lead  to  an  increase  of  the  SiC  grain  size.  Furthermore  a  smoothening 
of  the  SiC  surface  was  observed.  The  only  exception  was  the  low  temperature  case  with  the  C- 
Ge-sequence.  This  Ge  deposition  after  the  C  deposition  leads  to  a  detoriation  of  the  SiC 
formation  and  a  disprovement  of  the  crystallographic  structure.  The  increase  of  the  grain  size  and 
the  improvement  of  the  surface  smoothness  we  attribute  to  the  higher  mobility  of  the  C  atoms 
on  the  partial  Ge  covered  surface  as  well  as  the  reduced  stress. 

For  the  high  temperature  case  we  observed  a  reduced  silicon  carbide  growth  rate  if  Ge 
was  added.  This  might  be  due  to  the  fact  that  on  surface  sites  where  Ge  is  located  do  not  form 
carbidic  bonds,  i.e.  Ge  passivates  the  surface  against  SiC  formation. 

Furthermore  from  our  investigations  it  follows  that  for  a  Ge  incorporation  into  the  SiC-Si 
heterointerface  the  Ge  predeposition  has  to  be  preferred. 
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ABSTRACT 

The  thermodynamic  probability  of  hydrogen  abstraction  by  gaseous  H  radicals  from  H- 
terrrunated  4H-SiC(0001)  surfaces,  has  been  investigated  theoretically  using  a  first  principal 
Density  Functional  Theory  method.  The  long-term  goal  is  to  obtain  a  deeper  knowledge  of  the 
4H-SiC(0001)  surfaces  at  experimental  conditions.  Car-Parinello-type  molecular  dynamic  (MD) 
simulations  and  ordinary  quantum  mechanical  calculations  were  performed,  using  experimental 
temperatures  of  either  1873  K  or  2573  K. 

In  order  to  obtain  high-quality  films  of  materials  like  4H-SiC  (by  using  CVD  methods)  it 
is  important  to  achieve  a  deeper  understanding  of  the  growth  processes.  It  is  then  important  to 
study  the  prerequisites  of  growth,  such  as  the  properties  of  the  substrate  surface  and  of  the 
available  gaseous  precursors.  For  this  reason,  it  is  of  interest  to  study  the  surface  saturation,  i.e. 
whether  the  growing  surface  is  terminated  (e.g.,  with  H)  or  not.  Hydrogen  is  capable  of  forming 
single  bonds  with  the  surface  atoms  in  SiC,  then  sustaining  their  sp3  configuration  and  thereby 
lowering  the  surface  energy.  However,  it  is  not  certain  that  hydrogen  atoms  stick  to  a  SiC  surface 
at  the  elevated  temperatures  commonly  used  during  experimental  deposition.  It  may  be  more 
favorable  for  them  to  desorb  from  the  surface  and  subsequently  form  hydrogen  gas  molecules 
with  free  H  radicals,  i.e.  to  be  abstracted. 

Both  the  Si(0001)  face  and  the  C(000-1)  face  of  4H-SiC  were  included 
in  the  present  investigation.  The  abstraction  energies  were  calculated  using  the  extreme  energies 
obtained  from  the  MD  simulations,  e.g.  the  energetically  most  favorable  structure  of  the  radical 
models  and  the  energetically  least  favorable  structure  for  the  completely  hydrogen  terminated 
models.  The  abstraction  energies  were  then  calculated  according  to  the  following  reaction: 


Lsurf-radical  +  Eh2  ^  Esurf  +  E 


H-radical 


where  Esurf.^icai  and  Esurf  are  the  total  energies  for  the  4H-SiC  surface  with  and  without  a  radical 
surface  site,  respectively.  Eh2  and  En-radicai  denote  the  total  energies  for  the  gaseous  H2  molecule 
and  H  radical,  respectively. 

For  both  the  Si  (0001)  surface  and  the  C(000-1)  surface,  the  abstraction  energies  obtained 
were  exothermic.  The  reactions  studied  regarding  a  H  abstraction  of  a  surface  hydrogen  atom  can 
therefore  thermodynamically  be  regarded  as  probable  to  occur.  As  expected,  the  numerical 
values  of  the  abstraction  energies  were  larger  at  2300  °C  compared  to  1600°C:  For  Si(0001),  the 
values  obtained  are  310  kJ/mol  and  450  kJ/mol  for  1600  °C  and  2300  °C,  respectively.  The 
corresponding  values  for  C(000- 1 )  are  350  kJ/mol  and  490  kJ/mol,  respectively. 
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In  homoepitaxial  growth  of  SiC,  step-controlled  epitaxy,  in  which  a  substrate  cut  several 
degrees  from  the  (0001)  face  toward  <1120>  promotes  high  quality  homoepitaxial  growth, 
has  been  widely  known[l].  Most  of  the  work  in  SiC  epitaxy  has  focused  on  substrates 
inclined  toward  <1120>.  On  the  (0001)  substrates  inclined  toward  <1100>,  stripe-like 
morphology  appears  and  the  incorporation  of  3C-SiC  occurs  by  long-time  growth  for  6H- 
SiC[2,3].  But,  epitaxial  growth  on  4H-SiC  (0001)  inclined  toward  <1100>  has  been  less 
studied.  Recent  work  demonstrated  that  4H-SiC  epilayers  with  smooth  morphologies  could  be 
grown  on  substrates  inclined  toward  <1100>  in  a  low  pressure  epitaxial  growth  system[4]. 
This  work  investigates  the  surface  morphology  of  homoepitaxial  films  grown  on  4H-SiC 
(0001)  inclined  toward  <1100>  and  compares  the  results  to  films  grown  on  4H-SiC  inclined 
toward  <1120>  by  atmospheric  pressure  CVD  using  Si2Cl6+C3H8  system. 

SiC  epilayers  were  grown  on_4H-SiC  substrates  inclined  8°±1°  off  from  (0001)  Si-face 
towards  either  <1I00>  or  <1120>.  The  4H-SiC  films  were  grown  by  atmospheric  pressure 
CVD  using  Si2Cl6  (hexachlorodisilane)  as  Si  source  and  QHg  (5%  in  H2)  as  C  source  with  H2 
as  the  carrier  gas.  Growth  temperatures  were  in  the  range  of  1400°C-1600°C.  The  specific 
growth  parameters  chosen  for  this  work  were  those  identified  as  optimal  for  growth  on  4H- 
SiC  (0001)  inclined  8°  off  toward  <112G>.  No  effort  was  made  to  optimize  the  growth 
parameters  for  epitaxial  growth  on  4H-SiC  (0001)  inclined  8°  off  toward  <1 10Q>. 

The  growth  rate  of  epitaxial,  films  for  both  the 
substrates  inclined  towards  <1100>  and  <1120>  was 
equal  within  experimental  error,  and  was  1.9  //m/h. 

Figure  1  shows  the  surface  morphology  for  epilayer 
thickness  of  \9_pm  grown  on  the  4H-SiC  inclined  8° 
off  toward  <1100>.  By  Raman  scattering  and  low 
temperature  Photoluminescence,  only  the  peaks 
characteristic  to  4H-SiC  are  observed  in  each  spectrum 
for  19  pm  films  in  both  the  off-directions.  On  the 
surfaces  inclined  in  either  direction,  smooth  epitaxial 
surface  morphologies  were  obtained.  Even  though  the  FIG.  1.  The  surface  morphology  for  epilayer 
film  thickness  was  increased,  the  incorporation  of  3C-  thickiiess  of  19^m  s1^11  on  ^  4H'SlC 
SiC,  large-scale  step  bunching,  and  rough  3D  growth  inclined  8°  off  toward  <noo>. 
were  not  observed  by  Nomarski  optical  microscopy. 

AFM  analysis  revealed  smooth  surfaces  particularly  on  epilayers  inclined  toward  <1100>,  the 
average  RMS  roughness  of  the  epilayers  was  0.16  nm  for  2  pm  thin  film,  1.65  nm  for  19  pm 
thick  film  (10x10  pm2 3 4  scan  area),  respectively.  The  macrostep  structure  was  obtained  for 
epilayers  in  both  off-directions.  The  macrosteps  of  epilayers  inclined  toward  <1100>  was 
observed  more  clearly  than  epilayers  inclined  toward  <1120>.  A  detailed  analysis  of  the 
observations,  and  growth  mechanism  will  be  presented. 

[1]  N.Kuroda,  K.Shibahara,  W.S.Yoo,  S.Nishino  and  H.Matsunami,  Extended  Abstracts  of 
the  19th  Conf.  on  Solid  State  Devices  and  Materials,  Tokyo  (1987)  p.227 

[2]  T.Ueda,  H.Nishino,  and  H.Matsunami,  J.  Crystal  Growth,  104,  695  (1990) 

[3]  H.S.Kong,  J.T.Glass,  and  R.F.Davis,  J.  Appl.  Phys.  64,  2672  (1988) 

[4]  B.E.Landini  and  G.R.Brandes,  Appl.  Phys.  Lett.,  74, 2632  (1999) 
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In  this  work,  we  are  interested  in  the  modeling  of  silicon  carbide  growth  from  the  vapor 
phase.  Thin  SiC  films  can  be  obtained  by  Chemical  Vapor  Deposition  (CVD)  from  gaseous 
precursors,  whereas  bulk  material  is  elaborated  by  sublimation  of  SiC  powder  (modified  Lely 
method).  The  substrate  is  an  off-oriented  hexagonal  SiC  single  crystal,  which  results  in  a  step- 
flow  growth. 

Detailed  studies  of  bulk  and  surface  structures  are  needed  to  understand  the  growth 
mechanisms.  The  calculations  are  carried  out  within  density-functional  theory  (DFT),  in  the 
local  density  approximation  (with  generalized  gradient  corrections).  The  code  VASP  uses 
wave  functions  expanded  in  terms  of  plane  waves.  Moreover,  the  electron-ion  interaction  is 
described  by  ultrasoft  Vanderbilt  pseudopotentials,  which  drastically  reduce  the  size  of  the 
basis  set  and,  then,  allow  the  study  of  large  cells  (up  to  200  atoms). 

The  geometries  of  hexagonal  (2H,  4H,  6H)  and  cubic  (3C)  polytypes  have  been  optimized. 
The  total  energies  are  discussed  within  the  Axial  Next-Nearest-Neighbour  Ising  model 
(ANNNI),  for  ideal  and  relaxed  bulk  structures.  It  appears  that  4H  and  6H  are  the  most  stable 
phases,  which  is  in  agreement  with  other  calculations,  but  not  with  experiments  that  indicate  a 
preference  for  the  cubic  form.  The  question  of  the  origin  of  polytypism  is  raised  :  is  it 
controlled  by  thermodynamics  or  growth  conditions  ?  Thus  we  began  an  investigation  of  the 
surface  of  4H  SiC,  which  is  the  most  interesting  polytype  regarding  the  electronic  properties. 
After  considering  the  flat  (0001)  surfaces,  we  studied  the  vicinal  surfaces,  since  in  a  step-flow 
growth  mechanism,  the  step  morphology  is  of  primary  importance.  We  considered  different 
misorientations  from  the  directions  [1-100]  and  [11-20],  and  the  two  polarities  (C-  or  Si- 
terminated  surfaces).  In  each  case,  we  describe  the  geometry  and  discuss  the  stability  of  single 
steps  versus  step  bunching. 
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The  channel  mobility  of  4H-SiC  MOSFETs  are  reported  to  be  lower  than  those  of  6H-SiC 
MOSFETs  although  the  mobility  of  4H-SiC  estimated  from  the  Hall  measurements  is  higher  than  that 
of  6H-SiC.4:>  This  is  a  large  problem  for  practical  use  of  4H-SiC  MOSFETs.  Usually,  the  6H-  and 
4H-SiC  MOSFETs  are  fabricated  on  3.5°  and  8°  off-angled  SiC  (0001)  substrates,  respectively.  The 
off-angle  is  considered  to  affect  largely  Si02/SiC  interface  structures,  resulting  in  the  channel  mobility. 
Therefore,  we  have  investigated  the  Si02/SiC  interface  structures  with  different  off-angle  from 
Si(0001)  face  using  transmission  electron  microscope(TEM). 

3.5°  and  8°  off-angled  6H-SiC  (0001)  and  8°  off-angled  4H-SiC  (0001)  substrates  with 
n-type  epitaxial  layer  were  purchased  from  Cree  Research  Inc.  After  the  standard  RCA  cleaning, 
sacrificial  oxide  films  were  grown  in  dry  02,  and  then  were  removed  by  5%  HF  solution.  Finally,  gate 
oxide  films  were  thermally  grown  at  1200  °C  in  dry  02.  The  SiCF/SiC  interface  structures  were 
observed  using  TEM. 

Figures  1 ,2  and  3  show  the  typical  cross-sectional  TEM  images  of  Si02/SiC  interface  formed 
on  3.5°  and  8°  off-angled  6H-SiC  (0001)  and  8°  off-angled  4H-SiC  (0001)  substrates,  respectively. 
These  figures  exhibits  that  the  step  structures  exist  even  after  the  oxidation.  The  numbers  of  Si-C 
bilayer  at  steps  is  approximately  1  and  2  for  3.5°off-angled  and  8°off-angled  Si02/SiC  interface, 
respectively.  The  terrace  width  of  3.5°off-angled  and  8°off-angled  Si02/SiC  interface  is  also 
approximately  1.5nm  and  3nm,  respectively.  The  SiCF/SiC  interface  on  3.5°off-ang!ed  6H-SiC  (0001) 
substrate  is  much  smoother  than  those  on  8°off-angled  4H-SiC  (0001)  substrate. 

In  Si-based  MOSFETs,  the  channel  mobility  is 
reduced  with  increasing  of  the  roughness  of  Si02/SiC 
interface.  Therefore,  it  is  considered  that  one  of 
reasons  of  lower  channel  mobility  of  4H-SiC 
MOSFETs  fabricated  on  8°off-angled  SiC  substrate  is 
due  to  rougher  Si 02/SiC  interface  compared  to 
6H-SiC  MOSFETs  fabricated  on  3.5°off-angled  SiC 
substrate. 

This  work  was  performed  under  the 
management  of  FED  as  a  part  of  the  MITI  New  Sun 
Shine  Program  Technologies)  supported  by 
NEDO. 


Fig.  1  TEM  image  of  Si02/6H-SiC  (3.5°  off) 


Fig.  2  TEM  image  of  Si02/6H-SiC  (8°  off) 
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Abstract 

During  oxidation  of  SiC  small  graphitic  carbon  islands1  are  formed  at  the 
Si02/SiC  interface.  The  parameters  influencing  the  stability  of  these  islands  is  not 
known.  The  limiting  factor  can  be  the  activation  energy  for  dissolution  or  the 
activation  energy  for  carbon  outdiffiision.  Due  to  the  small  size  of  the  carbon  islands  it 
is  virtually  impossible  to  investigate  this  problem  directly.  Therefore  we  have  deposited 
a  graphitic  amorphous  carbon  (a-C)  layer  onto  high  quality  Si02  and  investigated  the 
indiffusion  of  carbon  by  surface  analytical  methods.  We  have  found  that  if  the  oxygen 
contamination  of  the  a-C  layer  is  negligible,  no  carbon  enters  the  oxide  up  to  the 
highest  temperature  we  investigated  (1190°C).  This  means  that  in  an  oxygen-poor 
environment  the  carbon  islands  can  not  be  dissolved  at  the  usual  temperature  of  SiC 
oxidation.  We  find  however  that  if  the  a-C  layer  is  prepared  with  oxygen 
contamination,  carbon  enters  into  Si02  already  at  1140°C.  The  outdiffusion  of 
carbonaceous  species  (probably  CO)  is  very  fast  at  this  temperature. 

[1]  V.  V.  Afanas’ev,  A.  Stesmans  and  C.  Harris,  ICSC  III-N’97  Sweden  p.423 
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The  epitaxial  growth  of  3C-SiC  on  silicon  substrate  is  possible  in  spite  of  the  21% 
misfit  between  the  Si  and  3C-SiC  system.  However  due  to  the  high  misfit  and  the  limitation 
of  the  process  temperature  to  1400°C,  the  density  of  the  defects  in  the  early  stage  of  growth  is 
very  high,  of  the  order  1012  cm'2.  Part  of  these  defects  is  annihilated  as  the  film  grows.  The 
remaining  defects  at  the  uppermost  part  of  the  3C-SiC  film  are  of  the  order  of  109cm'2,  which 
are  responsible  for  the  poor  electrical  characteristics  of  3C-SiC  films.  In  this  paper  we  present 
results  of  a  short  time  annealing  of  the  3C-SiC  films  by  flash  lamps.  The  specimens  were 
irradiated  in  Argon  ambient  from  an  array  of  xenon  lamps  with  a  flash  duration  of  20ms.  The 
maximum  used  energy  density  during  the  flash  was  about  120  J  cm'2. 

The  defect  density  of  the  as  grown  film  at  the  3C-SiC/Si  interface  is  of  the  order 
1012cm‘2,  as  shown  in  the  cross-section  micrograph  in  Fig. la.  The  same  film  after  flash  lamp 
irradiation  is  shown  in  Fig.  lb.  A  reduction  of  the  defects  by  about  one  order  of  magnitude  in 
the  SiC  at  the  interface  is  evident.  In  the  non-irradiated  specimens  the  diffraction  patters 
appear  as  small  arcs  due  to  the  mosaic  structure  of  the  film,  as  shown  in  Fig2a.  After 
irradiation  the  same  film  exhibits  very  sharp  diffraction  spots  as  shown  in  Fig.2b.  Although 
the  3C-SiC  surface  remains  smooth  after  irradiation,  the  SiC/Si  interface  is  very  rough.  3C- 
SiC  protrusions  with  trapezoidal  shape  bounded  by  (111)  facets  were  formed  inside  the  Si- 
substrate  as  shown  in  Fig.  lb.  This  morphology  reveals  complete  melting  of  the  SiC  and  Si  at 
the  interface  during  the  irradiation  and  subsequent  redistribution  during  solidification 
reassembling  liquid  phase  epitaxy.  This  explains  the  significant  improvement  of  the  3C-SiC  at 
the  interface.  The  melting  of  the  Si  at  the  interface  eliminates  also  the  cavities,  which  are 
formed  at  the  Si  side  during  the  carbonization  process.  Due  to  the  transparency  of  the  3C-SiC, 
the  irradiated  energy  is  selectively  absorbed  at  the  SiC/Si  interface  where  the  most  defective 
and  consequently  absorbing  part  of  the  3C-SiC  film  is.  The  remaining  intensity  is  absorbed  by 
the  Si  at  the  interface.  The  uppermost  part  of  the  SiC  film  is  not  affected  by  the  flash 
annealing.  Therefore  the  flash  lamp  annealing  can  improve  the  quality  of  thin  SiC  films  near 
the  SiC/Si  interface,  which  can  be  used  as  the  seed  for  the  growth  of  thicker  3C-SiC  films. 


Fig.l  Fig.2 
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One  of  the  key  issues  of  applying  SiC  to  electronic  devices  is  the  development  of 
acceptor  impurity  doping  technique.  Recently,  Itoh  et  al.[l]  reported  that  the  co¬ 
implantation  of  carbon  (C)  with  acceptor  impurities  such  as  aluminum  (Al)  and  boron 
(B)  enhanced  their  electrical  activation.  However,  the  optimum  condition  of  C  co¬ 
implantation  has  not  yet  been  obtained.  In  this  study,  we  have  carried  out  co¬ 
implantation  of  Al  and  C  into  6H-SiC  and  investigated  the  electrical  properties  of  co¬ 
implanted  layers  by  Hall  effect  measurement.  We  report  the  dependence  of  the  electrical 
activation  of  Al  on  implantation  temperature,  C  concentration  and  the  sequence  of  co¬ 
implantation. 


The  samples  used  in  this  study  were  n-type  6H-SiC  epitaxial  films  (ND  ~  5xl015  /cm3) 
grown  on  6H-SiC  substrates.  Five-fold  implantation  of  AP  was  carried  out  to  form  a  box 
profile  (depth:  0.5  pm)  with  a  mean  Al  concentration  of  lxlO18  or  lxlO19  /cm3.  A  box 
profile  of  C  with  a  thickness  of  0.5  pm  was  also  formed  in  mean  C  concentrations  2xl017 
-  3xl019  /cm3  by  five-fold  C+-implantation.  The  samples  were  annealed  at  1650  °C  for  30 
min  in  argon  (Ar)  atmosphere  after  implantation.  The  Al  electrodes  were  alloyed  at  900 
°C  for  3  minutes  in  Ar.  The  carrier  concentration  was  measured  using  van  der  Pauw 
arrangement. 


Figure  1  shows  the  co-implanted  C+  concentration  dependence  of  hole  concentration 
ip)  at  RT  for  the  samples  implanted  with  AP  at  lxlO18  /cm3  (triangles,  upside-down 
triangles)  and  lxlO19  /cm3  (squares).  Closed  and  open  symbols  indicate  the  results  for  the 
samples  implanted  with  C+  prior 
to  AP  and  with  AP  prior  to  C+, 
respectively.  C+-implantation  was 
carried  out  at  800  °C  in  every 
sample.  The  values  of  p  in  the 
samples  implanted  with  AP  only 
(reference  sample)  are  also  shown 
as  the  broken  lines  for  comparison. 

No  significant  difference  between 
both  sequence  of  co-implantation 
is  observed.  For  the  both  samples 
implanted  with  AP  at  lxlO18  and 
lxlO19  /cm3,  an  increase  of  p  due 
to  C+-implantation  is  observed  in  a 
C+  concentration  range  from 
2xl017  to  5xl018  /cm3.  The  highest 
values  of  p  are  obtained  at  lxlO18 

C7cm3.  At  3xl019  C+/cm3,  the  20 

values  of  p  are  smaller  than  those 
in  the  reference  samples.  These 
results  show  that  C+  co¬ 
implantation  enhances  electrical 
activation  of  Al  acceptors  and  that 
the  optimum  C  concentration  is  « 
lxlO18 /cm3. 


Co-implanted  C+  concentration  (/cm3) 


Fig. 


1  Co-implanted  C+  concentration  dependence  of 
hole  concentration  (p)  at  RT  for  the  samples  implanted 
with  AP  at  lxlO18  and  lxlO19  /cm3  and  subsequently 
annealed  at  1650  °C.  The  broken  lines  in  the  figure 
represent  the  values  of  p  in  the  sample  with  AT  only. 

[1]  H.  Itoh  et  al.:  Appl.  Phys.  Lett.  73,  1427  (1998). 
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The  quality  and  thermal  stability  of  heavily  doped  SiC  layers,  used  in 
conjunction  with  ohmic  contacts,  are  of  great  importance.  In  device  production 
epitaxially  grown  layers  as  well  as  ion  implantation  are  employed  to  form  the  contact 
layers.  Key  issues  are  solubility  limit  and  precipitate  formation  of  the  dopant  atoms. 

In  this  work  we  have  studied  tree  dimensional  distributions  of  A1  in  epitaxially 
grown  p-type  4H-SiC  layers.  Secondary  ion  mass  spectrometry  (SIMS)  has  been 
utilized  to  obtain  Al-concentration  versus  depth  profiles  as  well  as  lateral 
distributions  (ion  images).  High-resolution  transmission  electron  microscope  (TEM) 
measurements  have  also  been  performed  to  study  the  crystal  structure.  Epitaxially 
grown  SiC  structures  with  several  A1  doped  layers  in  the  concentration  range  3x1 019 
to  5xl020  cm"3  have  been  used.  The  samples  were  heat  treated  between  1500  and  2000 
°C  in  Ar  atmosphere  in  a  RF-heated  furnace  for  0.5  to  3h. 

Ion  images  of  the  lateral  A1  distribution  reveal  a  pronounced  dependence  on  the 
A1  content.  In  layers  with  high  enough  A1  concentration  the  A1  distribution  is  no 
longer  homogenous,  as  seen  by  the  brighter  regions  in  the  SIMS  images.  In  fig.  1,  the 
lateral  A1  distribution  is  compared  for  two  dopant  levels,  3xl019  and  5xl020  cm"3.  A 
post-grown  heat  treatment  at  1700°C  during  60  minutes  has  been  performed.  No 
variation  of  the  A1  concentration  over  the  surface  is  resolved  in  the  3xl019  cm'3 
sample,  while  inhomogeneities  are  observed  in  the  sample  with  5x1 020  Al/cm3.  These 
results  can  be  explained  in  terms  of  solubility  limits  and  cluster  formation. 
Comparison  will  be  made  between  SIMS  and  TEM  results. 


Fig.l.  Ion  images  of  A1  distribution  in  SiC  obtained  by  SIMS.  The  doping  level  is  in  a)  3xl019 
and  b)  5x1 020  cm'3.  A  linear  scale  is  displayed  and  the  maximum  intensity  is  35  and  350 
counts/s  in  a)  and  b),  respectively. 
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Silicon  carbide  is  a  promising  material  for  the  fabrication  of  electronic  and  optoelectronic 
devices  operating  under  extreme  conditions  (high  electric  power,  temperature,  etc).  Af  ion 
implantation  into  an  n-type  4H-SiC  epilayer  is  considered  to  be  an  important  technological 
step  to  produce  a  p+-doped  emitter  region  for  power  diode  applications.  However,  the 
implantation  process  produces  radiation  defects,  which  have  to  be  removed  during  Al- 
activation  anneals.  The  understanding  of  radiation  defect  kinetics  in  SiC  is  not  mature,  in  part 
due  to  the  complexity  of  initial  radiation  damage,  which  is  a  strong  function  of  implantation 
parameters.  For  example  there  is  still  no  agreement  on  such  basic  parameters  as  the 
displacement  energy  and  migration  properties  of  vacancies  and  interstitials  in  SiC. 

In  the  present  work  100  keV  Al+  ion  implantation  damage  profiles  in  low-doped  4H-SiC 
epitaxial  layers  have  been  measured  by  Rutherford  backscattering  spectrometry  in  the 
channelling  mode  (RBS-c)  as  a  function  of  implantation  dose  (lxlO13  to  lxlO15  Al+/cm2)  and 
implantation  temperature  (25-800°C).  For  the  measurements  2.0  and  2.4  MeV  He+  ions  along 
<000 1>  direction  was  used.  In  addition,  implantations  have  also  been  performed  with  ions  of 
lower  mass  (protons)  and  higher  mass  (xenon)  to  study  the  effect  of  ion  mass  on  the  damage 
build-up.  Damage  profiles  are  estimated  from  the  RBS-c  measurements  and,  in  particular,  the 
effect  of  implantation  temperature  will  be  elucidated.  Most  of  the  quantitative  measurements 
are  obtained  for  the  Si-sublattice  and  the  results  are  furthermore  compared  to  Monte-Carlo 
simulations. 
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One  of  the  key  problems  of  ion  implantation  doping  of  SiC  is  the  electrical 
activation  particularly  of  high  dopant  concentrations.  Furnace  annealing  is 
reasonable  only  up  to  temperatures  of  about  1800°C  because  of  problems  of  Si 
sublimation.  Using  short  time  annealing  techniques,  like  flash  lamp  annealing, 
higher  temperatures  up  to  2000°C  are  available. 

Al,  B  and  N  were  implanted  into  6H-SiC  epitaxial  layers  at  400°C  with  different 
energies  and  doses  in  order  to  form  a  500  nm  thick  box-shaped  layer.  The 
plateau  concentration  was  varied  for  Al,  B  and  N  between  lxl018cm'3  and 
5xl021cm'3,  5xl018cm'3  and  1.5xl021cm'3,  and  5xl017cm'3  and  5xl020cm'3, 
respectively.  The  wafers  were  annealed  in  Ar  by  flash  lamp  irradiation  at  about 
2000°C  using  an  array  of  xenon  lamps  with  a  flash  duration  of  20  ms.  For  the 
purpose  of  comparison  long  time  annealing  was  used  in  a  temperature  range 
between  1200°C  and  1650°C,  10  min  using  an  inductively  heated  furnace. 

Al  implanted  wafers  show  a  remarkably  higher  activation  after  flash  lamp 
annealing  for  plateau  concentrations  >  5xl020cm‘3  compared  to  furnace 
annealing.  This  effect  is  caused  by  freezing-in  of  the  enhanced  solubility  of  Al  at 
the  high  temperature  during  the  flash.  For  the  highest  Al  concentration  the  layer 
is  characterized  by  metallic-like  conduction. 

After  boron  implantation  and  annealing  the  hole  concentration  reaches  a 
maximum  value  of  about  2xl016cm'3  for  the  plateau  concentration  close  to 
5xl018cm*3.  For  higher  boron  concentrations  a  decrease  of  the  hole  concentration 
is  observed.  The  maximum  value  of  the  hole  concentration  is  caused  by  a 
competition  of  outdiffusion  of  the  excess  boron  and  formation  of  boron 
containing  precipitates  supported  by  Ostwald  ripening. 

Nitrogen  implanted  wafers  show  only  a  small  activation  after  flash  lamp 
annealing.  Due  to  the  short  annealing  time  only  the  energetically  lower 
hexagonal  sites  will  be  occupied.  A  combined  flash  lamp  and  furnace 
annealing  leads  to  a  slightly  higher  electrical  efficiency  compared  to  furnace 
annealing. 
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The  thermal  stability  of  ohmic  contacts  is  one  of  the  main  factors  limited  the  reliability  of 
SiC  devices.  Usually  the  contact  stability  has  been  investigated  at  temperatures  up  to  500  °C.  The 
recent  progress  in  SiC  device  processing  allows  to  fabricate  devices  operating  at  higher 
temperatures.  For  that  reason,  the  improvement  of  the  contact  stability  at  temperatures  above 
500  °C  is  of  great  interest. 

The  study  of  Al/Si/SiC  ohmic  contacts  showed  their  excellent  thermal  stability  at  500  °C. 
However,  they  are  not  stable  at  operating  temperature  of  600  °C.  In  this  paper  the  results  of  the 
investigation  on  the  AlSi-based  ohmic  contacts  with  new  composition,  AlSi(2%)Ti(0.15%),  is 
presented.  The  contacts  were  formed  on  p-type  4H-SiC  layers  grown  by  liquid  phase  epitaxy 
with  a  carrier  concentration  of  (3-5)xl019  cm'3.  The  metal  film  was  deposited  by  electron-beam 
evaporation.  The  contact  resistivity  dependence  on  the  annealing  conditions  in  the  interval  700  - 
950  °C  has  been  investigated.  The  new  contacts  showed  good  stability  at  operating  temperature 
of  600  °C.  The  structure  of  the  contact  layer  and  the  element  distribution  at  the  interface  were 
studied  by  AFM,  XPS  and  AES  analyses.  The  results  were  discussed  in  respect  to  explain  the 
improved  contact  stability  at  high  operating  temperature. 
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Abstract: 

Ruthenium  is  one  of  the  Pt-group  metals  that  in  the  past  has  been  used  to  successfully  form 
good  quality  Schottky  contacts  to  both  n-and  p-type  GaAs.  Its  thermal  stability,  chemical 
inertness  and  relatively  high  barrier  heights  make  it  an  ideal  metal  for  fundamental  studies  on 
SiC.  To  our  knowledge,  however,  the  Ru-metal  contact  to  SiC  has  not  yet  been  reported. 

We  have  investigated  the  formation  of  ruthenium  Schottky  barrier  diodes  (SBDs)  on  both  n- 
and  p-type  6H-SiC  wafers  obtained  from  Cree  Research,  Inc.  Ohmic  contacts  were  first 
prepared  by  thermally  evaporating  and  subsequently  annealing  either  Ti/Al  (for^-type)  or  Ni 
(for  «-type)  on  the  back  surfaces  of  the  SiC  wafers.  A  Schottky  barrier  diode  was  then 
fabricated  by  depositing  a  Ru  film  (typical  thickness  450  A)  on  the  polished  and  cleaned  top 
surface  by  electron  beam  evaporation. 

It  is  found  that  Ru  forms  good  quality  rectifying  contacts  to  both  n-  and^-type  SiC.  From 
current-voltage  (I-V)  measurements  the  barrier  heights  of  the  Ru-SBDs  were  measured  to  be 
0.85  eV  and  1.1  eV  for  n- type  and  p- type  SiC,  respectively.  The  thermal  stability  of  the  Ru- 
SBDs  was  investigated  in  a  series  of  isochronal  anneals  up  to  550  °C.  The  barriers  heights 
remained  stable  up  to  an  annealing  temperature  of  400  °C.  For  higher  temperatures  however, 
a  general  deterioration  in  the  quality  of  the  barrier  (as  indicated  by  an  increase  in  the 
measured  idealities  as  well  as  an  increase  in  the  reverse  bias  leakage  currents)  was  observed. 
These  results  will  be  discussed  in  the  light  of  other  metal  Schottky  barrier  contacts  to  SiC. 
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To  utihze  all  the  wonderful  properties  of  SiC  semiconductors,  formation  of  reliable,  homogeneous,  ohmic  and/or 
fymg  contacts  can  be  a  critical  issue,  especially  for  such  type  of  devices  as  Schottky  diodes.  There  are  a  lot 
of  papers  reporting  very  good  results  in  formation  of  contacts  for  different  polytypes  of  SiC.  But  the  dimensions 
./•  S'C  COn'actS,are  “s“al|y  ^cted  by  hundreds  of  microns  in  diameter  and  some  few  microns  in 
,  ■  ■  "  0Ur  best  knowledge  no  results  have  been  reported  on  large  area  and  acceptable  for  power  device 

»tSsSri  a^TndTeT!8 10  the  ShC  Tctures' In  this  paper  we  report  1116  combined  results  of  our  'n*l*al 
attempts  [1  2]  and  the  later  research  in  forming  thick  (50  -  200  pm)  and  large  area  (tens  of  millimeters  in 

diameter)  Al  contact  to  6H-  and  4H-SiC  substrates  using  Diffusion  Welding  (DW)  technique 

DW  1S  a  solid  state  joining  process,  which  can  be  utilized  to  bond  “difficult  to  join  “materials.  The  process  is 

p  r  orme  on  a  specially  designed,  continuous-action,  commercial  type  equipment  UDS-6  The  SiC  used  for 

?he  Al/Vr  (  ,  '  !  6  C°ntaCtS  the  0  05  and  °‘2  mm  *ick.  99.99  %  Al  foil  has  been  used 

The  Al/SiC  contacts,  under  variety  of  DW  conditions  were  first  characterized  by  mechanical  adhesion 
measurements.  For  this  purpose  the  strips  of  aluminum  foil  were  pulled  of  the  SiC  surface  by  special  device  The 
—  tensile  strength  m  Newt°ns  (N)  divided  by  the  width  of  the  strip  is  formed  as  the  bond  strength  Fig  1 

exehem”  ’W  goT’ °anJ “haH->,0n  “  the  pr°CeSS  of  detach  test  and  corresponding  to  the 

"T  ,l,  ’  ,  y  g  d  ’  d  bad  quality  of  the  bonding.  In  the  case  of  "excellent”  bond  the  tensile  strength 

Silicot  ctb.de  surfecetrength  °f  a‘UminUm  and  U*S  imp0Ssible  t0  separate  the  alumia“nt  strip  from  a 

ttettion  /“"T  (PC  )  n'easurement  was  carried  out  for  6H-SiC,  n-type  substrate  with 

concentration  3. 6- 10  cm  ,  where  pc  was  determined  by  surface  potential  distribution  measurement  near  bv  the 

r™LriTo“™(„s,c  “"po,ui”  [3»-  r*-  2 — “» of  sssls 

Amd  o’'' 30 TJ’L?®?  SCl,'’“k5,  “““  Mih  rn.amrem.itt  ,n,er„l, 

I—,"  MS,?  ST Fi  T  ^  »  f«™-  V., 
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Introduction 

Since  silicon  carbide  itself  is  a  very  stable  material,  SiC  devices  have  the  potential  to  be  operated  at 
high  temperature.  In  order  to  realize  these  devices,  stable  electrodes  and  insulators  are  also  required. 
However,  when  SiC  devices  are  operated  under  high  temperature  for  long  time,  the  reactions  between  SiC 
and  electrodes/insulators  can  not  be  avoided.  Therefore  research  of  stable  Schottky  contact  electrode  is 
important  for  SiC  based  Schottky  rectifier  and  MES-FET.  Since  molybdenum  is  a  refractory  metal  and 
forms  both  silicide  and  carbide,  Mo  is  a  candidate  for  stable  Schottky  contact  electrode.  The  purpose  of 
this  paper  is  to  show  the  stability  of  Mo  Schottky  electrode. 


Experimental 

As  the  substrate,  (0001)Si  face  of  n-type  4H-SiC  from  Cree  Inc.  was  used.  The  SiC  wafer  had  a  10- 
pm-thick  n-type  epilayer  with  doping  concentration  of  1  X 1016  cm'3  and  a  0.35-mm-thick  n-type  substrate. 
No  guard  ring  was  employed.  The  wafer  was  cleaned  by  SPM,  rinsed  in  de-ionized  water  and  etched  in 
diluted  HF(1:100)  prior  to  Mo  deposition.  Mo  film  was  deposited  by  sputtering  with  a  base  pressure 
below  10‘6  Torr.  Ar  at  5.0  mTorr  was  used  as  a  sputtering  gas. 

In  order  to  examine  the  effect  of  heat  treatment,  two  kinds  of  specimens  were  made:  (a)  as-deposited 
and  (b)  annealed  at  1173K  for  30min  in  Ar  ambient.  After  the  heat  treatment,  U  was  sputter  deposited  on 
the  backside  of  the  wafer  for  Ohmic  contact.  Circular  contacts  of  0.40mm  in  diameter  were  patterned 
using  standard  lithographic  techniques  and  wet  etching  solutions.  During  current-voltage  measurements, 
the  temperature  of  the  rectifiers  were  kept  at  295K.  X-ray  diffraction  (XRD)  analysis  was  also  made  on 
both  specimens. 


Results 

XRD  analysis  showed  that  the  as-deposited 
film  had  a  Mo(110)  texture,  and  the  annealed  film 
had  a  Mo(110)  texture  with  a  small  amount  of 
Mo2C.  Figure  1  shows  the  current-voltage 
characteristics  of  the  Mo-Schottky  rectifiers. 
Electric  properties  obtained  from  forward 
characteristics  are  summarized  in  Table  1.  The 
change  in  forward  voltage  drop  and  reverse 
leakage  current  is  small.  The  same  kind  of 
experiments  for  Nickel  showed  high  increase  in 
leakage  current.  As  the  result  we  obtained  a 
stable  Schottky  contact  with  Mo. 


Table  1.  Summary  of  forward  properties 


Specimen 

VF@100Acm2 

0Bn 

n 

As  deposited 

1.53  V 

1.24eV 

1.02 

Annealed 

1.51V 

1.17eV 

1.01 

Figure  1.  Current-voltage  characteristics  of  Mo- 
Schottky  rectifiers. 
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Copper  (Cu)/6H~SiC  Schottky  rectifiers  with  reliable  electrical  properties  could  be 
formed  for  the  first  time  by  sputtering  method  and  subsequent  thermal  annealing.  To  obtain 
a  high-power  and  high-temperature  operating  SiC  devices,  it  is  important  to  form  a  high- 
performance  metal  contact  with  a  low  resistivity  and  a  high  thermal  conductivity.  In  this 
paper,  electrical  properties  of  Cu/6H-SiC  junctions  are  discussed  in  relation  to  the  effects 
of  thermal  annealing. 

An  n-type  6H-SiC  epilayer  with  a  1 0  fj  m  thick  and  a  donor  concentration  of  1 .4  x  1 016cm'3 
grown  on  a  (0001)  Si-face  substrate  was  used.  An  ohmic  contact  on  the  back  of  substrate 
was  employed  by  the  deposition  of  nickel  and  annealed  in  N2  ambient  at  1000°C.  Cu 
contacts  were  deposited  by  the  RF  sputtering  method  at  room  temperature.  Diameter  and 
thickness  of  Cu  contacts  were  200  jJm  and  200nm,  respectively.  To  analyze  effects  of 
thermal  annealing,  an  as-deposited  Cu/6H-SiC  junction  was  treated  in  N2  ambient  at  300 
700  C  for  5  minutes.  Electrical  properties  of  Cu/6H— SiC  junctions  were  measured  at 
room  temperature. 

An  as— deposited  Cu/6H-SiC  contact  had  a  good  Schottky  property,  which  showed  a 
relatively  high  current  density  of  100A/cm2  at  2V  and  a  low  leakage  current  density  of  mid 
-1 0  8 A/ cm2  at  -300V.  Under  the  forward  bias  condition,  small  ideality  factor  (n )  about  1 .05 
and  barrier  height  about  1.2V  were  obtained  (Fig.1).  The  Schottky  barrier  height  of  the  as- 
deposited  Cu/6H~SiC  contact  was  also  analyzed  by  internal  photoemission  spectroscopy, 
which  was  determined  to  be  1.26V. . 


As  shown  in  Fig.1,  annealing  under  500°C 


1  1.1  1.2  1.3  1.4  1.5  1.6 


Ideality  Factor 

Fig.  1  Distribution  of  ideality  factor  and  barrier 
height  as  a  function  of  annealing  temperature. 


was  found  to  be  improved  the  Schottky  barrier 
height,  ie.  the  barrier  height  increased  up  to 
about  1 .45V,  and  the  ideality  factor  was  kept 
below  1.1.  The  annealed  Cu/6H~SiC 
interface  was  considered  to  be  chemically 
reacted,  leading  to  the  thermally  stable 
Schottky  junction  under  high-temperature 
operations. 

With  the  increase  of  annealing  temperature 
over  500°C,  however,  Cu/6H-SiC  Schottky 
properties  became  poor  :  Barrier  heights 
decreased  to  about  1.3V,  and  ideality  factors 
increased  over  1.45  with  the  annealing  at 
700  °C .  From  X-ray  diffraction  analysis, 
degradation  of  Schottky  properties  is 
caused  by  the  formation  of  Cu5Si  at  the 
Cu/6H-SiC  junction. 
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In  order  to  realize  the  full  potential  of  SiC  power  devices,  it  is  necessary  to  prevent 
premature  breakdown  at  the  surface  of  the  device.  Theory  shows  that  beveling  the  sidewalls  of 
the  mesa  on  which  a  device  is  constructed  can  reduce  the  surface  electric  field  and  ensure  that 
breakdown  occurs  in  the  bulk  material.  Angles  as  large  as  45°  are  sufficient  to  ensure  bulk 
breakdown  for  a  positive  bevel.  However,  for  negative  bevels,  much  smaller  angles  are  required 
[1],  We  have  developed  an  etching  technique  in  which  angles  as  low  as  a  few  degrees  (Fig.  1) 
can  be  achieved  at  junctions  up  to  several  microns  deep.  This  technique  involves  applying  a 
very  tall  pillar  of  Nano™  XP  SU-8  photoresist  and  then  spinning  on  a  layer  of  much  thinner 
Microposit®  STR  1045  photoresist.  The  surface  tension  of  the  1045  pulls  it  up  the  sides  of  the 
SU-8  pillar  forming  an  etch  mask  with  parabolic  edges.  This  technique  has  been  applied  to  4-H 
SiC  thyristors  (Fig.  2),  and  results  will  be  presented  comparing  bevel  angle  and  maximum 
forward  breakover  voltage.  To  date,  a  forward  breakover  voltage  of  around  1200  volts  has  been 
achieved  for  a  blocking  layer  thickness  of  around  eleven  microns  doped  at  lxl016cm"3. 

5 

4 

3 

|im 

2 

i 
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Fig.  1 :  Profile  of  a  beveled  mesa.  Fig.  2:  SEM  of  GTO  thyristor  structure. 

[1]  B.  J.  Baliga,  Power  Semiconductor  Devices,  PWS,  Boston, 1996,  pp.  103-105 
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M.  Kayambaki1,  K.  Zekentes1.  K.  Tsagaraki1,  E.  Pernot2  and  R.  Yakimova1 
1  MRG,  1ESL,  Foundation  for  Research  and  Technology-Hellas,  P.O.  Box  1527 ,  Vassilika  Vouton . 

711  10  Heraklion,  Greece ,  Tel:  + 30-81-394105 ,  Fax:  +30-81-394106,  e-mail:  trifdi@physics.voc.gr 
Laboratoire  de  Materiaux  et  de  Genie  Physique ,  UMR  CNRS/INPG  5628-ENSPG ,  46,  38402  Saint 

Martin  D ' Heres ,  France 

'  Department  of  Physics  and  Measurement  Technology,  Linkoping  University,  58183  Linkoping,  Sweden 


Electrolytic  dissolution  of  silicon  carbide  is  the  only  etching  process  that  may  be  carried  out  at 
room  temperature.  In  a  previous  work,  we  have  shown  that  it  is  possible  to  employ  an  Electrochemical 
Capacitance-Voltage  (ECV)  profiler  for  the  determination  of  the  epilayer  doping  level  and  the  thickness 
of  p-type  6H-SiC  films[  1  ].  In  this  work,  we  present  our  results  for  4H-SiC  and  we  show  that  the  ECV 
profiler  can  be  used  for  evaluating  the  types  and  the  distribution  of  crystal  defects  on  both  the  Si  and  C 

faces  of  p-type  6H  and  4H~SiC.  In  this  way,  both  the 
doping  profile  and  the  crystal  quality  can  be  determined 
with  only  one  measurement.  Thus,  electrochemical  C-V 
profiling  becomes  a  powerful  characterization  method  for 
epitaxial  and  implanted  SiC  films. 

The  investigated  samples  were  either 
commercially  available  (CREE  Inc.)  or  grown  by  liquid 
phase  and  sublimation  epitaxy  [2].  The  etching  conditions 
were  the  same  with  that  in  ref.  [1].  A  series  of 
measurements  and  results  like  the  linearity  of  Schottky- 
Mott  plot,  the  low  value  of  the  cathodic  dark  current,  the 
smoothness  of  the  etched  surface  and  the  abruptness  of 
the  etch  walls  for  each  etching  experiment  allowed  us  to 
control  depth  resolution  and  doping  profile  accuracy. 

A  clear  linear  dependence  of  the  etch  rate  on  the 
etching  current  without  any  saturation  etching  is  obvious 
from  the  Fig.  1  as  expected  for  electrochemical  etching  of 
the  same  material.  Doping  and  thickness  uniformity 
studies  along  the  same  sample  demonstrated  the 
usefulness  of  the  method  for  optimizing  growth 
conditions. 

Doping  profiles  on  4H-SiC  films  grown  by 
sublimation  epitaxy  showed  a  surface  layer  of  0.1  jam 
thick  with  a  lower  acceptor  concentration  suggesting  an 
A1  depletion  of  the  surface  layer.  This  can  be  related  to  a 
thin  surface  layer  growth  during  the  cooling  down  stage 
with  a  lower  A1  incorporation. 

Optical  (Fig.  2.),  Scanning  Electron  and  Atomic 
Force  microscopy  images  showed  the  appearance  of  etch 
pits  on  the  etched  surfaces.  The  similarities  with  surfaces 
obtained  following  anisotropic  etching  in  molten  salts  are  obvious.  The  round  pits  of  Fig.  2  relate  to 
dislocations  as  they  maintain  both  the  shape  of  pointed  bottom  as  well  as  their  distribution  as  etching 
proceeds  [3]. 


Fig.  1.  Dependence  of  the  etch  rate  on  the  etch 
current  density  for  6H  and  4H  polytypes  and  for 
both  surface  polarities. 


Fig.  2.  Optical  microscope  image  showing  the 
etch-pit  appearance  following  electrochemical 
etching  of  6 H-SiC  epitaxial  film. 


This  work  was  partly  supported  by  the  NATO  SfP  971879  grant. 
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ABSTRACT 

Thermal  oxidation  is  the  only  process  known  to  lead  to  MOSFET-quality 
dielectric-semiconductor  interface.  This  fact  and  the  unique  electrical  properties  of  Si02  are 
the  main  reasons  for  the  long-lasting  dominance  of  silicon  over  many  other  semiconductor 
materials,  with  apparently  better  bulk  properties.  Thermal  oxidation  of  SiC  also  leads  to 
creation  of  Si02  at  the  surface,  and  in  addition  to  that,  SiC  is  a  wide  energy-gap  material 
with  superior  bulk  parameters  compared  to  silicon.  However,  the  release  of  carbon  during 
thermal  oxidation  of  SiC  appears  as  an  inherent  disadvantage.  Presence  of  carbon  at  the 
interface  has  been  identified  as  a  reason  for  unfavorable  electrical  properties  of  the  Si02- 
SiC  interface  [1]. 

Our  investigation  of  electrical  and  physical  properties  of  NO-nitrided  Si02-SiC  interface 
have  indicated  the  possibility  that  carbon  is  more  efficiently  removed  from  the  interface  in 
the  case  of  the  nitrided  samples  [2,3].  However,  there  is  a  belief  that  nitrogen  is  unlikely  to 
react  with  carbon  to  remove  it  from  the  interface.  In  this  paper,  we  will  report  and  analyze 
two  additional  effects  that  are  in  a  direct  correlation  with  the  hypothesis  of  nitrogen-assisted 
removal  of  carbon  from  the  Si02-SiC  interface  (Table  1). 

Table  1  Effects  indicating  nitrogen  involvement  in  the  process  of  carbon  removal  from 
_ Si02-SiC  interface  _ 

Brief  Description  _ Reference _ 

•  Atomic  Force  Microscopy  reveals  that  NO  nitridation  removes  [2] 
carbon  clusters  from  the  Si02-SiC  interface 

•  XPS  binding-energy  analysis  indicates  existence  of  C-N  bonds  [3] 
near  the  Si02-SiC  interface 

•  Oxide  growth  rates  in  NO  and  N20  ambient  indicate  increased  this  paper 
growth-site  densities,  possibly  created  by  removal  of  carbon  by  NO 

and  N20 

•  Lower  nitrogen  concentration  at  the  Si02-SiC  interface  (according 

to  NRA  [4],  XPS  and  SIMS  analyses)  could  be  related  to  the  this  paper 

nitrogen  involvement  in  carbon  removal  from  the  Si02-SiC 

interface _ 
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Improvement  of  the  thermally  grown  Si02/SiC  interface  is  a  critical  issue  to  realize  SiC  MOSFETs  and 
MOS  related  devices.  Here,  we  report  on  the  influence  of  the  post-oxidation  process  on  the  properties  of 
MOS  interface  and  MOSFETs,  especially  on  the  difference  between  high-temperature  post-oxidation 
annealing  (POA)  in  H,  [1]  and  re-oxidation  annealing  (ROA)  in  the  wet  02  ambient  [2],  4H-SiC(0001) 
wafers  with  a  lightly  doped  homoepitaxial  layer  were  cleaned  by  the  standard  RCA  cleaning  and  sacrificial 
oxidation.  They  were  oxidized  in  dry  O,  at  1200°C  resulting  in  45±2nm-thick  oxide.  After  oxidation,  a 
jOmin  in-situ  Ar  annealing  was  performed  at  1200°C,  then  cooled  down  in  Ar  with  the  ramping  rate  of- 
5°C  /min  to  600°C.  Some  oxidized  samples  were  post-annealed  in  pure  H2  or  wet  O,  ambient.  H,  POA  and 
wet  ROA  was  performed  at  800°C  for  30min  and  at  950°C  for  3hours,  respectively.  Aluminum  was 
evaporated  as  the  gate  and  backside  electrodes.  Simultaneous  capacitance-voltage  measurements  were 
performed  using  KI-82  system  to  analyze  the  energy  distribution  of  the  interface  trap  density  Djt. 

Fig-1  shows  energy  distribution  of  Dit  for  the  (a)  n-  and  (b)  p-type  SiC  MOS  capacitors.  High 
temperature  H2  POA  reduced  D,t  in  the  n-type  4H-SiC  MOS  interface  [1],  no  change  was  observed  in  the 
P- tyPe  MOS.  In  contrast  with  the  results  of  H,  POA,  wet  ROA  reduced  the  D„  in  the  p-type  MOS  interface 
as  ever  reported  [2],  however,  it  increased  the  Dit  in  the  n-type  MOS.  These  results  suggested  that  the  Djt 
near  the  conduction  band  and  the  valence  band  have  the  quite  different  origin.  The  relationship  between 
the  MOS  interface  and  the  MOSFETs  properties  are  now  being  studied. 

This  work  was  performed  under  the  management  of  FED  as  a  part  of  the  MITI NSS  Program  (R&D  of 
Ultra-Low-Loss  Power  Device  Technologies)  supported  by  NEDO. 

[1]  K.Fukuda  et  al.,  Appl.  Phys.  Lett.  76,  1585  (2000),  [2]  L.A.Lipkin  et.  al.,  J.  Electron.  Mat.  25,  909(1996) 


Figl .  Energy  distribution  of  Dit  for  the  (a)  n-type  and  (b)  p-tvpe  4H-SiC  MOS  capacitors. 
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Among  the  most  promising  properties  of  SiC,  the  possibility  to  oxidize  this  material  to  Si02  playes  a 
central  role  from  the  technology  point  of  view.  On  the  way  to  a  SiC-based  MOS-technology  the 
mircoscopic  mechanism  of  oxidation  has  to  be  investigated  thoroughly.  Although,  the  oxidation  rate 
and  interface  quality  is  still  quite  poor  compared  to  Si,  there  has  been  a  lot  of  progress  made  recently. 
Especially  the  problems  of  the  low  oxidation  rate  and  the  anisotropy  encountered  have  been 
overcome  using  deposited  oxides  instead  of  thermally  grown  ones.  This  deposition  technology  is 
critical  for  the  fabrication  of  U-MOSFETs  or  recessed  channel  ( RC)  MOSFETs  on  the  Si  face  of  SiC 
wafers. 

It  has  already  been  found  on  MOS  capacitors,  that  oxide  deposited  by  the  remote  (. R )  PECVD 
process,  exhibits  a  low  density  of  SiC/Si02  interface  states  and  fixed  oxide  charges  after  subsequent 
heat  treatments  in  inert  gas  and/or  hydrogen.111  In  this  contribution  we  report  investigations  on 
MOSFET  parameters,  especially  on  channel  mobility,  affected  by  the  different  process  steps  within 
the  RPECVD-technique.  The  process  sequence  of  oxide  formation,  as  shown  in  Tab.  1,  starts  with 
two  pre-deposition  processes. 

Tab .  1  Process  sequence  for  the  realization  of  high  quality  remote  (R)  PECVD  oxide . 


No. 

Process 

Gas 

Temperature 

Equipment 

Purpose 

1 

plasma  pre-cleaning 

h2 

250°C 

RPECVD 

Smoothening,  reduction  of  C 

2 

plasma  pre-oxidation 

o2 

250°C 

RPECVD 

Definition  of  the  interface 

3 

oxide  deposition 

SifV  02  250°C 

RPECVD 

Deposition  of  the  Si02-layer 

4 

post  oxidation  anneal 

Ar 

1150°C 

Furnace 

Reorganization,  out-diffusion  of 

cox 

5 

re- oxidation 

02/H20  950°C 

Furnace 

Compensation  of  oxygen  deficits 

The  performance  of  RPECVD  oxide  is  tested  in  both,  planar  structures  (MOS-capacitors  and  not  self 
aligned  (notSA)  MOSFETs)  as  well  as  vertical,  grooved  structures  (RC-MOSFETs  and  U-MOS 
capacitors).  In  contrast  to  transistors  previously  discussed  in  the  literature 1  [2],  the  source  and  drain  of 
the  actual  notSA- devices  were  implanted  with  higher  doses  and  energies  at  the  FZR[3],  leading  to  a 
lower  sheet  resistance  and  therefore  to  a  better  on-state  behavior. 

The  results  on  RC-MOSFETs  and  grooved  MOS  structures  encourage  the  use  of  RPECVD  oxides  in 
U-MOSFETs  on  SiC.  The  channel  mobility  of  RC-MOSFETs  indicates  no  additional,  etch  induced 
interface  defects.  I-V-measurements  on  MOS-diodes  (with  and  without  U-grooves)  demonstrate  an 
overall  stability  of  RPECVD  oxides  with  a  maximum  electric  breakdown  field  of  9  MV/cm.  In  order 
to  assess  the  quality  of  the  oxide  deposited,  results  from  stress  experiments  will  be  presented, 
performed  on  MOS-diodes  and  MOSFETs  with  RPECVD  and  thermal  oxides  on  4H  and  6H-SiC. 


1  A.  Golz,  G.  Lucovsky,  K.  Koh,  D.  Wolfe,  H.  Niimi,  and  H.  Kurz:  Plasma-assisted  formation  of  low  defect 
density  silicon  carbide-silicon  dioxide,  SiC-Si02,  interfaces;  Microelectronic  Engineering  36;  1997. 

2  S.  Scharnholz,  E.  Stein  von  Kamienski,  A.  Golz,  C.  Leonhard,  and  H.  Kurz;  Dependence  of  channel  layer 
mobility  on  the  surface  step  orientation  in  planar  6H-SiC  MOSFETs;  Materials  Science  Forum  164-268;  1998. 

3  D.  Panknin  and  W.  Skorupa,  Forschungszentrum  Rossendorf  (FZR),  Institut  fur  Ionenstrahlphysik  und 
Materialforschung,  Postfach  510119,  D-01314  Dresden,  Germany. 
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The  oxidation  of  3C-SiC  films  epitaxially  grown  on  Si  substrates  is  important  for 
device  fabrication,  as  well  as  for  realization  of  complex  structures,  like  3C-SiC  On  Insulator 
(SICON),  using  the  technique  of  wafer  bonding.  The  presence  of  planar  defects  in  results  in 
an  inhomegeneojus  wet  oxidation,  whereas  dry  oxidation  exhibits  smoother  surfaces,  not 
affected  by  the  presence  of  the  defects.  However,  the  interface  trap  density  in  thermal  oxides 
obtained  by  dry  oxidation  is  almost  one  order  of  magnitude  higher  than  in  the  case  of  wet 
oxidation.  Thus,  wet  oxidation  is  superior  to  the  because  of  the  lower  density  of  the  fixed 
oxide  charges,  interface  states  and  deep  traps.  Another  disadvantage  of  dry  oxidation 
processes  is  the  very  low  oxidation  rate,  which  is  not  compatible  with  the  device  fabrication 
processes.  In  the  present  work  the  dependence  of  oxidation  rate  and  the  structural 
characteristics  of  thermal  oxide  obtained  by  wet  oxidation  on  the  defect  density  in  3C-SiC 
films  was  studied. 

o  3C-SiC  films  were  deposited  on  (100)  Si  wafers  in  a  low  pressure  CVD  reactor  at 
1200  C  using  methysilane.  After  deposition  a  polishing  step  was  performed  to  ensure 
equivalent  surface  roughness  before  oxidation.  Then  thermal  oxidation  was  carried  out  at 
1 150°C  in  a  horizontal  hot-wall  quartz  tube  furnace  at  atmospheric  pressure  02-atmosphere. 
Water  vapour  was  added  to  the  oxygen  by  passing  the  02-flow  through  a  de-ionized  water 
bubbler  at  95  C.  Transmission  electron  microscopy  (TEM)  and  atomic  force  microscopy 
(AFM)  were  used  to  characterize  the  resulting  oxide  layers. 

After  oxidation  hillocks  were  observed  at  the  surface  forming  close  loops,  as  AFM 
observations  reveal.  After  removing  the  oxide  by  dipping  the  specimen  in  HF  the  hillocks 
appear  as  grooves.  These  hillocks  were  attributed  to  the  preferential  oxidation  at  the 
antiphase  boundaries  (APBs),  which  are  related  with  weak  C-C  and  Si-Si  bonds,  resulting  in 
rough  oxide  surface.  In  order  to  have  a  direct  proof  on  the  relation  of  the  APBs  with  the 
hillock  the  following  experiment  was  performed.  An  oxidized  specimen  was  thinned  from 
the  backside  so  that  only  the  oxide  and  a  thin  layer  from  the  uppermost  part  of  the  3C-SiC 
film  were  left  for  plane  view  TEM  (PVTEM)  observations.  Due  to  the  thick  amorphous 
oxide  the  diffraction  contrast  was  very  poor,  attributed  mainly  to  oxide  thickness  variations, 
exhibiting  similar  morphology  as  the  AFM  observations  reveal.  Subsequently  the  oxide  was 
etched  from  this  PVTEM  specimen,  so  that  only  the  SiC  was  left.  Now  strong  diffraction 
contrast  due  to  the  crystalline  3C-SiC  is  observed  in  the  same  area.  The  easily  recognized 
APBs  follow  the  same  close  loops  already  observed  before  oxide  removal. 

The  3C-SiC  films  contain  a  high  density  of  defects,  which  is  reduced  as  the  film 
thickness  increases.  The  influence  of  the  defect  density  in  oxidation  rate  was  systematically 
studied  by  performing  oxidation  on  films  with  different  thickness  and  determining  the  defect 
density  by  TEM  observations.  In  order  to  study  the  oxidation  rate  of  the  3€-Si€  close  to  the 
SiC/Si  interface  a  freestanding  3C-SiC  diaphragm  was  prepared  which  allowed  simultaneous 
oxidation  of  the  silicon  carbide  surface  as  well  as  the  former  interface  layer.  Significant 
difference  was  found  in  the  oxidation  rate  in  the  two  sides.  The  oxidation  rate  increases  with 
the  defect  density,  exhibiting  a  semi-logarithmic  relation. 


*  Corresponding  author,  present  adress:  Infineon  Technologies,  Dep.  WS  GS  SNS  D3,  Otto-Hahn-Rmg  6,  81739  Munich 
Germany,  Phone.  (++49)  89-234  42890,  Fax:  (++49)  89-234  49687  e-mail:  Martin.EickhofT@inlineon.com 
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2.5kV  JBS  rectifiers  were  optimized  with 
numerical  simulations  and  fabricated  with  a 
innovative  self-aligned  guard  ring  edge 
termination  design.  This  simple  structure  is 
advantageous  because  it  allows  the  active  area 
and  edge  termination  implantation  to  be 
fabricated  simultaneously,  thereby  simplifying 
processing  by  easing  lithography  tolerances  and 
eliminating  the  precise  dopant  activation  needed 
with  junction  termination  extensions  (JTE).  With 
the  optimized  structure,  the  extracted  specific  on- 
resistance  of  17m£2cm2  is  the  lowest  reported  for 
Ni  JBS  diodes  with  breakdown  voltages  over  2kV 
[1].  Breakdown  voltages  (Fig.l)  of  2.3-2.5kV 
(-60%  ideal)  correlated  well  with  the  simulated 
breakdown  voltage  of  2.4kV  with  7  guard  rings. 

JBS  diodes  were  fabricated  on  4H  n+  wafers  with  a  30pm  l-2.5xl0,5cm'3  n'  epitaxial 
layer.  A  single  A1  implanted  box  profile  was  used  to  form  both  the  active  JBS  region  and  the 
guard  ring  edge  termination.  A1  implants  were  annealed  at  1600  °C  in  a  silane  ambient  as  has 
been  described  in  the  literature  [2].  Ni  was  used  for  both  backside  ohmic  and  frontside  Schottky 

contacts.  Reverse  current  densities  for  the  JBS 
structures  (<lmA/cm2  at  2000V)  were  at  least  an 
order  of  magnitude  lower  than  comparable 
Schottky  structures  due  to  the  reduced  interface 
fields.  High  temperature  characterization  was 
performed  up  to  500°C.  A  barrier  height  of 
1.58eV  was  calculated  using  an  extracted  A* 
of  0.0731  AK~2cmf2  from  high  temperature 
measurements.  The  measured  forward  voltage 
drop  versus  active  Schottky  width  (W)  is  shown 
in  Fig.  2,  with  the  p+  width  held  constant  at  5pm. 

[1]  Y.  Sugawara  et  al.  ICSCRM’99,  Raleigh,  NC 

[2]  S.  E.  Saddow  et  al.  ICSCRM’99,  Raleigh,  NC 


Fig.  2:  Effect  of  active  Schottky  width  (W)  on 
forward  voltage  drop  VF. 


Applied  Voltage  (V) 

Fig.  1 :  IV  characteristics  of  an  optimized  200pm 
JBS  diode  with  a  Schottky  width  W=5pm. 
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SiC  junction  control,  an  alternative  to  MOS  control  high  voltage  switching  devices 

A.  Mihaila1.  F.  Udrea1,  G.  Brezeanu2 3,  R.  Azar1  and  G.  Amaratunga1 
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2.  University  “Politehnica”  of  Bucharest,  Romania 

This  paper  discusses  for  the  first  time  the  benefits  of  SiC  junction  control  devices  compared  to  MOS-type 
devices.  Whereas  MOS  control  silicon  switching  devices  undoubtedly  exhibit  superior  over-all  performance 
compared  to  junction  control  devices  due  to  reduced  leakage,  normally-off  operation,  high  input  impedance  and 
improved  SOA,  this  paper  argues  that  SiC  MOSFET  devices  have  theoretical  and  practical  disadvantages  which 
may  limit  their  operation  and  arguably  bring  back  in  light  junction  switching  devices  such  as  the  JFET  and  SIT. 
In  addition  MOS-bipolar  high  voltage  devices  such  as  the  Trench  Insulated  Gate  Bipolar  Transistors  (IGBT) 
which  have  been  extremely  successful  in  silicon  technology  [1]  will  be  in  the  authors  opinion  of  very  little  use 
in  SiC  technology.  This  is  because  the  SiC  large  band-gap  also  results  in  a  large  anode  junction  built-in  potential 
which  leads  to  high  on-state  voltages  and,  consequently,  unacceptably  high  power  losses. 

This  paper  provides  a  comprehensive  numerical  comparison  between  4H-SiC  polytype  1.2kV  SiC 
trench  MOSFET  and  JFET.  Trench  technology  has  been  selected  for  the  MOSFET,  since  it  offers  the  highest 
channel  density  and  eliminates  the  parasitic  JFET  effect  characteristic  of  DMOS  structures.  The  cross  section  of 
a  half  a  cell  of  the  trench  MOSFET  is  shown  in  fig.l  (a).  In  spite  of  its  advantages,  such  as  MOS  voltage  control 
and  low  saturation  currents,  SiC  trench  MOSFET  suffers  from  several  major  drawbacks  such  as  very  high 
threshold  voltage  and  poor  mobility  in  the  channel  which  adversely  affects  the  on-resistance.  Another  severe 
drawback  of  the  trench  MOSFET  is  the  gate  oxide  breakdown,  which  can  occur  in  off-state,  under  high  electric 
field  condition  [2].  We  here  carried  out  a  numerical  analysis  of  the  oxide/SiC  trade-off  breakdown  and 
determine  the  design  conditions  to  avoid  the  premature  breakdown.  The  study  also  points  out  that  the  theoretical 
value  of  the  drift  doping,  calculated  from  the  avalanche  condition,  can  lead  to  premature  breakdown  due  to 
punch-through  of  the  p  well  [3].  The  punch-through  can  be  avoided  by  increasing  the  p  well  doping  and 
decreasing  the  drift  region  doping  or  by  making  the  channel  longer.  The  first  sets  a  very  strong  limitation  on  the 
minimum  threshold  voltage  for  a  SiC  trench  MOSFET  while  the  second  and  the  third  further  degrades  the  on- 
resistance.  The  drawbacks  encountered  for  SiC  trench  MOSFET,  like  gate  oxide  breakdown  and  poor  mobility 
in  the  channel,  can  be  eliminated  by  using  a  SiC  JFET.  A  cross  section  of  the  JFET  structure  is  shown  in  fig.  1 
(b).  Its  distinctive  feature  is  a  buffer  layer  grown  on  the  top  of  the  drift  region.  In  order  to  withstand  a  blocking 
voltage  of  1.2kV,  a  negative  voltage  of  about  -20V  should  be  applied  to  the  gate.  We  have  optimised  the 
characteristics  of  the  JFET  to  improve  its  on-resistance  and  avoid  surface  parasitic  PIN  diode  breakdown  The 
on-state  characteristic  of  the  JFET  for  different  gate  voltages  is  shown  in  fig.  2. 


Source  Gate 


Fig.  1  (a)  Cross  section  of  half  of  cell  for  the  trench  Fig.2  The  on-state  characteristics  of  the 

MOSFET;  (b)  -  cross  section  of  the  JFET  structure  1.2kV  SiC  JFET. 


In  summary,  a  SiC  JFET  is  proposed  as  a  viable  alternative  to  the  SiC  trench  MOSFET.  In  this  way, 
MOSFET  s  major  drawbacks,  such  as  gate  oxide  breakdown,  poor  mobility  in  the  channel  and  high  threshold 
voltage  can  be  overcome.  Moreover,  the  on-resistance  of  the  1.2kV  JFET  is  2-3  times  smaller  than  that  of  an 
equivalent  SiC  MOSFET.  At  the  same  time  the  JFET  technology  is  easier  than  that  of  the  MOSFET  due  to  the 
elimination  of  trench  gate  formation.  Nevertheless,  the  blocking  of  the  JFET  can  only  be  accomplished  by 
applying  a  negative  voltage  to  the  gate.  This  may  lead  to  a  compromise  in  the  complexity  of  the  control 
circuitry. 

1.  F.  Udrea  and  al.,  IEEE  Electron  Devices  Letters.,  vol.  20,  No  8,  pp  428-430,  August  1999 

2.  A.  K.  Agarwal  et  al.,  Proc.  of  ISPSD  ’96,  p.  1 19-122,  1996 

3.  R.  Azar  and  F.  Udrea,  private  communication 
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Superlattices  of  GaAlN/GaN  are  promising  candidates  for  the  preparation  of  HEMT 
transistors,  which  might  be  used  in  high  temperature,  high  power  devices.  GaAlN/GaN 
superlattices  are  extensively  investigated  in  these  days  for  the  above  reason.  There  is  a 
special  defect  in  GaAIN  as  well  as  in  the  above  superlattices  which  is  called  V-shape  defect 
(inverted  hexagonal  pits).  The  analysis  of  the  above  defect  is  the  subject  of  the  present  paper. 

Superlattices  of  Gao,94Alo,o6N/GaN  have  been  grown  onto  thick  GaN  layers  as  well  as 
onto  sapphire  directly  at  1150°C  by  metalorganic  chemical  vapor  deposition  (MOCVD). 
Microstructure  of  the  superlattices  is  investigated  by  transmission  electron  microscopy 
(TEM)  in  cross  section,  while  the  surface  of  the  sample  is  investigated  by  scanning  electron 
microscopy  (SEM). 

Fig.  1.  shows  the  surface  of  a  sample  in  which  GaAlN/GaN  superlattices  are  grown  with 
the  periodicity  of  9  nm.  The  total  thickness  of  the  superlattice  layers  is  about  1  pm.  Fig.  1. 
shows  the  network  of  the  V-shape  defects  formed  on  the  surface. 


Fig.  2.  is  a  cross  sectional  TEM  micrograph  of  the  above  sample,  which  shows  that 
despite  of  the  presence  of  V-shaped  pits  homogeneous  superlattices  are  grown  in  the 
majority  of  the  layer  with  sharp  interfaces.  V-pits  are  formed  due  to  the  segregation  of 
aluminium  to  the  side  walls  of  the  inverted  hexagonal  pyramid  by  the  same  mechanism  as 
indium  does  in  InGaN  layers  above  a  certain  indium  concentration.  Each  of  the  V-pits  are 
connected  to  a  dislocation  in  the  layer.  Therefore  it  is  essential  to  decrease  the  defect  density 
in  these  layers.  When  the  superlattices  are  grown  onto  thick  GaN,  the  above  task  means  the 
improvement  of  the  quality  of  thick  GaN  layer. 
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of  3C-SiC  on  6H-SiC 

A.M.Strel’chuk,  N.S.Savkina,  A.N.Kuznetsov,  A.A.Lebedev 

Ioffe  Physico-Technical  Institute  of  the  Russian  Academy  of  Sciences,  Politechnicheskaya 
26,  St.  Petersburg,  194021,  Russia 
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Cubic  silicon  carbide  is  in  itself  of  considerable  interest  for  semiconductor  electronics 
having,  in  particular,  the  highest  charge  carrier  mobility  of  all  SiC  polytypes.  However,  it  is 
also  known  that  (3-SiC  is  sometimes  found  in  the  form  of  inclusions  in  epitaxial  films  of 
wider  bandgap  polytypes  of  a-SiC,  in  particular,  in  6H-  and  4H-SiC.  Such  inclusions  of  p- 
SiC  (alongside  with  other  inclusions,  e.g.,  silicon  and  carbon,  and  crystal  imperfections) 
undoubtedly  affect  the  maximum  parameters  of  devices  (e.g.,  power  devices)  based  on  a- 
SiC.  Therefore,  studies  of  P-SiC  and  identification  of  the  effects  caused  by  the  presence  of  p- 
SiC  in  a-SiC  are  of  unquestionable  interest. 

In  this  work  the  results  of  a  study  of  forward  current-voltage  (I-V)  characteristics  and 
injection  electroluminescence  (IE)  of  pn  structures  grown  by  sublimation  heteroepitaxy  are 
presented.  Investigations  by  X-ray  spectroscopy  methods  have  shown  that  the  epitaxial  n-type 
film  grown  on  a  6H-SiC  (Lely)  substrate  over  half  of  its  area  is  a  3C-SiC  film  of  rather  high 
quality  (the  rest  being  a  6H-SiC  film).  The  subsequently  grown  p-type  layer  consisted 
entirely  of  3C-SiC  (detailed  characterization  of  the  epitaxial  layers  by  different  methods  will 
be  presented  in  this  conference  in  a  paper  [1]). 

I-V  characteristics  of  the  grown  structures  were  measured  and  these  data  were  used  to 
select  structures  having  typical  barrier  properties,  in  particular,  the  exponential  dependence  of 
forward  current  on  voltage  of  the  form  I  =  I0  exp(qV/nkT).  At  low  currents  (10‘7-  10'3A/cm2) 
the  minimum  value  of  the  ideality  factor  n  were  in  the  range  of  2-3.  Structures  with  such 
characteristics  fell  into  two  distinct  groups  with  voltage  values  differing  by  about  0.7  V  (with 
forward  voltage  drop  1. 3-1.4  V  and  about  2.1  V  at  current  density  10'5  A/cm2  respectively). 
As  the  temperature  was  raised,  the  ideality  factor  diminished  approaching  the  value  of  2. 
Under  forward  current  the  structures  luminescence  emission  was  observed  in  the  visible 
range.  In  different  structures  the  IE  color  varied  from  red  to  blue.  Besides,  in  many  structures 
the  IE  emission  was  non-uniform  in  color  over  the  structure  area.  Correspondence  between  IE 
features  and  parameters  of  I-V  characteristics  has  been  discussed.  Interpretation  of  the 
forward  currents  was  carried  out  by  comparing  parameters  of  the  structures  with  thermal 
injection  mechanisms  in  jC-SiC  pn  structures  (first  identified  and  studied  in  pn  structures 
prepared  on  the  base  of  bulk  oC-SiC  and  presented  by  us  at  the  previous  European 
Conference  on  SiC  [2])  as  well  as  in  6H-SiC  pn  structures.  Measured  I-V  characteristics 
were  compared  with  typical  excess  currents  in  a-SiC  based  pn  structures. 
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SiC-Si  heterostructures  are  of  considerable  interest  in  realizing  wide-bandgap  emitters  or  window 
regions  in  bipolar  transistors,  photodetectors  and  electroluminescence  devices.  The  use  of  an  amorphous  a- 
SiC  layer  in  these  applications  offers  the  prospect  of  decreasing  significantly  the  deposition  temperature, 
while  retaining  largely  the  important  material  properties  such  as  band  gap,  thermal  conductivity  and  chemical 
reactivity  In  this  paper  the  mechanisms  of  charge  transport  in  a-SiC/p-Si  heterostructures  (that  display  very 
high  breakdown  voltages)  have  been  studied  over  a  wide  temperature  range. 

The  SiC  films,  1.0  pm  thick,  were  deposited  on  <100>  p-type  silicon  wafers  at  1000°C  by  low-pressure  CVD 
technique,  with  methyl-chlorosilane  as  source  gas.  A1  contacts  were  then  deposited  on  the  SiC  layer. 

Electrical  transport  processes  were  studied  by  I-V  and  I-T  characteristics,  evaluated  in  the 
temperature  range  80K  -  473  K.  The  built-in  potential  was  obtained  from  high-frequency  (1MHz)  C-V 
measurements  in  the  same  temperature  range.  Carrier  trapping  in  the  a-SiC/p-Si  structure  was  studied  by 
capacitance  relaxation  method. 

At  room  temperature,  the  I-V  characteristic  of  the  Al/a-SiC/p-Si  heterostructure  represents  a 
rectification  ratio  of  103  (at  ±0.5V),  and  a  hard  breakdown  at  as  high  as  230V  reverse  bias.  Forward  I-V  plots 
evaluated  over  a  wide  temperature  range  reveal  three  distinct  regions  of  charge  transport  (Fig.l).  In  region  A 
the  current  has  a  power  law  dependence  on  voltage  [linear  log(L)  vs.  log(V)].  Temperature  dependence  of  the 
conduction  is  linear  in  this  region,  if  plotted  as  !og(oTm)  vs.  T1/4.  Such  dependence  should  be  expected  in  the 
case  of  electron  variable-range  hopping  (VRH)  conductivity  at  Fermi  level.  From  the  slope  of  this  dependence 
a  density  of  state  at  Fermi  level  N(EF)  =  2xl017  cm'3  eV"1  has  been  estimated. 

In  region  B,  the  logl-V  plots  have  temperature-independent  slopes.  Such  behaviour  is  characteristic 
of  tunneling  processes  in  tire  heterostructure.  However,  the  temperature  dependence  of  the  current  itself  shows 
thermal  activation,  resulting  in  an  expression  for  IB  of  the  form  IB  =  Ibo  exp(-Ea  /  kT)exp(V  /  V0),  where  Ea  is 
the  activation  energy.  Ea  is  found  to  decreases  from  0.58  eV  to  0.22  eV  when  the  forward  bias  increases  from 
0.10  to  0.55  V.  This  I-V-T  dependence  has  been  ascribed  to  a  multistep-tunnelling  hole  capture-emission 
process.  In  order  to  check  the  assumption  about  changing  of  carrier  type  when  the  A  process  changes  the  B 
one,  a  capacitance  transient  experiment  for  different  forward  biases  have  been  performed.  It  is  seen  (Fig.2), 
that  changing  the  (forward)  filling  voltage  from  0.2V  to  0.8V  leads  to  changes  in  capacitance  relaxation.  At 
0.2V,  this  relaxation  corresponds  to  electron  trapping  and  at  0.8V  it  corresponds  to  hole  trapping  in  the  a-SiC. 
Thus,  we  can  conclude  that  at  low  temperatures  increase  of  forward  voltage  leads  to  a  change  of  type  of 
charge  carriers,  which  determine  the  electrical  transport  in  the  heterostructure. 

In  region  C,  we  observe  a  current  saturation  that  is  caused  by  the  bulk  resistance  of  the  a-SiC  layer. 
In  this  region  the  I-V  characteristics  are  described  by  a  power  law:  Ic=CVN,  where  N  changes  from  5  to  2 
when  the  measurement  temperature  changes  from  100K  to  373K.  Such  dependence  corresponds  to  space- 
charge-limited  (SCL)  current,  which  is  possibly  associated  with  hole  transport  limited  by  an  exponential 
distribution  of  traps  in  the  SiC  film. 
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Fig.l.  Fig.2. 

Thus,  main  mechanisms  of  current  transport  in  (a)SiC/p-Si  heterostructure  have  been  determined  and 
die  defect  parameters  relating  to  diese  processes  have  been  estimated.  Hole  participation  in  the  transport 
process  is  proved. 
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We  have  investigated  the  influence  of  two  different  substrate  types  on  the  low  field  (low  drain  bias) 
noise  characteristics  of  4H-SiC  power  MESFETs  in  the  range  1  Hz- 100  kHz.  All  devices  were  fabricated  on 
semi-insulating  SiC  substrates.  A  first  series  included  a  p-buffer  layer  between  the  active  channel  and  the 
substrate  whereas  the  other  series  had  no  buffer.  The  first  results  obtained  so  far  can  be  summarized  as  follows: 

In  "open  channel"  conditions,  the  noise  characteristics  are  similar  for  the  two  substrate  types:  1/f  noise 
followed  by  a  plateau  at  high  frequencies  (figure  la).  The  noise  levels  around  100  Hz  have  the  same  magnitude 
for  both  types  of  devices.  This  can  be  seen  on  the  high  current  part  of  figure  2. 

As  the  devices  are  biased  toward  "pinch  off  (figure  lb),  the  behaviors  of  the  two  substrates  are 
radically  different.  Devices  on  buffered  substrates  exhibit  volumic  noise  characterized  by  a  linear  relation 
between  the  drain  current  noise  spectral  density  (SID)  and  the  drain  current  (ID)  (figure  2).  In  such  a  case,  the 
relative  noise  intensity  is  simply  given  in  the  form  SID/ID2  =  aH/(Neffxf)  [1],  where  Neff  is  the  total  number  of 
carriers  in  the  active  part  of  the  device  (proportionnal  to  ID)  and  ccH  is  the  Hooge  parameter.  This,  in  turn,  leads 
to  a  constant  aH  of  about  8x10 6  (figure  3).  In  contrast,  devices  on  non-buffered  substrates  show  an  almost 
constant  noise  level  for  all  the  biasing  conditions  (figure  2).  In  that  case,  an  attempt  to  plot  the  Hooge  parameter 
as  a  function  of  Neff  results  in  the  1/Neff  behavior  shown  on  figure  3.  This  kind  of  behavior  has  already  been  seen 
on  GaAs  MESFETs  built  on  InP  substrates  and  was  attributed  to  trapping  phenomena  near  the  channel-buffer 
interface  of  the  devices  [2].  In  our  case,  the  trapping  could  be  ascribed  to  the  lack  of  buffer  and  related  to  the 
high  drain  current  transients  observed  at  high  fields  [3].  The  semi-insulating  character  of  the  substrate  being 
achieved  through  compensation  by  deep  levels,  a  direct  contact  between  the  active  channel  and  the  substrate 
favours  trapping  into  the  unoccupied  states  of  the  substrate. 


Frequency  (Hz)  Frequency  (Hz) 


Figure  la:  Noise  spectrum  in  "open  channel"  condition.  Figure  lb:  Noise  spectrum  near  "pinch  off'. 


Figure  2:  Noise  level  at  100  Hz.  Figure  3:  Hooge  parameter  at  100  Hz. 

[1]  F.  N.  Hooge,  T.  G.  M.  Kleinpenning  and  L.  K.  J.  Vandamme,  Rep.  Prog.  Phys.  vol.  44,  pp.  480-532,  1981 

[2]  Mourad  Chertouk  and  Alain  Chovet,  IEEE  Trans.  Electron.  Devices  vol.  43  no.  1,  pp.  123-28,  1996 

[3]  O.  Noblanc,  C.  Amodo,  E.  Chartier,  and  C.  Brylinski,  Mat.  Sc.  For.  vol.  264-268,  pp.  949-52,  1998 
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Silicon  carbide  is  a  promising  material  for  microwave  power  device 
applications.  Silicon  carbide  has  a  high  breakdown  field  and  a  high  saturation  drift 
velocity,  which  can  potentially  increase  the  operation  voltage  by  a  factor  of  20  as 
compared  to  silicon  or  GaAs.  However,  the  performance  of  today’s  silicon  carbide 
power  microwave  components  does  not  meet  theoretical  expectations. 

In  the  report  we  demonstrate  that  the  operation  voltage  of  silicon  carbide 
microwave  MESFETs  is  more  commonly  limited  by  short-channel  rather  than  by 
avalanche  breakdown.  The  high  electric  field  at  the  drain  side  of  the  gate  penetrates 
underneath  the  active  channel  region  and  modulates  the  channel  length.  This  results  in 
depletion  of  the  buffer  layer  or  the  substrate  underneath  the  gate.  As  the  depleted 
region  reaches  the  source  a  source-to-drain  punch  through  occurs.  The  MESFET  can 
no  longer  block  the  drain  current  in  spite  of  the  blocking  voltage  applied  to  the  gate. 

A  theoretical  study  of  short-channel  effects  has  been  performed  with  the  use  of 
tools  for  2-dimensional  semiconductor  device  simulation.  Efficient  means  of  short- 
channel  effect  suppression  have  been  found,  which  employ  non-uniform  doping 
profile  for  the  p-type  buffer  layer.  An  additional  p-type  layer  with  elevated  p-doping 
was  shown  to  considerably  increase  the  punchthrough  voltage. 

Semiconductor  structures  for  power 
silicon  carbide  MESFETs  have  been  grown 
onto  conductive  substrates  by  depositing  a 
15-25  pm  thick  buffer  layer,  an  active  layer 
and  an  n+  contact  layer  using  the  hot-wall 
CVD  technique.  The  active  region  was 
formed  by  mesa  etching  through  the  contact 
layer,  and  0.9  pm  Schottky  gates  were 
formed  using  the  lift-off  photolithography 
technique.  High  power  devices  had  up  to  140 
parallel  gates.  Device  paralleling  was 
achieved  using  the  airbridge  technique.  Image  of  completed  airbridged  MESFETs  is 
shown  in  the  figure. 

Investigation  of  device  characteristics  has  demonstrated  a  good  agreement 
between  model  predictions  and  actual  device  parameters.  In  the  report  we  will 
compare  the  characteristics  of  the  MESFETs  fabricated  at  ACREO  with  literature  data 
and  with  those  for  the  devices  available  from  a  commercial  vendor. 
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High-energy  ion  implantation  techniques  are  required  for  the  fabrication  of  thick  p-type 
regions,  which  is  desirable  for  the  designs  of  high  breakdown  voltage  devices.  High- 
temperature  ion  implantation  techniques  are  also  necessary  to  form  excellent  p-n  junctions  by 
reducing  implantation  damages.  We  report  on  A1  implantation  at  1000°C  with  the  energy  of 
7.0MeV  and  the  fabrication  of  planar  p-n  diodes  with  3/im  thick  p  regions. 

Epitaxial  layers  (n':5xl015/cm3)  on  4H-SiC  substrates  were  used  for  implantation 
experiments.  Box  profiles  were  formed  by  7  implantation  steps  with  energies  from  0.9  to 
7MeV.  The  depth  profile  by  SIMS  showed  3  ju  m  thickness  and  about  5xl018/cm3 
concentration[l].  Effects  of  temperatures  at  implantation  {T implant)  and  temperatures  for 
activation  annealing  (Tameal)  were  studied.  Samples  implanted  at  RT,  500 °C  and  1000°C 
were  annealed  at  from  1300  C  to  1650  C  in  Ar  for  an  hour  and  characterized  by  CV  and  RT 
Hall  effect  measurements. 


At  the  dose  level  employed,  Timpiam  has  no  apparent  effect  on  elctorical  properties 
measured  by  CV  or  Hall  effect  measurements.  On  the  other  hand,  Tameal  has  apparent  effects. 
Acceptor  densities  increase  with  Tameal  and  approach  the  A1  concentration  measured  by  SIMS 
(5xl018/cm3).  Most  of  the  implanted  A1  ions  are  activated  to  acceptors  for  Tameal  over  150013. 
Hole  density  shows  the  same  tendency  and  reaches  2.5xl017/cm3  over  150013.  Hall  mobility 
also  increases  with  Tameal  to  30cm2/Vs,  which  is  comparable  with  the  reported  data  of  doped 
epitaxial  layers.  Sheet  resistance  decreases  with  Tameal  to  5k  Q  /  □ . 

Planar  p-n  diodes  were  fabricated  on  n'  epitaxial  layers  with  the  thickness  of  10//  m  by 
selective  ion  implantation  with  the  masks  of  Mo  under  the  conditions  mentioned  above.  Fig.l 
shows  the  cross  sectional  SEM  view  of  Mo  mask  and  implanted  and  annealed  p  region. 
Slopes  at  Mo  edge  formed  by  wet  etching  bring  about  sloped  implantation  profile.  The  depth 
of  p  region  (4.1  u  m)  accords  with  the  depth  including  the  tails  of  the  A1  distribution. 

Fig.  2  shows  the  typical  I-V  characteristics  of  the  p-n  diodes.  Breakdown  voltage  is  about 
lkV  and  differential  on-resistance  is  6mQcm2  at  100A/cm2.  Influence  of  Timpiant  and  Tameal 
on  diode  characteristics  will  be  discussed. 


Fig.  1  SEM  view  of  Mo  mask  and  p-n  junction.  Fig.  2  p-n  diode  characteristic. 

( Timplanr.SOOX 3)  (T implant'.  1000C) 

(Ion  energy:  0.9-5 .6MeV,  Tameal:\515X l) 

[lJS.Kinouchi,  H.Sugimoto  et  al..  International  Workshop  on  Hard  Electronics'98  S2-08  (1998) 
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We  report  on  the  electrical  characteristics  of  4H-SiC  GTO  thyristors  made  with  epitaxial  and 
implanted  n-base  layers.  An  implanted  n-base  approach  allows  greater  flexibility  in  the  n-base 
doping  profile  compared  to  the  epitaxial  approach.  In  this  work  we  have  implanted  the  n-base  with 
phosphorus  donors  using  high  energy  ion-implantation  to  achieve  a  1  pm  thick  n-type  layer  with  a 
doping  concentration  of  4xl017  cm'3.  In  effect  this  converts  the  first  1  micron  of  the  lightly  doped  p- 
type  drift  layer  (5xl015  cm'3)  into  an  n-type  layer  as  shown  in  Figs. la  and  b.  This  is  the  first  report 
of  an  implanted  n-base  GTO  thyristor  in  silicon  carbide  to  date.  The  implant  profile  was  first 

simulated  using  TMA  Suprem-III  to  achieve  a  box  profile  and  the 
actual  implantation  was  carried  out  at  500°C  and  then  annealed  at 
1200°C  in  argon. 

Forward  characteristics  of  the  implanted  n-base  GTO  are 
shown  in  Fig.  2  in  which  the  blocking  voltage  is  250V  at  room 
temperature  and  the  on-state  voltage  is  8.7  V  at  0.8  mA  (lA/cm2).  The 
on-state  voltage  increases  slightly  with  temperature  (VAk=9.2  V  at 
75°C).  The  gate  trigger  current  is  1  mA  at  room  temperature  and 
increases  to  10  mA  at  75°C.  Electrical  test  structures  were  fabricated 
on  the  same  wafer  to  monitor  the  specific  contact  resistance  and  the  n- 
base  sheet  resistance.  Contact  resistance  measurements  yielded  pc 
values  of  1.5x10^  and  1.3xl0'2  H  em2  respectively  for  the  n-  and  p-contacts.  The  n-base  sheet 
resistance  is  shown  in  Fig.  3  as  a  function  of  temperature  at  two  different  locations  on  the  wafer 
where  a  higher  than  expected  sheet  resistance  is  found,  possibly  due  to  implant  damage  or 
incomplete  substitutional  incorporation  of  phosphorus.  At  25°C,  the  expected  sheet  resistance  is  1.2 
k£2/Sq.  assuming  an  electron  mobility  of  350  cm2/Vs  and  50  percent  donor  ionization  whereas 
measured  values  are  about  40  times  higher  in  the  range  of  40-50  kQ/Sq.  at  room  temperature. 
Characterization  at  higher  temperatures  is  in  progress  and  will  be  reported  at  a  later  time. 
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The  Junction  Barrier  Schottky  (JBS)  diode  in  silicon  carbide  is  a  promising  rectifier  for  the 
low  voltage  range  (<3kV)  since  it  combines  the  low  forward  voltage  drop  of  a  Schottky  diode 
with  blocking  properties  of  a  PiN  diode.  In  comparison  with  a  SiC  PiN  diode  it  is  the  unipolar 
low  static  losses  that  makes  the  JBS  diode  attractive  in  said  voltage  range.  When  compared  to 
a  Si  PiN  diode  it  is  mainly  the  low-loss  switching  behavior  which  makes  the  JBS  diode  a 
competitor  for  high  operating  frequencies.  Furthermore,  the  JBS  diode  has  low  leakage 
properties  at  blocking  voltage  also  for  elevated  temperatures. 

Since  the  drift  region  resistance  is  always  the  same  for  a  given  blocking  voltage  the  main 
parameters  are  the  Schottky  barrier  height  and  the  p+  grid  design,  controlling  the  trade-off  in 
forward  voltage  drop  and  leakage  current  for  a  given  voltage.  The  p+  grid  parameters  are  the 
spacing  between  p+  regions,  grid  geometry,  shape  of  p+  profiles  and  the  resulting  total 
Schottky  area.  Lowering  of  the  leakage  current  without  too  much  increase  in  on-resistance  can 
be  obtained  if  an  optimized  P+  grid  design  is  used. 

High  voltage  Schottky-,  JBS-  and  PiN  diodes  were  processed  on  the  same  4H-SiC  wafer  [1]. 
Forward  voltage  drops  of  less  than  2V  at  100 A/cm2 *  were  obtained  on  JBS  devices  which 
blocked  2.5-2. 8  kV.  These  blocking  voltages  correspond  to  the  same  expected  theoretical 
breakdown  field  strengths  for  the  used  epi  as  for  the  PiN  diodes.  The  devices  show  also  a  low 
leakage  current  (10 5  A/cm2  at  225  °C  and  -500  V)  at  higher  temperatures  and  operate  well  up 
to  the  tested  temperature  of  225  °C. 

From  experiment  splits  in  grid  dimensions  it  was  found  that  a  reduction  in  p+  grid  spacing 
reduces  the  leakage  by  over  a  decade  while  not  increasing  the  on-state.  Further  design 
controlled  reduction  of  the  leakage  current  leads  to  a  moderate  increase  of  the  forward  voltage. 
However,  the  minimum  spacing  is  restricted  when  high  current  characteristics  are  taken  into 
account  since  the  characteristics  change  with  grid  dimensions.  Thereby  the  suitable  operating 
current  density  versus  low  forward  voltage  drop  becomes  a  trade-off.  These  experimental 
results  are  corroborated  with  device  simulations. 

Furthermore,  experiment  splits  in  the  implanted  p+  grid  profiles  revealed  a  trade-off  in  forward 
voltage  drop/leakage  current  depending  of  dopant  (boron  or  aluminum).  Current-voltage 
measurements  of  the  on-state  characteristics  showed  higher  forward  voltage  drop  for  JBS 
diodes  with  boron  implanted  grid  compared  to  the  aluminum-implanted  diodes.  This  can  be 
well  explained  by  lateral  boron  diffusion  decreasing  the  current  conducting  area  in  the  boron- 
implanted  grids.  The  lateral  diffusion  length  was  estimated  to  be  in  the  same  order  of 
magnitude  as  reported  vertical  diffusion  [2,3].  Thus,  the  designed  p+  grid  area  versus  Schottky 
area  is  strongly  affected  by  this  diffusion. 

This  contribution  will  in  detail  discuss  the  influence  of  all  mentioned  JBS  design  parameters 
on  the  measured  device  properties. 

[1]  F.  Dahlquist,  et.  al  "A  2.8kV,  2V  forward  drop  JBS  diode  with  low  leakage",  ICSCRM  (1999),  in  print. 

[2]  F.  Dahlquist,  et.  al. "Demonstration  of  lateral  boron  diffusion  in  4H-SiC  using  the  JBS  device  as  test  structure", 

Int.  Workshop  on  Ultra-low-Loss  Power  Device  technology,  Nara  Japan,  (2000),  accepted 

[3]  M.S.  Janson,  et.  al  "Transient  enhanced  diffusion  of  implanted  boron  in  4H-silicon  carbide"  AddI  Phvs*  Lett 

76.  1434  (2000) 
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An  ion  implanted  MESFET  structure  is  presented.  The  device  is  fabricated  in  an  n-type 
3xl015  epitaxial  layer  that  is  10pm  thick  grown  on  n-type  substrate.  The  fabrication  of 
the  device  is  by  implantation  of  boron  ions  at  2.5xl013  cm'2  for  the  p-well  and  nitrogen 
ions  at  lxlO15  cm'2  for  the  channel.  After  each  of  the  implantations  the  die  is  annealed 
(1700C  for  boron  and  1300C  for  nitrogen)  under  argon  in  an  RF  furnace.  After  annealing 
the  surface  damage  is  removed  using  low  power  reactive  ion  etching.  The  resulting 
structure  for  a  vertical  power  MESFET  is  shown  in  figure  1.  The  channel  is  0.15pm 
thick  with  a  p-well  of  0.4pm.  Channel  quality  and  homogeneity  is  dependent  on 
implantation  and  anneal  conditions  as  well  as  the  method  of  surface  reconstruction. 
Details  of  this  will  be  presented  in  the  paper.  Electrical  characteristics  taken  between  300 
and  600K  will  also  be  presented.  These  show  the  effect  on  electron  transport  of  deep 
levels  from  the  ion  implantation. 

Simulation  studies  of  the  device  have  been  performed  using  commercial  TCAD  software 
to  determine  the  electronic  characteristics  of  the  device.  Results  consistent  with 
measured  characteristics  have  been  obtained  using  reduced  mobility  models  in  the 
implanted  regions.  The  results  from  the  simulations  are  shown  in  figure  2  where  the 
device  is  operating  in  depletion  mode.  The  upper  line  shows  a  gate  voltage  of  0V  and 
each  subsequent  line  decreases  the  gate  by  IV. 


Figure  1  :  Structure  of  Implanted  Figure  2  :  Simulated  Characteristics  for 

Vertical  Power  MESFET  Implanted  Vertical  Power  MESFET 
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Vertical  JFETs  fabricated  in  4H-SiC  exhibit  promising  electrical  parameters  for  low  loss,  fast  switching 
applications  in  the  range  above  1000V  blocking  voltage  III.  One  of  the  most  important  key  parameters 
characterizing  a  switching  device  is  the  specific  on-resistance.  For  high  voltage  solid  state  switching 
devices  this  parameter  is  dominated  by  the  resistance  of  the  epilayer  necessary  for  blocking  the  desired 
reverse  bias.  This  epilayer  can  be  designed  thinner  and  with  an  higher  doping  density  compared  to 
conventional  Si-devices  due  to  the  high  electric  breakdown  field  of  SiC,  resulting  in  on-resistances  two 
orders  of  magnitude  below  Si-MOSFETs,  e.g  121. 

In  order  to  demonstrate  the  advantages  of  these  benefits  in  existing  applications,  we  fabricated  VJFETs 
for  different  reverse  bias  classes.  The  breakdown  of  such  vertical  JFETs  in  SiC  was  shown  to  be 
avalanche-like  and  therefor  non-destructive  l\L  Numerical  simulations  showed  that  the  value  of  the 
breakdown  voltage  for  a  given  doping  density  and  thickness  of  the  epitaxial  layer  strongly  depends  on 
the  shape  and  doping  of  the  buried  p-layer.  The  breakdown  starts  at  the  edge  of  the  buried  layer  (see 
Fig.l)  and  expands  laterally  under  the  pn-junction.  Using  a  traditional  box  like  profile  with  a  projected 
range  of  about  0,7pm,  approximately  50%  of  the  breakdown  voltage  of  a  planar  pn-junction  can  be 
achieved.  This  value,  however,  can  be  increased  by  using  a  modified  profile  with  a  lateral  step  for  the 
buried  p-layer  unplanted  to  a  depth  of  1,2pm  (see  Fig. 2). 

In  order  to  confirm  these  simulation  results,  VJFETs  with  a  modified  buried  p-layer  were  fabricated  and 
compared  to  conventionally  processed  devices.  This  work  presents  the  results  of  the  experiment 
compared  to  the  simulation.  It  will  be  shown  that  e.g.  for  an  epilayer  with  a  doping  density  of 
approximately  6xl015cm°  and  a  thickness  of  15  pm  an  increase  of  the  blocking  voltage  from  1200V  for 
the  conventional  profile  up  to  1700V  with  the  modified  design  can  be  achieved.  Additional  benefits  will 
be  discussed  in  detail. 


Fig.  1  :  Distribution  of  the  electric  field  for  a 

conventional  box  profile  as  buried  gate,  the 
maximum  is  at  2.7MV/cm  and  located  at 
the  edge 


Fig.  2  :  Field  distribution  for  the  modified  design  at 
1200V,  the  maximum  is  at  2,lMV/cm  and  is 
smeared  out  along  the  pn-junction 


III  P. Friedrichs,  H. Mitlehner,  W.Bartsch,  K.O. Dohnke,  R. Kaltschmidt,  U.Weinert,  B.Weis, 

D. Stephani,  "‘Static  and  Characterictics  of  4H-SiC  JFETs  Designed  for  Different  Blocking 
Categories”  ,  presented  at  ICSCRM’99,  to  be  published 
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A  recently  published  study  demonstrated  the  superior  performance  of  4  H  SiC  Schottky  diodes  /I/. 

These  Schottky  diodes,  designed  for  600  V  blocking  voltage,  exhibited  a  very  low  leakage  current  and 
a  weak  dependence  of  leakage  current  on  temperature.  They  also  proved  a  long  term  stability  under 
high  temperature  reverse  bias  tests  (150  °C,  -600  V,  1000  h)  and  thermal  cycling  up  to  400  °C. 

Motivated  by  these  encouraging  results  and  on  the  need  for  fast  switching  devices,  especially  at  higher 
current  levels  and  blocking  voltages,  we  fabricated  SiC  Schottky  diodes  for  a  current  up  to  25  A  and  a 
blocking  voltage  of  1700  V.  The  active  area  of  these  devices  was  10  mm2.  This  is  a  rather  large  area 
for  SiC  devices  with  respect  to  the  present  day  state  of  defect  density  for  SiC  wafers.  These  diodes 
were  processed  on  selected  wafers  with  a  low  micropipe  density  purchased  from  Cree.  As  an  example, 
Fig.  1  shows  the  static  room  temperature  l-V-characteristics  of  a  1700  V  diode,  mounted  on  a  DCB 
substrate  with  a  heat  sink.  At  a  nominal  current  of  25  A  the  forward  voltage  drop  amounts  to  1 .7  V, 
while  at  a  blocking  voltage  of -1700  V  the  leakage  current  is  150  pA.  The  leakage  current  increases  by 
approximately  one  order  of  magnitude  if  the  diode  is  operated  at  125°C  junction  temperature. 


Fig.  1 :  Static  l-V  characteristics  of  a  25  A  / 1700  V  SiC  Schottky  diode  at  room  temperature. 


71/  R.  Rupp,  M.  Treu  et  al.,  ICSCRM’99,  Oct.  99,  North  Carolina,  USA. 
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We  present  results  on  fabrication,  characterisation,  and  numerical  drift-diffusion  simulations 
of  high-frequency  4H-SiC  MESFET  on  semi-insulating  substrates. 

The  performance  of  SiC  MESFETs  is  strongly  dependent  of  the  detailed  doping  profiles  of 
the  channel  and  buffer  layers.  The  actual  doping  profile  of  commercial  transistor  materials 
may  differ  from  the  specifications  (fig.l).  It  is  therefore  important  to  measure  the  doping 
profile  to  have  the  correct  input  data  to  the  physical  simulation.  The  parameters  for  physical 
simulations  can  then  be  correctly  calibrated,  and  the  simulations  can  be  used  to  optimise  the 
MESFET  and  understand  the  experimental  results. 

The  processing  sequence  is  mesa,  recess,  thermal  oxidation,  dielectric  deposition,  ohmic 
contact  and  gate  formation,  pad  deposition,  passivation  and  airbridge.  The  mesa  and  recess 
steps  use  reactive  ion  etching  with  a  CF4/O2  gas  mixture.  Ohmic  contacts  were  formed  by 
annealing  of  nickel  with  a  rapid  thermal  anneal  furnace.  The  gate  length  is  0.5  um  and  the 
gate  metalization  is  Au/Pt/Ti. 

Five  different  layer  structures  have  been  processed,  characterised  and  simulated.  As  can  be 
seen  in  fig.  2  simulations  based  on  measured  material  properties  correspond  well  to  the 
experimental  results.  In  the  final  paper  we  will  present  results  on  several  structures. 

The  transconductance  is  25-30  mS/mm  and  the  saturation  current  is  200-300  mA/mm.  The 
maximum  frequency  of  oscillation,  fmax,  is  40  GHz  and  the  extrinsic  transit  frequency,  fy,  is  6- 
7  GHz  for  a  100  pm  MESFET. 
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Fig.  1  Doping  profile  calculated  from 
SIMS  data. 


Fig.  2  Simulated  and  measured  drain 
characteristics  of  the  4H-SiC  MESFET. 
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Schottky  diodes  on  Silicon  Carbide  are  promising  rectifiers  for  blocking  voltages  between  300  V  and 
several  kV.  Although  theoretical  studies  about  the  electrical  behavior  of  Schottky  contacts  exist  for 
some  decades,  the  exact  description  of  the  forward  and  reverse  characteristics  is  still  an  issue.  The 
leakage  current  of  Schottky  diodes  on  SiC  is  much  higher  than  the  leakage  current  predicted  by  the 
classical  Schottky  theory,  which  is  typically  used  to  describe  Schottky  diodes  on  silicon.  It  will  be 
shown  that  the  high  electric  fields  under  reverse  bias  at  the  interface  of  SiC  Schottky  diodes  lead  to  a 
different  behavior. 

In  this  study  Ti,  W,  and  Ta  Schottky  diodes  are  characterized  under  forward  and  reverse  bias  for  tem¬ 
peratures  between  21  °C  and  +200  °C.  Additionally  the  Ti  Diodes  were  characterized  for  tempera¬ 
tures  between  -168°C  and  21°C.  It  was  observed  that  part  of  the  diodes  show  a  nearly  ideal  behavior 
under  forward  bias  (ideality  n  <  1.05)  for  the  whole  temperature  range  and  others  show  a  non-ideal  as 
compared  in  Fig.  1 .  The  results  of  this  work  obtained  from  a  large  amount  of  diodes  will  show  clearly 
that  this  non-ideal  behavior  has  not  necessarily  a  negative  influence  on  the  reverse  characteristics  of 
the  diodes.  This  will  be  explained  by  a  model  proposed  by  Tung  [2],  which  considers  the  pinch  off  of 
the  defects  by  the  defect  free  areas  around  the  defect.  It  will  be  shown  that  the  reverse  current  of  the 
diodes  can  be  described  by  two  mechanisms.  The  current  induced  by  the  first  mechanism  is  nearly 
independent  of  the  temperature  up  to  a  certain  temperature  T\  Thus  we  assign  this  current  to  trap 
assisted  tunneling.  Above  the  temperature  V  the  reverse  current  is  dominated  by  thermionic  field 
emission  as  proposed  by  Padovani  and  Stratton  [3]  (see  Fig.  2).  The  value  of  T’  depends  on  the  trap 
density.  If  the  trap  density  is  high  T’  is  also  high  because  the  field  emission  current  has  to  reach  a 
high  level  to  dominate  the  whole  current.  It  will  be  shown  that  the  leakage  current  is  dominated  by 
thermionic  field  emission  for  Ti„  W,  and  Ta  Schottky  diodes  at  operation  temperatures  >  100  °C. 


theory  with  the  temperature  as  a  parameter.  emission  theory  with  the  temperature  as  a  parameter. 

[1]  D.Defives,  O.Noblanc,  C.Dua,  C.Brylinski,  M.Barthula,  V.Aubiy-Fortune,  IEEE  Trans.  Electron 
Devices,  46  (3),  449-455  (1999). 

[2]  R.T.  Tung,  Phys.  Rev.  B,  45  (23),  13509  (1992) 

[3]  E.H.  Rhoderick,  Clarendon  Press,  Oxford  1980,  pp.  113 
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SiC  devices  with  10-fold  breakdown  strength  compared  to  Si  are  currently  considered  to 
improve  power  electronic  systems  such  as  motor  drives  and  HVDC  transmission  significantly. 
Recently,  we  reported  good  basic  device  properties  such  as  forward  voltage,  low  leakage 
currents  and  high  current  switching  for  large  area  (20mm2  and  40mm2)  PiN  diodes  for  the 
2.5kV  range  as  well  as  near  theoretical  performance  for  1mm2  2.0-2.8kV  JBS  diodes  [1,2,3], 
These  diodes  were  fabricated  on  4H  SiC  wafers,  with  low  1015cm'3  n-type  doped  hot- 
wall  CVD  Epi  layers  of  30  -  40um  thickness.  The  implanted  anode  (or  p+-stripes  in  case  of 
the  JBS)  uses  either  a  Al-  or  Al-B  profile,  annealed  at  1700°C.  The  devices  are  terminated 
using  an  implanted  multi-zone  junction  termination  extension  with  an  oxide  surface 
passivation  layer. 

The  state  of  art  properties  of  our  PiN  and  JBS  SiC  diodes  is  briefly  summarized,  which 
includes  high  power  switching  characteristics  at  400A  and  1250V  with  a  switching  loss  of 
only  4  mJ  (competitive  silicon  diodes  cause  130mJ  under  identical  conditions).  Moreover,  we 
report  the  successful  scaling  of  the  large  area  PiN  diodes  to  a  blocking  voltage  of  4.5kV. 

Long  term,  high-temperature,  blocking  testing  of  these  diodes  was  carried  out  in 
statistically  relevant  quantities.  The  observed  leakage  currents  in  500h  and  lOOOh  tests  at 
2250V  and  125°C  are  in  the  range  of  10 5  to  104A/cm',  which  is  consistent  with  the  static 
leakage.  The  large  variation  maybe  explained  by  in  terms  of  the  local  substrate  quality  causing 
Epi  defects  with  high  leakage  areas.  However,  after  some  initial  transients,  most  diodes  show 
an  almost  stable  leakage  current  over  the  entire  testing  time. 

Long-term  converter  operation  was  carried  out  with  these  diodes  as  well.  Thereby,  a 
new  drift  phenomenon  of  the  forward  voltage  drop  was  discovered.  For  drifting  diodes  the 
increase  in  Vf  may  range  from  ~0mV  to  a  few  lOOmV.  In  rare  instances  or  under  very  severe 
conditions,  also  higher  forward  voltage  drifts  can  be  observed.  Diodes  with  a  rather  fast  drift 
(hours-days),  coexist  with  slow-  and  non-dnfting  diodes  (>2000h)  on  the  same  wafer  with  the 
identical  process.  The  increase  in  forward  voltage  is  accompanied  by  a  reduction  in  the 
electrical  measured  minority  carrier  lifetime  and  by  regions  within  the  active  area  with 
reduced  photoluminescence.  These  areas  are  also  related  to  changes  in  the  crystal  matrix  [4]. 
It  was  found,  that  the  substrate  material  as  well  as  process  uniformity  can  make  marked 
differences  in  the  occurrence  of  this  phenomenon.  In  contrast  to  bipolar  PiN  diodes,  the  JBS 
type  diodes  do  not  exhibit  this  phenomenon. 
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Recently,  4H-SiC  gate  turn-off  (GTO)  thyristors  with  2.6  kV  forward  blocking  capability  and 
up  to  12  A  of  forward  current  have  been  demonstrated  [1]. 

We  report  on  the  gate  turn-off  performance  of  a  4H-SiC  asymmetrical  GTO  thyristor  with  2.6 
kV  breakover  voltage,  for  temperatures  ranging  from  293  K  to  500  K.  Both  quasi-static  and  pulse 
regimes  of  the  gate  turn-off  operation  were  studied.  The  temperature  dependencies  of  the  turn-off 
time  and  cathode  holding  current  were  investigated. 

The  maximum  value  of  cathode  current  IGon  max ,  which  can  be  turned  off  by  the  gate  current 
depends  on  temperature.  At  room  temperature,  Icon  max  is  equal  to  3.3  A,  which  corresponds  to  the 
current  density  jG&  1000  A/cm2.  The  turn-off  current  gain,  KG  =  /<//<&  depends  on  temperature,  on 
the  gate  pulse  duration  Ate,  and  on  the  current  density  in  the  on-state.  KG  is  the  largest  for  a  quasi¬ 
static  turn-off  by  the  current  lost  (he.  for  large  values  of  Ate).  At  jc  =  1000  A/cm2,  the  maximum 
value  of  Kg  is  equal  to  6.  KG  increases  with  a  jc  decrease,  and  at  jc  =  300  A/cm  ,  KG  =  12.5.  To  our 
knowledge  the  above  value  of  KG  is  the  highest  ever  reported  for  SiC  GTO's. 

The  turn-off  gate  current  IG  increases  with  a  decrease  in  AtG .  A  semiempirical  formula 
suggested  in  [2]  describes  the  experimental  Ig/Igm  dependencies  on  AtG  over  the  entire  temperature 
range: 

Ic  /lGst  =  1  -  exp(-A/G  /  r*)  ’ 

where  r*  is  a  fitting  parameter  which  can  be  considered  as  a  rough  estimate  of  the  carrier  lifetime  in 
the  blocking  base,  r*  is  found  to  grow  exponentially  from  0.6  to  3.6  ps  in  the  temperature  interval 
from  293  to  502  K. 

The  cathode  holding  current  IGh  decreases  from  0.54  A  to  0.052  A  with  an  increase  in 
temperature  from  293  K  to  502  K.  Two  mechanisms  are  responsible  for  this  effect.  First,  an  increase 
in  the  carrier  lifetime  in  the  blocking  base  leads  to  an  increase  in  the  common-base  current  gain. 
Second,  the  injection  efficiency  of  p+ n  junction  between  the  emitter  and  the  w-base  increases  with 
temperature  due  to  the  enhanced  thermal  ionization  of  a  relatively  deep  A1  acceptor  level. 

These  results  confirm  that  4H-SiC  tu  GTO  thyristors  show  a  high  potential  for  bipolar  device 
applications  such  as  inverters  and  switch-mode  power  supplies. 

This  work  was  supported  by  the  Office  of  Naval  Research  MUR1  program  under  Contract  No 
N00014-95-1-1302,  monitored  by  Dr.  J.  Zolper. 
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High-performance  diamond  metal -semiconductor  (MES)  or  metal-insulator-semiconductor 
(MIS)  field-effect  transistors  (FETs)  have  been  realized  on  hydrogen-terminated  surface  conductive 
layer  of  diamond.  The  p-type  semiconductive  layer  of  diamond  surfaces  displays  desirable  properties 
for  the  channel  of  FETs,  such  as  low  density  of  pining  states  (less  than  1011  cm'2),  high  carrier 
concentration  (1013  cm 2)  and  shallow  depth  (~10  nm).  Recently,  utilizing  this  layer  as  the  channel,  a 
Cu  gate  MESFET  with  1  pm  gate  length  has  been  fabricated  by  the  self-aligned  gate  fabrication 
process,  which  minimizes  effectively  series  resistance  that  degrades  FET  performance.  Figure  1 
shows  the  Ids  vs.  Vds  characteristics  of  the  MESFET.  The  transconductance  of  the  MESFET  is  110 
mS/mm  (1).  This  value  is  the  highest  in  diamond  FETs  and  exceeds  that  of  Si-nMOSFET  in  the  same 
gate  length.  The  1  pm  gate  Cu/CaF2/Diamond  MISFET  is  also  fabricated  by  the  same  FET 
fabrication  process.  The  maximum  transconductance  of  the  MISFET  is  86  mS/mm  and  the  effective 
carrier  mobility  of  the  MISFET  exceeds  250  cm2/Vs.  We  have  carried  out  small  signal  analysis  by 
device  simulation  on  the  MISFETs  of  the  average 
performance  (40  mS/mm).  The  cutoff  frequency  (fT )  and 
the  maximum  frequency  of  oscillation  (fmax)  are  8  GHz 
and  60  GHz,  respectively  under  100  V  drain  bias 
condition. 

At  the  present,  the  MESFETs  with  the  gate  length  of 
less  than  0.5  pm  have  been  fabricated.  And,  the  new 
FET  fabrication  processes  minimizing  the  parasitic 
resistance  effect  from  source-gate  or  gate-drain  distance 
are  also  developed.  Using  these  advanced  techniques  the 
drastic  improvement  on  DC  and  high-frequency 
characteristics  of  the  diamond  FET  is  expected. 

(1)  H.Umezawa  et  al.;  Jpn.  Appl.  Phys.  Vol.38  (1999)  pp.  L1222 
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Vds  [V] 

Fig.l  I-V  Characteristics  of  homoepitaxial 
diamond  MESFET  with  1  pm  gate 
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In  this  talk,  we  review  progress  on  understanding  the  role  of  threading  dislocations  (TDs)  in 
the  physical  properties  of  GaN  and  its  alloys.  A  growing  body  of  work  provides  compelling 
evidence  that  TDs  in  the  group  Ill-nitrides  behave  as  non-radiative  recombination  centers,  have 
energy  levels  in  the  otherwise  forbidden  energy  gap,  act  as  charged  scattering  centers  in  doped 
materials,  and  provide  a  leakage  current  pathway.  In  comparison  with  conventional  III-V 
semiconductors,  the  relatively  small  minority  carrier  diffusion  length,  ~50  nm  in  the  Ill-nitrides, 
combined  with  favorable  TD  geometries,  minimize  dislocation-related  degradation.  The  small 
value  of  the  minority  carrier  diffusion  length  also  allows  for  appreciable  optical  emission  in 
materials  with  TD  densities  as  high  as  1010  cm’2. 
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High  electron  mobility,  high  current  carrying  capabilities,  a  relatively  high  thermal 
conductivity,  high  temperature  operation,  and  a  high  breakdown  field  are  the  established  key 
materials  properties  of  GaN-based  materials  that  make  them  competitive  for  high  power 
applications.  GaN-based  devices  have  demonstrated  high-temperature  operation  with  little  or  no 
degradation  up  to  300  °C.  The  most  spectacular  results  have  been  obtained  for  AlGaN/GaN 
microwave  power  High  Electron  Mobility  Transistors  (HEMTs)  that  yielded  close  to  10  W/mm 
power  at  10  GHz.  The  maximum  density  of  the  two-dimensional  electron  gas  at  the  GaN/AlGaN 
heterointerface  or  in  GaN/AlGaN  quantum  well  structures  can  exceed  2xl013  cm'2,  which  is  an 
order  of  magnitude  higher  than  for  traditional  GaAs/AlGaAs  heterostructures.  The  mobility-sheet 
carrier  concentration  product  for  GaN-based  two-dimensional  systems  might  also  exceed  that  for 
GaAs/AlGaAs  heterostructures  and  can  be  further  enhanced  by  doping  the  conducting  channels. 

GaN/GaN  HEMTs  on  insulating  SiC  substrates  combine  superior  transport  properties  of  GaN 
with  a  high  thermal  conductivity  of  SiC.  Such  an  approach  combines  the  best  features  of  both 
GaN  and  SiC  technologies;  and  GaN/SiC-based  semiconductors  and  heterostructures  should  find 
numerous  applications  in  power  electronics. 

The  large  lattice  mismatch  between  GaN,  AIN  and  InN  and  the  strong  piezoelectric  effects  in 
these  materials  significantly  impact  the  electrical  and  optical  properties  of  III-N  heterojunction 
devices.  Strain  produces  piezoelectric  doping  with  about  lxlO13  cm’2  sheet  carriers  On  the  other 
hand,  strain  might  be  responsible  for  the  long-term  instabilities  that  several  groups  observed  in 
their  AlGaN/GaN  HEMTs.  Recently  proposed  Strain  Energy  Band  Engineering  technique  should 
allow  us  to  independently  control  of  strain  and  lattice  mismatch  by  using  AlInGaN/GaN 
heterostructures  and  should  find  important  applications  in  power  devices. 

The  prospects  of  GaN-based  power  device  technology  are  enhanced  by  a  recent  demonstration 
of  high  quality  of  GaN/Si02  interface.  Si02/AlGaInN/GaN  Metal  Oxide  Semiconductor  Field 

°rS  haVe  exhibited  Performance  comparable  or  superior  to  that  of  conventional 
AlGaN/GaN  devices  and  hold  promise  for  power  applications. 
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Breakthroughs  in  SiC  boule  and  epitaxial  growth  technology  in  the  1980’s  have  been 
accelerating  the  development  of  various  prototype  SiC  devices  projected  for  high-power,  high- 
frequency,  and  high-temperature  electronics.  To  meet  the  requirements  for  wide  commercialization 
of  SiC  electronic  devices,  however,  there  still  remain  crucial  issues  in  both  growth  and  device 
processing.  This  paper  describes  recent  progress  in  SiC  epitaxial  growth,  ion  implantation,  and 
MOS  technologies  made  at  the  authors’  group. 

We  have  succeeded  in  epitaxial  growth  of  thick  and  high-purity  SiC  by  cold-wall  chemical 
vapor  deposition  (CVD)  at  1500°C.  The  improvements  of  susceptor  design  and  growth  process 
enabled  to  grow  30-50  pm-thick  SiC  epilayers  with  a  low  surface  defect  density  of  50-100  cm'2. 
Strong  free  exciton  peaks  in  photoluminescence  and  a  low  net  doping  concentration  of  1-3x1 01 4 
cm'3  elucidate  high  purity  of  the  SiC  epilayers.  Epitaxially  grown  pin  diodes  with  a  31  pm-thick  i- 
layer  exhibited  a  4200  V  breakdown  voltage  with  a  low  on-resistance  of  4.6  mQcm2.  High-quality 
SiC  epilayers  with  excellent  surface  morphology  can  also  be  produced  on  “micropipe-free” 
SiC(ll  2  0)  substrates.  Recently,  vertical  hot-wall  (chimney-type)  CVD  [1]  has  been  investigated  to 
increase  the  growth  rate.  A  high  growth  rate  over  15  pm/h  has  been  achieved  at  1700°C.  The 
thickness  and  doping  uniformities  on  a  half  two  inch  wafer  were  4%  and  6%  (at  a  1x10  cm 
doping  level),  respectively. 

Phosphorous  ion  implantation  at  elevated  temperature  is  effective  to  form  heavily  doped  n+ 
region  with  a  sheet  resistance  as  low  as  100  Q/D.  High-dose  aluminum  ion  implantation  for  p+ 
doping  has  still  resulted  in  a  relatively  high  sheet  resistance  of  6300  Cl/ □,  being  a  future  challenge. 
High-energy  (MeV)  aluminum  and  boron  ion  implantations  have  also  been  investigated  to  form  3 
pm-deep  pn  junction.  Very  high-temperature  annealing  at  1800°C  significantly  improves  the  pn 
junction  characteristics  and  reduces  the  deep  trap  concentration  near  the  junction  [2].  High  blocking 
voltages  of  2500-3100  V  with  stable  and  reversible  avalanche  up  to  2  A/cm2  have  been  obtained  for 
pn  diodes  with  15  pm-thick  n'  layers. 

Very  high  channel  mobilities  of  96  and  116  cm2/Vs  have  been  achieved  for  inversion-type  4H- 
and  6H-SiC  MOSFETs  fabricated  on  (1120),  respectively  [3].  The  channel  mobility  of  4H- 
SiC(1120)  MOSFET  decreased  according  to  the  T'22  dependence  above  200  K,  whereas  the 
mobility  on  (0001)  increased  at  elevated  temperature,  demonstrating  superior  MOS  interface  quality 
on  (11  20)  face.  The  threshold  voltage  of  4H-SiC(0001)  MOSFET  is  very  high,  7.8  V  at  room 
temperature,  and  it  greatly  decreases  down  to  2.7  V  at  500  K,  which  is  accompanied  with  the 
increased  channel  mobility.  In  contrast,  the  threshold  voltage  of  4H-SiC(ll  2  0)  MOSFET  is  lower, 
4.0  V,  and  is  insensitive  to  temperature.  Recent  study  demonstrates  much  lower  interface  state 
density  near  the  conduction  band  edge  on  (11  2  0). 

[1]  A.  Ellison  et  al presented  at  ICSCRM’99,  TuBlO. 

[2]  A.  Schoner  et  al.,  to  be  presented  at  this  conference . 

[3]  H.Yano  et  al.,  IEEE  Electron  Device  Lett.  20(1999),  p.611. 


-217- 


Th3-2 

(Invited) 

Doping  of  Silicon  Carbide  by  Ion  Implantation 

by 

B.G.  Svensson-.2,  A.  Hallen-,  M.K.  Linnarsson1,  A.Yu.  Kuznetsovl, 

M.S.  Jansonl,  D.  Abergl,  P.O.  Persson3,  L.  Hultman3,  L.  Storasta3, 

F.C.H.  Carlsson3,  J.P.  Bergman3,  C.  Jagadish4  and  E.  Morvan3 

1  Royal  Institute  of  Technology,  Solid  State  Electronics,  Electrum  229,  SE-164  40  Kista- 
Stockholm,  Sweden 

2Oslo  University,  Physical  Electronics,  Department  of  Physics,  P.B.  1048  Blindem, 
N-0316  Oslo,  Norway 

^Lmkoping  University,  Department  of  Physics  and  Measurement  Technology, 

SE-581  83  Linkoping,  Sweden 

4The  Australian  National  University,  Electronic  Materials  Engineering,  Canberra,  ACT 
0200,  Australia 

^Centro  Nacional  de  Microelectronica,  CNM-CSIC,  Campus  UAB,  08193  Bellaterra, 
Spain 


Abstract 

One  key  issue  when  realizing  SiC  devices  is  doping  to  tailor  the  electrical  properties. 
Controlled  doping  of  bulk  crystals  and  epitaxial  layers  can  be  performed  in-situ  during 
growth,  and  for  instance,  using  chemical  vapour  deposition  (CVD)  dopant 
concentrations  over  a  wide  range  are  accessible.  However,  for  a  genuine  implementation 
of  SiC  devices  a  planar  technology  with  selective  area  doping  is  required;  in  principle, 
ion  implantation  is  ideally  suited  for  this  because  of  the  possibility  to  accurately  control 
the  dopant  concentration  in  three  dimensions  without  chemical  or  thermodynamic 
constraints.  A  major  drawback  is,  however,  the  generation  of  damage  destroying  the 
crystalline  structure  of  the  implanted  layer.  The  damage  can  vary  from  point  defects 
caused  by  single  collision  cascades  at  low  ion  doses  to  amorphization  at  high  enough 
doses,  and  post-implant  annealing  is  required  to  restore  the  crystal  structure  and 
electrically  activate  the  implanted  dopants  as  shallow  acceptors  or  donors. 

For  SiC,  our  knowledge  and  understanding  of  the  damage  build-up  during  implantation 
is  severely  limited  and  the  same  holds  for  the  subsequent  post-implant  annealing 
processes.  In  this  contribution  a  survey  is  given  of  the  current  status,  and  issues  like  ion 
ranges  and  channeling,  implantation  temperature,  defect  evolution  as  a  function  of  dose, 
co-implantation  and  electrical  activation  of  dopants,  surface  morphology,  post-implant 
annealing  and  transient  enhanced  dopant  diffusion  are  addresses.  In  addition,  recent 
results  on  dopant  compensation,  dose  rate  (flux)  effects,  evolution  of  structural  defects 
during  annealing,  cluster  formation  in  heavily  doped  layers,  and  epitaxial  regrowth  of 
amorphous  layers  will  be  discussed. 
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SiC  Power  RF  /  Microwave  transistors  are  now  trying  to  emerge  as  commercial  products  for  the 
near  future  with  some  samples  already  delivered  to  strictly  selected  potential  customers.  However, 
few  teams  in  the  world  are  really  active  in  this  area  and  even  fewer  are  publishing  results.  So,  a  very 
restricted  number  of  people  has  to  face  all  the  initial  problems  always  associated  with  the  use  of  any 
new  material.  As  some  of  the  pioneers  are  already  competing  against  each  other,  the  progress  is 
slower  than  financial  markets  observers  would  like  it  to  be. 

However,  in  our  present  view,  the  first  microwave  results  on  SiC-based  prototype  devices  and 
amplifiers  are  now  available  and  they  justify  the  initial  hopes  and  promises  formulated  long  time  ago 
on  the  use  of  this  material.  The  main  obvious  advantages  over  existing  technologies,  forecasted  long 
time  ago,  are  now  observed  experimentally:  Higher  bias  voltage  (up  to  more  than  50  V  for  over  2 
GHz  operation),  higher  output  impedance:  around  25  ohms  for  50  W  and  50  V  bias  at  1.5  GHz,  and 
easier  large  bandwidth  operation  (over  one  octave  seems  quite  easy  around  1-2  GHz).  Linearity 
behaviour  also  seems  quite  good  on  the  preliminary  tests,  which  is  of  prime  importance  for  the  future 
markets  of  telecommunications. 

Mesfet  is  still  the  favoured  structure.  During  the  past  two  years,  a  few  more  teams  have  started  to 
work  on  this  kind  of  devices.  No  intention  to  commercialise  SITs  have  been  recorded  yet  from  any 
side.  The  progress  on  the  SiC  MOS,  though  significant,  is  still  slow  and  the  published  values  for 
channel  mobilities  still  appear  too  low  for  making  good  microwave  devices. 

The  state  of  the  art  of  crystal  extended  defects  in  semi-insulating  (S.I)  substrates  allows  to  make 
devices  with  periphery  as  large  as  36  mm  without  significant  decrease  of  process  yield,  as  compared 
to  smaller  devices.  The  reason  is  that  the  sensitive  area  for  the  device  is  only  <  5  micrometers  wide 
so  that,  even  for  a  transistor  considered  as  big  nowadays,  the  sensitive  total  area  is  around  0. 1  mm  . 
All  the  S.I  SiC  wafers  we  have  seen  yet  contain  defective  zones  representing  at  least  20  %  of  the 
total  surface,  but  it  is  generally  possible  to  make  working  transistors  with  good  „DC“  process  yield 
inside  the  other  zones  of  the  wafer.  Only  the  results  of  the  reliability  studies,  started  recently,  will  tell 
whether  devices  made  on  very  imperfect  substrates  can  be  considered  as  really  usable  by  demanding 
customers. 

On  the  performance  side,  the  main  real  problem  associated  with  the  commercial  S.I  substrates 
available  today  on  the  market  seems  to  be  the  deep  centres  density,  still  in  the  1E16  -  1E17  cm° 
range.  We  have  more  and  more  clues  to  make  us  believe  that  those  deep  centres  are  responsible  for 
the  strong  trapping  effects  still  observed  presently  in  most  SiC  Mesfet  transistors  at  high  drain 
voltage.  Together  with  other  partners,  we  are  actively  exploring  two  ways  to  come  over  those 
parasitic  effects:  one  is  the  use  of  optimised  buffer  layers,  and  the  second  is  the  use  of  better 
substrates.  The  first  track  has  already  given  improvement  in  the  device  DC  stability  and  RF 
performance  of  the  SiC  Mesfets  devices 
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